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PHASE TRANSFORMATIONS IN IRON-PLATINUM ALLOYS NEAR 
THE COMPOSITION Fe.Pt 


A. E. BERKOWITZ}, F. J. DONAHOE,}t A. D. FRANKLIN,?* and 


The kinetics of the ordering process in Fe-Pt alloys near the 
tures ranging from 450° to 750°C. Resistance measurement 
the ordering process. At OPC. the resistivity changes wert 
temperature, 273°/6,, where 6, is the ferromagnetic Curic 
produced during anneals below 650°C can be fitted by 
is temperature-dependent with an activation energy of 
resistivity was almost independent of the degree of order 
was found to be strongly influenced by the degre 

Quenched alloys containing less platinum than stoichiomet 
body -centered phase. The temperature at which the tran 
with the degree of order in the 4 phase. \ppre iable changes i 
yore transformation temperature occur before superstruct 
pattern. This suggests that the effects of short-range ord 


continuous with the effects of long-range order. 


LES TRANSFORMATIONS DE PHASE DANS LE 
AU VOISINAGE DE LA COMPOSITION 


La cinétique du phénoméne d’ordre dans les alliages Fe-Pt prés de |: 


a des températures allant de 450° & 750°C. Des mesures de résistan: 


utilisées pour suivre l’établissement de lordr« 

linéaires & la température magnétique réduite, 27: 

Les changements de la résistivité a O°C, produits par des rey 
décrits par une loi en exp (t/A)!/? ou 4 est la température 
2eV/atome. A la température de revenu, la résistivité « 
Cependant, la température de Curie est fortement influen: 

Des alliages trempés contenant moins de platine que la composition 
mélange des phases y(a faces centrées) et « (centrée). La température a la 
commence décroit rapidement avec le degré d’ordre dans |: hi y Des1 
temperature de Curie, de la phase y et de la te mperature 
que les raies de surstructure apparaissent dans les spectre 
que les effets de lordre a petite distance sur ces propriet 


d’ordre a grande distance. 


PHASENUMWANDLUNGEN IN EISEN-PLATIN rLERUNGEN NAHI 
ZUSAMMENSETZUNG 


Die Kinetik des Ordnungsvorganges in Fe-Pt-Legierungen nahe det sal ensetzu 
Temperaturbereich zwischen 450° und 750° it ht ! Ordnung 
wurden Widerstandsmessungen an polykristallinen Drahter macht. Die Widerst 
0°C sind gross und gehen linear mit der reduzierten magnetischen Temperatur 
Curie-Temperatur ist. Die ({nderungen des Widerst 
Temperaturen unterhalb 650°C, kénnen durch ein Ri 
werden, wobei / iiber eine Aktivierungsenergie von 
Gliihtemperatur ist der Widerstand fast unabhang 
dass die Curie-Temperatur sehr stark vom Ordnur 

Abgeschreckte Legierungen, die weniger Plat 
Fe,Pt entspricht, bestehen aus einer Mischung von kubisch 
trierter y-Phase. Die Temperatur, bei der die Un 
in der y-Phase ab. Noch ehe bei den Réntgenrefl 
merkliche Anderung sowohl in der Curie-Temperati 
—a« auf. Dies laisst annehmen, dass 


der Fernordnung vergleichbar und ein stetig 


* Received July 29, 1955; revised version Februar 
1956. This research was supported by the United Stat« 
Foree through the Office of Scientific Research of the 
Research and Development Command. 

+ The Franklin Institute Laboratories for Research and 


Development, Philadelphia, Pa 
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INTRODUCTION 
The phase diagram of the iron-platinum system was 
investigated by Kussmann and Rittberg.”’ These 
authors reported an ordered phase having the structure 
of AuCug, 


In addition, 


centered around the composition Fe,Pt. 
an irreversible transition similar to that 
Fe-Ni 


low-temperature 


the was shown to occur 


the 


found in system 
b.e.¢. 
This 


of the shear type, as in the martensite 


between x phase and 


the high-temperature y phase. transition is 
v_pparently 
reaction. The two-phase field was shown extending 
into the region occupied by the ordered y phase. 
In the present work, these phase transformations in 
the iron-platinum system were investigated as part of 
a program of study of the effects of order on the 
The kinetics of the 


the 


properties of ferromagnetic alloys. 


ordering process were followed by monitoring 
electrical resistivity as a function of annealing time. 
Measurements of the magnetic moment as a function 
of temperature were used to determine both the Curie 
temperature of the y-phase alloys and the temperature 
Metallo- 


determinations 


- x transformation began. 


X-ray 


at which the 


graphic and structure were 


made to confirm the interpretation of the results of 


the resistivity and magnetic measurements. 
EXPERIMENTAL 


Preparation of the Alloys 


The base materials used in the preparation of the 
alloys were puron (Westinghouse Corporation 0.9995 
0.9999 wt. parts Pt. Since the 


wt. parts Fe) and 


principal impurity in the puron was oxygen (0.0004 


parts by wt.), dry hydrogen was passed over the charge 
The final 


stages of the melting and freezing of the charge were 


during the preliminary stages of melting. 


carried out in a vacuum. 


ch ique S 


At temperatures high enough for the ordering 


process to proceed at measurable rates. these alloys 
Under 


changes in resistivity due to 


are above their ferromagnetic Curie points. 
these circumstances, 
lattice order are small compared with the resistivity 
contribution due to magnetic disorder.’ *) As a 
result, the usual method of annealing continuously at 
constant temperature while following the ordering 
process through resistivity changes cannot be used 


The 


was to 


conveniently. technique adopted for these 


experiments pulse-anneal individual wire 


specimens at elevated temperatures and quench to 
O°C for resistance measurements. Resistance measure- 
ments were, of course, also made at the annealing 


temperature. At the beginning of an anneal at any 
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given temperature a standard initial condition was 
established by quenching from 1000° to 0°C. Rechecks 
of the resistance in this “‘standard”’ condition indicated 
reproducible quenches. These temperatures are 
below the critical temperatures reported by Kussmann 
and Rittberg.“’ Anneals were continued for times up 
to twenty days at each temperature. Quenching was 
accomplished by removing the helium-filled specimen 
assembly from the furnace well and plunging it 
rapidly into a stirred ice bath. 

Magnetization measurements were made in a 60- 
cycle, cathode-ray, B-H curve tracer similar to that 
described by Scherb.“’* During the measurements, 
the temperature of the test specimen could be main- 
better at 
SOO°K. 


tained constant to within one degree or 


ranging from 77° to about 


the 


temperatures 


A knowledge of relative magnetization was 
sufficient for determinations of the Curie temperature 
and the temperature of the y—> « transformation. 
During temperature cycling the applied magnetic 
field was adjusted to a constant peak strength of 
about 300 oersteds. A bucking voltage from an 
auxiliary pickup coil compensated for the air flux 
the primary pickup coil the 

The integrated, 


amplified, and displayed on a cathode-ray oscilloscope 


through containing 


specimen. resultant signal was 
screen to give the hysteresis hoop of the specimen. 
A Ballantine peak-reading meter was used to measure 
the maximum value of the integrated signal, which is 
of the test 


proportional to the magnetic moment J,,,,, 


specimen. 

Arrangements were also made to display the 
unintegrated signal on the oscilloscope screen. The 
appearance of this signal proved very useful in 
determining whether the alloy contained one or more 
magnetic phases. This technique was described by 
Hobson et al.) The unintegrated signal, proportional 
to dI/dt, has a sharp maximum when the applied field 
If two 
phases with different coercive forces be present in the 


is approximately equal to the coercive force. 


test specimen, a double spike appears on the scope 
trace of dI/dt. The shift in relative amplitude and 
position of these peaks may be followed as a function 
of temperature. The reversible disappearance of a 
peak may also be used to locate the ferromagnetic 
Curie point of one phase in the presence of another 
magnetic phase. This method was compared with the 
usual procedure of extrapolating the linear portion of a 
graph of the quantity (//7')? vs. T' to the temperature 


* The cathode-ray B-H curve tracer has a surprisingly 
long history. The earliest reference to its use is in a paper by 
Angstr6m (K. Angstrém, Physikalische Zeitschrift 1, 121, 


(1900), who was fully aware of its possibilities as a convenient 
and rapid device for testing magnetic materials. 
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axis. From observations on single-phase materials, it 
appears that the Curie temperature determined from 
the disappearance of the peak in the unintegrated 
signal is generally a few degrees higher than the 
Curie temperature obtained from a plot of (J/7')? vs. 7’. 
The latter method is, however, subject to considerable 
uncertainty when the moment of a second magnetic 


With only a 


portion of the phase of interest present, observation of 


phase must be corrected for. small 
the disappearance of the corresponding peak in the 
unintegrated signal may be the only means of deter- 
mining an approximate Curie temperature. 


THE ORDER-DISORDER TRANSFORMATION 


Resistivity Studies 


For the convenience of the reader, a portion of the 
Rittberg™ is 


This diagram shows that 


phase diagram of Kussmann and 


reproduced here (Fig. 1). 
the disordered y phase may be retained at room 
temperature in alloys on the platinum-rich side of 
Fe,Pt. Of the alloys prepared for this investigation, 
two compositions, containing respectively 27.1 


30.0 at. 


and 
per cent Pt, were pure disordered y phase 
after quenching from 1000° to O°C. The 
27.1 at. per cent Pt alloy was 

10-® ohm-em, and that of the 
10-6 


initial 
resistivity of the 
approximately 77 
30.0 at. per cent Pt 
ohm-cm, measured at 0°C. This decrease in resistivity 


alloy was about 59 
with increase in Pt concentration is simply related to 
the increase in Curie temperature with Pt concentra- 


120 


| 


AND 
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IJN: PHASE TRANSFORMATIONS 


STE 


Phase diagram of t] 


Fic. | 


after Kussmann and Rit 


tion in this region of the Fe-Pt system. At tempera 


tures well above the Curie temperature the normal 
increase in resistivity with alloy content is observed 
The temperature coefficients of resistivity of these 
alloys are large below the Curie temperature 35 
10-4 it (3 10-4/°C 

Figs. 2 and 3 show the behavior of the at-tempera 
of the 27.1 per cent Pt 


C) and small above 


ture resistivity and 30.0 at 


ANNEAL 


Resistivity of 27.1 


at. per cent Pt alloy 
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3. Resistivity of 30.0 at. per cent 


alloys as a function of annealing time. 550°” 


At 450°, 
and 650°C, small but definite decreases in resistivity 
with time indicate the formation of long-range lattice 
order. The decrease observed at 700°C is very small, 


and at 750°C no change is observed. From this it may 


be inferred that the critical temperature for long- 


range order formation is below 750°C for these 


compositions. 


Thus, it appears likely that the critical 


temperatures reported by Kussmann and Rittberg 


Fig. 1) 


short-range order appears, rather than the tempera- 


mark the limits below which appreciable 


ture at which long-range order vanishes. 


The relative resistance at O°C, which is below the 


Curie temperature of these alloys, is plotted as a 


function of annealing time in Figs. 4 and 5. The 


F ANNEALING TIME (min 
lative to quenched state) 


ired at annealing 


Pt alloy vs. 


(min) 


time of anneal at various temperatures. 


experimental values have been normalized to unity at 
the initial resistance value obtained after quenching 
from LOOO-C to 

Despite the fact that the at-temperature resistivity 
changes very little during anneals at 700° and 750°C, 
definite changes in the 0°C resistivity are produced by 
these anneals, and are almost completed after a few 
minutes. This that at 


lends credance to the view 


these temperatures the order which forms is predomi- 


nately short range. The position of the Curie point is 
determined by short range interactions between the 
magnetic ions, and would consequently be expected 
to be 


sensitive to local order. The changes in 0°C 
resistivity are indirectly caused by the short-range 


order through its effect on the Curie temperature.) 


LOG,, OF ANNEALING TIME (min) 

Fic. 5. 

at. per cent Pt 
temperature. 


quenched 30.0 


O°C vs. 


Resistivity (relative to 


alloy 


state) o 


measured at time at annealing 
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3 
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6. Comparison of various rate equations with the 


per cent Pt alloy vs. time at 550° 


During anneals at 450°, 550°, and 650°C, large exp (e/k7'), a value of ¢ of the order of two e\ 
changes in O°C resistance occur which fall more or obtained for the activation energy 
less within the time-scale of these experiments, i.e. process in these alloys. This value is quite re 
between twenty minutes and twenty days. The It should be emphasized, however, that the 
experimental curves of resistance vs. time of anneal ableness of the activation energy is no argument 
have a simple shape when plotted against time on a_ function of the form exp (t/A)"*. The mag 
log scale. The appearance of the curves is suggestive the parameter A is merely the epitome of thi 
of that of the exponential function. However, equivalent resistivity changes. Comparison o 
appreciable changes in resistivity are spread out over the usual method for obtaining activation en 
almost three decades of time, whereas exp (¢/A) from resistivity-time-of-anneal data 
changes sensibly during little more than one decade of Whatever analytic function be used to repres 
time. A simple modification of the relaxation function relaxation process throughout the entire 
to exp (t/i)"? gives a good fit to the experimental data certain that the trend of the data for small 
for both alloys. The curves drawn on Figs. 4 and 5 times demands that the equation reduce to 
for the three aforementioned temperatures are com- Kt"? (t-> 0). The interpretation of this rate | 
puted from equations of the form R= (R, R,) terms of a model for the ordering process re 
exp (f Aju2 R,.. No attempt was made to adjust obscure. It is not difficult to find a model for 
the parameters to their ‘“‘best’’ value, since an equation phase process which will have a rate law depe1 
of this type cannot be recast in a form linear in the initially on the square root of the time. But 


unknown constants. A value was assumed for R., magnetic evidence, which will be discussed in 


and A was calculated to give approximate agreement following section, seems to exclude a two 


with the observed values. mechanism for the ordering process in thes¢ 
This empirical function appears to fit the data 
better than the various high-order chemical rate 2. Curie Temperatures 
functions. For comparison, the shapes of the second- The Curie temperatures of y-phase Fe-Pt 
and third-order rate functions are given in Fig. 6. were determined by plotting (//7')* vs, 7, as des 
These curves were computed using the same “‘half-life’’ previously. The effect of anneals at 550°C is ¢ 
and total resistivity change found for the 27.1 at. Table 1. The correlation between the ch 
per cent Pt alloy annealed at 550°C. resistivity at O°C and the position of t 
On the assumption that the relaxation time defined temperature is surprisingly good. As 1 


by the empirical function is of the form A= A, temperature increases, 0°C corresponds pri 
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TABLE 1. Curie temperatures of Fe-Pt alloys 
Curie temperature “K 
Compo- 


sition 
at. 


Time at 550°C, minutes 
Quenched 
from 


20 


Furnace 


voled 


60 300 720 


to a lower reduced temperature (273°/0,), where 4, is 
the Curie temperature. When the resistivity at 0°C is 
plotted against this reduced temperature, as in Fig. 7, 
the data points for the 27.1 and 30.0 at. per cent Pt 
alloys fall on the same straight line. This indicates the 
overwhelming effect of the degree of magnetic order on 
the resistivity. Composition and degree of lattice 
order are important only as they affect the temperature 
of the Curie point. 

The maximum Curie temperatures observed for 
annealed alloys are in good agreement with those 
reported by Kussmann and Rittberg.“’ The lowest 
values observed here, for quenched specimens, fall 
some 25°C below the curve given by these authors for 
the disordered y-phase alloys. This may indicate that 
the quenches employed here were more drastic than 
those of Kussmann and Rittberg. A further depression 
of the Curie point after cold-work was observed in the 
30.0 at. per cent Pt alloy. The minimum Curie point 
found for a cold-worked specimen of this alloy was 
382°K. 

If the disordered to ordered 


transformation of 


em) AT 


(un- 


RESISTIVITY 


x 271 ATOM % Pt 


° 30.0 ATOM % Pt 


08 
REDUCED TEMPERATURE 273/68, 


Fic. 7. Electrical resistivity as a function of reduced mag- 
netic temperature. The data for 27.1 at. Pt alloy 
(crosses) and for 30.0 at. per cent Pt alloy (circles) are repre- 


sented by the same straight line. 


per cent 
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Fe,Pt involved the nucleation and growth of ordered 
regions into disordered matrix, there should be some 
evidence of two Curie temperatures in the magneti- 
zation curves of the partially ordered specimens. 
No indication of the existence of two distinct Curie 
temperatures was found at any stage of the ordering 
process for specimens of these compositions. A single 
Curie temperature was observed, which increased 
continuously from the low value found for the dis- 
ordered phase to the high value found in ordered 
alloy. The appearance of the unintegrated signal 
likewise showed no evidence of the broadening and 
splitting characteristic of the presence of two magnetic 
phases. 

Thus, the available magnetic evidence is consistent 
only with the presence of a homogeneous single phase 
during order formation at 550°C. No claims are made 
of the the 


neighborhood ordering 


ordering in 
of the 


temperature, since this was not studied. 


as to the nature process 


immediate critical 


THE a-y PHASE TRANSFORMATION 


Res istivity Studies 


X-ray and metallographic examination showed that 
the specimens containing 14.4 and 24.2 at. per cent Pt 
were % phase when quenched from 1000°C. The latter 
composition contained also a trace of y phase. Fig. 2, 
the phase diagram of Kussmann and Rittberg,® 
shows that the 14.4 at. per cent Pt alloy should be 
x phase, but that the 24.2 at. per cent Pt alloy should 


40 as 


Fic. 8. Resistivity of 14.4 at. per cent Pt alloy 


vs. time of anneal at various temperatures. 
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AND 
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LOGip 


. 9. Resistivity of 24.2 at. per cent 


The fact that it has trans- 


formed may be taken as additional evidence that our 


not have transformed. 
quenches were more drastic than those of Kussmann 
and Rittberg. 


Changes in the resistivity of these alloys observed at 


quenched state) 


O-C vs. 


Fic. 10. Resistivity (relative to the 
of 14.4 at. per cent Pt alloy measured at 
annealing temperature. 


time at 


OF ANNEALING 


Pt alloy 


TIME 


the annealing temperature are shown in Figs 
When the reverse transformation of « to y phase 
taking place at the annealing temperature, as wa 


case of the 14.4 at 


in Fig 5 


per cent Pt alloy at 550° 


relatively large change 


occurred. Otherwise the 

small, as was previously n¢ 

at. per cent Pt alloys 

were larger. as shown In 
The 14.4 at 

150°C 


at O-C 


pel cent P viloy 


There is an initial resistivity 


shown in Fig LO ra jTe\ ninutes of heat 


treatment at this temperatur stivitv remained 
This 
til 


probably ASSOC iated with 


essentially constant decrease was 


relief in the « phase, 


stress 


which was formed i stressed condition 
during the quench from L000" 
The effect of 


interesting According to the published phase diagran 


unnealing on this alloy, at 5d50°¢ 


100°C: below the « 


None 


10 show a 


about 


this temperature is 


less, as 


transformation temperature the 


curves of Figs. 8 and transformatio1 
taking place. In this alloy region the transform 


held to be When 


that occur 


generally irreversible 


discovered decomposition Was 
thermally at 550°C, X-ray lattice paramet 
two phases were measured. After six days 
the 


phase with a lattice parameter of 3. 


specimen contained roughly 45 


7 
m5 — 4 | } 
| 
+ — + - 4 
| 
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450°C | 
| 
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_ 
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‘ted for the 27.1 30.0 
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TO AS-QUENCHED CONDITION 


iE — 660°C 
700°C 
— 750°C 


RESISTIVITY (O°C) RELATIVE 


2 
LOGig 


Resistivity (relative 


OF ANNEALING TIME 


(min) 


to quenched state) of 24.2 at. per cent 


measured at 0°C vs. time at annealing temperature. 


lattice 
2.915 A. 


z-phase lattice parameter of 2.927 A. 


parameter of the remaining « phase was 

This is to be compared with the initial 
This decrease in 
lattice parameter could be explained by a decrease in 
Pt concentration in the « phase of about 3 at. per cent. 
There are no comparable data for the y-phase lattice 
parameter, and extrapolation from higher Pt con- 
centration shows merely that the value 3.697 A is 
small even for an alloy containing 14.4 at. per cent Pt, 
so that the X-ray evidence for segregation during the 
decomposition is rather inconclusive. 

The 
decomposition 
AR 


for this process than was the case for the ordering 


this 
was found to obey the equation, 


initial change in resistance during 


It is easier to interpret the rate law 
process. Zener'® has suggested that the geometrical 
shape of the growing precipitate, in this instance the 

phase, will determine the initial rate of trans- 
formation. If the phase is nucleated in thin 
the 


plane of the plate, the thickness increases as t!* and 


platelets which subsequently grow normal to 


so also the volume of the precipitate. 


On purely thermodynamic grounds, the phase 


diagram of Kussmann and Rittberg (Fig. 1) cannot 


represent an equilibrium situation in this region 
between the « phase and the ordered y phase. One 
would expect a eutectoid at which, under equili- 
brium conditions, the disordered V4 phase decomposes 
into « phase and ordered y phase. The isothermal 
decomposition of the 14.4 at. per cent Pt alloy at 550°C 


mav be the first indication of this eutectoid, which 


would then be placed somewhat above 550°C (but below 
650°C) in the neighborhood of 15 at. per cent Pt. 
The resistivity of the 14.4 at. per cent Pt alloy, 
measured at both O°C and at the temperature of 
, 700°, and 750°C, 


remained practically constant. The alloy transformed 


anneal during heat treatment at 650 


on quenching from these temperatures to 0°C into 


x phase in the same stressed condition as was produced 
by the initial quench from 1000°C. 


The curves of resistance measured at O0°C (Fig.11) 
for the 24.2 at. per cent Pt alloy, show, for all tem- 
peratures investigated, an initial rapid increase in 
This is the of the 


increasing amounts of y phase during the quench to 


resistance. result retention of 


Fic. 12. Type of long-range order expected in an x phase 
which formed from ordered y-phase Fe,Pt. 


2.0} - - — 
450° | 
o—o — 550° 
Fic. 1), alloy 
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0°C. The increasing stability of the y phase produced 
the 
temperature may be partially a steric effect of local 


by annealing above “%—>y transformation 
order. For if the parent y phase possesses order, the 
a phase, produced by atom displacements of less than 
the lattice constant, must also be ordered. One can 
determine the type of order to be expected in the 
a phase by applying the Bain distortion to the ordered 
y-phase. The resulting tetragonal structure, shown 
in Fig. 12, has been referred to cubic axis to show its 
relation to body-centered cubic iron. In Fig. 12 iron 
atoms occupy the corners of the eight cubes shown. 
The shaded cube center positions are occupied by 


platinum atoms, and the unshaded ones by iron atoms. 


Since there is some 4.5°/ difference in the radii of 


these central atoms, the cubes containing platinum 
atoms will tend to be larger than those containing 
iron atoms. In the 2 and y directions, cubes con- 
taining iron atoms alternate with those containing 
platinum atoms, so that the strains average out, 
but in the z direction platinum-centered cubes are 
stacked on platinum-centered cubes and iron cubes on 
iron cubes. The strain energy which results from the 
distortions required to fit this lattice together could 
explain the lowering of the transformation tempera- 
ture with partial order. 

No attempt at numerical analysis of the resistivity 
curves of Fig. ll was made because of their complex 


shape. The initial increase in resistance is approxi- 


mately as Kt", with n ~ 2. The more gradual effect of 


order on the resistivity of the y phase causes the 
resistance to fall slowly after passing through a 
The appearance of the portions of the 


of the 


maximum. 
curves after the maxima is similar to that 
corresponding curves for 27.1 and 30.0 at. per cent Pt 
alloys (Figs. 4 and 5). Of the temperatures investi- 
650°C 
y phase at 24.2 at. per cent Pt. 


cated, was most effective in stabilizing the 


2. Metallographic Studies 

The resistivity studies discussed above indicate 
that, during heat treatment at 450°C, y phase was 
24.2 at. Pt alloy. 
the retained 


being stabilized in the 
This 


y phase was also observed microscopically on a series 


per cent 


eradual increase in amount of 


of polished and etched specimens of this composition. 


Since these alloys were rather difficult to etch, it is 
of some interest to describe the etching technique. 
A satisfactory surface was obtained by etching from 
one-half to ten seconds with a current density between 
2 and 20 amp/cm?, using the following electrolyte: 
100 em? ethyl alcohol, 100 em? hydrochloric acid with 


AND 
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5gm of copper chloride. The bath temperature 


ranged from 22 to 65°C. 


Maqne tic Studies 


Alloy wires of the same compositions used for the 
resistivity studies were given selected heat treatments 
and then temperature-cycled between room tempera- 
ture, 77°K, and the Curie point of the phase 
Magnetic measurements were made in the cathode-ray 
3-H curve tracer as described previously 

No trace of « phase was detected in the 30.0 at 
The disordered 27.1 at 
cent Pt specimen was y phase after quenching from 
this 


per cent Pt specimen pel 


LOOO wa UU. The specimen was cooled helow 
and at 191°K 


x phase. This transformation was vecompanied by an 


temperature began to transform to 


increase in coercive force, so that the magneti« 
moment at constant field decreased with temperature 
In Fig. 13 the relative magnetization is plotted as a 


The 


> x transtormation 


function of temperature. temperature of thi 


start of the Y which occurred at 
19] 


by twenty minutes 


K in the disordered material, is reduced to 117°K 
After 
at 550°C, the transformation temperature 


to 1OS°K. 


anneal at hour 


reduced 


sufficient to 


500°C 


one 


and five hours anneal is 


stabilize the Y phase down to at least 77° K In the 
ficure the values of relative magnetization h 
to different m 


the 


normalized iximum values 


contusion among curves representin 


heat treatments 

The alloy containing 2 per cent Pt was 
quenching from 1000 composed la 
The small 


above its Curie temperature 


x. phase amount of y phase present 


The relative magne 


zation remained constant in the neighborh 


room temperature, but began to increase 


phase 


specimen was below oO’ as the 


nonmagnetic transtormed to mag! 
x phase. This increase leveled off at about 200°K 


the magnetization decreased hardly at all on w 


again to room temperature These data are show 


Fig. 14 


Was 


relative magnetizat 
tl Let 


indicate tl 


Assuming that the 
proportional 1 the volume 


7 phase present, these data 
quenching, the specimen contained a volum« 
of 0.8 « phase which increased to unity on « 
200°K. After 


550°C, the volume fraction of x ph se ] 


annealing for twenty 


which increased on 
I90°K. After 


550°C, a fraction less than 0.1 by volur 


was reduced to 0.7, 


0°C and became unity at 


at O°C; the transformation to x phase 
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RELATIVE MAGNETIZATION 
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170 


TEMPERATURE 


Fic. 13. Relative 


a he breaks In the cooling eurves mark 


at about 160°K. Five hours at 550°C was sufficient 


to retain y phase at 0°C. This y phase was still non- 


magnetic at O°C, although a small reversible contri- 


the magnetization observed at low 


that it 


bution to was 


temperatures, indicating became magnetic 


before transforming to « phase. The « phase first 
appeared on cooling to 248°K. A twelve-hour heat 
treatment at 550°C resulted in a further decrease to 
234°K in the temperature at which the y — « trans- 
formation began. The transformation to « phase was 
not completed at 78°K. 


The 


occurred in the magnetic properties of this alloy is 


complicated temperature hysteresis which 


illustrated in Fig. 15. This figure gives the results of 


the complete study of the 24.2 at. per cent Pt alloy 


— QUENCHED FROM 1000°C 
20 MINUTES 

2 HOURS 

}x——x 5 HOURS 

@—@- HOURS*® 


* CORRECTED FOR REVERSIBLE 
CONTRIBUTION OF Y—PHASE 


RELATIVE MAGNETIZATION 


magnetization of 27.1 at. 
the 


210 230 


(°K ) 
Pt alloy as a function of temperature. 
the 


per cent 


beginning of transformation. 


after twelve hours anneal at 550°C. The points of 
temperature reversal are marked on the figure. The 
of the 


points in the magnetization-temperature curve of 


appearance unintegrated signal at critical 


Fig. 15 is shown in line drawings taken from photo- 


graphs of the scope trace. Drawings | and 2 are of 


traces taken during cooling while the magnetization 


was still reversible. The peak of the unintegrated 


signal occurs close to the center line where the 


magnetic field is zero. This was characteristic of the 


low coercive force y phase. Drawing 3 shows the 


appearance of the trace as « phase began to form. 
The peak developed marked asymmetry as a second 
peak, not yet quite resolved, began to form on the 


high-field (right-hand) side. Finally, drawing 4 shows 
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Fic. 14. 
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TEMPERATURE 


Relative magnetization of 24.2 at. per cent Pt alloy as a function of temperature. 


225 
(°K) 


The height of the plateau at room temperature is a measure of the relative amount of « phase 


present after quenching to 0°C, 
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RELATIVE MAGNETIZATION 


6 
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Fic. 15. The temperature hysteresis in the magnetic properties of a partially ordere: 


24.2 at. per cent Pt alloy. Increasing amounts of the alloy are transformed to x p 


specimen is cycled between room temperature and progressively lower temperatures 


the two peaks clearly resolved, a small y peak at low data for both the 14.4 and the 24.2 at. per cent Pt 
fields with the major contribution from the « peak at alloys is given in Fig. 16. The shape of these curves is 
high fields. This trace was taken just below room _ similar to that of the corresponding resistivity curves 
temperature after the specimen had been cooled to shown in Figs. 10 and 1] 

166°K, and contained perhaps 63°, « phase (cf. Fig. An unexpected and puzzling effect of the pre 

14). For purposes of comparison, the appearance of — « phase on the Curie point of the y phase was ol 

the integrated signal (hysteresis loop) taken at the That is, the Curie point of the y phase increase 

same points is shown. No significant change in its « phase was present. This could be best obs 


appearance was observable. the 27.1 at. per cent Pt alloy, where ai 


Similar effects were observed in the 14.4 at. per y-phase Curie point of some 10°C was noted 


cent Pt alloy. Twenty minutes at 550°C resulted ina pure y phase was partially transformed to x p 
volume fraction of about 0.95 of « phase at O°C, cooling to liquid-nitrogen temperature 


which decreased to about 0.70 after twenty-three menon probably explains why 


tion? 


hours heat treatment. cold-worked alloy of this compositio 


These estimates of volume fraction of z-phase were considerably higher than that obtainec 


roughly confirmed by comparing in a densitometer (Cold working als 


the relative intensities of the (111). and the (110) to « phase 
lines in the X-ray diffraction pattern of the alloy. CONCLUSION 


A comparison between the volume fractions estimated ‘ 
In the early Stages the raering 

by magnetic means with those obtained from X-ray tale 

Fe.Pt, short-range order undou 

1.0 

role in shifting the Curie tempera 


temperature ot the 
compositions richer in Pt th 


temperature of the latter transformation d 


77°K. and about half the changes in 0°¢ 


; and in the Curie temperature occur befor 

MAGNETIC DATA ° 

sail i structure lines appear in the X-ray 


pattern. For anneals at 700° and 750° 


changes in resistivity and Curie temperatut 


LOG ANNEALING TIME (min) 


observed, whereas little change In tn 
Fic. 16. Comparisons between the volume fractions of 


x and y phase as estimated from magnetic and X-ray data. temperature resistivity, indicating little long 
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order formation, takes place. Quantitative measure- 
ments of the order parameter, using single crystals, 
must be made in order to make definite the relation 
between order and the magnetic properties. These 
are planned for a future study. 

The details of the ordering reaction are still not 
clear. On the one hand, the magnetic data reveal 


only a single Curie temperature in partially ordered 


specimens, which changes continually as annealing 


progresses. This is strong evidence of a homogeneous 


ordering reaction. On the other hand, during the 
initial stages of the anneals, at temperatures well 
below the critical 


temperature, the O°C resistivity 


changes obey a rate law of the form ¢’?. This form is 


often observed in nucleation-and-growth reactions, 
and suggests a classical phase change. It has not been 
possible to deduce this form of rate law from a 
homogeneous process, and the present investigation 
has not resolved this dilema. 
Certain 
The 
critical temperature for long-range order formation 


100°C lower than 


Kussmann and Rittberg (Fig. 1) are suggested. 


seems to be about these authors 


report. The Curie temperature line for disordered 
y phase should be about 25°C lower. The line marking 
for dis- 


the beginning of the -g% transformation 


modifications of the phase diagram of 


VOL. 5, 1957 
ordered y phase should be moved to higher tempera- 
tures and platinum concentrations, passing through 
25 at. per cent Pt at O°C. On thermodynamic grounds, 
y phase should, at 
equilibrium, The 
behavior of the 14.4 at. per cent Pt specimen during 
anneal at 550°C suggests that this eutectoid occurs in 


the « phase and the ordered 


be separated by a_ eutectoid. 


this general composition range and somewhat above 
550°C. 
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SURFACE MIGRATION ON TANTALUM CRYSTALS UNDER INFLUENCE OF 
ELECTRIC AND THERMAL GRADIENTS* 


DAVID B. LANGMUIR 


Grains in a thin tantalum ribbon with (112) surfac: 
structure when heated in vacuum with direct current for : 
forms if the electric gradient has a positive component ps 
about 0.0012 cm apart running transverse to the electric 
facing toward the positive, and (001) and (101) surfaces f 
sometimes develop. The second type of structure forms 
parallel to the [111] direction, and consists of the orig 
ledges which form broad shallow steps. The steep surface 
have indexes (110), and either (101) or (011). Opposite 
tures, one side of the first type and the other of the second. 
the hot end being equivalent to positive. 

An explanation of these phenomena is presented, based 


of atoms and ions on (121) or (211) surfaces is g 


reate 


grain is oriented 


If the initially exposed face of the 


those described are formed. 


DIFFUSION A LA SURFACE DE CRISTAUX DE TANTALE, SOUS 
GRADIENTS ELECTRIQUES ET THERMIQUES 
Des grains d’un mince ruban de tantale et dont la surface libre est (112), pi 
tincts de structure superficielle lorsqu’ils sont chauffés dans le vide, par cou 
quelques centaines d’heures & 2150°K. 
Le premier type apparait si le gradient électrique a une 
111}; il consiste en sillons, distant d’environ 0,0012 c1 
électrique. Ces sillons développent des plans (121) ou (211 
et (101) faisant face au pole négatif; des surfaces du ty} 
radient elec 


Le second type de structure s’observe si lk 
la direction [111]. Il s’identifie a la surface originelle (112 
paliers peu profonds. Les surfaces verticales de ces 
(110) et (101) ou (O11 

Les cétés opposes du méme grain presentent 
l'autre celle du second. Un gradient thermique produit 
valente au pole positif 

L’auteur presente de ces phi nomenes, une ex 
ment des atomes et ions sur les surfaces (121 

Si la face initialement exposée au gradient est 


différentes de celles décrites 


OBERFLACHENWANDERUNG AUF TANTAL-KRISTALLEN UNTI 
EINES ELEKTRISCHEN POTENTIALGRADIENTEN ODI 
TEMPERATURGEFALLES 
Wird ein diinnes Tantalband im Vakuum durch dire 
auf einer Temperatur von 2150°K gehalten, so entw1 
sind, zwei verschiedene Typen von Oberflachenst: 
111]-Richtung parallele Komponente des Potentialg 
Feldrichtung liegenden gratf6érmigen Erhebungen in 
Auf den der positiven Seite zugewandten Flanken di 
auf den zur negativen Seite weisenden (001 
auch Oberflachen vom Typ (103). Der zweite Typ vor 


der elektrische Potentialgradient parallel zur | 1 


besteht aus der ungestérten, urspriinglichen (112 
tragt. die breite, flache Stufen bilden. Die steiler 


hin und haben die Indices (110) und entweder (101 


eine Korns sind verschieden, die auf der einen S« 
Typ. Ein Temperaturgradient ruft dieselben | 
positiven Seite entspricht. 

Eine Erklarung dieser Erscheinugen wird auf ( 
geschwindigkeit der Atome oder lonen auf (121 
den anderen erwahnten Flachen. 

Wenn die Oberfliche eine Korns vor det Vel 


Strukturen auf, die sich von den hier beschriebene 


* Received March 25. 1955: revised version Decembe1 
28, 1955. This work has been supported in part by the 
USAEC. 
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Fic. 1. 
by d.e. heating. 


line (+)-(—), 


through the 


The phenomenon of migration of metal ions in the 


solid state under influence of an electric field has been 
reported.“ 2) If a pair of similar wires or strips of 
tantalum are heated in vacuum at identical tempera- 
tures in the range 2000-2200°K, one by alternating 
current and the other by direct current, a marked 
difference in appearance becomes apparent to the 
naked eye after 50-100 hours.?-® The a.c. heating 
leaves the surface smooth, whereas the d.c. heating 
produces an etched appearance. Under the microscope 
with 


most crystal grains are found to be covered 


less transverse to 


more or 
flow, and spaced about 0.0012 cm apart. 


ridges 


current 


Fig. 1 shows microphotographs of opposite sides of 


the same region of a tantalum strip 0.001 in. thick, 
which had been heated for approximately 270 hours 
at 2150°K. The opposite sides of individual grains 
can be identified by the mirror-image relationship 
between the grain-boundary patterns in the two 
photographs. By inverting either picture about the 
edge of the strip, which is indicated by the line 


between the plus and minus signs, the grain-boundary 


the direction of 


mm 


Microphotographs of opposite sides of a tantalum strip with surface structure developed 
Crystal grain boundaries show a mirror-image relation, with respect to a plane 
but the surface structures are different. 


patterns can be superimposed. It will be noted, 
however, that opposite surfaces of individual single 
crystal grains show radically different surface struc- 
tures. These photographs were taken with oblique 
illumination, so that a smooth surface would appear 
uniformly black. Comparable photographs of strips 
heated with alternating current show only the grain 
boundaries upon a black background. 

These effects are different from the thermal etching 
reported for silver by Chalmers, King, and Shuttle- 
worth,”* and from the surface structures formed on 
tungsten and tantalum described by Nichols" and 
by Smith.?# In the the 
formed on silver grains only in the presence of 
the Nichols Smith, 


alternating current was used for heating in order to 


former case striations 


oxygen. In work of and of 
avoid effects discussed in the present paper. 
3) it 


migrate by 


From previous observations”: has been 


concluded that the 
diffusion on the metal surface are at least partially 


atoms which self- 


ionized. Evaporation is negligible in the lower part 


of the temperature range in which the phenomenon 


14 
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is observed. and cannot be a significant factor. 
Since surface-diffusion coefficients undoubtedly are 
different on surfaces of different Miller indexes, and 
vary with azimuthal direction, it is not unreasonable 
to suppose that surface drift under the influence of a 
d.c. field might result in a hill and valley structure. 
Little data have been available, however, on details 
mechanism of its 


of the structure from which the 


formation might be deduced in more detail. 
EXPERIMENTAL METHOD 

The observations to be described were made upon 
rolled strips of Fansteel tantalum 0.001 in. thick. 
Recrystallization was accomplished by heating in 
vacuum, using 60-cycle a.c. current. Strips in which 
a number of grains 1 mm or more in diameter had 
formed were then heated by d.c. in vacuum for 
approximately 270 hours at 2150°K, in glass tubes 
which were baked, and in which a getter was flashed 
The pressure just before sealing 
After the heat 


treatment, the strips were removed from the tubes, 


before sealing off. 
off was about 10-° mm mercury. 
and crystal grains of suitable orientation were selected 
for detailed study. 

The 


consisted of measurements of crystal lattice orienta- 


observations made upon individual grains 
tion and of the surface structure developed by the 


d.c. heating. The former was determined by Laue 
back-reflection diagrams. 
the surface was observed both by microphotographs 
and by 
light reflected from the surface. 

For the optical reflection measurements a simple 
about 

The 


The ble ek was 


goniometer was used, consisting of a disc 


2in. in diameter mounted on a brass block. 
disc could be rotated about its axis. 
held in a yoke and could be rotated, with the disc, 
about a horizontal axis. The assembly was placed 
upon the stage of a low-power metallographic micro- 
so that the center of the disc remained in 


The sample 


SCC ype, 


view and in focus at all angles of tilt. 


strip was placed flat upon the disc, with the grain to 
be studied at the center. Illumination was provided 
through the eyepiece of the microscope, and with 
) there was sufficient depth 


low magnification (10-20 
of focus to distinguish the outlines of an individual 
grain The 
power depended upon the aperture of the illumination 


even at high angles of tilt. resolving 


system, and was about 2 degrees. 

The results of both X-ray and optical measurements 
can be conveniently presented on a stereographic 
projection of which the center corresponds to the 
normal to the tantalum strip, and the zero of azimuth 


SURFACE 


The geometrical shape of 


measurements of the angular distribution of 


MIGRATION 


corresponds to the longitudinal direction of the strip 
(Figs. 3, 6, 8). It is essential to distinguish between 
the two ends of the strip, and this can be done by 
showing the electric polarity The angle of tilt of the 
goniometel! is plotted as a radial distance on stereo 
graphic co-ordinates, and the stereographi azimuth 
is equal to 90° plus the angle between the horizontal 
axis of the goniometer and the direction of the edge 
of the strip. 

A crystal bounded by plane facets would give a 
stereographic intensity plot consisting of points 
the position of which would define the direction of 
the normals to the reflecting facets. An _ intensity 
could be assigned to each point proportional to the 


observed reflection intensity and hence to the 


area of all the facets having the orientation in question 
of the surfaces studied here 
All surfaces 


rounded, and there are no sharp edges. As 


In the case 
plane facets are present 
He rring 
has pointed out, this fact permits certain conclusions 
drawn concerning the variation of the surface 


Miller 


many cases the 


to be 


free energy with the indexes of the exposed 


While in 


grain appeared to flash out quite suddenly 


surface. entire area 


cular angular orientation, the maxima were never less 
than about 5 degrees in diameter, and were sometimes 
The 
represented by plotting contours of equal light inten 
the 


more diffuse surface structure is therefore 


The contour diagrams show positions 


sity. 
the maxima to approximately and 
general shapes of the maxima. Intensities 


estimated visually, and should not 
quantitative 
The angles at 


which intensity 


seemed to be quite s] wply defined 


plotted as dotted lines in Fig. 3 


RESULTS 
Most of the results described in this paper have been 
[112 


initial 


obtained with crystal which have a 


pole within a few degrees of the normal to the 
or “average” surface. The atomic configuration of 
the (112 Miller 
positions of other promuine nt planes, are 
Fig. 2 


Figure Za shows a 


surface, and the indexes and relative 


shown 


model ota hbody-centered cu 
112 


graphic projection of 


cry stal having the surtace exposed A ste 


the crystal in the id 
The surface 


the 


orientation is shown in Fig 2b 
] 


ot rows of atoms lined up along clos 


111] direction, so as to produce a furrowed 


the distance between the furrows being \ 


the lattice constant 


a 1s 


{ 
ab a p ] 
thie 
re irded as 
cil pped T 


ts 


PP: 


a) 


Model of body-centered cubic crystal with (112) face exposed. Stereographic 
projection of cubic crystal having the orientation of Fig 


Stereographic projections of opposite sides (a, b) of four tantalum 
als. The contours show intensity of light reflection as measured on a 
goniometer, and indicate approximate ly the area of the facets developed at 


various angles by the d.c. heating. Since the surface in no case is exactly 
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tantalum. There is a plane of symmetry perpendicular 
to the surface which intersects the surface along a 
line parallel to the [111] direction. The pyramid 
constructed on the model illustrates the absence of 
symmetry with respect to the plane perpendicular 
to[111]. The pyramid is bounded by an (001) surface 
inclined toward the top of the page and by a (111) 
surface inclined toward the bottom. A visualization 
of this lack of symmetry is helpful in interpreting 
the results to be described, and in understanding why 


opposite surfaces of single cry stals develop different 


structures. 

The particular configuration which is developed by 
d.c. heating depends upon the azimuthal direction of 
the electric gradient. 
the gradient parallel to the [111] direction, as shown 
in Fig. 2b. 
sides of the crystal 
The effect 


direction on opposite 
while the electric vector remains the same. 


+ 


IR: SURFA( 


Let Ee be the component of 


The crystal axis vectors reverse their 


orain, 


KE MIGRATION 


of moving to the opposite surface of the crystal grain 


is therefore to reverse the sense ol the vectol Ki 


relative to the crystal axes The relative sense of 


surface drift is therefore reversed, and as shown below 
such a reversal may be expected to cause differences 
in surface structure 
Fig. 3 
f 


measurements of the eight 


and 


combined results 


shows the 


Suriaces 


optical 


selected crystal grains The patterns h been 


oriented SO AS TO put the direction 


of the page in each Cast Tl cllitates 
Fig. ettect ot 


azimuthal direction of the 


with f and also shows the 


electri cradient 


As on 


column and back up the 6 column 


keeping 
all other variables constant moves down the a 
it wl b ited 
rom nort 


varies ssively 


the 


the azimuth 
While 


azimuthal 


that progre 


‘south.’ 
h) 


components, pair (4-a, 6) inconvenient) 


pairs l-a,b °.a. 
with 


give gradients easteri\ 


oradient 


(112), the diagrams of the crystal-axis orientation differ slightly from one 


erystal to the other. The diagrams are 


oriented with the 11] 


direction 


approximately vertical. Crystal axes may be identified by comparison with 


Fig. 2b. Photographs of the surfaces of these crystals are show: 


Fig } 


3a Sb 
\ 
au d ¥ 
4a 4b 
of 00 010 / 
\ 
| 


b) 
il 


tantalum 
that 


Fig. 


The plane of the photo- 


graph is close to (112) 
rotation 


3. Small 
a horizontal axis. 


islands of poly cry stal- 


those 


in 


Photographs 
photograph. 


noted 


as 
superimposed 


are present 
LSO 


4. 
four 
be 
the boundaries of these 


> crystal axes are 


each 


the 
crystals which are also 
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will 
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While this is 
under 
the 


pointing predominantly “west.” not 
significant with respect to the phenomena 
investigation here, it slightly detracts from 
clarity of the presentation in Fig. 3. 

Fig. 4 shows microphotographs under oblique 
illumination of the same surfaces as are presented in 
Fig. 3. The azimuthal orientations have been adjusted 
i.e. the [111] 


direction is at the top of the page in each case, and the 


to be identical with those of Fig. 3; 


electric gradients have the directions indicated in 
the corresponding diagrams of Fig. 3. Each pair 
of photographs represents one crystal grain, a being 


one side and 6 the opposite. 


DISCUSSION 

The Structure 
A principal feature of Figs. 3 and 4 is the contrast 
between column a and column 6. In the former case, 
the surface appears “knurled” and consists of ridges 
spaced about 1/80 mm apart with essentially no flat 
area remaining parallel to the original surface. This 
is indicated in the contour diagrams by the absence 
of any maximum near the center of the diagram. 
The ridges run approximately perpendicular to the 
electric gradient. The face which reflects toward 
the positive end of the strip is either (211) or (121) 
No crystal planes other than these 
the 


(see Fig. 2b). 


have been observed facing toward positive 


semicircle except for the (101) plane in Fig. 3-2a 


discussed below. These surfaces are inclined 33.5 


to the initial (112) surface plane. 

Only one of the planes (211) or (121) develops on a 
given grain; namely, the one which more nearly 
faces toward the positive end of the strip; i.e. the one 
whose surface normal, projected on the surface of the 
strip, makes the smaller angle with the electric 
vector. 


The 


structure facing toward the negative are more varied; 


surfaces which develop in the “knurled” 
they may be (001) as in Fig. 3-la; (001) and (O11) asin 
Fig. 3-2a; (011) and (013) as in Fig. 3-3a; (103) as in 
Fig. 3-4a. The process seems to select whichever of 
(103), (001), or (013) most nearly faces toward the 
negative end of the strip. In addition, the close-packed 
planes (101), (011), or both may form, and these seem 
to be less influenced by the electric polarity than the 
other planes mentioned. In Fig. 3-la both (101) and 
(011) form with high intensity in positions of neutrality 
with respect to electric gradient. In Fig. 3-2a both 
also form, and (101) actually faces slightly toward the 
positive, but with less intensity than (O11), which faces 
Fig. 3-3a a strong (011) 


toward the negative. In 


develops facing toward the negative, while (101) is 


SURFACE 


MIGRATION 
suppressed. In Fig. 3-4a a slight development of (101) 
toward the negative is indicated, with (101) suppressed 
The angles of these planes to the original (112) 
surface (OOL), 35.2 (103) (O13), 25.3 
(101) and (O11), 30°. The angles between the major 
faces developed in the ‘“‘knurled”’ 
(121) to (001), 65.8° (Fig. 3-la); (211) to (O11), 
(211) to (013), 49.8 


are: and 
structure are 
54.8 
(Fig. 3-2a and 3a); (Fig. 3-3a 
and 4a). 

It may be questioned whether the weak reflection 
in Fig. 3-3a should be assigned to (013) and whether 
3-4a should be 
(121) and (103). The deviations appear to be greater 
further 


the two reflections in Fig. assigned to 


than experimental error. In the absence of 
data, however, it seems simplest to assign them to 
the nearest low-index planes. 

the knurled 
0.0012 Ya 


The spacing between the ridges of 
structures of Fig. 3 column a are: la, 
0.0010; 3a, 0.0011; 4a, 0.0014 cm. It is not yet clear 
why 4a should have a larger spacing than the others 
It may be due to the fact that the electric gradient 
in 4a is closer than any of the others to the critical 
azimuthal angle at which the structure changes from 
“knurled”? to “smooth” or “ledge.” Ridges having 
the spacings and angles mentioned for the knurled 
structure have a mass equal to about one microgram 


per centimeter of length. 


T he Smooth and Le dae Structures 


The contrast between columns a and > of Figs 

and 4 can be most clearly identified by observing the 
strong reflection normal to the strip in all the column 
Fig. 3. Th 


indicate the intensity ratios 


diagrams of contours do not properly 


The normal reflection 
is in fact many times stronger than the most intens« 
reflection in column a, and over one hundred times a 


strong as the high-angle reflections shown in Fig 
(3-2b and 3b). The original surface to a first approx 
mation is left undisturbed except for a smoothi 
out of initial scratches and uneven spots 

Examined more closely, it appears that the 
2b and 3b) have some small facets which ar 
in the microphotographs of Fig. 4, and which 
interpreted by means of the stereodiagrams in | 
The facets consist of faces which are quite accu 
the close-packed L10) planes which are inclins 
to the original (112) surface, and toward thx 
In each of these cases th 


OLL) 


from the original surface anc 


end of the strip. 


tendency for surfaces to form 
inclined 30 
toward the negative. 


The 


original surface 


surface in 4b has no facets 


The surface shown in | 


(a) 
Fic. 5. Models of 
compared with the 


toward the 


in Figs. 3 and 4. 
(O13); 


(Sa, b) 
right are 


surfaces 


inclined uppel 


the bottom of the picture are (110); those inclined toward the right are (011); 


a few ridges with slopes deviating by only a few degrees 


from the surface normal. These might be confused 
in the microphotograph with the steeper faces of 2b 
and 3b, but the stereodiagram of Fig. (3-1b) makes 
the distinction clear. 

The nature of the knurled and ledge structures may 
be more clearly visualized by means of the crystal 
models shown in Fig. 5a, b. 


Fig. 3 it the knurled 


oradient 


From may be seen that 


structures occur when the electric has a 


positive component pointing in the [111] direction 
(toward the top of the page), while the smooth and 
structures associated with a negative 


ledge are 


component along this direction. This suggests that 
the controlling influence is the sense of drift of surface 
ions relative to the [111] direction. Referred to 
Fig. 2a, the 


ponent of the net 


criterion would be whether the com- 


drift along the direction of the 


a body-centered cube showing the knurled structure (a) and the ledge structure (b). 
In (5a) the surfaces inclined toward the lower left are (211); 
those inclined toward the right are (011). 


¢ 
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be 


(b) 


These are to be 
those 
In (5b) the steep surfaces facing 
is the original (112). 


most of the surface 


furrows is from bottom to top or top to bottom. 


The pyramid constructed on the surface in Fig. la 
illustrates the crystallographic difference between 
In one case the atom would 
the 


With the opposite sense 


such opposite senses. 
(111) 


and an (001) downstream. 


encounter a surface on upstream side 
of drift the upstream-downstream relations would 
be reversed. 

Thermal gradients produce structures similar in 
appearance to electric gradients, and Fig. 6 shows 
the crystallographic behavior. Since a (211) surface 
forms facing approximately toward the hot and 
an (001) toward the cold end of the gradient, it appears 
that a positive thermal gradient corresponds in its 
effects to a positive electric gradient; i.e. hot corre- 
The 


represented in Fig. 6 was formed in 1130 hours in a 


sponds to plus and cold to minus. pattern 


temperature gradient of about 750°K/cm at a mean 


Fic. 6. Stereographic projections of the surface structure developed on a (112) tantalum 
surface due to the influence of a thermal gradient. 
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temperature about 1730°K. 60-cycle current 


used for heating. 


INTERPRETATION 
The instantaneous rate of interchange F of mass 
across a surface within a solid is given approximately 
by 
Dp/A grams/cm? sec (1) 
(cm*/sec), 


the 


coefficient 
Ta), 


where D volume diffusion 


p =density (16.6 gm/cm? for and A 
interatomic spacing. 

This may be shown by imagining a lattice in which 
all atoms on one side of a given plane are normal 
isotope, while all those on the other are tracer. 
The density gradient of the tracer isotope from left 
to right will be p/A, and this multiplied by D will be 
the the 


initially separates the two types of atom. 


surface which 


An alter- 


rate of interchange across 
native way of viewing the problem is to consider the 
conventional formula D = v/?/6, where / is the jump 
distance, v is the jump frequency, and the number 
6 in the denominator corresponds to the simple case 
when there are six equivalent directions for migra- 
tion.'®) The number of atoms located so that it would 
be possible for them to cross a unit area perpendicular 
to one of the migration directions is VA, where N is the 
atom density. The jump frequency of an atom in this 
direction is »/6. The number of atoms crossing the 
unit area per second is therefore N D/Z. In units of 
grams sec"! this becomes Dp//, in agreement 
with the above. No distinction is made in this general 
argument between the jump distance and the inter- 
atomic spacing. 


In the case of surface diffusion the formula would be 
F. grams/em sec 


where ZL is the thickness of the layer on the surface 
in which the surface diffusion takes place, and D, is 
the surface diffusion coefficient (cm?/sec). 

The volume diffusion of tantalum has been measured 
lL at 2150°K, the 


reported 


and found to be em? sec 


temperature of here 
This gives an instantaneous rate of 
No direct 
of surface diffusion coefficients of Ta are available, 
but it is probable that D, dD, 
of the order of 10°.4° 


formula we assume L 


the experiments 
interchange 
10-3 om/em? sec. measurements 
perhaps by a factor 
If this is so, and if in the above 

10-7 em, then F, ~ 5 & 10~-° 
gm/em sec. This rate of mass transport would form 
a ridge of the size observed in 1/50 sec, if it were not 
The 


relatively large value of kinetic interchange indicates 


in the opposite direction. 


balanced by flow 


MIGRATION 


that a small unbalance in 


rates could provide a rate of buildup equal to that 


very the opposing flow 
observed 

If ions diffusing on the surface carry a charge equal 
the ratio of 


on the average to ~« electronic charges e. 


parallel 


the rates of interchange in opposite directions 


to an electric gradient would 


exp 


absolute 


and 7' is 


1. the unbalance ratio 


Boltzmann’s constant 
If « 


to about | in 107 


where k is 
temperature mounts 


Combining with (2) 
D pLakelkT 


Substituting numerical values as stated above, this 


12 in nd 1s 
sec wna | 


equals approximately 5 
the drift 


charged ions diffusing on the surface 


net rate toward the cathode of positively 


An average net mass flow at this rate into a region 
of the surface would build up a surface ridge of mass 
10-® grams/em in about 50 hours, which is about 
one-fifth the duration of 
above. A 


rate on opposite sides of a ridge 


heating of the samples 


described small unbalance in the drift 


ge would therefore 
sufficient to account for the rates of buildup actually 
observed 

This 


small perturbations on the original 


may he seen by considering the eftects 


rystal surface 


a 
a 


NET FLOW NET FLOW NET FLOW 


NET FLOW WET FLOW 


IN ouT 


NET FLOW 


APPROX 


Cu al 


structure, 


OOL), and that 


assulning 
iritt 
grow on upper surtac 
upper diagram 
the strip cut 


(2-a, b) of Figs. 3 and 4 


represen 


parallel to 


~ | kT 
IN ouT 
“ 
+ 
— cu 
= > 
> <0) 
. 2 
irift rat 1] 
irs lirect show | 
e al iro } | 


as illustrated in Fig. 7a which represents the cross- 
section of a tantalum strip cut parallel to the electric 


for example, Fig. 3-2a. 


field in, Suppose that an 
incipient hill and valley structure exists in the form 
of flat-topped ridges having sides sloping at an angle 
of about 30°. 
mately a (211) plane, and the other will be approxi- 


mately (001). 


One of the sloping sides will be approxi- 


It is reasonable to suppose that D,, 


(a) 


Fic. 8. 


grain the initial surfaces of which differed significantly from (112). 
from (101). 
The side represented by Figs. 8a shows the typical knurled structures. 
ridges on 8b which are inclined toward the negative are accurately (011). 
incline toward the positive deviate considerably from any low-index plane. 


surface is about 18° from (112) and about 12 


grain. 


and hence the drift rate shown by equation (4), will 
be different on these two crystal surfaces. 

The net flow of mass into a ridge on the surface 
depends upon the relationship between the direction 
of drift and the inequality of the drift rates. The 
if the the 


ridges which face upstream have the higher drift rate. 


surface irregularities will grow sides of 
The irregularities will smooth out if the higher drift 
rate occurs on the downstream sides of the ridges. 
been drawn 


Fig. Ja has 


that 


with the assumption 
the drifting mass which is affected by the 


electric field consists of positive ions; i.e. the direction 


of drift is from (+) to (—). If it is further assumed 
that the drift on (211) surfaces is larger than that on 
(O01), (013), and (O11) surfaces, the observations 


On 


the upper surface of Fig. 6a the ridges become higher 


reported above fall into a consistent pattern. 


and the valleys deeper, while on the lower surface 
the ridges will become lower and the valleys will be 
filled in. 
of drift direction (by reversing the electric field) 


The figure also illustrates that a reversal 


would make the top surface smooth and the bottom 
one rough. 
Fig. 7b shows the approximate cross-section of a 


ACTA METALLURGICA, 


VOL. 5, 


1957 


fully developed d.c. etch on a pair of crystal surfaces 
such as (2a, b) in Figs. 3 and 4. The ledge structure 
is formed on the bottom or smooth side in this case. 
The reasons for the formation of ledges are not yet 
clear. 

While this 


helpful in interpreting the surface structures formed 


two-dimensional picture should be 


by drift, it should be noted that it does not explain 


| 


(b) 


Stereographic projection of patterns formed by d.c. etch upon opposite sides of a ery stal 


The normal to the initial 
Ridges developed on both sides of the 
The faces of the 
The faces which 


all the observations in detail. For example, if the 
initially exposed face is significantly different from 
the (112) orientation, ridges form on both faces of 
Fig. 8 illustrates this. In Fig. 8b the 
sharp reflection near (112) was carefully measured 


the crystal. 


and found to deviate by 9 degrees from (112). This 
crystal grain was given the same heat treatment as 
those illustrated in Figs. 3 and 4. 

Construction of models of the surface structures 
has proved helpful. In Fig. 4, 3a, for example, it is 
of interest to note that the (211) surface intersects 
the (011) along a line perpendicular to the “furrows” 
in the former, and that the electric field has a com- 
ponent which would tend to drive positive ions along 
the furrows toward the (011) surface. The configura- 
tion suggests that atoms drift preferentially along 
the furrows and are thus deflected from drifting 
strictly parallel to the electric field. Other observa- 
tions™!, 12) have also indicated that surface diffusion 
on (211) type surfaces in body-centered lattices occurs 
preferentially. In the notation of Fig. 1b, the diffusion 
coefficient on the (112) surface would be a maximum 
along [111] direction. 
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DIE URSACHE DER KLEINWINKELSTREUUNG VON RONTGENSTRAHLEN 
IN PLASTISCH VERFORMTEN METALLEN* 


A. SEEGER? 


In der Literatur wird wiederholt angegeben, dass die Kleinwinkelstreuung von R6éntgenstrahlen in 
verformten Metallen nicht von Versetzungen, sondern von saubmikroskopischen Léchern herriihre. 
In der vorliégenden Arbeit wird gezeigt, dass die iiblicherweise angenommenen Versetzungsdichten 
sowohl den Absolutwert der experimentell zu beobachtenden Streuintensitat als auch deren Abhangigkeit 
vom Streuwinkel zu deuten gestatten. Der wesentliche neue Gesichtspunkt hierbei ist folgender: Die 
Kleinwinkelstreuung spricht auf lokale Dichteanderungen im durchstrahlten Material an. Behandelt 
man die Versetzungen auf Grund der linearen Elastizitatstheorie, wie dies bisher immer getan wurde, so ist 
die Gesamténderung der Dichte Null und die Streuung bei kleineren Winkeln dementsprechend gering. 
Die starke Streuung, wie sie tatsachlich beobachtet wird, ist eine Folge der Nichtlinearitdten im Verset- 


zungskern und der damit verkniipften Verminderung der Kristalldichte. 


THE ORIGIN OF THE SMALL ANGLE SCATTERING OF X-RAYS IN 
PLASTICALLY DEFORMED METALS 

It is repeatedly stated in the literature that the additional small angle scattering of X-rays in plasti- 
cally deformed metals is caused not by dislocations, but by submicroscopic voids. In the present paper 
it is shown that accepted dislocation densities are able to explain both the absolute intensity of the 
small angle scattering and its dependence on the scattering angle. The essential new idea is the following 
one: the small angle scattering responds to local changes in density in the irradiated sample. So far the 
change in density around a dislocation has been treated by the linear theory of elasticity. In such a 
treatment the integrated change in density is zero and therefore the scattering at small angles corre- 
spondingly small. The rather stronger scattering that is actually observed at small angles, comes from 
the reduction in the mean density around the dislocation lines that is caused by non-linear terms in 


the stress-strain relationship. 


L,ORIGINE DE LA DIFFUSION DES RAYONS X AUX PETITS ANGLES 
DANS LES METAUX DEFORMES PLASTIQUEMENT 
Dans la littérature scientifique, il est souvent dit que la diffusion des rayons X aux petits angles des 
métaux déformés résulte non pas des dislocations mais bien de cavités submicroscopiques. 
Ce travail montre que les densités de dislocations habituellement admises permettent d’expliquer aussi 
valeur absolue de lintensité diffusée que lon observe expérimentalement, que sa dépendance 
a-vis de langle de diffusion. 

nouveau point de vue développé ici est le suivant: la diffusion aux petits angles correspond a des 
variations locales de densité dans le matériau irradié. Si l'on traite les dislocations sur la base de la 
l’élasticité linéaire, ainsi qu’il a toujours été fait jusqu’a présent, la variation totale de densité 
et la diffusion aux petits angles minime. La forte diffusion qui peut étre observée est une 
de la non-linéarité dans les noyaux de dislocations et de la diminution de densité cristalline 


Kaltverformte Metalle zeigen eine diffuse Streuung itiber die Versetzungsdichte in stark verformten 
von Roéntgenstrahlen im Gebiet kleiner Streuwinkel Werkstoffen) die beobachtete Streuintensitat bei 
Sie riihrt von lokalen Schwankungen der’ kleinen Winkeln erklaren zu kénnen. Von Blin und 


1.5) wurde deshalb angenommen, dass bei der 


Elektronendichte im Werkstoff her, welche als Folge Guinier": 
der plastischen Verformung entstanden sind. Siekann Kaltverformung von Metallen submikroskopische, 
nicht von atomaren Leerstellen verursacht werden, da  jeweils etwa 100-1000 Atomvolumina umfassende 
sich diese wegen ihrer zu geringen raumlichen Aus- Lécher entstehen. Da jedoch der Mechanismus der 
dehnung nicht in der Kleinwinkelstreuung bemerkbar Entstehung derartiger Locher bei tiefen Temperaturen 
machen. In der Literatur finden sich Angaben,®@:*) ganz unklar ist und wohl auch keine unabhingige 
dass die Kleinwinkelstreuung von Stufenversetzungen experimentelle Evidenz fiir sie vorliegt, erschien es 
viel zu gering sei, um (unter den tiblichen Annahmen  wiinschenswert, noch einmal die Kleinwinkelstreuung 


von Versetzungslinien zu untersuchen. Es wird sich 


* Received April 15, 1956 zeigen, dass die beobachteten Streuintensititen 


* Max-Planck-Institut fur Metallforschung, Stuttgart, und = qdurchaus durch die Streuung an Versetzungslinien 
Institut fiir theoretische und angewandte Physik der 
gedeutet werden kénnen. Wir werden zuerst quali- 
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DIE 


tativ erklaren, weshalb die friiheren Rechnungen ein 


unzulaingliches Ergebnis lieferten und wie die in 


Wirklichkeit 


durch 


verhiltnismassig starke Kleinwinkel- 


streuung Versetzungen zustande kommt. 


Anschliessend werden wir einige vorliufige Ausfiihrun- 
gen zur quantitativen Behandlung dieser Fragen 
machen, die einen Einblick in die Gréssenordnungen 


der Effekte geben sollen. 


1, QUALITATIVE DISKUSSION 


Die bisher veréffentlichten Uberlegungen 


Kleinwinkelstreuung 


Zur 


von R6ontgenstrahlen durch 
Versetzungen stiitzten sich durchweg auf die elasti- 
Behandlung 


Diese ergibt bei Schraubenversetzungen iiberhaupt 


zititstheoretische von Versetzungen. 
keine Dilatationen oder Kompressionen und damit 
auch keine Kleinwinkelstreuung. Bei Stufenverset- 
zungen treten zwar Kompressionen und Dilatationen 
auf, jedoch in nahe beieinander liegenden Bereichen, 
so dass sich bei kleinen Streuwinkeln ihre Wirkungen 
durch Interferenz teilweise aufheben. Dadurch wird 
die gesamte diffus gestreute Intensitét ziemlich klein: 
0 wird sie sogar streng Null, da 
Verset- 


beim Streuwinkel 
im Rahmen der linearen Elastizititstheorie 
zungen die mittlere Dichte eines Kristalls ungeindert 
lassen. (Die integralen Kompressionen und Dilatation 
sind, wie bei jedem elastischen Eigenspannungszu- 
stand, entgegengesetzt gleich.) In  deutlichem 
beobachtet 


Streuwinkeln hin einen Anstieg der Streuintensitit. 


Gegensatz hierzu man kleinen 


Seit langerer Zeit ist bekannt (s.z.B. die Zusammen- 
Read‘®) 


Versetzungskern der Giiltigkeitsbereich der linearen 


fassungen von und Seeger”), dass im 
Elastizitatstheorie iiberschritten wird und dass diese 
Nichtlinearitat im Mittel zu 
Kristallstruktur in der Umgebung der Versetzungen 
fiihrt. 
Edelmetallen die 


einer 


Stehle und Seeger‘®) konnten zeigen, dass bei 
Aufweitung etwa 0,75—-1 Atom- 
volumina pro Netzebene senkrecht zur Versetzungs- 
Bei Nickel diirfte die Aufweitung etwas 
ordsser, bei Aluminium dagegen etwas kleiner sein. 
Nimmt verformtes Material 
Gesamtversetzungsliainge Volumeinheit N’ 

Vergros- 
serung des spezifischen Volumens 
bis 10-3, 


linie betragt. 


man fiir stark eine 
pro 
1012 em/em* an, so fiihr dies auf eine 
von der 


Grossenordnung 10 wie sie sich auch aus 


Dichtemessungen ergibt. In derselben Grdéssenord- 
nung liegen die aus der Kleinwinkelstreuung ermit- 
telten Werte fiir 6V/V. 


Versetzungen deuten lassen, hingt davon ab, unter 


Ob diese sich ebenfalls durch 


welchen Umstinden die Streuung von raumlich etwas 


getrennten Kristallteilen als koharent oder inkoharent 


URSACHE DER KLEINWINKELSTREIl 


Aufweitung der 


UNG VON RONTGENSTRAHLEN 


zu betrachten ist. Bei gegebener Dichteainderung ruft 
koharente Streuung eine stirkere Streuintensitat als 
inkoharente Streuung hervor. Da die Versetzungen 
Material 


streng regelmassig angeordnet sind, hat 


in einem kaltverformten sicherlich nicht 


man die von 
kommende Streu- 


Andererseits 


verschiedenen Versetzungslinien 
strahlung als inkohirent zu behandeln 
ist die Streuung der Versetzungsumgebung in einer 
Netzebene 


koharent, da ja die Anordnung der Atome und damit 


senkrecht zur Versetzungslinie  siche1 
die Verteilung der Elektronen gesetzmissig festgelegt 
ist. Offen ist lediglich die Frage. wie gross die Lange 
L der koharent streuenden Abschnitte einer einzelnen 
Wie wir im folgenden Abschnitt 


sehen werden, kann man die gemessene Intensitit mit 


Versetzungslinie ist. 


sehr verniinftigen Werten von L, etwa in Gréssenord 


nung von 500-1000 Atomabstanden, erkliren 


SKIZZE EINER QUANTITATIVEN 


THEORIE 


sondern 


Da es uns hier nicht auf die Einzelheiten 


nur auf die Grdssenordnung des  besprochenen 


Effektes ankommt, wihlen wir ein moglichst einfaches 
Modell, naimlich dasjenige einer geraden Schrauben 


versetzung, von der jeweils Stiicke der Lange L 


koharent streuen sezeichnet p den Abstand eines 


Aufpunktes von der Versetzungslinie und A(p) die 
diesel 


Dilatation am Aufpunkt, so ist die vor 


Versetzungslinie herriihrende Streuamplitude 


A(k) A p pd ok 


angenommen, dass die Ausbreit 
cestreuten Wel 
Versetzungslinie 


Wellenlang 


Dabei ist 
toren der einfallenden und de1 
in einer Ebene senkrecht zw 
Zwischen dem Streuwinkel 27), de 


k besteht dann der Zusammenhang 


J (z) bezeichnet wie tiblich die Besselfunktion tel 
Ordnung. ( 


Streuamplitude eines 


ist ein Proportionalitatsfaktor, der dis 
Elektrons und den Umrechnungs 
faktor zwischen Elektronendichte und Kristalldichte 
enthalt, und Q das Atomvolumen 
Der hier betrachtete Fall einer Schraubenve 

in einem isotropen Medium ist deswege 
einfach, weil nur “‘nichtlineare”’ Dilatationen 
da ja die lineare Elastizitatstheorie keine Dil 


Im Anschluss 


oder Kompressionen liefert 


() 
SZ 
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und Seeger‘®) legen folzenden Verlauf der 


Dilatation zu Grunde 


P = Po 


» 
Po 


Hier bedeutet ) die Versetzungsstirke und p, einen 
‘“inneren Abschneideradius’’, den man entweder durch 


detaillierte atomistische Betrachtungen oder durch 


eine mehr pauschale Berechnung der in der Umgebung 
der Versetzung auftretenden Ladungsverschiebungen 
festlegen kann. Er ergibt sich von der Gréssenordnung 
des Atomradius. K ist eine dimensionslose Konstante, 
die umso grosser ist, je grésser die Druckabhangigkeit 
der Kompressibilitaét des betrachteten Kristalls ist, 
und die bei Kupfer etwa den Wert 0,9 besitzt. 

Die Auswertung von Gl. (1) und (2) mit Hilfe der 


Gleichungen 


») 
2J ,(z) Z (2b) 
dz 


die sog. Lommelsche Funktion 


in denen (2) 


9% 10) ist, liefert mit z, k po 


A(k) 


Dabei wurde beriicksichtigt, dass fiir grosse z die 


Funktion , (z) asymptotisch durch 


segeben ist. Nach der Gleichung 


gemass 
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in der Ableitung von 
x m(1+\2m 


m=0 (m!)? 


4 


ausdriicken. In Gleichung (6) bedeutet wie itiblich 


y(z) die erste und y'(z) die zweite Ableitung des 
natiirlichen Logarithmus der Eulerschen [’-Funktion 
[(z). Das Endergebnis lautet also 

L-C-K-b? (J,(z%) 
A(k) | — 


“0 


Bei der Kleinwinkelstreuung interessieren besonders 
die Verhialtnisse bei kleinen *. Entwickelt man die 
in Gl. (7) auftretenden Besselschen und Lommelschen 


Funktionen nach Potenzen von Zp, so erhalt man 


cl) 


Dabei wurden folgende Abkiirzungen beniitzt: 
( L)* 


(m!)? 


dbm( 


dz 


Og ) 
Ye yum 


die ersten beiden Glieder der 


Behalt 


Reihenentwicklung 


man nun 


bei, so bekommt man _ mit 


1.781 (log y 0.5772) 


A(k) log vk po 


Bemerkenswert an dem Ausdruck Gl. (10) ist, dass er 
fiir k 
Grund: 


(kp,)? (log vk po (10) 


- 0 logarithmisch divergiert. Dies hat folgenden 


Kb? 
A p) (2) 
Ki 
47? 
L-C-K-b{ a, 
A(k) 5) Ay Co 
d »\ 2 
(2) y (z)S (z) 
a) \@s bo Co — 
(2a) z\* (3a, vo} 
d 4 2 
) 
Am 
J 1 (Zp) | (3) 
“— 1.0 9) | 
7 
4 y (m 1) (9) 
4) 
24 | 
L-C-K >? 
dS Zz) y 2a 
(z) 
lu y »—1(2) 5) 
S 9 —3(2) (5a) 


SEEGER: DIE URSACHE DER 


Af 
Der Grenzwert lim ist gleich der Volumin- 


k—0 
der koharent streuenden 


derung einem 


Bereiche. 
Gesetz Gl. (2) nur fiir p - 


Vp in 

Um diese endlich zu halten, diirfen wir das 
A anwenden, wo F ein 
ausserer Abschneideradius ist, der mit dem mittleren 
Abstand der Versetzungen zusammenhangt. Es gilt 


dann 
-K 
V p 


Dies bedeutet, dass man Gl. (10) nur fiir & 


beniitzen kann und fiir k < 


/ 


A(k) C - 


durch 
J P (lla) 
ersetzen muss. 

Bis jetzt haben wir nur die Streuung durch eine 
Schraubenversetzung der Linge L betrachtet. Um 
die experimentell zu beobachtende Intensitét zu 
erhalten, hat man die von den einzelnen Versetzungs- 
herriihrenden 


Zur Ab- 


schatzung der GréBenordnungen betrachten wir die 


linien im durchstrahlten Volumen 


Streuintensititen zusammenzuaddieren. 
Abbeugungswinkel 2) 0 extrapolierte 
Intensitat J(0). Sie ist Normierung 


durchstrahltes Einheitsvolumen) gegeben durch 


auf den 


(bei auf ein 


(12) 


I(0) = C?N p 


wobei (2 das Atomvolumen und .V, die Zah! der im 


vorhandenen koharent streuenden 
Bezeichnet N’ 


Volumeneinheit, so ist in 


Einheitsvolumen 
Bereiche 


Versetzungslainge 


bedeuten. die gesamte 
pro 
unserem Modell, wenn wir Z und Vp als unabhiangig 


vom Versetzungscharakter annehmen, 


(2 


Typische Messwerte an kaltverformten Metallen fir 
die linke Seite von Gl. (13) kann man aus den Angaben 
von Blin und Guinier" entnehmen; fiir kaltgewalzte 
4.107! 
5OOD, 


Kupferfolien findet man z.B. 1(0)/C? 
Dieser Wert kann durch N’ 10 em-?, L & 
&R py, also sehr plausible Annahmen tiber die 
Da die diffuse 


Streuung von Stufenversetzungen sicher nicht kleiner 


Versetzungsdichte, erhalten werden. 


als diejenige von Schraubenversetzungen ist, ist damit 
gezeigt, dass entgegen den eingangs zitierten Auffas- 


sungen die Intensitét der Kleinwinkelstreuung 


KLEINWINKELSTREUUNG 


VON RONTGENSTRAHLEN 
durchaus durch die mit anderen Methoden ermittelten 
Versetzungsdichten erklirt werden kann. 
Einzelheiten iiber die Versetzungsanordnung kann 
man im Prinzip aus dem Intensititsverlauf J(¢) als 


Funktion des Abbeugungswinkels ¢ entnehmen. Dazu 


ist jedoch eine weitere Ausgestaltung der Theorie 
notwendig, die insbesondere auch beriicksichtigt, dass 
die Ebene von einfallendem und gestreutem Strahl 
nicht senkrecht zu den Versetzungslinien zu verlaufen 
braucht. Dies fiihrt dazu, dass bei endlichem #@ di 
Amplitude gegeniiber Gl. (7) reduziert wird. Da uns 
jedoch keine umfassenden Messwerte fiir /(¢) bekannt 
sind, verzichten wir hier auf die quantitative Weiter- 
fiihrung der Theorie und begniigen uns mit einigen 
halbqualitativen Bemerkungen. 

Die Winkelabhangigkeit der Intensitaét wird haufig 


in der Form 


(0) exp | 


dargestellt 


in der Gréssenordnung 


mit Hilfe eines “‘Streumassenradius’’ 
In typischen Fallen liegt A, 
10-15 A. Obwohl natiirlich der 


der Streuung von Versetzungen nicht genau durch Gl. 


Intensitatsverlauf bei 


(14) beschrieben wird, kann man doch diese Gleichung 
Abklingen 


mit der Theorie zu vergleichen 


mit 
Mit 


den oben angegebenen Streumassenradien erhalt man 


beniitzen, um das der Intensitat 


wachsendem 
im Gebiet von ¢ ~ 2°. in dem die Beobachtungen 
meist liegen, gute Ubereinstimmung mit Gl. (10). Eine 
Behandlung der Winkelabhangigkeit. 


Aufspaltung in Halbversetzungen 


ausfiihrlichere 


die auch die 


andever Stelle gegeben 


beriicksichtigt, wird un 


3. ABSCHLIESSENDE BEMERKUNGEN 


werden dass 
Metallen angenom 


heobachtete a 


Zusammenfassend kann gesagt 


iiblicherweise in kaltverformten 


menen Versetzungsdichten die 


Streuung von Rontgenstrahlen bei kleinen Streu 


keln erklaren kénnen und zwar sowohl hinsichtlic] 


auch hinsichtlich det 
Die Annahme 


wesentlicher Teil der Streuung durch submik 


der absoluten Intensitat als 

Abhingigkeit vom Streuwinkel 
ein 
skopische Locher in den Kristallen, welche 10° bi 
Atomvolumina umfassen sollten, zustandekommt 
notwendig. Damit bietet 
Hilfsmittel] 


Versetzungsdichte und der Versetzungsanordnung it 


demnach. nicht die Klein 


winkelstreuung ein zur Erforschung 


verformten Kristallen. Sie scheint allen andere 


derzeit bekannten Methoden zur Messung der Verset 


zungsdichte iiberlegen zu sein, da sie imstande ist 


nicht nur einige wenige Paramete! sondern 


R 
+3) 
Po 
Ay 
l 
— 
Vp\? 
N’ (Vp\? 
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kontinuierliche Funktionen des Streuwinkels, des Der Verfasser dankt den Herren Dr. V. Gerold und 

Azimuts bei der Streuung und der Durchstrahlungs- Dipl. Phys. H. Stehle fiir wertvolle Diskussionen. 

richtung zu liefern. Sehr aufschlussreich waren z.B. 

derartige Messungen an quaderf6rmigen Aluminium- 

Einkristallen in Verbindung mit Zueverformung bei 
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verschiedenen Temperaturen. Solche Untersuchungen 
genauen Verfestigungsmechanismus gestatten, wobei 
besteht, dass sie die atomaren Gitterliicken, die fiir die 
mitregistriert. Die erfolgreiche Auswertung derartiger 
der Theorie, der insbesondere die gegenseitige 


mung und die damit verbundenen sog. 
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SELF-DIFFUSION AND INTERDIFFUSION IN GOLD-NICKEL ALLOYS 


J. E. REYNOLDS,*+ B. L. AVERBACH,* and MORRIS COHEN 


With an Appendix by J. E. HILLIARD 


Measurements are described on the self-diffusion and 
as a function of composition and temperature. Thess 
properties of the gold-nickel svstem to test the validi 
(1 din f, din X,). This relationship is found t« 
ments, and the results may be considered to demonst 
is the driving force for the chemical diffusion 

l d\n f,/d In X,) on the activation energy 


AUTODIFFUSION ET INTERDIFFUSION DANS LE ALLIAGES 

Des mesures ont été faites sur les coefficients d’autodiffusion et d’interdiffusion 
composition et de la temperature. 

Ces essais sont combinés avec les proprietes thermodynar 
verifier la validité de ’équation de Darken: D A, D,* X,D,* 
parait valable si, compte tenu de la sensibilité des mesures 
erreurs de mesure, et les résultats peuvent étre considérés comme démontrant le conc: 
de potentiel chimique est la force motrice du processus de diffusion chimi jue Linfhi 


thermodynamique est également démontrée sur énergie d’activation d’interdiffusion 


SELBSTDIFFUSION UND GESAMTDIFFUSION IN GOLD-NICKEL-LEG 

Es werden Messungen iiber die Selbstdiffusionskoeffizienten und die resultierenden Ges 
koeffizienten in Gold-Nickel-Legierungen in Abhangigkeit von der Zusammensetzun 
peratur beschrieben. Um die Giiltigkeit der Darkenschen Gleichung D 
(1 d\n f,/d In X,) zu priifen, wurden die Ergebnisse dieser Messungen mit den the 
Eigenschaften des Systems Gold-Nickel verkniipft. Dabei wurde gefunden, dass die Darkensche Gleichung 
innerhalb der experimentellen Messgenauigkeit giiltig ist. Dieses Ergebnis kann als Nachweis dafiu 
angesehen werden, dass der Gradient des chemischen Potentials die treibende Kraft 
Diffusions-Prozess darstellt. Weiterhin wird der Einfluss de 
In f,/d In X,) auf die Aktivierungsenergie der Gesamtdiffusion ay 


1. INTRODUCTION Darken showed that 
Since the work of Matano,” the interdiffusion 
coefficient has been recognized to depend upon 
composition. At about the same time, Jedele and that 2 
deduced that the two diffusing species in a binary dD BykT(1 
couple may not contribute equally to the observed Ds B kT (1 


interdiffusion. In more recent years, quantitative — interdiffusion co 


relationships between the intrinsic and interdiffusion 


coefficients have been derived by Darken,® Hartley 
and Crank,'*) and LeClaire.“’ The Darken treatment 
will be adopted here. atomic fractions 


mobilities 


* Received February 10, 1956. This paper is based mainly 
on a thesis submitted by J. E. Reynolds in partial fulfillment 
of the requirements for the degree of Sc.D. at the Massa l. Boltzmann constant 
chusetts Institute of Technology, in November | and the 
research was supported by the Wright Air Development absolute temperature 
Center under Contract No. AF 33(038)-23281, Scope I. 

+ Present address: Motorola Inc., Semi-conductor Products It should be noted that, in equation 
Division, Phoenix, Arizona. 

+ Department of Metallurgy, Massachusetts Institute of 
Technology, Cambridge, Massachusetts. whether written for component l o1 

§ Present Address: General Electric Co., Research Labora 
tory, Schenectady, N.Y. 
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activ ity coethcients 


dynamic factor (1 din X 


the well-known Gibbs-Duhem relation 


lata are coml d with tl { | mic 
Cette relation 
ent ‘ pte ae 
t qu gradient 
dau I teul 
iin] In A 
\ ) 
\ 
| 
2 the thermo 
Is the same 
2 re ise ol 
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Equation (2) is based on the assumption that the 
“drift” 
portional to the chemical potential gradient, the 
mobility B the 
For each species, the mobility depends on composition 
the 
gradient may be regarded as the driving force for 


velocities of the diffusing atoms are pro- 


being proportionality constant. 


and temperature, while chemical potential 
the diffusion of that species. 

When 
solutions, the thermodynamic factor is unity. 
the for self-diffusion as 


radioactive isotopes. Thus 


sufficiently dilute 
This 


measured by 


dealing with ideal or 


is also case 


D* = BYkT and = BSkT (3) 


wherein the asterisks signify that self-diffusion or 
radioactive isotopes are involved. It is evident that 
the the 


positional dependence as the respective mobilities. 


self-diffusion coefficients have same com- 
If it is now assumed that the mobility of an atom 
under given conditions is independent of whether 
it is a regular or a radioactive isotopet (that is, 


B B¥ and B, 


D* (1 + dln f,/d In X,) 


D = (X,D* + (5) 


According to equation (4), the intrinsic diffusivity is 
not equal to the corresponding self-diffusivity unless 
the 
interdiffusion 


the thermodynamic factor is unity. In same 
that the 


coefficient at a given concentration is not equal to 


sense, equation (5) shows 
the weighted average of the self-diffusion coefficients 


at that concentration unless the thermodynamic 
factor is unity. 

In order to test this analysis, it is desirable to select 
an alloy system with a large deviation from ideality 
so that the thermodynamic factor will depart strongly 
from unity: then the significance of the thermo- 
dynamic factor can be demonstrated most convincingly. 
The gold-nickel system provides this opportunity, 
because the measurements of Seigle'® have disclosed 
that the activity coefficients are greater than unity 
and vary markedly with composition even at tempera- 
This 


behavior goes hand in hand with the presence of a 


tures where complete solid solubility exists. 


miscibility gap at temperatures below 840°C. 
The self-diffusivities of gold. Di. 
determined by 


in this system 


have already been Kurtz’ as a 


of the 
effect o1 


The 
are too small to hay 


differences in 


respective 
the 


* mass 


isotopes 
mobilities 


minicant 


involved. 
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In the 


present investigation, the self-diffusivities of nickel, 


function of composition and temperature. 


D¥,, and the interdiffusion coefficients D have also 


been measured as a function of composition and 
temperature. This the data 
straightforward check on the validity of equation (5) 
under circumstances where the thermodynamic factor 


furnished all for a 


should exert an impressive effect. 
2. SELF-DIFFUSION OF NICKEL 

2.1. Experimental Method 

Vacuum-cast nickel and fine gold were used in 
the alloy preparation; the chemical analyses of the 
starting materials are given in Table 1. Melts were 
made in quartz crucibles in an induction furnace and 
each ingot was annealed for a week at 925 to 1000°C, 
depending on the composition. The ingots were 
reduced about 30°, by cold swaging, annealed again, 
and machined to 0.500-in.-diameter discs, 0.125 to 
0.500 in. thick. The ends were surface-ground so that 
they -).0001 in. The 


final grain size was larger than 2 mm in all cases. 


were flat and parallel within 


The radioisotope Ni® was received from Oak Ridge 
in the form of an acidic nickel-chloride solution with 
a specific activity of about 12 me/g and with more 
than 95°, of the total activity originating from Ni®. 
There was less than 0.01°, of Ni°® activity. The Ni® 
decays by beta emission (0.063 MeV) with a half-life 
of 85 years. Metallic Ni® was extracted from the 
solution electrolytically; the Ni® was then evaporated 
onto one face of the gold-nickel alloy discs to a thick- 
ness of 108-104 A, as determined by activity measure- 
ments. A dise of identical composition was pressure- 


welded to the active sample in a stainless-steel clamp 


TABLE 1. Chemical analyses of gold and nickel 


Element Weight per cent 


Nickel—Vacuum Metals 
Corporation 
004 
000037 
.003 
.986 (by difference) 
Gold Bake r and Company, Inc. 
Ag .03 
Fe O01 
Cu 002 
Pd 002 
Pb, Si, Mg, Ca, Al 001 
Pt, Rh, Ni 
Au 


spectrographic trace 
99.96 (by difference) 


— 
then 
(4) 
and 
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Self-diffusion coefficients of Ni®* in 
gold-nickel alloys 


TABLE 2. 


Atomic 


per cent Ni ¢ (hours) 


(em? sec) 


* 
T’ (°C) Dx; 


937 
920 
904 
SYS 
880 


940 
926 
880 


934 
930 
890 
880 


920 
873 


925 
912 
903 
890 
876 


940 
926 
905 
882 


m bo bo 
> or 


999 
990 
962 
953 
94] 

940 


under an argon atmosphere at 850°C. Diffusion 
evacuated 


0.025 in. 


anneals were carried out in 
Vycor tubes in furnaces controlled to 

After the 
machined from the cylindrical surface and the specimen 


0.001—0.002 


diffusion anneal, about was 


was sectioned at intervals of 
The thickness of each layer was computed from 
measurements of the specimen density and diameter 
and the weight of the machinings. The machinings 
were dissolved in aqua regia and the solution was 
diluted with methanol to a predetermined volume. 
Equal volumes of each solution were then evaporated 
to dryness and counted in a windowless flow counter. 
This type of counting was required because of the low 


energy of the beta emission. 


COHEN: 


quartz or 


DIFFUSION IN Au 


2/sec 


D cm 


Self-diffusion coeffi 


gold-nickel allo 900 


The solution of Fick’s law given by 
Yaeger" was used 
(' a 


C (47D*t)! 


exp y*/4.D*t 


where concentration of the trace1 


portional to counts/min/mgm 


initial concentration of trac 


active laver, 


thickness of radioactive 


self-diffusion coefficient 
time, 
y = diffusion distance 


DX, was determined in 


straight line plots of log C vs 


Ba yerimental Results 


2.2. Ex 
Self-diffusion coefficients for nickel in 
are listed in Table 2, and the 


activation energies are shown 


-Ni ALLOYS 3 
¥ 
10 
| 
e (7 | 
0 1.50 10-9 65 
1.25 x 10-9 49 
8.96 x 10-1° 44 
8.40 10-18 72 
6.49 96 
10 2.26 10-9 45 10 
‘ 1O | 
1.75 10-% 66 | 
8.06 10-10 50 
20 2.13 10-% 47 
2.13 x 47 | 
9.65 1Q-1° 45 
7.70 10-10 72 
36 1.33 72 
5.28 46 \ 
\ 
10 — 
50 7.58 1Q-10 71 
5.41 1Q-10 50 
5.00 1Q-10 67 | 
4.06 18 
3.21 50 
65 0 72 \ 
5 LO9 
0 89 
9 x 10-10 52 
~12 
0 
80 2.12 10-10 97 E 
x 10-10 66 
9 10-10 73 0.8 ‘ 
10 
x 10 122 Fic. |. ients of Au and N 
90 L057 1.49 1Q-10 69 
1025 9.09 69 
999 7.14 10-1! Q7 
Carslaw and 
LOO 1175 9.83 1O-1 62 
L155 6.66 10-2! 65 
1150 5.98 83 
1125 4.24 x 07 6 
1100 2.83 10-1 188 
element 
factors and 
Table 3. Values for 


ACTA ME 


TABLE 3. Activation energies and frequency factors for 


the self-diffusion of Ni®* in gold-nickel alloys 


as well as taken from Kurtz” are plotted 


in Fig. 1 as a function of composition. Since the 
mobilities are directly proportional to the self-diffusion 
Fig. | 


varying 


coethicients is evident from 


that the 


(equation 3), it 


mobilities exhibit a smoothly 


dependence on composition without any anomalies 
arising from the thermodynamic properties of the 
TABLE 4 


Summary of interdiffusion runs in 


gold-nickel alloys 


Concentration 
Approximate 


time 


limits in 
atomic per cent 


in days 
nickel 


LOO 


ro 


+3 +1 +1 
Or Om Cn 


GOO 
GOO 
GOU 


YOU 
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system. The peak of the miscibility gap occurs at 
SO atomic per cent nickel and the influence of the 
thermodynamic factor should be most marked at this 
composition if it affected the mobilities. However, 


as noted previously,” the  self-diffusivities 


slight 


pass 


through a maximum, showing maximum 
deviation from the linear average of the pure-metal 
values in the composition range corresponding to 


the minimum in the solidus curve. 


3. INTERDIFFUSION COEFFICIENTS AND 
MARKER MOVEMENTS 


3.1. Bape rimental Method 


The diffusion couples consisted of three discs, with 
the two outer ones being identical in composition and 


higher in nickel content than the central disc. Tung- 


sten wire, 0.001l-in. diameter, was wound around 


the central dise to provide an interface marker, and 


the specimens were then pressure-welded as described 


Interdiffusion coefficients at 850 
gold nickel alloys 


TABLE 5. 


Atomic 


per cent 


Atomic 


Run 
| per cent 


D em2/see 


nickel | 


Run 


No. 


nickel 


4. 
3. 
3.5$ 
3. 


bo ho Ot bo be 


32 
XN Oy keal mol Do N em-*/sec ) 
$6.0) O30 
O.10 17.6 
0.20 17.8 O.S2 
0.36 $9.1] 1.10 
0.50 14.5 0.09 
O.65 34.6 O.005 
O80 O.05 
O.940 51.1 0.04 
Run D em?/sec 
No. ( - 
5 1Q-1° 28 20 2.95 5 
S50 32 LO 10-79 | 25 2.45 
S50 30 15 ) 30 1.76 1Q-10 
13 S50 0-35 30 20 190-20 35 1.44 10-2 
28 S50 10-50 37 25 2.96 10) 1.29 
19 S50 85-65 30 30 
15 S50 50-80 30) 35 
12 S50 SO—LOO 30) 410) 
15 
3 75 0-100 25 50 06 
17 75 O-?0 30 5D 
14 75 0-35 30 60 00 10-1 
2? 10-50 32 65 
24 35-65 32 70 
23 50-80 32 75 .43 
25 65-90 32 80 52 
1] 80-100 30 85 9] 
90 
11G 0-100 1] | 15 55 0 
0-100 25 18 3 3.83 57 9 10-1 
16 0-20 30 6 3.67 58 7 
26 LO—50 20 3.37 60 0 10-11 
9 35-65 30 12 3.32 10-19 | 62 0 iG-= 
33 37-95 15 15 2.77 63 a 
27 50-80 20) Is OO 10 10 | 65 
LO 31 68 10-1! 
34 90-100 25 13 3 3.13 | 70 0 
5 3.58 1Q-1° | 73 0 10-11 
925 0-100 13 7 3.30 75 5 
5 G25 0-20 20) LO 3.14 | 77 0 
20 925 0-35 33 12 3.83 x 
7 925 10-35 25 15 3.66 12 82 8.65 10-38 
925 35-65 25 17 3.56 S) 7.86 10-12 
6 80-100 23 20 ah 10-10 90 5.58 
22 2.95 | 5.57 10-12 
30 65—L00 30 25 3.10 98 4.48 10-12 
31 950 73-100 30 27 3.24 
30 2.94 1Q-20 | 
32 975 80-100 30 32 2.40 « 10-1°] 
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AND 


Dy); (100 au 


Pure-Meta! 

Couple 

t= 1! Doys 
Pure - Meto! 
Couple 
t = 25 Days 


Incremental 
Couples 


* = 
\ Dy (100 Ni) & 

Concentration 
Limits in \ 
Atomic % Ni 
0-100 
0-100 
0-20 
10-50 
35-65 
37-95 
50- 80 
80-100 
90-100 


=x+Opevced 


Seif-Diffusion Coefficient of Ni in Au 


0.5 1.0 

Interdiffusion coefficients in gold-nickel alloys 
at 900°C, 


Fic. 2. 


previously. One of the diffusion zones was examined 
metallographically for porosity, whereas the other was 
sectioned in layers about 0.003 in. thick for chemical 
analyses. 
3.2. Interdiffusion Measurements 

The Matano method” was employed to analyse 
the data obtained from the interdiffusion runs listed 
in Table 4, and the calculated interdiffusion coefficients 
D are given for each couple at temperatures of 850 
The 900°C results are collected 
as a function of composition in Fig. 2. The self- 
diffusion coefficient of Ni® in gold and of Au!%® in 


nickel were used to extend the interdiffusion curve 


to 925°C in Tables 5-7. 


to 0 and 100 atomic per cent nickel respectively 
(equations | and 4), where the thermodynamic facto 
becomes unity. This practice was adopted because 
the interdiffusion coefficients computed by the Matano 
method are subject to large errors at the limiting 
compositions of each diffusion couple due to un- 


certainties in the slopes and areas of the concentration- 


gradient curves. It should be noted that D at X, 


I (at 900°C) extrapolates smoothly to a value of 


2 


COHEN: 


TABLE 6 


Atomic 


per 


Run 
No. 


cent 


nickel 


ll em? 


LO 
to the 


quite different 
13 


6 LO em-/s¢ 


values aré 
distinction 
the pure-nickel 
confirmation of 
equation (5 

It 


evident 


DIFFUSION 


measured 


cannot 


IN Au 


N i 


Interdiffusion coeffici 


gold-nickel alloys 


value 
from 


fortuitously 


end 


the 


from 


whicl 


be 


ot in 
value 
Ay 


very 


the 
At 


The 


howeve I 


made 


basic 


Fig. 2 that 


couples appeared to yield considera 


COTTespon 


ciose 


ALLOYS 


al 


extra 


otte rs 


issumptions 


the pu 


diffusion coefficients than did the incremental « 


and moreove! 


increase 1n 


these high 
the diffusion 


time On 


value de 


‘reased 


othe 


the 


I 


values of the interdiffusion coefficients derived 


a variety of incremental couples 


creed 


in many overlapping ranges of composition a 


independent of the diffusion time 


Similar 


ratnel 


nd were 


results 


-9 
10 e] at 875°C in 
° 
© D em?/se No per cent D 
© 
3 5 8.54 107! 22 15 2.22 LO 
6.96 107! $8 1.61 LO 
2s Ld 5.76 10 
& 20) 5.24 10 24 38 80 « 10 
&\ 25 1.6] 10 12 2.41 10 
30) 3.80) 16 1.8? 
10 35 3.16 10 () 10 
97° Koo. 10) 2 29 10 10 10 
a\, * 15 1.83 10-1 7.15 10 
50 1.18 LO 60) 10 
a 8 28 LO 62 2 38 10 
+ 65 .73 10 23 4 6.18 LO 
20 Run 75 £.59 3.74 
No SO) 110 10 60 
2 
85 3.67 10 62 2.24 LO 
Qi) OS 10 64 1.65 10 
26 Q5 66 1.39 10) 
9 68 1.09 10 
=I 33 17 3 5.20 10 70 8.06 10 
4.53 x 107} 72 7.97 x 10 
34 7.5 5.26 LO-! 74 7.39 10 
1.97 10 
j 12.5 | 4.23 10 25 66 1.40 10 
69 1.56 LO 
14 5 1.37 10 7] 1.19 10 
: 10 1.83 10 73 9.74 10 
0 15 4.40 10 75 7.96 10 
; 20) 3.91 LO 77 31 LO 
25 3.81 79 4.43 10 
30 3.21 10 8] 3.78 
15 LO 1] ».64 
25 1.58 10 7.14 | 
30 3.95 LO ) 1.24 
35 3.00 10 6.9 
$() 61 10 77 
isi 
pure N na 
ting self-dittu 
dditi 
int: 
hand 
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TABLE 7. 


Run 


No. 


Atomic 
% Ni 


Run 
D em?/see 
No. ay Ni 


+ Calculated from experiments by H. C. Gatos at M.I.T. 


were found at all of the temperatures investigated, 


and it was concluded that the most reliable values 
were obtained from the incremental couples. 

The anomalously high diffusion rates exhibited by 
the pure-metal couples cannot be ascribed to volume 
changes in the diffusion zone, because such corrections 


11, 12 


were applied“: and turned out to be incon- 


sequential. Porosity may also be rejected as an 
important factor in that it occurred only to a minor 
extent. A more likely cause of the discrepancy is 
that local strains due to large initial differences in 
molar volume may produce progressive recrystalliza- 
tion and other nonsteady structural effects during 
the shorter diffusion runs. Such conditions probably 
lead to the generation of excess vacancies or short- 
circuiting paths when steep concentration gradients 
the This 


situation is alleviated to some extent by 


exist in pure-metal couples. spurious 


increasing 


Atomic 


VOL. 
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Interdiffusion coefficients at 900°C in gold-nickel alloys 


Run 
No. 


Atomic 
% Ni 


D em?/sec D cem?/see 


4, 
» 
» 
l 


the time of diffusion or, better still, by using incre- 


mental couples with a restricted spread in composition. 
The curves of D vs. composition at other tempera- 


tures were quite similar to that of Fig. 2. In each 


case, there was a reversal near the high nickel end 
with a minimum occurring at about 80 atomic per 
cent nickel. There was also a great deal of experi- 
mental scatter in this composition region. This was 
particularly true with the data at 850°C for alloys 


containing more than 65 atomic per cent nickel: 


here the values were not consistent with those at 


higher temperatures, possibly due to the proximity 
of the miscibility gap (840°C) and the lack of a 
sufficient number of closely spaced incremental 
couples. 

The activation energies and frequency factors for 
interdiffusion are given in Table 9. Unusually large 


values for Y and Dy appear in the composition range 


34 | 
| 
2 5 8.84 10-10 | 9 45 2.30 1Q-1¢ | 10 90 1.75 x 10-1! 
10 9.85 10-10 50 2.12 10-10 81 1.52 10-1! 
15 9.55 10-10 | §2 1.76 x 10-1 82 1.98 10-11 
20 8.82 10-10 55 1.18 10-10 85 2.40 
25 8.00 x 10-10 | 57 6.74 x 10-1 87 2.49 x 10-1 
30 6.56 1Q-10 60 6.28 10-13 90 1.96 10-1 
35 5.47 10-10 =| 62 4.99 10-3 92 1.40 10-11 
40 3.82 x 10-20 | 95 9.90 « 10-22 
45 2.98 x 10-19 | 33+ 46 1.70 x 10-2 98 7.27 x 10-13 
50 1.93 10-19 =| 50 1.03 10-10 
55 1.43 1Q-10 54 7.4 x 10-1 34 95.7 1.10 10-4 
60 1.01 10-10 | 58 5.8 10-11 93 1.20 10-11 
65 8.9] 10-11 62 4.4 10-11 94 1.17 10-1! , 
70 6.41 10-11 66 3.2 10-1 95 1.28 x 10-1 
75 S13.x 10 | 70 2.1 1o-= 96 1.25 x 10-4 
SO 4.78 1Q-1! | 74 1.54 x 10-1 97 1.1] 10-11 
82.5 4.96 io 78 1.38 io 
85 5.02 10-11 | 80 1.24 10-11 35 3 5.97 1Q-10 
87.5 4.25 82 1.28 10-3 4.5 6.77 10-10 
90 3.61 10-1! 84 1.37 10-1! 6.0 7.74 
92.5 3.26 x 10-1 | 86 1.62 x 10-11 
95 3.19 x 10-4 | 88 1.64 x 10-4 
| 90) 1.7] 10-11 
16 3 5.01 10-29 | 92 1.63 10-11 
5 4.68 10-10 | 94 1.40 x 10-1 
4.16 10-10 
10 4.43 10-7° 27 52 9.44 10-11 
13 4.74 10-19 =| 54 9.60 10-1! 
15 4.65 10-2° | 56 9.60 10-11 
| 58 9.00 10-1! ‘ 
26 15 5.83 10-10 60 7.22 
20 7.00 10-10 | 62 5.94 10-1 | © 
25 5.75 10-10 | 64 8 10-1! 
30 5.30 10-11 66 14 10-11 | 
35 4.61] 10-10 68 l 
40 3.82 10-10 | 70 2 10-1! 
72 3 x | 
74 
76 x | 
78 9.03 
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TABLE 8. Interdiffusion coefficients at 925°C in 
gold-nickel alloys 


Atomic 
ee t 

No. pe I cen 
nickel 


Atomic 


er cent 
No. 
nickel 


D em2/see D em2/see 


* 


over the miscibility gap where D passes through a 
that the 
energies for interdiffusion should become very large 


minimum. It is shown later activation 


in this composition range because of the temperature 
dependence of the thermodynamic factor in equation 


TABLE 9. Activation energies and frequency factors for 
interdiffusion in gold-nickel alloys 
D D, exp (—Q/RT) 


Atomic 
Q (keal/mol) D, (em?/see 
per cent nickel 
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Thermodynamic factor for interdiffusion 
900°C, 


3. 


3.3. Marker and Porosity Observations 
Marker movements were observed by the method of 
da Silva and Mehl,“ using the tungsten-wire inserts 


previously described. In machining sections to 


determine the concentration-penetration curve, it was 


noted in which layer the markers appeared; the 


(Caiculated) 


4. Calculated 
efficients i 


35 
5 74x | 20 18 1.89 10-9 = 
10 72 10-9 20 1.69 10-9 — 
15 65 «x 10-9 22 1.49 10-9 0.5 
20 47 10-9 24 1.40 
25 47 x 10-° 26 1.25 x 10-9 ele 
30 27 x 10-° 28 9.97 10-10 
35 16 x 10-9 noes 
40 77 x 10-10 7 15 1.46 x 10-9 : 
45 20 1.26 
50 .84 x 10-10 25 1.13 10-9 ; 
55 2.22 1Q-10 30 1.04 10-9 
60 1.09 10-10 35 8.48 10-10 
62 5.40 10-11 40 6.7 1Q-10 
65 6.06 10-1 45 3.6 10-10 
67 |6.87 x 10-1 
70 8.45 «x 10-11 8 40 8.90 1Q-10 *N 
72 9.05 42 6.13 
77 10-10 48 98 1Q-1 
80 1.38 10-10 50 .48 10-10 
82 1.21 10-10 52 10-2 
85 1.08 10-10 55 .64 
87 9.36 10-11 57 
90 9.03 60 .65 1Q-10 
5 5 (149% 10%] 6 15 
15 9.87 10-10 80 .48 10-1 
20 7.30 1Q-10 82.5 97 
20 8 2.13 10-9 87.5 37 10-1 
10 1.96 10-9 90 86 10-11 
12 1.93 10-9 92.5 
14 1.97 x 10-8 95 | 
16 1.99 10-° | 96.5 8 
| | 
\ 
\ 
\ 
\ 
D (Observed )—~___ \ 
\\ 
\ 
| | | 
: \ 
+ \ 
5 \ 
ag 
\ 
\ 
2 41.4 4.3 x 10-2 sa \ aa 
20 43.7 9.5 10-2 - 
30 $3.9 7.8 
40 42.0 23 10-2 3 
50 42.4 1Q-? ] 
55 41.7 5.9 10-4 | 
60 48.8 6.8 10-2 
65 73.0 1.4 103% 
70 96.2 2.0 107 
75 105.0 6.2 108 AN 
QS 85.2 1.8 104 
Fic und observed interdiffus 
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accuracy of location was, therefore, only of the order 
of the layer thickness. The marker shift was taken 


as the distance between the marker position and 


the Matano interface. No consistent displacement of 


This is in line with the fact 
the self-diffusivities, D%,, and D¥,, and hence 


the intrinsic diffusivities, D,,, and Dy,, differ by no 


the markers was found. 
that 


more than a factor of 2 over most of the composition 


range (Fig. 1). Thus, a pronounced Kirkendall 
effect should not be expected in this alloy system. 

A small amount of porosity was observed in three 
of the pure-metal couples at 875, 900, and 925°C, but 
this was neglected, since the data were not used in 
the final correlations involving D. Occasional 
porosity was detected in the other couples, always 
the 


might 


on the nickel-rich (or slow 
Matano one 
anticipate from the work of Balluffi@” and Seith and 


(15) 


diffusion) side of 


interface in contrast to what 


Kottmann. However, the voids observed in the 
present work were not of the typical spherical or 
polygonal shape, but tended to be flake-like and 
irregular, suggesting that they might have originated 
from 
effect. In 


event, this porosity formation was almost negligible 


from internal ruptures rather than vacancy 


condensation due to a Kirkendall any 


and could be ignored in the incremental couples. 
4. CORRELATION OF THE DATA 
4.1. The Darken Equation 
The coefficients are 


thermodynamic activity 


10. Thermodynamic 
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available from the work of Seigle,’°) and hence the 
d\n fy;/d In Xx;) can be 
This 
Oand Xx; 
but it drops to a level of only 0.1 in the composition 


thermodynamic factor (1 
calculated, as shown in Table 10 and Fig. 3. 
function has a value of unity at Xy, 


range just above the peak of the miscibility gap, 
where the observed interdiffusion rate also becomes 
quite low. The uncertainty in the thermodynamic 
factor is a maximum in this range, and may be as 
high as +-50°,. 

Based on the values of DX; and D%, and the 
thermodynamic factors, the calculated interdiffusion 
coefficients at 900°C are shown in Fig. 4 along with 
the from 

the 


derived 


coefficients 
The 


observed values of D agree reasonably well over the 


measured diffusion 


the incremental couples. calculated and 
entire composition range; both curves have similar, 
but not identical shapes,. However, exact coincidence 
is not to be expected in view of the various experi- 
mental errors. 

Clearly, the minimum in the interdiffusion curve 
is produced by the thermodynamic factor, and not 
by the smoothly varying function (Xy; D¥,, + X4,, D¥; 
involving the self-diffusion coefficients (Fig.1). This 
means that the strikingly low interdiffusion rates 
prevailing in the composition range over the peak 
of the miscibility gap result from the low thermo- 
dynamic driving force in this region, rather than 
from any anomaly in the atomic mobilities. 


In view of this substantiation of equation (5), 


factors and self-diffusion and interdiffusion coefficients fo1 


gold-nickel alloys at 900°C 


Diu 


0.60 
0.65 
0.70 
0.75 
0.90 
0.95 


1.00 


* ~ 
DNj D (caleulated) Diobserved) 
10-1! em?/see 10-1! em?/see 10-11 em?/see 


\ 
X(N l 10-11 em2/sec 
1.00 QQ QQ G0) 
0.05 105 SY SS 
0.10 0.72 125 115 83 82 
O.15 0.63 132 120 77 75 
0.20 0.57 135 120 70 70 
0.25 0.51 132 114 60 60 
0.30 0.45 130 105 50 51 
0.35 0.41 LIS 92 4] $2? 
0.40 0.38 106 78 34 32 
0.45 0.36 Qt) 62 97 22 
0.50 0.33 75 50 2] 14 
0.55 0.31 5S 36 15 8.58 
0.25 42? 28 9.1 5.5 
0.20 28 19 5.0 » iy 
0.16 19 13 2.0 2.3 
0.12 12 8.2 1.4 1.6 
0.11 8.0 4.8 0.82 1.2 
0.20 4.5 2.5 0.90 1.5 
0.33 3.0 1.2 0.93 1.7 
0.60 0.4 O.9S 1.3 
|] 1.00 1.0 0.06 1.0 1.0 
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2 
Do cm/sec 


° 


Q" kcal/mol 


l l 
0.5 1.0 
Xni 


ric. 5. Frequency factors and activation energies for 


self-diffusion in Au-Ni alloys. 

the intrinsic diffusion coefficient, D,,, and D,y,, can 
now be computed simply from equation (4) and the 
mobilities, B,,, and By,, from equation (3). 


4.2. The Temperature Dependence 


The activation energies and frequency factors for 
the self-diffusion of nickel and gold are plotted as a 
function of composition in Fig. 5. The activation 
energy for nickel appears to have a slight minimum 
in the neighbourhood of 65 atomic per cent nickel, 
whereas that for gold occurs near 35 atomic per cent 
The indi- 


probably 


nickel: otherwise the trends are similar. 


vidual values of activation energy are 


no better than +-2000 calories per mol. 

Little significance can be attached to the dependence 
of the frequency factors on composition. However, 
they were used to calculate the entropies of acti- 
Table 11. With the exception 


of the value for nickel at 65 atomic per cent, all of 


vation,“® as given in 
the entropies of activation are positive, but there is 
no obvious relationship between the values for gold 
and nickel. 

The 


(0.26 em?2/sec and 45.3 kcal/mol) for the self-diffusion 


frequency factor and activation energy 


of gold in gold (Fig. 5) are the same as previously 
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TABLI ae Entropies of activation for self-diffusion in 


gold and nickel in gold-nickel alloys 


Atomic 


per cent 


AS(Au 


nickel 


published.“ For the self-diffusion of nickel in 


nickel, the corresponding quantities are 0.40 cm?/sec 


and 63.8 keal/mol. 
the 


which may be compared with 


values of 1.27 cm?/sec and 66.8 kcal/mol as 
recently published by Hoffman, Pikus, and Ward.‘? 

The activation energy for interdiffusion Q is not only 
related to the activation energies for self-diffusion 


but also to the temperature dependence of the 
thermodynamic factor. 


that: 


It is shown in the Appendix 


i) 


t 


where Q* pi* 

R [(X,/R) dH,“ /dX,\/[1 
dH,“ /dX, (X,/R) dS,"/dX,] 
K exp (Q¥ — QF)/RT 


X,D> 


activation energy 


appare nt 


diffusion, 


contribution iising irom temperature 


dependence of the self-diffusion co 
efficients 
contribution arising from 
dependence of the thermodyna 


H* relative partial molar enthalpy 
43 
excess partial molar entropy 
The 


diffusion data alone (see Appendix) and ar¢ 


values of QY* are calculated from 


in Fig. 6 


Gr would he the temper rature cle pe naen¢ 


for interdiffusion if the thermodynamic factor wer 


unimportant. This appears to be a smoothly v 


function with no irregularities at compositio 
above the miscibility gap 


The 


factor to the activation energy for 


contribution of (Vr) of the thermodynamk 


interdiffusion 1s 


also evaluated in the Appendix It becomes quite 


pronounced at compositions above the miscibility gap 


Values of Q calculated from the right-hand side of 


equation (7) are also shown in Fig. 6 along with the 


37 
2.0 
AS(Ni 
(7) 0 8.1 7.6 
06, Ni 10 10.1 
\ \ 20 9.9 1.4 
\ 35 10.5 
50 4.4 5.5 
65 0.4 8.6 
3.7 
LOO 71.4 10.6 
0.5 ” | 
+ 
50 
* 
> 
7 
0 
ad tel 
Q* — 
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Q (Observed) 


Activation Energy kcat/mol 


1.0 

Fic. 6. Activation energy for interdiffusion (Q) as measured, 
and as 
diffusion and the 


activation energies for self- 


dependence of the thermo- 


calculated from the 
temperature 
dynamic factor. Y” is the temperature dependence of inter 


aside from the effect of the thermodynamic factor. 


diffusion 


values of Q, from the D 


measurements. The agreement between Q (calculated) 


as determined directly 


and Q (observed) is not outstanding, but this is 
undoubtedly due to the greater uncertainty of all 
the experimental terms in equation (7), compared 
to the corresponding terms in equation (5). This is 
why more weight should be placed on the comparison 
of D (caleulated) with D (observed) in Fig. 4 than of 
Q (calculated) with Q (observed) in Fig. 6. 


Nevertheless. 


thermodynamic factor appears to contribute strongly 


the temperature dependence of the 


to the activation energy for interdiffusion, especially 
at compositions near the miscibility gap, and in all 
probability, accounts for the exceptionally high 


activation energy in this range. 
5. CONCLUSIONS 
On the basis of these findings, it is concluded that 


the 
coefficients and the 


the Darken equation, relating interdiffusion 
coefficient to the self-diffusion 
chemical potential gradient, has been verified experi- 
mentally in gold-nickel alloys. This provides a good 
test case, because of the noteworthy thermodynamic 


behavior of the system. 
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It is also shown that the temperature dependence of 
the thermodynamic factor may have a profound 
influence on the activation energy for interdiffusion 
in these solid solutions. This effect is superimposed 
upon that due to the ordinary temperature dependence 
of the self-diffusivities or mobilities. 
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APPENDIX 


Relationship Between the Activation Energies 
for Self and Interdiffusion 


When analysing the temperature dependence of the 


interdiffusion coefficient, D, it is customary to assume 
that there is a linear relationship between In D and 
1/7 and to derive an activation energy, Q, and a 


frequency factor, D, on the supposition that 


D = D, exp (—Q/RT) (Al) 


100 
90 
\ 
80 
/ \ 
/ \ 
/ \ 
‘ / \ 
70 Q (Calculated) \ 
/ 
/ 
60 (100 Au 
ar 
50 at A 
{ 
| 
lt 
l: 
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It will be shown that this equation is only an approxi- 


mation, and that the values obtained for Q and D, 
may have little physical significance. 


Activation Energy 
Assuming the usual temperature relationships for 
the self-diffusion coefficients, equation (5) becomes 


D [X, exp (—Q,.*/RT) 


exp (—Q,*/RT)] [1 d\n f,/d In x,] (A2) 


The experimentally determined value of Q corresponds 
to Rd in D/d(1/T) and according to equation (A2) 
will consist of two additive components 


Q* 


where Q* is the contribution arising from the tempera- 


(A3) 


ture dependence of the self-diffusion coefficients and 
@, the contribution from the thermodynamic factor. 
We shall first derive the value of Q*. 

Differentiating the logarithm of the first bracket of 
equation (A2) with respect to 1/7 


= exp (Q,*—Q.*)/RT] 
1 1“ 0,2 0,1 1 2 


exp (Q.*—Q,*)/ RT. 


(A4) 


This expression can be simplified by defining a 


parameter p, such that 


p K exp AQ*/RT] 


1/{1 X ,D,*/X,D,*] 
where 
K X, 
and 
AQ* 


— Q,*. 


[t will be noted that p can have values between 0 and 1, 
and that p ~ 0 corresponds to X,D,* X,D,* and 
l to X,D,*> X,D,*. 

Substituting p in equation (A4) 


p> 


Q* pP)Qs*. (A6) 


(J* will therefore have a value intermediate between 


pQ,* 


@,* andQ,*. Q* is temperature dependent as indicated 


by the derivative 


dQ*/d(1/T) p(l — p) (AQ*)?/R (A7) 


Since p is always positive, any deviation observed in 


the plot of InD versus 1/7’ for an ideal solution will be 
such that the curve is convex with respect to the origin. 


Equation (A7) has a maximum value of 


[dQ*/d(1/T)] (AQ)?/4R (A8) 


max 
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Fic. Al 


in Y@* greater than 


Limiting values of K and AQ* 
2000 cal/mol 


1190 


a plot « 


the temperature rang o SIO K! 


which occurs when p corresponding 


condition 


In 


The shaded Fig. A defines the limitin 
values of K and AQ* which correspond to 
in QY* greater than 2000 cal/mol over the temperature 
L190°K. If it is 


ture variation of Q* less than this cannot 


+ 
t Varlatiol 


range issumed that 


tempera 
experimentally, Fig. A-1 indicates that no 


from linearity will be observed if A 
AQ* 
We shall now 


bution 


eal/mol 


the thermodynam 


conside! 


/ to the activation energy. Definin 


din f,/din X, 


1 + (X,/RT) dH.“ /dX, —(X,/R 


relative partial molar enthalpy « 


excess partial molar entropy ol 


then, 
Rdinm/d(i 


(X,/R 


a 


it being assumed that H,” and S,” are independent 
temperature. 

For the special case where S,’ ), (1.e 
mixing is ideal) equation (A10) reduces to 


the entropy o 


RT \(m L)/m 


39 
| 
| \ 
3 X 
» 
X 
x 
K 
x 
x 
sol 
6| X 
X 
X 
| \ | 
| 
t ly ] j 
— 
vOL. — —AQ*/RI 
(A5 
of 
R [(X,/R) dH,“ X,/RT) dH X 
All 
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If m 
deviation 
1)/m|] - a 


the maximum value of Q, is of the order of 


| (which usually corresponds to a negative 
the 
Hence at a temperature of 1000°K 
2000 


from an_ ideal _ solution) factor 


| (m 


cal/mol, which would normally be within the experi- 


mental error. On the other hand, if m < 1 (which 


usually corresponds to a positive deviation from 


ideality), then [(m 1)/m]| varies between 0 and oo. 


The variation of Q@, with m at a temperature of 


LO00°K is plotted in Fig. A-2, from which we see that 
the thermodynamic factor can contribute significantly 
to the 
For example, if m 0.3 then Q-p 


energy in these 
- 5000 cal/mol. 


measured activation cases. 
Differentiating equation (All) with respect to 1/7’, 
and remembering that m is temperature dependent, 


we obtain 


d(1/T) R{T(m (for S,” 0). 


(A12) 


L)/m |? 


Thus, values of m, 


consequently a plot of In D versus 1/7’ will be concave 


dQ r d(1/T) is positive for all 


with respect to the origin if there is a significant 


contribution from the thermodynamic factor. 


(A6). (All) we 


Combining equations (A3), and 


obtain 


Pp ( | P)Qs* RT | )/m 


(for S,” = 0). (A13) 


0, the 


in equation (Al3) has to be 


If. as is the case with the Au-Ni system, S,” 
RT (77 
replaced by the value of Q, given in equation (A10), 


term 1) m| 


and this becomes 


pQ,* (1 


t 


p)Q.* — R[(X,/R) dH," /adX,] 


(X,/RT) dH,™ dX, — (X,/R) dS, /adX,]. 
(Al4) 


Equation (Al4) was used to calculate the values of 
Q (calculated) plotted in Fig. 6. 


data of Seigle’® 


The thermodynamic 


were used. 


VOL. 


1.0 


with m for a temperature 


d\n 
dina, 


2. Variation of 


of 1000°K. l 


Fre quency Factor 
Substituting in equation (Al) for D (equation A2) 
and for Q (equation Al3) we can obtain the following 


expression for 


In D, = pn (X,D¥,) + (1 — p) In (X,D¥,) 


0,2 
1)/m| 


(A15) 


In m [(m 


[p In Pp (1 p) In (1 


For an ideal solution (m 1) the limiting values of 


and X,D;5, 
| respectively. If X,D,* and X,D,* 


the same order of magnitude, D, will have a 


are corresponding to 
p = 0 and p 
are 
value between these limits, and this value will vary 
depending on the temperature range over which Q 
is measured. 

In nonideal solutions, the value of D, will always be 
increased because the thermodynamic term: In m 


[(m 


1)/m] is positive for all possible values of m. 


For m> 1, the increase in Dy is relatively small 
then Dy 


0.6, 0.2, 


(20 per cent at m 2.0). However, if m - 
increases rapidly as m is decreased; at m 
and zero, the multiplying factors are 1.2, 10, and 


infinity, respectively. 
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ALPHA BRASS* 


INTERNAL FRICTION AND DIFFUSION IN 31°, 


) 


J. HINO, C. TOMIZUKA,? and C. WERTS 


A study has been made of the internal friction in 31% « brass. The relaxation time, 7 
has been measured over 9 cycles of ten; this corresponds to data obtained in the rai 
7, iS represented over this range by the expression 8.57 10-16 exp(37.800/RT 


tracer coefficients of both Cu and Zn in single crystals of 31% « brass have also bee 
diffusion coefficients are fitted by the expressions 
0.34 exp $1,900/RT) 
0.73 exp 10,700/RT). 
Since the activation energy for the internal friction phenomenon is sig 
diffusion of either of the constituent metals, it is presumed that the 
not simply related to radioactive diffusion. It is shown, however, 
pertain to diffusion in a concentration gradient, and which can be calcu 
are more closely related to the internal friction data. If this empirical correlation is 
it follows that the order peak is a manifestation of the diffusion of the Zn atoms 


FRICTION INTERNE ET DIFFUSION DANS LE LAITON «@ (31 


Lors d’une étude par friction interne du laiton « (31%), le temps de relaxation 7 du pic d’ordr 
mesurée pour des fréquences allant de 10 a 109 cycles, ce qui correspond aux données obtenues dans 
domaine de températures de 175 a 575°C. Dans cet intervalle, + est représenté par l’expression 
8.57 1Q716 exp (37,800/RT) see. 

Les coefficients de diffusion des traceurs radioactifs, tant Cu que Zn, dans des monocristaux dé 


(31°) ont également été mesurés. Ces coefficients s’expriment par: 
0,34 exp (—41,900/RT') 
0,73 exp (—40,700/RT) 


Puisque l’énergie d’activation du phénoméne de friction interne est profondément d 
correspondant & la diffusion de l'un ou l'autre des métaux constituants, on peut sup] 
méne de friction interne n'est pas relié & la diffusion radioactive de fagon simpk 

On montre cependant que les coefficients relatifs a la diffusion dans un gradient di 
déductibles des coefficients des traceurs, sont mieux en accord avec les valeurs dé 
Si cette corrélation empirique a une signification physique, il s’ensuit que le pic d’or« 
a la diffusion des atomes de Zn. 


INNERE REIBUNG UND DIFFUSION IN 31-PROZENTIGEM 


An a-Messing mit 31% Zn wurden Untersuchungen iiber die innere Reibung 
Relaxationszeit des Ordnungs-Maximums 7, wurde iiber 9 Zehnerpotenzen hinw 
Messungen bei Temperaturen zwischen 175°C und 575°C entspricht In diesem Berei 
Relaxationszeit 7, durch den Ausdruck 8,57 10-'® exp (37800/RT) see wied 
wurden mit radioaktiven Isotopen die Diffusionskoeffizienten von Cu und Zn in 


mit 31°, Zn bestimmt. Diese Diffusionskoeffizienten sind folgendermassen aus 
Deu 0,34 exp 11900/RT) 
0,73 exp 10700/RT 


Da sich die Aktivierungsenergien des Dampfungsvorgangs und der Diffusion 
komponenten deutlich voneinander unterscheiden, ist zu vermuten, dass zwiscl 
vorgang und der Diffusion der radioaktiven Isotope kein einfacher Zusammanhang 
jedoch gezeigt, dass die Diffusionskoeffizienten, die der Diffusion in einem Konze 
entsprechen und die aus den hier gemessenenen Koeffizienten berechnet werden kénn« 
Zusammenhang mit den Dampfungsdaten stehen. Wenn dieser empirischen Korrelat 
ische Bedeutung zukommt, dann folgt daraus, dass sich in dem Ordnungs-Maxu 
Reibung die Diffusion von Zn-Atomen Aussert 


* This work was supported in part by the Office of Ordnance +t Now at Westinghouss 
Research, U.S. Army and by the United States Atomic Energy t Now at University of 
Commission. This paper is a condensation of a thesis submitted § Departments of Meta 
by J. Hino to the graduate college to fulfil one of the require Illinois, Urbana, Illinois 
ments for the degree of Doctor of Philosophy in Metallurgical 
Engineering. Received January 27, 1956; revised version 
April 16, 1956. 
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1, INTRODUCTION 

The use of radioactive tracers in the determination 
of diffusion coefficients has been highly successful. 
This use has, however, not solved all of the problems 
in experimental diffusion work because the method 
still depends on the attaining of a considerable pene- 
tration of the tracer into the bulk material. This has 
limited its use to temperatures where the diffusion 
coefficient is still relatively large, say 10~!* cm?/sec or 
This 


many processes occurring in metals and alloys via the 


greater. limitation is oftentimes serious, for 
mechanism of diffusion take place at temperatures 
where the diffusion coefficient is appreciably lower. 
the 
temperatures, one has been required to extrapolate 


To know diffusion coefficients at these lower 
high-temperature results, an extrapolation which was 
oftentimes not warranted. 

For proper measurement of diffusion coefficients at 
low temperatures, there has long been needed a method 
the 


There does exist a method which can 


which will measure motion of atoms on an 
atomistic scale. 
conceivably do this in certain alloy systems; this is 
a method using the internal friction of these alloys. 
The attempts at this application of internal friction 
extensive but in some cases have given 


are not 


strikingly good results. This paper reports the results 
of a further application of internal friction to this 
problem. 

Perhaps the earliest claim for this technique as a 
method of measuring diffusion coefficients was that of 
Ké. He declared that the activation energy for the 
internal friction of the grain boundary in metals and 
alloys was the same as that for diffusion.” His claim 
was based on his observation that the activation 
energy he measured for the grain-boundary internal 
friction of iron and « brass was close to those values 
Hence, 


a constant of order unity (which he could 
could write the value of D at the 


then quoted for diffusion in these materials. 
except for 
not determine) he 
temperature where the internal friction of the grain 
boundary was a maximum. Later work on the self- 


diffusion of iron and further work on the internal 
friction of other metals and alloys have demonstrated 
that Ké’s claims were only approximately correct. 

A second attempt to use internal friction to measure 
diffusion coefficients is in the field of the interstitial 
alloys. Within certain limits which were clear from 
the outset, the work has been highly successful. In 
the past five years the technique has been used to 
measure diffusion in such alloys as C and N in «-iron,) 


of O and N in Ta, Nb. and V,®:; ® 


alloys of iron.) For a detailed description of these 


and of N in some 


applications and their results, the reader is referred to 


VOL. 5, 


1957 
the original works; however, in the next section a 
brief resumé of the method is given because of the 
bearing this has on what will follow. 

The diffusion coefficient for interstitial diffusion in 
the cubic system is simply expressed in terms of 
geometrical constant and the mean time of stay of an 


atom at a given lattice site. Explicitly, this expression 


Is 


D = Ke?|r, (1) 


where « is the lattice spacing, 7 the mean time of stay 
and K a geometrical constant (1/24 for b.c.c. and 1/12 
D from a detailed 

it is then only 


for f.c.c. lattices). To determine 


observation of atom movements, 


necessary to determine 7 (if « be known). It is in 
general not possible to determine 7 directly, but it is 
possible to determine another time, 7,, which is closely 


This quantity 7, is the relaxation time of 
the 


related to r. 


an internal friction measurement; it is time 
required for an appropriate redistribution of atoms 
after the application of an external stress to the 
material. The times 7 and 7, are proportional to each 
the 


measurement of D at a 


other, a calculation for b.c.c. lattices gives 


~ (3/2)r (2) 
‘ e ‘r 

certain temperature simply requires a measurement 
of 7, at this temperature, for D can then be calculated 


Hence a 


directly from eq. 1. 

After the successes of the internal friction method 
in this application, attempts have been made to use it 
for other types of alloys. One of the most persistent 
of these attempts has been that of its application to 
substitutional alloys. Nowick'® and Le Claire‘ have 
demonstrated that an anelastic process exists in some 
substitutional alloys which might very well be useful 
here. This anelastic phenomenon exhibits itself as the 
ordering peak in such alloys as Cu-Zn, Ag-Zn, and 
Mg-Cd. 
this internal friction effect must be closely related to 


Nowick and Le Claire have demonstrated that 


diffusion in the alloy since the activation energies for 
the two processes are about the same. 

their 
conclusive. Not only was their internal friction work 


Unfortunately, work is not absolutely 


not extensive enough; but more importantly the 
diffusion data with which they compared it were not 
accurate enough. The present experiment was an 
attempt to improve on their work in both respects. 
The detailed objectives of the experiment are set forth 
in the paragraphs which follow. 

The overall objective of this work was to see if, in 
an alloy of « brass, the internal friction which gives 
rise to the ordering peak is closely related to diffusion. 
This was to be done in the following way: The internal 
friction effect was to be measured over a wide range of 
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frequencies so that a highly accurate activation energy 
could be obtained. Also, diffusion should be measured 
by radioactive tracer methods over as large a tempera- 
ture interval as possible so that accurate activation 
energies could be obtained for diffusion of both Cu and 
Zn. A comparison of the activation energies of the 
internal friction and diffusion should then show 
whether the internal friction phenomenon is more 
closely related to the diffusion of Zn or Cu. 

Once this was done, the aim was to determine the 
coefficient C in the expression 


D 


r 


where « is again the lattice parameter and 7, the 
relaxation time of the damping experiment. It 


presumed that D would depend on temperature in 


Was 


this expression only through the dependence of 7, on 
temperature. To make the determination of C more 
the 
extended to as low a temperature as possible by long- 


accurate, diffusion measurements were to be 


time diffusion anneals and the internal friction effect 
was to be pushed to as high temperatures as is 


conveniently possible by using high frequencies. 


Extensive extrapolation of the data from the one 


measurement into the region of the other could 


thereby be avoided. 


2. EXPERIMENTAL PROCEDURES 
AND RESULTS 


The two parts of the investigation, diffusion 


measurements and internal friction measurements, are 


practically independent from an experimenter’s point 

of view, so they will be described separately. Further- 

more the procedures used in each have been adequately 

described earlier, so they will not be repeated here in 

great detail." 

2.1. Tracer Diffusion 
The 


experiments were measured by the usual radioactive- 


diffusion constants used in this 


tracer techniques using Zn® and Cu®*. Single-crystal 
specimens were used to minimize the short-circuiting 
This 


especially important since the measurements were 


paths provided by the grain boundaries. was 
made to rather low temperatures where grain-boundary 
The 
were made using the procedures and equipment 
developed by Tomizuka, Slifkin 
® A few additional pertinent 


diffusion is important. actual measurements 


Lazarus, and and 
described by them.“: 
details are described in the following sections along 


with a presentation of the results of the measurements. 


INTERNAL FRICTION 


series of 


AND DIFFUSION 
AT. % Zn 


3) inches 


DISTANCE ALONG CRYSTAL 


{| | 
30-32 
AT. % Z n 


brass 


crystal of 31 


Zn* was prepared by melting and mixing spectro- 


Diffusion of Zn and ¢ “ina homoge neous single 


“fn brass. A single cry stal of about 31° 


graphically pure metals in a high-purity graphite 


crucible enclosed in an evacuated vycor capsule 


After the metals were thoroughly mixed, they wer 


and the lowered throug! 


melted capsule was 


Bridgman furnace. This attempt produced a tricrystal 


which consisted of one large ervstal with two narrow 


grails running along the length of the large crvysta 


s annealed for one week ata tempel 


The ingot wa 
about 25° below the solidus for the alloy Thi 
ment resulted in the disappearance of the s1 


and the crystal was now a sound sing 


was about 3” in diameter and about 6” lor 

All specimens used for diffusion measurement 
cut from this one crystal. The large erysta 
into 13 pleces as indicated by sket¢ h ot Fig 
wafer-like segments about 
thickness were used for the me: 
conical point and three other wafers distribut 
the specimen were used for chemical anal 
analy ses of these segments are given on thi 


The 


were carefully 


used for the diffusion measu 


treated to 


waters 


remove the cold 


material produced by the sawing Both faces o 


segment were ground flat through series of metal 


lographic abrasive papers to a final grinding with 3-0 


nis composit 


a 


| | | 
| 
| 
5 | | 
| | 
| 
| 
JOL. 
| 
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grit. After this they were etched in a solution of 
1:1 HNO,. They were then annealed at 250°C for 
12 hours and finally were heated to 900°C at a rate of 
about 35°C/hour. After being held at 900°C for several 
hours they were slowly cooled to room temperature. 
This heat treatment was carried out in vacuum. All 
the samples were single crystals after the anneal. 

Eight of the specimens produced by this treatment 
were used in the measurements. Alternate slices were 
used for determinations of D for the zine and the 
copper: the even-numbered slices being used for the 
copper and the odd-numbered slices for the zine. 
After measurements of the copper data, specimens 4 
and 8 were reprocessed and used for further zinc 
measurements. This was possible because the radio- 
active effects of the copper isotope of short half-life 

12.9 hr) soon disappeared. 

The specimens were then plated with radioactive Cu 
or Zn and were sealed off in evacuated vycor capsules. 
These capsules were placed in annealing furnaces for 
times estimated to be appropriate for the various 
annealing temperatures. The diffusion furnaces were 
maintained at the set temperatures +3}°C for the low 
temperatures and +-1°C for the high. The specimens 
were then sliced in a precision lathe and the diffusion 
profiles were obtained by measuring the activity of the 
slices. Appropriate amounts of the cylindrical surfaces 
were removed prior to slicing to make sure that no 
effect of diffusion from the cylinder walls remained. 

The values of D calculated from plots of the activity 
data are tabulated in Table 1 and 2 and are plotted in 
Figs. 2 and 3. These data are fitted with the 
expressions 

D',,, = 0.73 exp (—40,700/RT) 
0.34 exp (—41,900/RT). 


Diffusion of Zn in alpha brass 


D Zn em?*/see 


1.70 10-8 
6.60 10 
3.06 10 
1.32 
2.93 LO 
? 69 LO 


Diffusion of copper in alpha brass 


u em?*/see 


2 
cm 
‘sec 


10-9 


= 


90 1.00 l000/, 1.10 


‘1a. 2. Diffusion coefficients of Zn in 31% «a brass. 


-34 


| 


1000 1.00 


Fic. 3. Diffusion coefficients of Cu in 31% x brass. 


5, 1957 
107% 
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/ 
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10-9 | 
TABLE | 
/ 
\ 
| 898.7 Q 
$34.7 
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8 744.6 \ 
5 673.5 
TsaBLE 2. b 
Spec. No Temp °C 
2 905.3 5.8] 
4 805.7 1.10 x 10-9 
729.2 2.51 x 10-1 
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2.1.2. Diffusion of Zn in pure Cu. Since the self- 
diffusion of pure Cu has recently been determined in 
this laboratory,“ it seemed desirable to complete 
this 
diffusion constants for Zn into Cu. This experiment 


series of measurements by determining the 
was carried out in a manner similar to that described 
Single crystals of spectrographically pure 
the These 


crystals were cut into wafers which were polished, 


above. 


copper were grown from melt. single 


etched and annealed in the same manner as for the 
The 


coefficients were also made in the same fashion. 


brass specimens. measurements of diffusion 
The values of D obtained for these measurements 
are tabulated in Table 3 and plotted in Fig. 4. These 


values of D are fitted by the expression 


0.34 exp (—45,600/RT). 


Diffusion of Zn in pure Cu 


TABLE 3. 


Spec. No. em? 


1049.0 


800 °C 


F \!000 900 


= 


| 


80 30 1.00 
10004 


Fic. 4. Diffusion coefficients of Zn in pure Cu. 
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The data of the 


with the 


2.1.3. Summary of diffusion data 
preceding two sections togethe data of 
Kuper et al. on self-diffusion in Cu are summarized in 
Table 4. 


this table. 


The probable statistical error is also listed in 


rABLE 4 


$7,100 8300 
15.600 
$1.900 LOO 


10.700 300 


2. Anelastic Measurements 


The internal friction of x brass has been investigated 
1,11, 12,13) "This 


Nowick‘® has 
That 


by a number of workers work 


together with the work on « Ag-Zn by 


vielded a large amount of information part of 


the internal friction caused by ordering under stress 


has been studied particularly carefully and the various 


investigations agree rather closely concerning the 


details of the pheomenon. The chief facts of interest 
are (1) that the magnitude of the effect goes up roughly 


as the square ol the zine content and (2) that the 


process is an activated process (with an activation 


energy) around 40 keal/mol for 


x brass). Furthermore 
the activation energy decreases with increasing zinc 
content as is also the case for diffusion in the allovs 


An alloy of 


chosen for the present work 


composition around 30°, zin 


inalysis showed the 


actually used had a composition 31.7 Zi 


choice was made so that the magnitude of thx 


would be relatively large and the measu 


correspondingly more accurate tha 


lower composition Furthermore 


accuracy in the activation energy 


Aas wide a range in 


were made to covel 


as could be done. The frequencies finall 


ke/see, around | e/s, and around 0.00] 
measurements were made successfully usi 
electric method at 37 ke/s, the torsional 


l c/s 


frequency 


and the elastic aiter-effect at 


around 0.001 e/s The temper: 


which it was estimated the maximum damping 
occur were around 600°C. 300°C. and 200°¢ 
details of each of the 


relaxation time 


+ 


three me 


suremel 


Measurement at 37 | 


at high Irequency 


jiezoelectri( drivel method 
I 


uses a rod-like specimen matched in frequen 


] 


quartz bars; the quartz rods used demanded s] 


= = 
Cu Cu 2) 03 
Cu in 31°, brass 24 0] 
Zn in 31% brass es 73 + .08 
2 979.8 3.96 x 10-8 
3 902.3 L.O7 
JOL. 5 605.2 1.62 x 10-22 
700 650 | 
| 
| Zn). Thi: 
10-9} 
’ 
34 £456 | for an alloy o 
cm 
/sec 
relaxation t 
c/s. 1 
= 
ul 
| eenau 
| 
| 
| Measurement of 
|: made using 
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a—brass (31.7% Zn) 
freq.= 37 kc 


peak temperature 
576°C 


1.18 


\000/- 


Fic. 5. Damping peak in « brass at 37 ke. 


\” in diameter and about 2” long. Two such specimens 
were cut from an ingot of brass prepared from Cu and 
Zn from the same lot as was used to make the diffusion 
samples. This ingot was prepared by melting appro- 
priate amounts of Cu and Zn in vacuum inside a vycor 
in 

The 


two pieces used in this measurement were cut from 


tube. The resulting ingot (a cylinder about 


diameter and 5” long) was swaged to a }” rod. 
this rod. The remainder of the rod was swaged and 
drawn to a diameter of 0.03” for use at the lower 
frequencies. 

The two } 
were a half-wavelength long at 37 kc. The damping 
The oscillating 


"rods were ground to length so that they 


measurement was then carried out. 


system consisted of the usual driver-gauge pair of 


quartz crystals in combination with the fused quartz 
extension rod and the metal specimen. The whole 
resonator was 6 half-wavelengths long. This assembly 
was inserted in vacuum in a furnace after the method 
of Marx and Sivertsen"® and the damping peak was 
measured. The measurement for one of the runs is 
shown in Fig. 5, where the peak is found to occur at 
576°C. Several more runs gave close to this same 
result. 

Measurement at 1 c/s. At 1 c/s the damping 
measurements were made on a wire 0.03” in diameter 


using a torsional pendulum of the type described by 
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Ké.”) This measurement was repeated a number of 
times on several samples using frequencies of oscil- 
lation close to 1 c/s. Numerous curves showing this 
damping peak at 1 c/s have already been published, so 
none are shown here.“1!, 12) 

2.2.3. Elastic-after-effect. For measurement of 7, at 
temperatures where it becomes larger than a few 
seconds, the torsional pendulum gives trouble. Where 
7, is large, then, it is simpler to use the elastic-after- 
effect; this has been done in the present work. In this 
technique the magnitude of 7, is determined by 
observing the rate of change of strain which occurs 
after a given change in stress. When the process is a 
single relaxation time (as is close to the case in this 
alloy), the strain is given as a function of time by the 
expression 


E, = &p Exp ( (3) 


where ¢, is the anelastic strain at time ¢, ¢, the total 
anelastic strain recoverable and 7, the relaxation 
time.* 

With the apparatus used in this work, 7, is most 
conveniently determined when it lies in the range from 
about 100 to 5000 sec. Eleven measurements of 7, 
200°C. The 
was determined by observing the 


were made at temperatures around 
relaxation time 7, 
time at which e, had decreased to 1/e of its initial value. 

A summary of all of the anelastic measurements is 
made in Fig. 6 where the value of log 7, is plotted as a 
function of 1/7’. The data are seen to fit on a straight 
line showing that 7, does obey (over this temperature 


range at least) the expression 


7, exp (AH/RT). (4) 


Ty 
From the data of Fig. 6, one can calculate the constants 


in eq. 4; they are 


T, = 8.6 x sec 


and AH 37,800 cal/mol. 


This value of AH is about the same as that obtained 
by Childs and Le Claire@®) (37,300 cal/mol) and 
Kunitomi™®) (38,000 cal/mol). The slight differences 
observed are perhaps caused in part by differences in 


alloy composition. 


3. DISCUSSION 


The most important point in an analysis of the 
preceding results is to see if a connection can be found 


between the anelastic effects and diffusion. The first 


* Strictly speaking the relaxation time which appears in 
this expression 18 Tg; the relaxation time at constant stress. 


When €, 
true in « brass, then 7, 


is small (as compared to the Hooke’s law strain) as is 
is about equal to T;- 
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AND 


| 
500 400 


INTERNAL FRICTION 


16 


:. 6. Relaxation time as a function of temperature. 


step in this analysis must be a comparison of the 
activation energies for the diffusion of Cu and Zn in 
the alloy with that of the anelastic phenomenon. The 
values observed are 41,900 cal/mol for the tracer 
diffusion of Cu and 40,700 for Zn. 
compared to the value of 37,800 for the anelastic 
effect. 


inaccurate by no more than 1% it seems clear that the 


These are to be 


Since each of these values is thought to be 


anelastic phenomenon is not that of tracer diffusion of 


either component in a homogeneous alloy. This is 
perhaps not too surprising, but it is somewhat disap- 
pointing for it means that internal friction methods 
(in this alloy at least) cannot be used in a simple 
manner to accurately extend tracer diffusion measure- 
ments to low temperatures. 

However, it can be demonstrated that the method 
may indeed have some value in diffusion measure- 
that the 
measurements give a closer fit to diffusion coefficients 
the 
chemical diffusion coeff- 


ments; it is possible to show anelastic 


which would be determined in presence of a 
concentration gradient, i.e., 
cients. Such a conclusion will be developed in the 
next paragraphs. 

From the tracer diffusion coefficients as presented 


in section two, one can calculate other quantities 


AND DIFFUSION 


TABLE 5. Calculated values of 8 and D 


Temp. P Zn D zn 


4.40 
1.81 
8.73 
3.93 
9.39 
9.53 10° 


commonly used to characterize diffusion. These are 
(1) the the 


coefficient which would be observed in a non-homo- 


mobility and (2) chemical diffusion 


geneous alloy. The mobilities 6,, may be determined 
from the tracer diffusion coefficients D, using the 
expression 


B, = D’,|KT. 


The values of the chemical diffusion coefficients, D, 


obtained from the WD’. with Darken’s 


(16) 


may be 
expression 
olny 
/ 


D, 


of 


This equation expresses the D, in terms of the D’,, th 
atomic fraction, f,, of the ith atom and the chemical 
activ ity coetticient, Y In Table 5 there are prese nted 
the values of p and D. calculated from the data of 
Tables 2 and 3 using the above expressions. For these 
calculations the Fishei 
Hollomon, and Turnbull from the data of Hargrea 


values ot obtained by 


were used, (17 Since the value of y, May be inaccul 


these values for D, are probably not as accurate 
values for the D’, 
From these values of § and D activation ene 
mobility and for chemical diffusion of Cu a1 
calculated. These val 


listed in Table 6 along with the values of acti 


31° « brass can be 


energies for tracer diffusion and the anelastic effect 
All coefficients are considered to depend on tempe 
ture only in an_ exponential 

A, exp (AH/RT). Plots made of In 

detectable from. straig 


showed no variation 


behavior. 
Comparison of the activation energies shows that 
AH for the anelastic etfect comes closest to 


with that for mobility and chemical diffusio1 


47 
104 - 
sec|600 300 200 
898.7°C 3.47 
834.7 x 10-* 
10° 790.0 6.78 10-9 
744.6 3.04 
673.5 7.18 x 10-10 
583.0 7.24 10-4 
0 Temp. D 
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TABLE 6. Activation energies for the several coefficients 


AH eal/mol 


Component 


D’zn 10.700 
Dzn 39.000 
38.800 
D’cu 41.900 
Deu 40.100 
39.900 


anelastic effect 37.800 


and 


The | 


outside the error of the experiments though the 


keal difference is not great may not be 
internal consistency of each set of data seems some- 
what better than this. In the discussion which follows 
we will suppose that the anelastic effect is related to 
chemical diffusion of Zn in « brass. 

If we make this conclusion from the data a further 
calculation can be made. 
We have done this by fitting eq. 2 to the 


determined from the tracer measurement 


C in eq. 2. 

value of 
made at 583°C. The value of 7 used in this procedure 
was the value calculated for 7 583°C from eq. 4: 


> 


this is 7, 3.9 The value of C obtained 


0.2. so that 


10-® see. 


by this procedure was CU 


One can write an expression for D,,, 


D,,, = 0.34 exp (—37,800/R7). (5) 


The validity of this expression in determining D,,, 
Here is 


5 over the temperature range 200°C to 


from 200°C to 900°C is illustrated in Fig. 7. 
plotted eq. 
500°C (the region of the measurements and its extra- 
Also 


plotted are the measured values of D,, taken from 


polation into the high-temperature region). 
Table 5 and the extrapolation of these data into the 


low-temperature region. Clearly eq. 5 does a 
reasonably good job of giving D,,, at all temperatures. 
One is left with the problem of explaining why the 
anelastic method should give a closer representation 
of diffusion in a concentration gradient than of tracer 
diffusion in a homogeneous alloy. Unfortunately, no 
way exists at present by which one can justify this 
empirical correlation. It would be interesting to see 
if a similar correlation exists in other alloy systems. 
The closeness of agreement of the two types of 
measurement may indeed be only fortuitious and one 
must consider the possibility of the two processes 
being fundamentally different. The relaxation pheno- 
menon appears to have a single relaxation time. This 


implies a unique process, i.e. a definite rearrangement 
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This is the determination of 
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TT T T 
800 700 600 500 400 300 
i\. 

\ 

\ 


\ 


D 
2 
m 
sec 


10° 


D=.34 e~ 37,800, 


1000, 


1.15 1.35 155 1.75 1.95 


. 7. Comparison of the two methods. 


(The 


postulate of Zener") and Le Claire’ was that this 


of a specific cluster of atoms under stress. 


cluster is a pair of Zn atoms). The progressive move- 
ment of a diffusing tracer atom, on the other hand, 
With the local, 
fluctuating inhomogeneities which are undoubtedly 


may not be such a unique process. 


present in an alloy, it is probable that the activation 
energy for the net motion of an atom is an average over 
a range of activation energies. Only by chance would 
this “average” activation energy be the same as the 
unique activation energy found for the relaxation 
process. 

In summary, then, one can make the following 
points: 

(1) The motion of atoms in the anelastic process is 
almost certainly different from that involved in tracer 
diffusion in the alloy. 

(2) A reasonably close empirical fit of the anelastic 
data can be made to chemical diffusion of Zn in the 
alloy. No positive justification of this correlation can 
be made and it is possible that this agreement is 
fortuitous. One can argue that the relaxation process 
might occur in regions of local inhomogeneity and that 
the atoms whose movements are responsible for the 
actually be moving in a local 


relaxation might 


concentration gradient. The closeness of agreement 


200 
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between the anelastic effects and chemical diffusion 
might then be expected. However, since these local 


composition inhomogeneities are surely of widely 


differing character, the argument fails, for the single 
relaxation time of the anelastic effect 
unique process. 


indicates a 
We prefer to specify the effect as 


being a specific rearrangement of a definite group of 


atoms. 

The diffusion measurements themselves are worthy 
of some comment. First, one can compare the tracer 
measurements of the 31°% brass with data previously 
reported by Inman, Johnson, Mercer, and Shuttle- 
worth.“® Their expressions (for a 27°% brass) were 


= 0.85 exp (—44,510/ RT) 


and 
= 0.62 exp (—41,160/RT). 
These compare with the data of the present work 


p’ 0.34 exp (—41,900/ RT) 


Cu 
and 
40.700/ RT’). 


Dy, 0.73 exp | 


The agreement between their expression and ours is 
reasonably good and is even a little better than a 
direct comparison shows since the values of AH in the 
expressions of Inman et al. would be somewhat 
reduced by an extrapolation to 31° Zn. Nevertheless 
the agreement is not as good as the accuracy claimed 
for either of the We believe that, 


unless we have some undiscovered systematic error, 


measurements. 


the wider temperature range of our measurements 
makes them more accurate. 

More striking, however, is the comparison of the 
calculated chemical diffusion coefficients (as expressed 
in Table 5) with existing direct measurements of 
chemical diffusion. The expressions which best fit the 


data of Table 5 are (for a 31°% alloy): 


Dey = 0.32 exp (—40,100/ RT) 
and 
= 0.70 exp (—39,000/RT). 
Two of the more recent determinations of chemical 
diffusion in « brass of the higher zine concentrations 


are the work of Horne and Mehl'”®) and Resnick and 


INTERNAL 


FRICTION AND DIFFUSION 


TABLE 7 f diffusior 


Activation energies o 


Horne 
Hino, and Resnick 
Meh! and 


Balluffi 


Tomizuka, 
and Wert Extrapolated 
31% Zn from 25% Zn 


to 31° 


AH Cu 
(cal/mol) 


AH Zn 


40.100 t 32.000 


39.000 about 27.000 


Balluffi.?” The only significant comparison which 


can be made here are those of the values of activation 
energy; comparison of the values of D, is almost 
meaningless. The pertinent activation energies are 
Table 7. 


The differences between thes« 


listed in 


certalnl\ 


values art 
too large to be explained in . simple fashion It appr 


that still another measurement of chemical diffusion 


in « brass is quite in orde1 
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LETTERS TO THE EDITOR 


The Quenching of Vacancies in Aluminum* 
Quite recently it was pointed out that by rapid 


quenching from high temperature, it is possible 


to quench in defects that will gradually disappear 


with subsequent annealing at, or below, room tem- 


perature. Such observations have been carried out 
by anelastic measurement on solid solution”: ®) and 


by restivity measurements on pure gold: ® and on 


x brass.) When modern ideas on the theory of 


diffusion in metals‘® have been borne in mind, such 
defects have been identified with vacancies or groups 


of vacancies. 


In this preliminary note, it is shown that, by 


straight water quenching, defects of the same kind 
are quenched in pure aluminum (~99.995°,). As 
distinguished from the procedure used by Kauffman 
Koehler‘ Broom) our experiments 


and ) and by 


have been carried out by quenching aluminum 


wires at room temperature, and plotting its electrical 
resistance versus time. 
Measurements were made by a usual potentiometric 


system with a Wenner-type potentiometer with five 


dials. Wire samples, one meter length, and 1.5 mm 


in diameter, heated in a horizontal furnace, were 


then 
(the 


water quenched at room temperature, and 
rapidly mounted on the testing equipment 
whole operation requiring about 40 sec). To ensure 
constant temperature, a bath of petroleum, con- 
tinuously stirred and thermally insulated, was em- 
ployed. Temperature was read by means of a mercury 
thermometer that allowed for readings within an 
-O.001°C; always 
made for The 


sensitivity of the equipment was of 1 part in 100,000. 


accuracy of corrections were 


small variations of temperature. 


A typical diagram, obtained by quenching from 
504°C, is shown by solid dots in Fig. 1; the experimental 
assumed as_ ordinates: 


resistance values are 


as shown, resistance is not constant but decreases 
the difference between the first 
little 


corresponding to a resistivity 


in the first minutes: 
last 
amounts to 0.18°,, 
variation of 0.00439 wQ em. 


and determination is however very and 


Cu 550°C 


Al 504°C 


Al 70 °C 


13814! 
O 10 20 30 


1. Electrical resistance versus 


Fic. 


time at 20°C of a high-purity (99.995 


40 50 60 
min 


5°) aluminum 


wire (¢ 1.5 mm) water quenched from 504°C (by solid dots). Similar curves are also reported for 
an electrolytic copper wire (¢ 1 mm) and for an aluminum wire directly dropped (without water 


quenching) in the petroleum bath. 
VOL. 5, JANUARY 1957 
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THE EDITOR 


2. 


(¢ 1.5 mm) water quenched from various t mperatures Ap is 
final value of p for each sample, after about }$ hr from quen 


In Fig. 1 are also plotted the diagrams resulting 


from resistance measurements carried out on an 


electrolytic copper wire (1 mm diam.) quenched 
550°C 
dropped in the petroleum bath from 70°C. 


directly 
In both 
this fact 


from and on an aluminum wire 


instances no variations were noticed: 


must surely preclude the presence of systematic 
experimental errors. 

In Fig. 2 are represented data obtained by quench- 
ing, from different temperatures, aluminum wires 
previously stabilized at 630°C. 

Owing to the peculiarities of the equipment, it has 


not been possible, so far, to obtain measurements 


at lower temperatures with the same precision as above. 


However, some preliminary experiments have shown 


that the phenomenon is slowed by lowering the 


as indicated in Fig. 3: it has been 


temperat ure, 


1 ome — 
00 Al 99,995° 


Q 504°C 


10 
Fic. 3. Electrical resistance variation versus time at 20°C 
and at 2°C for aluminum wire (¢ 1.5mm) water quenched 
from 504°C. AR is computed from the final value of R for 
each sample, after about $ hr from quenching. 


Electrical resistivity variation versus time at 


© 
> 


C) 


NOROWO 


20°C for aluminum wires 
computed fron 


hing 


possible to estimate roughly an activation energy ol 


3eV 


The results of Figs. 2-3 appeal to be in agreement 


with the hypothesis of thermally generated and 


activated defects, and the more probable interpre 
tation appears to be that of vacancies or of groups of 


vacancies. If we assume the value of for 


sucn a LOW Vaiue 


that 


the activation energy 


explained by assuming the structural defects 


are pairs of vacancies, which should have a lower 


ones such a hy po- 


activation energy than singl 
thesis also appears to be in agreement with the results 
obtained by McReynolds and others‘®* for the recovery 


of irradiated aluminum, if we accept the value of 


eV 


interstitial atoms. It 


0.55 which they found for singk 


is interesting to note that 


actual recovery, notwithstanding the lower v: 


has been much slower! 
McReynolds’s results 
10°C this 


probably, be accounted fo! by 


of activation energy, 


the foreseeable one by 
found a very rapid recovery at 
cordance might, 
ference in the number of steps in the annihilation 
irradiated aluminun 


the vacancies in the case of 


in effect it is very probable that an interstitial atom i 
very close to a vacancy, reducing sensibly the numb 
of atomic exchanges for the annihilation 
Considering the diagrams of Fig. 2, it is easily 
noticeable that the phenomenon cannot be reduced 
to a simple exponential law, and that the curves cross 
This fact 


assuming a unique kind of defect 


one another. cannot be explained by 


whichever might 
be the order of reaction, unless the higher quenching 
temperature gives rise to other defects where vacancies 


can more quickly neutralize themselves 
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alternative, we describe the 


As an 


phenomenon as follows: 


may try to 
during the quenching only 
single vacancies are quenched in at room temperature; 
they then tend to form paired or more complex 


clusters of vacancies. in function of their initial 


number. These various kinds of clusters of vacancies 
should have a different mobility and should influence 
Hence, it 
is not improbable that in this way it is possible to 


account for the complexity of curves in Fig. 2. 


in different value the electrical resistivity. 


Attention has not yet been focused on the deter- 


mination of the energy of formation of defects: 


for this purpose it is necessary to use a very rapid 
quenching and perform the measurements at a 
lower temperature then 20°C, to make possible a more 
exact extrapolation to time zero, for curves of the 
same kind as those in Fig. 2. 


The 


a systematic 


authors intend to repeat measurements in 


way with improved experimental 


equipment, and to extend their investigation to 


alloyed aluminum with increasing contents of other 


elements, in order to acquire knowledge of the 


interaction between vacancies and soluted atoms. 


Istituto Sperimentale PANSERI 
Mi talli Le de ri. 
Novara. C.P. 1689. 


Italy. 
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Alteration in Growth Behavior of 
Cadmium-lodide Crystals* 
cadmium-iodide 


the growth of 


crystals from aqueous solution have furnished con- 


Studies 1,2 of 


vincing evidence for the Frank” growth mechanism. 
A proposal has been made and supported that the 
spontaneous appearance of growth spirals in previously 
perfect surfaces is caused by edgewise growth of 
thin platelets of cadmium iodide around foreign 


particles or motes in solution. It has been pointed 


1957 
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out®) that the spontaneous appearance of growth 


spirals on p-toluidine grown by vapor deposition'’® 


only occurs upon impingement of two platelets. 
Vapor deposition insures the absence of motes in the 
growth medium. 

It is the purpose of the present report to describe 
the growth of cadmium iodide crystals from a solution 
effectively free of motes. While the results did not 
resolve the question as to the action of motes in the 
spontaneous generation of screw dislocations in 
growing platelets, they are significant to a discussion 
of crystal growth. 

A sample of cadmium iodide was vacuum-sublimed 
subli- 


in an all-glass apparatus at 310°C. The low 


mation was used to avoid thermal 


decomposition of the salt. At 450°C the decomposition 


temperature 


process was first detectable. 
The sublimed Cdl, was presumed to be free of 
The 


that it is improbable that any motes were transferred 


colloidal particles. sublimation was slow so 
to the sublimate as such. If the motes had an appreci- 
able vapor pressure it is unlikely that they recondensed 
in mote form. 

The 


watert 


was dissolved in high-purity 
The 
solution was made and stored in a_ polyethylene 
bottle. 

The microscopic sample of solution for observing 


salt 


contained about 


sublimed 


which 10 motes/em?. 


the growth of Cdl, crystals was prepared by the 
procedure? the 
Cdl, did not crystallize in the form of thin colored 


previously described. However, 


hexagonal platelets characteristic of preceding obser- 
vations. The crystal growth occurred on the surface of 
the microscope slide and cover glass in the form of 
massive crystals. No colored platelets were 
observed. 

It is concluded that the nucleation of platelets 
occurs on certain foreign motes in solution. Upon 
the 


occurred on the next most favorable sites, the glass- 


removal of preferred nucleators, nucleation 
chamber walls. Since no platelet growth occurred in 
the mote-free solution, no evidence was acquired as 
to the role of motes in the generation of screw dislo- 
cations in growing platelets. 

While the amount of soluble impurities in the 
the 


sublimation process, it is much less probable that the 


cadmium iodide may have been reduced by 
marked alteration in the nucleation process could be 
attributed to soluble impurities than to those existing 
as insoluble motes. 
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New Observations on the Structure of 
Germanium Dendrites* 
Germanium dendrites, produced by rapid pulling 
from the melt,” have hitherto been examined on all 
X-ray 


methods, and the conclusion from these observations 


external faces by optical and diffraction 
has been that the dendrites were monocrystals of 
quite a high degree of perfection,” ?) Recently, 
however, transverse (Fig. 1) and longitudinal sections 
perpendicular to the main face have been examined, 
with the unexpected result that every one of the 
specimens studied has proved to contain a lamellar 
twin, parallel to the main external faces, and in the 
majority of cases completely enclosed in a matrix of 
the to 
persist throughout. 


orientation which was formerly believed 


The dimensions of such lamellae remain constant 


through considerable lengths, especially in the longer 


Transverse section of a germanium dendrite 
showing lamellar twin. 


2, Main (111) face of dendrite ground down to 


expose lamella. 


TO 


THE EDITOR 


Fic. 3. 


Etch pits along centre line and slip traces on 
dendrite 


surtace 


and more uniform dendrite specimens. Thicknesses 
measured so far are from 6 to 26 microns, i.e. between 
1/10 and 1/100 of the total thickness of the plate, 
while the widths are 1/8 or more of the average width 
of the dendrite. In a few cases, the lamella extends the 
full width of the plate and emerges, sandwichlike, 
at the edges. Fig. 2 is an etched section parallel to the 
main face of the dendrite, exposing the lamella as a 
region almost devoid of etch pits, and the matrix as 
the heavily pitted surround. In less regular specimens, 
the width may vary considerably, but the edge of the 
lamella in similar sections is usually a fairly continuous 
etched-out line, which sometimes resolves into s« parate 
Inside this line, the have the twinned 


pits. pits 


orientation: outside they have the matrix orientation 
Changes in width and thickness of dendritic plates 
often the 


indicate interruptions of growth 


take place at branching points which 


At such place s, the 


into the branches well 


the 


twin also diverges as 


continuing along main stem, with modified 


dimensions. Examination of dendrites whi 


been rapidly pulled out of the melt shows the 


continuing down to the tip of the crystal 


The existence of these lamellae would appr 


with the line of hollows or hun 


the 


connected 


shows up along center line of 


Development 


Fic. 4. 
centre line of dendrite hand end n« 
hand end closest to lamella) 


ol triangular 


(left 


groups 


est t« 


surface 


3 
Sate 
pits along 


54 AC 


plates: when the faces are etched, this line shows up 
as a dense row of etch pits (Fig. 3), which is often 
recognizable as made up of a series of fairly regularly 
One 


ground obliquely to the twin plane, so as to expose the 


spaced triangular groups. dendrite has been 
structure of these groups at different distances from 
Fig. 4). 


it the level of the twin-plane, they develop outwards 


the surface Starting as small irregular clusters 
at an early stage, and then assume a more regulat 
arrangement until the triangular pattern which is 


ultimately seen on the outer surface is recognizable. 
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Some Speculations on the Growth Mechanism 
of Dendrites* 

Each of the twin lamellae described in the preceding 
note™ has an outline which is remarkably different 
from that of the dendritic plate in which it is embedded. 
Whilst the 
with its typical serrated edges 
length, 


the overall cross-section of dendrite, 


varies msiderably 


over its the cross-section of the lamella 


remains fairly uniform, in the shape of a long and 


narrow rectangle. Furthermore, the lamella itself 


seems to be of considerably higher structural per- 


fection than the surrounding matrix: there is a high 
density of etch pits in the matrix: especially around 
the edges of the lamella. The very heavily pitted 
row near the centre Fig. 3 is made up of a regular 
smaller triangles, each arranged along 


the {111! 


consisting of many individual pits. 


pattern of 


the traces of planes, with each triangle 
This pattern is 
due to microscopic slip having occurred 
The outline of the 


lamella itself beneath the surface of the dendrite is 


probably 
during the growth of the dendrite. 


clearly recognizable in Fig. 3 by the heavily pitted 


area on either side of the central row of etch pits. 
This different 


its extension throughout the length right down to 


texture of the central lamella. and 
the end point of the dendrite, suggest that two funda- 
different mechanisms are 
stages during the 
the lamella 


mentally operative at 
different 
It seems that 
of the growth, a sheet of high crystalline perfection 


srowth of a dendrite. 


constitutes the first part 


and of order 10~% cm in thickness extending rapidly 
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into the undercooled melt. In the next stage, addi- 
tional material freezes onto the lamella, probably in 
the form of thin layers along the (111) plane. 

Twin lamellae also occur frequently during the 
growth of large ingots of silicon. They have been 
observed here on several previous occasions when 
conditions during growth seemed to have been 
particularly conducive to the setting up of thermal 
stresses. An interesting case of “accommodation” 
twinning has recently been observed in a thin slice 
cut transversely from an apparently monocrystalline 
When this slice was examined for 
Fochs of this 
of the 


slice was under much higher mechanical strain than 


ingot of silicon. 
birefringence, by P. D. 
that 


infra-red 


laboratory. it was observed one part 


other. On examination, it was 
that a 
length of the ingot formed the boundary between the 


this 


the subsequent 


found thin twin lamella running down the 


two differently strained regions. To take up 
difference in stress on either side, the lamella must 
have been of considerable strength and presumably of 
high structural perfection. 

It seems possible to account for these special 
of the the 


It might be lamella 


model. 
the 


lamellae by following 


that a 


features 
assumed crows in 
first instance from a pair of parallel screw dislocations 
of opposite sign running along the [112] growth 
direction, which coincides with the steepest tempera- 
ture gradient. Owing to the strong tendency in the 
lattice to build 


of {111} orientation, growth from the dislocation pair 


diamond up close-packed layers 
will produce a thin lamella rather than a rod of 


evlindrical cross-section. Such a lamella would be 
the two-dimensional equivalent of a “whisker” which 
is thought to grow from a single screw dislocation; 
as in the case of a whisker, a lamella containing only 
a single dislocation pair will have a high degree of 
crystal perfection and hence of mechanical strength, 
enabling it to act as the “backbone” of a relatively 
long dendrite or as an accommodation twin. 

The the 


lamella and matrix is not fully understood, but the 


reason for twin relationship between 
fact that every dendrite examined so far displays 
this that it 


with the particular conditions of dendritic growth. 


feature suggests is closely connected 
One possible cause for the twinning at the surface 
of the lamella might be due to the presence of im- 
purities in the melt and their preferential segregation 
at a twin boundary. The concentration of etch pits 
observed near the surface of the lamella lends support 
to the suggestion of a high concentration of impurities 
there. Burton ef al.“ have shown that under certain 


conditions of crystal growth, impurities can be 


2 353 (1955). 


"ERS 


segrated preferentially in striations and in twin 


bands. It is easy to show that in the diamond lattice 


larger interstitial spaces are available at a twin 
boundary plane than in the bulk of the lattice, 
and that condensation of certain impurities there 
would constitute a lowering of potential energy. 
If it is assumed that during the rapid growth of the 
original lamella (of, say, 10-* em thickness) most of 
the impurities present in the melt (concentration 
of say, 10'® atoms per c.c.) are rejected, there will be 
an accumulation at the surface amounting to about 
10'3 impurity atoms per sq. cm. One in every hundred 
available sites on the surface will thus be occupied by 
an impurity atom, and these will act as effective 
for the 
around these centers will tend to take place with the 


nucleation centers matrix: further growth 
twinned orientation. 

The suggested mechanism for twin formation, i.e. 
as caused by the accumulation of impurities, is not 
necessarily restricted to the growth of twin lamellae 
in dendrites, but might be of more general validity. 
It is intended to test some of these ideas by growing 
dendrites from variously doped melts; experiments 
with radioactive trace impurities in the melt would 
be especially informative. 

In conclusion, it seems that the initial formation 
of a thin perfect lamella is yet another mode of 
crystallization, the study of which is likely to lead to 
a fuller understanding of the subject of crystal 
growth. 
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Diffusion of Vacancies under a 
Stress Gradient* 

One expects that the existence of a stress gradient in 
a material will cause a net flux of vacancies in the 
direction of the gradient provided one has adequate 
sources and sinks. Thus, a stress gradient causes, in 
effect, a transport of material. The question as to the 
rate of this process can be approached by use of 
Onsager’s™ relation: 


uF, (1) 


where v is the velocity of a vacancy, yu is the mobility, 


TO 
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and F 


given as 


is the force on the vacancy. The mobilit 
lu D/RT, 2 
for vacancies, / 


is the gas constant, and 7’ is absolute temperatur 


where D is the diffusion coefficient 


The force on a vacancy is the negative gradient of the 


potential energy P of the vacancy, which is simp! 


P 


and o 


where V is the volume per mole of vacancies 


Oo, and Oz, are normal stresses in three mutuall 


orthogonal directions. This volume is roughly equa 
to but not identical with the specific volume 
metals. It will be noticed that this expression « 
siders only hydrostatic interaction of vacancies and 


stresses 


While there may be some slight shear 


interactions, these are expected to be negligible 
The flux is given simply as 

Cv, 
vacancies. Tl 
pel 
The neg 


flow is 


where c is the concentration of 


flux is the actual volume of material unit 


which is transferred 
the fact 


opposite direction to that of 


per unit time, 


sign arises from that mass 
related 


coefficient fol Vacancies Ci be 


self-diffusion provided this occurs only 


vacancies. This expression is 
dD 
where D* is for self-diffusion 


the final expression is simply 


Combining equ 


Thus. 


things known or which can be estimated for t] 


one has an absolute expressiol in 


transport of material through a perfect 
result of a stress gradient 

This is almost the same expression which H 
has previously derived. In this case, hi 
only hydrostatic effects of grain-boundary 
nave she 


Herring and subsequent workers 


this mechanism of transport appears ade: 
explain the behavior of fine wires and foil 
temperatures. The 


Nabarro. 


this was a probable mechanism for the sint 


original idea IS howeve 


able to Herring further suge 


materials at high temperatures. Recently 
has been made to demonstrate this.) but 
cannot be considered conclusive 


There 


vacancies appear to play an important 


seems to be an increasing aw: 


3 
¥ 
— grad O71 To. 
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high-temperature mechanical properties of materials 


in that voids appear to form and cause reduced 


elongations at failure. Presumably equation (6) could 
be used to predict the growth kinetics of void formation 
for any chosen model of stress system. The author has 
made no critical calculations of this matter, but it 
certainly appears that this can be a contributing 
mechanism for the transport in this case. One normally 
has lower temperatures than for the above processes, 
but has higher stresses and longer times, and may be 
interested in smaller amounts of materials transported. 

This process may also be important in additional 
processes in which, at present, it is not generally 
considered. One such process is the polygonization 
and possibly other recovery mechanisms for deformed 
metals. For these processes, one is concerned with 
low temperatures but high stress gradients. 

Other this mechanism would 


processes in which 


appear important are those of aging and loss of 


coherency in precipitation systems. It is not 
infrequently that one considers instances where high 
stresses would seem to occur and the flow of vacancies 
provides a rather simple mechanism by which these 
reduced. 


could be This is particularly true in the 


process of overaging where there is loss of physical 


properties which is generally agreed to be the result of 


loss of the atom-to-atom matching between 


the 
precipitate and matrix. While it is possible to consider 
a dislocation mechanism for some systems, this 
does not seem generally applicable in that the number 
of particles present in a given plane may outnumber 
the normal dislocations by a few orders of magnitude. 
The fact 


loss of coherency can be thought of as a particular 


that the resulting configuration after the 


type of dislocation seems to have no particular 
he aring on the problem. 

Suppose that one considers the aging of a copper- 
beryllium alloy at 350°C. The aged state may be 
supposed to consist of plates 50 A thick and 200 A in 


diameter (a size consistent 


copper), and the stresses are 200,000 psi as a result of 


coherency. Now, this stress would be relieved when 
diffusion corresponding to roughly 10 per cent of the 
plate had occurred. By using the self- 


17 


volume of ; 
diffusion of copper as 1.5 ty) reference 6) and a 
diffusion path of 200 A through an area of the plate, 
the calculated to be This 


compares very well with the total time required to 


time was three hours. 


reach maximum hardness of one to four hours, as 


measured by Masing and Dahl.‘ While this agreement 
is unquestionably fortuitous, it does show that this can 
be an important mechanism for the loss of coherency. 
often 


It would seem probable that vacancies are 


with the self-diffusion of 
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important in other precipitation processes, but enough 
is not known about this such that anything can be 
said about the detailed mechanism. 

Thus, there are reasons to believe that the flow of 
vacancies under a stress gradient is important in 
many phenomena with which it has not generally 
been associated. An equation has been derived which 
permits a calculation of this effect for those cases 
where models can be constructed. 

The author wises to acknowledge the assistance of 
D. Turnbull in this derivation. Some of the associates 
of the author are credited with stimulating his interest 
in this problem. 

R. O. WILLIAMS 
General Electric Research Laboratory, 
Schenectady, N.Y. 
References 


1. L. ONSAGER and R. M. Fuvoss J. Chem. 


(1932). 

2. C. Herrinec J. Appl. Phys. 21, 437-45 (1950). 

3. A. L. Pranatis and G. M. Pounp Trans. Amer. Inst. 
Min. Met. Eng. 208, 664—8 (1955). 

4. F. R. N. Nasparro Report of a Conference on the Strength 
of Solids, Phys. Soc., London (1948) 75. 
G. C. Kuczynskt Acta Met. 4, 58—61 (1956). 
A. Kuper, H. Litaw, L. Siirxin, E. SUNDER, 

T. TumizvuKa Phys. Rev. 96, 1224—5 (1954). 

+. Mastne and O. Wiss. Veroff., Siemans Konzern 
8, 1, 94-125 (1929). 


* May ll, 


Phys. 36, 2689 


and 


1956 


The Modification of Eutectic Structures* 


Eutectic structures, whether they be platelike, rod- 


like, globular, or acicular, can be considered as a 
range of possible growth forms of the same basic unit, 
so that considerations which apply to any one of the 
growth forms will apply to all. Forthe sake of simplicity 
the modification ofa lamellar eutectic will be discussed. 

A lamellar eutectic consists of an array of plates, 
each of which is a single-phase solid, stacked in 
alternating layers. During solidification the edges of 
these plates are presented to the liquid, the two phases 
being constrained to grow side-by-side as an intimately 
coupled unit. Since the constituents of the eutectic 
mixture are both single phases, then the solidification 
of this unit must be governed by the same physical 
principles that apply to the solidification of a single- 
phase alloy.”’ Using these principles, it can be shown 
that the refinement of binary eutectic structures by 
small additions of certain third elements to the melt is 
not confined to the Al-Si alloys, but is a general 
phenomenon associated with eutectic solidification. 

The specific ternary element may be present in only 
normal impurity levels of concentration, but still be 
effective in producing a fine dispersion of one phase in 


LETTERS TO 


THE EDITOR 


TABLE |] 


Liquidus slopes 
‘oncentration C/wt% 


Solutes 
W oO 


the other. The third element must be such that it has 
a greatly different k value in the two phases, so that 
when the lamellae try to grow side-by-side the buildup 
of solute at the interface of each will be different. 
This will change the interface temperatures of the two 
lamellae, such that the phase with the smaller k value 
for comparable liquidus slopes, will be retarded with 
respect to the lamella of the other phase. In this 
configuration the lamella in advance, say «, can grow 
laterally and enclose the lamella of the retarded phase, 
6. Continued growth will enrich the liquid in the / 
constituent and the liquid at the interface will become 
Finally 


supercooled with respect to the / phase. 
will nucleate on the « substrate in an attempt to 
As the « 


re-establish the eutectic mixture. and / 


phases again grow side by side, the difference in k 


values will once again allow the « phase to encompass 
the 6 phase. The size of the particles will be deter- 
mined by the rate of buildup of solute (which depends 
on the rate of growth and the k value), and the slopes 
of the liquidus lines for the solute in the two phases.) 
A simple experiment was carried out on the Pb-Sn 
eutectic system to test the theory of third-element 
modification. Both the Pb and the Sn 
refined to eliminate any initial impurities. 


were zone 

The 10- 
gram samples were produced by chill casting the 
eutectic alloy into a graphite mold at room tem- 
perature. The rapid growth rate, by introducing 
thermal and solute effects, distorted the growth form 
uniform lamellar growth to a 


from a_ perfectly 


skeleton-type structure as shown in Fig. 1; however, 
the sample does show a regular long-range arrange- 
ment of the two phases. Specimens of this eutectic 


material containing various additions of either Sb, 


k value 
Modifying ability 


Slight effect 
Some breakdown of lamellae 


Complete breakdown of lamellae 


Negligible 


Some breakdown 


effect 
Appearance of ternary phase 


Complete breakdown 
ternary phase 
ternary 


more phase 


Slight effect modified 


with ternary eute 


partially 


Pb-Sn eutectic showing a regul 


Chill cast 


arrangement ot t (LO0 


long-range » phase 
Mg, Cu, or Zn, were cast and polished to observe any 
modifying tendencies due to these solute additions 
These elements were chosen since the k values of these 
Pb and Sn are considerably different. It 


the 


solutes in 
felt 


modifying element was present, the k values in Pb and 


was that, since only a dilute solution of 
Sn would be a good approximation to the & values in 
and « and / phases of the eutectic mixture 

The results of this series of experiments are tabulated 
in Table 1. 
effect upon the modification of the lamellae In this 
Sb has k | in Pb, so that the 


difference in melting point increases considerably with 


It can be seen that Sb has a pronounced 


case, 1 in Sn, but 4 


concentration of t he third element As oTOWt h proceeds 


for any particular initial concentration of Sb the 
solute buildup in front of the Pb lamella tends to 


lower its freezing temperature; however, the depletion 


of solute from the region ahead of the Sn lamella tends 


to decrease its freezing temperature also. The 


57 
sn 
— 
PI Sn 
) 
0.3 
6.7 
2.5 x 10-3 
2.5 x 10-8 
{ 
25 10 0.3 
30 1G 
9.5 l 
Mg 10-3 
met 0) 
95 0.1 
16 
2.5 x 10 
vu 2.5 10 0.15 
25 0.1 
10-4 18 
2.5 
Zn 10-3 
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difference in interface temperature in this case changes 
very little as growth proceeds so that the modifying 
effect does not increase with growth. 

It was found by experiment that 104° Cu was as 
effective as 10-'°, Sb in modifying the eutectic; 
however, small quantities of ternary phase were 
present also. Fig. 2 in an example of modification by 
10-*9 Cu. 


as it had the higher freezing temperature. 


In this system the Sn phase formed first 


Xejection 


of solutes lowered the freezing temperature to that of 


the Pb phase, at which point this phase formed and 
began to grow. However, the k value of Cu in Pb is 
10-1. the Cu 


buildup in front of the Sn phase will occur 10 times as 


whereas in Sn it is 10-7; therefore, 
fast as for the Pb lamella, and even though Pb is more 
temperature sensitive to Cu than Sn, the freezing 
temperature of Sn will fall rapidly and the Pb lamella 
will encompass it ata very early stage of growth. One 
must be careful not to provide enough Cu to get 


excessive ternary eutectic formation. The ternary 
eutectic will incorporate the 3rd element so that it is 
no longer useful as a modifying element. 

Both Mg and Zn showed some tendency to modify 
the 


obscured by the formation of ternary phases. 


lamellar structure: however, the results were 
Certain criteria may be formulated that will assist 

in the most favorable choice of ternary elements for 

the modification of eutectic systems: 

(i) Greatly differing * values in the two phases. 

(ii) Greatly differing liquidus slopes for the 3rd 

element in the phases. 


The 


small & value has the greater liquidus slope; i.e. 


best choice comes when the phase with the 
ina 
negative sense. It is preferable to choose elements 


that do not produce a ternary phase at a low 


concentration of the 3rd element. 


A more exact prediction of the features of lamellar 


Fic. 2. Chill-cast Pb-Sn eutectic alloy containing 10-14% 


Cu exhibiting complete modification (750  ). 
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growth requires a complete mathematical treatment 
of the heat flow and the diffusion problems in the 


system. Such a theoretical treatment is under way. 


W. A. TILLER 
We stinghouse Research Laboratories. 


Churchill Borough, Pennsylvania. 
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On the Influence of Crystal Orientation 
upon Oxidation Rate* 


Information has been published": *) which shows 


that, in cases at least. oxidation of metals 


does not consist of a strictly uniform thickening of the 


some 
oxide film. Various workers have shown that, under 
suitable conditions, oxide nuclei are observed which 
have a definite geometric form. It is thought that the 
explanation put forward for the growth of these 
nuclei can also be used to partly explain the effect of 
orientation upon oxidation velocity. 

We assume that the conversion of metal into oxide 
necessitates one of the following steps to take place at 
the metal-oxide interface: 

(a) The movement of oxygen ions in between the 
outer layer of metal atoms, 

(b) The movement of metal ions from the metal 
lattice to the oxide lattice, 

The simultaneous occurrence of (a) and (b), i.e. 

an oxygen ion exchanging its position in the 

oxide with a metal ion in the metal lattice. 

It is clear that each of these steps has associated 

certain activation required to 


with it a energy 


perform the jump, and there is reason to believe that 


this activation energy partly determines the rate of 
oxidation. 

After a monomolecular layer of adsorbed oxygen has 
formed on the metal surface, there will at any given 
time be a number of atoms performing jumps corre- 
sponding to (a), (b), or (c) across the interface between 
If the 


atoms after having performed such jumps have an 


the adsorbed oxygen layer and the metal. 


appreciably lower energy than before the jump, the 
atoms will stay in their new positions; if not, they will 
tend to return to their former positions. 

In the case of metals with very high affinity for 
oxygen, such as magnesium and aluminum, it is 
reasonable to expect that the atoms will always be 
stable in their new positions. For metals like iron and 
copper on the other hand, it is possible that the atoms 


| 


Oxide 
nucleus 


Fic. 1. 


Oxide nucleus seen from above. 


will have appreciably lower energy after the jumps 
only if they are incorporated in an already existing 
oxide lattice and can get their share in the lattice 
energy. As long as the jumps are performed by single 
atoms several atomic distances apart, the chances are 
great that the atoms will perform the reverse jump, so 
that 


however, a certain probability that some neighboring 


no net formation of oxide results. There is, 
atoms will be in the new positions at the same time. 
If many enough, these atoms then form a nucleus 
which is capable of further growth. 

Although it is not clear from experiments whether 
this probability of nucleation is dependent upon 
crystal orientation, there is little doubt that the 
lateral growth of the oxide nuclei takes place in 
directions which 


correspond to crystalle graphic 


directions in the metal itself. This is evident from 
their regular geometric shape. 

We can conceive of the growth of the nucleus in a 
manner similar to that depicted in Fig. 1. Conversion 
into oxide will take place preferentially at such places 
as are marked A, since the energy of metal atoms in 
such positions will be higher than elsewhere because of 
the smaller number of metal-metal bonds. 

Turning now to the thickening of the oxide film, 
it is suggested that much the same factors are operative 
at the metal-oxide interface as are operative at the 
edge of the laterally growing nucleus. 

Metal atoms lying in certain lattice directions will 
have greater probabilities of performing the jumps 
into the oxide than others, and, similarly, if oxygen 
ions are the diffusing species, they can jump easier 
into the metal in some lattice directions than others. 
the the 


interface metal-oxide does not take place by the 


In other words, conversion into oxide at 


random jumps of single atoms, but occurs directionally 


by more or less consecutive jumps in certain energeti- 
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cally preferred lattice directions. In principle, this 
would seem similar to the process of dissolution of 
metals in strong acids, where etch pits result. In 
such cases a marked effect of crystal orientation upon 
dissolution rate is observed. By analogy, it is believed 
that part of the effect of orientation upon oxidation 
rate is due to the above-suggested directionality of 
consecutive atom movements, resulting in a difference 
in rate of jumps at the metal-oxide interface of grains 
of different orientation. This difference in jump rate 
will, of course, also lead to differences in concentration 
of surplus metal ions at the metal-oxide interface of 
different grains 

Lawless and Gwathmey have observed several 
types of oxide epitaxy in the oxidation of copper, and 
Because 


this may itself give rise to orientation effects 


of the different amounts of the 


metal-oxide interface the activation energies for the 


strains existing at 


jump (a), (b), (c) will be different for each type of 


epitaxy, and this will consequently lead to differences 


in oxidation rate. Besides, strains, vacancies and 


dislocations formed in the oxide layer nearest to the 
the 


different fo 


metal will also influence 


the 


orientations 


activation energ\ 


influence being different crystal 


<ubachewski anc opkins have remarked 
Kubacl | 1 Hopl 4) 


any explanation “which excludes the diffusion 


would 


Wagner 


within the film as the determining facto 


disagreement with the oxidation theory of 


and this cannot be discarded in vir 
applications. ” 

Wagner's formula for the rate of oxidation 
on the assumption that there is a constant 


across the oxide film, and th 


tration difference 
difference constitutes the driving force of 
The views outlined above envisage a 


concent 
with 
Within on 


diffe rence 


difference which is constant respect t 


but differs from grain to gran 


same grain the concentration 


the activation energy necess 


determined by 
performing steps (a) or (b 


up, 


oxidation 


Summing it appears 


theory of should take int 


activation energ » processes takin 


the metal-oxide 
The author 
F.R Ss fol 


suggestions. 


interTace 
would like to thank Dh 


discussions 


Videm fo1 


stimulating 
and Mr. K 


through the manuscript 


critically 
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Dislocations in Plastically Indented 
Germanium* 


on polished 


Patterns of dislocation etch pits" 
surfaces of germanium single crystals lightly deformed 
by indentation have revealed significant features. 
The crystals were indented at 375°C with a small 
pointed tantalum rod on chemically polished and 
etched (001) (111) 


indentation in a (O01) face, Fig. 1, have [110] and 


and faces. Slip lines near an 
[110] directions and thus are parallel to the inter- 
all of 
which presumably operated with this complex stress 
Lightly the 
with CP-4 solution erased the slip lines and revealed 


sections of the four sets of {111} slip planes, 


system. etching indented specimen 
an orthogonal array of rows of small pits shown in 
Fig. 2. The rows of dislocation etch pits from defor- 
mation have the same directions as the erased slip 
lines. 

In another crystal in which the indented surface 
made an angle of six degrees to the (001) plane, 
four sets of slip lines and, after etching, four sets of 
rows of dislocation pits were observed parallel to the 
intersections of four sets of {111} planes with the 
indented surface. This result differs from the case 
ubove where the slip planes combine in pairs to form 
only two traces in the plane of observation. 

In the crystal cut to expose a (111) face and then 
indented, the surface near the indentation contained 
slip lines in a triangular array having [101], [011], 
and [110] directions parallel to traces in this surface 
of (111), (111), and (111) sets of slip planes, respec- 
After light 
replaced by rows of small dislocation pits shown in 
Fig. 3. 


dislocations in the as-grown crystal before indentation. 


tively. etching, the slip lines were 


The large pits in this figure are termini of 
The observation of the directions of rows of dis- 
location etch pits on two nonparallel planes in these 
experiments provides experimental evidence that 
the dislocations due to plastic deformation lie on 
slip planes in accordance with dislocation theory. 
The separation of dislocations on the glide plane in the 
deformed areas is cm. 


more severely 
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Fig. 1. Slip lines in [110] and [110] directions near inden- 
tation in (001) face of germanium single crystal. 250 > 


Same surface as in Fig. 1 etched to reveal 
dislocations near indentation. 250 


Fic. 3. 
directions in 
250 


having (110) 
lower right. 


dislocation etch pits 
near indentation at 


Rows of 


(111) face 
Under conditions of deformation in which dislocations 
remain on slip planes the rows of dislocation etch 
pits can be used to establish the slip plane. 
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Fic. 2. Slip patterns of Cu,Au alloy extended 10% in 
various states of order: (a), (b) for S ce), (d) for short 
range-order state, (e) for S : (f) for S 0.83 and 
(g) for S 0.87. 15,000. 
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LETTERS TO 
The Effect of Ordering on 
Slip Patterns* 
Recent observations on surface structures of 
deformed metals have shown an essential difference 
between slip patterns of pure metals and those of 
alloys, namely an elementary structure in the former 
but instead single slip lines in the latter.“: 2) We have 
observed the same difference between ordered and 
disordered states of Cu,Au alloy. 
The 


known amounts of pure (99.99°,) copper and gold 


alloy was prepared by melting together 


to give the Cu,Au composition. The alloy was cold 


rolled after a homogenizing annealing and was cut 


in the form of sheets, 20 mm LO mm 2 mm. 
The polycrystalline specimens, sealed in evacuated 
quartz tubes, were annealed at 900°C for 15 hours, 
slowly cooled to 500°C, and then quenched into 
wared for the purpose of getting a disordered state. 
The average grain size was 0.3 ~ 0.5 mm in diameter. 
Different states of order were obtained by quenching 
the above specimens after keeping different intervals 
of time at 350°C. Low electrical resistivity p measured 
at room temperature indicated that they were in 
The 
parameter S were taken from the relation between 


350°C by 


ordered — states. values of long-range-order 


S and annealing time at Keating and 


Warren.‘ 
Table 1. The distorted surface layer was removed by 


Both values of p and S are tabulated in 


deep electropolishing to produce a mirror surface. 
These specimens were deformed by bending to an 
extension of about 1 and 10°, on the observed 
surface. The surface structure was observed by using 
the negative Pd-shadowed collodion replicas rein- 
forced by very thin carbon film. 

Fig. ] 
weakly 
In the 


lines, occasionally single, double, and 


shows the typical slip patterns on the 


deformed surfaces, about 1°, extension. 


disordered state (a), the sharp coarse slip 


CTOSS 


slip, 


are observed. They are arranged at random and 


are of varying depths, the maximum value of which 
is reached to about 500 A, while the slip lines in the 


TABLE 1. Electrical resistivity and long-range-order 


parameter of Cu,Au alloy. 


Specimen No. 


quenched 
from 
500°C 


Annealing time 
(hour) at 350°C 


12.44 


p (u%2-cm) at 
20°C 
disorder short- 


range order 
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in 
for 


Fic. 1. 
disordered 
S O.S7. 


Slip patterns of Cu,Au alloy extended 1° 
and ordered states: (a) for S O and 
15.000. 


(b) 


ordered state (b) are so weak and diffuse that they 


are not detected on most regions. 


Fig. 2 


shows examples of slip patterns on the 


extension. 


strongly deformed surfaces, about 
Photographs (a) and (b) are observed in the dis- 
state. The 


than their depths is increased with the amounts of 


ordered number of slip lines rather 


extension, and tends to introduce slip bands. 
Photographs (c) and (d) show the slip patterns appeared 
at both sides of grain boundaries, in the initial or 
short-range-order state. Generally, the slip lines 
increase in number and decrease in depth, as com- 
pared with those in the disordered state. These grain 
boundaries constitute strong obstacles to various 
types of slip lines which are almost similar to the 
results obtained on the other alloys. With the pro- 
gress of ordering, this structure gradually turns into 
the elementary structure which is similar to that 
observed on pure metals, as shown in (e), (f), and (g). 
The widely-spaced weak slips recognized in Fig. 1 (b) 
cover the whole region after the greater extension 
of 10%. 


lines can be roughly estimated to less than 300A 


The average spacing between the elementary 


in the case of (e). Those elementary lines appear 


to be closer in more perfectly ordered states, 


61 
4 4 * 
(a) 
; « 
2 3 5 
0.78 0.83 O.S7 ee 


although the distinction among (e), (f), and (g), is 
not clear, Further observations on other alloy systems, 


for instance Cu,Pd, Ni,Fe, are now going on. 


From our experiment, it can be concluded that 
deformation of crystals with perfect periodic lattice 
is associated with slip patterns of elementary structure 
whereas that of crystals with statistically distorted 
lattice is associated with distinct single-slip patterns. 

We wish to express our hearty thanks to Prof. 
S. Kaya for his kind guidance and encouragement 
this work. We wish to thank 


throughout also 


Mr. A. Fukami for his suggestions in the replica 


techniques. 
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and lattice tetragonality measurements 
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Co 
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for the CoPt svstem. 
isomorphous, forming lavered structures with Co Cu) 
The 


been 


and Pt(Au) atoms on alternate (100) planes.” 
AuCu | 


established as 


transformation has 


Roberts.“ The 


order-disorde1 


being first order by 


Young’s modulus measurements of Gebhart and 


Koster indicate a second-order transformation 


for CoPt, but their electrical-resistance measurements 


The 


X-ray determination of the equilibrium long-range 


indicate a first-order transformation direct 
order in CoPt is of particular interest, since a com- 
data for AuCu | 


the generality of theories of long range 


parison with the could indicate 

The degree of long-range order may be determined 
directly by comparing the diffracted X-ray intensities 
The 


of fundamental and superstructure reflections. 


structure factor takes two forms:® 


Fundamental: 


Superstructure: 
k) even, hkl mixed 


The 


perfect order and zero when the atoms have been 


long-range order parameter, S, is unity for 
randomized sufficiently for the layered structure to 
be indistinguishable over more than a few interatomic 
distances. The integrated intensity per unit length 
ot powder-pattern diffraction line is given by: 


P km( LP) 


VOL. 


1957 


where constant for all reflections, 
multiplicity, 
Lorentz-polarization factor, 
temperature factor, 
absorption factor, 


extinction factor. 


Defining A, and A, as the area under a fundamental 
and superstructure peak respectively, the long-range- 


order parameter is given by: 


A 
A, 


LP) Ir 
LP) fp 


f 
f 


| 


In principle, the bracketed term can be calculated 
However. 


the 


and an absolute value for S determined. 


in view of possible preferred orientation in 
powder briquette, the difficulty in estimating the 
Honl Z correction for the Pt 


the uncertainity in estimating the extinction factor, 


scattering factor and 


the bracketed term was evaluated by assuming that 


the highest value obtained for the ratio A./A, 


corresponded to S = 1. This assumption was investi- 
gated by annealing a sample at successively lower 
temperatures below 7’, for a period of about three 
months until an apparent equilibrium was reached. 

All measurements were made on samples quenched 


Newkirk 


reaction is 


from the annealing Since 


et al 


temperature. 
that 
quite sluggish, it was assumed that a reasonably 
the 


have shown the ordering 


fast would be 


equilibrium 


capable of retaining 
Each 


sealed in an evacuated Vycor tube and suspended 


quench 


degree of order. sample was 


in a resistance furnace. The tube was attached to 
a stainless-steel rod, and the quench was performed 
by plunging the rod and breaking the tube in a 
beaker of ice and water. 

The samples were in the form of briquettes of 
sintered filings, and the X-ray exposures were made 
in a 19-em Debye-Scherrer camera, with the sample 
inclined at 45° to the 
filtered with Mn 


range order was obtained from the ratio: 


beam. Fek« 


The 


face incident 


radiation was used. long- 
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Because of the high temperatures and the long anneals, 
some recrystallization and grain growth occurred, 
but the use of two pairs of fundamental and super- 
structure lines helped to minimize these effects, 

The behavior of the lattice constants as a function 
of S is also of interest. The values a and c obtained 
with the camera geometry described above were not 


very precise, but the c/a ratio could be obtained 
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order in CoPt 


Long-range the alloy 


with adequate precision from the same films used 
though the d 


ver\ 


for intensity measurements. Even 


spacing calculated for a given line was not 


accurate, its neighbor was in error by approxi- 


mately the same amount, so that the c/a ratio 
calculated from neighboring lines was reasonably 
accurate. The following pairs of lines were used for 
the tetragonality measurements: (200)/(002), (200) 
(202), (311)/(113). 

The long-range order parameter, S, is shown as a 


function of temperature in Fig. 2. The ascending 


temperature values were obtained with a sample 


which first gradually cooled from 820°C to 


530°C over a period of about three months, and 


was 


then reheated in steps over a period of a month 
until the reached. 


At least two successive anneals and pictures were 


critical temperature, 7',, was 
taken at each temperature to assure equilibrium, 
and each point represents at least 24 hours of annealing 
time at that temperature. Fig. 3 shows the c/a 
ratio as a function of temperature. 
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SOLID SOLUTIONS 


LOCAL 
IN Co-Pt 
The le 


obtained 


coefficients were 
diffuse X-ray 
scattering. For a powder pattern, the diffuse scattering 


12 


and size-eftect 


from an analysis of the 


arising from these effects is given by: 


cos Sr 


diffuse intensity in electron units, 


itom fraction of A atoms, 


number of atoms irradiated, 


number of atoms in the 7th shell, 


sin 4/2. 
short-range-order parameters, 
mpl N, 


number of unlike pairs which are 


ith neighbors, 


size-eftect coefticients. 


i 


atomic scattering atom, 


center-to-center distance between two 


{ atoms which are ith neighbors, 


average center-to-center distances 


calculated from the lattice parameter, 


a 2 in f.c.c. crystals, 


Laue 


monotonic scattering. 


The were made 
with a Geiger counter spectrometer, using essentially 


The 


and 


diffuse scattering measurements 


technique 


the same described previously.“ 
sintered 


both at 


samples were briquettes ol filings 


measurements were made 860°C and after 


quenching from that temperature Monochromatic 


CoK« radiation was obtained by diffraction from a 
bent fluorite crystal in order to suppress //2, and 
the 22kV to The 
intensity was put on an absolute scale by comparison 


lucite. An 


tube was run at eliminate //3. 


with the scattering from empirical 


room temperature o— 

860°C e—e 
TD=temperature diffuse 
CM = compton modified 


{ 


Diffuse scatte ring from the allov 50Co 50Pt at 860°C 


and water-quenched from 860°C. 


correction for the temperature diffuse scattering 


was made by assuming that this scattering was 
given by: 
bs?) |W 
where: 
h constant, 
Warren's modulating function.“” 


Warren's function is derived on the assumption that 
Waves Is 
diffuse 
in the neighborhood of the crystalline reflections. 
The that the 
local-order scattering modulated the Laue monotonic 


the velocity of elastic constant, and it 


predicts the presence ot scattering peaks 


constant 6 was chosen so corrected 


scattering properly. 

The corrected diffuse scattering was analysed by 
Fourier transform methods@® in order to obtain 
the 


higher-order interactions could not be 


) 


nearest-neighbor coefficients 44 and M4; the 
resolved with 
Typical diffuse scattering measurements 
Fig. 4 for a 50Co-50Pt 


cent) alloy at 860°C and after quenching from the 


confidence. 
are shown in (atomic per 
same temperature. It is evident that the significant 
features of the diffuse scattering are unchanged on 
quenching, and the coefficients reported here were 
measured on quenched samples. 

A representative Fourier transform is shown in 
Fig.5. The curves marked *“‘damped” and ‘“‘undamped”’ 


refer to a 


weighting technique described fully in 


reference." The negative modulation at r, 


Fig. 5 indicates that the coefficient %, IS negative; 


there is thus a preference for unlike nearest-neighbors 
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in this alloy. The displacement of the centroid of 
the modulations from 7, 
Undamped 

size effect: this is unambiguous evidence that the 


Damped (a S,= 1°5) atoms are displaced from. the iverage lattice sites 


indicates that there is a 


The values of the short range-order coefficients 41> 


and the size-effect coefficients are shown in 


Fig. 6 for several Co-Pt alloys at 860°C 


Within the experimental accuracy 


may be expressed analyticalh 


4 0.56mp,7 1133°K 
r,= first neighbor 
distance, etc. 


0.026) 

-2:00+ ZO) Py 

ria. 5. F ‘jer tre ‘orms fuse seattering fr e alloy . 

Ia. 5. Fourier transform of diffuse cattering from th illo. it is of interest to note that «. for the allov AuGu 
50Co—50Pt. water-quenched from 860°C. 

at the same value of 7'/7 is essentially the same as 


the value for the alloy CoPt, and the size-effect 


coetticients. rbout Ole halt as ve as those 


measured for Au-! illoys 


3. DISCUSSION Of} 
The negative values for «, 
preference for unlike nearest-neig 
Co-Pt alloys From the definition « 
that each Co atom has m,,¢ le 
that are Pt atoms and ( , 
that are Co; similar relation 


of Pt atoms can be obtain 


a 5 From damped transforms | | and p, In the expressions 
—® From undamped transforms the average first-neighbor compositions leulated 
e— from the experimental values x, and compares 
them with the random case (i.e 
There have been several 
local order to the experiment 
dynamic properties 
approach utilizes the 
quasi-chemical theory wherein the thern 
variables are given in terms of an intercha 


vy, Which is independent of compositio1 


perature."?, 1% The interch 


mined from the experiment 


Atom fraction Co 


6. Local-order (a,) and size-effect coefficient 
Co-Pt alloys quenched from 860°C. 
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where V, is 


Values of 
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experimental 
Table 2 also lis 
obtained from « 


tor V 


y 
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ogadro’s number. 


ol 630 cal/mol. and these are compared 
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at of mixing is then given by: 


y obtained from equation (5), using 
ilues of %,, are t ibulated in Table 2. 
ts the values of H™(cale) which are 
quation (6), using an average value 


with the values of H*’ exp) which have been obtained 


by Oriani™® fi 


such 


om emf. measurements. Obviously 


ipplication of the quasi-chemical 


theory is inadequate. The discrepancy probably 


arises from the 
with the dispai 
and the Import 
the relatively 
order to eale 
is necessary 
solid solution 
atomic sizes 77” 
these sizes fron 
below. A det: 
of the relations 
thermodynamic 
where 

An interpreta 
terms of atomic 
system by Av 
concluded 
ind Co-Pt syste 
of an elastic-sti 


These conclu 


of spherical a m 


symmetry) in s 
the 

vation of the 

in solution 


model. 


We consider t] 


is characterized 


a B atom by th 


‘radii Rp,and , 
defined as: {4 


neglect of strain energy associated 
ate sizes of the atoms in solution, 
ance of this feature is indicated by 
size-effect coefficients, In 
strain energy, however, it 
a structural model of the 
model must consider the 


olution, and a method for deriving 


1. the size effect coefficients is given 


iled model and a critical comparison 


hip between the X-ray results and 


properties will be considered else- 


tion of the size-effect coefficients in 
SIZES h iS bee civen for the Au-Ni 
al..29 and it was further 

the size-effect data in the Au-Ni 
ns are at variance with the predictions 
In energy model of solid solutions.‘ 
is were based on the assumption 
ic symmetry (actually dodecahedral 
lution. It will be shown here that 
behavior allows the deri- 

ge size and shape of the atoms 


introduction of a detailed 


hat an A atom in a binary solution 
by two radii, R,, and Ry 4p), and 


R): These radii are 
all 


, 
pp and Ry 4p 


R pap) Where the 7’s are center-to-center 
interatomic distances that appear in the definition 
of the size-effect coefficient, /,, in equation (4). 
There is a relation between the values of 7, since a 
suitably weighted average must reproduce the 
measured lattice parameter. There are only two 
independent values of r, but both appear in the 
definition of /,, so that a single determination of 
6, is insufficient to establish the magnitudes of 
either or R. Flinn et al.“ adopted a series expansion 
method combined with measurements of /, as a 
function of composition to obtain the values of +r. 
This procedure is not general, and it is inapplicable 
if Py 


the «’s are not negligible, or if the range of solubility 


does not vary linearly with composition, if 


is not large. To circumvent these difficulties, a 
new method of obtaining the values of 7 from the 
experimental values of /, is introduced. 

We define a parameter, 0, such that 


BB 
“AB 


Only first-neighbor interactions are considered, and 
the super and subscript 1 will be omitted. In terms 
of this new parameter, the relationship between r , ;, 


‘pp and takes the form: 


5 
MBE 


and the equation for / becomes: 


| 
M 2,10 WS { Nip (9) 


One advantage of this formulation is that 6 ean 


be expected to be much smaller than « or 


14 EBB: 
by assuming 0 in equations (8) and (9), e44 
and ep, can be evaluated for a given composition 
from a single diffuse scattering analysis. The validity 
of this assumption cannot be proved generally, but 
for the Au-Ni system where the series expansion 
method of Flinn can be used, a comparison of the 
e's obtained by both methods yields similar results. 
We note that if the atoms in solution are spherical, 
rn) 0, but the converse that the atoms have to be 
spherical for 0 0 is not true. Applying equations 
(8) and (9) with 6 = 0, 7 = f,,/fp, 0.324, to the 
Co-Pt data and using Gebhart and Ko6ster’s lattice 
parameter data,“ we obtain values for Rp,p, and 
R 
atomic radii of spherical atoms as used in the previous 


treatments.47; 19 The values of Rp», and 


Coco.  Lhese values correspond to the average 
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radii in disordered Co-Pt solid solutions, 


quent hed from 860°C 


Atomic 


are plotted in Fig. 7, and it is seen that if the atoms 
are spherical, there is a considerable accommodation 
of the atomic volumes. However, the only completely 


unambiguous result that can be obtained from 
these data is that the Rp,p, and Reg, 
each other, since, from equation (4), 
proportional to the 
The effect of the parameter 0 is to shift the curves 
R,, and Rpp up if 6 <— 0 if 6 >0O but 


essentially maintaining the same difference between 


radii approach 


is essentially 


(Roi R, 


difference. 
or dow nh 


the two. 
the value for 6 obtained from the perfectly ordered 
alloy, CoPt. That is, 


For example, we may take as an extreme 


and 0 0.030. 
It is then 
the line R 


proporti mally. 


found that R,.,¢, along 
a/2V2 and has been raised 
We can that the 
values for somewhere 
the obtained for 6 0 
obtained for 6 


We now define the atomic size in terms of radius 


lies essentially 


thus conclude 


actual and Rp», lie 


between values and those 


0.05 


vectors in the (¢ ‘1 close-packed directions (12 in f.c.c.). 


Thus, for an arbitrary composition, the volume of 


an A atom is given as 


V4 


ORDER IN Co-PT 


where V, is a constant. If we wish to think 


atom as a generalized elipsoid, V, becomes 


0 


Since the average atomic volume, | V ,(a/2Vv 2 
must be the properly weighted average of the com 


ponent volumes, we may writé 


{ Mz, 


Another independent relationship Is ne 
the 


solution If we 


evaluate average volumes of the component 


atoms in consider the yrocess ot 


alloy formation to involve the elastic distortion 


of A 
final 


volume |} to 


for the B 


uined 


atoms from an original some 


volume V,, and similarly atoms 


from 


the 


this additional relationship can be obt 


a general equation of elasticity which 


equation (see Appendix for derivation 


mK J | Mm B 


i i i 


where K, bulk modulus of A atom, et 


V atomic volumes of the 


{ 


pure 


ponent, etc 


The simultaneous solutions of equations 


(13), using the definition of equation (11 


the relations 


where Kp/K 4; for 
effect data we must define t 
the bulk 


Koste1 


moduli the 
21 
using Gebhart and 
and 
7. These 
the radii. From equation (1] 
values of R,,, and R, 
of and Rp,p, calculated 
and (9) on the 
and 
in Fig. 7. 


The 


Using 


pure 


as given by 28.090. A 


ko 


mm?, and Koste1 


were eaicu 


parameters, Pp, 
also plotted in Fig 


and the experi 


assumption that 


] 


were calculated ina 


radii shown in Fig 


* The values V4 and | 


partial molar volumes defined | 
V mal 


The partial quantities must 


and are completely determined 


Vs. composition using 
mp(0V/0ma) and Ve 
molar volumes and the act 
different 


12 
'35 RetPty 
| 
+445; eeu 
J 
1-25} = 
} 
Ry; | 
mM 
fy — (m R340 + mpy 
Ry =| L5 
m 4(3 
he values of R a 2V 2 
mponent 
r > | - 
_V14+(e/a),? — 1 10 
V2 
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satisfactory than the assumption of spherical atoms. 
with fixed radii in solution. For example, in Fig. 7 
the values of R represent the average radii of all 
of the Neighboring Pt 


somewhat value, Rp; 


atoms. atoms assume a 


larger and neighboring 


Co atoms a somewhat smaller value, R,,,, However, 
for an unlike pair the Pt atom relaxes to a much 
and the Co atom is squeezed 
These 
of the atomic shape depend on the relative shear 
The total 


volume changes. is 


larger value Rpiycop; 


to a smaller radius R relaxations 


Co(CoPt)* 


deformation, involving 
that 


strain energy, and the consistency of the deformations 


moduli. shape 


and which minimizes the 


found here will be discussed elsewhere. It is interesting 
to note that the shape of the atom is dependent 
on the identity of the nearest neighbors, so that 
the short-range order and atomic sizes are intimately 
interrelated. 

It is difficult to estimate the quantitative accuracy 
of the numerical values. 
14) and 


and is 


The applicat ion of equations 
15) involves a quotient of small differences 
the data, 
The validity 


hence very sensitive to errors in 


in particular the lattice parameters. 


of the assumption that 6 = 0 is also open to question, 


but for the present this assumption appears reasonable 


ind not very restricting. It is to be noted that, in 


principle, sufficient diffuse scattering information 


can be obtained to obviate the necessity of making 
any assumptions about the value of 6. Two diffuse 
‘ring determinations using different radiations 
X-rays and neutrons) should allow all the values 
o be obtained 
teresting to definition 


compare our 


atomic radius with that used by Hume- Rothery 


aynor.*) They define the atomic radii, R’ , 


mph’, (16) 


compared with the definition which can 


be obtained from equation '2): 


Disregarding the short-range-order coefficients, «. 


the difference in the values of R and R’ for a given 
set of R R, 1B): ete. 


arises from the difference 


between the geometric averaging used here and the 


arithmetric averaging used by Hume-Rothery et al., 
since, 
18) 


4 > i4 
RA 


and 4 4B) (19) 


Hume-Rothery and Raynor have also attempted 


to evaluate an apparent atomic diameter, AAD, 


VOL. 5, 1957 

from the intercepts of the tangent to the lattice 
parameters vs. composition curve. This is analogous 
to a determination of partial molar volumes, and, 
as in the case of the atomic volumes, there is no 
the AAD the 


radii defined in equations (18) and (19). 


evident relationship between and 
In the light of the results obtained for the disordered 
toberts’ theory for the 
CoPt. His 


formulation requires the atoms to be describable 


solution, we may return to 


tetragonality ratio in ordered alloy 


by radii R,,, ete., which are independent of the 
degree of order. But in the perfectly ordered state 
R a4 that 


this condition is very closely approached even in 


Ry»: by referring to Fig. 7 we see 
the disordered state, and Roberts’ assumption is 
the 
small,“ it 


from equation (13) we then 


apparently an adequate approximation. Since 


volume change on ordering is rather 


may be disregarded; 


have that V , (ordered) and V (ordered). 
In the perfectly ordered state each atom has twice 
as many unlike as like neighbors, and the average 


atomic radii defined by equation (11) become: 


R , (disordered) R , (ordered) 


> 
(Ri 4 


R (disordered) R ,, (ordered) (Rap - 


and from equation (10) we obtain: 


3/2 
4 


23/2 


9 
(Cc 


Using the R, and &, obtained in the disordered 
solution and estimating R,, from the parameter 
data of Newkirk ef al.” as R, , 

with 


3.80/2V 2, we obtain 


cla = 0.967, as compared the experimental 


value of 0.968. The theory appears adequate by 
this test. 
4. SUMMARY 
The equilibrium long-range order for CoPt has 
been measured as a function of temperature and 
to be at 


shown variance with the predictions of 


the theories of long-range order. From measurements 
of the X-ray diffuse scattering for several CoPt 
alloys quenched from the disordered phase, the local 
order and size-effect coefficients were obtained. It 
is shown that the use of the quasi-chemical theory 
the the 


solid solution from the local-order data is not valid. 


to obtain thermodynamic properties of 
and it appears that the strain energy due to the size 
and shape distortions of the atoms in solution has 
been neglected. 

A new method for obtaining atomic dimensions 
from the size-effect diffuse scattering is developed. 


By combining lattice parameter measurements, the 


= 
ind R as 
=m + 


RUDMAN anv AVE >: ORDER o-Pt 


bulk modulus for each type of atom, and the diffuse and if we express the results 
X-ray size-effect data, it is shown that information volumes, we have 

concerning the shape of the atoms can also be obtained. 

The sizes and shapes of the atoms in the disordered 

Co-Pt solid solutions are calculated and the resulting and equation (13) is obtained 
picture indicates that the combination of volume 

and shear distortions of the atoms is such as to REFERENCES 
maintain almost perfect periodicity of the lattice, 

with only local deviations. The method is also used 

to successfully predict the c/a ratio in the perfectly 

ordered CoPt from the sizes of the atoms in the 


disordered solution. 
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For a system without body forces the total dilation 


is given 


yY + 2Z)ds 
H WILSON 


rmation of superlattice 


where: Av volume change. 
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bulk modulus, 


P RUDMAN 
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S surtace. 1954 
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cubie powdese 
P. A. 


Interpret: 


We consider the solid solution as intertwined 
bodies of A and B. The surface of all A bodies is 
either an AB boundary or free surface, and if we 
perform the integration over all such boundaries 
we include the total volume of the solution. But 
on all AB surfaces, the surface forces must be equal 
and oppositely directed in the A and B bodies to 
maintain static equilibrium, and since the remaining 


surface is free of forces, we obtain, 
K ,Av, K Av p 0) 


If before intertwining the A and B bodies the isolated 


A body had a volume vjo and the B body vp, we ME-ROTHERY 


have: 
V 


73 
n terms oft atomu 
et 
\. H. GEISLEI nd 
iperiattice n 
| 
u ( rendor Pre 1952 
order i t 
t I to \uCu 
1953 
\ ay 0 X-ray measurement of ord CuPt 
. whos ted th t 
Lie 4 12. I ERB B. W. Rose! \ 
c A \ 22 
J ind B. L. A ee 
\t rang uminum 
silver s solutions. Acta M 9 
Tempe tu liffu 9 
ttert 6, 803 (1953 
\ ; iP. S.R 
patterns. Acta ( t.'7, 153 (1954 
A. wn, B. L. A MI. 
rrang nts in Au-N s. A 1, 644 
1953 
17. B. \VEI cH. P \. |} 
ition formation it Au-N 
1954 
18. R 1. N CThermodyn ng 
1 Wet. 1, 144 (1953 
19. B. I \VERBACH 1 
Phases 1 one ) 
A-1) 20. J. Friepet Electronic st 
n metals. S 8, 446 (1954 
Koster Poissons rat met 
329 (1954 
nd G \ Ray 
Av, = V4 — ete. A-2) n (15) 


SELF-DIFFUSION IN DILUTE BINARY SOLID SOLUTIONS—II* 
E. W. HART, R. E. HOFFMAN, and D. TURNBULL? 


In order to account for the diffusion phenomena observed in dilute silver solid solutions, we proposed 
in an earlier paper that these solutions may be considered to consist of a matrix of undisturbed solvent 
containing nonoverlapping “‘soft’’ regions around each solute atom. By considering the “‘soft’’ regions 
to move with the solute atoms, we were led to the conclusion that the observed solvent self-diffusion 
coefficient, D,, is closely related with the magnitude of the solute diffusion coefficient, D,, and an 
a} proximate derivation of this relationship was given. We present here a more rigorous and analytic 
derivation of this relation and find that it differs only slightly from that previously given. It is also 
shown that with some additional assumptions, our model may also account semiquantitatively for the 


observed concentration-dependence of the solute diffusion coefficient. 


\UTO-DIFFUSION DANS LES SOLUTIONS SOLIDES BINAIRES DILUEES—II 


Pou interpréte! les phénomenes de diffusion obser vés dans des solutions solides diluées d'argent, nous 
avons proposé antérieurement de considérer ces solutions comme formées d’une matrice non perturbée 
du solvant et de régions ‘“‘douces”’ et distinctes autour de chaque atome dissous. En admettant que 
ces régions accompagnent les atomes dissous dans leurs déplacements, nous avions conclu que le coeffi- 
cient observé pour l’auto-diffusion du solvant D,, est étroitement lié & limportance du_ coefficient de 
diffusion du soluté D,; une discussion, en premiére approximation, de cette relation, était également 


donnée. Nous présentons ici une discussion analytique plus rigoureuse de cette relation et nous trouvons 
qu'elle ne différe que légérement de celle donnée précédemment. On montre également que moyennant 
certaines hypothéses supplémentaires, notre modéle permet également une interprétation semi-quanti 
tative de linfluence, observée expérimentalement, de la concentration sur le coefficient de diffusion 


du soluté. 


SELBSTDIFFUSION IN VERDUNNTEN BINAREN MISCHKRISTALLEN—II 
In einer friiheren Arbeit war zur Erklarung der an verdiinnten festen Lésungen in Silber beobachteten 
Diffusionserscheinungen vorgeschlagen worden, diese Mischkristalle zu betrachten als Matrix des 
ungestorten Grundstoffes in die, um die gelésten Fremdatome herum, sich gegenseitig nicht iiber- 
lappende, “‘weiche”’ Bereiche eingelagert sind. Unter der Annahme, dass sich die ‘““weichen”’ Bereiche 
gemeinsam mit den gelésten Atomen bewegen, gelangte man zu dem Schluss, dass der beobachtete 
Diffusionskoeffizient des Grundstoffes D, in engem Zusammenhang mit der Grésse des Diffusionskoeffi- 
zienten des gelésten Stoffes D, steht. Eine naherungsweise Ableitung dieses Zusammenhangs wurde 
angegeben. In der vorliegenden Arbeit wird nun eine genauere analytische Ableitung dieser Beziehung 
vorgelegt. Das Ergebnis weicht nur geringfiigig von dem friiheren ab. Es wird dann weiterhin gezeigt, 
das zugrundegelegte Modell mit einigen zusatzlichen Annahmen auch die beobachtete Konzentrations- 


abhangkeit des Diffusionskoeffizienten des gelésten Stoffes halbquantitativ erklaren kann. 


INTRODUCTION The purpose of the present paper is to improve the 
Recent observations “> *) have shown that small rigor of the results of I and to make the model more 
concentrations of certain solutes in silver cause’ clear. We also make some remarks about the con- 
marked increases in the rate of silver self-diffusion. centration-dependence of the _ solute diffusion 
In an earlier paper” (hereinafter referred to as I) coefficient. 
we developed an explanation for these results on the CALCULATIONS 
basis of the following model: 


The problem under consideration is diffusion of 


|. In the immediate vicinity (the first coordination i ; 
solvent atoms in a mixture of: (1) undisturbed solvent 


shell for definiteness) of a solute atom, the solvent- ; : 
matrix and (2) disturbed regions in the immediate 
vacancy exchange frequency and/or the vacancy 

ne ee vicinity of solute atoms. The quantity which we wish 
concentration is considered to be enhanced over that 
; to compute can be defined in the following way. 
at other lattice sites. In other words, that region is : 


Consider the mean square migration distance X* in 


more fluid than the rest of the matrix. 


2. The same properties at the other lattice sites are some direction for some relatively long time of 


not appreciably different from their values for pure migration 7. The effective diffusion coefficient which 
solvent we seek is 


D (2/27. (1) 


* Received April 5, 1956. 
+ General Electric Research Laboratory, Schenectady, 


New York. 
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If X, and X, are the net distances travelled in the 


HART, HOFFMANN, anp 
« direction in the solvent matrix and in the vicinity of 


solute atoms respectively, then 


X,* 2) 
if there is no correlation between migration steps in 
This latter 


requirement is satisfied when the encounters between 


solvent and those in vicinity of solute. 


a given solvent atom and any solute atom is controlled 
the motion of the solute atom to the solvent atom 
by rather than the other way around. This is the effect 
Now. 


if F is the frequency of encounter of any given solvent 


referred to in I as the “‘moving solute effect.”’ 
atom with solute atoms, and /,” is the mean square 
projected migration distance of the solvent atom 
during the time that the solute atom remains in its 
vicinity, and if D,° is the diffusivity of the solvent in 


pure matrix, 
27) 0- 
2D,°7, 


where 7, is the time spent in solvent matrix. Finally 


D = D,°p, + (1/2)4,2F (4) 


where p, = 7,/7 is the fraction of the time 7 that any 
solvent atom spends away from solute atoms vicinity. 

In order to evaluate the parameters in equation (4) 
we assume that diffusion occurs by the lattice vacancy 
of the 


coefficient, taking approximate account of the problem 


mechanism. The deduction solute diffusion 
of correlations in the vacancy-solute atom interchanges 
was treated by us in I and has been subsequently 
handled more precisely by Lidiard‘ and by LeClaire 
and Lidiard. 

The 


taken to 


region about the solute atom is 


first shell about the 


The contribution of this mobile region 


disturbed 
be the coordination 
solute atom. 
to the solvent self-diffusion can then be considered in 
the following way, ignoring for the moment the self- 
diffusion in the absence of the solute. A given solvent 
atom sits at its lattice site until a solute atom migrates 
to it and makes the solvent atom become one of the 
the first shell 


During the solute atom’s stay, which must be at 


atoms in disturbed coordination 


least long enough to allow the associated vacancy to 
randomize its position around the solute (of the order 
of ten vacancy-solvent interchanges), the given solvent 
atom is more or less “relaxed” over that first co- 
ordination shell. The mean square projected distance 
of relaxation is now written as (1/3)A?x%,, where «, is 
the number of effective solvent diffusion jumps per 
solvent atom while in the first coordination shell of 
can be 


the solute. The frequency of encounter, F, 


obtained from a consideration of the total rate of 


encounter of solvent atoms with solute atoms per 
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DIFFUSION 


unit volume. If V is the number of lattice sites per 
unit volume, x is the atom fraction of solute, and f, is 
the effective diffusion jump frequency of the solute, 
then the 


encountered by the solute atoms in a 


number of new solvent atoms which are 
unit volume per 
unit time is fx.Nf,, since in each solute jump f/f new 


The 


encounter per solvent atom is then given by 


solvent atoms are contacted frequency of 


Then 


if k 


atom, p, is given by | 


is the coordination number of a solute 


ka and sO 


Finally, 


D (] kx) D,° (6 


We note that this result differs from the corresponding 
result in I in that & is not necessarily equal tO &/) 
This difference is due to the somewhat better precision 
of the present calculation 

No mention has been made so far of the entire 1\ 
comparable enhancement of the solute diffusion 
the solute concentration 
As is readily seen from Fig. 6 of I. the 
Ag-Pb alloys undergoes 
which is 


We do 


not propose an explicit mechanism for this enhance- 


coefficient asa function ot 
diffusion 
coefficient of Pb in 
fractional 


centration-dependent increase 


comparable to that of Ag in the same system 


to note that it is not un 


local diffusivity 


ment: but we should like 


reasonable to attribute an enhanced 


for each of a solute atoms which ar 


that 


pair ol 


they share some nearest-neighbor 


[f the diffusion coefficient approp! 


enough SO 
solvent atoms 
0 


to such configurations is gD),° compared to D), 


solute atoms are not in such “‘contact’’, the 


composite diffusion coefficient can be wri 


Ds, l 


The number, c, is the numbe1 

civen solute atom such that a 

those sites shares at least some certain rv 
of nearest neighbors with the given solut« 
is required, for example, that 
neighbors are shared, c will be 30 for f. 


Then fol Pb in Ag, 


to insure the observed enh ince 


q need he ontiv ot the 


ment 


DISCUSSION 


The results as embodied in equation (6) seem to 


apply well to the cases where the solvent self-diffusion 
enhancement is great. The analysis leading to equa- 


tion (9) of I shows that a mere increase o » solvent 


(5 
(1/2)A,2F = (1/6)/?x, Barf, 
= 
tant 
terla 
der of 2 or 3 
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diffusivity in the immediate vicinity of the solute is 
not sufficient to. increase the overall diffusivity unless 
the disturbed region per solute atom is assumed to be 
rather large. The reason for this is that high diffusivity 
in static regions of limited dimensions makes much of 
the diffusion in those regions redundant. 
distance travelled in those regions in the time spent 
there is determined by 


than the duration of the stay. However, the effect 


since the 


the size of the region rather 
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described in the present paper is already capable of 


producing the observed enhancement even though the 


regions are small. The size of the disturbed regions 


must therefore be small, as assumed here. 
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STRAIN-AGING OF ALUMINUM AND ALUMINUM-MAGNESIUM ALLOYS 
AT LIQUID-AIR TEMPERATURES* 


A. R. C. WESTWOOD? and T. BROOM 


Measurements of increases in flow stress 
magnesium alloys following aging at liqvid-: 
temperature indicate that some form of strain-ag 
process is 0.1 eV. It is probable that the strain-aging observes 
migration of interstitials to dislocations. In aluminur 


arises from local redistribution of solute atoms. 


LE VIEILLISSEMENT APRES DEFORMATION DES ALLIAGES 
\ LA TEMPERATURE DE L’AIR LIQUIDE 


Les auteurs ont effectué des mesures d’accroissements 
\l-Mg polycristallins de haute pureté, au cours du vieillisser 
déformation préalable a cette meme tem pe ature 
déformation. 

L énergie apparente d’activation cle proc 


d’un aluminium de haute pureté est dd a la migt 


le mentaire resulte 


les alliages Al-Mg, une raison sup} 


LECKALTERUNG VON ALUMINIUM UND ALUMINIUM-MAGNESII 
BEI DER TEMPERATUR DER FLUSSIGEN LUI 


polykristallinem Reinstaluminium und an 
Verformung bei der Temperatur der fliissigen Luft uw 
eine Erhéhung der Fliesspannung gemessen 
Reckalterung auftritt. Die fiir diesen Prozess 
ist wahrscheinlich, dass die bei Reinstaluminium beo 
Zwischengitteratomen zu Versetzung hin verursa 


kommt ein zusaétzlicher Beitrag, det 


1. INTRODUCTION 

During a study of the strain-aging kinetics of 
aluminum-magnesium alloys”) it was noticed that 
the increase in flow stress occurring on re-testing 
at liquid-air temperature after resting at som 
elevated temperature did not appear to extrapolate 
to zero at zero resting time. This suggested that some 
form of strain-aging was occurring at temperatures 
much lower than previously thought possible in 
these alloys. Accordingly, experiments were per- 
formed at 78°K and 90° K throughout; these indicated 
that strain-aging was indeed occurring at this low 
temperature, even in superpure aluminum. Thes¢ 
investigations are described and some tentative ideas ot 24—40 hours 
put forward in explanation of the results obtained and then rolled 


inneals \ 
2. EXPERIMENTAL was 5 
(i) Materials 


for 3 hours 


The materials used were superpurity aluminum produced 


(99.992°,) and high-purity aluminum-magnesium Test pieces 


* Received May 7, 1956 
[.C.1. Ltd., Metals Division, Birmingham, England; form 
Department of Metallurgy, University of Birmingham 0.053 in. for the alloy specimens 
Department of Industrial Metallurgy, University 


for the aluminum specimens 


Birmingham, England was carried out on polycryst 
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Composition and grain size of aluminum-magnesium tensile specimens 


Impurity content (%) 
Alloy Magnesium Total impurity 


code ‘ (%) 


Ke Mn 


Mean grain 
diameter 
(mm) 


0.002 0.002 002 O.OLO 
0.0025 0.00385 OO45 OO] O.OLLS 
0.005 0.002 0025 O02 0.0125 
0.0065 0.003 0025 0.01385 
0.006 0.004 0035 0005 0.014 
0.004 0.004 007 00] 0.016 


few single crystals of superpure aluminum were also 
used. Immediately prior to testing, the specimens 
were annealed at 400°C for 3 hours and then quenched 


into water at 90°C 


(ii) Testing proce dure 


The tensile machine used was of the hard-beam 


Stress, g 


Polanyi type and capable of exerting a load of 230 kg. 


A constant strain rate was employed during testing, 


this usually being 3 * 10~-°/sec, the amount of 
extension being measured by a dial gage. Loads 


were measured by the elastic deflection of a centrally 


loaded beam, and were recorded in two ways. ae 
Strain, « 


First, by an optical lever actuated by the movement ™ as 
‘ ‘1G. 1. Testing procedure A. 
of a mirror attached to a rhomb which was tilted 
when the beam deflected under load, and second, and re-straining was repeated several times with 
by means of strain-gages on the beam, the signal increasing amounts of prestrain and with different 
from which was fed into a Sunvie automatic recorder, materials. The cycle is illustrated diagrammatically 
type RSP-1, so that a load extension curve was’ in Fig. 1. In all cases, after the initial increase in 
drawn as the test proceeded. This second method flow stress the original stress-strain curve was 
was very sensitive, it being possible to measure regained 
load changes of 0.068 kg, or 0.06°,, of a typical flow Procedure B. A specimen was strained in tension 
stress quite readily. Testing at low temperatures at a strain rate ¢€,, to a certain stress o,, and was 
was carried out by placing a large vacuum jar of then held at that stress for a time t. Because the 
liquid air or other refrigerant around the cage specimen underwent creep, the stress tended to 
containing the specimen. relax, but was maintained at the appropriate level 
Two testing procedures were utilized, any given by judicious use of the straining mechanism. The 
temperature being maintained throughout the test. amount of extension, Ae, necessary to keep the 
Procedure { A specimen was strained in tension specimen at stress 0; for time t was recorded, and 
at, for example, 90°K to a certain stress o, at a strain then the specimen was re-strained. Again an increase 
rate €,. The stress was then released to a low value in flow stress was observed and the original stress- 
usually about 15 of and immediately the strain curve eventually regained. This is illustrated 
specimen was re-strained at the same rate. The in Fig. 2. The increase in flow stress, Ao, can be 
time interval between the first and second extensions separated into two components, Ao, due to the 
was about 2 min. It was observed that the flow creep process, and Ag,. An estimate of the magnitude 
stress of the specimen during the second extension of Ao, was formed in the following way. The slope 
was in general, not o, as expected, but a greater of the stress-strain curve in the appropriate region 
stress g,. This increase in flow stress is denoted by was found and the increase in flow stress which 
Ao o,) and is the increase in flow stress would accompany an extension Ae calculated. 
obtained by releasing the stress, aging for approxi- This increase in flow stress was called Ao,. In fact, 
mately 2min at the testing temperature, and re- the true Ao, would be less than this, since the creep 


straining. This cycle of straining, releasing stress, rate was less than the strain rate e,. Thus, Ao,, 
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Fic. 2. Testing procedure B. 


the difference between Ao and Ao, is a minimum 
of the 
holding at stress. 


value increase in flow stress occurring on 
The variation of Ao, with aging- 
time led to the conclusion that it was due to some 


form of strain-aging. 
3. RESULTS 

T sting proce dure A 
(i) The effect of prior 


At 90°K, the magnitude of 
stress after relaxation (Ag,) increases with the amount 


Strain and composition. 


the increase in flow 
of prior strain up to about 10°, prestrain and then 


decreases slightly, as shown in Fig. 3. 


This appears 
to be a genuine falloff and is not due in any way to 
effects caused by incremental straining. 

The magnitude of Ac, did not appear to have a 
which it 


definite relationship with o,, the stress at 


increased with 


was produced, but in general Ao,/o, 


oO 


strain up to 5°, prestrain and then decreased. In 
practically all cases it was between | and 2°,. 

(ii) The 
temperature decreased the magnitude of A, 
the effect 


room temperature (Fig. 4). Slight recovery, in fact, 


effect of testing temperature. Increasing 


and 


was absent in superpure aluminum at 


BROOME: 


STRAIN-AGING 


occurred A similar temperature dependence was 


the alloys An 


stress 


increase in flow 
OFHC 


twice as large as 


shown by 


on re-straining was also found in 
At 90°K the effect 


in pure aluminum and also decreased with increasing 


coppel 


was about 


temperature, as shown in Fig. 4 


(ili) sts on singl crystals some work Was 


crystals of superpure aluminum 


the effect 


done using single 


and in this case size of the was much 


smaller However, the ratio 


Ao,/o 


single-crystal specimens at 


at similar prior strains 


was very similar for both polyerystal and 


a given prestrain, being 
about 1.7 after 5° 


A. Kelly* 


superpure aluminum single crystals of widely differing 


, prestrain at 90 kK 
independently noticed this effect in five 
orientations. and has made the following observa 


“The magnitude of Ao 


but not consistently with strain. At higher 


tions increases with stress 
stresses 
a slight \ ield-drop is sometimes observed on rete sting 
The effect 

5 kg/mm? 


shear stress of 1.! 


noticeable at a resolved 
This 
at which duplex slip commences nor at any obvious 
the 


becomes 


first 


stress 18 not that 


change in stress-strain curve Such an effec 


intermediate annea 


the flow 


may also be produced by an 


at room temperature. In this case stress 


observed on re-straining decreases but a slight 


vield-drop is observed as the specimen starts 


deform plastically. EKlectrolytically polishing 


the 


origina! surtace at room temperatures eTOre 


re-straining does not remove the small yield-drop 
Kelly also found that Ao Oo; 
l and 2 


lV) Time 


was usually between 


The 


ised and 


shortest time in 


the stress could be rele then 


reappiie a 


The variation of Ao, with prestrain for superpur 


ind alum 


alun inul 


alloys, tested throughout at 90°K 
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Testing proce dure B 


(vi) The effect of composition and time of holding 


on Ao,. At 90°K, Ao, increased with time of holding 
up to about 5min and then remained constant 


kg/mm? 


(Fig. 6). The magnitude of Ao, also increased with 
alloying content, although this did not appear to 
affect its initial rate of development. In general. 
Ao, was between a half and a third of Ac,. 

(vii) The effect of temperature. Tests were carried 
out with superpure aluminum at two temperatures, 
78°K and 90°K, for 5°, prestrain, with the results 
illustrated in Fig. 7. 

It is interesting to note that the amount of strain- 
aging achieved is greater at 78°K than at 90°K. 


If this is a true strain-aging effect, then the above 
experimental results should fit the time laws for 


strain aging deduced by Cottrell and Bilby® > and 


on t 


he 
erpure aluminum and OFHC 


> Nagni 
coppel Harper, namely 


eXp | Dt kT)2/3) 


where f is the fraction of the original solute segregated 
to dislocations, p is the density of dislocations, A 
a parameter concerned with the interaction between 
solute atoms (or other centres of dilation) and dis- 
locations, ¢ is the aging time, and D, k, 7, and « 
have their usual connotations. 

Fig. 8 shows a plot of In (1 f) vs. #* and it 
can be seen that In (1 f) varies linearly with @? 
up to about 7TO—S0° of the fully strain-aged condition, 
as the theory requires. The slopes of the lines at 

the two temperatures indicate that the activation 
bout 2 min ring for times longer than this did energy for the process is about 0.1 eV. 
not produce an appreciable change in Ao The 
reason for this will appear in Section 4 4. DISCUSSION 
The amount of stress relaxation. Fig. 5 shows The present results provide evidence for the 
the effect of relaxing the stress-increasing amount occurrence of strain-aging in aluminum and aluminum- 
the size « It can be seen that Ac, increases magnesium alloys at temperatures as low as 78°K. 


amount of stress relaxation Since the effects occur in superpurity aluminum, 


Vs. aging-time curves for aluminum and aluminum-magnesium 
alloys, prestrained 5%, tested at 90°K. 
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Fic. 7. Effect of testing temperature on the Ao, vs. aging-time ci 
superpure aluminum, pre strained 5% 
the strain-aging must be attributed to the interaction attributed to a unique process, but it is sug 
with dislocations of point defects produced by the that it relates to the diffusion of interstitials to 
prior strain. This view is reinforced by Kelly’s dislocations. Strain-aging of vacancies is considered 
observation that in single crystals no appreciable unimportant at these temperatures, since their 


increases in flow stress were found until the “‘easy- activation energy for movement, about 0.40 eV," 


glide” region had been passed—when one occurred only enables them to make approximately 10-4 


ind until a resolved shear stress of 1.5 kg/mm? jumps during the time necessary for maximum strain 

had been achieved. Blewitt™) has made somewhat aging. In contrast. the use of an activation enere, 

similar observations on copper single crystals. In of 0.1 eV leads to a result of between 10% 

tensile tests at 78°K an intermediate anneal at jumps, in agreement with the expectations of Lon 

290°K produced strain-aging phenomena if the prior and Cottrell'® for interstitial migration 

shear strain exceeded 0.25. Resting at 78° K produced The apparently smooth decrease 

a comparable phenomenon if the prior strain was increasing temperature sugg that 

very large. During the present work a few tests on high” temperatures the interaction 

polycrystalline OFHC copper were carried out, and with dislocations may occur, since at, 

the existence of strain-aging similar to that in 220°K any unique process with 

aluminum was confirmed. of 0.leV would be expected 
As already described, the results for pure aluminum during prior straining Perha 

at 78°K and 90°K can be fitted to a strain-aging temperature range, both 

equation and an apparent activation energy of 0.l eV migrate to dislocations 

deduced. There is no evidence that this may be The effect of magnesiun 


Fic. 8. A plot of Harper s‘*) strain-aging formula for sup 
prestrained 5°, and tested at 78°K and 90°K Che full line 
the curves in Fig. 7; experimental points are indicated 
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is not clearly understood, but perhaps that inter- 
stitial migration in the alloys leads to segregation 
of magnesium atomsat the dislocations. Alternatively, 
the dislocation lines cease to 


it may be that when 


move, then at various points along their length 
pinned down by solute atoms due to 


The 


pinning down will increase with the concentration 


they will be 


the interaction between them 


of magnesium present. 


seen increases 


that Ag, 


with the amount of stress relaxation, such that Ao, 


It will be from Fig. 5 


_ stress relaxation is about two to three times 
as large as 


up” of lattice defects by dislocation lines as they 


at YO' 
This is possibly due to a “sweeping 
move back towards their sources seeking positions 
of lower potential energy on relaxation of the stress. 
A similar mechanism has been considered by Turn- 
bull 
Since the experimental technique adopted in the 
of Ag 


at least 2 min, it is understandable that no consistent 


in an account of the kinetics of age hardening. 
measurement 
variation with time at 90°K was found. Examination 
of Fig. 6 will show that these alloys were 90°, strain 


aged after 2 min at this temperature. 


amount of 


required a time of resting of 


VOL. 5, 1957 
The reason for the falloff of Ao, at high strains 


(Fig. 3) is not understood. 
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DISLOCATION THEORY OF PLASTIC BENDING* 


Ww. 


READ Jr. 


he macroscopic stress (average stress in a volume containing many dislocations 


crystal is related to the dislocation density by a 


ipl differential equation analo 


equation. Differences between bending and tension tests give information about 


mechanism of deformation. A material that has a flat stress-strain curve in tension 


point in bending if the stress required to move dislocations is substantially 


to generate dislocations. 


3s than tl 


THEORIE DES DISLOCATIONS APPLIQUEE A LA COURBI , PLASTIQI 


La tension macroscopique (tension moyenne dans un volume 


locations) d’un cristal courbé uniformément est 


liée 


différentielle simple analogue 4 l’équation de Poisson 


flexion donnent des informations sur linterprétation du mécanism« 


ontenant in grand 
a la densité de dislocations | 
Des différences ¢ e les essai 


formation 


locations. Un corps qui présente une courbe de traction aplatie pre 


si la tension requise pour le déplacement des dislocations est 


leur formation. 


VERSETZUNGSTHEORIE DI 


OR 


PLASTIS( 


Die makroskopische Spannung (mittlere Spannung in ein 


Volumen) ist iiber eine einfache, der Poisson-Gleichung 


ntial 
ntialg 


zwischen ge Zugvel 


Versetzungsdichte verkniipft. Aus Unterschieden 


Aufklarung iiber den Versetzungsmechanismus der Verformung 
» aufweist, bei Biegung eine obere w 


formung eine flache Spannungs-Dehnungs-Kurve 
grenze zeigen, wenn die zur Bewegung der 


als diejenige zur Erzeugung von Versetzungen 


1. INTRODUCTION 

Nye “ has discussed the distribution of dislocations 
in a plastically deformed crystal for the case where 
the internal stress vanishes when averaged over a 
volume containing many dislocations. This will be so 
if the crystal is sufficiently well annealed after de- 
formation. The dislocations then have the arrange- 
ment of minimum energy for the given deformation 
Nye shows that the dislocation distribution is given 
by a second-order tensor. The diagonal terms repre- 
sent twists and the off-diagonal terms curvatures.* 
The nine tensor components are derivatives of the 
components of the local rotation. By rotation and 
stress we will mean the macr« ISCOPIC rotation and stress: 
that is, the rotation and average stress for a volume 
containing many dislocations. When the stress 
vanishes, the deformation is defined by the rotation, 
and the dislocation distribution is determined by the 
derivatives of the rotation. 

One special result of Nye’s general relation is well 


* Received May 4. 1956. 

+ Bell Telephone Laboratories, Inc., Murry Hill, N.J 
* The result can be expressed in dyadic form by © N,b 
Vw Iv .w, where N, is the flux of dislocations having 
Burgers vector D,,w is the local rotation, V is the nabla 

operator, and I the dyadic idemfactor. 
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Versetzungen notwendige Spannung 


83 


So kann ein Material 


we 


known In simple bending, the dislocati 
parallel to the axis of bending, and the densit 
dislocations is given by V K/b.. where 
average component of the Burgers 
the neutral pl ine and « is the cur) 
plane 
The present papel will de 
stress does not vanish. In 
unless the cry stal is carefully anne 
tion. The dislocation density 
the deformation (as defined by 
and the stress. In what follows we 


between the dislocation density and 


spec ial case of pure bending. We ar 


average stress over a volum« 

tions. This can be found by taking 

density of dislocations approaches 

Burge rs vector approat hes 

Nb, or dislocation intensity. remai 
Consider a body of infinite ex 

directions and finite extent in the 

z axis be the axis of bending 


parallel to the neutral plan The curv 


tensile strain in the z direction vanish. The dislocation 


density NV will be constant in 2 and variable in y 


The 


| 
nettement moindre que celle 1 
N BIEGUNG 
analoge Differcz:n 
Zug 
th 4 th, 
| 
netant 
7 
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We shall show that. 
for an elastically isotropic material, all of the stress 


is Poisson’s ratio and o,(y) and N(y) are related by the 


same will be true of the stress. 


components vanish except o, and a, where v 


differential equation 


do 

(1) 
dy | y 
modulus, 5, is the average 


the shear 


component of the Burgers vectors along the x axis, 


where G is 


and the curvature is positive if the speciman is 
concave downward, that is, toward the negative y axis. 
For the case of zero stress, equation (1) reduces to 
Kk = Nb, as required. 

To solve equation (1) for particular cases it is 
the mechanism of deformaticn. 


necessarv to know 


Section 3 will deal with the case of a material where 
the stress strain curve in pure tension or compression 
is flat in the plastic range. The curve of bending 
moment .V/ vs: curvature « will in general not be flat. 
It may show either apparent work hardening (positive 
slope) or a vield point (negative slope at the onset of 
plastic flow) depending on the ratio of the stress 
required to generate dislocations to the stress required 
Thus the 
about the 


to move them. bending tests provide 


information mechanism of deformation 


not given by a test in which the applied stress is 
uniform throughout the specimen. 
The 


infinite extent in the x and z directions, will apply to 


results, which are derived for a sample of 


a finite crystal if the proper stress distribution is 


applied to the edges. In general the applied stress at 
the edges will not be the same as the calculated stress 


in the interior. However, by Saint Venant’s principle, 


the effect distance 


the 


will extend only over a 
the Thus, if 


dimensions of the crystal are large compared to the 


comparable to thickness. other 


thickness, the stress in the interior will be the same as 


for an infinite crystal 


2. DERIVATION OF THE BASIC RELATION 


First consider the case where all the dislocations 
are edge-ty pe with Burgers vectors bh in the 2 direction, 
as shown in Fig. l(a). Let the spacing between 
dislocations be / in the 2 direction and A in the y 
Then 


The procedure will be to define the actual stress 


direction. 


distribution as the sum of two distributions derived 
from linear elasticity. These are as follows: 
(1) The stress due to the dislocations alone with 
no macroscopic deformation; that is, no 
bending. 
(2) The stress required to produce the bending 


elastically; that is, with no dislocations. 
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It will be valid to consider the actual stress as the 
sum of two distributions derived from linear elasticity, 
provided the actual stress is in the range where there 
would be no serious nonlinearity in the stress-strain 
curve for perfect material. In other words, we are 
assuming that the nonlinear behavior of the crystal 
comes from the generation and motion of dislocations 
rather than from the deviations from Hooke’s law 
in perfect material. Of course, (1) and (2) individually 
may, and in general will, be large compared to the 
elastic limit of a perfect crystal. However, as long as 
the elastic behavior of the crystal is approximately 
linear for the stress that actually exists, we are free to 
define the actual stress as the sum of two much larger 
stresses (one of which will always be negative) which 
The final 


will be independent of what assumptions we make 


are derived from linear elasticity. result 
about stresses larger than those that actually exist. 
However, the derivation is much simpler for linear 
elasticity. 

To evaluate (1), consider a single horizontal row of 
edge dislocations. Nye") has shown how the stress 
can be found from the simple construction shown in 
p/2 above the 


Figs. 1(b) and (ce). The stresses a, 


plane of the dislocations and o, = p/2 below, produce 
a misfit corresponding to a spacing / between disloca- 
tions, where b// is the discontinuity in strain corre- 
sponding to the discontinuity p in stress. Since there 
strain in the = direction, b// = (1 

2G(1 y) 1s 
between 
Thus, 


required dislocation distribution, it follows that this 


E, 
The 


the dislocations is 


is no 


where EL Young’s modulus. 


relation the stress and 


unique. since the assumed stress gives the 


stress distribution is produced by these dislocations. 
The same result could be 


stress fields of the 


obtained by summing the 


infinite row of dislocations and 

finding the stress at a distance which is finite but large 

compared to 1. 
Thus a single row of dislocations gives a discontin- 


uity Ao, 


changes from 


p (going in the + y direction, the stress 


p/2 to p/2). There is one such row 


for every interval Ay = h. So, in the limit as / and / 
approach zero, 
do, 2Gb, N 
(2) 


dy 


is the stress due to the dislocations alone 


Here o, 
in an unbent crystal. Equation (2) is seen to be the 
same as the one-dimensional form of Poisson’s equation 
for electric field vs. charge density; o, replaces the 


electric-field intensity, the dislocation density 


replaces charge density, and (1 y)/2Gb,, is propor- 


tional to the dielectric constant. 


READ: 


(d) 


Dislocations and internal stress 1 


in bending 


Fic. 1. 


To find the stress in a bent crystal, we have to add 


the stress distribution = 2Gxy/(1 vy) that would 


be produced by linear elastic bending, that is, bending 
Adding this to the stress in 


without dislocations. 
equation (2) gives equation (1). 

It now remains to consider the general case where 
the Burgers vector is not in the x direction, as will 
nearly always be the case, since there is no resolved 
shear stress on planes parallel to the neutral plane. 
We can consider that any given dislocation parallel to 
the z axis is the sum of three dislocations having 
Burgers vectors b,, b,, and b, respectively. It follows 
from the superposition principle that the stress due to 
the actual dislocation will be the sum of the stress 
distributions of the three dislocations whose Burgers 
vectors add up to the Burgers vector of the actual 
dislocation. 

In bending, the average screw component 6, must 
To evaluate the 
the 


vanish. Hence it gives no stress. 
effect of b, we Fig. 
distribution of dislocations except with the 


superpose on same 


3urgers 


vectors vertical and of magnitude b,, as shown in Fig. 


I(d). This can be done without introducing any 


PLASTI( 


BENDING 


stress and without affecting the curvature « in the x 


direction. It will, however, give a curvature Nb, in 


the y direction. The argument is as follows: Consider 
a horizontal row of dislocations with Burgers vectors 
vertical. This is simply a small-angle grain boundary 

Hence it gives no stress at distances large compared to 
the 
that all the dislocations in a small interval Ay form 
one orain boundary of angle AO. then NAy \A h 

In the dO/dy Nb dQ/dy is 
simply the curvature in the y direction 


with Nye’s result that 


distance between dislocations If we consider 


However, 
This 
when the slip plane of the 
then 


limit, 


grees 


dislocations is not parallel to the neutral plane, 


both the yz and xz planes of the crystal are curved 


and the curvature of each crystal plane is equal to 
vector 


N times the edge component of the Burgers 


in that plane 
Strain in the 


We have assumed that there is no 


direction and hence no curvature about the x axis 
Thus, in addition to o,, there must be a component of 
Then if 7 is the 
moment 


required to keep the specimen straight in the 


bending moment 


stress o vo 


about the z axis, a ibout the a2 axis is 


direc 


tion then 


If no such moment is applied and o (0) 


V) y= 


and (2) is replaced by 


the factor 2G/(1 in equations (1) 


3. MOMENT CURVATURE IN 
SIMPLE CASI 


vs, 


To find o (y), N(y), and the moment vs 

curve in a particular material, it is necessary to | 
something about the mechanism of deformation 
consider a and show 


this section we simple case 


Same stress-strain cu 


mechanisms that give the 
tension could give different curves in bending 
We consider the ideal cast 


throughout the 


whe re the flow 


tension is constant 


that the stress-strain curve consists of 
lines, the elastic line and the flat section 


if 


section is observed in crystals oriente 


tem 18 active \ 


where a single-slip 


in the curve can be produced by prestraini 


flat part ol the stress-strain curve 


now consider two ideal materials ha 
in tension equal respectively to 


and o, are defined as follows 


o, is the stress necessary 


In most real crystals 


required to operate a source 


active source generates only 


dislocations and then becon 


] 


perfect crystal, o, will be 


create dislocations 
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og, is the stress required to make dislocations move 


through the crystal against various forms of 


Possible of such resistance 


(a) the Peierls force, (b) obstructions such as 


resistance. sources 
are: 
intersecting dislocations, stacking faults, impuri- 
ties, or clusters of impurities, and (c) the necessity 

of disturbing short-range order. 
In both tension and bending we shall let a, and ao, 
refer to the tensile stress o, that gives the correspond- 
ing critical resolved shear stress on the active slip 


plane. 


Flow StVess in te nSiON quals 


Now, in any nonuniform distribution of stress there 
will be two regions, an elastic region, where o < oa, and 
there has been no plastic flow, and a plastic region 


where o 


Fig. 2 shows the stress distribution in 


plastic bending. The radius of curvature I/« is 
assumed to be large compared to the thickness 2r of 
the specimens. Take y = Oat the neutral plane, which 


will be in the center. We assume that the dislocations 
will glide when the resolved shear stress on their slip 
a critical value independent of the 
Hence the 
the 


plane reaches 
stress 


normal stress on the slip plane. 


distribution is antisymmetrical about neutral 
The stress in the elastic region is 
The boundary of the elastic region is at y yy 

oO KE,. the 


unit length in the z direction is 


plane as shown. 
E,xy, where 


Before plastic flow begins, moment .V/ 


M (3) 


where the maximum moment 7, and curvature «, in 


the elastic range are respectively 
Er. 


In the range of plastic bending we have by integrat- 


M, 2o,r7/3 and 


ing yo, in both the elastic and plastic ranges 


M M 


> the flow 
dislocations. 


2 Stress distribution for the case stress 


in tension 18 stress o, necessary nove 
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Both the moment and its first derivative with respect 
to « are continuous at the beginning of plastic de- 
formation. As the curvature rises from x, to infinity, 
M rises by 50°,. The M vs. « curve is the one marked 
l in Fig. 4. 
distribution V(y). 


Equation (1) gives the dislocation 
N vanishes in the elastic region. In 
the plastic region ¢,, is constant, so equation (1) gives 
N = x/b,. When the applied moment is removed, « will 
decrease slightly and a linear distribution of stress 
2. The 


dislocation distribution will remain unchanged. The 


will be superposed on that shown in Fig. 
resultant stress distribution will give zero moment. 
If the crystal is annealed at a high enough temperature 
that o, 


Ww here. 


vanishes, then the stress will vanish every- 
This 


locations in which NV will become constant and equal 


will involve a rearrangement of dis- 
to «/b,, where « is now the curvature for the annealed 


specimen with no applied moment. 


Flow stress in tension equals oO 


Continue to let o,<o, be the stress required to 


move dislocations through the cry stal. In bending. 


the peak stress must be o,, but wherever there are 


( 


dislocations, the stress will be o,. Fig. 3 shows the 


stress distribution. Since oa, is antisymmetrical about 
y = 0, only the upper half is shown. The dashed line 
represents the stress o, E,«xy that would exist if 
there were no dislocations and the whole deformation 
were elastic. No plastic deformation occurs until the 
the dashed Then 


dislocations will be generated at the surface and move 


maximum on line reaches o,. 


Thus there are 
(1) An elastic 


region extends from the neutral plane to o,, y,. (2) 


inward to the point where oa, a 


three regions, as shown in the figure: 


From y, to y, there are dislocations and the stress is 


g,. (3) From y, to r the stress rises from oa, to o.. 


Since there can be no dislocations in this region, the 
stress vs. y curve must be parallel to the dashed line. 

The moment vs. curvature curve is again given by 
equation (3) in the range of purely elastic bending, 


W here now 


and 


Stress distribution when the 


Fic. 3. 


dislocations is larger than the st1 to move them. 


required to g 


Ky 
(4) 
K 
20.r° o, | 
M, xk, (5) 
iJ 2G r 
— 
N=K by 
N=0 
N=0 
N=K/Dy 
| 
4 


READ: 


Fic. 4. Moment vs. curvature curves for various values of «. 


are the maximum moment and curvature respectively 


in the elastic range. In the plastic range, ./ is found 


from Fig. 3. The result is 


M 


is less than unity. The case « = 1 corresponds to 


taking o, as the observed flow stress in tension. For 
% 1, equation (6) reduces to equation (4). 

The dislocation density vanishes except in the 
range Y, tO Yo. 
«/b... 


for K 


Here equation (1) again gives .V 
As « increases above «,, this range expands and, 
K,, covers almost all of the specimen. Again, 
if the crystal is annealed at a high enough temperature 
that the dislocations can move freely, the dislocation 


distribution will become uniform. 
Shape of the M vs. « curves 


At x M,. Thus the 
moment is continuous at the beginning of the plastic 


Ky, equation (6) gives VM 


range. For « < | the derivative will not be continuous 


at Kk x, Differentiating equation (6) gives 
dM 
dt 


2 
(1 2)? Ky 
2K* 3/ 
Fig. 4 shows the variation of V/ M, with x K, for 
various values of « = o,/o,. The slope in the beginning 
Hence the 
If x is less 
than \ The 


limiting M (as « approaches infinity) will be less than 


of the plastic range is (3./,/2«,)(a7 — 1 


discontinuity of slope is (3.7 ,/2«,)(1 — «*). 


1/3. the curve has a maximum at « Ky: 


the maximum elastic moment if « is less than 2/3. 


PLASTIC 


BENDING 


4. DISCUSSION 
The foregoing analysis suggests a method to deter 
mine whether the observed yield stress in tension is 
tne 


the 


the stress required to generate dislocations o1 


stress required to move dislocations through 


crystal against obstacles. A single crystal, oriented 
for easy glide and prestrained in tension until the flow 
stress had become approximate ly constant, could be 
tested in bending and the moment-curvature curve 


compared with those in Fig. 4 
W ork harde ning 
The vs. « 


strain curve in tension if it is assumed that the stre 


curve can be derived from the stress 


required to cause plastic deformation is 
the local 


Unig 


determined by strain. However, this may 


not be the case. For example, if work hardening i 


due to the drag of jogs produced by cutting inter 
secting dislocations, then the stress require dto makea 
dislocation move will be o CS 


where s is the distance 


that the dislocation has moved on its slip plane and « 
is a constant proportional to the density of intersecting 
dislocations times the drag due to a jog 
the stress have saw-tootl 


distribution o.(y) will 


and valleys 


shape in the plastic range with peaks at o 


at ao, connected by straight segments parallel to thi 


elastic line and the line o CS 


respectively, 


Positive and negative dislocations 


The density N 

where both positive and neg 
Vogel 

crystals of germanium deformed by bending with slip 

The 


several 


refers to the excess density 


itive dislocations 


resent. has studied the etch pits in sin 


ona single-slip S\ stem iverage et h pit densit 


before unnealing Is times excess 


tion de nsity calculated from 


tions of both signs are present. Since 


locations move in toward the neutral axis al 


dislocations move out, it follows that not 


dislocations can be generated at the surface 


SurtTace 


is probably always a maximum at the 


there must be exhaust 


After 


the dislocation density is observed to becon 


some hardening o1 


sources 


as deformation proce eeds 


and equal to K/b From equatio! 


implies that o 0 throughout the sp 
other words, at the high temperature of 


dislocations move (slowly and probably by 


vanishingly small stresses 
V ld point 
The yield points in Fig 


type yield point in that th continuous and 
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a=1:0 
06 
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0-4] 
3 > Ky .. Ky 
2 K » K 
(6) 
where the ratio 
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the yield point cannot be recovered by aging. The 


yield points observed by Pearson, Read, and 
Feldmann™ in bending silicon are probably of the 


Cottrell type. 
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THE INTERACTION OF SOLUTES WITH DISLOCATION WALLS* 


W. W. WEBB 
Calculation of the elastic interaction of solutes with dislocation w 
excess solute atoms may form at small-angle grain boundaries but are 
panied by a distinctive temperature dependence. Comparison is 1 
data. Approximate calculations indicate that moving dislocation w: 
gradually during motion at velocities up to a critical maximum abo 

left behind. 


LSINTERACTION D’ATOMES DISSOUS AVEC L PAROIS 


s de dislocat 
atmospheres d’atomes dissous en excés peuvent se Ttormer aux! ) eres a petits angies! 
effets de 


DE DISLOCATIONS 


Le calcul de lVinteraction élastique d’atomes dissous avec 


ns a montr 


aux saturation et par suite a une dépendanc: 


L’auteur fait une comparaison avec certaines données exp 


Des caleuls appro hés montrent que des parois de dislocations « 


ment 


maximum critique. Au-dessus de ce maximum, l’a 


DIE WECHSELWIRKUNG VON 


Eine Berechnung der elastischen Wechselwirkung 


Kleinwinkel-Korngre 
Die 
speziellen Temperaturabhangigkeit 


hat gezelgt, dass sich an 
atomen anlagern kénnen. 
verknuptt ist 
verfiigbaren experimentellen Daten verglichen 

Fremdatomwolke n wW 


Versetzungswande ihre 


zu einer kritischen Maximalgeschwindigkeit. oberh 


wird. 


INTRODUCTION 
The ot ot 


solute or impurity atoms has been invoked to explain 


concept interaction dislocations with 


multifarious phenomena of metallurgy: for example 


sharp yield point, blue brittleness, strain aging 


quench aging, delayed yield, microcreep, the Portevin 
LeChatelier effect:":*) effects of heat 


on semiconductivity and on internal 


treatment 
friction:™: 4 


and cellular precipitation grain-boundary 
diffusion. 

Most of the theoretical analyses have utilized an 
elastic continuum model first applied to this problem 
Cottrell'® 


The theoretical 


10 


by and later extended by others 


work has shown, for instance, that 


solutes may segregate at stationary dislocations, 


move along with slowly moving dislocations, thus 
exerting a drag force on them, and that there may 
solute 
that 


calculations based on dilatational elastic interactions 


binding energies as large as 1 eV between 


dislocation.” Cottrell™@, 1 


be 


and has shown 


generally may be expected to lead to much largel 
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may also be observed by measuring 
electrical characteristics of semiconducting elements 
induced by heat treatment and plastic flow. 
Calculations of the dilatational 
solutes with small-angle tilt boundaries, treated as 
symmetric edge dislocation walls on the basis of 
the customary first-order elastic continuum theory, 
have been carried out and compared with the avail- 
able experimental data. Fortunately, it turns out 
that in extension of the theory to this case, some 
of the 


individual 


calculations for 
the 
actions of neighboring dislocations in arrays. 
Shear distortional 
field of 
distortions associated with some solutes are important 


uncertainties involved in 


dislocations are canceled by inter- 
interactions between the stress 


dislocation walls and the asymmetrical 
in certain cases and are treated briefly. Experimental 
work is now in progress to test the theoretical results 
presented here. 


THEORY 
Dilatational strain fi ld of a dislocation wall 


The dilatational strain field around a symmetric 
edge dislocation wall can be evaluated on the basis 
of elastic continuum theory by summing the effect 
due to each dislocation in the wall. 

Cottrell (reference 11, p. 40, 
equation from first-order elasticity theory for the 


eqn. 2.30) gives an 


dilatation near a single-edge dislocation. 


OV 


(1-1) 
where 6 is the Burgers vector, » is Poisson’s ratio, 
R is the radial distance from the dislocation, and 4 
is the angle measured from the slip plane in a plane 
pe rpendicular to the dislocation. 

Evaluation of the dilatation due to all the disloca- 
tions in a 
sin § R 


dislocation 


the quantity y| (x y*) over all the dis- 


locations in the wall. The appropriate 


sum for an essentially plane infinite array of dis- 


locations spaced hem apart is 


sin (zy/h) 


TT COS TTY h) 
(1-2) 
h (zy/h) sinh® (zrax/h) 


where ¥ y+ nh. The distance from the zeroth 
dislocation in the wall to the nth dislocation is nh. 
The 1/R dependence of the strain field of an individual 
of the field 


sufficiently that the preceding sum may be expected 


dislocation limits the range strain 


to be an adequate approximation for present purposes 
to within about 5- Ah of the end of a real dislocation 


wall. The summation (l—2) was carried out following 


changes of 


interaction of 


dislocation wall requires summation of 
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L957 


Fic. ° Equivalue lines of the position-dependent factor 
in the stress and strain functions for a dislocation wall. 
There is perfect symmetry in x and asymmetry in y around 


each dislocation. The solution is plotted in terms of the 


dimensionless parameters x/h and y/h. 

a method suggested by Cottrell [reference 11 p. 98]. 
A plot of equivalue contours of this function given 

in Fig. 1 shows similarity to a plot of y (a ( 

the corresponding geometrically variable part 

the dilatational strain function for a single dislocation. 

circular but are 


However, the contours are not 


compressed into the limiting regions 


(7 1/2)h 7] nh, nh y 


and x 


Insertion of equation (I-2) in equation (1-1) 
vields an expression for the net dilatational strain 
at any point due to all the dislocations in a dislocation 
wall composed of edge dislocations spaced h em 


apart, which is designated AV/V, the capital delta 


indicating the summation over all dislocations This 


18 
AV 


sin? 


COS (7TYy h) sin h) 
sinh? 


(1 3) 


This equation is just a constant times equation 
(1-2), so it has the same space dependence shown 
in Fig. 1. 
regions of positive and negative dilatation, each 


Thus, near a boundary there are alternate 
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extending from a dislocation axis halfway to the 
adjacent dislocation and each containing a dilata- 
tional strain peak. 

It can be seen that equation (1-3) approaches 
equation (1-1) for relatively small values of x and y, 


so in this region, AV/V cc sin 6/R, as expected. 


2. Total absolute dilatational volume change 


EKach maximum of dilatational strain along the 


dislocation wall and its surrounding strain field is 


alternates 
the 


strain over all space around a dislocation wall would 


identical except that the algebraic sign 


in successive regions. Hence, integration of 


vield a zero net volume change. However, the local 
volume change associated with each individual region 
containing a dilatational maximum is just the 
integral of the dilatation over the region. 

This integral times 1/h, the length of dislocation 
per unit area of dislocation wall, is the value of the 
total dilatational volume change required to relax 
all the dilatational strain of one sign associated with 


Hence 


a unit area of dislocation wall. 


dy dx dz 


(2-1) 

where AV/V is defined by equation (1-3). 
This surprising result indicates that the absolute 
of the total 


each sign associated with a unit area of dislocation 


value dilatational volume 
wall is independent of the angle of tilt across the 
the strain fields of the 
other. Hence, 


smaller 


This occurs because 
tend to 


crowding of additional 


wall. 


dislocations cancel each 


dislocations into a 
area of wall does not alter the volume change, since 
a larger part of the strain field of each dislocation 
Taking 3 10-8 em 
equation (2-1) yields S AV 1.95 


There is a seeming inconsistency in equation (2-1), 


cancels. and » 1/3, 


10-9 em?/em? 


since the absolute volume changes would be expected 
to be zero if there were no boundary at all. However, 
the formulae apply only if the boundary angle is 
sufficiently large that the dislocation spacing in the 
boundary is appreciably less than the spacing of 
other dislocations randomly distributed throughout 
the crystal, say about 0.05 degree in an annealed 
crystal. 

3. Dilatational dislocation 


wall with solute or impurity atoms 


interaction of stationary 


The original analysis by A. H. Cottrell'® is based 
on calculation, from elasticity theory, of the dilata- 


tional interaction energy between an outsize solute 


AND 


change of 
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atom and the dilatational strain field of an individual 


dislocation. The interaction energy / obtained, as 


improved by Bilby,'® is 


U tuber? sin R (3-1) 


where yw is the shear modulus, r is the radius of a 


radius of a solute atom, 


rest of the 


is the 
and the 


solvent atom, and r 


and e¢ (r’ r)/r, notation is 
identical to that in equation (1-1) 

The corresponding expression for interaction with 
wall 
The 


between al 


a dislocation may be obtained by applying 


equation (1-2). dilatational strain energy U 


of interaction outsize solute atom and a 


dislocation wall containing edge dislocations spaced 


h cm apart is then 


COS (7TY/ h) h 
4 uber? 


h sin* h sinh? wx/h) 


The equations (3-1) and (3-2) are based on the 


assumption of a spherically symmetrical distortion 


which should be valid for dilute substitutional solutes 


in f.e.c. and b.c.e crystals and to interstitial solutes 


in face-centered cubic metals Ac cording to Cottrell 


other interactions appear to involve substantially 


lower interaction energies 


Interaction between solute atoms ind saturation 


effects around dislocations are to be considered in 


the next section 


Nolaute saturation of dislo 
lhe 


interaction 


concept utilized to compute the ¢ 


between solute atoms and disk 
walls in the 


effects. The 


energy is simply the decrease in the eners 


or dislocation preceding 


to saturation calculated i 


crystal resulting from transfer of an 


atom trom the bulk ot a crystal to a lor 
field of a 


fits more readily 


strain dislocation where the si 


into a lattice site H 


was shown in Section 2, the total volw 


associated with each dilatational strain cent 


Hence, a 


the stress due to the dislocation 


finite number of misfit atoms should 


thus rer 


binding energy and saturating the strair 
solute atoms. This problem is considered 
further detail. 

change 


issoclated 


The volume 


atom of radius 7’ can be expressed in 


misfit factor « r)/r as 
Ol (solute 


The ratio of the total volume change 


per unit area of boundary as expressed 
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] 
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i, 
{ 


METALL 


(2-1) to the volume change associated with one 


solute atom as expressed by equation (4-1) is just 
required 


equal to the number of solute atoms .V 


0 
to saturate all the dilatation of one sign in a unit 


area of a small-angle boundary, thus 
(4-2) 


Using typical values the parameters for 


substitutional solute, 6 3 em,» 
€ 10-8. The value of .V 


order of 10!4 solute atoms per cm* of boundary for 


9 is on the 


a substitutional solute. For comparison, the number 


of solvent monolayer 1em square is 


Bilby' 


the solute atmosphere may condense into a 


atoms in a 


about 101°, Cottrell and have suggested 


that 
single line of atoms adjacent to the dislocation core 
that 


number of 


Using the numbers given above, it turns out 
6 degrees the 


the 


below an angle of about 


atoms required to saturate all strain exceeds 


the number that can be accommodated in a single 


row ot solute sites 


It is interesting to compute the concentration 


required to supply , atoms 
For 


size of about 10 uw diameter, a solute 


of solute in a crystal 


per cm? of dislocation wall an extremely small 


polygon grain 
mole fraction of the order of 10-8 would be required 


to saturate all the dislocation walls. To saturate 


the random dislocations in an annealed crystal 
probably requires less than 10° dislocations per cm*. 


Thus 


impure crystal so tar 


an annealed crystal must be treated as an 


as dislocation walls or small- 


boundaries are concerned unless its impurity 


angle 


content is well below a part per million 


1.4 
SOLUTE 


um at a” stationary dislocation 


Although there is uncertainty about the 


some 


nature of interactions amongst solute atoms around 


a dislocation wall, it is possible to derive an approxi- 


mate expression fo! the excess solute equilibrium 


on the basis of the elastic strain model by assuming, 
is an approximation, that solute atoms at a dis- 
location wall interact with each other only by con- 
tributing to saturation of the dilatation due to the 
wall. This assumption implies that the interaction 


energy between the wall and a solute atom in one 
site is independent of the occupancy of other sites. 
The total number of solute atoms required to saturate 
all the dilatation of one sign as given by equation 
(4-2) may be regarded as the number of “boundary 
9 per This 


model is formally similar to a generalization of the 


sites’ NV unit area of dislocation wall. 
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localized adsorbed 


the 


statistical model for an _ ideal 


laver on a _ surface which yields Langmuir 


adsorption isotherm (see Fowler and Guggenheim,?® 
p. 426: Rushbrooke,“” p. 211: 

One 
that the chemical potential per atom of solute in 


(18) 


or Langmuir. 


finds by conventional statistical methods 


dislocation wall sites is 


NV r 
kT jin — In 
\ 
where V is the number of solute atoms per unit area 
of dislocation wall, Z* is the internal partition function, 
and uw’ is the chemical potential of the solute in the 
dislocation wall. 

Equating chemical potentials for the solute in 
the dislocation wall and in the bulk of the crystal 


vields an expression for V of the form 


where Z is the appropriate internal partition function 
for the bulk of the crystal containing solute of atomic 
fraction ¢ and the same energy zero is used for Z* 
and Z. 

Next, the partition function for the boundary is 


assumed to be separable into the form 


kT) 


exp 


where 6, is defined as the change of energy (or 


the 


and w, 


enthalpy) for transfer of a solute atom from 


bulk site of 


is the 


crystal to a boundary type 2, 


multiplicity of sites of type 7. The energy é 


is to be associated with the interaction energy UL’ 
as defined in Section 3. Inherent in this separation 
of the partition function is the assumption that the 
change of vibrational entropy on transfer of a solute 
atom from the bulk lattice to the boundary is 
negligible. 
Hence, equation (5-2) becomes 
N 
Cc > w; exp ( ET’). (5—4) 
0 
Thus, the number of occupied solute sites in a 
boundary is a function of the differences in energy 
é, between sites in a boundary and in the bulk 
the total 


bulk 


and 


the 


of the crystal, the multiplicities w 


number of boundary sites NV,, and solute 


concentration ¢. 

Evaluation of the sum in equation (5-4) may be 
carried out by assuming a virtual continuum of 
energy levels with the density of states dn/d&é which 


takes on nonzero values only within a limited range 


| y 
N 
In - - In — (5-2) 
(5-3) 
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6 9. The maximum absolute value 

corresponding to the interaction energy for 

a solute atom located on a site immediately adjacent 

to the dislocation axis (8), designated Go; may be 

estimated from equation (3-1) by associating 4 
with U’, and setting R = r and @ 

é 0 4 uber®. 


The value of &, is on the order of 1 eV, in agreement 


with published values which range from 0.5 eV 
to 2eV (reference (1), p. 135, and (11), p. 134) 
The density of states is then zero for all energies of 


absolute magnitude greater than é 9. 


The density of states dn/d& can be computed from 


dn On AV 
dé Eh, 
6) 
The quantity @n/dV is computed directly from re the absolute value o 


equations (1-3), (4-1), and (4-2). To compute nging equation (5-7), : 
U’ é is fixed and equation (3—2) is solved |. vields the useful fort 


graphically for 2(y), and 2,,,, Which are the 
integrand and the lower and upper limits of the 
integral, respectively. The average value is dn/dé 


l/é,); for ~ 


dn dé ~ (1 (27 h) (Eo y Is a plot ot N N 


and for 6 ~ 0, dn/dé =~ (1/é 4) (h/z*r). Numerical setting N/N 


calculation shows that dn/dé departs smoothly from equation 


the (1/4)? dependence at large &, slightly overshoots 


the limiting value (1/é,) (h/7*r) as & decreases, and exp 


n asymptotically approaches it. 
then asymptotically approache which determines 


A constant value dn dé ] is adequate 


the boundary is expected to be half-saturated, that 


is, where N/N 0.5 Che 


0 


approximation to show clearly the trend of results 


and is used to obtain the subsequent results in simple, ~ , P 
(.) 9) depends on ¢ 9g: C, and 7 
analytical form. The order of magnitude of 7 is oe 
/ The results expressed 
about 10" erg. 
? 9) differ from that expect 
Equation (5-4) then becomes 
Boltzmann relation previousl) 
N Two sources of difference } 
exp GE /kT) de 
P saturation requires that 


2enkT sinh (6 4/kT) (5-7) the spectrum of energy levels 


th 
Og am Og towers rhe 


range, so 7’ O o/h The in 
7 on h introduces a dependence 
that is increasingly dominant as the 
decreases 

The computed temperature depende 
for various values of c, 7, and 6,» can 


with measurements of the segregation of 1 


tracers to small-angle grain boundaries in 
crystals to obtain the appre ite experi 


values of these constants comparison wit! 
Fic. 2. Fraction of saturation for a Cottrell atmosphere a , 
a small-angle boundary as a function of absolute temperature theoretical values In this CASE 


it Is necessary 
Curves are given for maximum interaction energy values of take for the theoretical ¢ 


é 0.125, 0.5, and 1.0 eV for values of the product cy of 
105 and 102°. of tracer but the total concentration of solutes 


not just the concentration 
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similar the tracer, since the tracer merely acts as 


a representative solute atom. Qualitative comparison 


results of Thomas and Chalmers?) 


solutes with moving dislocation walls 


rell and Jaswon,"” in discussing the interaction 


with individual moving dislocations, 


that 
at which 


have suggested there is a critical dislocation 


velocity the dislocation breaks free from 


its associated solute atmosphere. Below the critical 


velocity, they have shown that the solute atmosphere 
exerts a retarding torce directly proportional to the 


dislocation velocity. An approximate analysis for 


the case of dislocation walls is made here. 


The 


atmosphere 


motion of an existing equilibrium solute 


around a dislocation wall moving per- 


pendicular to its plane may be computed by applying 


the general equation 


(D/kT) V U’ (6-1) 


W here 


is the velocity vector for motion of solute, 
diffusion coefficient, V is the vector 
and 


si 
the 


D is the solute 
is the potential energy 
field 


gradient 


ot the 


operator, 


solute in strain of the dislocation 
wall 
Taking the dislocation 


differentiating 


axis perpendicular to the 
wall, equation (6-1) with respect to 


x, and maximizing 0U'/dx yields 


t sinh? x/h cosh? 
sinh? 


= sinh? zra/h 
cosh? h 


) 


(6 


vhich the locus in the a y plane of the 


defines 


maximum of o@U’'/dx This is designated by a 


Maximum 


> is 
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dashed Fig. 1. The 
value of 0U'/dx depends on the y co-ordinate along 
the Thus 


from a dislocation 


line in maximum (absolute) 


dislocation wall. falls sharply 


as the distance axis increases, 


till y/h ~ 1/8, after which the decrease is roughly 
linear, reaching zero at y/h The position- 
dependent factor in the solution is given in Fig. 4 
For y 


as a function of y/h. h appropriate approxi- 


mation yields 


> ¢ 
(maximum) 


Ox 


that the maximum attainable value 
of @U'/dx corresponds to the most favorable atom 
the This 
so the absolute maximum 


aU’ 


It is assumed 


site adjacent to dislocation. should be 


roughly at a distance y = 7, 
value of the 


attainable potential oradient 


may be taken as 


avs 


») 


(6—4) 


uebr 


Equations (6-3) and (6-4) are independent of boundary 


angle, since, in the region immediately adjacent to 
a dislocation axis, the stress field of this dislocation 
predominates and all others essentially cancel. The 
values of QU’/@x . are on the order of 10~-° dynes. 
The 


saturated with solute as its velocity is increased will 


behavior of a moving boundary initially 

then depend on the shape of the solute atmosphere. 

If virtually all the solute is collected into a single 

line of atoms, as suggested by Cottrell and Bilby,'* 

there will be a critical velocity 

» » dD 

(D/kT) uebr ~ 10-5 — (6-5) 
kT 


left 


atmosphere is 


at which all the solute atmosphere would be 


behind. However, if the solute 


distributed more diffusely along the dislocation wall. 
as was suggested in Section 4 for oversize substitu- 


tional solutes, then part of the solute atmosphere 


would be lost gradually; first, from regions farthest 
from the dislocation axes and on the wrong side of 
the maximum potential-energy gradient, and finally 
those close to the axis through re- 


from regions 


distribution to positions farther away. This process 
should occur at velocities well below v 
that the 


with 


It appears interactions of moving dis- 


location walls solute atoms is. analogous, 


independent of boundary angle, to the corresponding 
interactions for free dislocations (see Cottrell,” p. 154 
loss of 


et seq.). However, the possibility of slow 


part of the Cottrell atmosphere at a dislocation wall 


= — 
is made with the Z=_ = 
Cot 
(6-3) 
dl 
Ox. 
- 
} 
| 
104 | 
| 
; 
\ 
O01 O2 O83 4 O5 
Fic. 4. The y-dependent factor iz 
as a ful m of y// The gradient |dl 


SOLUTES 


may lead to different macroscopic effects, particularly 


in creep tests. 


DISCUSSION 


Comparison of these results with experimental 
data tests the theoretical calculations and the various 
assumptions involved in application of the under- 
lying dislocation theory. However, caution must be 
exercised in interpreting agreement with experiment, 
since calculations of this sort are only a first approxi- 
mation. 

Some data are available for qualitative comparison 


) 


from the work of Thomas and Chalmers"*) on small- 


angle boundaries in crystals of lead plus 5°,, bismuth 
with polonium-210 used as a radioactive tracer. 

In these calculations, the radius of the polonium 
atom is taken from crystallographic data on polonium 
metal," the lead‘) 


is used instead of the diffusion coefficient of polonium 


self-diffusion coefficient for 
in the alloy, and the elastic modulus and Poisson’s 
ratio for pure lead?) replace those for the lead- 
bismuth alloy. 

Calculation of NV/N, as a function of temperature 
to that for é, 0.125 eV, 
the 


leads to a curve close 


cy 10°, given in Fig. This indicates that 


solute atmosphere should be virtually eliminated 


by annealing at 150°C or higher, as was found 


by Thomas and Chalmers. Complete saturation 


of a boundary in this system seems to be unrealizable, 
since such low temperatures are required that 
the time of formation is prohibitive. On annealing 
at a NIN» = 
10-8, is predicated. An estimate of the magnitude 


of the 


saturation ratio, 10-4 to 
tracer 


after a 


number of excess atoms pel 


boundary 100°C 
anneal, various data 


and Chalmers, yields V ~ 10!°, whence V/V, ~ 10~4 


unit area of small-angle 


based on given by Thomas 
in agreement with that predicted. 

No experimental data have been found in the 
literature for comparison with the calculated values 
ot v 
expected from the usual calculations for a single 
It should be 


present results by observing the behavior of a radio- 


However, the values are just what would be 


dislocation. possible to check these 


isotope during creep and controlled stressing of 


appropriately oriented crystals containing a small- 


angle boundary. 

Further experimental work designed explicitly to 
test the theory is obviously needed, but the theory 
is consistent with all the available data. Attempts 
to study this problem experimentally by measuring 
the segregation of radioactive tracers at dislocation 


walls are under way at Metals Research Laboratories. 


AND 


DISLOCATION WALLS 


Measurements of the changes of electrical properties 
of alloyed semiconducting elements caused DY heat- 
treatment may also yield quantitative data on the 
segregation of solutes at dislocation walls 


All of the calculations presented up to this point 


are based on pure dilatational interactions Lowevel 


if the strain tensor associated with a solute atom 


does not have cubic symmetry, there may 


distortion interactions which may be computed 


by analogous methods. COCHARDT, SCHOECK, and 


WIEDERSICH'?2) have recently calculated the complet 
dis 


solutes in body-centered 


elastic interaction between single stationary 


locations and interstitial 


cubic crystals where distortion interactions pre- 


dominate. Application of similar methods to dis- 


location walls yields expressions analogous to those 
the The 
element of the tensor for a 


the 


given above for dilatational interaction 


integral of each strain 


dislocation wall over appropriate surrounding 


volume exists so the total local disortion associated 


with a unit area of dislocation wall is finite, just as 


was found for the total local dilatational volume 


change 
Fo 


the distortion interactions were worked out approxi 


substitutional solutes in hexagonal crystals 


mately and found to be quite similar to dilatation: 
interactions, but in m ny actual cases the dilatational 


For 


centered cubic ervstals. the « 


term predominates interstital solutes in body 


leulations were car! 


only far enough to see there is 


similarity with dilatational interaction 


the characteristics of the distortior 
similar to the pure dilatational cas 
the ettects 


magnitudes of depend 


magnitude of the dilatation an 


with the solut 


CONCLUSIONS 
The 


with 


interaction ol 
solutes may be 
a fairly simple way 
A treatment dilatatio1 
on first-order elastic continuum 

which 
experimental data 

tested in detail 

Results may be expressed 
of independently determined 
tative conclusions based on 
mentioned below 

1. The m: 


wall 


iwnitude 
dislocation cannot 


CA CCEQU 


per cm* required to saturate tl 


ist ortic 


ACTA 


wall. 


small 


due to the dislocation is independent of 


0 


boundary angle for angles about 1014 em-2 


in magnitude. 
2. Extremely small average concentrations, about 


| p.p.m., of solute supply sufficient solute atoms 


to saturate all dislocation walls (and probably all 

random dislocations too) in a polygonized or annealed 

crystal 
3. The 


solute atoms ata 


magnitude N of the number of 


unit 


eXcCcess 
area of small-angle boundary 


is strongly temperature-dependent. At sufficiently 


low temperatures, V ~ N At high 


sufficiently 


and in a relatively narrow 


The 


where 18 


temperatures, .V ~ 0: 


range .V varies rapidly. inter- 


<< 6é,/k, 


0 


intermediate 


mediate range appears at 


the maximum interaction energy between solute and 


lislocation wall. 


+. The magnitude of an unsaturated solute atmos- 
phere at temperature 7’ is a function of (1) the bulk 


) 


concentration c. (2) the boundary angle @ 


solute 
through implicit dependence of 74) on f, and (3) the 
maximum interaction energ\ é 


5. There is a critical velocity v independent ot 


boundary angle, for motion of a dislocation wall 
ibove which all the solute atmosphere is left behind. 
[t appears that a small-angle boundary moving with 
than v, may gradually lose part of 


less 


velocity 


its solute itmosphere. 
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GRAIN GROWTH IN METALS? 
P, FELTHAM 


The sizes and shapes of grains in annealed metals, chara 


and the interfacial angles, are shown to be lognorma 


1] 
l 
The similarity of the size and shape distributions facilitates t 


statistical problem in which the mean rate of growth of 
surface tension-controlled rate of growth of the individu 
initial and instantaneous grain diameters D,* and D 
values whether referred to planar or spatial distributions 
isothermal growth ¢ by the equation (D*)? D 
constant of order unity, V the volume per atom, ¢ 
energy,  Plank’s constant, and H the activation energy, 


with experimental results is good 


CROISSANCE GRANULAIRE DANS 


L’auteur montre que les formes et tailles des grains de mét 
par les angles a linterface et les diamétres des grains, sont dist1 
aussi bien dans des sections planes que dans l’espace Cett 
des tailles facilite le traitement de la croissance comn 
movenne de croissance est la resultant de la vitesse d cro 
la tension superficielle des grains dans la distribution 

Les diamétres des grains les plus probables 
mativement les mémes valeurs respectives pour les dist1 
de croissance isotherme ¢ par |léquation D* 
constante numérique d’unité d’ordre, V le volume 
spécifique de la frontiére, / la constante de Planck et H | 
frontiere granulaire 


L’accord entre cette formule et les résultat 


KORNWACHSTUM IN 

Es wird gezeigt, dass Grésse und Form der Korner in 
Korndurchmesser und die Korngrenzwinkel, sow 
lichen Verteilung eine Normalverteilung mit 
der Gréssen- und Form-Verteilung erleichtert 
Problem mit nur einer Variablen, bei den 
Resultierende aus der durch die Oberflache 
einzelnen Korner innerhalb der Verteilung er! 
fiir die Korndurchmesser D,* und D* (D,* 
unabhangig davon sein diirften, ob man si 
mit der Zeit ¢ durch die Gleichung (D* 
bedeuten / eine numerische Konstante von de 
Gitterkonstante, o die spezifische Korngrenzen 


energie der Korngrenzen-Selbstdiffusion. Di 


1. INTRODUCTION 

The driving forces leading to grain-boundary migra- spects 
tion in crystalline materials are determined not only — considera! 
by the physical constants characteristic of the sub- lished th: 
stances in bulk, but also by the shapes and dimensions annealed metals 
of the individual grains. Parameters characterizing surface tension) of th 
the dimensions and shapes of the distribution of grains impelled the boundaries t 
of an aggregate must therefore appear as variables in respective centres of cu 
the time-laws of grain growth. sidered grain shapes 

Up to now the appropriate statistical treatment has applications of topology 
not been given, presumably because of the compara- — of the more recent experimen 


tive dearth of suitable experimental! material, and the Much earlie 


(rone‘® LO 
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and cadmium; the work is unfortunately invalidated 
by a number of errors. 

The problem of grain growth as a whole was 
approached recently by Cole, Feltham, and Gillam. 
They found for growth the relation 


(D*)2 — (Dy*)? H/kT), where D* 


D,* are the most probable instantaneous and initial 


isothermal 
K ot exp and 
grain diameters respectively, ¢ the time, H the activa- 
tion energy for grain-boundary self-diffusion, and A, 
a constant proportional to the volume per atom, the 
lattice spacing, and the specific surface energy at 
grain boundaries. The magnitude of A, to be expected 
for annealed metals should, according to their theory, 
be of the order of 0-1 em?/sec. The above relation gave 
a very satisfactory description of their experimental 
results, but in deriving it they by-passed the statistical 
treatment by making the crucial assumption that the 
mean growth-rate of the grain area was an invariant 


fraction of the crowth-rate ofa orain of diameter equal 


to the most probable diameter, the boundaries of 


which were concave parts of spherical surfaces with 
radii of curvature equal to }D*. 

The principal object of the present work is to 
develop a more rigorous theory of isothermal grain 
growth in metals by using the grain diameters and 
grain-boundary curvatures as statistical variables, and 
by making allowance for the restrictive conditions 
imposed by surface-tension and space-filling require- 
ments. 


OBSERVED DISTRIBUTION OF GRAIN 


SIZES AND SHAPES IN ANNEALED 
POLYCRYSTALLINE METALS 


2. THE 


The experimental determination of the true spatial 
. although it has been undertaken in a few 
Roll,{®) Scheil and Wurst, see also Smith?) 


IS genel lly 


Cases 


very laborious. In general, therefore, 
measurements are made on planar sections which are 
prepared cutting the specimen in which grain 


place.t It is therefore desirable to 


first of all the size and shape distributions in 
such planar sections, and then to attempt to relate 
these to the corresponding true spatial distributions. 

In relation to distributions as seen in random planar 


Beck 


measurements of 


has shown, on the basis of plani- 
the 
zones of strips of aluminium of high purity containing 


that 


sections, 


metric orain areas in central 


500-1000 grains, 
isothermal growth at 500°C the grain size-distributions 


were skew, but that all three curves could be super- 


ins In the surtace 


As will be seen later, the growth of gra 


epresent 


specimen; 
ew section must therefore be made for observation at 


later stages of specimen is used. 


ALLURGICA, 


at three consecutive periods of 


VOL. 


Relative frequency 


4 2 
O (arbitrary units) 


Fie. 1. 
sections of annealed aluminium of high purity as functions of 
the number of sides per planar grain (circles) and the grain 
from Beck. The points 
spatial distribution of 
thecretical lognormal 


The relative frequency of grains in planar random 


diameters (triangles), using data 
denoted by 


grain diameters: 


squares represent true 


the full line is the 


curve. 


imposed by making proportional changes in the 
grain-size scale. The latter observation is of particular 
interest, because it implies that the functional form 
of the 


remain 


normalized grain-size distribution should 
invariant if the grain-size scale is put on a 
logarithmic base. 

In fact, if 


plotted in this manner, it is found to be very nearly 


Beck’s smoothed composite curve is 
lognormal. In Fig. 1 the lognormal distribution is 
drawn as a full line: the triangles represent points 
from Beck’s curve. He also found that the relative 
frequency of occurrence of grains with a given number 
of sides (or corners) in a planar section remained 
invariant during isothermal growth. Again, if this 
distribution is plotted on a logarithmic base, it is found 
to approximate closely to the lognormal curve. The 
points denoted by circles in Fig. 1 are taken from the 
smoothed curve drawn by Beck through the super- 
imposed distributions. 

The essential identity of the form of the size and 
shape distributions apparent from Fig. 1 suggests that 
a statistical one-one relation might exist between 
them, i.e. the smaller grains would, in general, be those 
with few sides, and the larger grains those with many 
sides. As the actual micrographs used by Beck were 
inaccessible, and as it was in any case desirable to 
confirm the generality of the lognormality of the 
distributions in other metals, similar size and shape 


determinations were carried out on a micrograph of a 
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FELTHAM: GRAIN GROWT 


planar section cut through a lump of annealed 
Chempur tin. A circular zone lying in the centre of the 
sample (cylinder of 3 em diameter and 1-5 em height) 
containing approximately 1000 grains was utilized. 
The distribution of shapes, shown in Fig. 2, is again 
lognormal. The approximate distribution of the sizes 
of grains with from three to seven sides is shown in 
Fig. 3. The scatter of the points can be seen to bi 
considerable; an impracticably high count would have 
to be made to obtain significantly improved accuracy 
for values of x below 4 or above 6. For the case n ‘is 
measured points are not shown, as this would have 
rendered the diagram rather confusing. However, the 
most probable diameters of grains with 7 7 were 
taken to correspond to the centres of the observed 
respective grain-diameter ranges, the latter being 


plotted on a logarithmic base. The results are shown 


for computation prepared o1 
by Johnson 11 for the determi 


crain-size distribution in the san 


| 
D } 
= 


used by Beck.+ The result. denoted | 


|, shows that the spatial grai 
lognormal, fitting the theo 
67 rather better than the planar dist1 
triangles In the particular ca 


Fic. 2. The distribution of planar grains in a random 
distribution the planar grain-si 


section of an annealed sample of Chempur tin as a function 


of the number of sides per grain. The full line correspond 
a lognormal distribution. 


in Fig. 4. As was to be ex pected, the scatter of the 
points for 7 is rather greater than for lower values 
of n. The anticipated linear relation between grain 
size and grain shape is, however, confirmed over the 


entire range of n values observed in annealed metal 


(i.e. from 3 to about 15). By means of this relation it 
is possible to simplify the statistical treatment of 
grain growth, as developed in subsequent paragraphs, 
to a univariate problem with its attendant boundary 


conditions. 


T he spatial distribution of grain diameters and inter- 
facial angles 
A theoretical treatment of the relation between the 
distributions of grain sizes in planar random sections 
and the corresponding true spatial distributions has 
been given by Scheil@® and Scheil and Wurst.‘ 
Their method was used, together with tables suitable Pinketed 


|| 
| 
/ 
INN 
is in Fig 2 and 3 
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the distribution of grain 
diameters closely. The similarity extends not only to 


the functional form of the distribution curves, but to 


represents also spatial 


the actual values of the grain sizes in the two distri- 
butions. This is also confirmed in the recent analy sis 
of the relation between planar and spatial orain 
dimensions given by Spektor.“ He gives as the ratio 
of the most probable grain diameters in planar section 


ind in space 


+ 82), (1) 


: 0 is the dispersion of the spatial distribution. In 
a number of cases quoted by him (e.g. armco iron) the 


ratio is within 10°, of unity. We thus have a near- 


identity of the size distributions of grains in planar 
random sections and in space. If we regard the straight 
corners of grains in a planar 


lines joining adjacent 


section to form regular polygons, then the polygon 
angle 6 and the complementary angle ) are related 
or sides) of the grain, by 


to n, the number of corners 


27. (2) 


We then use 1/7) (or 7) as an index of the shape of 
the grain in planar section. We can use the same 
criterion in the case of spatial erains if 7, in that case, 
is taken to be equal to the dihedral angle characteristic 
of the poly hedron. The use of |] , is preferable to the 
use OL n/27 as the 


Wi can 


considered in the postulates 


latter is inapplicable to spatial 


now summarize the experimental 


OTalns 
evidence so fai 
The 
and shape s of orains in plana random sectionst 
the 


normalized distributions of the diameters 


metals. as well as 


the 


ol anne led ure 


normalized ibution§ of true grain 


diameters, are of the same form. 


distributions are lognormal. 


1) The 
As fai 


as the distribution of shapes is concerned, 


shown that the most probable angle 


ljacent sides of grains in planar random 


ions is equal to the most probable dihedral angle 


between intersecting grain faces (dihedral angles) in 


space. Now, as the magnitude of the dihedral angle 


rmines the grain-boundary curvature in the same 


aet 
ay as the polygon angle that of a grain in planar 
ide? 


de para. 3.2), this observation is particularly 


secTLol 
it seems to indicate 
That the relations bet ween diameters and shapes 


as the boundary curvatures are 


ena pianar rand m 
ensional aggregate, 
nensional), such as 

The latter type is 


consid rations do 
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assumed to be related to the shapes between) 
diameters and grain-boundary curvatures are 
of the same form (vide Fig. 4) whether they refer 
to planar random sections or to the corre- 
sponding spatial distributions. 

Although (ce) 

the 


will 


cannot be regarded as rigorously 


results render it highly 


taken as the third, 


established, foregoing 


plausible. It therefore be 
principal, working hypothesis in developing the theory 


of grain growth. 
3. THEORY 


3.1. The rate-determining mechanism 


We consider the growth of the diameter D, of the 
ith grain of the aggregate. This will take place in steps 
of one interatomic spacing as atoms transfer to it from 
adjacent regions in the boundary, changing their 
allegiance from the neighbouring grains to grain 7. 
The frequency of occurrence of translations of sufficient 
magnitude to effect a translation of an atom is 
O/kT), where vy = kT/h®?), and Q the activa- 
tion energy for a jump from the adjacent grain to the 


end of the diameter of the ith grain. Si milarly, the 


| 


frequency of a return jump, i.e. return of the atom, is 


yp exp Q/kT), so that, allowing for the possibility 
of jumps to both ends of D,, the rate of addition of 
atoms to is 2y|exp(—Q/kT) O/kT)|. How- 
ever, only displacements of the atom with amplitude 


eXp | 
vectors directed towards the grain D. can be effective. 
These will comprise only about one-third of the total, 
so that we have, finally, 
dD = 2a(kT (—Q/kT) — exp (—Q/kT)], (3) 
where a is the jump distance, i.e. it is equal to the 
lattice spacing 

We obtain the activation energies from the following 
considerations. If the diameter terminates in boun- 
daries which have the shape of spherical surfaces with 
their radii of curvature outside the grain, then if an 
element of this surface dA advances a distance dp, 
normal to itself, the accompanying change in area is 
(2/p,)dA dp,, and the volume swept out is dA dp,, 
where p, is the radius of curvature of the surface. The 
surface energy per atom of volume JV, involved in this 
advance, is then 

W. 2Va/p;, 


where a is the specific surface energy. Ifthe boundaries 


are not spherical caps, but elements of circular 


cylinders, the energy is 


W Vo pP;- 


A, 
i 
ind a true planar distribution (i.e. two-di 
not, in gen gnormal'®’; our present 


FELTHAM: 


Triangular idealized grain with curved sides meetir 
120°. (The sides of the 


the vertices of the triangle 


at an angle of hexagon are tangents at 


An examination of metal crystals separated from an 
aggregate™) shows that a good approximation to the 
specific energy per volume of atom should be given by 
the mean of W.and W., i.e. 

W 


and this will be used in the present work. 


the 


In any case, 


as will be seen, exact value of the numerical 
constant in equation (4) is of little consequence 

Thus, if // is the activation energy for grain-boun- 
dary self-diffusion, the activation energies in equation 
(3) will be 


C= H— 


« 


and as W 


linear growth rate of the grain 


and 0 H W, 


this gives with equation (3) for the 


dD./di (2Vao p,h) exp | H/kT) 


Now, O will 


be taken as constant, because in randomly oriented 


on substituting for W from equation (4). 


aggregates of grains, such as are annealed or recrystal 


lized polycrystals, there is only a small probability 
that at angles which would 
(4) 


two grains should meet 
give a boundary of low energy. Under isothermal 
determined 


the 


conditions the srowth-rate is therefore 


essentially by the magnitude and sign of local 


grain-boundary curvature p,. 


The 


hounda curvature 


relation between grain shape and grain- 


If, as was assumed, the specific surface energy @ is 
independent of the mutual orientation of adjacent 
grains and the metal is well annealed, the boundaries 
will tend to meet at the equilibrium angle of 120°, both 
in spatial and true two-dimensional distributions 
the intro- 


This geometric requirement necessitates 


GRAIN 


GROWTH LO] 


Thus 


true two-dimensional distribution 


duction of curvature into the grain boundaries 


fol example in a 


polygons idealized orains) with polygon angles 


than 120 will develop convex sides. as shown rol the 


grains with polygon 


triangular grain in Fig. 5, while 


angles greater than 120° (i.e. number of sides greate) 


than six) will tend to have concave boundaries 


Both magnitude and sign of the curvature of the 
idealized grain will therefore di pend upon its hape 
equation 2) 

We shall first consider the 
and grain-boundary curvatt 
planar grains, or, what is 
three-dimensional iggregate 
their long axes perpendicular to t 
We shall regard the result first appr 


the corresponding relation in the cass 


as a 


MOaLTY sé 


planar sections, and subsequently 
by semi-empirical means 


through th 


Now, curve | in Fig. 6 is drawn 


n 


re presenting the ratio 


where 7 is the number of 


to which the Is related 


Vrain 
probable number 
planar distribution 
for this numerical const: 
discussion at a later sta 

With the convention that thx 
positive in the case of convex 
case of the three-cornered gra 


shown by simple geometry 


+ 
nad 6) the most 
tion of a sper 
| 
n/t 
4A 4/9 4/A sk 4 
v2 V3 V4 V5 V6 V. 
A 
on 4 
> 
U 
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The grain diameter in equation (6) is taken to be the 


diameter of the circumscribing circle. As can be seen, 


f(n/n*) is negative for n less than 6 and positive for all 


greater 7 As we can write 


) (8) 


with 7” G in the present case (equation 2), we 


have as our first approximation, from equation (5) 


and (6 


t{Vac/hD ) exp H/kT) (9) 


dD=2/dt (10) 


‘xp H/kT’) H/kT) (11) 


SVaa/h) exp 


is a constant at any given temperature. 
It is apparent from equation (10) that, in a distri- 


bution of grains, the grain size D, and the “shape 


1) ave the two variables to be considered 


function” 


further and that. in view of the functional form of 


f()*/7), grains with fewer than six sides will tend to 


diminish in size, while those for which » 6 will tend 


to grow. The overall increase in the mean grain size 
on isothermal annealing is then the resultant of the 
simultaneous operation of both processes taken over 


all grains. 


Limiting conditio 


In the preceding paragraph we have dealt with the 
| 

We shall now consider the growth 
As the 


polygon or dihedral) 


individual grain. 
process apparent from planar random sections. 


function relates angles 


-boundary curvature as conditioned by surface 
tension requirements, we would expect it to apply with 
reasonable accuracy also to grains in a distribution. 


However, we expect slight deviations for the following 


reasons, among others: 


will not have idealized geometrical 


apes, such as are shown for planar six- and 


-sided grains in Fig. 5. In fact. it would not 


three 


] 


ral be possible to fill space W ith idealized 


ains without some voids between them. 


Consequently only the average curvature of, say 
in n-sided planar grain can be expected to be 
given by if the mean grain diameter is D,. 
Equation will therefore not hold exactly. 


Although we 


close to 60°, it may not be exactly equal to that 


in reasonably expect "* to be 


value. 

The requirement that, for example, the total 
area of a planar section under observation must 
remain invariant during grain growth, as the 
orains grow at the expense of one another, also 


imposes limiting conditions on f(n* 1)). 


/ 
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Now, in relation to (b) we observe that the most 
probable number of sides per polygon in planar sections 
is 5-2 (Fig. 1) (and approximately 4-8 in Fig. 2). That 
the most probable number of sides per polygon in 


planar sections of annealed metals lies closer to 5 than 


» 


to 6—in fact, that it is generally equal to about 5-2 


has already been observed by Smith. As yet, no 


complete explanation of this fact is available, and, as 
a first step towards obtaining an improvement on 


we put 69°, (corresponding to 5:2; 


equation 2). which gives for the most probable poly gon 


(or dihedral) angle 0* 111°, i.e. 7°5 ©, below the ideal 
value. 
The continuity requirement (c) can be stated in a 


mathematically more convenient form, i.e. the 


rate of 
change of the total area must remain zero. Now, if 
N(D,) d(In D,) is the number of planar grains in the 
size range d(In D_), and D * is taken as the grain area, 
have (using the 


as a first approximation we must 


integral rather than the summation): 


N(D,)(dD,?/dt) D,) 
JD 
the integration extending over all grains in the area 
under observation. 


Since by postulate (a) (para. 2.2) we can write 


N(D,) d(In D,) = A N(D) D) 


(omitting subscripts 7) where A is a constant and D 


refers to the spatial grain size, and since also (para. 2.2) 


dD dD*/dt if D dD, 


the subscript p in equation (12) can be omitted: the 


latter then applies to the spatial grain-size distribution. 
To evaluate equation (12) we must now 
d D?/dt in suitable form. 


Now, from Fig. 4 we have 


express 


(13) 


(1 x)(.D/D*) 


the value of n 


can therefore define a 


where « const. and » 


corresponding to D . We 


new function 


y(D/ D*) (14) 


and write equation (10) (omitting subscript) in the 
form 
d D?/dt = Kd(7* (15) 


Ky(D D*) 


where y(D/D*) is to be determined from the conditions 
that 1) should approximate closely to fi 
over the range of 7 encountered in practice, and that 
equation (12) be obeyed on substituting y D/ D*) for 
d D?/dt (equation 15). Also, of 


course, we take 


O1 
where 
) 
in cn 
* 
| 
| 
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Now, on substituting for the lognormal distribution 
N(D)cx exp (D D*)F}. b const. 


(where D* is the most probable spatial grain diameter), 
equation (12) becomes 


exp {—[In d(in D) = 0, 
JD 


the integration extending from Dyin to Dmax. As 


y(D/D*) is required to approximate to f(7*/y), it 


must be a monotone slowly increasing function over 
the range of D found in practice. The integral 
(equation 16) will therefore converge rapidly on both 
sides of D*, i.e. for larger and smaller values of D, so 
that it is permissible to write and D1, == 0. 
Solutions of the resulting homogeneous Fredholm 
equation are given by 
7 respective growth-trajectories of individu 
y(D/D*) > C,,[In (D/D*)P™*", 17) their transitions from the 


m 0 


time ¢ to the distribution at time 
where the C,,’s are arbitrary constants. A particular have diameters smaller than 


solution which is monotone for all finite values of the absorbed in the interval Af 


variable, which is a good approximation to f(7)*/7) the distribution subsequently. Gi 


i 
over the range of dihedral (or polygon) angles found — in the range D,—D,* will diminish dm 
in practice in annealed metals, and which has its zero annealing, while those with diameters grea 
at the point corresponding to 4 111°, is given by will tend to grow. The trajectors will not 


* intersect 
y(D/D*) In (D/D*) 
[t is important to note t 

IS) ; 
distribution at time ¢ will 


where the last equation is obtained from equation (13). Jargest grains at time f 


The curve obtained with 69° and the appro trajectory Dy max D 
priate value of x obtained from Fig. 4 is shown as a essentially linear. Sine 
full line in Fig. 6 lognormal at all times, the ratio 
We can therefore now write equation (15) in the form 


dD,*/dt K In (D,/ D*). 19) 


D 


9/<.9 


3/5-2 in Fig. 1) is independent « 
equation cannot be integrated without a know- 

ledge of the time-dependence of D*; obviously D 
must increase in the process of grain growth, i.e. with : 


time. In deriving equation (19), our knowledge of the dD max/dt 
functional form of the distribution curve of grain which yields on integration 
diameters has been utilized (equation 16). In order to 


D- 


determine the time-dependence of D*, it now becomes 
necessary to utilize also the time-invariance of the or, on substituting for LD, 
shape of the distribution curve.t for A from equation (11 


dD 
3.4. The mean growth-rate 
: where is a numeri 
A diagrammatic representation of the growth 
process is shown in Fig. 7. The arrows indicate the . 
the time of isothermal 


required result 
It is of interest to observe that the lognormal distributior 
function should be obtainable as a solution of equation 16 if 
it were regarded as the unknown function, and y(D/D* 
given by equation (18) were substituted into equation (16 
as kernel on account of its close approximation to the “surfac 
* 


tension function” f(7*/7). This indicates how surface tension 


controls the grain-size distribution. 
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4. COMPARISON WITH EXPERIMENT 
AND DISCUSSION 
Some factors, apart from those already discussed, 
which may affect the rate of grain growth in metals 
were considered by Burke.“ The most important of 
Zener 


1) examined their growth-inhibiting function, 


these are effects due to nonmetallic inclusions. 
vide ref. 
and showed that if the growth was surface-tension 
controlled it would be arrested by inclusions at a stage 


when 


where p,,. and p,,.. are the mean radii of curvature of 
the grain boundaries and inclusions respectively, and 
f the volume fraction of the inclusion in the metal. 


The 


magnitude of the effect: no attempt will here be made 


relation provides a means for estimating the 


to incorporate it into equation (21). 
The 


internal stresses due to cold work; the energy due to 


growth-rate may also be influenced by residual 
cold work (per atom) may exceed W (equation 4) by 
an order of magnitude or more if the metal has been 
heavily cold-worked.“° 

An important effect is observed if the dimensions of 
thickness of the strip or radius of 


the specimen e.g 


the wire) are comparable to the mean grain size. 
Beck 


that to avoid the slowing-down of grain growth due to 


and Beck and co-workers"® first demonstrated 


sheet-thickness effect,’ the minimum dimensions of 


the specimen should preferably be larger than ten 


times the mean grain size. The effect is probably due 
to a number of causes, of which the principal ones are 
sought in the fact that 


to be 


Owing to the flatness of the surface, the surface 
srains have much larger average radii of curva- 
ture than would correspond to grains of similar 
respective sizes in the interior of the metal: 

In very 
will 


para. 2.2), and the dispersion of grain diameters 


thin samples, the distribution of grain 


S1ZeS not be lognormal vide footnote in 


rather narrow.'® i.e. the grains will be of 


uly uniform size with n* equal or very close 


to 6. The value of f(7*/7) for most grains will 


thus be low 


This pronounced effect does not appear to have been 


recognized by a number of workers, with the unfor- 


tunate consequence of invalidating much of the work, 
e.g. studies of the grain growth in nickel,“” armco 
iron, ilver, lead, and tin,’® ete. “‘Activation 
energies” derived from such data are invariably of a 
very high, improbable magnitude, sometimes close to 
the activation energ\ of sublimation. 


A further precaution which is but rarely observed 
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(but was taken into account, for example, by Wensch 
and Walker”) is the elimination of nucleation such as 
is likely to persist for considerable periods during 
temperatures if the 
Again a 


growth at comparatively low 
specimens have not been fully annealed. 
diminution of the observed growth-rate may result on 
account of the continued appearance of new, small 
In work on grain growth in aluminium of high 
purity, Beck that their 
result could be represented very well by the empirical 
(D*)™" — (D,*)" = K(T)t, in ap- 


orains. 


and co-workers’® found 


relation which m 


proached the value 2 at temperatures close to the 


melting-point, but decreased with decreasing tempera- 
ture. It is possible that but for the variable incidence 
of nucleation, (21) 
suitable for the interpretation of their results. 


equation would have proved 

Of the remaining work known to the author, only 
that of Burke” on pure cartridge-brass and that of 
Cole, Gillam, Feltham‘ on lend 


themselves to comparisons with the theoretical result 


and austenite, 
(equation 21). The latter-named workers found good 
agreement with equation (21) over a wide range of 
grain diameters; with very large grains, deviations 
due to the “‘sheet-thickness effect’’ were eventually 
3urke, who actually investigated this effect 
the 


found. 


in annealed cartridge-brass, found empirical 


relation 
d D* /dt K(T){(1/D*) 

appropriate for the representation of his results, w here 
D,* is the most probable limiting diameter attained 
upon prolonged heating at the temperature 7’. Its 
magnitude is determined by the thickness of the strip 
If 1/D,* 
Burke’s equation leads to the same functional relation- 
ship as given by equation (21). 
activation energy H 40 keal/gram 
considered his method of obtaining it open to criticism. 


If. however. H is taken to be 0-7 times the activation 


used as specimen is negligible, integration of 
Burke obtained an 


atom, but 


energy for volume self-diffusion,” and the latter? 
as 42 keal/gram atom, one obtains H 30 keal/gram 
atom. With this value, Burke’s data require a value 
of K, of the right order of magnitude to comply with 
equation (21). 

Dean and Hudson,” using a high-purity 1°, Sb 
alloy of lead in the form of large cylindrical samples, 
also found a linear relation between (D*)? and ¢, thus 
confirming the form of (21). 
Although their experiments were carried out at three 


functional equation 
different temperatures, neither A, nor H can be 
evaluated from their results, as the system was no 
the lowest 


longer a homogeneous solid solution at 


temperature used (150°C). 
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The experimental work surveyed above, in so far : 


I 
as it lends itself to comparison with the theory, tends 
\ 


to confirm the result given by equation (21). Further \. JOHNSON 
SPI KTO 


data, obtained with the precautions outlined, would 


nevertheless be valuable. 
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THE YIELD STRENGTH OF PARTLY ORDERED F.C.C. STRUCTURES* 
H. J. LOGIE? 


a depe ndence of vield stre¢ neth on the size of the ordered domains: the 


th passes through a maximum in the case of Cu,Au when the domain size is about 50 A. 


ring the increase in disorder as slip progresses, a value for the yield strength is obtained 


domain size which is in good agreement with experimental values. It is found that the 
disordered region between domains plays an important part in the process. The most 


nent between theory and experiment is obtained if the width of this disordered region 


RESISTANCE LA DEFORMATION PLASTIQUE DANS LES STRUCTURES C.F.C. 
PARTIELLEMENT ORDONNEES 

partiellement ordonnés montrent une dépendance de la résistance a la déformation 
les dimensions des domaines ordonnés; cette résistance passe par un maximum dans le 

lorsque la dimension du domaine est d’environ 50 A. 
ipte de augmentation du désordre au cours du glissement, on peut obtenir une valeur 
fonction de la dimension des domaines qui est en bon accord avec les valeurs 
On trouve que la large e la région désordonnée entre les domaines joue un role 
le processus. meilleur entre théorie et observation s obtient lorsque cette 

ordre de deux pla atomiques 


DIE STRECKGRENZE VON TEILWEISE GEORDNETEN KUBISCH-FLACHENZEN 
TRIERTEN STRUKTUREN 
Legierungen weisen eine Abhangigkeit der Streckgrenze von der Grésse der geord 
die Strec 
on etwa A 


an die Zunahme der Unordnung beim Fortschreiten des Gleitprozesses, so erhalt man 


K 


grenze durchlauft dabei ein Maximum (im Falle von Cu,Au bei eine 


die Streckgrenze in Abhangigkeit von der Bereichsgrésse, der in guter Uberein 
Daten steht Es ergab sich, dass bei diesem Prozess die Ausdehnung 
en geordneten Bereichen eine wesentliche Rolle spielt. Die best 


und Experiment erhalt man fiir eine Dicke dieser ungeordneten 


1, INTRODUCTION other and the optimum domain size discovered 
iotion of dislocations through short-range Initially the energy per unit area, due to the wrong 


solutions has been briefly discussed by bonds will be (na l)\(v 2) and. after totally disordering, 


He suggests that the motion through the energy is y/? per cm-*, where a is the interatomic 
ordered alloy changes the nearest-neighbour spacing, / the average diameter of a domain, and 
ition of atoms across the slip-plane, producing 4(~6) depends on the shape of the domains. A 


indom configuration of higher energy. If slip displacement of about //2 is needed to disorder 


gy increase per em* of interface the plane, and 5 equating the change in bond 


vgnitude of the Burgers vector for energy per unit area to the work « //2 done during 
the order hardening is given by the slip of the plane, 
\) has carried the analysis further 


Za /) 
size of the domain structure 


Cottrell’s formula is effect, Cottrell has found two points on the £ 


a) the smaller the domain (energy cm*) y 3 (slip) curve and taken the slope 
more quickly does the alloy disorder at of the line joining these points as o. What follows 
beginning slip. therefore the harder it is to js an attempt to define the £ versus x curve more 
IN slip, and (I smaller the domain size. the exactly for small values of x. 
nearer the alloy is to being disordered before slip 
begins and therefore the alloy should be softer. 2. SLIP PROCESSES 
were balanced against each Consider the case of an alloy of composition 
B.W having an f.c.c. structure and exhibiting short- 
range order. The nearest-neighbour separation is a, 
and unit area of the slip-plane (111) will contain 


Part rdered alloys show = 
je Last rer 
By con side 
width 
satisfactory agree 
is about two atomic planes 
Des 
cas de 
En t 
netel 
Bert 
sti ing t expel 
der ungeordneten Zi 
Schicht von et zwel Atomebenen 
The 
= 
the distocation, 
Clottre 
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£.V Of these, 3N are B 
are W (white atoms), 


Fig. 1. marked B 


and W would be occupied by the black and white 


» 
3a- atoms. atoms 


and V 


arranged as shown in 


(black atoms) atoms 


The sites 


atoms respectively of the (111) layer next above, 
if the superlattice configuration is preserved. It is 
important to observe that a B site is characterized 
by having two black atoms and one white atom as 
nearest neighbours in the underlying (111) plane. 
On the other hand, a W site has three black atoms 
as nearest neighbours in the underlying plane. 

If the upper layer in Fig. 
to the 


white atoms in 


| were to slip a distance 
then interface is 
B sites and N black 


An interface of this 


a with respect lower, an 
formed with 
atoms in W sites per unit area. 
type has 2.V atoms in the upper laver occupying 
incorrect sites with respect to the lower layer, and 
gives rise to the interfacial energy y dynes/cm?. 
A further slip of a in the same direction brings the 
upper and lower planes into register once more and 
restores the supe rlattice configuration. 

It may be observed in passing that a completely 
random filling of the available sites by the atoms of 
the adjacent slip-plane would result in three-eights 
of the atoms occupy ing wrong lattice points. 

If the 


an aggregate of domains, each pertect in itself, 


alloy exhibits partial order, then there is 
but 
separated by a region of interface from the adjoining 
domain. A section on a (111) plane would then be as 
illustrated in Fig. 2. Here D, and D, are two domains 
separated by a boundary AB. The boundary itself 


is illustrated in more detail in Fig. 3. 


» Domain 


boundaries superlattice. D 


two domains separated ’ a “domain front 


irked Z 


not all 


the sites m 


boundary, and these sites will 


filled When 


wrongly occupied sites is increased by 


initially slip occurs, the 


domain moving over the adjacent one 


across the slip-plane Tt inte 


regions 
shaded areas of Fig. 2 
AB Fic 


suppose 


by the 
A section 


such as 


“domain front,’ and 


the slip plane there are V 
and that initially there are 
occupied per unit area 


N,/2 white atoms of the upper pl 
B sites and an equal number of black 
W sites. Since there are .V 
the probability that a 
is (1 N./2N). For the 


that a black atom or cupiles corre 


are 3N blac k atoms 


itoms, the 


since there 


3. YIELD STRESS 
We 
the 


] 
proceea hoy 
number of w 
perfect Burgers \ 


When 


lay rw hit h 


the slip is 2a the 


move to posi 


The atoms which 


domain front may be 


wal If a white atom 


moy da distance 2 ind i 


a black 


main vounda 


part of a 


atoms be long to tl 


which 
de pe nd not or ly upon the 


In) question, Dut also on 


occurs. This eriterion will 


of the domain front 


Of the 2.V 


atoms pel unit 


front, all the white aton 


CTSI1TE IS 


constitut 


part 


and 


ine whicl 


aton 


iton 


LOGLE YIELD STRENGTH LOT 
/ 
J W\ W\ W B\ /\N /B 'W /B W 
/a\/e B \ a\/e /B\/B\/B\/B\/B\/B\/B 
Fic. 1. The (111) plane in an f.c.c. superlattice. 
| | | | Fa | | | 
In Fic. 3, th 
rlace wn 
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that in unit ea Ol 
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previously occupied by black atoms. For the black 


atoms in this group, two-thirds of them will move 
to positions previously occupied by black atoms 
and one-third will move to sites previously occupied 
For the (4.V 2N,) 


which do not form the domain 


by white atoms remaining 
atoms per unit area, 
front, both black 


sites previously occupied by their own kind. If a 


and white atoms will move to 


white atom replaces a black atom after slip, and the 


latter was in its correct site, then the white atom 


must itself now be on an incorrect site. In this way 


it is possible to obtain an expression for the total 
number of wrongly occupied sites after slip 2a. 


For the white atoms, 2.V,/4 will move to positions 


0 
previously occupied by black atoms. Since the prob- 
ability that a black 
(1 V,/6N), this group of white atoms will result in 
(N,,/2)(1 N./6N filled. 
The remaining (.V N,/2) which do 


0 
not belong to the domain front will move to positions 


atom is in its correct site is 


sites being 


incorrectly 
white atoms 
previously occupied by their own kind. The prob- 
ability that the 
N ./2N, so that (NV 


occupied by this group 


latter are in an incorrect site is 
2N)(N N 


The total number of 


9/2) sites are wrongly 
white 


atoms in wrong sites Is 


The 


equal number of sites being incorrectly 


movement of the black atoms results in an 


occupied 


N, N ,/2N) 


b 


IN 


3N,/2)(N,/6N) 


Hence 


The increase in the number of wrongly occupied 
sites is thus (1 2N 


3.V) per unit area. 

if y is the energy of disorder per unit area, the 
increase in energy per unit area due to slip 2a is 


E (yN,/2N)(] 


a 


where a, is the stress applied. 


Thus (yN,/4aN)(1 


Although we 
slip, the result 


have considered here only the first 


may be generalized. If N’ is the 


number of wrongly occupied sites at some stage, 


then for a further slip 2a, the increase dN’ in the 
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number of wrongly occupied sites is 


whence 


Giving 


The energy of disorder is 


12N)(N 


3.V/2) exp | 


faN)(1 


At the initiation of slip, when x 


0, = (yN,/4aN)(1 


4. ESTIMATION OF N, AND N 


To evaluate the above expression in terms of the 
domain size /, it is necessary to obtain the relation 
between .V, and /, and to discover the value of N,. 

Suppose / is the diameter of the domain, its volume 
is V and its surface area is A: then A/V o/l, 
where « has a value of about 6, depending on the 
exact shape of the domain. The fraction of the atoms 
forming an interface with the adjacent domain is 
Here the 
atoms on both sides of the domain boundary have 


that the 


then approximately (A/a?)/(V/a*) = aa/l. 

domain 
half this 
total. In 


included, so those forming 


the 


been 
will be 


of the 


front in sense used above, 


number, giving a fraction ga/2/ 


unit area of the slip-plane there are 2/\ 3a? atoms, 


so that the number of atoms lying on boundary 


sites is VV, x/V 3al. It has been assumed here 


that the boundary layer between domains is one 
atom wide, and since this forms the interface between 
two domains, about half the atoms will be in incorrect 


sites. This yields a value for the number of sites 


/21V 3a. 


If the disorder between adjacent domains is two 


which are initially wrongly filled as N, 


a/V 3al. 


Whether a particular atom is to be considered as 


atoms thick, then NV, 


belonging to the domain front or not, depends on 
how it behaves when a slip 2a occurs. For the white 


atoms, this is easily determined: a white atom 


belongs to the domain front if it replaces a black 


atom. Atoms which lie on the boundary will fulfill 


dN’ = N,(1 — 2N’/3N) 
AN’ /da (.V,/2a)(1 2N’/3N) 
(N’ — 3N/2) N, dx/3aN 
and o = dE/dx = 2N /3N) 
exp (—N27/3aN) 
— 
Nyy = (N,/2)(1 — N,/6N) + (N — N,/2)(N,/2N) > 
(N,/2)(1 — 2N,/3N) + N,/2 
— 
N,/2)(1 — 2N./3N) + N,/2 
me Ny =No(l—2N/3N) +N, 
— 


LOGIE: YIE 


this condition. and so also will some of the atoms 


which move from a domain on to the boundary 
is 2N 


sites. The upper value for V, is 2.V,, if the boundary 


layer is one atom wide and 3, if the boundary 
laver is two atoms wide. 


5. COMPARISON WITH EXPERIMENT 


is assumed that the boundary is one atom 


it 
wide, then 
(ya/l)( 2xa/3/) 


and setting do,/d/ 0, then o, has a maximum value 


when /, = 4aa/3 = 8a. 


For Cu,Au, Biggs and Broom™ found that a, was 
for / 5O A. 


value obtained 


a maximum which is about twice as 


the Much 


agreement is reached if it is supposed that the dis- 


0 
large as above. bette 
ordered layer between domains is two atoms thick 
This gives 
(3ya/2/)(1 
Further 


50 A, 


hypothesis 


for Cu,Au. 
that the 


l6a. or 
the 


whence /, 
support for boundary 


layer between domains is two atoms thick is given 


by the work of Jones and Sykes,“ who, from X-ray 
studies, also found that the disordered layer between 
domains was about two atoms wide. 

Broom?) determined the yield stress 


Theu 


Biggs and 


in Cu,Au alloys of various domain sizes 


results 


Domain 
size (A) 


(kg/mm?) 16-8 


with Cottrell. 


If 


comparison can be 


we take, 70 dynes cm*, a 


made between these values and 


those obtained from the theory, using equation (1) 
The total yield stress, o,, is made up of two parts 


due to the energy of disorder, and a,, due to 


For / 4 10° the 


value of od, is approximately zero and o, =o 


Oo: 
calculated 


other causes. 


D STRENGTH 


Biggs 


Is used 1n 


the and Broon tab 
ot o 


ation (1 


7-0 kg/mm* from 


This value what follows 


250 A 


taking 


\ 


For / vields o 2 


0 


vield 


ko 
full 


and the total 
mm- 


ot 


to 


Phe 


5 kg/mm* compared 
Biggs Brow 


values calculated in this wa. 


Is o 


obtained by and table 


Domain size 
(calculated) 
(observed (3 
16-5 
DISCUSSION 
The 
calculation 


ot 


It is very likely that with 


values the 


It 


numbet wrong sites were 


Proto 
reduced 


{ol 


figures would be 


vield lowe! value 
higher 
The theory predicts 


The 


phenomenon 


value for 


upp 


ordered structures 


curve 


ao not show sucn a 


that mi 


associated 


form 


point if a suitabl technique \ 
aspect pronounced 


It 


layel 


interesting 
should 


which p! 


iS 
and hes 
ol separation 

piane Is chosen 
double 


with the 


intersected by the glide plane 
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R 91, 


4t 


A166, 


| 109 
le of 

— = 

9-5 7-0 kg/mm? 
ll-S 7-0 kg/mm* 
high sid n the 
Pee: occupied at the outset 
Practice. Tl would 

nd a correspondu 
wager vield point for these 

1 

ut have the general 
ith an upper vield 
as to speculate on whv the boundary 
two Chick Ol ti 

43 48 63 112 250 Lx 
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Twinning in Cobalt* 

In the course of a study of the magnetic domain 
patterns of cobalt, use was made of large-grained 
ingots of the metal which had been grown in hydrogen 
Macro- 


etching of these ingots revealed structures charac- 


by the method of Myers and Sucksmith. 


teristic of twinned material, and further fine twins 
were found on examining electropolished surfaces 
technique,” Fig. 


using the coll rid-deposition 


shows a typical twinned area. Since twinning 
this metal has been suspected in the past,': ® 
appeared desirable to confirm that twinned orienta- 
tions were present, and to determine the operative 
mode. 


The 


grains 


orientations were found of several selected 


their using standard back- 


X-ray The 


1.632) is so close to that of magnesium 


and twins. by 


reflection techniques. pole-figure of 
cobalt (c/x 
(c/% 1.6235) that the table of interplanar angles 
prepared by Salkovitz™ for the latter metal could be 
used. There was satisfactory evidence that twin- 
related orientations were in fact present, and the 
composition plane was identified as of the form 
,1012}, 


The value of the twinning shear is thus 0.119 close 


within the limits of experimental error. 
to that of magnesium. 

[It will be noticed that the crystals could be indexed 
on the supposition that they were entirely of the 
hexagonal phase, and this provides additional con- 
of Owen and Madoc 


is there a 


firmation for the observation 


Jones’ that only in fine-grained cobalt 


mixture of cubic and hexagonal phases present. 


Annealing twin in cobalt, revealed by 
300). 


FEBRUARY 


colloidal iron oxide. 
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parallel to [0001]. 


300). 


2. Deformation twins on a face 


Electropolished, unetched surface. 


It is probable that these annealing twins have been 
initiated by strains introduced at the phase trans- 
formation of about 500°C, despite deliberate slow 
the that 
deformation 


cooling of ingot in temperature region. 


Cobalt 
temperature. In clamping the specimen, preparatory 


also forms twins at room 


to forming a face for examination, a typical twinning 
‘ery’ could be heard, and the surface formed after 


careful machining revealed fine lenticular regions 


) 


characteristic of twin lamellae (Fig. 2). The traces 


of the boundaries and the angles between the twins 


were compatible with a composition plane parallel 
tp {1012}, but 
required unstrained crystals, it 


since the magnetic-domain studies 
was not possible 
to carry out any controlled deformation experiments. 
It is also worth mentioning that the colloid patterns 
are characteristic of the orientation of the crystal, 
and the patterns observed within both annealing 
and deformation twins are those expected from a 
{1012} mode. A full description of the colloid patterns 
is to be published elsewhere. 

KE. O. 
Department of Physics 
The University, Sheffield 
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The Surface Tension of Solid Metals* where } is a constant. For example, in simple cubic 


. vacking, b 1. The volume of an atom is 
1. Introduction 


The surface tension of solids has been of interest cD ‘ M/pN 0) 
for many years," but, unlike liquids, solids do not’ where ¢ is a constant. Vis the mole volume. M 
lend themselves conveniently to surface-tension is molecular or atomic) weight and p density 
measurements. In recent years, however, at least Combining equations (5) and (6), we find 


three metals have been subjected to surface-tension 


M 2/3 


measurements,”: 3, 4) with results which appear to h 

be consistent within themselves. 
In view of the scarcity of measurements on solids } 2/3 

mis where g is a constant /c-/*. For example, for 

other than copper, silver,“ and gold,“ and 

simple cubic packing ( and therefore 

because of a lack of theories correlating the surface , | For 

f 
other values not covering a very wide range of 


‘ more complex structure, g may have 
tension with other properties of solids, the measure- 
ments by Udin": 3; 2) and co-workers on these three 

possible Values. 


metals appear to stand out alone and unsupported ‘om hj ~ 
Combining equations (7) and ), an expression 


in the realm of physical data on metals. It is therefore br “aay 
for surface tension" is obtained 
of interest to compare these data with those predicted 
by the simplest theory that can be devised. Ey pN ) : 
M 
2. A simple theory of surface tension TEBE 
: ‘ Introducing (3) into (8), 
We assume that the energy £, required to remove 
an atom from the interior of a phase « and deposit f) AH, 


it in the vapor phase V is . , Where the £,,, is 
. For example, for simple cubic packing where f[ 


the heat of transformation and N is Avogadro’s and g 7 


M | 


number. For practical purposes in dealing with AH. 
metals, can be replaced by H. | 
AdH.,, 
N 


(1) In spite of the oversimplifications, equation 


approximate answers for many substances 


The energy required to remove an atom from the In order to avoid all assumptions, equation 
surface of phase « and deposit it in the vapor is a_ is applied in the present paper. In using it 
fraction, f, of that required to remove an atom from factors are combined, 

the interior. For example, if the atoms were bound 

to nearest neighbors only and the coordination 

number were 6, then the surface atoms would have 

only five nearest neighbors and f = 5/6. The energy Then equation (9) in its abbreviated form is 


to remove an atom from the surface is 


AH 
E, = fAH,,|N 2) = 


The difference in energy to transfer an atom from 
3 ( om parison with experiime nts on liquids 


the interior to the surface is 


E,, = E, — E, = (1 —f)AH,,/N 3) 


“1s 5 


In using equation 12) tor the surface tens 
liquid metals AH, is equal to the heat of vap¢ 
Defining the surface tension as the energy required zation corrected for the difference weel 


to produce unit area of surface, we have temperatures at which AH, and a, are measured 


A, 
AH, AH 


where A, is the area of an atom exposed to the 


a 
interface. The area A. is expected to be proportional ; 
where AH, is the heat of vaporization, ¢ is the heat 

to the square of some dimension D of the atom . eR 8 
capacity at constant pressure, 7’, is the temperature 


A 5 D* (5) ot boiling at which AH Is usually measured ana 


a 
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T, is the temperature at which the surface tension 
is measured. The density p must also be corrected, 
using the bulk coefficient of expansion. 


Using a factor m= 9 and without making any 


temperature corrections, relatively good predictions 


are made for the surface tension of many metals. 


Table 1 shows some of the comparative data. 


TABLE 1. Surface tension of liquid metals'®:7 


7.600 26.97 2.702 SO4 S40 700 
5.500 55.85 7.86 1430 1360 1600 
TOO 53.57 92 1203 1034 L150 
400 7 SOO 970 
O00 7 4 5S] 526 253 
400 91.7 130 368 750 
000 5.25 91.45 L570 


2 OOO 
700 97.5 1055 580 LO70 
5,700 | 207.: $50 


7,800 409 


* Some metals such as Na, Zn, ¢ d, and Hg require lowel 


values of 
A comparison of the data On solids 


In using equation (12) 
solids, AH is the 
This is equal to the sum of the heat of vaporization, 


AH... and heat of melting’ AH 
AH AH AH 


heat of sublimation of the solid. 


of a given metal. 
AH. 


Without making temperature corrections and using 
the calculated values of the surface tension 
the 


0.6 


were computed This data is compared with 


1) and co-workers 


experimental values of Udin®: 3; 
in Table 2 


ce tension ot solids 


Correction tactors 


AH p 


LLlOO-K 110° 
1040°K 
1260°K 110° 


LSOO 
1235 


1440 


columns are the 
corrections for AH and p. which are seen to be about 
110°, for AH and 90° 


about 


In the last two temperature 
, for p. The product of these 
unity at 


effects are 


corrections is the meeting point, 


indicating that the equal and opposite 
and that little is to be gained by using them. 

It is of interest that the surface tension of solids 
is about 50°% 
the liquids. Only about 4°, 
to the AH values, because for most 


of sublimation is only about 4°% greater than the 


of this can be attributed 


metals the heat 


for the surface tension of 


greater than the surface tensions of 


OL. 8, 


1957 


heat of 
increase in 


vaporization. The greater proportion of 


surface tension upon solidification is a 


structural effect requiring the use of @ 6 instead 


of w 

Dan McLACHLAN JR. 
Stanford Research Institute 
Menlo Park, California 
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The Temperature-dependence of the 
Hydrogen Yield-point in Steel* 
In a tensile test of hydrogen-charged iron or steel, 
been 


a vield-point due to hydrogen has recently 


shown to exist.”’ A low-test temperature was picked 
in order that the vield-point would be as large as 
possible. The present letter describes a further study 
of the temperature-dependence of the magnitude of 
this yield-point. 

Both commercial Armco iron and SAE-1020 steel 
were used as base materials. Cylindrical specimens, 
0.200 in. in diameter. were plunge-ground from 3-in. 
rod, then polished in a lathe using 1, 0, 3/0 emery 


After 


annealed in dry hydrogen for 1 hour at 600°C and 


papers successively. degreasing, they were 
cooled in the same atmosphere in a water-cooled 
extension of the furnace. 

In order both to eliminate the carbon and nitrogen 
vield-points and to allow for the subsequent absorp- 
tion of large quantities of hydrogen, the specimens 
were prestrained at —78°C in a bath of dry ice and 
alcohol, unloaded, and placed immediately in liquid 
nitrogen to eliminate possible aging. The 
iron was strained 6°%, the SAE-1020 steel 8°%. 


Armco 


Both materials were electrolytically charged with 
hydrogen for 4 hours in 4 volume per cent sulfuric 


acid. As a catalytic surface poison, 0.1 g As,O, was 


Metal* AH M p To 
A] 6 
Cu 5 
\g 6 
Sn 6 4. 
Sb 5 
Pt 12 
Au 
Pb 
Bi 388 300 
6. 
TABLE 2. Surf 
Met \H Cex T 
Cu S4.810 1852 
\g 72,100 | 1235 89.9 
Au 9.373 1610 9] 0 


Prestrain 
T=-78°C 


10 ae 10 

Elongation 
Fic. 1. The temperature 
yield-point in prestrained SAE-1020 stee 


dependence or tne 


added to each liter of acid when charging the SAE- 
1020 steel. The current density was in the neighbor- 
hood of the bath 


remained less than 30°C. After charging. 


0.2 amp/in.*, and 
the speci- 
mens were washed and kept in liquid nitrogen until 
tested. 

All testing was carried out on an Instron testing 
machine at a constant rate of cross-arm separation 


of 0.05 in. per minute. 


Prestrain 
T=-78°C 


Elongation 
2. The temperature dependence of the 
yield-point in prestrained Armco iron 


hydrogen 


temperature 
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Load-elongation curves at a series of 


peratures for both materials are shown in 


and At temperatures above SO°C’ there is 


vield-point As the decreased, a 


temperature Is 


definite discontinuity appears in the stress-strain 


curves for both materials at approximately ( 


somewhat 


the 


and a distinct drop in appears at 


lowe! temperatures Increasing magnitude as 


test temperature Is decreased is not certain 


present what ari are responsible for the 


difference in magnitude of the vir ld-points exhibited 
The SAE-1020 steel 


strained 8°, é i L size 


by the two different materials 
was 


ASTM No. 8 
On the 


equivalent to 
and a 0.12 wt ‘ent carbon content 
other hand, the strained 


ASTM 


O.OL? wrt 


6 has a grain-size ran quiva ) 


to No. 5 
Other 


and 


cent composit 


play a significant part in 


vield-point 


It can also be from 


seen 
that the elongation of the 
a consistent Tunction 


ability probably arise 


surface defect introduced during 


proximity to the smallest \s 


neral Electric Res 


chenectady, New York 


Reference 


Effects of 


at High Temperature 


Some Annealing Ta,O 


shown 


In previ 
formation 


their corr increased, thei 


conau IVItYV 1 an scattering 


by the films cauttuse These 


effec were attributed cnal Lo 


configuration in the film Othe! phe nomena observed 


at somewhat highe annealing tem pe ratures are the 


subject of this lette1 
When Ta,O 


above about 300°C 


films are heated at temperatures 
a marked increase in the 


film Che 


there is 


capacitance of the increase In Capacitance 


ranges from a few per cent after heating at 300°C to 


about 15°,, or so after heating at 600°C if the specimen 


LETTERS TO Dia! 113 
test tem- 
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is heated in air. Similar results are obtained if 


ordinary unpurified nitrogen is used as the atmosphere 
during heating, but heating in hydrogen or vacuum 


results in a much greater capacitance increase. Using 


hydrogen an increase of 40 or 50°, occurs at 500°C, while 


if the specimen is heated in a vacuum (10~§ mm Hg) at 
500°C, the capacitance can change by an order of 
magnitude. For example, when a film 1500 A thick 
a vacuum, the 
The 


capacitance of a specimen with a normal air-formed 


was heated sixteen hours at 500°C in 


capacitance increased from 0.96 to 27.5 mfd. 


oxide film is about 30 mfd. for a specimen of this 
size (6.4 em?), so that the heated specimen behaves 
as if it had an extremely thin oxide film on its surface. 
The interference color was still the same, however, 
and the corrosion rate in HF (measured by change in 
3 A/second compared 


These 


results indicate that the film was not porous, so that 


optical thickness) was about 


with 20 A/see for the unheated specimen. 


the increased capacitance appears to be the result of 
an increase in the conductivity of the oxide film. 
When 


is found that their ionic conductivity has decreased 


oxide films heated in air are reformed it 


relative to unheated films, but the decrease is less 
than would be expected from results at lower tempera- 
a microscope shows that 
the 


it metal grain boundaries and at a few 


tures. Examination with 


the new oxide produced in reformation starts 


to grow first 
singularities within the grains, next at a great 
the 
| and y show photomicrographs of a 


Na, SO, at room 


many 


singularities within metal grains, and _ finally 
uniformly, Figs 
specimen held at 95 volts in 
temperature for 1000 and 1210 seconds, respectively 
ifter having been formed to 88 volts, 1.0 ma, in the 
same solution, and then heated to 430°C for 30 seconds. 
The new oxide, which is dark colored, is first formed 
only at grain boundaries, and relatively few singu- 
larities within grains are shown in Fig. |. The original 


f Fig. 2 that at this slightly later 


clea rly shi WS 


ge many (about 10‘/em?) very small regions 


within the grains are also beginning to darken. 


the oxide films are heated in hydrogen, or in 


there is an increase rather than a decrease in 


and the 


Vacuum 


ionic conductivity, growth of new oxide is 


much more uniform. In either case prolonged 


film 


ionic conductivity, 


reformation eventually produces a uniform 


which has the same properties 


corrosion resistance) as had the original 


[ believe that these results can be 


it is assumed that, when the specimen is heated, 


oxvgen from the oxide films dissolves in the 


tantalum. The solution would be most rapid along 


metal grain boundaries and at metal-inclusion 


explained if 
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dislocations 


the 


well as along isolated 


The 


would 


interfaces, as 
the 
of the 


its conductivity. 


within grains. decrease in oxygen 


film result in an increase in 


If the atmosphere used for heating 


content 


was oxidizing (air or ordinary nitrogen), the oxygen 
lost by the film would be replenished by diffusion 
into the film except immediately over those regions 
If, how- 


ever, the atmosphere was reducing (hydrogen or 


where solution in the metal was most rapid. 


vacuum), the film oxygen would not be replaced. 
The increase of capacitance results from the short 
circuiting of some of the film by regions of increased 
conductivity. If the heating is performed in an 
oxidizing atmosphere, only those areas of the film 
near grain boundaries are short circuited, so the 
capacitance increase is small. After vacuum annealing 
at high temperatures, however, virtually the entire 
oxide film is a fairly good conductor, and the capa- 
enormous. 
effect: 


heating and re-forming of a single specimen, the capaci- 


citance increase is This interpretation 


is supported by a fatigue upon repeated 


tance increase becomes smaller, presumaby because 
the metal near the interface already contains some 
oxygen, and solution from the film is slower. Accord- 
ing to this explanation, if the initial oxide film is 
thinner the capacitance increase on heating in an 
should be smaller because 


oxidizing atmosphere 


replenished. For 


the 


oxygen would be more easily 


reducing atmospheres, however, capacitance 


increase should be greater for thinner films, since 


for a given heating cycle a larger fraction of the thin 
film would become conducting. Both predictions 
are verified by experiment. 

The explanation of the results of re-formation of 
the 


oxidizing 


srowth occurs at 
Thus, 


heating, the new 


heated films is that the new 


areas of high conductivity. when 
atmospheres are used during film 
growth on reformation occurs only at areas near 
grain boundaries, inclusions, or dislocation lines 
where solution of oxygen in the metal occurred most 


When heated 


high temperatures in a vacuum, however. 


times at 
the 
depleted 


Since the conductivity of the 


rapidly. films are for long 
new 
growth occurs uniformly since oxygen is 
from the entire film. 
entire film is increased by vacuum annealing, a very 
small field should be required to initiate new growth, 
and in fact current flow is actually observed at only 
a few volts. As forming progresses the oxygen deficit 
is made up and the normal conductivity is regained. 
effect 


The optical 


There is an additional interesting which 


was observed on annealed specimens. 
thickness of a film heated sixteen hours at 550°C in 
from 2000 A to 2800 A (original 


a vacuum varied 
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thickness 2950 A) on different metal grains. It thus 
appears that solution occurred faster on grains of dif- 
ferent orientation, which at first sight seems to imply 
a variation of the diffusion coefficient in the metal with 
direction. It may be that the explanation of this 
effect is rather that diffusion at this temperature is 
largely along diffusion short circuits such as dis- 
locations, and that the number of such short circuits 
intersecting the surface varies with crystal orientation. 
D. A. VERMILYEA 
Research Laboratories 
General Electric ( ‘ompany 
Schenectady, New York 
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Autodiffusion preferentielle dans les Joints de 
Grains de fer Cubique Centre* 


Les études récentes d’autodiffusion ont clairement 
montré que le mécanisme de diffusion intergranulaire 
devenait prépondérant aux basses températures vis 


a vis de la diffusion en volume. Au contraire, aux 


températures élévées le transport d’atomes devient 
aussi rapide aux joints de grains que dans le volume 
des cristaux. 

La preuve de ce phénomeéne a été apportée indirecte- 
ment grace a l’emploi des isotopes radioactifs dans 
le de la 
sectionnement et comptage et application des théories 


de Fisher® et Whipple. 


une 


cas nombreux métaux”) par méthode de 


Ces expériences ont recu 


confirmation § directe la méthode 


1—6) 


par auto- 
radiographique.' 
Une des inter- 


conséquences de lautodiffusion 


de 
des énergies d’activation déterminées par la méthode 
En 


effet dans cette technique, on suppose a priort que 


granulaire est remettre en question les valeurs 


de ‘‘decroissance de lactivité superficielle.” 


la diffusion seffectue uniquement dans la masse des 


cristaux. On en déduit la loi que doit suivre la 


Teneur 


0.03 0.005 0,048 


O.000 0 OO? O.000 O.000 
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décroissance de l’activite superficielle en fonction du 
temps et de la température 

Dans le Cas particulies du fer ¢ seule la méthode 
de 


déterminer les coefficients de diffusion 


décroissance superficie l ets utilisé poul 


Cependant 
Haynes et Smoluchowski"™ ont montré récemment la 
prépondérance de | 
fel 


et 


autodiffusion 


se 


intergranulaire du 
radioactif dans un alliage 


On 


S10°C peut ne demande! 
présence du_ silictum aA une concentration 


notable ne perturbe pas le 


phenomene 
quoi dans une étude précédent nous : 
la 
préférentielle a 
de 
114 


avions observe 


que diffusion du fer radioactif « 


basse dan 


\insi poul ull 


nyarogene 


temperature 


grains fer doux 


heures a 725°C sous 


puri 
une penetration en volume d el 
10 microns et de 


On 


60 microns dans 


es joints di 


pouvalt obiectet que lta 


était Insuffisante et quen outré 
influenc 


la 


compare trois échantil lons pol 


différent 


metal avait comport 


diffusion. Nous 

et d/histoire thermique 
A—Fer Armco 
B—Fer de haute puret 
(‘—Fer irbonvle 


fritté 24 heures a 


ex -( SOUS 


comprime 
sous H, pur 
Ces trois fers ont été lamin 
recuits dix jours @ 850°C sous H, 
f 


Les compositions des trois fe 


sont données dans 


H, 


Ces échantillons ont 


d’une mince couche 


le 70 


heures 


puls 
dans 
hes 

par poliss 

pe 


pal 


ipre ch icune ae 


des 


lorique ad 


contact ave 


0] 


ms montre 
( ernie 
11T cle 
2 
ats { 
| 
if¢ puret 
til 
ci st) 
) + 
4 
I 
Analyse des different I tua 
( Ss O N Mi ( N \ 
0.005 oO] 0.02 | 


\utoradiographie d’un échantillon de fer B aprés 


d’autodiffusion a 725 C et dissolution ctrolytique 
i 


60 


dans les joints intergranul- les autoradiographies relatives aux fers 
ordre de grandeur pour les trois C. On remarquera dans ce dernier 
grains 


cas la forme tres particuli¢re des contours de 


nous avait fait suspecter un comportement 


représentent la structure micro- qui 
particulier du métal fritté 


| | 


autoradiographique d'une meme 


du fer doux Les figures 3 et 4 


“ig. 4. Autoradiographie d’un échantillon » fer C aprés 


traitement d’autodiffusion a 725 C et dissolution électroly- 
] 


tique de 20 4. Noter la forme tourmentée des contours de 


Micrographie de la méme plage 
G 60. 


Attaque Nital grains. 
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tique de 20 4 A 60 de 30 u. G = 
que la pénétration li 
ures etait du meme - 
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Ainsi l’autodiffusion intergranulaire ne semble pas 
dans le cas du fer directement influencée par la pureté 
et histoire thermique du métal. 

D’autres essais effectués sur du fer doux A différentes 
températures nous ont permis de préciser | ‘importance 
relative de l’autodiffusion massique et intergranulaire 
en fonction de la température. A 700°C, par exemple, 
la pénétration aux joints des grains est environ 10 
fois plus grande que celle dans la masse des cristaux 
A 800°C, le rapport des pénétrations n'est plus que 
de 2. A 850°C, on légalite des 


pénétrations. 


arrive presque a 


Ces résultats nous aménent en conclusion a apporter 
quelques observations sur les mesures de coefficients 
d’autodiffusion effectués sur le fer par les précédents 


auteurs. Les résultats de Buffington, Bakalar et 


Cohen ont porté sur une zone de température de 


809°C a 905°C. Dans ce domaine, hy pothese d'une 


diffusion purement massique est acceptable. Tout au 
plus, la chaleur d’activation devrait-elle étre un peu 
plus élevée que la. valeur trouvée par ces auteurs, 


puisque la pénétration “‘vraie” en volume est plus 


faible qu ils ne le supposaient. C'est ce que nous ont 


montré nos premiers résultats quantitatifs. Birchen- 


all et Mehl™ ont par contre étudié lautodiffusion 


jusqua plus basse température (700°C) ot nos 


expériences montrent qu il n’est plus possible de 


négliger la diffusion intergranulaire. La plus grande 


valeur de l’énergie d’activation de autodiffusion 


massique trouvé par ces auteurs ne peut Ce pendant 


étre attribuée a la négligence de ce facteur Een 


fait. ces auteurs ont suppose que activité a la 


profondeur x était proport ionnelle 


Cette relation n’est valable que si le dépot radio- 


acti peut étre considéré comme tres épais devant la 
Avec les dépots tres 


pro- 


profondeur de pénétration 


minces au contraire (0,02 4) Vactivité a la 


fondeur x est proportionnelle a 


iD 


V Dt 


D étant le coefficient de diffusision, ¢ le temps de 


recuit de 


diffusion. 

C. LeyMontt 
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1. Autoradiograph of the 
to annealing, showing 


that the 
solute-rich 


body of the specimen. Fig. 2 indicates 


microtoming aids in delineating these 
regions and clearly shows that any grain-boundary 
segregation which may have been present could not 
have been masked or smeared by the microtoming. 
Thomas and Chalmers used a microphotometer- 
scanning technique for determining the concentration 
of polonium at the grain boundary. It should be 
that 


centration of polonium at the grain-boundary-surface 


noted this method gives the ratio of the con- 
intersection relative to that at the grain surface and 
not the absolute concentration at the grain boundary. 
Thomas and Chalmers assumed that the concentration 
of polonium at the grain surface was constant and 


that an increase or decrease in relative concentration 


“as-grown surface” 


VOL. 5, 


of a tri-crystal subsequent 


“grain-boundary segregation.” 


was caused by a corresponding change in the con- 
centration at the grain-boundary-surface intersection. 
It has been determined by means of other experi- 


ments carried out in this laboratory that the con- 


centration of polonium at the surface of a crystal 


varies with growth conditions. In addition, differences 
can be introduced by the processes outlined in the 
next paragraph. In spite of these reasons which 
argue against a simple evaluation of the microphoto- 
meter plots, these plots were adjusted by Thomas 
and Chalmers to a common datum line on the basis 
This 


doubt on the quantitative interpretation by Thomas 


of their above-mentioned assumption. casts 


and Chalmers of these results. 


It is felt that the observed effect may be due to 
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LETTERS TO 
the selective oxidation of polonium at the surface. 
Polonium is very readily oxidized, even at room 
The the 


centrations obtaining in this experiment is 


temperature.‘® rate of oxidation in con- 
most 
likely determined by the diffusion rate of polonium. 
It is well known that grain-boundary diffusion rates 


are many orders of magnitude greater than volume 


diffusion rates at comparatively low temperatures. 


The rate of oxidation and hence the concentration 


of polonium at the grain-boundary-surface inter- 


section would be much higher than at the grain 


surface. It is also well known that rates of grain- 
boundary diffusion and volume diffusion approach 
one another as the temperature is increased.‘ The 
relative concentration would thus decrease with 
increasing temperature and tend to zero well below 
the 
Chalmers. 


The 


with increasing misorientation between crystals.“: 


melting-point, observed by Thomas and 


as 


rate of grain-boundary diffusion increases 


9) 
Thus, it would be expected that the rate of oxidation 
and in turn the concentration of polonium at the 
grain-boundary surface intersection would increase 
with increasing misorientation, as is observed. 

Considerations of this type are capable of ex- 
plaining in detail all the relationships between relative 
concentration and both temperature and misorienta- 
tion obtained by Thomas and Chalmers. 

It is concluded from the experimental work per- 
the authors that the effect 
Chalmers, Winegard, and associates existed only at 
the 
the 
not 


formed by observed by 
surface of the alloy and did not extend below 
surface. The observed phenomenon is therefore 
grain-boundary segregation as it had been inter- 
preted by these workers. 
Investigations of a similar nature have been con- 
ducted which indicate that the so-called equilibrium 


Wine- 


is due to the operation of the same 


surface segregation reported by Davis and 


card’: 10, 11) 
mechanisms as outlined above. This will be presented 
in greater detail in another communication. 
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Grain-boundary Segregation’ 


We believe that the arguments advanced 


Maroun et al.” in their ““Refutation of the Evidence 
Their contention is based mainly 


are inconclusive. 


failure to detect evidence of segregation on 


did 


ition 


on thei 
sections prepared by microtoming; however, we 


observe clear indications of boundary segreg 


on autoradiographs taken after removal of the “a 
grown” surface, although in our quantitative 
we used the original surface 

This suggests that the procedures used by Maroun 
et al. were different from ours; this is supported by 


the fact that the segregation produced by the growth 


process on the corrugation lines is apparent in Fig 

1 and 2 of Maroun ef al.’ this 
type of segregation was not present in oul umples 
after The 


concentration reported by Maroun et al 


communication, whil 


large variations in 


annealing 


the existence of differences in techni: 


{Lit 


since we found only very small 
quantity in the experiments 
tative data were obtained 


tha 


orders 


Maroun et al irgue 
rates are many 
volume diffusion rates 
has veel 


However, it 


the 


pel itures 
Turnbull 


Is anisotropic, and that th fast 


and that diffusion 


is the tilt axis. In our experimen 
to the surface 

Finally, Maroun ef al 
the decrease in boundary seg 


] 


ovpserved LS 


ado not 


peratures which we ‘ir explanatio 


oncentratiol! 


would require that the measured surfa 


should increase, whereas we found that the measured 


grain-boundar y concentrat ion decreased 
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We conclude that further experiments are necessary 
to determine whether the very strong indirect evidence 
for boundary segregation can or cannot be supported 
directly by experiments on polonium in lead-bismuth 
alloys 

W. R. THomas* 
3. CHALMERS 


Reference 


, Ontario. 


On the Effects of Heat Treatment on the 
Resistivity of Silicon* 
the 


often 


It has been known"-°* for some time that 


resistivities of germanium and _ silicon are 


drastically iltered by heat treatment even at tem per- 


atures as low as 300°C, and that the carrier type 


often be changed to give the phenomenon of 


can 


thermal conversion.” The effects are rather compli- 


cated in the c: » of silicon, > and any general 


‘rules civen are subject to change: as far as we 


know, the behavior may be summarized as follows. 


| 


crystals heat-treated at low 


Virgin 


between say 300 and 600°C, almost invariably exhibit 


temperatures, 


earrier concentration changes In the direction ot 


n-type The behavio1 ol these changes in time has 


the general appearance of a ‘“‘magnetization curve,” 


ind the 


“saturation” values are dependent on the 


temperature of treatment. Fuller ef al have found 


curves which go through a maximum, then flatten off 


it a lowe! level 


At intermediate temperatures, say 
SOO the changes in carrier concentration virgin 


crystals is almost invariably toward the 


p-type; 
hanges here are very fast, and the greatest part of 
given 800°C run usually takes place 
30 min At high 


the changes are less uniform in nature 


the change in 


in perhaps 15 to temperatures 


ibove LOOO™¢ 


direction. 
for 


eithe Specimens heated 


300 o1 tens of hours will return to 


original half an hour 


We have 


carried out a large number of experiments on numerous 


then resistivity after 


heat treatment at 800°C or higher. 


crystals, and our results are substantially in agree- 


othe work the following 


The 


changes under similai 


ment with except in 


the concentration 
heat 


smaller in our 


respects: | magnitude of 


conditions of treatment 


is one order of magnitude 


crystals than in the work previously referred to. 
2) The one very slowly-rotated (3/4 r.p.m.) crystal 


which we have studied showed much greater changes 
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than any of the other (12-20 r.p.m.) crystals. (3) 
Long, low-temperature treatment followed by short, 


high-temperature treatment usually appears to 


“stabilize” our specimens at an V,-N, value nearly 


identical with the original virgin concentration. 


+) The temperature at which the greatest n-type 
changes occur is approximately 365°C in our cry stals, 
as compared with 420°C found by the Bell Labora- 
tories group. (5) High-temperature treatments do 
not necessarily permanently stabilize the resistivity, 
“stabilization”’ above 


and in fact our use of the term 


refers only to the fact that alternate 400° and 800°C 
cycling does not result in roughly identical cycling 
of Vp-N, in our crystals. 
that the detailed 


depends upon the previous heat treatment (including 


In summary, it appears 


behavior of a given specimen 
the course of cooling of the origina] crystal), the 
nature and concentration of chemical impurities, the 
method of growing the cry stal. the speed of rotation, 
the distribution in the region of the 
solid-liquid interface during the growing, and possibly 
We 
this 


temperature 


other variables. wish to possible 


of the 


will 


propose a 


mechanism for behavior and a model 


crystal which 


the 


structure of an actual silicon 


explain the main features of heat-treatment 
effects on the resistivity of silicon. 


We that, the 


crowing a_ silicon crystal by 


assume under usual condition of 
the pulling method, 
the temperature distribution in the vicinity of the 
moving solid-liquid interface is such as to bring about 
the 


into the melt and which gradually trap off or enclose 


formation of dendritic arms which reach out 


minute droplets of the melt. As the main interface 
moves along, these droplets become surrounded by 
solid crystal and are thus essentially isolated from 
the main body of the melt. If the droplets are very 
small, the actual impurity concentration within the 
enclosed liquid is much higher than in the body of 
the undisturbed melt (far from the interface), since 
the solid lattice is continually rejecting impurity 
atoms which are not able to diffuse away from the 
fast The actual 


also strongly dependent upon the degree of mixing 


interface enough. concentration is 


caused by convection in the melt, etc. Furthermore, 
the detailed 
therefore of the enclosed droplets depends upon the 


size and nature of the dendrites and 


precise degree of supercooling in the various regions 
When the 


liquid droplet freezes, the included impurities end 


of the large-scale solid-liquid interface. 


up as a small, highly impure core or inclusion which, 
we feel, is responsible for the rather complicated 
behavior of heat-treated silicon crystals. Such an 


inclusion, which will probably have an extremely 


1. A. Mamoun Acta Met. §, 117 (1957). 
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"ERS TO 
irregular shape (resembling for example, a snow-flake 
will high-resistance 
the 


lattice and will behave electrically as if it 


or possibly a clinker), present 


contact surfaces with bulk or normal crystal 


were 


separated from the bulk by a p-n junction surface. 


The inclusion then, even if it is of very low resistivity 


in its own interior, will for all practical purposes 
behave as an actual void or cavity in the silicon 
lattice, and any impurity atom contained inside the 
to the 
heat 


inclusion will contribute nothing overall 


electrical conductivity. However, upon treat- 


ment the outermost impurities in a given core need 
only to diffuse a very short distance (possibly 5 o1 
10 lattice parameters) in order to become electrically 
“dissolved” and to contribute to the electrical con- 
ductivity. It is expected that each inclusion will 
contain several chemical species of impurities, that 
these will be distributed within the inclusion in a 
very complicated and certainly non-uniform manne 
and that diffusion of these impurity atoms out of 
bulk diffusion as well as along 


the core will be by 


dislocation pipes or in extreme cases along grain 


boundaries. The composition of the liquid droplet 
may conceivably be that of a low-melting eutectic, 
so that even at temperatures a good bit below the 
there 


segregation of impurities out of the lattice into the 


silicon melting-point could be continued 
still-liquid inclusion; this situation would obviously 
further complicate the behavior of the crystal upon 
heat that the 


of inclusions could 


treatment. It is also clear 


presence 


(eutectic or otherwise) have a 
large effect on the minority-carrier lifetime and on 


the nature and density of various sorts of traps 


From the work of Chalmers and his co-workers‘?! 


that the 
either from a temperature inversion or from the so- 
called The 


graphic plane of the solid-liquid interface is pre- 


it appears formation of dendrites results 


constitutional supercooling. crystallo- 


sumably of secondary importance for the formation of 
dendrites. On the other hand, the trapping off of 
liquid droplets could conceivably result also from 


the formation of steps‘® in the interface, and these 
steps do appear to depend primarily upon crystallo- 
graphic orientation of the interface and do _ not 


work@) 


require supercooling. Recent on the nature 
of the solid-liquid interface in germanium illustrates 
the complexity of the moving boundary between 


The 


indicates that one is least likely to find step for- 


the solid and liquid phase. work of Chalmers 


mation for growth directions around [123], all other 


We the 


heat-treatment effects in a silicon erystal grown in 


conditions being the same. have studied 


this direction and have found that the changes are 


THE EDITOR 12] 


almost an order of magnitude smalle1 


crowth directions even 1 ugh the 


123 


nearly the Same as for the othe dire 


rate 


used in very 


the crowth ol 
tion 
the 


Considering the nature of the 


that 


inclusions 


several chemically different Impuritie 


type are with diffe ring diffusion 


the 


present 


and likelihood that each species possibly 


diffuse by two different means (bulk ition 


pipes) it would seem re ona . ( that the 


change in concentration ol mpurity 


would depend on the time of fixed 
temperature in an exponential manner typified by 


the following expression 


exp 


This expression can be shown to apply t 
liffusion from a spherical “inclusion” into 


Here Np IS the 
centration of donor impurity ot 


crystal; F 
the er 


surrounding medium 


the virgin is the fraction 


unity) of stal 


the 


than 


less volume 


region ot crystal which IS occupied 


droplets immediate ly atte! passage ot the 


Is tne effective concel 


liquid interface 


of the impurity in the liquid droplet; 


measured from the beginning of the iso 


treatment und Tp 1S omplicated fun 


diffusion coefticients (bulk on 


pipe the 
The ec 
the 


and 


the inclusion mneenti 


ol 


will lie between the v undistu 


distant from the inte the \ 


cent 


boundary layer adj 


be nearer the boundary 


droplets and nearer the 
the largel droplets \ 
each impurity and prob: 
bulk or pipe 

It is possible that mol 
and acceptol atoms 1n the 
kidnapping of the 
the effect of 


which 


liquid droplet 
near-compensatiol 


occurs wnel 


of carriers 


long-time anneal is followed by 


anneal as mentioned 


short-time 


graph above Rotation of the crystal 


during growth would be expected to increa 


volume fraction F’, because, as Chalmers has pointed 


toward 


On 


out,'” there may be an increasing tendency 
folding over of dendrites with increasing speed 
the hand, 


hette1 


othe increasing the speed ot rotation 


should give mixing and should therefore lead 


to smaller values of V,,“. Thus the overall tendency 


; 
of cach 
—— 
\ \ | | 
te 
n pecies mM 
| in 
3} 1d 
tin \ 
dictih ] { 
ope 
r 
ror 
T) r ( 
nigt 
the first par 
the 
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toward thermal conversion might possibly at first 
increase with rotation speed and then decrease, so 
that there would be a “‘worst”’ speed under otherwise 
fixed conditions. 

Finally, we might mention that one of the compli- 
cating factors in the study of high-temperature treat- 
ments is the formation of a thin skin on the specimens 
which under certain conditions is of the opposite 
carrier type to that of the bulk. 

It is with pleasure that we express our appreciation 
to Mr. J. D. 
structed the necessary equipment and performed a 
We also wish to 


acknowledge the very helpful discussion we have had 


Heaps of this laboratory, who con- 
great portion of our experiments. 


with Professor Bruce Chalmers. 
C. A. DOMENICALI 
Minneapolis C. H. Li 


Honeywell Regulators Company K. C. Nomura 


Hopkins, Minnesota A. STEVENSONT 
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“Pipes” produced in N-Type Germanium* 


Electrolytic jet etching” is widely used in the 
‘machining’ of germanium and other semiconductors 
for which the etching conditions are adjusted to 
If the 


not optimum, etch pits form in the polished area 


produce a polished surface. conditions are 
and may interfere in the intended use of the material. 
Presumably, at least some of these pits arise from 
the same as-yet-unknown cause as those found during 
electrolytic bath-etching of n-type germanium.” 9) 

The jet-etched pits to be described are aggregates 
of a number of smaller component pits and will be 
with the com- 


designated ‘‘aggregates,”’ in contrast 


ponents which will be designated “‘pits.”’ The etching 


Fic. 1. Triangular aggregate of etch pits produced on 


Three clusters of tubular 


y 

a (111) germanium surface. 

extend into the germanium in the three 
Magnification 500 


pits o1 “pipes” 
OOL) directions. 


was performed on n-type germanium (resistivity 
1 ohm cm) which had been first cleaned with 
The etching jet used 0.05°,, KOH 
at a pressure of 5 p.s.i. and had a diameter of 0.75 mm 


The 


was 


about 
a chemical etch. 
of 25mA (5.5 amperes/cm?). 


and a current 


customary for machining 
the 
pits. The germanium crystals were pulled in the 
111) and (001 the the 


surfaces to be etched were perpendicular to the 


intense illumination 


not used, in order to encourage formation of 


directions from melt and 
crowth direction. 
One 


commonly on a (111) surface is shown in Fig. 1. It 


type of which has been found 


aggregate 


has a triangular outline and consists of three clusters 


of long, thin tubular pits or “pipes” which have 
cross-sectioning to extend as far as 
the the 00] 


directions. The central region of this type of aggregate 


been shown by 


100 microns into material in three 


is at about the same level as the polished surface 
around the aggregate. If the three clusters of pipes 


were following three groups of crystalline imper- 


fections which existed in the crystal prior to jet 
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THE 


“pipes” 


Fic. 2. Cross-section of an aggregate of etch 
OO] 


produced on an (001) surface. The pipes in the 
cluster perpendicular to the initial surface are about 
4 microns wide at their mouths and about 90 microns 
The diamond shaped marks show where 
100 010) clusters intersect the (110) 
the Magnification 500 


long. square 


pipes of the 
of 


and 


surface cross-section. 


etching, originating in a common region and spreading 
in the (001) directions, it might be expected that in 
some cases the three clusters would be widely sepa- 
rated from each other, but this has not been observed. 


The simplest example of this triangular aggregate 


which has been observed, and which may be the 


initial stage, consists of three short grooves extending 
outward 120° apart from a common point, like the 
the center of the aggregate in Fig. 1. 
The individual (001) pipes are approximately square 
in cross-section, their sides being nearly (110) planes. 
The pipes taper slowly from their mouths to pointed 


about 3 microns 


pattern at 


ends: the size of those shown is 


at the mouths. They are considerably smaller than 
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the square 20-micron holes produced in germanium 
by drilling with a virtual cathode.“ 

A closely related type of aggregate has also been 
These 
pits formed during electrolytic-bath etching which 
Uhlir high-field 


carrier generation. 


observed on (O01) surfaces are much like the 


has suggested may result from 


The outline is somewhat square 


with (100) and (010) diagonals resulting from groups 
of parallel grooves extending in these directions from 
the the Within 
region is also a cluster of pipes extending directly 

cross 


show mn in 


this square 


center of 


direction 


into the germanium in the 


made In a plane 


such an aggregate 


to the 


section ot 


perpendiculai original surface is 


Fig. 2. 


These pipes are about 4 microns wide at the 


mouths and about 90 microns long This aggregate 


occurred near the periphery of the etched reg 
the had 


the pipes are not perpendicular to the surface 


where surface considerable curvature 


The 


diamond-shaped marks show where pipes of the (100 


or (O10) groups running just under the curved surface 
the 15 
These pipes are also approximately square and have 


intersect 110) plane of the photograph at 


(110) sides. Some of the pipes in Fig. 2 show evidence 


of a spiral structure, but its significance is not cleat 


An 


surtact 


FIG 3 
111) 


tvpe 


irregi 
Chis 
and comprist 
ind 


terraced structure 


Magnification 500 


7 
‘ 
aM 
aggregate au j 
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Another type of aggregate which has been found 
on (111) 


appearance from those already described and may 


surfaces is considerably different in 


have a different origin. These aggregates are roughly 


circular in outline and irregular in structure and 


their central region is etched more deeply than the 
outer portion. The bottom of this type comprises 
numerous small pits which penetrate only a few 
the Although they are 


of these 


microns into germanium. 


short. pits have the characteristic 
110) sides, but 
OO] 


the 


many 


pipe structure, (O01) directions, and 


the three clusters having the three directions 


are intermingled, in contrast with first type of 


aggregate described above. The aggregate in Fig. 3 


is presumably an early stage of this type, and two 
with a 


The 


chemical 


kinds of pits can be distinguished, some 


terraced structure and some with no structure. 


former resemble the pits produced by 
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etching, which are generally attributed to edge dis- 
locations. Of course, this resemblance of pits produced 
by two kinds of etching cannot be given much weight, 
especially since attempts to find a correlation between 
them have failed. 

The writer is indebted to Miss Inge Kolterer for 
calling his attention to the pipes and to Dr. R. 
Bakish 


of the metallographic work. 


who carried out, with her assistance, much 


J. J. OBERLY 


Sprague Electric Co. 
North Adams. Mass. 
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THE EFFECT OF COMPOSITION ON THE STORED ENERGY OF COLD WORK 
AND THE DEFORMATION BEHAVIOR OF GOLD-SILVER ALLOYS* 


P. GREENFIELDti and M. B. BEVER 


The energy stored in chips formed by drilling at room temperature and at 
for five gold silver alloy sin the composition range from 35 to 9S atom per ce 
varies with composition by a factor of nearly 5 at room temperature and b 
stored energy also varies with the temperature of deformation and, after 
mately two to five times as large as after working at room t« mperature 
deformation is larger at the lower temperature, and increases with increa 


Only about 1% of this energy is stored. 


L°;EFFET DE LA COMPOSITION SUR L°’ENERGIE EMMAGASINEE LORS 
L°>ECROUISSAGE ET LE COMPORTEMENT A LA DEFORMATION DES 
ALLIAGES OR-ARGENT 


L’énergie emmagasinée dans des copeaux recueillis per forage a 
a été déterminée pour cing alliages or-argent de la gamme 35-98° 

Cette énergie varie avec la composition: du simple au quintuple a la température ordin: 
a —195°C. Elle varie également avec la température de déformation et est approximative 
a cing fois plus grande a 195°C qu’a la température ordinaire. L’énergie dépensée lors de la défor1 
est plus importante a la température la plus basse et elle s’accroit avec la concentration en solut« 


pourcent seulement de cette énergie est retenue. 


DER EINFLUSS DER ZUSAMMENSETZUNG AUF DIE BEI KALTBEARBEITUNG 
GESPEICHERTE ENERGIE UND DAS VERFORMUNGSVERHALTEN VON 
GOLD-SILBER-LEGIERUNGEN 
An fiinf Gold-Silber-Legierungen im Konzentrationsgebiet zwischen 35 und 98 At 
bei Raumtemperatur bzw. bei 195°C hergestellten Bohrspainen gespeicherte Energie bestimmt. Di 
gespeicherte Energie variiert mit der Zusammensetzung und zwar bei Raumte mperatul um annahernd 
einen Faktor 5, bei 195°C um etwa einen Faktor 3. Sie andert sich auch mit der Verformungs 


bis 5 mal so gross als nac 


temperatur und ist nach Kaltbearbeitung bei 195°C naherungsweise 2 } 
Bearbeitung bei Raumtemperatur. Die gesamte Verformungsarbeit ist bei der tieferen Temperatut 
groésser und nimmt mit wachsender Konzentration der Zulegierung zu. Nur etwa 1°, dieser Arbeit wir 


gespeichert. 


INTRODUCTION stored energ\ during the annealing of brass of vari 


hint 
nut te 


Measurements of the energy stored during cold zine contents and of other allovs of coppel 
working have been made on various metals and alloys. his results can be compared with each oth 
In general, the results are not comparable, however, different degrees of torsion had been applied t 
because of differences in the methods of cold working — specimens. He also determined th pete ae 
and also in the precision of the methods of measuring energy stored by these allovs and reported t 
the stored energy. Knowledge of the dependence of ageleut the work of torsion 
the stored energy on the nature of the metal is an increase in zine content 
limited, therefore, and little is known about the  jnerease in the ratio of the 
effect of change in composition. In particular, no Quinney and Taylor® 
extensive work has been done to investigate the difference between coppel 
effect of composition on the energy stored by alloys Clarebrough et al eal 
representing a wide composition range within a analyzed impurities in copper 
single-phase region. affected the rate of evolutio 


annealing, but h 


Sato™ investigated the rate of evolution of the  qdyrin 


* This investigation was sponsored by the US Atomik amount These investigators 


Energy Commission under Contract AT(30-1) L002. Received results with the larger amoui 
Feburary 15. 1956: in revised form May 21, 1956 

+ Department of Metallurgy, Massachusetts Institut 
Technology. : to contain about 0.6 ot impuriti 
English Electric Co., Ltd., Whet , 


/. attributed this difference 


measured by Taylor and Quinne 


* Present address: The 


stone, Leicestershire. 
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In a later investi- 
that 


im- 


to the difference in composition. 


gation, Clarebrough et al. observed again 
the energy stored in copper containing 0.45%, 
purities was greater than the energy stored in copper 
of higher purity. 
evolution of the stored energy was different for the 
two grades of copper. 

In the cold-silver alloys 
per cent Au 
at 195°C 


and at room temperature, and the energy stored in the 


present investigation, 


containing from 35.4 to 98.2 atomic 


were drilled under controlled conditions 
chips was determined. The energies expended during 


deformation were also measured. Tensile tests were 


made at both temperatures. 


EXPERIMENTAL PROCEDURES 
The 


prepared by drilling at 


Cold working cold-worked samples were 
195°C under liquid nitrogen 
and at room temperature under carbon tetrachloride 
or water by a procedure described in detail previ- 
ously.{®) The total energy expended in the drilling 
operation was found from the torque, which was 
measured by a strain-ring assembly. 

The stored-energy values were deter- 


the heat effect 


Calorimetry. 


the difference between 


produced by the addition of a worked sample to a 


mined as 
bath of tin and the effect produced by an annealed 
standard. The accuracy of the method required that 
these heat effects were small. This condition resulted 
if the heat evolved on dissolution of a sample balanced 
the heat absorbed in raising it to the temperature of 
the tin. 

As in previous work,‘®: gold-silver alloys were 
used, but in this investigation the compositions were 
varied over a wide range. Thermal compensation for a 


given composition can be attained only over definite 


temperature intervals. The temperature from which 
the sample s were added was fixed by the temperature 
195 for 


to standardize the conditions of 


of the working process at one set of 


samples; in order 


measurement, the samples worked at room tempera- 


ture were also added from —195°C. The temperature 


of the bath ranged from 232°C, the melting-point of tin, 


to about 350°C, considered the upper limit for satis- 


factory operation. Changing the bath temperature, 


therefore, could not give full thermal compensation 
about 62 to 


except in the composition range from 


about 83 atomic per cent Au. 

To extend the composition limits for determining 
the stored energy, the experimental procedure was 
modified. A pure metal which, upon dissolution in 
tin, had a heat effect opposite in sign to the effect of 
the 


the alloy specimen, was included as part of 
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addition to the bath. If the relative amounts were 
suitably chosen, the heat effect of the combined 
addition could be reduced to a minimum. Gold, which 
is exothermic upon dissolution in tin, could be used to 
produce thermal compensation with those silver- 
rich alloys which dissolved in tin with insufficient 
heat 
dissolution in tin, could be used with alloys evolving an 
heat. 
pensating element were added with the annealed and 


evolution. Silver, which is endothermic upon 


excess of When equal quantities of the com- 
the cold-worked additions, uncertainties in the values 
of the heats of solution of gold and silver and thei 
specific heats had little effect on the stored-energy 
measurements. The compensating additions for a set 
annealed samples were weighed 


of worked and 


against each other; their weights differed by less 
than 1 mg. 

In all runs in which an element was added with the 
alloy specimen, differences in the solution rate inter- 
fered the of the 


thermal balance. These differences could be minimized 


with prompt attainment desired 
by operating at the highest possible temperature, and 
all runs in which compensating additions were made 
were carried out at 350°C. The proportion of the 
compensating addition to the alloy specimen was | 
part of silver to 6.25 parts of alloy for the 98.2 atomic 
per cent Au specimen, and | part of gold to 0.35 parts 


of alloy for the 35.4 per cent Au specimens. The latter 


proportion was considered the limit compatible with 


the desired accuracy, and alloys of lower gold content 
were not investigated. The amount of gold required 
for compensation increased more rapidly than that of 

the contribution of the 
reduced by the heat required to raise it to the tem- 
perature of the bath, while the silver was effective both 


silver, because gold was 


through the sensible heat requirement and the heat of 
the center of the 
and 83.0 


solution. The three alloys in 


containing 62.1, 72.2, 


composition range, 
atomic per cent Au, did not require compensating 
additions. 

The technique of transferring the samples to the 
calorimeter, the calorimetric procedure, and_ the 
methods of calculation have been described.‘® 

Tensile tests. 195°C 


and at room temperature with small strip specimens of 


Tensile tests were made at 


each of the compositions examined calorimetrically by 


a procedure previously described.‘ 
RESULTS 


The 


energy stored, /,,, at room temperature and at 


EXPERIMENTAL 
the 
195°C 
are listed in Tables 1 and 2. They are plotted against 


Fig 1. The 


Stored energy measure ments. values of 


composition in data for the alloys 
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TABLE 1. Energy relations in cold working gold-silver alloys of various con 


Calorimetric Composition, Stored energy E 
run No. at. % Au cal/gram-aton 


~ 6) 


6640 


TABLE 2. Energy relations in cold working gold-silver alloy 


Calorimetric Composition, Stored energy E 
run No. at. % 1 cal/gram-atom 


177 


Ls] 


143 
144 
165 
104 19,580 
10] y By 206 17,400 
106 17,400 
87 SLO 
92 


94 


l 
L7.810 


S107 


184 35. 22 19,730 
189 20.900 
19] 


* Average for run No. 87, 92 


Weight °%% Au containing 62.1 and 72.2 atomic pet y 
80 20 60  ., been reported previously in different contexts 


O 


Energy ¢ pe nded during drilli 
energy expended during the di 


included in Tables 1 and 2 


figure reported is the average 


oO 
O 


uncertainty of at least 10° 


cal/gram- atom 


the expended energy. The ta 
of the stored to the expended energ 


as percentages. 
Tensile tests. Figs. 2 and 3 show the tru 


true strain curves at room temperature 


“+ Room temperature for all compositions investigated cal 


Stored energy 


The curves for two of the alloys have 


3 40 30 Tho energy stored 


alloys cold worked at two temperaturs 
Composition, atomic ‘eo Au a function of composition 


Cal/gram-aton 
164 98.2 17 | 0.3] 
ISS 98,2 26 0.39 
142 83.0 55 
167 $3.0 15 
112 72.2 93 
113 12.2 76 
114 93 R790 
156 12.2 94 
116 72.2 86 
40 62.1 87 
tla 62.1 82 S740 0.94 
190 35.4 LO] Q7TRO 1.03 
19] 35.4 87 
Mee = of various compositions at — 195% 
cal/gram-ator 
| 98.2 113 12.280 0.92 
| 98.2 88 
1.18 
1.19 
1.3 
1.39 
= 62.1 240 1.35 
1). 490) 
90 
Some values of t 
240 + 4 > + 4 ne opel tio re 
-~195“C 
, is likely for all values of 
“=, 
O | tl 
rimetrically 
40 
already bee 
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._ 2. True stress-true strain curves for various gold-silve1 


allovs at room temperature. 


Temperatu 


Fic. 3 strain curves for various gold-silve1 


at 195°C. 


True stress-true 


The 


maximum stress, since necking prevented measurement 


reported. curves were not carried to 
of true stress beyond this point. A possible size effect 
resulting from the small thickness of the specimens 
should be kept in mind in considering the absolute 


values of the stress. 


DISCUSSION 
The 


depends appreciably on 


General. energy stored by gold-silver alloys 


composition and at both 
increases with decreasing 


temperatures of working 


sold content in the range from 98 to about 50 atomic 


The 


owing to 


per cent Au. data for lower gold contents are 


limited experimental difficulties already 
mentioned, but it is very probable that the stored 
energy goes through a maximum near the equi-atomic 
composition. At 195°C, the energy stored increases 
from approximately 100 cal/gram-atom at the gold- 


rich end to a probable maximum of approximately 
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250 cal/gram-atom. The corresponding figures for 
working at room temperature are 20 and 100 eal/gram- 
The effect 
energy is, therefore, relatively larger at room temper- 


atom. of composition on the stored 


ature. 

The energy expended in forming chips by drilling 
increases with decreasing gold content of the alloys at 
both temperatures. Because the data are limited in 


extent and accuracy, it has not been established 
that the energy expended reaches a maximum at the 
equi-atomic composition. The energy expended at the 
temperature of liquid nitrogen is approximately 
twice as large as at room temperature. 

The the 
expended in the working process is of the order of 1°, 
195°C. The only 
the 


room 


ratio of the stored energy to energy 
both at room temperature and at 


exceptions are the lower ratios found with 


specimens containing 98.2%, Au worked at 
temperature. In earlier work with the 62.1 atomic per 
cent Au alloy, the ratio of the stored to the expended 
energy was determined as a function of the strain. 
When this ratio had fallen to 1.3°% in rolling’®) and to 
cutting,“" the 


approached saturation. 


0.7°, in orthogonal stored energy 
In the present investigation, 
the ratio 


many instances 


the measured values of 
It is concluded that the values of the stored 
for all 


saturation. 


never 


u 


exceeded and in were much 
lower. 
energy compositions represent essentially 

Tnte rpre tation of results. The main findings of this 
investigation are the marked composition-dependence 
of the stored energy and the effect of temperature on 
this dependence. For an interpretation, possible 
correlations of these findings with other observations 
must be tested. In particular, the composition 
dependence of the strength and of the energy expended 
should be compared with the behavior of the stored 


The 


dependence of these quantities 


energy. manner in which the composition- 


varies with tem- 


also be terms of the 


perature may significant. In 
mechanism of the storing of energy, the destruction of 
short-range order, the role of vacancies at low tem- 
perature, elastic energy, the generation of subgrain 
boundaries, and the effect of imperfections generally 
should be considered. 

Earlier investigators have found that the strength 
properties of gold-silver alloys at room temperature go 
maximum the 
The 
shown in Figs. 2 and 3 for the alloys investigated in 
the 


through a near equi-atomic com- 


true stress-true strain curves. 


present work, indicate an increase in strength 


with decreasing gold content in the gold-rich allovs at 


195°C. 


room temperature and at The curves are 
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Fic. 4. 
silver alloys and the 


The energy stored in cold-worked sample s ot g 


energy due to 50°, destruction 


short order. 


range 


also compatible with the existence of maxima of the 
strength properties near the equi-atomic composition 
The strength properties may be analysed by comparing 
the true stress at a given strain for the various alloys 
Such an analysis shows that the difference of the 
strength properties at room temperature and 195°C 
is relatively smaller and varies less with composition 
than the difference in the energy stored at the two 
temperatures, which is markedly composition-depen- 
dent, as can be seen from Fig. 4. Any simple connec- 
tion between the mechanical strength and the stored 
energy at either temperature is thus precluded. 
Expressed as functions of composition, the stored 
energy and the energy expended increase parallel to 
other. 


each The effect of temperature on the two 


sets of energy values differs, however: the energy 


expended changes by a factor of approximately 


hetween room temperature and 195°C for all 


compositions, while the factor for the stored energy is 
considerably larger and varies with composition. 
No simple relation between the stored and expended 
energy can thus be assumed. 


Warren?) 


range order exists in gold-silver alloys. 


that short- 


The short 


Norman and have shown 


range order parameter varies with composition and 
has been measured in alloys containing 25, 50, and 


62.1 atomic per cent Au as —0.05, —0.08, and —0.06 


respectively.(: 1°) Severe deformation by filing a 
62.1 per cent Au alloy reduced the short-range order 
parameter by about 50°. Drilling may be assumed 
to reduce the parameter by approximately the same 
amount as filing. It is significant in this connection 
that the energies stored in filing and drilling at room 


temperature are almost equal. 


STORED ENERGY 


associated with changes in 


The 


range ordet 


theory 16) Fig. 


energy 


may be calculated by the quasi-cn 


t shows the effect due to a destruction 


of short-range order of 50 as a tunction ol compo 


sition (Changes in short-range order of different 


amounts would have proportional energy effects 


These calculations show that the dependence of the 
only 


stored energy on composition can be attributed 


ordel 


in small part to the destruction of short-rang¢ 


change of th 


A considerable portion of the tored 


energy with composition must therefore be associated 


with other mechanisms. It should further be noted in 


Fig. 4 that the portion of the stored energy 


not attributable to short-range order destruction is 


itself composition-dependent and goes through a 


maximum near 50 atomic per cent 


difference in tl 


Fig t also shows that the 


stored it 195 Cand at room temperature \y 


composition and has a maximum n 


atomic composition. A recent investigatio 


evolution of the energy stored by the 72.2 atomi per 


195°C’ and it roon 


cent Au alloy cold-worked at 
temperature suggests that part of the difference in 


the energy stored at these t mperatures Is attributable 


to vacancies formed at the low temperature 


It is not known whether the number of vacanci 


resulting from low-temperature deformation and the 
energy associated with their formation depend o1 
composition 


The 


energy 


contributions of the various mecha 


storage may be sumn 
The destruction of short range order « 
oft the di 


most for only a small part 


energy stored by vold-silvei 


compositions. The role of \ 
restricted to low temperatures 
was shown previously t 
gible fraction oft the energ 
alloy Since these mecl 
the total amount of energ 
balance must be 

bution of imperfections 
previous investigation h 
energy stored during 

at room temperaturt 
sub-boundaries. 

the stored energy found i 

an effect of solute atoms on the 

An efttect of solu 


energy Ol sub 


subgrain structure 
inherent interfacial 


possible, but it is more that the 


probable 
subgrains formed during deformation depend 


composition of the alloys 
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GROWTH OF ZINC WHISKERS* 


R. V. COLEMAN? and G. W. SEARS 


A study has been made of the growth of zinc whiskers b 
presence of an inert gas. Whiskers of much greater length 
gas than by vacuum deposition. The whisker diameters dir 
The whisker-growth process was strongly affected by sm 
growth behavior was consistent with, although not necessarily 


dislocations in large zinc crystals. 


LA CROISSANCES DES “BARBES” DE 


optenues pal 


Les auteurs ont fait une étude de la croissance de barbes de zin« 
d'une phase pure en présence d’un gaz inerte. 

Des barbes de plus grande longueur one en effet été obtenues en présence 
dépot sous vide. Leurs diamétres diminuent lorsque croit la pression du 
croissance est fortement modifié par la présence de petit quantités din 
Le mode de croissance est compatible avec une croissance ce naritique 


dans de grands cristaux de zinc, mais cette interprétation n'est pas necessairement uniqi 


WACHSTUM VON ZINK-WHISKERS 


Die Verfasser haben eine Untersuchung iiber das Wachsen von Zink-Whiskers bei Abs« 


reinen Phase aus dem Dampf in Anwesenheit eines inerten Gases durchgefiihrt. In A: 


Fremdgases wurden wesentlich langere Whisker erhalten als bei der Abscheidung 
Mit zunehmendem Druck des inerten Gases wurden die Quers« ittsabmessungen d 
kleiner. Durch geringe Verunreinigungen mit aktiven Gasen wurde des Whis 
stark beeinflusst. Es zeigte sich, dass die Wachstumsvorgiange 

in ausgedehnten Zink-Kristallen ausgehenden dentrischen Wacl 


nicht notwendigerweise dafiir typisch sind. 


The mechanism of whisker growth from a single For copper halide reductions 


component vapor phase has been satisfactorily that whisker growth does indeed proc 


explained": *) by the postulate that a parent whisker However, the complexity of the proce 
nucleus bears a single screw dislocation. Whisker other mechanisms of whisker gro 
growth occurs from such a nucleus at supersaturations and even predominate 

insufficient to cause a sensible rate of two-dimensional It has been shown that whisk 


nucleation. It has been reported®) that there is a usually occurs on previously deposited 


critical supersaturation above which crystalline has been postulated that 


whiskers do not grow and below which they do dislocations on their own 
The observed critical values are in agreement with of diffusive transport 
calculated supersaturations for a sensible rate of growth sites. It is the 
two-dimensional nucleation. tigation to study 
Recently the growth of a variety of metal onthe whisker-growt!l 
whiskers": ®, ® by hydrogen reduction of metal 
halides has been reported. In several systems it 


has been shown that the reduction process occurred EXPERIMENTAI 


in part in the vapor phase. It has been postulated The crystal growth vessels 
12 in. long 


that whisker crowth occurs by vapor-phase reduction in diameter and 
followed by deposition from the resultant super- distilled sample of 
saturated metal vapor by the dislocation mechanism. the inert gas 
as measured at 


* Received May 25, 1956. 
+ Department of Physics, Univ. of Virginia, Charlottes 

ville, Va. experiment, silve 
* General Electric Research Laboratory, Schenectady, 

New York. 
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ments, cadmium 


tube 


ht lin the 1 for 
ished it} nereasing nT 
inique to, adenarit 1 
gaz u Li cle 
puret¢ eu 
heidung der 

nl 
ned at the tip 
| 

trst 
( r ) 
pUurpost ti 
eTTe T i? ti 
proce ere 
ire phast re 

; 

( I ex l 

Che tube nt 

ZAI na nvyarogel | 
essures ral tro! i 
was used Instead ol n I one 
r was distilled in rused l t 


RGICA, 


‘he vessels were prepared for the growth experi- 
ments by the following procedure. The metal sample 
of a series of three distillation 


seal-off 


was sealed into the first 


chambers. which were connected by con- 


strictions The final chamber led through a seal-off 


constriction to the growth vessel. which in turn was 


La constriction to an all-glass vacuum system. 


The svstem was evacuated to about 5 LO-® mm 


and the growth vessel and final two distillation 


chambers were torched or baked prior to the first 


distillation The distillations uried out at 


were 
about 475°C. The zine vapor reacted with the Pyrex 


at 550°C, and was seriously contaminated 
halt Ol 

zinc purchased from New Jersey 
vas distilled. The 


while the residue has 


vesse! 


t distillation about 5-g sample 
1 99.999 
distillate was 


very dirty 
first chamber was sealed off 
front of the 
About half 


d into the third chamber. 


he system was again torched in 
distillation chamber containing the zine 
of the zine was then distill 
was sealed off and discarded. 


the third 


secona ch umbet 


ind the 


The growth vessel was then torched and 


distillation was performed to give about | g of triply 
distillation chambet 
The 
the 


final was 


zinc. The 


and discarded. 


distilled 


sealed off orowth vessel Was 


flushed 


sealed off 


foreign gas and was 


The 


Be fore sealing off, 


three with 


times 


under the desired pressure. vessel 


evacuated between flushings. 
he zine was distilled entirely to one end of the tube. 


the initial distillation both residue and 


ll but 


remained bright 


» crowth vessel was then placed na evlindrical 


ice having the desired temperature gradient 


was distilled to the 
placed in 


the 


the zinc 


er section of the tube and 


other experiments 
a gradient. 
temperature at center of a 
ic baking procedure was carried 
24 hours 


is carried out at an 


In this experiment the 


ion-gauge 


is used throughout. In some 


instances hydrogen was used from the building tap 


and in other experiments tank hvdrogen was used. 


RESULTS 


Whiske) 


Zine whiskers were found to grow at all pressures 


of foreign gas from 10 to 600mm Hg. At pressures 


less than 10 mm Hg of foreign gas a large amount 


of massive zine deposited in the cool ends of the 


VOL 


Max 


Press. length Population 


mm Hg mm 


l None 
LO 10 min 
LO 63 hrs 

LOO é 15-5 hrs : Large 
LOO y 16 hrs Large 
500 15 hrs § Large 
600 18 hrs Li 


Sparse 


Sparse 


irge 
population 
of very fine 
whiskers 


growth vessel, but no whiskers were observed. 


Whiskers grew in largest numbers and greatest length 


from the melting-point to 80°C below the melting- 


point. In almost all cases a ring was observed in 


the chamber, bounded by solidified droplets on one 


Whiskers 


quantities up to 4in. from 


side and whiskers and platelets on the other. 
were observed in large 
the ring. A representative sample of experimental 
conditions and results is given in Table lL. 

Whiskers form at two types of sites—from deposited 
zine crystals and from the glass or fused-quartz 
Under the 


as long as 17 mm were grown from the zine substrate. 


substrate. cleanest conditions, whiskers 


Such whiskers appeared to be uniform in cross- 
section over their entire length and were of the order 
The diameter diminished as 


For 600 mm of 


of 1-3 uw in diameter. 


the foreign-gas pressure increased. 


hydrogen the diameter was estimated at a few 


tenths micron by comparing whisker stiffness under 


its own weight with a whisker of 2-3u diameter. 


One 
support 
the 


such whisker grew vertically, was unable to 


itself, bent elastically, and grew back to 


wall. All 


single 


container whiskers which nucleated 


on glass with a 


exception thickened after 


reaching a length of about 1mm. The exceptional 


whisker was surrounded at its base by a tight circle 
of massive crystals. 

Many examples were observed in which whiskers 
of a 


cone associated 


grew from their own substrate by formation 


Fig. | 


zine whisker is shown. 


the growth 
The 
») 


whisker is shown in Fig. 2. 


growth cone. In 
with a base cone of a 


cadmium Cones were 
only observed at the base of short whiskers. It is 
presumed that the short whiskers are newly formed, 


so that the growth cone has not been overgrown. 


Bush growth 
In the cooler ends of the tube the vapor is deposited 


in a form that is called bush growth. An example 


is seen in Fig. 3. The deposit resembles tiny wisps 
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TABLE | 
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He 

H, 
In th 
a 
bright and clean, eee 

The residue in the 
In 
| 
final distillatior 
press f mm Hg 
Tank heliun 


COLEMAN anp } ZINC WHISKERS 


. Growth cone zinc whisker. 


ot steel wool Alw Vs 


wer any whiskers whi 
end I were straight 
millimeters of their lei 
most prevalent 
helium nd | 

ot bush grow 

schedul 


between the amotl 


le neth ot \ hiske I 


hnhassive Crys 


GENERALITY OF OBSERVATIONS 
Silver and cadmiun 
same general procedure 
zinc whiskers. Whi 


hether hydrogen or hel 


YIELD STRENGTH* 


A single zine whisker \ tested 


cross-section 


2. Growth cone cadmium whisker. 
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and the largest diagonal measured on a sectioned 


The whisker broke at a stress 
the 


modulus for 


whisker was 2.3 mu. 


of 56,000 p.s.i., neglecting decrease in cross- 


section with strain. Young’s zine” 


parallel to the c-axis is 5.0 10° p.s.i. The calculated 


strain at the breaking stress was 1.1%. 


DISCUSSION 


In order to account for the observation that metal 
whiskers formed by vapor-phase reduction of metal 
halides grow from previously deposited metal, it 
has been proposed that whiskers could grow from 
the the 


It was postulated that 


screw dislocations on metal substrate in 


presence of a foreign gas. 
the tip of a dislocation growth cone advanced more 
rapidly in the axial direction of the screw dislocation, 
since diffusion of the depositing metal vapor to the 
apex of the cone was more rapid than diffusion to 
the base of a growth cone. This particular dendritic 
growth produced a tapered cone terminated by a 
whisker. 

zine whisker 


the base of a 


originating from a massive zinc crystal is shown 


A tapered cone at 
in Fig. 1. A growth cone has never been observed 
at the base of a whisker which has nucleated on the 
glass substrate. This is in accord with the proposal’ 
that whiskers grow from crystallites on a_ glass 
surface which present the end of a screw dislocation. 
Since the base crystal can overgrow the conic base 
of a whisker, growth cones should only be observed 
for short whiskers, and such was the case. 

The present observations demonstrated unequivoc- 
ably that whiskers were formed on massive crystals 
after the growth of the massive crystals. For low 


ras pressures (p < 10 mm) and a fixed temperature 


observed. As 
the 


sradient. whisker formation was not 


the foreign-gas pressure decreases, mean free 


path of depositing metal atoms increases and preferen- 


tial growth at the cone-tip ceases. Although there 


would still be small variations in the impingement 


rate per unit area between the tip and base of a 


cone, surface diffusion over the growing crystals 


would be expecte d to erase these variations. 


AXIAL GROWTH RATE 


The rate 1 for a whisker growing 


from its own vapor“? by effusive transport is given by 


axial crowth 


(P M 
| 


(1) 

r 
where 7 is the whisker radius, P is the pressure of 
depositing vapor, P, is the equilibrium vapor pressure 


of the condensed phase, p is the density of condensed 
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phase, R is the molar-gas constant, and 7’ is the 
absolute temperature. The growth rate was derived 
subject to the assumption that metal atoms strike 
the sides of a whisker, are adsorbed, and migrate to 
the advancing end, where atoms are incorporated 
into the crystal. The approximation was made for 
mercury whiskers that Ay > r, since the whisker 
The 


radii of 


radii were only 100 A. zine whiskers of the 


present investigation have about 1 uw, so 


the preceding assumption is invalid. The corrected 


form of equation (1) is written 


i= (1 (? 


/ 


1/2 


M 
(2) 


If the reasonable approximation is made that 2. ~ ’, 
the rate of whisker growth is only triple the rate of 
advance of a plane surface. 

Whiskers were frequently a thousand times longer 
than the parent substrate thickness. The abnormal 
final 
must be accounted for by diffusion of condensing 
Although the 
diffusion currents in 


growth rates deduced from whisker lengths 


con- 


the 


vapor through the gas phase. 
centration gradients and 
tubular growth vessel are unknown, it is informative 
to substitute an idealized model for the growth of 
a single whisker. 

Let the whisker having a radius 7 and a cross- 
sectional area 77* be surrounded by a large volume 
of inert gas having a partial pressure P of depositing 
Let the 
that the 


stationary with respect to the diffusing vapor. If 


vapor. whisker be moved along its own 


axis so advancing whisker-end remains 
D is the diffusion constant for the vapor in the inert 


gas, the mean diffusion path for time ¢ is given by 
(3) 
and the volume rate V of vapor deposition is given by 
V = 47/7) (4) 
derivative of 2. Combining 


the time 


equations (3) and (4), it is written that 


where 4 is 


V 5.82 (5) 


The idealized rate of axial growth, /;, or the velocity 
the 
axis to keep its growing tip fixed is given by 


with which whisker must be moved along its 


P P,.)M 271 2 


— (6) 
rpRI 


Two conditions must immediately be imposed on 
The whisker tip advances as growth 
the 


equation (6). 


proceeds and the value of A cannot exceed 
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AND 


radius of the growth tube. By geometrical construc- 
tion it can be shown that the relation between growth 
rate 1 of 


/; of a whisker whose tip is stationary is as follows: 


a stationary whisker and growth rate 


if A>i, then / 


and if -2 then 

The second condition places an upper limit on a 
whisker growing by spherical vapor diffusion, since 
the value of 2 cannot exceed the radius of the tube. 
Equation (6) is modified to give the upper limit of 
the idealized growth rate, /,, 


as 


4.1(P — P,)MR,D 


ro RT 


where #, is the tube radius. 

It 
rates of growth under experimental conditions. The 
Po) 


whiskers 


is now informative to calculate the attainable 


unmeasureable quantity (P is estimated 


follows. Since many zinc have grown 
without overgrowth, it is assumed that the surround- 
ing atmosphere is not sufficiently supersaturated to 
cause two-dimensional nucleation. The vapor pressure 
of zine at 405°C is 100 uw and the supersaturation 
ratio for two-dimensioanl nucleation is approximately 
The P 400 

The remaining numerical values WV — 65 ¢, R 
D 0.1] 1(10) 10-4 p 


and iy 


(3) 


5. is made 


estimation 


OM, 


em? sec cm, g/em?, 


680°K are introduced into eqn. (8) to give 


3 cm/sec 


The rate calculated for the growth of a whisker by 


effusive transport is estimated numerically from 


equation (1) as 


3 cm/sec 


ly 10 


These 


parative growth rates are sufficient to account for 


under the same supersaturation level. com- 


the enhanced growth rate of whiskers in the present 


experiments. 


IMPLICATIONS TO GROWTH OF 
REDUCTION WHISKERS 


HALIDE 


receding 


It should be emphasized that the | con- 
siderations are insufficient to explain the high growth 
of 


srowth 


rates observed for whiskers grown reduction 


(4) 


by 


Brenner has observed a 


at 


halides. 
of 
Solving equation (8) numerically 


metal 


whiskers 670°C 
i 


dynes/em* would be 


rate 3 u/sec for copper 


for is 
found a pressure p 


required to account for the observed growth rate for 


> 


ZINC WHISKERS 


the idealized model This corresponds to a 


ot 3 LO? 


supersaturation, 


super 
rhe 


rate 


of 
fo! 


of two-dimensional nucleation can be 


saturation ratio 


critical an appreciable 
calculated fron 


the equation 


pkRT? | 


In & 


n BIN 


where @ i the surface 


5 
Fo 


s the interplana1 distance, 
the 


LOO 


is molecular constant, 


energy, k 
l and N 


planes a 


Is 


sec is the nucleation rate/em? 
ratio 


ite | 


type supersaturation 1S 


sufficient to give a nucleation 1 nuclei 


cm? sec, 


Since many whiskers were observed which 


by two-dimensional nucleation 


the 


not overgrown 


suggested that reduction process occurs 
heterogeneities, i. 
This 
sufficiently high rate of copper transfer in 
of the 


mechanism 


ably at certain steps 


copper surface mechanism would 


copper-halide by diffusion 


vapol 
the 


Vap 


without existence of a sufficient! 


T 


high supersaturation of copper vapor to cau 


nucleation Reduction would not 


the 


dimensional 


catalysed by whisker walls, since they wi 


present no crowth step 
It should finally be the heteroge1 


noted that 


reduction process would predict that whiske 


should exhibit an optimum temperature 1 


h suy 


high temperatures the reduction wou 
gas phase \ 


would be at 


geneously in the 
of 


they 


nl 


metal vapor tained nd 


formed, would immediately thick 


dimensional nucleation to form short 


No 


pe ratures the 


very fine whiskers could gro\ 


reduction pro 


even het rogeneously 
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almost certain, caused by diffusion of active gases 


from the hot zone to the cool zone. The evidence is 


not decisive to whether whiskers formed and 


as 
were crumpled by partial oxidation or whether the 
whisker-growth was disordered 


postulated process 


by adsorption of active gases. It would appear that 
the small amount of contaminant involved and the 
| ot 


derangement 


arge bush growth would be more con- 


amount 


sistent with a of the growth process 


by strongly adsorbed Vases. 


CONCLUSIONS 


The growth of whiskers by deposition of a pure 
| 

vapor phase may be modified by the presence of an 

sreater length 


The 


with, although not 


inert gas to vield whiskers of much 


than observed in the absence of a foreign 


gas. 
erowth behaviour was consistent 


necessarily unique to, a proposed model of dendritic 


crowth at screw dislocation sites. 


The axial growth rate of these whiskers may be 


satisfactorily explained by a diffusion mechanism 


it supersaturations insufficient to cause two- 
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this 


by 


The 
mechanism growth whiskers 
halide that, that 


vapor transfer to the growing tip occurs via the 


nucleation. of 
to 


reduction 


application 
of 
in 


dimensional 
axial rate 
suggests process, 
halide molecule and that the reduction occurs hetero- 
geneously at the growth step on the whisker-tip. 

which has been tested in 
of 1:15 


1000-fold the elastic limit of ordinary zine crystals. 


A single zine whisker 


tension broke at a strain ‘. which is about 
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THE CRYSTALLOGRAPHY OF MARTENSITE TRANSFORMATIONS—IV 
BODY-CENTRED CUBIC TO ORTHORHOMBIC TRANSFORMATIONS* 


J. K. MACKENZIEt 


The theory developed in parts I and IT is applied to transformations of 


cubic to orthorhombic. Two classes ( 


{lll or {110}, the final structure is twinned. 


all the available experimental data for the 


the hypothesis that the inhomogeneous shear is a part of a 


been further substantiated. 

The reported twinning plane for the 
formation belongs to class B but some o } ! 
with this hypothesis. 

LA 


CRISTALLOGRAPHIE DES 


La théorie développée dans les précédents articles (I et II) 
structure du systéme cubique centré au systeéme orthorhombique 


(A, B) d’une telle transformation selon que le 
finale. 


de 


structure 


directions déformation homogeéene sont en 


existantes pour les transformations de Cu,Al, AuCd et Ti 
que le cisaillement inhomogéne est une partie du cisaillement de maclage de 

Le plan de macle proposé pour la transformation 
transformation appartient a la classe B mais certains résultats expérimentaux ne se! 


cette hy pothése. 


DIE KRISTALLOGRAPHIE 
UMWANDLUNGEN 


Diein den Teilen lund II entwickelte Theorie wird auf 


in die orthorhombische Struktur angewandat. 


Umwandlungstyps, je nachdem ob die Endphase entlang det 


ist. Die theoretischen Voraussagen iiber die 


transformations in Cu,Al, 


,-transtorn 


laining a 


TRANSFORMATIONS 
TRANSFORMATIONS DU SYSTEME CUBIQUE 


maclage se 
Les prévisions théoriques des plans dhabitat, des relations d’orient 


accord 


MARTENSITISCHER 
KUBISCH-INNENZENTRIERT 


Es ergeben sich zwei 


Habitusebenen. 


and J. S. BOWLES 


structul 


\, B) of this general type arise depending on 
The 


relationships and directions of the homogeneous strain ar 


theoretical predictions of h: 
in satl 
Au Cd, and 


twinning shear in the 


found to be 


vation in Ti 


vailable 


MARTENSITIQUES—IV\ 


CENTRE AU SYSTEME ORTHORHOMBIQUI 


est appliqués aux transtormations ae 


On montre qu il existe de c classe 


L1LO de la 


et ies 


produit sur les plans {111 
tior 


Ainsi, on peut confirmer 
] 


satisfaisant données 


classe A). 


avec 
la structure finale 


$33\, dans lalliage Ti-11°, Mo suggér 


iblent | 


UMWANDLUNGEN—I\ 
IN ORTHORHOMBISCH 


nvon der kubiscl enzentrierter 
Klassen (A, B 
oder det 110 


Orientierungsbezie 


mwandlunge 
allge I 
11] 

die 


tichtungen der homogenen Verzerrung stehen in befriedigender Ubereinstimmung 1 


experimentellen Daten iiber die Umwandlungen in Cu,Al, 


Richtigkeit der Hypothese, dass die inhomogene 
Endstruktur ist, weiter bestatigt. 

Die beobachtete Zwillingsebene fiir die {443} p 
zahit. Jedoch sind 


Umwandlung zur Klasse B 


dieser Auffassung nicht im Einklang. 


1, INTRODUCTION 
In this paper the geometrical theory of martensite 
transformations which was developed in parts I and 
IT§7.2) will be applied to transformations of structure 


from body-centred cubic to orthorhombic and _ its 


predictions of habit planes, orientation relationships 


* Received March 3, 1956. 
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§ These papers will be referred to as I and II, 
for part III.‘ Appendices, entitled 
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of Computing Routine,” and larger 
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Scherung 


einige 


AuCd, und Ti (Klasse A So1 


Zwillingss 


em 


Umwandlung in 


anders Ve 


and other vceometrical features wi 
the available experimental ( 
und I] 


ements 


The phenomenological theory devel 


pea 1n 


aims at describing the tota atomic dl 


Spiac 


ror ced ) nartensite transtormations but ho 
roduced by martensit f t t t 


necessarily the motions of the itoms during 


formation. It has been shown that the total 


displacements can be described consisten 
oft a 


invariant pla 


homogeneous strain which is composed 


ne strain on the habit plane and a small 
dilatation, 6 —1, followed by an inhomogeneous shea 
which produces on further obs 
This 


volumes and it was proposed that within such 1 


ry ible ( h unge ll shape 


shear can only be hi mogeneous within small 


olumes 


it is part of a twinning shear in the final lattice. It has 


I pod entred 
to! greement vit! 
Ti (class A). Thus 
-11°/, Mo suggests that this trar 
ex perimental dat nconsistent 
cette 
nd d 
em Teil ciner in d 
Ti-11% Mo lasst vermuten, dass 
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that these conditions, together with a 


knowledge of the correspondence between the two 


been shown 
lattices, their relative dimensions, and the twinning 
plane involved, are sufficient to determine the total 
strain in terms of a single parameter, 4, and, further, 
that the resolution of this total strain into component 
strains of the required type is uniquely determined. 
[In IIL) the theory was successfully applied to trans- 
formations from f.c. cubic to b.c. tetragonal structures. 

Since parts I, IT, and III of this series were written 
several papers have appeared on the crystallography 
1,5,6,7) and recently all 


of structural transformations' 


these theories have been reviewed by Bilby and 


Christian.'*) The only theory in a state of development 
comparable with the present theory is that due to 
Wechsler, Read. the 


theory of the present authors has been developed more 


Lieberman, and However. 
rigorously and with much greater generality. Although 
the detailed calculations are carried out differently in 
the two theories they are essentially equivalent. as is 
clear from I and II. The is that 
Wechsler, Lieberman, and Read do not allow for the 


pr ssibility of the dilatation 0 


main difference 
| accompanying the 
homogeneous strain and can therefore only obtain 
agreement with experiment in cases where 0 is unity. 
Thus, they were unable‘® to obtain the good agree- 
ment obtained in III for the (225) ,.-transformation 
in iron-carbon alloys. 

silby and Christian agree that it is probable that 
some distortion of the habit plane occurs, but point 


out that there is no a priori reason for assuming it to 
be uniform in all directions. While the present authors 
agree in principle, it should be noted that in I-§4 they 


did not assume the distortion to be uniform in all 


directions: they showed that this was a logical conse- 
quence of the experimental observation that no line in 
the habit plane is rotated by the homogeneous strain. 

As was pointed out in I, no phenomenological 
unalysis based solely on the initial and final states can 
define the detailed atomic motions involved in a 
only overall atomic displacements 


the 


transformation 
can determined. thereby specifying what 
mechanism must achieve. It seems certain that the 
srowth mechanism in martensitic transformations will 
involve the motion of dislocations. but little progress 
has been made towards the development of a satis- 
factory model."’;®) However, Bilby’® has shown that 
an invariant plane strain can be produced by the 
passage of a set of dislocations through a crystal. Thus, 
the resolution of the invariant line strain into two 
component invariant plane strains suggests that at 
least two sets of dislocations would be involved in a 


dislocation mechanism. One set would be needed to 


VOL. 5, 1957 

accomplish the homogeneous strain whilst the other 
set would have some connection with twinning in the 
final structure. These dislocations might propagate 
either in some sequence or simultaneously. 

The notation used in this paper is the same as that 
used in preceding parts. Sections 2 and 3 deal with the 
determination of the correspondence, the principal 
axes, the twinning plane and the twinning direction. 
The correspondence is the same for all transformations 
considered and there are two possible classes of trans- 
formation, A or B, depending on which of two possible 
In $4 


the important variables of the theory are defined and 


twinning planes {111}, or {110}, is operative. 


the labelling of the four possible solutions with the 
The habit 


predicted for the two classes of transformation are 


same principal axes is given. planes 


given in Figs. 3 and 4. The remaining sections are 
devoted to detailed comparisons between the pre- 
dictions of the theory and the available experimental 
results for the transformations in Cu,Al, Au Cd, Ti and 
in titanium alloys. The transformations in Cu,Al, 
Au Cd and Ti belong to class A and the theory predicts 
all the known geometrical properties of these trans- 
formations. In the case of the {443},,-transformation 
in Ti-11°,, Mo, the reported twinning plane appears to 
require that the transformation belongs to class B. 
However, this hypothesis is inconsistent with some of 
the data available for this transformation. 

The general conclusion of the paper is that the 
theory is not incompatible with the available 
experimental data, and the present results, together 
those of III, go far 
generality of the theory put forward in I and II. 


with towards establishing the 


2. THE CORRESPONDENCE AND THE 
PRINCIPAL AXES 
For all the transformations to be considered in the 
present paper the orientation relationship is approxi- 
mately of the (OO1),//(O11) [110], 
[111},,.49 412.13) This particular variant will be con- 


type and 


sidered throughout and it will be assumed that the 
correspondence between the b.c.c. and orthorhombic 
lattices is 


(BCo) (oCB) 


where the bases B and o define b.c.c. and orthorhombic 


cells respectively. The corresponding metrics are 


B*GpB) (diag: a*, a2) and (o*Go) (diag: 


yo-a’*), where a is the 
c’ the lattice 


(diag: a’, y,?a’, 
lattice parameter of the b.c.c. cell, a’, b’, 
parameters and y,, 7, the axial ratios of the ortho- 
rhombic cell. For the transformations in Ti and Cu,Al 


| 

= = 
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where the final structure is h.e.p. the orthorhombic 
cell is taken to be the usual orthohexagonal cell, so 
that y,? 3 and y, y is the usual axial ratio; this 
makes 6’ the longest axis, and in order to unify the 
theory this convention will be adhered to when dealing 
with the transformation in Au Cd: this is, of course, 
at variance with the usual conventions for labelling the 
axes of orthorhombic cells. The matrices for trans- 
forming from orthohexagonal to the usual four index 
symbols was given in Appendix I. 

The selection of the appropriate correspondence is of 
vital importance to the validity of the subsequent 


theoretical predictions and the above selection will 


now be made plausible by reference to the transforma- 
tions in Cu,Al and Au Cd. In these transformations 
where an ordered (b.c.c.) structure is transformed into 
an ordered (orthorhombic) structure, the requirement 
that the correspondence be consistent with the initial 
and final superlattices, together with the use of an 
approximate orientation relationship between the two 
structures seems to determine the correspondence 


1 in the plane (LOO)g 
uniquely. 

In Fig. 1 the full lines outline the orthorhombic cell cell of ordered y’-Cu,Al, the positions of the atoms 
of ordered /’-Au Cd, the positions of the atoms being — being approximately ee given by Kurdjumow."5 
approximately those given by Bystrom and Almin.“® — For simplicity the cells are drawn as face-centred, the 
In Fig. 2 the full lines outline half* the orthorhombic — actual cells being derived from those drawn 

displacements of the atoms LU X,Y, in the ce 
in the direction [O10 9. Half a b.c.c 
Ol] 


111], has been drawn in dotted lin 


orientation relationship (OO] n 

and 2. (The cell has been 

the diagrams.) It is 

atoms are drawn in posi 

cell, which agree with the 

and /,-Cu,Al deter 

Wassermann"” respectiv 
Thus Figs. 1 and 2 are di 

approximate orientation relation p al he initia 

and final superlattices. ‘J 


columns of the correspond: 


lattice vectors in the 


the three orthorhombi X rresponadence 


can be read from Figs. | or 2 ! lately 


of Au Cd this correspondence 
by Chang.“® For other ti 
Fic. 1. The orthorhombic cell of ordered §’-Au Cd (full in Ti, where there is 1 O supe! 


lines) together with half a b.c.c. ce ll (dotted lines) in roughly it is assumed that the 
the correct orientation relationship. The axes of referenc 


cor! 


validit’ ssun 
also; the validity of this assumption 


justified a posteriori by the agreement 


; predictions of the theory and experiment 
* The other half of the cell consists of the reflexion in the oi Pe . 

plane (100)0 of the cell in Fig. 2. It is easily verified that th lhe correspondence 2.1) isalso consisten 
use of only the drawn half of the cell does not affect the final pieces of information. The observed twint 
results; it is just the orthohexagonal cell of the disordered 


sitiamealialenils the final structure is generated from a plane 
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symmetry as required by the theory of part II-§7 (see 
the Further, the 


rhombic cell degenerates to f.c.c. the cor respondence is 


following section). when ortho- 


the same as that used in part ITI. 

One experimental observation can be discussed 
immediately, namely, the stacking faults produced in 
the final structure during the transformation under 
stress in Li.“* *® It is clear from the above discussion 
of Figs. 1 and 2 that the correspondence remains 
in the central plane 
the 


structure 


unchanged if atoms at 2x,y,} 


suffer displacements which need not be same 


from cell to cell. Thus plates of f.c.c. 
which are at least a few lattice spacings thick may, 
and apparently sometimes do, form within the h.c.p. 


structure. Thus while the theory cannot predict the 


presence of faults there is nothing inconsistent with 


their presence. 

The principal axes and the associated principal 
strains are determined, as described in II-§4, by the 
correspondence and the metrics of the two bases B 
and o. However, it is clear from (2.1) that the 
mutually orthogonal directions [100],, [O11],, [O11], 
correspond to the mutually orthogonal directions 
100],, [O10],. [001], The 


therefore consists of unit vectors in the direction of the 


respectively. basis P 


former set so that 


(PTB) 


The elements of the diagonal matrix M, representing 
the strain, referred to the basis P, which extends the 
base vectors P to their final lengths without rotation, 
are simply the ratios of the final to the initial identity 
periods along the principal axes. Thus 


M2 a’ la)? L, 


(diag: 


TWINNING PLANE AND 


DIRECTION 


3. THE 


10) martensite 


Greninger' has observed twinned 
plates in Cu,Al and has shown that the operative 
twinning plane is {1011}. Examination of his orienta- 
tion relationship shows that for the variant considered 
in this paper | L101) (7i)), and this plane is gene- 
rated from (110),. For the transformation in Au Cd 
Wechsle 
that the martensite plates are twinned on a plane 
generated from (110) ,. On the other hand, Weinig and 
Machlin“® have reported that in a Ti-11°,, Mo alloy 


plates parallel] to (443 fp have sub-bands which are the 


Lieberman. and Read@® have also shown 


traces of the usual mechanical twinning plane (0112) 


(O11),, which is generated from (001),,. Thus there 


would appear to be two classes of transformation, A 


} 
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and B, in which the final twinning plane is generated 
from (110), and (001), respectively. 

For both classes the twinning plane is generated 
from a plane of reflexion symmetry so that in accor- 
dance with the theory of I1-§7 the twins are generated 
That the 


any other 


by equivalent correspondences. corre- 


spondence (2.1) does not lead to non- 
equivalent classes of transformation in which twins 
are generated with equivalent correspondences can be 
seen as follows. The only planes of reflexion symmetry 
of a b.c.c. lattice are {1 LO}, and , LOO fp. Now (1 10) p, 
(110),,, (LOL), (101), correspond to the four {111}, 
planes and it is easily shown that the choice of any one 
of these four possibilities simply leads to variants of 
the same transformation. Again (010), and (001), 
correspond to (O11), and (O11),, respectively, and one 
choice leads to a variant of the other. The remaining 
planes of reflexion symmetry (100),, (O11), and 
(002),, and (020),, 
Now it is 


(O11) p, correspond to (LO0),. ) 
respectively, and so are principal planes. 
easily shown that if (and only if) the twinning plane is 
generated from a principal plane, then the twinning 
direction calculated in accordance with the theory of 
[I-§7 is indeterminate. Thus, the remaining possibili- 
ties can be neglected. 
The twinning directions for the two classes can now 
For class A where (110), 
the 
direction 
For class B 


the twinning 


be determined (II-7.9). 
(111), 
the 


corresponds to twinning direction is 
| 2( 2 ay 


Y1 
where (001), 


direction is 


generated from 


9 9 9 9 
2 
(Oll), 
generated from [010] 


The intermediate basis I introduced in II-§6 was 


corresponds to 


defined so that the base vectors i, and i, were unit 
vectors in the respective directions from which the 
twinning plane and direction were generated. Thus, for 
class B the bases t and B are identical. For class A the 
twinning direction is variable and depends on 7, 7». 
It simplifies the initial part of the calculations some- 
what if the basis I is chosen so that [B: i,] = [001], 
[110] parallel 


i,] = [110],/\/2 and [B; ig] 


to the normal to the plane from which the twinning 


plane is generated. Thus for class A 


(B TI) 


and for class B 

(BT1) (3.2) 
A computing routine for class A transformations is 
given in Appendix If. The new choice of the basis 1 
requires the theory of part IL to be revised in a 


slightly more general form. 


J 
0 Oc 
0 If/r/2 l/4/2) 
(0 1/4 2) (3.1) 
0 0 
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4. THE INVARIANT LINE STRAIN 

The invariant line strain S that is obtained from the 
total strain S, by removing a suitable dilatation 1/6 is 
calculated in II-§§6, 9 and is expressed ultimately in 


terms of the elements g,. of the matrix 


G M?2(PT1), (4.1) 


where the unknown dilitation d—1 is the only adjust- 
able parameter in the theory. However, as in IIT-§4, 


the most convenient parameter is 


f) Oa’ la. (4.2) 


The calculation of the invariant line strain S need 
not be described at this stage (see Appendix II). 
However, some explanation is needed concerning the 
number of non-equivalent solutions and their labelling. 

The general theory of part II gives four solutions, 
all with the same principal axes, two angular variables 
z and ™ being allowed to take two values indepen- 
dently. The angle @ is the angle between the initial 
and final positions of the twinning plane. In any 
particular case the theory 
cos @ and hence two values of @ opposite in sign. 
The solution with sin @ positive will be labelled 


and the other one « 


that @ should be fairly small. The angle « is the angle 


between i, and the invariant line and its value is deter- 
mined by the equation II-6.10 which can be rearranged 
The this 


equation found by taking the positive square root in 


as a quadratic* in tan «. solution of 
the usual formula will be labelled « 
solution « 
will be taken as positive and when tan « is negative, 
sin « will be taken as negative and cos x as positive.t 

In part II-§8 it was shown that if the («-+-, @-+-)- 
solution leads to one orientation of the final structure 
then the («%—+-, «#—)-solution leads to the twin orienta- 
tion of a variant; the variants in question are related 
by a rotation of 180° about the normal to the sym- 


metry plane from which the twinning plane is 


generated, i.e. (110), for class A transformations and 
(O01), for class B. 

For class A transformations the two possible values 
of « give two distinct solutions and usually only one 
of these occurs in any particular alloy. On the othe: 


hand, for class B transformations the two values of x 


are merely opposite in sign and lead to solutions which 


* The coefficient of tan® « 1s Joo 

+ This convention has the minor disadvantage tha 
a discontinuity in the habit 
% 90°. Clearly this discontinuity 
ficance and it is found that at 
continuity join 
-solutions and similarly for the « 


plane versus §* curve when 
has no physical signi 
such an apparent break of 
continuously with 


(a—,@ -solutions. 


MARTENSITE 


gives a unique value of 


physical considerations dictate 


and the other 


When tan « is positive, sin « and cos « 


is 2 


TRANSFORMATIONS 


are simply variants of one another related 


rotation of 180 about 100], 


5. THE HABIT PLANI 


of the habit plane with @? fo1 


In Fig. 3 the variation 


3 and y* 


a stereographic projection for class 


2.40 (0.05) 2.60 and 2% is shown on 


\ transformations 


110), 


The curves are symmetrical about the lin 


using this 


(OO] and can be complet d 


If a habit plane on Olt sid ol thi | he corre Sp Mas 


an @ -solution the habit plane obtained bv refi 


in the line corresponds to an @ solution 

DD’ near (001), divides the projection into twe 
such that habit planes in the upper left hand 
the 
remaining habit plane Ss correspond to 


habit 


figure correspond to ¢ solutions 


92 decreases, the plane for the 

returns very rapidly indeed to (110), 
For class B transformations the variation of habit 

plane with ( is given on the lower half of the stereo 


for 3 and 


graphic projection shown in Fig V1 


y* 2.2, 2.4, 2.6. The habit 


spond to the (x an) )-solution 


plane Ss 1n 
The 


corresponding to the -solution are 


simply by reflecting Fig. 4 in the equator 


projection while the habit planes corresponding 


«---solutions are derived by rotation through | 


about the normal to the plane of the projection 


is to be noted that the habit plane curves do 1 


much with y*, all habit planes being approxin 


either (kkk), or (hk k)p: the main variation 
to the variation in The uppet 


the variation of the directior 


strain for the solutio 


6. BETA COPPER-ALUMINII ALLOYS 


10 


Greninge! has made 
crystallography of the tran 
the beta copper-aluminium 
12.4 wt 


25 


pel cent 
cooling the b.c.¢ 


a 2.94 A 


ot two ph ise ch inges accorall 


shown in Fig 


the alloy. For aluminium conte 


it transforms to a phase and for 


than 13.2 wt.°, it 


greatel 
intermediate 


The 
but both are 


composition ra 
ocecul structures of 


roughly hexa 


Kaminsky and Kurdjumow 
(Fig. 2) 
from the 


and (OLLO 


Isaitschew. 


and ordered whil differs fro 


norm 


aitters 


between the planes 


14] 
mn 
thie 
\ 
Fig corre 
t planes 
lt 
} 
U 
= = 
) 
mini ; 
net ol LO 
l A J 


end point of 


2 


4 

4 
4 


variation of 
the curves : 100 times the relevant values of 6? 


esponding 


l n 
’ about 


1 radius 


plane with 6? and y? for class A 


Sin y/(n cos and centre at //(n cos yw). mi(n COs 


For reading the diagrams the inverse relations are easily 
computed from , j 


l 2/(1 l r(1 n). 
The seale factor can be determined from the 


- 
fi}. 
101] projects into the point with coordinates 
2 1, 0 and [111] into the point 3(V/3 1), 3 1). 
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L 


Fig. 4. Stereographic projection showing the variation 


the habit plane with 6? and y? for class B transformations 
with v1" 3. The direction of the 
o shown. 


homogeneous strain is 


by about 1 Greninger®® gives | 1° and 0-+-1 


for these two angles. Further, Greninger finds that an 


alloy containing 13.6 wt.°, Al is h.c.p. with a’ 
2.606 A 
14.7 wt.°, Al gives an X-ray pattern in which many 


lines (but not the basal reflexion) are doublets. 


and y = 1.619 while an alloy containing 


The present section will be mainly concerned with 
the 6, —> y’ transformation. Greninger has shown that 
y’-plates are twinned on {1011} so that the transforma- 


tion belongs to class A (§3). Further, for the variant 


MARTENSITE 


TRANSFORMATIONS 


plane 


considered in this papel the habit plane l in the 


ne ighbourhood of (212 7 and so the predicted Variation 


of the habit plane in this neighbourhood has been 


plotted in Fig. 5 lor y 1.62 and y,* 3.0 and 


3.1. These curves arise from the (x a) ution 


Examination of Greninger’s observed 


piahes 


indicates clearly that the habit planes lie significantly 


away from the (111),—(101), boundary and this is 


confirmed by a statistical analy sis following Fisher 21 
of the 


plotted In lig » 


Accordingly, two variants mean of Greninge 


observed habit planes are 
variants lie close to the curve fo1 ,* 3 (h.c.p.) but 
unfortunately it is not possible to distinguish which is 


9 


correct. Since (a /a)* 0.79 in the present case either 
possibility will lead to a valu 
unity. 

Greninger gives the orientati: 
B,) as the basal plane O00] 
(O11), and the close-packed di 
1120 110],, para 

strain (BSB 


with 0.79, 


twins 


invariant line 


matrix 


0.071074 0.077725 


O.SS4280. 


0.06302 1. 1.050364 O.025S855 


0.063857. 9006 1.050766 


The orientation relationship spe: 
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Fic. 6. Pre ntation y’-Cu,Al 
obtained } 1.62. The 
upper diagram shows the position of the basal plane (0001) 

OOl)o, while the lower shows the 


1120 
tion. 


relationship for 


solution with y 


irom the 


position of the common 


lose-packed direction both are portions 


ft a stereographic 


roe 
] 


shown in Fig. 6 and is clearly in good agreement with 
that determined by Greninger. Greninger also states 
(A,) occupies about twice the 


that one orientation 


volume of its twin (A,). Assuming that y,” 3 and 
0:79 the (a—. 


29 of 


)-solution (i.e. a twin orientation) involves a 


)-solution (i.e. A,) involves a 
fraction the twinning shear while the 
(x 
fraction 0.78. Thus the predicted ratio of volumes is 
the relief 


homogeneous component of the 


No measurements have been made on 


due to the 
The 


0.79 


effects 


strain. homogeneous strain for y,° 


| 


and the «—-solution is given by 


(BP,B) | mdp’, 


d 0.80653, 0.26830, —0.52680] » (6.3) 


p’ (0.66977. 0.54889, 0.65550) p, (6.4) 


represent unit vectors parallel to the direction of the 
strain and to the normal to the habit plane respectively, 
0.14701. 


and m (6.5) 
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Some of Greninger’s results for the /,—> y’ trans- 


formation obtained from alloys containing 
14.7 wt.°, Al and therefore the final structure might 
3). Provided the 
effects of 


h.e.p. structure can be 


were 


not have been exactly h.e.p. (y,? 


final structure remains orthorhombic the 
deviations from a_ perfect 
studied within the framework of the present analysis. 
According to Greninger the splitting of the (1010) and 
(1011) lines in the 14.7°; 


their d values and for an orthorhombic structure with 


alloy corresponds to 1°) of 


1.62 this implies that |y,” 3) ~ 0.1. For such 
I 

a structure the habit plane would be expected to lie 

near one of the curves for oe 3.1 or y,' 2.9 in 


| 


Fig. 5. This is not so but it is clear from Fig. 3 that a 


small change (0.02) in y would resolve this difficulty. 
Fig. 6 shows that the orientation relationship would 
remain substantially unaltered. 

It is clear that in spite of the slight uncertainty con- 
cerning the structure of y’ the theoretical predictions 
are in good agreement with the experimental results. 
On the other hand, because of the uncertainty of the 


structure of /" no predictions can be made with any 


confidence and the following remarks concerning this 
Within 


the bounds of the present paper there appear to be two 


transformation must be treated with reserve. 


possibilities for this transformation: (a) the trans- 


formation corresponds to a class A (x—, m-—-)-solution 
corresponds to a class A « 


as for -y’ but with different parameters or (5) it 
The p’ 


formation could not belong to class B for this would be 


solution. trans- 
inconsistent with Greninger’s observed relationship 
between the habit plane and the basal plane. For the 
same reason if ()) is the case it must correspond to an 


(x+-, w+) solution (see Fig. 7). 


In Fig. 5 the dotted lines are lines of constant cell 


volume. Thus, as y,” decreases from 3 the habit plane 
moves roughly parallel to the (111) ,—(101) , boundary 
towards the habit plane for /’. Thus, if (a) be the case, 
p’ must have a structure with y,? about 2.8, a com- 


paratively large deviation from y,? = 3. Further, the 


Fic. 7. Variation of the habit planes predicted by % ~@ 
solutions with 1.62. The habit 


planes for 
y’- and f’-Cu,Al are marked for comparison. 


observed 


| 
|” 
4 
=29 
/ 
| 
] 
3.0, ne) 
62) 
where Oe e Be 
111 
ge 


MACKENZIE ann BOWLES: MARTENSITE TRANSFORMATIONS 


basal plane would not be more than about 1° from 
(O11), (Fig. 6) whereas the measured angle is 4 

In Fig. 7, the variation of habit plane for the (« 
m-+-)-solution is shown for = 3 and y,? = 2.9. 
Thus, if (0) be the case, the structure of #’ would have 
y,° close to 3. Further, the basal plane is then about 
33° from (O11),, moving approximately in the direc- 
tion indicated by Greninger’s experimental results. 

Thus the balance of evidence favours possibility (0). 
[f this be so both «+ and «—-solutions are physically 
relevant but for different composition ranges. For a 
given alloy usually only one solution is physically 
relevant and presumably the issue can be decided by 


considering the free energy changes involved. 


7. GOLD-CADMIUM 


The transformation in Au Cd is from an ordered 
b.c.c. lattice with a CsCl structure to an ordered 


orthorhombic structure (Fig. 1) and the relevant 


parameters are y,” Vo" 2.2820 and (a’/a)? 


0.90074. Following the work of Chang.“® and of 


variation with 
Chang and Read“! the most accurate measurements parameters appropriate 

j ed plane and directi 
on this transformation were made _ recently by 
Lieberman, Wechsler, and Read.“ These authors to the experimental error 
direction give the a 


show that the final orthorhombic lattice is twinned on P vives the proj 


a plane generated from (110), and so the transforma- plan 


tion belongs to class A. ‘1 
A roughly equivalent forms by Chang”® and by Chang 
For the variant used in the present paper the habit ; ; 
and Read.“ In Fig. 9 the predicted orientation 
plane corresponding to the orientation derived from lati hip 
relationship 1S giveh and may be compared with 
Lieberman, Wechsler, and Read’s 7’, is approximately 


observation: (001 roughly parallel to (O11 


(313),,. The predicted variation of the habit plane in ~ is 
110],, parallel to [111],. There is agreement 
this neighbourhood is shown in Fig. 8 and corresponds , . 
the rather large limits of the variously stated 
to an the « solutions apparently 
mental determinations 
do not correspond to a physically realizable trans- 
formation. The measured habit plane is also plotted on 
plane Fig. 8 and is surrounded by a circle of radius 2 
corresponding to the experimental error. There is 
clearly very good agreement between theory and 
experiment. The value of 0 will be very close indeed 
to unity, and for this reason the theoretical predictions 
of the present theory will be identical with those made 
by Lieberman, Wechsler, and Read.“ 

Fig. 8 also shows the predicted variation of the 
direction of the homogeneous strain (curve A) and 
its projection onto the habit plane (curve P). The 
measured projected direction, surrounded by a circle 
of radius 2°, is also plotted and again there is excellent 
agreement with the theory with the same value of (° 
used to obtain agreement with the observed habit 


plane. The measured value of the shearing component 
hetween theor m 


of the homogeneous strain was 0.051 while the Wechsler and Read 
predicted value for 0.901 is 0.057. me 
ae re converted into t 
The orientation relationship is given in different but formation [x 
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For completeness the following explicit data is 
The (BSs) the 
)-solution and (7 0.900 is given by the 


included. invariant line strain for 
(a—, W 
matrix 

0.947820, 0.031153, 


1.023494, 


O.OL2S8S86. 


0.031249 
0.007421 


1.023546 


0.028488. 


O.O28730. 


The associated homogeneous strain is given by 
with 


0.78467, —0.18634, 0.59125] p, 


(0.68973, 0.22708, 0.68754) p, 


0.05792, 


while the fraction k of the twinning shear is 


k 0.27745. 

8. PURE TITANIUM 
The transformation in titanium is one from b.c.c. 
p-Ti to h.c.p. x-Ti and the relevant parameters are 
Williams, 


Barrett"? have determined the habit plane and the 


1.590, (a’/a)* 0.8082. Cahn, and 


relative orientation of different variants of the trans- 
formation: this effectively defines the orientation 
The 


variant of the habit plane is associated with a particu- 


relationship. problem of discovering which 
ar variant of the orientation relationship was not 
completely solved but their results reduce the number 


No the 


structure has been recorded so the transformation may 


of possibilities to fow twinning of final 


belong to either class. Approximate agreement can be 
obtained between theoretical prediction and observa- 
tion if the transformation is regarded as belonging to 
eithe 


class 


This arises essentially because in either 
‘ase only very small fraction of the twinning shear 
is involved and hence the total strain during trans- 


formation is close to an invariant plane strain. 


However, it will be shown that much better agreement 


between theory and experiment is obtained by 
assuming that the transformation be longs to class A. 

Williams, Cahn, and Barrett have demonstrated that 
the habit plane makes an angle of approximately S7 
with that {110}, plane which is transformed into the 
basal plane. Accordingly, 


of the 


in Fig. 10, the four variants 
that fulfil this 
have been plotted together with the 


experimental habit plane 
requirement 


curves showing the predicted variation of the habit 


plane with 4° for a class A transformation. The per- 


missible variants of the experimental habit plane lie 
close to the curves corresponding to the (a+. )- 


and (a—, w-—-)-solutions. 
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Fic. 10. Stereographic projection showing the predicted 
variation of the habit plane with 6? for y 
class A transformation in pure Ti. 
variants of the observed habit plane are also plotted 


1.59 and y,? 3 


appropriate to a Four 


The proximity of the experimental habit plane 
variants to two of the predicted curves means that the 
theory predicts two different transformations, either of 
which would give agreement with the observed habit 
planes. It turns out that the (%—+-, m-+-)-solution gives 
best agreement with the other experimental data. The 
(a—, m-—-)-solution leads to an orientation relationship 
very similar to that found in Cu,Al and markedly 
different from that in titanium. 

In selecting the value of 6? which gives best agree- 
ment with the experimental habit plane a further 
complication arises from the fact that twe variants of 
the habit plane lie close to the predicted curve at 
different values of 92. This behaviour is regarded as 
coincidental and only one of the indicated values, 
(j2 0.797, leads to agreement with experiment. For 
0.797, 
small (I-84). 


0.993 and the dilatation is suitably 


The appropriate invariant line strain 


D2) a 
(6.2) / 8 
/ Pa xX 
5 
/ 
| N 
| 
\ \ 
4 Q 
\ 
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AND 


(BSB) for 
matrix 


the (x )-solution is given by the 


0.052123, 
1.047140, 
0.047539, 


0.889844. 0.070862 
0.041629, 


0.058718. 


0.038761 
1.046399, 


the 
obtained by 


the 


orientation 


comparing predicted 
that 


Williams, Cahn, and Barrett the orientations relative 


For purpose of 


relationship with 
to the basis B of the basal plane (0001), and of the 
planes {1120}, have been computed. The predicted 
orientation relationship arising from the (#+, w--)- 
0.797 is the points 


solution for 6? shown by 


labelled | 


») 


amy OD, 


in Fig. 11: three other variants labelled 


4 are also shown. For these four variants the 
basal planes are all nearly parallel while the azimuthal 
positions of the {1120} planes differ as illustrated. 
The three {1120} planes are just (100),, (130), and 


(130), and correspond to (100) ,, (233), and (233), 


respectively. The positions of the planes (130),, and 


(130), are denoted on Fig. 11 by @ and respectively, 


and the azimuthal difference between the latter planes 


Stereographic showing four variants 
3. 4 of the predicted orientation relationship for a class A 
Habit 


1120 


projection 
transformation in pure Ti and an (%-+, @ solution 
planes O, planes (O00l)o and 


planes (100)o » (130)0 @. (130)0 


basal variants of 


MARTE 


TRANSFORMAT 


NSITE 


raBLE 1. Comparison of 


pure 
pu 


Angle between 
l -2@ 
Measured 
Angle bet 


in different variants was determined experimentally 
by Williams, Cahn, and Barrett. Since the vy have not 
distinguished between pairs of variants such as | and 
3 the angle to be 
either of the angles | ~4@ OO 
Both angles have 
Table | 


e determined by Williams. Cahn. and 


compared with the experiment il 
value could hye 
- 2@ 


results are 


been calculated and the 
given in 

The other ang 
Barrett was the angle between the basal planes of two 
innot 


variants. Again the two variants in question 


be identified unambiguously; the predicted angle to 
be compared with the experimental value could be 


Table |] e Fig. 11] 


experime nt 1s 


either of those given in 


agreement between theory and 
satisfactory when 797 


Table 1 
11120} 


how the 


also indicates 
planes in variants changes with (° 
that the « xperimental data preclude thi 

value of (7 0.786 suggested by Fig. 10 
the m--)-solution gives 
of 9° and the two poles 2@ 

other side of (111 


the experimental] 


ne 


aetermimed pos 
Also, treating the transformatio1 
B gives the 


t 


same result 
transformation to 
797 1s uniquel 
orientation relationship 

The other measurement 
and Barrett relate to the pi 
strain which accompanies thie 
rise to the 


opserved sul 


lane stra 


invariant p 


fy" 0.797 is given by (6 


.41612, 0.4981] 


0.76074 


0.73007, $4924, 0.51496 
LSOS9 


The inhomogeneous shear is found to be 0.07680 


tital il tht pservea 
(8.1) 
3.20 16 50 
3 2.39 1.61 1.37 
l—2 2.14 1.51 1.29 
Measured 
# (100), 
4 
+ 
( 
1° 3 ,Habit planes Furt 
| 
>, 6 ear 
4 B </4 B 
9° 3X1 
| 
1 
14 V 
as / 
413 
ef predicted 
2) wher 
S-4 
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mentioned 


twinning shear and as before the twin 
orientation is not expected to appear and indeed was 
not observed by Williams, Cahn, and Barrett. 

From the observation that very weak relief effects 
are produced on surfaces parallel to (L101), and (O11) », 
Williams, Cahn, and Barrett conclude that these planes 
are only rotated through small angles by the invariant 
plane strain and so the direction of this strain is, to a 
L11|,, of these 


The agreement between this estimate and that 


first approximation, the intersection, 
planes. 
predicted in (8.2) must be regarded as satisfactory 
since the predicted rotations by the invariant plane 
strain of (101), and (O11), are only 0.91° and 0.61 

respectively. A more serious discrepancy occurs with 
the magnitude of the invariant plane strain; for the 
observed tilting of surfaces parallel to (101), is only 
Williams, Cahn, 


ind Barrett have suggested that the discrepancy is 


3-5 while the predicted angle is 9 


probably to be attributed to the extensive accommo- 
dation slip required when large volumes of the parent 


crystal transform into a single family of plates. 


However, according to Bilby and Christian, in later 


work by Williams‘'**) a few plates were found with the 


tilt of 9° predicted by the theory. 


9. TITANIUM ALLOYS 


Owing to the conflicting nature of the data available 


for titanium alloys, no satisfactory interpretation of 


the crystallography of the transformations can be 
given at the present time. 

Liu and Margolin‘*# have reported the existence of 
two types of habit plane in Ti-Mn alloys and Weinig 
and Machlin“? 
in Ti-Mo alloys 
344 


been made, the first habit plane presumably corre- 


find the same two types of habit plane 


The two habit planes are {334}, and 


and, although no detailed observations have 
transformation similar to that in 


sponds to a pure 


titanium with the {8 9 12}, habit. On the other hand, 
Weinig and Machlin"® have made a detailed analysis 
of the transformation under compression in Ti-l1% 
Mo with the 
markings on the plates with the Od fp habit corre- 


habit. They have shown that 


spond to traces of the usual mechanical twinning 


plane {0112} This plane is generated from a {O01 } 


plane and so it would appear that the transformation 


plates determine a plane whose pole 
elr Fig. 1 at about (921)pR and 

heir orientation relationship the 
1012 


inge in indexing 


elr plotted point is whose pole 
20 1 1)B. 
iter the conclusion that the 
lass B 
eported resul are 
iss A transforn 


from the 


Sucha ct 
transitormation might 


inconsistent \ requirements 
1ation even though 
plotted pole at 12 1 for 


nerated from a {310 


plane 1s 
away 


LIO1! plane is B plane. 
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belongs to class B, and Fig. 4 shows that this might be 
so, 4? being about 0.90. 

Using Weinig and Machlin’s orientation relationship 
the indices of their habit plane become (443), for the 
variant of class B transformations considered in this 
paper, and this is inconsistent with the theoretical 
predictions that the magnitudes of the y and z com- 
ponents of the habit plane are nearly equal. Further, 
from the parameters quoted by Weinig and Machlin 


for the final structure y? 2.2 and (a’/a)? 


0.82 so 
that 6 would differ considerably from unity. 
with Machlin 


that in 


However, in. disagreement and 
Weinig’s Liu(??) 


examined the habit plane is roughly 90 


all Cases 
from that 


{110}, plane which is transformed into the basal plane: 


results, reports 


the same relation was found by Williams, Cahn, and 
Barrett for the {334} , transformation in pure titanium. 
Liu does not report any twinning of the plates and so 
his {443}, transformation might belong to either class 
A or class B. 


about 0.90 and 6 may differ considerably from unity. 


In either case with y* 2.2. 7? must be 


Liu also reports two quite different orientation 


relationships, one is similar to that given by Weinig 
and Machlin while in the other the basal plane is 14 
from a {110},. Further, for the composition range 
12-14°,, Mo he reports a new (possibly intermediate) 
) which is b.c.t. with a’ = 3.35A and 
cla’ 1.29. 


If the transformation does belong to class A it could 


phase 7 


(Fig. 3) correspond to an x—-solution and, as in the 


case of Cu,Al, both «-+-- and «—-solutions would be 


physically realizable for appropriate composition 
ranges. However, there are other possibilities and, in 
view of the conflicting nature of the experimental 
observations, it does not seem profitable to pursue the 


matter further at present. 


10. LITHIUM 


8) have studied the b.c.c. —> 
The lattice 
meters of the hexagonal phase have been redetermined 


0.794. 


Barrett and Trautz 


h.c.p. transformation in lithium. para- 
recently by Barrett” and = 2.68, (a’/a)? 
The habit plane has been determined by Bowles‘??? 
f 

as {441 
with this data, the transformation belongs to a class A 
fact, if 


Reference to Figs. 3 and 4 indicates that, 


0.803. the predicted 
that 


Further, Barrett’ gives the angle | 100] 


x-+--solution. In 


habit plane is only 0.7° from determined by 


3owles. 
LOO} as & 


if) 


for the 


while the predicted value of this angle is 
Pe -solution. 


-solution and 3.6° for the 


However, the m-—--solution gives the smaller value of 


k which is about 1/3. 


Thus, there is good agreement between the available 


Wenig and Machlin plot 
ndex O112 Assumin | 
yuld 1 
lL] 


MACKENZIE anpn BOWLES: 


experimental data and the theoretical predictions for 


a class A (x--, w—)-solution: the habit plane should 
be (144) 
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THE QUENCHING-IN OF LATTICE DEFECTS IN GOLD-CADMIUM* 
M. S. WECHSLER? 


When 6 Au-Cd is quenched from a high temperature, a large increase in resistivity results. The 
amount of quenched-in resistivity was measured as a function of quench temperature and an energy 
of formation of 0-38 eV was obtained for the associated defects. The isothermal annealing of the 
quenched-in resistivity was studied at a number of temperatures. The process appears to have an 
incubation period and an activation energy for motion of 0-58 eV. Possible explanations are discussed; 
the que nching-in of lattice vacancies is considered to be the most likely source of the effect. On the 
basis of Jongenburger’s theoretical estimates of the resistivity arising from vacancies in gold, it is 


estimated that about 0-7°, vacancies are frozen in after quenching from 450°C. 


LE GEL DES DEFAUTS RETICULAIRES DANS L’OR-CADMIUM 

Lorsque Au-Cd est trempé a partir d’une température élevée, on remarque un accroissement important 
de la résistivité. Le pourcentage de résistivité apres trempe a été mesuré en fonction de la température 
de trempe et une énergie de formation de 0,38 eV a été obtenue pour les défauts associés. On a étudié a 
différentes températures le revenu isotherme de la résistivité aprés trempe. Le procédé semble montrer 
une période d’incubation et avoir une énergie d’activation de mouvement de 0,58 eV. L’auteur discute 
les interprétations possibles: le gel des lacunes semble étre la source la plus probable de cet effet. En 
se rapportant aux estimations théoriques de Jongenburger sur la résistivité due aux lacunes dans l’or, on 
peut admettre que 0,7°%, des lacunes sont gelées par trempe a partir de 450°C, 


DAS EINFRIEREN VON GITTERFEHLERN IN GOLD-CADMIUM 
Wenn p-Au-Cd von hoher Temperatur abgeschreckt wird, ergibt sich eine starke Widerstandszunahmen. 
Die Grésse des “eingefrorenen Widerstands’” wurde in Abhiangigkeit von der Abschrecktemperatur 
gemessen. Daraus erhalt man eine Bildungsenergie von 0,38 eV fiir die massgebenden Fehlstellen. 
\usserdem wurde bei verschiedenen Temperaturen die Erholung des eingefrorenen Widerstands bei 
isothermem Anlassen untersucht. Der Vorgang scheint mit einer Inkubationszeit und einer Wanderungs- 
Aktivierungsenergie von 0,58 eV abzulaufen. Mdgliche Erklarungen fiir diese Erscheinung werden 
diskutiert; als ihre wahrscheinlichste Ursache wird das Einfrieren von Gitterleerstellen angesehen. Auf 
Grund der theoretischen Abschatzung von Jongenburger fiir den Widerstand von Leerstellen in 


Gold wird geschatzt, dass nach Abschrecken von 450°C etwa 0.7 Leerstellen eingefroren sind. 


1. INTRODUCTION of Au-Cd. This paper describes an investigation 


In order to study the effects of lattice defects of this effect. 


the properties of crystalline solids, experiments In a later section we shall be concerned with the 


ire performed on materials that contain a larger origin of the quenched-in increase in resistivity in 


concentration of defects than would be present in Au-Cd. In view of the fact that the Au-Cd system 


thermal equilibrium. By observing the kind and _ 1s relatively little known, it is appropriate to examine 


extent of changes caused by excess defect concentra- briefly What has been reported concerning the 


tions, much can be learned of the nature of the defects. constitution of Au-Cd alloys near the equi-atomic 
Two methods for producing an excess number of Composition. Two points are of particular interest. 
defects are by plastic deformation and bombardment he first of these is the p-pP transition at 267°C as 


9 


shown in Hansen.) and the second is the extent 


with charged particles, neutrons. or electromagnetic 
radiation. A third method, and the one with which to which the alloy is less ordered at temperatures 
near the melting-point than at lower temperatures, 


The f(Cs-Cl structure) to 


this papel is concerned, is to quench the solid from 


a high temperature. If the quenching is performed ‘@} below 
sufficiently rapidly, it is possible to retain the larger (orthorhombic) transition that appears on Hansen's 
concentration of defects characteristic of thermal phase diagram at 267°C is derived from the work 
equilibrium at the temperature from which the of Olander. Olander made electrolytic-cell measure- 


solid is quenched (the “quench temperature’). ments of the e.m.f. of Au-Cd against pure cadmium, 


It has been found™ that quenching produces an which indicated a phase transition at 267°C in the 


unusually large increase in the electrical resistivity neighboring P+ y’ region. From the magnitudes 


of calculated integral molar entropies, he deduced 


* Received Novem) _ 1955; revised version August 6, that the transition was in the / phase to the left 


1956. (lower cadmium content) of the two-phase region 
- Solid State Division, Oak g Laboratory, 


Oak Ridge, Tennesses 
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and not in the y’ phase to the right. Ina subsequent 
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X-ray investigation, Olander found that filings 
of the 47.5 at. per cent Cd alloy quenched from 220°C 
and 430°C both indicated an orthorhombic structure. 
whereas an at-temperature exposure between 400°C 
and 450°C gave a Cs-Cl structure. These observations 


were regarded to indicate that the /-/’ transition 
is not impeded by quenching, and to support the 
conclusion from electrolytic cell measurements that 
the transition is at 267°C. However, no at-temperature 
X-ray measurements were made at 
C. 
that, had this been done, it would have been found 
that the 


the equilibrium phase until much lower temperatures 


temperatures 


below 267 Later investigations have indicated 


orthorhombic structure does not become 


are reached. Bystrom and Almin‘) found from at- 
temperature X-ray photographs that the cubic to 
15°C. 


they determined the transition dilatometrically; 


orthorhombic transition is at 85 Moreover, 
in 
this case the transition temperature was estimated 
to 64 6°C. The 


also determined 


be transformation temperature 


has been by resistivity measure- 


ments.“:; © These indicate that the cubic to ortho- 


rhombic transformation takes place in the 47.5 at 
per cent Cd alloy at about 60°C and the reverse 


transformation at about 80°C. Furthermore, a 


detailed analysis of the crystallography of the phase 


change has been given.’ Another low-temperature 


modification has been reported for alloys closer to 
the 


50-50 composition’ and the crystal structure 


has been specified as tetragonal, although a complete 


identification has not yet been made. Resistivity 


measurements": ® indicate the transition temperature 
the to 


and 


cubic tetragonal transformation to be 


the of the 
formation to vary from 40 to 55°C, depending upon 


for 


30°C temperature reverse trans 


thermal history. 
Olander’s 267°C regarded 
Muldawer!® 


has pointed out that electrical-resistance measure 


has been 


» but 


transition 


an order-disorder transition, ' 


ments in the region of 267°C give no indication of 
This observation was also 


the 


any change taking place. 


made several years ago by present author 


Equilibrium-resistance measurements were made on 
two 47.5 at. per cent Cd samples in 
from 20°C to 340°C. 


no evidence was found for a transition point at 267°C 


the temperature 
this « 


range and, in ‘ase also, 
Olander, in his original paper,’ calculated from the 
entropy in excess of that expected for perfect order 
that only 0.5°, of the atoms are misplaced at 450°C 
This would correspond to an order parameter of 
On the 


determined from 


has 


that 


0.98. other hand, Kubaschewski™ 


calorimetric measurements 


the entropy of melting of 6 Au-Cd is the same as 
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of 


components, 


the 
that 


of 
he 


alloy is disordered at the melting-point 


ol 


concludes 


the melting 


and 


the sum entropies 


this 


pure 
from the 
An at-temperature X-ray diffractometer investiga 
Au-Cd in 
the temperature range from 40°C to 600°C (approxi 
The 


direct 110 and 200 reflections and the superstructure 


tion was made at this laboratory * on pp 


mately 25 degrees below the melting-point) 


100 reflection were observed. There was no evidence 
of the formation of a new phase, and even at 600°C 
a definite superstructure reflection was obtained 
However, no attempt was made to study in a quan- 
the variation of 
thus 
ol 
matter 
the 


from 


titative intensities 


of the 


way integrated 


with temperature, and no measure 


temperature-dependence the 


As the 


regard 


paramete! 
now stands, it 
Au-Cd 


helow 


was obtained. 


reasonable to phase the 
LOO to 
high ot 

the melting-point 


Au-Zn."“2 


equilibrium 


equilibrium structure the 


melting-point, with a fairly degree order 
persisting to temperatures near 
as is apparently the c: 
the of the Au-Cd 


this composit ion range 


use in However 


details diagram in 


are by no ins settled 


me 


and further experimental work should be done 


2. SPECIMENS AND 
Most of 

below were made on three samples of 

19 at 

of the 

manutacture! 

for the 


venizing and casting 


EXPERIMENTAL METHOD 


the resistivity measurements described 
nominal 
The 
materials as supplied 
for the gold 


Sample 1 was 


con 


position pel cent cadmium minimun 


base by the 


purities 


were 99.97 ' mind 


cadmium prepared by | 


in an evacuated 


quart: 


and samples B and C were homogenized at 


in a graphite mold contained 


carriel The mold 


quartz 
rod-shaped samples containing 


nibs ndicular to the 


perpe 


Samples were lowered slow! 


cradient in the Bridgman 


approximately one day 
melting-point this wv 


Volt ive 
rf spring loaded 


contacts were 


knife 


samples B and ¢ 


ment The diameters 


-eighth inch 


one 


Kelvin bridges were Us¢ measure resistance 


1ade 
and on samples 


Au ( d con 


Measurements on sample A were 1 


an external standard resistance 


and ( rel: e to an untreated 


15] 
* Thi ithor shes to thank M. A. Bredis 
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sample of the same dimensions and composition. 
and 


alongside the comparison sample in : 


After quenching, samples B were placed 


small holder 


and the holder was placed in a stirred oil-bath whose 


temperature was kept constant to within 0.2°C. 


In this 


resulting in a shortening of the time necessary for 


way, a small bridge yoke could be used, 


the treated sample to come to the temperature of 


the oil-bath. Furthermore, since the thermal co- 


efficient of resistance was very nearly the same for 


the treated and comparison samples, the effect of 


thermal fluctuations in the oil-bath was cancelled 


out. In addition, the resistance of the comparison 


sample was measured as a function of tempera- 


ture relative to an external standard in order that 
the absolute resistivity could be calculated. 

The quenching was carried out by holding the 
sample in a salt bath at the quench temperature 
and then rapidly removing the sample from the 
salt bath and plunging it into water at 40°C. In 
most cases, the time of hold in the salt bath was one 
minute. As is described below, longer holding 
times were found to give no increase in the quenched- 
in resistivity. In order to measure the quenching 
rate, experiments were performed on a sample of 
approximately the same size, shape, and composition 
lin. rod, 49 at. Cd) 


Chromel-alumel thermocouples 


per cent as the resistivity 


samples were 
attached to the sample and the thermocouple voltage 
during quenching was fed to a high-speed oscillograph 
or to a cathode-ray oscilloscope. The oscillograph 
charts or photographs of the oscilloscope screen 
presented a record of the time-temperature curve. 
The thermocouples were attached in two ways. In 
the first case. 30-gage chromel and alumel wires 
were individually spot-welded to the surface of the 
sample at a point midway along the length; the 
distance between the two-spot welds was approxi- 
In the 


and 


mately equal to the thickness of the wire. 


short lengths of 36-gage chromel 


second Case, 
ilumel wires were spot-welded end to end and a 
hole drilled 


sample at a midway 


transverse 


the 


16-mil-diamete1 was com- 


pletely through point 


ilong its length passing across and perpendicular 


to the axis. The thermocouple wires were insulated 
near the weld with quartz capillary tubing and the 
thermocouple was pulled through the hole in the 
sample so that the bead at the weld was at a point 
the The 


thermal 


near axis. hole and bead size were such 


that good contact was achieved betweeen 


the thermocouple bead and the wall of the hole. 
A small amount of cement was applied at both ends 


of the hole and the ends of the 36-gage wires were 
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spot-welded to 30-gage duplex chromel-alumel thermo- 


couple wire. The sample was quenched from approxi- 
mately 450°C in the same manner as the resistivity 
samples. It was found as a result of a number of 
that the 450°C 


to 200°C in about 12 msec for a point on the surface 


runs temperature decreases from 
and in about 85 msec for a point near the axis. 
Furthermore, about 0.6 sec elapse from the time 
the sample is removed from the salt bath to the 
time it is immersed in the water, and during this 
the 6°C. The 
quench temperatures presented below refer to the 
salt-bath this 


changed 


time temperature decreases about 


without correction for 
the 
significantly if this correction is made. 


temperature 
decrease. However, results are not 
Under slow- 
cool conditions, the cubic to tetragonal transformation 
temperature was observed to be about 30°C for all 
samples. Care was taken to maintain the samples 
in the cubic phase at all times during the course of 
the heat treatments and measurements. 

Two types of experiments were carried out. In the 
first of these, the amount of quenched-in resistivity was 
measured as a function of the quench temperature 
from which the energy of formation of the quenched-in 
defect was calculated. In the second experiment, the 
isothermal relaxation from the quenched to the slow- 
cooled value was measured at a number of tempera- 
tures. In this way, the activation energy for move- 


ment of the defect was determined. 


3. RESULTS 
The effect of 


increase the resistivity by 


Au-Cd alloys is to 
that 


The magnitude of 


quenching 
amounts increase 
with rising quench temperature. 
the quenched-in resistivity is quite high; for example 
quenching from 450°C (approximately 175°C below 
the melting-point) produces a change of the order 
of | 
pure gold‘3;14) produced an increase of 0.01 
Fig. | 


is a semilogarithmic plot of the quenched-in resistivity 


uwQ-cm. <A similar quenching experiment on 


with a quenching rate of about 10° deg/sec. 


versus reciprocal absolute temperature of quench 
for samples A and B. The energy of formation e, 
calculated from the slope of the curve is 0.39 —- 0.02 
eV for sample A and 0.38 0.01 eV for sample 
b. The magnitude of the quenched-in resistivity 
Was approximately the same for the two 
The 


However, the quenched-in resistivity 
the 


samples. highest quench temperature used 


was 551°C. 
for this measurement fell below straight line 
determined by the other points by an amount outside 
the experimental error. This may be an indication 


that at this temperature the rate of approach to 
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T, Temperature 


300 


° 


o Sample A, eV 
0 Sample B, €-= 0:38eV 


4p, quenched -in resistivity, ssohm-cm 


19 20 21x10 


reciprocal quench temperature 


13 


resistivity upon quenching versu 
and B. The 


the aled 


Fic. 1. The change in 
reciprocal quench temperature for samples A 
temperature of 10°C’ and 


resistivity was 8-5 “Q-cm. 


measurement was anne 


equilibrium is so great that it is impossible, with 
the quenching rate that was used, to quench in any 
This 


was not used in the calculation of the least-squares 


more than, say, 1.5 micro-ohm-cm. point 


straight line through the experimental points. Fig. 
2 shows the results of a similar experiment on sample 
the effect of the 


time of hold in the salt bath prior to quenching 


C, where, in addition, increasing 
Holding times as long as 10 min 
change in the 
Therefore 


min is sufficient to establish 


was investigated. 
to 
amount of the quenched-in resistivity. 


were found give no significant 


it was concluded that 1 
equilibrium conditions at the quench temperature 


The measurements on sample C give an energy of 


L, 


e\ 


ten pel 


All the me 


sutticiently 


formation of 0.37 0.0] surements 
4() a 


that negligible relaxation took place after quenching 


were made at ature low 
before the measurement was made 


The annealing kinetics of the relaxation 

that takes the alloy from the quenched to 

cooled state was observed at a number of temperatures 

quench tem 
The 


the 


these runs the 


from 50°C to 90°C In 


perature was kept constant at time 
for 
holder before immersion into the constant-temperature 


B 


the 


necessary placing the sample in um ple 


Ol samples 


fo. 


bath min 
and 
time 


the 


was approximately 3 
the time after quench was corrected 
spent before the sample was it 


oil-bath 


temperature 
the 
the 


in using activation ene! 


data on 
The 


hh 


motion calculated from 


This 


typical relaxation curve is 


correction was a small one 


Fig 


interesting that the process starts slowl) 


hown 


apparently meets the time zero axis with zero slope 


The final resistivity upon completion of the relaxation 


+ 


process was found to be equal to within 0.5 ae) 


obt Lined 
by 


\ alue 
followed 


value, i.e. the 


high 


Furthermore. 


the slow-cool upon 


anneal at a temperature furnace 


cooling the change resistivity 


upon quench from 450° is reproducible to within 
1%. The f of 


remaining at 


fraction quenched-in resistivity 


time 


7, temperature 


500 450 400 350 


300 


4 


| 4 


land 3 


jeohm -cm 


4p, Guenched-in resistivity, 


reciprocal quenc 


The « 
fol 


the annealed resistivity was 8-5 2 


Fic. 2 


tempt rature 


in re 


sample C’. 


in minutes at the quench temperat 


i 


SISTIVIT up 
The tempe 


ure 


n temperature 


°C 
500 400 — 200 
==> 
shape of a 
the curve 
°C 
| 
0-3 7eV | | 
5 10 
0-02 
0-01 
K 
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lation along the abscissa. Therefore, if we consider 
any two of the relaxation curves for a given sample, 
the ratios of the times corresponding to the same 
value of f are nearly the same for all f. The extent 
to which this is true was determined in the following 
way. For each sample, the curve at a temperature 
‘ip near the center of the range of annealing tem- 


peratures was chosen as the standard curve. Ratios 


of the times corresponding to f values from 0.9 to 0.1 


in 0.1 inerements were taken for each curve with 
respect to its standard curve. The average of the 
nine ratios thus obtained was calculated for each 


of these pairs of curves. It was found that the 


average deviation of the individual ratios from the 
eieicasea anions average ratio was at most only a few per cent of the 
salty hte? average value itself. The constancy of this ratio, 
called@® the “time-scale adjustment factor,” indicates 
where p, and p, are the initial and final resistivities that there is a single relaxation time 7 characteristic 
respectively. In Figs. 4, 5, and 6, f is plotted versus of the annealing temperature and that the annealing 
log annealing time for relaxation at different tem- depends upon ¢ and 7 only in the combination t/r. 
peratures. An interesting feature of these annealing The time-scale adjustment factor, 7(7’)/7(7'y), is a 


curves is that they can be superimposed by trans- measure of the relative “jump time” of the unit 


10 
Annealing time 


hermal relaxation curves for sample 
quenching from 450°C. 
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Temperature 


70 


2:8 2:9 3-0 (x10°3)3°1 


‘ 
—reciprocal annealing temperature K 


Time-scale adjustment factor versus reciprocal 


annealing temperature. 
process responsible for the relaxation. The activation 
energy for motion ¢,, may be determined by plotting 
this factor versus reciprocal annealing temperature. 
7 shows that, for the range of temperatures 
the 


be given as 0.58 


Fig 


over which the annealing was carried out, 


activation for motion 


0.05 eV. 


energy may 


On the assumption that the activation energy for 


motion is constant over the whole range from the 


annealing temperatures to the quench temperatures, 
we may make a rough calculation of the time at 
the annealing temperature equivalent to the time 
spent during the quenching process. This calculation 
consists essentially of an integration under the curve 
of temperature versus time during the quench with 
k\T, 1 


From the observed 


a weighting factor of exp 


is the annealing temperature. 
‘ooling curve from 450°C for a point on the axis of 
the sample, it was found that the time spent during 
about 10 min at 


the quenching is equivalent to 


75°C. Since the effective cooling rate for the entire 
sample is greater than that for a point on the axis, 
and since the annealing curves indicate little relaxa- 
15°C, it that the 


quench is sufficiently fast to freeze in the situation 


in 10 min at would appear 


characteristic of the quench temperature. This is 


consistent with the linearity of the curves shown in 
Figs. 1 and 2. 
4. DISCUSSION 
In this section we inquire into the types of defects 
capable of being frozen in upon quenching and likely 


to be responsible for the nonequilibrium effects 


observed. Also some additional 


experiments are 
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discussed that appear to facilitate a choice among 
We 


attention first to the question of quenching stresses. 


the several possible explanations. direct our 


These are the result of unequal thermal contraction 
of the surface and interior portions of the sample. 
The resulting plastic deformation could be accom- 
panied by an increase in resistivity which anneals 
would seem 


out upon isothermal hold. However, it 


unlikely that quenching stresses sufficiently large 


effects could be induced in 
1 


8 


to cause the observed 


samples of diameters as small as } in. Furthermore, 
temperatures as low as 60°C would not be expected 
to anneal out the effects of plastic deformation in 
times as short as several hundred minutes. However 
to test Au-Cd foil of 


approximately the same composition as the rods was 


the idea still further, a 1-mil 


quenched from 450°C. The resistivity of the foil 
increased 0.81 wQ-cm, and upon annealing at 75°C 
a relaxation curve quite similar to those shown in 
Figs. 4,5, and 6 was obtained. It would seem virtually 
impossible for a thin foil to sustain quenching stresses 
capable of producing effects of this magnitude. 

[It is well known that, in the case of alloys that 
undergo an order-disorder transformation, a large 
increase in resistivity can be induced by quenching. 
In such cases the less-ordered structure characteristic 
of the high temperature is frozen in and ordering 
takes place upon isothermal hold which reduces the 
resistivity to its slow-cool value. In the case of 
6-brass, however, despite the fact that it disorders 
at 465°C, it found’® that the 


approach to equilibrium order is so great that it 


has been rate of 
is impossible to freeze in the less-ordered state. 


Thus in order to observe ordering effects upon 
quenching, it is necessary that the degree of order 
at the quench temperature be significantly less than 
at the temperature of measurement and that the rate 
too The 


measurements 


of approach to equilibrium be not 
X-ray 


on Au-Cd filings mentioned earlier were performed 


great. 
at-temperature spectrometer 
to test the first of these two ideas. The composition 
of the filings was approximately 48.5 at. per cent Cd. 
The Cukz-100 superstructure reflection was followed 
as a function of temperature in addition to several 
of the direct reflections. During the course of the 
measurements, the sample was surrounded by an 
atmosphere of helium. No attempt was made to 
make quantitative measurements of the intensities 
of the reflections or of the degree of order. However, 
a definite superstructure reflection was obtained at 
600°C, only about 25°C below the melting-point. 
This would indicate that the degree of order is high 
450°C, from which 


at lower temperatures, say 
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considerable quenching effects were observed. 
Unfortunately, the long-range-order parameter as 
a function of temperature has not yet been measured 
for Au-Cd and therefore it is not known quantitativel) 
to what extent there is less order at the quench 
temperature than at the temperature of measure- 
ment. 


The etfect of X-ray- 


lattice parameter has been observed in a number 


ordering on density and 
In the case of p-brass, Matsuda’ 
that 
increase in length upon going from the ordered to 
the Warren'!8 


of materials. 


made dilatometric measurements showed an 


disordered state, and Keating and 


have reported an increase in lattice parameter of 


somewhat greater than (.1°,. Changes in the same 
the 


observed for Cu,Au."® 


same magnitude have been 


Thus 
the density is abnormally low 
On 


direction and of 


when the disordered 
state is quenched in, 
the lattice 


other 


and 
the 


would 


parameter abnormally high. 
the 


lower the density and 


hand, while presence of vacancies 


certainly therefore 
increase the average interatomic spacing, the effect 
on X-ray lattice parameter is in the other direction 


This follows. <A 


introduced crystal by 


can be seen as can be 


vacancy 


into a removing an atom 
from a lattice site and placing it on the surface. 
The effect on the density is to produce a decrease 
corresponding to an increase in volume of one atomic 
of the lattice about 


volume minus the contraction 


the vacant site. However, an X-ray lattice parametet 
determination is based on the measurement of inter- 
planar spacing and therefore is only sensitive to 
of the not to the fact 


that an atom is missing from the lattice position 


the contraction lattice and 
Thus, if a large number of vacancies are frozen in 
hy quenching, a decrease in lattice parameter should 
Density" and X-ray lattice 
Au-Cd in 


this laborator\ 


be apparent. para 


mater* measurements on / the annealed 
and the quenched state were made in 
and it was found that both these quantities decrease 
upon quenching from 450°C 

It can be seen from Fig. | that quenching from 450°C 
increases the resistivity by | wQ-cm. In the absence 
of theoretical information that applies more directly 
rough estimate of the 


to this alloy, a vacancy 


concentration corresponding to 1 wQ-cm be 


(21) result for 


This 


0.67 ' 


obtained by applying Jongenburger’s 


per 


concentration of 


pure gold, 1.5 u@-cem/at cent vacancies 


vields a vacancy about 


vacancies. The equilibrium concentration of vacancies 


Wittels, 


lattice 


* The co-operation of M. ¢ 
\. Sherrill in 
is greatly appre 


making the 
‘jated. 


ADMIUM 


can be expressed as 
exp 


where S,;, is the entropy of 


energy of formation 0.38 e\ 


Au-Cd 


be considered to be much largei 


The number of vacancies quenched-it 
than the equilibrium 


number at the temperature of measurement We 
find corresponding to « 


0.0067 at a temperature 
of 450°C that Zener'=*) has 
out that S 


should by positive hecause ot 


pou ted 


I 
freedom of 
The 


values 


movement of itoms neal 


theoretical calculations'**: 


that from 0.3 to 2.5. For the 


range 


part, they refer to f.c.c. metals, but they 


not 
expected to be vstal 
Thus 


not 


greatly 
the 


dependent upon Cl 


structure result that S,/k ~ 1 reported 


values deduced 


calculated 


here is inconsistent with the 


theoretical considerations fraction ol 
the 


1) turns out to be about 0.02 


from 


vacancies at melting-point from 
equation 

We may compare these results with those obtained 
in quenching experiments on materials that ar 


Now ick 


studied the 


disordered and Sladek‘ 
Nowick 
of quenching on « Ag-Zn alloys, using stress-relaxation 
The 
removal of the effects of the quenching were approxi 


Au-Cd The 


ind ~ M 0.86 e\ 


known t be 


and Rosewell and have effect 


techniques times and temperatures for the 
mately the same as those observed for 
obtained the values Ey 0.51 e\ 
per cent Zn alloy 


O.Sl eV for 


for the 30 at 
and fay 


with our va 


Au-Cd 


compared 


O58 e\ fol 


ratio 


The 


Sladek is 


assigned 


allovs value 


experiments on z-brass 


Broon stace\ and West 


a value of 0.34 eV fol 
Au 


iterials To 


here for 
on m 
not 

On the 


arise 


the 


being measured 


concentration of vat 


DY 


th @Xpresslol 


| 
Colexp | 
| 


where the 


stituents 
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vacancies produce approximately the same additional 
resistivity, we would expect good straight-line plots 
in Figs. 1 and 2 if the two energies were equal or if 
one predominates, in which case it is the smaller 
energy that 


that even if the difference between the two energies 


is measured. However, it can be seen 
were such as to produce maximum departure from 
a straight line, this departure is so slight in the 
temperature range 200-500°C as to be scarcely 
observable by measurements of this type. 

No positive identification of the defect responsible 
for the changes in resistivity upon quenching can 
but 


said that the evidence points strongly in favor of 


be made at this time, in summary it might be 


an explanation in terms of vacancies rather than one 
involving ordering. This is indicated by the observed 
decreases in both density and X-ray lattice parameter 
upon quenching, by the similarity of the results to 


those obtained with x Ag-Zn and Cu-Zn, and by 


the preliminary observation that P Au-Cd is ordered 


The 


unusually 


at temperatures close to the melting-point. 
concentration of vacancies appears to be 
The 


affords a 


large. presence of such a large 


isolate 


defects. 


vacancies better opportunity to 
their effects 
This should 


mechanism by which vacancies alter the properties 


from those caused by other 


lead to a better understanding of the 


of solids 
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ETUDE PAR MICRODIFFRACTION ET MICROSCOPIE ELECTRONIQUES 
DE LA TRANSFORMATION DES ALLIAGES AI-Cu 
DUE AU CHAUFFAGE DANS LE VIDE* 


N. TAKAHASHI?t et K. MIHAMA 


On a prepare de minces films des alliages Al-Cu par 
gemme fraichement clivée. En profitant du vide du 1 
chauffer ’échantillon sans oxydation jusqu’a 500°¢ 
formation métallurgique qui a lieu dans ce film par 
observé le monocristal de CuAl. Pour lalliage a 50/2 
CuAl — Cu,Al, — Cu,Al a été confirmée par microdiffra 


graphiques entre chaque phase ont permis de propose 


ICCROSCOPY 


AN INVESTIGATION BY MEANS OF ELECTRONIC MICRODIFFRACTION AND M 
OF THE TRANSFORMATION OF THE ALLOYS OF Al-Cu BY HEAT IN A VACUUM 


Very thin films of Al-Cu alloys have been prepared by vacuum evaporation on a f 


of NaCl. In the electron microscope, it has been possibl to heat the 
etallurgical tra 


about 500°C and to observe in single crystal state the 


Using a 4 wt. °% Cu alloy, it is possible to observe a Cu-Al monoct 


alloy, the transformation CuAl, — CuAl — Cu,Al, 
Relative crystallographic orientation between each ph 


formations to be proposed 


\ 


R DIE UMWANDLUNG VON AI-Cu rLER rEN BEIM ERHITZEN 


NMIKROSKOPII 


UNTERSUCHUNG UBE 
IM VAKUUM MIT HILFE VON ELEKTRONENBEUGUNG LEKTRONI 
Es wurden diinne Filme von Al-Cu-Legierungen durch Verdat 
Spaltflache von Steinsalz hergestellt. Unter Beniitzung des Vaku 
Linsen konnte die Probe ohne Oxydation bis etwa 500°( 
metallurgische Umwandlung beobachtet werden, welche in det 
Fiir die Legierung mit 4 Gew.-°, Cu wurde der CuAl-Einkrist 
50 Gew.-°4 Cu wurde die Umwandlung CuAl, CuAl 
bestatigt. Die kristallographischen Orientierungsbeziehunge 


den Mechanismus dieser Umwandlungen vorzuschlagen 


v] 


echantillon 


INTRODUCTION plus par la modification de e 
L’un de nous a déja constaté par diffraction nous pouvons chauffer | 


> 


électronique que Von peut suivre la transformation l'appareil 


des alliages Al-Cu,™ mais il n’est pas facile Ainsi, nous avons pu s 

de déterminer les orientations cristallographiques métallurgiques des alli 

relatives entre chaque phase, car la préparation des changement successif pai 

minces films monocristallins de ces alliages est assez a l'état monocristallin 

difficile et la transformation n’a pas lieu a l’état un film évaporé de 

monocristallin a lVéchelle de diffraction ordinaire poids et celui a 50/50 
] 


e chauftage, le composa 


Cependant, si le faisceau d’électrons est suffisamment 
étroit, on peut observer des taches monocristallines de fusion moins élevé s’éva 
de diffraction méme a partir de l’échantillon qui phases plus riches en cuivre 
montre des anneaux ponctués de Debye-Scherrer  apparaissent successivement 
par diffraction ordinaire. Le microscope électronique 
& trois lentilles nous permet de réaliser cette sorte EXPERIENCES 
d’expériences en montrant l‘image et le diagramme La préparation d’un échantillon 
de diffraction d’une méme plage trés limitée évaporation dans | 


(~plusieurs microns au carré) de l’échantillon. De une surface fraichement 


L’épaisseur du film est d 


* 


Received April 14, 1956. qui nous permet de < 
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toujours la temperature ambiant nautte 


Japon. 
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iG. 1. Diagramme de microdiffraction électronique du film 


évaporé sur le support froid de l’alliage a 50/50 en poids Al-Cu. 


électronique. Le diagramme et l'image se déplacent 


sans arrét a cause de la transformation cristallo- 


graphique due au chauffage,* ce qui nous empéche de 


photographier aspect de léchantillon a 


instant comme on veut, quoique l'on puisse le voit 


sur Vécran fluorescent. 
le chauffage. la phase qui apparait en ce moment 
reste invariable quelque temps méme apres refroidisse- 
ment, ce qui nous permet de la 
clairement. 
RESULTATS 
Alliage a 50/50 Al-¢ 


Au début. avant le chauffage, on obtient le méme 


diagramme que nous avons déja observé™ (figure 1). 


* Quelques 


- Cu,Al,, 


t 
u insta 


Diagramme de diffraction électronique a haut pouvol 
résolution du méme échantillon que la fig. 1. 


chaque 


Cependant, quand on arrete 


photographier 


Fic. 3. Micrographie électronique du méme échantillon que 


fig. 1. 10.000 


La diffraction électronique a haut pouvoir de résolution 


nous permet de mesurer la période élémentaire 


est de 4,01 A. 


eu plus petite que celle de aluminium (4.04 A) a 


précise de ce réseau. Elle qui est un 


cause de la dissolution du cuivre (3.61 A) dans la 


) 


maille de laluminium (figure 2). L’image ne montre 


aucune structure, et est uniforme partout (figure 3). 
Par chauffage, 
la figure 4. 


ponctués de 


il apparait le diagramme montré sur 
Correspondant a ce diagramme d’anneaux 
Debye-Scherrer, on voit beaucoup de 
micrograins sur limage (figure 5). Cette étape 
indique l’apparition de la phase 4 (CuAl,), dont les 
cristaux sont tres petits (~0,lu) et se répartissent 
au hasard. Les cristaux de cette phase ne développent 
pas beaucoup par chauftage prolongé, mais les germes 
de la phase suivante semblent sy former. 


La température a laquelle cette phase se produit 


Fic. 4. Comme fig. | 
50 min. avec 6°C 


\pres chauffage 
Etape d’apparition de la phase CuAl,. 


a 300°C, pendant 
min. 
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Micrographie électronique col respondant 
10.000 


varie dans une certaine mesure selon les conditions 
de de 


(Vintensité électrique de chauffage, la 


chauffage, c’est-a-dire, la vitesse chauffage 


du courant 
durée de chauffage, l’épaisseur du film et les con- 
ditions depuis évaporation). 
chauffe le 
pendant 10 min avec 6°C/min, les premiéres taches 
A cette étape, 


Par exemple, quand on 


film immédiatement apres évaporation 
de la phase 4 appararaissent a 60°C, 
il reste encore la phase « (solution solide du cuivre 


Le nombre des cristaux de CuAl. 


dans l’aluminium). 
augmente de plus en plus et aprés 50 min, la phase « 
disparait complétement. 

Par chauftage prolongé, la seconde phase apparalt 


Elle est monocristalline al’ échelle de la microdiffraction 


(~plusieurs 4“) et correspond a la phase CuAl, dont 


le réseau est du type CsCl comme lun de nous la 


déja constaté™. L’orientation relative principale 


Apres chauffage a 400°C, pendant 
Les taches montrent la phase CuAl 


Fic. 6. Comme fig. 1. 
100 min. avee 6°C/min. 


MICRODIFFRACTION 


ROSCOPLE rTRONIQI 


élect 
au milieu indique 
10.000 


le cristal de cette phase et le film apparalt cle 


maniere qu'une face du cube soit 


pal illéle a la 
pas 
due a linfluence du support de sel gemme employe 
ce elle 


apparait aussi dans le cas du support de collodion 


surtace du film (figure 6). Cette orientation nest 


au moment la préparation de l’échantillor 


L’image montre de gros cristaux qui se sont accru 


a parti de état polycrist illin de CuAl, et on observe 


les franges électroniques a inclinaison égale, dont 


linterprétati« n exacte nest pas donne encore 


figure 7) 
se forme chautiag 


La phase 4 


ensuite pal 
On obtient deux diagrammes typiques, don 
Miller 


montré sur la figure 8 et les indices d 


corres 


pondant sur la figure 9. Pour l'autre di 


figures 10 et 11 donnent les 


120 min 


u,Al, ave orientation rel 


eo. & fig. 4 Fic. 7. Mierd jue correspondant 
Le gros grain in monocrist de CuA 
represente sur f 
: 
. 
» 
. . 
Fic. 8. Comme fig. | Apr hauffage a 450° nd 
C (| 
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Plusieurs taches de cette phase s’accordent exacte-  essentielle entre cette image et la figure 7, sauf 
ment avec celles de CuAl, ce qui nous permet de laccroissement du cristal au milieu. Les micrograins 
déterminer lorientation relative entre ces deux  visibles sur la figure 12 représentent la phase 4 qui 
phases. I] y en a deux: reste encore, mais, 4 cause de la variation de ouverture 

du diaphragme de la lentille intermédiaire limitant le 
champ, le diagramme correspondant n’apparait pas 


le plan (221),.,, ,, étant paralléle a la surface du film; sur la figure 8. La figure 13 correspond a la derniére 


étape d’évolution de la phase y. On voit beaucoup de 


UA petites régions blanches, dont la nature sera discutée 
le plan cubique étant paralléle a la surface du film. — plus tard. 

Les figures 12 et 13 montrent les images corres- La phase suivante est Cu,Al et apparait a 500°C 
pondant a ces deux diagrammes respectivement. La 
premiére indique la premiére étape d’évolution de 
la phase y et on ne reconnait pas une différence ooo, 
@ 150 ©050 @ 150@ 
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Fic. 10. Comme fig. 1. Aprés chauffage a 500°C, pendant ’ 

120 min. avec 6°C/min. Etape d’apparition de la phase Fic. 11. Taches de diffraction électronique dessinées avec 

Cu,Al, avec lorientation relative (2). leurs indices de Miller, correspondant a fig. 10. 
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Fic. 12. Micrographie électronique correspondant a fig. 8. 
La plage montrant les frange & inclinaison égale est la phase 
Cu,Al,, tandis que les micrograins représentent la phase CuAl, 


qui reste encore. 10.000. 


environ. Son orientation relative 


( ‘ugAl est 


par rapport a 


(110 et LO Jou, ai//[110] 


Cu,Al,° 

qui est représentée sur la figure 14. On ne reconnait 
pas une grande différence sur l'image correspondante 
en comparaison de la figure 13, mais on observe une 
sorte de sous-grains (figure 15). 

De nombreuses modifications de cette orientation 
ont été reconnues, dont le détail sera  publié 
ultérieurement. 

L’oxydation a lieu vers 500°C, ce qui nous empéche 
d’observer le changement davantage 4 cause de la 
production de y-Al,Oz. 


En résumé, au moyen du microscope électronique 


Fic. 13. Micrographie électronique correspondant a fig. 10. 
Les petites régions blanches semblent étre des trous produits 
par évaporation forcée des composants du film. La forme en 


sont caractéristique. 10.000. 


MICRODIFFRACTION ET 


MICROSCOPIE ELECTRONIQUES 


Fic. 14. Comme fig. 1. chauffage a 
150 min \l apparait 


500°C, pe ndant 


avec 6 "hi ‘u 


a quatre lentilles, on a pu suivre la transformation des 


phases successives 4 partir de la phase de départ 


a état monocristallin et observer | aspect d accroisse- 
du cristal. 


ment Cette transformation semble avoi 


lieu d’aprés le schéma suivant 


CuAl, — CuAl — Cu,Al, — Cu,Al 


On constate que la quantité relative de composant 
contenue dans le film d’alliage varie selon le chauftage 
et que lordre de transformation est différent de 
celui indiqué sur le diagramme d’équilibre que nous 
trouvons ordinairement dans la métallurgie. Il y a une 
tendance que le composant ayant un point de fusio! 
moins élevé (dans le cas prese nt. cest Lalumini 
s’évapore davantage ce qul pl 

da la composition du film 


par une ligne ponctuée sur 


Micrographi 


Une sorte de 


. 
= 
* %y f 
j hgure LO 
a fig. 14 nicus 


MET 


rs, 
| | 
20 40 60 80 “00 
en poids AL 


lordre de la 


dalliage duc 


16. Schéma transformation 


vide 


montrant 


du filn au chauffage dans le 


hurgique 


L‘image représente cinétiquement le changement 


da au chauffage, mais a cause de la différence entre 
les structures du film évaporé et de lalliage fabriqué 
industriellement, on ne pourrait pas tirer une con- 
clusion utilisable directement pour la métallurgie a 


état actuel. 


Alliage a 4 ('u 
Le film évaporé sur un support froid montre le 


diagramme de diffraction du cube a faces centrées. 


dont la période élémentaire est légerement 


celle de 


uniforme 


petite 
L’image est 
18). Le 


qne aluminium (figure 17). 


structure (figure 


sans 


fait 


aucune 


chauffage apparaitre les transformations 


semblables au cas | Le schema de transformation 


dans ce Gas est 


«(figures 17 uAl,) 6. 


Fic. 17. Diagramme de microdiffraction électronique du film 


évaporé sur le support froid de l’alliage Al-Cu a 4% en poids Cu. 
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L957 


lectronique 
LO.000, 


Micrographie 


correspondant a fig. 17. 


Le cristal de la phase () se développe selon le 


chauffage. Les figures 19 et 20 accusent la présence 
Les figures 21 et 22 


du mélange f). montrent 


la derniére étape. 
schéma_ ci-dessus une ligne 


On a indiqué le par 


ponctuée sur la figure 16. 
DISCUSSIONS DES RESULTATS 
(] ) Evolution du cristal 


Dans le eas de lalliage 50/50 Al-Cu,. les germes des 


cristaux (CuAl,) se forment uniformément a partir 
de létat 


initial hors d’équilibre et de nombreux 
microcristaux se développent sans aucune orientation 
privilégiée. Ce fait est confirmé de la méme manieére 
Par 


des 


par microscopie et diffraction électroniques. 


chauffage prolongé, l’évaporation hétérogéne 


19. Comme fig. 17. 
avee 


Apres chauffage a 380°C, pendant 
Debye 
tandis que les taches corres 


50 min min. Les anneaux ponctués de 


Scherrer montrent la phase x, 
pondant a la phase CuAl,. 
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composants d’alliage a lieu : ause » la différenc 
de leurs pressions de \ ipeul , la col 
centration du composant 

vapeur plus grande diminue d« 

le chautfage Les germes des cristaux de 
CuAl se produisent ainsi, mais leur densit 
moins grande que dans | is volution de 


premiere phase Cu Al, 


Sse 


ment du cristal serait plus ie la vite 
formation de germes poul 
permet laccroissement de 
conditions, les cristaux de 
de plusieurs microns se développent 1 
formation des gros cristaux de 

Fic. 20. Micrographie électronique corr spondant a f 


g. 19. expliquée de la méme m 
La grosse région de franges électroniques a inclinaison égal 


ans le s de Il’ se la nhas 
montre la phase CuAl,, tandis que les micrograins représentent Dan cas de lalliage ; ul phase 


la phase. x 10.000. produit a l'état polycristallin pour la méme raiso! 


et cette fois les cristaux uniques de la ph ise 0, Cu Al, 
apparaissent successivement Les figures 19 et 
montrent cette etape. Ces cristaux s accroissent 
plus en plus selon le chauttage en mangeant les re IONS 
voisines de la phase « jusqu’a ce que cette derniér 
disparaisse 

On a montré le schéma du mécanisme de déve loppe 


ment du cristal sur la figure 23 


La phase } ( uAl) 


La transformation de CuAl, en CuAl est explic 
comme le montre la figure 24. Quatre atomes 
cuivre entrent dans la maille tétragonale de 
et occupent les positions indiquées pat 
Les deux cdtés de la base se contract 
a 5.80 A et la hauteur augmente de 

Comme fig. 1. Apres chauffage a 400°C, pendant 
60 min avec 6°C/min. La phase « disparait complétement 
et seule la phase CuAl, reste CuAl, en réseau cubique ¢ 
signifie sur la figure 24 le cha 
L’orientation relative entre 
telle que leurs 
a l’origine 
i deja re connue expt 
la phase CuA 
\u point de vue valew 
structure ne semblent 
indice de coordinatio1 
? SO 
e tenal 
diminution 
faces centrees ad 
comme perlode ¢ lémentaire de 
type CsCl, un peu plus grande que 
Micrographie électronique correspondant a fi 


g. 21 mentale 2,90 A. Il existe une con 
Les régions noires montrent la phase CuAl,; les régions 


of ly ly 
blanches semblent correspondre a l oxyde y-Al,O, environ de chaque du cub 


& 
> 
q \ 
ndeu 
t. 
.* 
LA 
A 
{ 
) 
Le Lipp au 
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Fic. 23. Schéma du mécanisme de développement du 
cristal de lalliage Al-Cu 50/50 a partir de son état initial hors 
fleches montrent lévaporation 
d’aluminium et les minces fléches celle de A cause de 
vapeur plus grande de l’aluminium que celle 


devient plus riche en cuivre au 


d’équilibre Les grosses 
cuivre. 

pression de 
du cuivre le film d’alliage 


ours du chauffage 

tat initial hors d’équilibre. 

s germes de Cu Al, se produisent partout. 

phase CuAl, apparait et l'état d’équilibre est atteint. 


L 
L 


a 
rermes dé 


é la phase CuAl apparaissent & cause de 


l'évaporation heterogene (régions hachurées). 


[ls se déve loppent. 
Monocristaux de CuAl 
Gros cristaux de u,Al, se forment successivement. 


produisent. 


nombre total d’électrons de valence a celui d’atomes 
est 4 : 2: 
pas ici. Cependant, nous avons obtenu cette structure 


done, la regle de Hume-Rothery ne s’applique 


a l'état polycristallin, soit dans le cas du film maturé 
depuis l’évaporation sur support froid,@) soit dans le 
cas du film chauffé dans le vide aprés cela.‘® Cette 
structure serait sans doute la phase intermédiaire 


entre CuAl, et Cu,Al,. 


VOL. 5, 1957 
(3°) La phase y (Cu,Al,). 
L’orientation relative 2° signifie 
> 
et Jeu, a1,//I 
Donec, deux orientations de Cu,Al, se produisent de 
la maniére que la direction cristallographique [110] est 
dans la direction 


330], 


commune toujours et perpen- 


diculaire a 4) et \), apparaissent 
"9 1 “4 


u 
également. Le composé intermétallique Cu,Al, est 
ce que lon appelle composé électronique de Hume- 
Rothery, dont le rapport du nombre total d’électrons 
total 
29 


Pour cette structure, les plans (114) et (330) composent 


de valence au nombre d’atomes est 21:15. 


la premiére zone de Brillouin. Elle a été discutée en 
détail pour Cu,Zn, par Bradley et Thewlis.” La 
configuration des atomes dans le réseau de Cu,Al, est 
un peu différente de celle de Cu;Zng, quoique tous les 
deux aient la structure du méme type. Les positions 
des atomes de Cu,Al, est montré d’aprés Bradley“ sur 
la figure 25. Comme dans le cas de Cu,;Zng, on 
pourrait déduire cette structure en empilant 27 cubes de 
CuAl et en enlevant deux atomes de ce cube géant. 
Cependant, il serait difficile de comprendre les deux 
orientations relatives entre Cu,Al, et CuAl qui appa- 
raissent trés souvent dans le cas d’évolution de Cu,Al,. 


' 


oO) 
po 


Fic. 24. Transformation du réseau de CuAl, (en haut) en 
réseau de CuAl (en Les cercles blancs indiquent les 
atomes de Cu et ceux doublés les atomes de Al. 


bas). 
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relative 2° se produit, les plans {330} s’accordant avec 


les plans {110}... 4, correspondants 


En ce qui concerne l’orientation relative (1 on 


peut lVobtenir en tournant la premiere zone de 


srillouin de Cu,Al, de 70°30", angle entre [110], et 


[114]... autour de l’axe [110] comme le montre la 


* 


ficure 26,* étant donné que la distance entre | origine et 


les plans ‘114! de Cu,Al, est aussi égale a la distance 
entre l’origine et les plans 1110! de CuAl [| \ 


faces de ce type par rapport a 12 faces du type {3 


Au point de vue fréquence d’'apparition, le type {114} 


a une plus grande possibilité de se produire comme la 


deuxiéme orientation relative par rapport a la 
direction (110) de CuAl que le type 


vy aurait une raison pour laquelle l’énerg 


sommée serait minimum dans le 


25. Maille de Cu,Al,. Les cercles blancs montrent 
les atomes de Cu et les cercles doublés les atomes de Al. Les 
chiffres indiquent la hauteur du plan de base (plan de papier) 
en prenant la hauteur de la maille comme 100. 


L’application de la théorie des zones de Brillouin 
semble résoudre cette question. La premiére zone de 
Brillouin de Cu,Al, est montrée sur la figure 26. 
Elle est presque sphérique, tandis que celles de CuAl 
se composent des plans dodécaédriques en négligeant 
les zones de structure dont limportance est moins 
grande ici. La distance entre l’origine et les plans 


{110' de CuAl est exactement pareille a celle entre 
i 


lorigine et les plans {330} de Cu,Al,. Dans ces 


conditions on peut penser facilement que | orientation 


Fi 27 Diagramn 
a gauche) et de 


spondant a la s\ 
ave les 


formation de CuAl en 


relative | En effet, dans notre expérience, nous 


avons obtenu lorientation relative 1° beaucoup plus 


souvent que celle 2 


On note que la structure j une symmétrie voisine 


du cube centré, quoique la configuration de 52 atomes 
dans sa maille soit extrémement compliquée. En effet 
les anneaux de Debvye-Scherrer de grande intensité 
de Cu,Al, s’accordent avet les rales dues au Cube 
centré (figure 27) La transformation de Cu, 
Cu.Al s’effectue suivant cette symmeétrie 

Fic. 26. Premiéres zones de Brillouin correspondant a 

Cu,Al, (en grosses lignes) et & CuAl (en minces lignes 


Orientation relative 2°. ] 


4a rotation inverse ¢ 
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La phase ) 


L’évolution cette phase est confirmée par 


apparition du réseau cubique a faces centrées, 
dont la période élémentaire est doublée par rapport a 
celle de CuAl. 
par Michel 10 
film évaporé 
A état 
structure cubique a faces centrées. 


Les 
la figure 14 


Cette structure a été déja constatée 
l'état polycristallin dans le cas du 
Elle a une surstructure du type Fe,Al. 
une sur- 


ordonné, cette phase montre 


taches de diffraction {200} disparaissent sur 


Ce cas correspond a état désordonné 


de la phase / mais, au point de vue de l'apparence du 
diagramme de diffraction, on ne pourrait pas distinguer 


CuAl ou Cu,Al, 


De plus, on ne peut pas doser 


si cette structure appartient a 


également désordonnés 
la quantité de composant du film 
Cependant, ce diagramme apparait toujours apres 


la phase y, de sorte que la phase dans ce cas est plus 


riche en cuivre que la phase y.“") La phase 4 ne 


coéxiste plus du tout. Done, on pourrait conclure 


que cette phase est Cu,Al désordonné, en tenant 


compte de la temperature ou elle s évolue 


CONCLUSION 
Le microscope électronique a quatre lentilles nous 


fournit un moyen d’étudier la structure cristallo- 


graphique d'un mince film d’alliage et sa transformation 


due au chauffage en montrant le diagramme et 


l'image d'une méme plage. Malgré le désavantage 


que la structure du film évaporé est tout a fait différente 


de celle d’alliage industriel, nous avons pu_ suivre 
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la transformation de phases avec son mécanisme a 
nous donne des connaissances directes sur l’évolution 


monocristallin par microdiffraction. L’image 


du cristal. A part le désavantage indiqué ci-dessus, 
on peut voir la formation et le développement du 
cristal cinétiquement a loeil sur l’écran fluorescent. 


Done. ces méthodes paraissent riches de possibilités 


pour l’étude des diverses phases des alliages et celle 


de la cinétique de leur formation et de leurs trans- 
formations a l'état monocristallin. 

Ce travail est la suite de la recherche par diffraction 
ordinaire que lun de nous a effectué en collaboration 
avec le Prof. Trillat. 


commencé en collaboration avec le 


L’étude par microdiffraction de 
ce travail a été 
Prof. Fert dans le laboratoire d'Optique Electronique 
du C.N.R.S. a Nous 


vivement Monsieur le Directeur Dupouy de nous avoir 


Toulouse remercions bien 


donné l'occasion de réalisei ce t ravail. 
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NUCLEATION ON DISLOCATIONS*® 
JOHN W. CAHN 


The activation energy of nucleation of a second phas« 
model of a dislocation and an incoherent precipitate 
even more rapidly with increasing thermodynamic driving 


homogeneous nucleation, becoming zero at a finite value 


GERMINATION SUR LES DISLOCATIONS 


L’énergie d’activation pour la germination 
partant d'un modéle élastique d’une dislocation 
l'accroissement du potentiel thermodynamique |’énergi¢ 


dans le cas de germination homogéne, devenant nulle por 


KEIMBILDUNG AN 
Unter Zugrundelegung eines elastischen Versetzungsmodell 
scheidung wird die Aktivierungsenergie fiir die Keimbildung einer 
berechnet. Es wurd gefunden, dass in diesem Fall die Keimbildungsenerg 
thermodynamischen Kraft noch rascher abnimmt, als im Fall der homoge 
einem endlichen Wert der Ubersattigung Null wird 


It has long been known that dislocations can act a region where the free energy is increasing 
as sites for nucleation of new phases.” As far as 7 Curve A in Fig. | \ minimum will ex 
the author knows, there has been no estimate of the small values of r, which is interpreted as a 
effectiveness of a dislocation as a catalyst for such critical metastable cylinder of the second phase whic! 
nucleation. A model was devised which would allow _ initially surrounds the dislocation line. Such a eylind 


THIS 


one to determine the general features and important is a rough analogue of a Cottrell atmosphert 


parameters of such a nucleation process. model, and will be taken as the energeti 


It was assumed that the nucleus lies along the point for nucleation. Its radius 
core of the dislocation, that a cross-section of the minimum in the free energy pet 
nucleus perpendicular to the dislocation is circular 
It was further assumed that the nucleus is incoherent 


with the matrix, that a grain-boundary energy. clade 


can be assigned to the poundary etween the and Gb*/4z for screw dislocations 


phase and the matrix, and that the matrix is an 


isotropic elastic substance. These assumptions should ratio. vy the interfacial enercv of 


be all right as long as the nucleus size is sufficiently 


large. For small nuclei it can be expected that thi 
qualitative features resulting from these assumptions 
will not be too bad. 

The energy of a nucleus will then consist of three 
terms, a strain-energy term, a surface-energy tern 
and a volume-energy term. The strain-energy term 
and volume-energy term tend to favor nucleation 
The surface-energy term tends to oppose it. Thes« 
terms depend on the radius, 7, in such a manner 
that the strain-energy term is predominant at small 
values of r, and the volume-energy predominant 
at large values of r. At intermediate values of 


under conditions to be defined later. the surface 


term can predominate over the other terms, resulting 
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f AF, 


of formation of the new phase (jf isa positive quantity 


the negative of the volume free energy 


when the new phase is stable). 


A minimum in F occurs when the 


l at 


parameter 


a value ot 
(2) 


No minimum in F when «> 1. Fig. 1 is 
a plot ot equation 1) 
2A flay" is le 


B). The 


energy 


occurs 
for the cases when the para- 
meter 3s than one (A), and greater 
reason for this behavior is that 
strain and volume energy which help 
the new phase at very small r and at very large r, 
respectively, do not overlap sufficiently when « E: 
There is then a region at intermediate 7 where they 
do not balance the surface energy. If they do overlap 
their 


then everywhere 


the 


sufficiently sum 


increases faster than surface energy and there 


is no barrier to nucleation. 
Although the equation (2) contains f, rg is not 


strongly dependent on f, varying only by a factor 


of 2 when the parameter « varies from 0 to 1 (lowest 


curve, Fig. 2). This is because the minimum is 


2 


02 O3 


Dimensions art 
pipe; 


the nucleus: /, a measure of 


nucieus. 


Dimensior 
original precipitate 


of the nucleus along the dislocation, 7,, the radius 


fa homogeneous nuc! 
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primarily determined by the strain energy and surface 


energy. This can also be seen by rewriting (2) as 


where the quantity in the brackets varies from 1 to 
2 as « changes from 0 to 1. 

When « is less than unity, there is a barrier to 
the growth of the second phase. A fluctuation which 
the 
Beyond a certain size the volume energy will exceed 
the 


again in a 


thickens new phase locally requires energy. 


growth will result 


The 


energy which must be supplied will depend on the 


other terms and continued 


lowering of energy. maximum of 


shape and length along the dislocation where the flue- 
tuation occurs. The problem is to determine the shape 
and size of the fluctuation which will require the 
minimum energy input to attain critical size. 

Let the shape of the nucleus be given by the radius 
function of distance, z, along the 


r(z), which is a 


dislocation line. The free energy of formation of a 


nucleus is then given by 


AF [—A log 


(rv |] 


af(r? — dz, (3) 


where 7’ dr/dz. The nucleus is at a saddle point 
in AF, that is, its shape is such that AF is a minimum 
in energy with respect to changes in shape and 
its size is such that AF is a maximum with respect 
to size. To determine the shape of the nucleus as 
the 


equation to this integral. This equation, when solved, 


well as its size, one applies Euler-Lagrange 


yields values for r(z) for which the integral is an 
extremum, that is 
or saddle point in AF. The solution we are looking 


either a maximum, minimum, 


for will have as its boundary conditions that when 
(l) r 
(2) 


Because the integrand is explicitly independent of 
z, the Euler-Lagrange equation takes on the simple 


partially integrated form? 


Og 
(4) 


r 


where g is the integrand and (, is the constant of 


integration. Letting r/r, = 1 + y, 
32, we obtain that 


dy 


dz 


| 
: 
To [2a-1(] Vi 
J “erage 
ro) 
L 
| om 
O1 04 05 O6 O7 O8 OS 10 
Fic. 2. ‘ 

r,. the maximum radius 
jen oth (9) 
0 1S 


NUCLEATION ON DISLOCATIONS 


where DISCUSSION 
If we take y as 200 ergs/cm* Gas 4 104 ergs/\ 

and b as 2: 10-8 em is approximately 2 A 
which is about what one wot expect. The radius 
of the nucleus would be of order 

Applying the first boundary condition, we obtain vicinity of « = 0.6, which oug! a lower limit 
C, =O. Substituting equation (5) into equation (3), for the validity of this model. The value of f required 
we obtain for « 0.6 is about 2 ‘ g or. for a molar 


volume of ILO ec. 500 eal/mol At this 


2\1/2 


AF Y) (I qd ) dy (6) corresponds to a supersatul ition oft about 30 \t 


such a point the homogeneous nucleation rate would 
where the second boundary condition requires that be 10-7 | sec-!, whereas this model predicts 
the upper limit is determined by a nucleation rate ! on dislocations 

assuming 10° dislocations/cm*. ' iodel predicts 

q(e) = 1 
a significant nucleation rate at vali f the par 

Equation (5) was integrated numerically, and meters which are within the limits « 
plotted in Fig. 3. The ordinate is the ratio Ff of At greater values of «. althoug 
AF* to AF*, for homogeneous nucleation, L6zy?/3f*, aspects of the model would deviat 


and is a measure of the nucleating power or appears to be no reason why the nucle 


dislocation. The abscissa is the parameter x. and the dimensions 


houke 

Chef qualitatively the pattern of the model 
One would expect that, at some point 
Some of the dimensions of the critical nucleus would be coherent with th trix 

are plotted in Fig. 2 in units of A/2z7y. The minimum occur only if the nucleation 

radius r, is given by equation (2). The maximum coherent nucleus. n therefo1 

radius ry is given by the condition that qi? | tion energy calculated here 

For a measure of length of the nucleus along the dis one might find. On 

expect an incoherent 


location Gi was chosen.t These three ; 
: tion relationship to the 


dimensions are plotted in Fig. 2s together. tol facial energy can be « xpected te 


comparison, with the radius of a homogeneous orientations 


nucleus, The model 


dislocation 


increasing \ 
instance that disloca 
vectors are more eftecti 
One would also 
to f. with increasing 
more effective The 
dependence 
oreatel tha 
To estin 


coplous 


pel unit volum<¢ 
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Fic. 3. The ratio of the nucleation energ 
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activation energy. The requirement for copious 


nucleation becomes 


AF* 
kT 


3avkT 


644° 


where the right side of equation (7) is roughly 


Equation (7) is plotted 


temperature-independent. 


in Fig. 4 and can be used to determine the x required 
for copious nucleation. It can be 


in the range of 0.4 to 0.7. 


seen that for most 
systems x will be From 


this value of x the required undercooling can be 


calculated. 
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Torsional Strain and the Screw Dislocation in 
Whisker Crystals* 


J. D. 


resulting from the presence of a screw dislocation 


Eshelby™ has derived the torsional strain 


parallel to the rod axis in an elastically isotropic, thin 


cylindrical rod of circular section. The twist per 


unit length is 


(1) 


where } is the magnitude of the Burgers vector, R 
the radius of the rod section, and & the displacement 
from the rod axis. For an 


of the dislocation line 


axial dislocation this becomes 


Eshelby, in a sufficiently thin- 
the 


As pointed out by 


whisker crystal (e.g. of R about one micron) 
twist due to a screw dislocation with a Burgers vector 
of reasonable magnitude should be of the order of 
degrees per millimeter, an amount which the appro- 
priate X-ray diffraction pattern would reveal. 
Consideration of the properties of the Weissenberg 
that this 


capable of revealing the torsional strain to be expected 


goniometer shows instrument should be 


The details are to be given 
elsewhere, but the principle may be 
X-ray 


strained single crystal in oscillation about the twist 


in a very fine whisker. 


briefly sum- 
from a torsionally 


marized: An reflection 


axis will occur over an angular range greater than 
that for the unstrained crystal by the angle of twist 
in the irradiated length of the crystal. In an oscilla- 
tion pattern with the film stationary this will produce 
no effect on the spot (disregarding any strain-produced 
Weissenberg with 


line-broadening). In a pattern, 


the film axially translated in synchronism with the 


TAB 


Specimen Growth 


No. direction 


LO] 
10] 


Total streak length, including discontinuities, Figs 


With achromatic objective of NA 
With apochromatic obiective of NA 
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specimen oscillation, the spot will be extended in 


length equivalently to the increase in the angular 


The 


length between such an extended Weissenberg streak 


range of reflection algebraic difference in 


and its corresponding oscillation spot then represents 


the angle of twist in the irradiated length. corrected 


for specimen length and beam divergence 


Equations (1) and (2) show the need for specimens 


of minimum diameter for use in corroborative 


For the present purpose, tin whiskers 


experiments 
less than | 
sample of tin-plated cold-rolled steel were selected 


u in diameter growing on a five-year-old 


Each was long enough to be secured across the 2-mm 


spacing of a fused silica U-frame made to mount in 
I 


the head of a Supper Model Weissenberg goniomete1 
It was first tacked in place with lipstick and then 


cemented with Canada balsam diluted with xylene, 


the initial surface tension sufficing to draw the crystal 


straight 

The expected elongation ol spots into streaks was 
found. Successive patterns were taken, with realign 
secure 1) Substantially 


different 


criterion for axial 


ment when indicated, to 


the same lengths of streak for reflections 


on the equatorial layer line, a 


alignment and negligible flexure strain and 


identical patterns on successive exposures indica 


mount Hardening 


stability of the crystal in its 


the balsam cement is rather leisurely, and the tim 


to achieve a stable pattern probably entails shifting 


1e Whisker and cement 


state of stress between t] 
Table | 
three specimens studied, corr 


length of 0.8 mm 


gives the angula 


specimen 


+ 
VIST 


between specimen ty 


determined from successiv‘ 


angular settings of the 


and specimen stationary 


] ] 
diameters were calculated 


4(£) — (1 
aR? 
b 
2) 
; 2" 
aR? 
| | 
| rrespondaing pecimel 
\ deg/mr Calculated 
l a 6.64 26.4 1.36 0.7 ) 
6.64 13.5 1.9 0.8 
3 100 5.83 11.4 1.9 ¢ 4 
| and 2 
1.3. 
173 
| 


211 200 


Fic. Ll. Weissenberg pattern of tin whisker specimen No. 1], 


oscillation pattern at lowe! 


range 95°, [101] oscillation 


zero level, with superposed 


translation extreme. Oscillation 
axis, unfiltered CuA radiation. 


as 6 the identity distance in the growth direction 
determined from oscillation patterns. In each case 
this is a lattice translation vector of the p-Sn cell. 
Measured diameters were obtained microscopically 
microslides and 


High- 


aperture oil-immersion objectives corrected for cover- 


after transferring the whiskers to 


cementing with balsam under cover glasses. 


glass thickness were used and two sets of measure- 
ments made, one at these Laboratories and the other 
at the New York office of the Bausch 


Optical Company. These are included in 


and Lomb 
Table 1. 
It is evident from the images seen, from the table. 
and from the expression for optical resolving power, 
that the whisker dimensions lie close to the limit 
of resolution. 


The 


agree more closely with each other than with those 


optically measured diameters nevertheless 


calculated from the specimen twist and equation (2). 
The 
an eccentric dislocation. However, applying equation 
No. 2, 


show Ss 


latter difference is in the correct direction for 


one obtains 


that 


1) to the case of 
E 0.9R, 
O.54R 


specimen 
Eshelby“? 


for a cylindrical section) the dislocation 


whereas when 


will be in unstable equilibrium and tend to be pulled 


out of the whisker 


23.5° 


2. Enlargement of similar pattern on Eastman Type 
film to show details of 200-streak. 
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There are other possible reasons for the discrepancy 
found. E. E. Thomas‘ has shown that tin whiskers 
such as this are irregularly fluted and do not fulfill 
The 


measured diameter also will thus depend on the aspect 


Eshelby’s condition of a circular section. 
the cemented whisker presents to the microscope 
that 


but 


objective. Thomas has further demonstrated 


such whiskers show holes on 


may polished 
unetched sections, which persist on successive re- 
sectionings. These hollow cores may be the site of 
the suspect dislocation. Removal of a core of material 
from a torsionally strained whisker will operate to 
the 
values of R. 

There the 


elastic strain in a cemented whisker and of plastic 


relieve strain and result in higher calculated 


remain possibilities of some tensile 


deformation incidental to handling and mounting 


the specimen. Specimens of sufficient length for 
this experiment have grown for a long time and in 
profusion; it is difficult to disentangle a likely sample 


without considerable risk of straining. 


400 301 101 101 
tin-whisker specimen 
unfiltered 


Fic. 3. Weissenberg 
No. 3. Oscillation range 70°, [100 
radiation. 


pattern of 
oscillation axis, 


The first two specimens were mounted with some 
difficulty; their patterns show evidence of plastic 
strain. Fig. 1 is the Weissenberg pattern of specimen 
No. l, 
30th 


extended streaks can represent rotation of the speci- 


and Fig. 2 an enlargement of the 200-streak. 


the gross and the fine discontinuities in the 


men without diffraction or discontinuity of twist; 
i.e. twist boundaries. Discontinuity in an oscillation 


spot can represent an orientation discontinuity in 


p, the inclination to the oscillation axis, hence a tilt 


boundary. A gap in both oscillation spot and Weissen- 


berg streak may represent material of another 


orientation: if this orientation can be found on the 
oscillation pattern, the possibility of deformation 


twinning in whiskers can be pursued. This is now 


under investigation. 
The third of the present specimens mounted very 
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easily and gave little cause to suspect plastic strain 
Its pattern, when obtained, showed smooth streaks 
(Fig. 3) free of the discontinuities of previous ex- 


perience. It so appears that the spot extension here 


is due to a purely elastic torsional strain. Despite 


the reservations referred to, there is thus substantial 
igreement between the observed angle of twist and 
that predicted by Eshelby as resulting from the 
presence of a screw dislocation in a whisker. It is 
interesting that of the proposed theories of spon- 
taneous whisker growth, that of Frank") does not 
predict the presence of the dislocation, and that of 
Eshelby'”? does not require it. The latter author 
also refers to a mechanism due to Seitz based on a 
spiral prismatic dislocation’ which would result in 
an axial screw dislocation in the whisker. 

The writer wishes to thank his associates, S. M 
Arnold for furnishing the whiskers, and W. C. Ellis 
for helpful discussion. Aid in the measurement of 
whisker diameters was contributed by F. G. Foste1 
of these Laboratories and Mr. Dale Cornell of the 
Bausch and Lomb Optical Company. The question 
whether X-ray diffraction could reveal the torsional 
strain was first raised in a private discussion by 
Dr. R. L. Eisner of the Westinghouse Research 
Laboratories. 

R. G. TREUTING 
Bell 7T'¢ lephone Laboratories. Inc. 
Mw ray Hill. Ne w Je rseé y. 
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Zur Teilchenform bei der Karbidausscheidung 
aus dem a-Eisen* 


stom gereimigt 
R i\umtempel itl 
Kiirzlich wurde in einer Ver6ffentlichunge™ durch drei aneinande 
Verbindung physikalischer Messverfahren die geo-  besonders tief 
metrische Form derjenigen Karbidteilchen bestimmt, — figuren 
welche sich aus tibersattigter Lésung im «g-Eisen Korn sowie aut n Kor 
ausscheiden. Dabei wurden im Gegensatz zu anderen cheidung zu beobachten 
Untersuchungen™: ®) die Karbidteilchen als platten- Die Proben wurden 
formig festgestellt. von trockenem Wassers 
Diese nur indirekt gewonnene Aussage konnte aut etwa 0.02 ( 
nicht mit Sicherheit an Hand elektronenoptischer bei 675°C homogenisi 


Beobachtungen nachgepriift werden. Solche im 1000 min bei 150°C 
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Karbidteilchen waren ausschliesslich plattenformig, 


in Ubereinstimmung mit den angegebenen 


Fig. 2 


drei 


Beobachtungen. zeigt dariiberhinaus, dass 


die Ausscheidung in aufeinander senkrecht 
stehenden Ebenenerfolgt. Daraus kann man schliessen, 
dass die Ausscheidung kohirent ist und auf den 
(100)-Ebenen des «-Eisens stattgefunden hat. In 
Fig. 2 ist dann das beobachtete Korn in einer (100)- 
Ebene, in Fig. 3 in einer (111)-Ebene geschnitten. 
Aus Fig. 2 kann man ausserdem die Gréssenordnung 
Platten 
Damit 


gewonnenen Aussagen tiber die 


des Verhiltnisses Durchmesser: Dicke der 


entnehmen. Es liegt ungefaihr bei 25: 1. 
werden die in" 
Ausscheidungsform des Karbides im «-Eisen auch 
quantitativ bestatigt. 

Frau Dr. A. Schrader méchte ich fiir ihre wesent- 
liche Unterstiitzung bei der Herstellung der Bilder, 
dem Institut fiir allgemeine Metallkunde in Géttingen 
fiir die Uberlassung des Materials danken. 


W. Pirscu 
Mazx-Planck-Institut 
fiir Eisenforschung 


Diisseldorf, Deutschland 


Carbonyleisen nach Reinigung in feuchtem 
aufgekohlt, bei 675°C homogenisiert, 
ausgelagert (mit 2° Picral 


Fie. 2 u. 3. 


Wasserstoff wieder 
wasserabgeschreckt und bei 150 
geaitzt, Lackabdruck). 
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On the Ductility of Iron at 4.2°-K* 

It is generally that the 
dependence of the tensile behavior of ferritic materials 
In one region the 


known temperature- 
is characterized by two regions. 
material displays plastic behavior, and fracture is 
preceded and accompanied by plastic deformation; 
in the other region the behavior is called “brittle.” 
There, fracture occurs with very little, if any, plastic 
deformation. 
temperatures between the two regions lie at about 
50 to 80°K.“; 2,3) The known tensile tests covered 
temperatures down to 23°K for AISI-C steel. That 
steel is not brittle at 4.2°K in the sense that materials 


In general, the observed transition 


like granite and glass are called brittle is evident 
from compression tests at 4.2°K, where the plastic 


strain obtained was of the order of 5%.” 
Some data available in the literature, mainly 
obtained from notch impact tests,‘® show that the 
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Stress-strain 


curves ol! 
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Ferrovac iron 


(a) 700 grains/mm? 


(b) 


2,600 grains/mm?. 


(c) 20,000 grains/mm?. 


transition temperature is strongly dependent on the 
The 


experiments were undertaken to determine whether 


grain size of the specimens tested. present 


by sufficient reduction of grain size it would be 


possible to produce a ductile fracture in tension in 
4.2°K. The 


vacuum-melted iron 


ferrite at a temperature as low as 


material used was “‘Ferrovac”’ 
supplied by Vacuum Metals Co., Cambridge, Mass. 
It had the following chemical composition: 
O N 
0.0027 O.OLO7 0.0004 


Al Co Cu 


0.001 0.003-—0.006 0.001 


Pb Sn 


0.01 0.005 


Mn 
0.005—0.007 


The 


wire, 


Mo Ni 
0.003 0.009 0.007 


obtained in the form of }-in. 


to 0.025-in. 


material was 


which was cold-drawn diameter, 
and after cutting into suitable lengths annealed in 
evacuated, fused silica tubes. The wires were placed 
in a sleeve of the same metal to prevent any possible 
contamination by contact with silica. 

Different 
the temperature and time of anneal. The specimens 


grain sizes were obtained by varying 


used had 3-in. gage length and were tested in a 
mechanically driven screw-type tensile testing machine 


at a strain rate of 1.37-10~-°/sec. The load on the 


specimen was determined by a load cell utilizing 


autographical \ 


resistance-strain gages, and was 
recorded by a pen recorder with 10-in. paper width 
For some time before and during the tests the speci 
men and the lower part of the tensile machine were 
submerged in liquid helium. 

The the 
dependent on its grain size 


Fig. | 


been annealed at 650°C for 1 hi producing i struc 


behavior of material was, as expected 


Typical stress-strain 


curves are shown in Specimens which had 


ture 
with 700 grains per mm*, exhibited brittle fracture 


after a mean plastic deformation of about | to 2.5 


As the load was increased, the specimen first extended 


elastically with some small drops in load afte! 


reaching a certain stress, the load dropped abruptly 
by about 15° further deformation being elastic 
until again a yield stress, nearly equal to the previous 
one, was attained, when another similar load-drop 


The 


strain curve resulting from such drops in load varied 


occurred. number of serrations in the stress- 


from specimen to specimen, and in one case as many 
as twenty were observed (Fig. la.). There was always 


a number of constrictions in the specimen corre- 


sponding to the number of serrations in the stress- 
the decrease in area in a typical con- 


15% The 


strain curve; 


striction was about small serrations in 
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Fic. 2. Brittle fracture of iron specimen deformed at 


1.2°K. ( x 55) 


the curve preceding the big 


drops may have been 


caused by twinning. Fig. 2 shows a specimen with 
a constriction near the point of fracture. 

The behavior was different for specimens having 
intermediate grain size (2,600 grains/mm*) obtained 
by annealing at 550°C for 1 hr. In this case the load- 
drops were less regular, being progressively larger. 
The typical stress-strain curve is shown in Fig. Ib. 
Here only one specimen showed a clear and _ pro- 
nounced reduction in area near the point of fracture. 

Specimens with the finest grain size (20,000 grains 
mm*), obtained by annealing at 600°C for 10 min, 
showed quite a few small serrations before fracture, 
The 
reduction in 
The 
behavior of iron at this temperature should not be 
that the 


twinning. 


but no big fracture, however, 


load-drops. 
ductile. 
60°, 


appeared to be area being 


approximately Fig. 3). discontinuous 


) 


regarded as evidence plastic deformation 


occurs completely by Reduction in area 


at the constrictions in each case was much larger 


than could be accounted for by the observed number 
of twins. The effect appears to be associated with 
the instability of plastic deformation at these tem- 
that the heat 


by the plastic deformation will cause localized de- 


peratures. It is believed generated 


crease In strength during the deformation due to the 


very low heat capacity together with the large tem- 


perature-dependence of the yield stress at these 


fine-grained 


deformed at 4.2°K. ( oo) 


Fig. 3. Ductile fracture of iron specimen 


von. &, 


1957 
temperatures. This phenomenon has been investi- 
gated in more detail with some other materials by 
one of the authors (Z. 8. B.). 

The present results show that the brittle-ductile 
transition temperature of ferrite can be depressed 
down to temperatures approaching absolute zero by 
The 


value of the reduction in area occurring at the points 


sufficient reduction in grain size. numerical 
of fracture, however, may not be of great significance, 
since it is possible that at the instant of fracture the 
the 


must be 


material is well above ambient temperature. 


Nevertheless, there sufficient ducility 


retained at the very low temperatures to enable the 
deforming region to warm up during plastic 
deformation. 

The most recent theory of brittle fracture does 
not predict any dependence of the brittle-ductile 
This 


dis- 


transition temperature on the grain size.": 
theory assumes that fracture is caused by a 
location group piling up against some obstacle like 
The this 
model is explained by assuming that at sufficiently 
the the 


other side of the grain boundary can be activated 


a grain boundary. ductile behavior in 


high temperature, dislocation sources on 
by the stress of the piled-up dislocations with the 
help of thermal fluctuations. The stress on the source 


L Ry} 


stress, L is the length of the sequence of piled-up 


is taken as o where o, is the applied 
dislocations, and r is the distance from the obstacle. 
This is justified if the material is coarse-grained 
and the stress-concentrating action of the slip planes 


With this 


approximation is no longer valid, the stress falling 


is large. very fine grain-size, however, 
more gradually as the distance from the boundary 
increases. In such a case the stress on the source 
will be comparatively greater: it is therefore to be 
expected that the sources will be activated before 
the stress at the tip of the piled-up group will reach 
the cohesion strength of the lattice. 

It is interesting to note the recent work of Smith 
and Rutherford” on the deformation of zone-refined 
iron at 4.2°K, in which an 80° reduction in area 
Since this 


finely polycrystalline (ca. 3000 grains/mm*), it would 


was observed at the neck. material was 


seem desirable, in view of the present work on less- 


pure iron, to investigate the behavior of zone-refined 
iron of coarser grain-size before concluding that this 
very pure metal is inherently ductile. 
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Dissolution of the Oxide Film on Zirconium* 


Introduction 
The 


heating in vacuum and leaves a clean metal surface. 


oxide film on zirconium disappears upon 


Gulbransen has demonstrated the importance of this 
effect in the absorption of hydrogen.”’ Since the 
equilibrium partial pressure of oxygen over ZrO, 


40 900°C, the reduction of the 


is only 10-79 atm at 


oxide evidently takes place by the loss of oxygen 
to the metal. 
In this investigation the rate of oxide-film dissolu- 


tion was measured by visual comparison of the 


interference colours of anodic films on zirconium 


before and after heating in vacuum. 
Expe rimental 


The specimens consisted of bars, ! 1 $ in. 


which were produced from a slab of zirconium arc- 


melted from crystal bar and rolled to a thickness 
of }in. Spectroscopic analysis showed the following 
composition in p.p.m.: Hf, less than LOOO; Fe, 300; 
Al, 50; Si, 50; Cu, 30; Ni, 30; Pb, 10; Cr, 2; Mg, 1; 
Zr balance. Other elements the 


of detection. 


were below limit 


The bars were wet-ground on 240-grit paper and 
pay 


THE 


EDITOR 


etched in a mixture of HF and HNO,? for 
mately 


approx! 
1 min. The bars were then anodized in | 
KOH solution at room temperature to produce 
This 


l-em sections on which successively increasing oxide 


Ste p 


was done by dividing each bar into 


film thicknesses were produced by anodizing from 
150 V in 10-V 
held at voltage one \ platinum 


section was 


increments 
half-hour 


0 to 
inode 
was used 

Polling 


anodic films produced at different constant currents 


and Charlesby® have shown that the 


had thicknesses corresponding to 30 A/V In the 


present study the film thicknesses determined by 


weighing foil corresponded to 27 A/V. There is no 


conflict in these values, since prolonged anodizing 


will yield slightly thicker films. The latter conversion 
factor is used in this report 
a platinum 


bell jai \ 


while at 


The step-gages were next heated in 


tube furnace contained in an 18 in 
maintained 


the 


10-§ mm He was 


After 


removed and compared with standards 


vacuum of 


temperature heating, specimens were 


Results 
The 
estimated to 3 V_ o1 


uniform and could 


90 A In all case 


thickness was 


color changes were 


about 


decrease in film approxim itel) 


OU) 


rate 


Dissolutic 


50 ml 


hvdrofluori 


LETTERS T0 179 
9. 
10. 
575 55 475 4! 
\ 
a 
\ 
\ 
1-O} t * 
\ 
id 


180 ACTA 


same for all film thicknesses (ranging from 270A 
for the thinnest to 4050 A for the thickest). 

At 450°C the decrease in film thickness was found 
to be linear for times up to 30 hours. Such a depen- 
dence was assumed to apply to other temperatures 
The data for a range of temperatures are 
Fig. 1. 


the time in hours the specimens (pairs of bars) were 


as well. 

shown in The number beside each point is 
held at temperature. The curve is in good agreement 
the the 
perature range, despite different times used for the 
This 


dissolution. 


with Arrhenius relation over entire tem- 


linear law 


43.5 


tends to confirm a 


The 


measurement. 
of film 


keal/mol. 


activation energy is 


(‘onclusions 

The rate of disappearance of oxide indicates a 
the 
Presumably, oxide ion transfers from the oxide to 
the 


uniform reduction at metal-oxide interface. 


the metal and metal-oxide interface moves 


toward the surface. 
and 


with the data of Gulbransen 


hat the rate of film dissolution is 


Comparison 


Andrew") shows 


METALLURGICA, 


VOL. 8, 1957 
negligible in comparison to film growth in oxygen 
in the temperature range 200° to 425°C. Gulbransen 


found an energy of activation of 18.2 kcal/mol which 


represents oxygen diffusion through the oxide. This 


is significantly less than 43.5 kcal/mol and one may 
conclude that oxide dissolution is limited by another 


process perhaps the electron transfer at the interface. 
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DEFORMATION AND FRACTURE OF SMALL SILICON CRYSTALS* 


G. L. PEARSON, W. T. READ Jr., and W. L. FELDMANN 


Both whiskers grown from the vapor and rods cut from bulk silicon were tested in bending 01 


range of temperature. At 25°C, whiskers around 20 4 in diameter deformed elastically up to frac 
at elastic strains as high as 2.69%. The fracture strength of cut rods increased as size decreased and 
equal to that of whiskers for the same cross-sectional area. Introducing dislocations by bending at 
temperature had little or no effect on the room-temperature fracture stress. Above about 600° 
whiskers and rods deformed plastically with a sharp yield-point, which could be recovered b ging 
The behavior is similar to iron containing carbon, except that the yield stress decreas« ore rapidly 
with increasing temperature. The results indicate that even the smallest of these specimens contain 
many dislocations which are locked by impurities. Fracture is apparently due to defects, other 


dislocations, that are not present in the smallest samples tested 


DEFORMATION ET RUPTURE DE PETITS CRISTAUX DE SILICIUM 
On a soumis a la flexion, a différentes températures, des barbes obtenues par condensation d 
et de minces barreaux tirés de la masse de silicium 4 25°C, les barbes. de 20 mw de diamét1 


se déforment élastiquement jusqu’a la rupture avec une déformation élastique aussi élevée que 2, 
La résistance a la rupture des barreaux s'accroit lorsque leur taille décroit; pour une section identiqué 
a celle des barbes précédentes, leur résistance est égale a celle de ces derniéres. La création de dis 
locations par flexion a température élevée n’a eu que peu ou pas d’effet sur la 
température ambiante. Au-dessus de 600°C environ, les barbes et les barreaux montre 
plastique un “yield point” aigu qui se restaure par vieillissement Le comportement est 
a celui du fer contenant du carbone sauf que la tension d’amorce de déformation plastique de 
rapidement lorsque la température s’accroit. Les résultats indiquent que méme le plus petit de 
échantillons contient de nombreuses dislocations immobilisées par les impuretés. La rupture « 
apparemment aux défauts autres que les dislocations, qui sont absents de plus petits des échantillons 
examinés. 
VERFORMUNG UND BRUCH VON KLEINEN SILIZIUM-KRISTALLEN 

Sowohl aus dem Dampf gewachsene Whiskers als auch aus kompaktem Material herausg 
Stabe aus Silizium wurden bei verschiedenen Temperaturen Biegeversuchen unterworfen 
verformten sich Whiskers mit ungefahr 20 «4 Durchmesser elastisch bis zum Bruch, wobei 
Dehnungen von 2,6% erreicht wurden. Die Bruchfestigkeit der geschnittenen Stabe nahm n 
werdenden Abmessungen zu und war fiir gleiche Querschnittsflache etwa dieselbe 
Whiskers. Das Einfiihren von Versetzungen durch Biegen bei hoher Temperatur 
nur einen geringen Einfluss auf die Bruchspannung bei Raumtemperatur. Oberhi: 
verformten sich Whiskers und Stabe plastisch und zwar unter Ausbildung einer s 
die durch Alterung wiederhergestellt werden konnte Das Verhalten Ahnelt der 
stoffhaltigem Stahl, abgesehen davon, dass die Streckgrenze mit zunehmender 
abnimmt. Aus den Ergebnissen geht hervor, dass selbst die kleinsten Proben zal 
enthalten, die durch Verunreinigungen festgehalten werden. Der Bruch ist off 
Versetzungen, sondern anderen Fehlern zuzuschreiben, die in den kleinsten der 
nicht vorhanden waren. 


1. INTRODUCTION munication obtained 


The purpose of this investigation was to study the germanium whiske1 
fracture and deformation of silicon, especially small stress or strain was 
specimens of silicon. Herring and Galt” observed The purpose of the 
that small tin whiskers, which grow spontaneously measure the stress- 
on thin-plated surfaces have a mechanical strength temperatures and in pat 
approaching that of perfect crystals; the maximum range. We have tested both whiskers 


elastic strain measured was about 3%. Even higher the vapor and specimens cut from bulk silicon 


values have been measured on iron whiskers by we shall call rods. A technique was developed fo 


Brenner.’?) Eisner™ measured 2.03°,, or 390 kg/mm*, preparing square rods as small as 15 4 on a side 


on a silicon whisker about a micron in diameter Thus, whiskers could be compared with rods 


tested in tension. Mrs. J. F. Breidt (private com- equal cross-section and the effect of size on streng 


 writieiat could be studied over a wide range of sizes 
* Received May 4, 1956. 
+ Bell Telephone Laboratories, Murray Hill, New Jersey. Both the whiskers, which were around 20 4 
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diameter, and the rods of comparable cross-sectional 
area displayed the high-room-temperature fracture 
stress; the average was about 2.2 « 10!° dynes em~?, 
or a little over 1° elastic strain. The highest strain 
observed was about 2.6%, which is comparable to 
the theoretical value for a perfect crystal. However, 
the results at high temperatures indicate that even 
the smallest specimens contain many dislocations. 
Above about 600°C these specimens have a sharp 
yield-point, which can be recovered by aging. The 
similarity to iron containing carbon is striking, and 
suggests a Cottrell mechanism. The locking impurity 
may be oxygen, which has no electrical effects and 
consequently is difficult to detect. Kaiser, Keck, and 
Lange’) have shown by chemical analysis that 
silicon crystals not grown in a vacuum contain about 
0.01 at. 


saturate all the dislocations even in a severely bent 


per cent of oxygen, which is sufficient to 


sample. 
2. WHISKERS 
Pre paration of wh iske rs 
It was first observed by J. A. Ditzenberger (private 
that the 
cooler portions of a sealed quartz tube in which pieces 


communication) silicon whiskers grow on 
of silicon are being heated in a temperature gradient. 
We have used a gradient of about 10°C per em, and 
a maximum temperature, in the center of the tube, 
of 1250°C. The tube contained various gases, includ- 
ing boron tetrachloride and oxygen. The diameters, 
We 


have used whiskers that were between 16 and 28 in 


lengths, and uniformity of the whiskers varied. 


») 


diameter, at least 2 mm long, and of uniform cross- 


section. The whiskers of larger diameter tended to 


have a tapering cross-section. In all cases the axis 


of the whisker was a (111) direction. Fig. 1 shows a 


side and cross-sectional view of a whisker 56 mw in 
diameter. The cross-section was always hexagonal. 
The side surfaces were not, however, perfect planes; 
noticeable roughness in the 


the figure shows a 


longitudinal direction. 


¥O4,. 5, 


1957 


Method of bending 

Fig. 2 shows the method of loading. The whisker 
is mounted on a quartz support A. A force is applied 
to the center of the whisker by a quartz fiber hook 
Fig. 3 is a micrograph of 
The the 


150 to 250 uw in diameter. 
the whisker 


whisker and hook. end of 


support is inserted in a furnace, as shown in Fig. 2. 


Whisker temperature is measured with a thermo- 
couple mounted near the whisker. The support A 
and quartz fiber hook emerge from the furnace. The 
lower end of the quartz fiber hooks over a cantilever 
spring mounted on the base B. The support A is 
moved relative to the base B so that a given total 
displacement is imposed on the whisker and spring in 
series. A microscope mounted on the base measures 
the spring deflection, from which force is calculated. 
For most experiments a relatively hard spring was 
used to record a possible sharp yield-point. Another 
microscope attached to the support A measures the 
whisker deflection by the displacement of a fiducial 
mark on the quartz hook. 

The insert in Fig. 2 shows the quantities measured. 
F is the applied force and 6 the deflection of the 


center of the whisker. The maximum value of F in 


(a) fracture surface normal to length, 


b) side view. 


1. 


Silicon whisker. 


(a) 
(b) 1 
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TANGENT CIRCLE 
QUARTZ 
HOOK 4 


WHISKER 


er 


MICROSCOPES: 


A 


FOR MEASURING 


-- WHISKER DEFLECTION 


FOR MEASURING 
5 SPRING DEFLECTION 


Fic. 2. Method of bending whisker in furnace 
and measuring force and deflection. 


tests on whiskers 20 u in diameter was about a gram. 
The distance 2/ between supports was 1.20, 1.78, or 
3.15 mm, depending on the length of the whisker. 
In both the elastic and plastic range the maximum 
R by 


R is the curvature and r 


strain ¢ is related to the radius of curvature 


r/R 


the radius of the whisker. 


Kr, where « 


Fig. 3(a) shows the whisker and hook in the range of 


(b) 


Fic. 3. Bent whisker and quartz fiber hook. 
(a) elastic bend 


(b) plastic bend. 
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elastic deformation. In Fig. 3(b) the whisker has been 
bent plastically. As expected, in the plastic range the 
deformation is much concentrated ir the 


more 


center of the whisker. 


Elastic deformation 
In the elastic range the stress and strain « 
F and deflection 6. 


formulas of elastic-beam theory. Assuming a circular 


be 


found from the force using the 
cross-section, which should be a good approximation 


to a hexagon, we have for the maximum strain ¢ and 


the maximum tensile stress co. 


2) 


Ee, 


direction 


where 
The 


by 


related by 


constants 


The stress and strain are 2) 
E is the Young’s modulus in a 
values of the 
McSkimmin, Bond, and 
EB 1.9 This 
within the accuracy of measurement of r with the 


1) and (2) 


measured 
Teal, 


value 


elastic 
Buehler, give 


dynes cm * agreed 


measured slope £'/d, where from equation 


Because the slope F/d varies with the fourth powel 
of r, it Was more accurate in some cases to determine 
r from the measured F/d and known E rather than by 


a direct microscopic measurement of the thickness 


Load-de flection CUrvES 
Fig. 4 shows load-deflection curves at each of four 


different temperatures 30°, 650°, 700°, and 800°C 


each 
The 


LO! 


These are typical of many such curves taken at 
of at 


coordinates are proportional to deflection 0 and 


these temperatures and also 

F respectively. The constants of proportionality 
the elastic the ¢ dina 
The sti 


itnel 


so chosen that in range rays) 


reduce to stress and strain, respectively 
strain curve remains linear until the whisker « 
fractures or yields. 

The maximum stress is given by equation 
in the elastic range, where the stress varies linearly 


the When plastic defor 


begins, the curve of stress vs. distance from the ni 


ation 


utral 


through thickness. 


axis becomes S-shaped, with the maximum slope in 


the center. Thus for a given bending moment the 


for a linear 
4 should 
be regarded as an upper limit on the actual maximum 
In the the 


constant compression above the neutral plane and a 


maximum stress is less than it would b« 


distribution; so the stress coordinate in Fig 


limiting case where stress iS a 


Stress. 


YA | le 
} 
Y | 
YA || | 
| 
| | Z | 
| 
| | 
[2/39 
F 
Oo 
JOL. EB 3) 
(a) 2 
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Load-deflection curves for silicon whiskers 
at several temperatures. 


tension below, the actual maximum stress 


0.59 of the calculated 


constant 


will be stress for a circular 
cross-section and 0.67 of the calculated stress for a 
rectangular cross-section. Thus the errors involved 
in using equation (2) for the maximum stress will be 
less than 41° 

The 


given by 


and 33° 


respectively. 
that 
will 


will be than 
The r/R 


probably always be accurate, but in the plastic range 


maximum strain creater 


equation (1). relation ¢ 
the maximum curvature will be considerably greater 
since the deformation is more 
We 


shall use equation (2) as an approximation to the stress. 


than in the elastic case, 


concentrated near the center (as shown in Fig. 3). 


However, in the plastic range the horizontal axis in 
Fig. 4 should simply be regarded as a quantity 


proportional to the deflection. 


Fracture 


We shall call Of, 


temperature up to about 600°C the whiskers fracture 


the fracture stress. From room 


before any noticeable flow has occurred (unless the 
whisker has previously yielded at a higher tempera- 


ture). From about 600° to 650° the whiskers mav 


either flow or fracture or fracture after a small 


amount of flow. 
The solid circles in Fig. 9 represent the measure- 
ments of room-temperature fracture stress plotted vs. 


cross-sectional area. Within the considerable scatter. 
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no dependence on area is evident over the small range 
of area shown. The point at 5 x 10!° dynes em~?, 
which corresponds to 2.6°, elastic strain, is the 
highest stress observed in this investigation on any 
specimen and may possibly be the fracture stress of a 
Within the the 


stress appears to be the same throughout the range 


perfect crystal. scatter, fracture 


in which fracture occurs. 


Yue ld-point 

In all cases where the whisker flowed plastically, 
there was a pronounced yield-point, or drop in stress 
from the upper to the lower yield stress. In Fig. 4 the 
total 
constant as the stress dropped. 


whisker plus spring was held 
the 


deflection curve follows the load line of the spring. 


deflection of 
Hence force- 
As the whisker deformed, the spring unloaded. Where 
the whisker was flowing, the curve is shown dashed. 
The points on the solid sections represent equilibrium 
points. The time required to drop from the upper to 
the lower yield stress was variable from whisker to 
whisker. The halfway point was reached between a 
minutes. The rate of flow 


few seconds and a few 


decreased as the stress dropped. In several cases 
the sum of the spring and whisker deflections was 
reduced during yielding so as to hold the whisker 
the This 


is shown in the first peak in Fig. 10, which was 


deflection constant as stress dropped. 
taken on a small specimen cut from bulk silicon, as 
will be discussed in Section 3. 

We shall call a, the yield stress, or stress at which 
vielding begins. This is also known as the upper vield 
stress. Since yielding begins at the upper limit of the 
elastic range, a) and the corresponding strains are 
correctly given in terms of F by equation (3) and can 
be determined directly from Fig. 4. 


Flow, or lower yield, stress 


The solid sections of the curves in Fig. 4 represent 
equilibrium points, where there is no creep. Following 
the dashed sections, where the whisker flows under 
decreasing stress, there is a small increase in force as 
thereafter the 
We shall call the stress 
corresponding to the flat part of the curve the flow, 


deflection is increased and force- 


deflection curve remains flat. 


or lower yield, stress and denote it by a,,. 

The apparatus was gently tapped by hand during 
the yielding and flow. If this was not done, the force- 
deflection curve, instead of being flat following the 
initial yield, was jagged, showing repeated yielding. 
The peaks, however, were smaller than the upper 
vield stress. The necessity for tapping appeared to be 
that 


greater at lower temperature. In a whisker 
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flowed at 500°C (after yielding at 800°C, as will be 
discussed later) the repeated yielding could not be 


eliminated even by vigorous tapping. 


Fracture, yee ld, and flow Stress vs. temperature 


Fig. 5 shows Orps Oy and O,;,ona log scale plotted 


vs. temperature. Each point is the average of four or 


more measurements at that temperature. The points 
at a given temperature showed considerable scatter, 
the extremes sometimes differing by a factor of 2. 

A plot of log a) vs. the log of the absolute tempera- 
This 


rules out the possibility that the whiskers are perfect 


ture 7’ would have a negative slope of about 5. 


crystals in which plastic flow begins when the stress 
becomes high enough that dislocations could be formed 
in perfect material by thermal activation. The stress 
required to nucleate dislocation loops in a_ perfect 
crystal would vary negligibly over the temperature 


range studied here. 


Creep of St whisker 

A silicon whisker at 800°C was loaded at a stress 
two-thirds of the average yield 


about 
whiskers at 
several minutes, plastic deformation by creep began. 
The load was held constant. The creep rate increased 
with time, reached a maximum in about a minute, 
The then 


the constant 


and then decreased to zero. deflection 


remained constant undet load for over 


an hour. Fig. 6 shows the deflection 6 vs. time. No 
data were taken during the early portion of the creep 
when the creep rate was rising. This section is shown 
dashed in the figure. However, such measurements 


were made on another specimen tested under simila1 


3 
FRACTURE 
YIELD 

FLOW 


200 400 600 800 
TEMPERATURE IN DEGREES CENTIGRADE 
Fic. 5. Fracture, yield, and flow stress 

vs. temperature for silicon whiskers. 


FELDMANN: 


stress of 


After an incubation period of 
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Fic. 6. Defle« hisker 


time for 


load at 


tion vs 


conditions, except with a soft spring instead 


constant load: the creep rate rose continuously to its 


The 


after an incubation period of about 15 min 


maximum. second specimen began to creep 
\gain 
the stress was about two-thirds of the average vield 
stress at 800°C. The total time of creep Was about one 
hour. The fact that the creep rate drops and eventually 
becomes zero indicates that the whisker work hardens 


In contrast, Fig 


during creep at constant stress 


shows that there is no work-hardening if the stre 
is never raised appreciably above the minimum stre 
required to cause flow. 

The curve in Fig. 6 is almost identical in sh pe W ith 
that Gensamer and Mehl‘® for 


measured by creep of 


iron containing carbon 


Strain aging 


Several whiskers were wed {ol 
they had yielded and the stress had dropped 1 
‘arrieda 


Both the deformation and aging were 


800°C. In some cases there w no recovery « th 


vield-point, in others a partial recovery ohest 


vield stress aiter recovery ibout Lil the 
original vield stress In thi 

differ 
completely in two hours at 
The fact 


on aging suggests that yielding occ y the 


from rods which recovere yield-point 


800°C. as will be discussed 


in Section 3. that the recovery 


SOM 


Cottrell 


mechanism \ semi-quantitative spectrographi 


analvsis by Mrs. M. H. Read showed that the whis 
the 


kers 


contained order of 0.1°, of boron Electrical 


measurements showed them to be p-type with a 


resistivity of 1.2 10-% ohm cm at room temperature, 


which is consistent with the spectrographic result 


Oxygen was also present during the growth of the 


whiskers. Hence, from the recent results of Kaiser, 


Keck, and Lange,'® it is reasonable to suppose that the 
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Either 


as the locking 


whiskers contain around 0.01°%, of oxygen. 


boron or oxygen or both could act 


impurity. 


Re loading at a lower te mpe rature afte r ye ld at 800°C 
The 


load was reduced during yielding so as to maintain a 


Several whiskers were deformed at 800°C. 
constant deflection as the stress dropped. After some 
additional strain at the flow stress, or lower yield-point, 
the temperature was lowered and the whisker reloaded. 
Table 1 gives the results of reloading the whiskers. 


The 


behaved elastically up to the stress o, at which they 


T is the temperature of reloading. whiskers 
either fractured or yielded. F indicates fracture, and 
Y yield. YF means that the whisker first yielded 
and then fractured after a small amount of flow. V 
is a lower limit on the density of dislocations introduced 


by bending at 800°C. Cahn™ has shown that the 
minimum dislocation density for a curvature 1/R is 
1/bR, where 6 is the magnitude of the Burgers vector, 
which is 3.85 A in silicon. The radius of curvature R 
could not be measured between the initial deformation 
at 800°C and the reloading at lower temperatures. 
However, an upper limit on R can be found from the 
that the bent 


whisker forms the are of a circle. This limit may in 


measured deflection by assuming 


fact be a goor approximation for deformation at 800°C. 


In Fig. 7 the radius of curvature calculated from 


R = [7/20 is 1300 uw, as compared with the measured 
A lower limit on the density of dislocations 
26/bI?, where 6 is the 
deformation at 800°C. 


1000 
given by NV 

permanent deflection after 
N in Table 1 is a lower limit on the dislocation density 


is therefore 


in the center of the whisker when it either yields or 
fractures on reloading on temperature 7’. 
Table 1: (1) A 


more introduced 


Two conclusions can be drawn from 
dislocation density of 108 em" or 


by bending at 800°C appears to reduce the room- 


TABLE 


N 
107 em~?) 10° dynes cm~*) FY 
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(d) 


Fic. 7. Whiskers bent at different temperatures to 
approximately the deflection. ‘iy temperature, 
R minimum radius of curvature. 

(a) 7 600°C, R 
(b) T 650°C, R 
(c) T 700°C, R 
(d) 7 800°C, R 


same 


300 
425 u. 
650 wu. 
MM. 


temperature fracture stress by less than a factor of 2, 
which is within the scatter. This supports the idea 
that the little relation to the 


number of dislocations in the crystal. (2) A crystal 


fracture stress has 
that has yielded will deform plastically at temperatures 
where an unyielded crystal would fracture. This is 
to be expected from the Cottrell mechanism and from 
Fig. 5; that is, there is a temperature range where 
the fracture stress lies between the upper and lower 


yield-points. 


Form of plastically bent whiskers 

When the bent whiskers were unloaded, the load- 
deflection curve was parallel to the initial elastic 
The 


removed and photographed. 


portion. permanently bent whiskers were 
Four whiskers bent to 
approximately the same maximum deflection but at 
The 
figure shows that at higher temperatures the deforma- 
that is, the 
curvature is less, but the deformed region extends 
farther the 


temperatures a large concentration of dislocations 


different temperatures are shown in Fig. 7. 


less concentrated: maximum 


tion is 


out from center. Apparently at low 


must be built up in the plastic region in the center of 
the whisker before the plastic region will spread into 


the adjacent elastic regions. 


(a) 

(b) 

( 
25 3 18.7 F 
25 12 13.7 F 
25 14 9.8 F 
25 14.3 F 
95 95 15 5 F 
25 27 8.1 F 
100 2 33.4 F 
450 8.8 14.3 YF 
$50 2.2 15.6 Y 
475 1.] 15.7 YF 
500 18 10.5 
508 2 15.5 Y 
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Fig. 8. Straightening of bent whiskers during 
annealing at 1320°C. 


Unbending during annealing 
Three bent Si whiskers were annealed for over 100 
hours at a temperature of 1320°C. The angel of bend 


in 


The initial 


was measured periodically. The decrease 
angle is plotted vs. log time in Fig. 8. 
angle 4, is listed for each specimen. For the whiskers 
with 4, = 26° and §= 41° the 


varies apprcximately linearly with 


angle 


that 


decrease in 
the 
varies inversely with 
that 


time: 
is, the rate of straightening 
This 


Brenner 


result is similar to obtained by 
Morelock’®) for the 


plastically kinked copper whiskers. There seems to be 


time. 
and 


no simple relation between straightening rate and 
angle. For example, after 100 hours one of the 
whiskers had 4 21°, but its annealing rate was the 
same as that for the other whisker for which ) = 36 

The third whisker, with 0, = 36°, 


ig. S. 


does not follow the 
straight line in F The rate of change of angle 


with log time apparently decreases as time increases. 


Other methods of loading 


stress calculated from the 


the 
bending moment there will be some localized stress 


In addition to 


near the area of contact between the quartz hook 
and the whisker. According to elasticity theory, the 
contact stress will be infinite. Hence, either the 
whisker or the hook must deform plastically near the 
contact. It was thought that the load at yielding 
might be determined by the unknown contact stress 
rather than by the bending stress as calculated from 
equation (3). To study this possibility we mounted 
the The 


would deform and reduce the contact stress 


a nickel sleeve on quartz hook. nickel 


below 
the bending stress. The results obtained with the 
nickel sleeve agreed within experimental scatter with 
those the 


conclude that the stress calculated from the bending 


obtained with quartz hook. Thus we 
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moment and recorded in the figures is the correct 


maximum stress. 


Several whiskers were tested in pure tension at 


room temperature with their ends connected to 


movable supports. Fracture occurred in the center, 


and at approximately the same stress as in bending 


Oxide coating 

The conditions under which the whiskers are grown 
make it probable that there is an oxide coating on 
the Such a affect the 


temperature-dependence of 


coating might 


the 


surface. 
strength in two 


possible ways: (1) The oxide might be responsible 
for the high strength of the whiskers at low tempera- 
eliminated by etching 


The 


temperature fracture strength remained unchanged. 


ture. This possibility was 


several whiskers in hydrofluoric acid. room- 
The same was true of another whisker that was heated 
in vacuum (10-® mm Hg) for half an hour at 1300°C, 
so as to remove any oxide layer more than a few 
(2) An oxide film might form at the 
This 


whisker at 


molecules thick. 
high temperature and weaken the whiskers 
was shown not to be so by heating a 
800°C and testing at room temperature; the fracture 


streneth remained unchanged. 


Germanium and zinc-oxide whiskers 
We 


germanium and zinc-oxide whiskers 


have also made a few measurements on 


The germanium 


whiskers. which were about 20 uw in diameter. wer 


grown by H. Christensen by vapor decomposition of 

about 500% 
rhe 

Above 


The decrease of vield stres 


Gel, in a temperature cradient at 


The axis of the whiskers was /11] fracture 


stress was 1.3 10'° dynes cm 350°C the 
whiskers vielded. With 
temperature agreed with an extrapol ition of Vogel’s 
(unpublished) measurements on large germanium rod 
The ZnO whiskers were grown by D. G. Thomas by 
and hydrogen 
1250°C 


had a Wurtzit 


mixing zine, oxygen, vapor in an 


alumina tube at about These were hexagonal 


in cross-section and structure with 
the c lengthwise Young's 
direction found to be 1.0 


An elastic strain of 1.5°,, before fracture was m«¢ 


axis modulus in 


was dynes 


sured 


on a whisker 21 uw in diameter at room temperatur 


This was only slightly greater than the maximum 


strain at fracture of a 26-4 whisker at 800° Subli 


mation occurred before a temperature sufficient to 


observe plastic deformation was reached 


3. RODS 


Tests were made on silicon rods of various 


study the effect of size on fracture and yield 


READ, 
6h + a + + + + + + + + + 
he 
St.43 69=26 
| | St 67 =41° 
4S Si69 36° 
1 | 
1 
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TIME TERS 


Effect of size on room-temperature fracture 


compare the whiskers with specimens of the 


size cut from bulk silicon. 


Preparation of small rods 
The 
Andrus. 


in a silicon wafer. 


following technique was developed by J. 


A series of fine parallel saw-cuts were made 


The 


exposed side was lapped down to the saw-cuts, thus 


and the side with the cuts cemented to a block. 


leaving a TOW ot parallel r ds. The rods could be made 
as small as 75 uw square. Smaller sizes were obtained 
by carefully controlled etching which preserved the 
Too 
the corners and too slow 
The etch finally 
HNO,, HF, and 1°, 
aqueous solution of AgNO,. All rods of both small and 


approximately square cross-section. fast an 


etch rounded off an etch 


made the faces concave. used 


consisted of equal parts of 


SILICON ROD 
AREA =9x1075 CM? 
TEMP = 800°C 


CENTIMETER 


4 6 8 10 {2 14 16 
DEFLECTION IN CENTIMETERS 
silicon rod 


Stress-deflection curve for a 


showing yielding and aging. 
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The wafer was then turned over 
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large size were etched and then annealed for half an 
hour at 800°C before testing. 


Fracture at room te mperature 

The rods, like the whiskers, deformed elastically 
The 
room-temperature 
The 


curve 1s 


up to fracture at room temperature. 
the 
fracture stress of rods vs. cross-sectional area. 
The 
A size effect is evident 
For 


about 100 «won a side the fracture stress is independent 


open 
circles in Fig. 9 represent 
solid circles represent the whiskers. 
drawn to fit the data on rods. 
despite the considerable scatter. rods above 
of size and equal to the strength (~3.5 10° dynes 
bulk Rods 


smaller than about 50 4 on a side do not differ 


em?) of etched and annealed silicon. 
noticeably in strength from whiskers of comparable 
size. Between 50 4 and 100 u the strength drops 
from an average of about 2.2 10!° to 3.5 10° 
dynesem~*. Thescatter increases as the size decreases, 
as would be expected if the size effect arises from a 
stress concentrators (for 


random distribution of 


example, surface irregularities). 


Yield and aging at 800°C 


Fig. 10 shows the stress-deflection curve of a rod 


tested at 800°C. At the upper yield-point the load 


was reduced so as to maintain constant deflection 
during the unstable period of dropping stress. After 
a small amount of deformation at the flow, or lower 
vield, stress the rod was held at constant stress and 
800°C for 2 hr. 


deflection at The yield-point was 


completely recovered. On the second yielding the 
stress was allowed to relax along the load line of the 
spring. Only about one-half of the original vield-point 
was recovered if the crystal was annealed for only 
one half-hour. These results agree with the Cottrell 


mechanism of yielding and aging. 


Yield stress at SOO°C 


The upper yield stress and the lower yield, or flow, 
stress were independent of size over the range of 
5 to 10°? em?. 
108 and the 
10° dynes The 


cross-sectional areas from 
The average upper yield stress was 1] 
flow or lower yield stress was 4 


corresponding values for whiskers at were 


5 10° and 2.3 
at 800°C was not affected by a preliminary anneal for 2 
hr at 1200°C. 


For large rods, 200 to 600 uw on a side, the rate of 


109 respectively. The yield stress 


flow during yielding was highly variable, but on the 
average considerably slower than for small rods and 
whiskers. Frequently more than 10 min were required 


for the stress to drop half-way to the lower yield stress 
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AND 


Fig. 11. 


Activation energy 
perfect material vs. applied stress r. 


required to nucleate slip in 


when the stress was allowed to relax along the load 
line. A 


investigation, 


were tested earlier in the 
data 


rapidly and no vield-point was detected. The load- 


ds 


the 


number of 


when were taken more 
deflection curve appeared to be flat in the plastic 


range. 


Large rods, 1O00—-1300°C 


Rods 


current through them, and _ bent 


1.90 by 1.47mm were heated by passing 
by applying the 
force at two points so as to produce a region of 


The 


measured by a radiation pyrometer. 


uniform bending moments. temperature was 
Only the yield 
stress was measured. It dropped from 7 10° dynes 
108 at 1300°C. When the 


measured points were plotted as in Fig. 5, they fell, 


em? at 1000°C to 2.5 
with little scatter, on a straight line approximately 
parallel to the yield- and flow-stress curves for the 


whiskers. 


4. DISCUSSION 

Crystal perfection 

The high-temperature tests on the whiskers show 
that room-temperature fracture strength is not an 
adequate criterion of crystal perfection. Cottrell has 
shown that, in a perfect crystal, the yield stress would 
vary negligibly over the temperature range 600-—800°C 
In the appendix we discuss Cottrell’s derivation of the 
activation energy é required to nucleate a dislocation 
loop with a shear stress 7 acting on the slip system. 
The results are plotted in Fig. Ll. T, is the critical 
stress required to produce slip in perfect material 
without thermal activation. &, is a constant of the 
material: it depends on 7,, the elastic constants, and 


the slip vector. For silicon, @, is about 
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Nucleation in the temperature range 600—-S00°C would 
require that the activation energy be no greater than 
about 8 eV. which corresponds to nucleating the orde1 
Thus, 


yield stress could not be less than about 85° 


of one loop per em? per sec. even at SOO°C, the 


Ol the 
T, required to create 


Most 


the temperature becomes large enough 


stress loops without 


critical 


thermal activation materials will melt before 


to reduce the 
required stress by an appreciable fraction of its value 
at the absolute zero of temperature. 

The fact that small enough rods have the same room 
temperature fracture stress as whiskers but have the 
same yield stress as bulk silicon at 800°C is further 
evidence that the room-temperature fracture strength 
is not due to a low dislocation density It seems 
the 


reasonable to assume that fracture stress is 


determined by some other type of imperfection 
perhaps one which produces a stress concentration 
The fact that 
be raised by etching suggests that surface irregularities 


The fracture 


the fracture stress in bulk silicon can 


may be the important ones strength 


begins to increase when the total surface area decreases 


below about 10-% em?, or the volume below about 10-5 


cm®. This sets limits on the density of surface and 


volume defects that could act as stress raisers and 


The small effect of prior deformation 
the 


cause fracture 


at SOO°C on room-temperature iracture stress 
agrees with the idea that the fracture is completely 
brittle and not a result of dislocation motion. It 
suggests that the stress fields of dislocation 1O 
play a major role in fracture 

The fact that there is no effect of siz 
stress means that the maximum stress at 
is approximately equal to the 


Thus 


smallest 


crystal there must 


even Oul specimens 


dislocation density for which 
effect in yield 

dimensional network 

roughly where is 
cutting a square centimet 
having a node 
exp V N32 


the 


not 
therefore 
theoreti 


would have 


a node which could is the pinning point 


Our 


contailms 


in the Frank-Read mechanism smallest ervstals 


have a volume of about 10-® em®. Hence the should 


the 


be reasonable probability ot re 
vield stress if NV is less than 104 em?. Evidently 
our crystals was larger than this 


We 


perfection in two conc lusions | 


may summarize this discussion of crystal 


l‘racture stress in 


silicon apparently has little relation to dislocation 
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density; (2) the technique of cutting tiny rods from 
bulk silicon and measuring yield stress provides a 
whether the dislocation 


decisive test to determine 


density is below any given value. At present, rods 
can be made small enough that a dislocation density 


9 


less than 104 cm~? should give a size effect in yield. 
Impurities 
that can be 


recovered in aging supports the conclusion that the 


The observation of a yield-point 


dislocations are anchored by impurities from which 
they break away at the upper yield-point, as in 
Cottrell’s theory. 
to that of iron containing carbon. 


The behavior of silicon is similar 
Cottrell’ shows 
that, if there are enough impurities to saturate the 
dislocations, the dislocations will be saturated below 
a critical temperature 7’, given by 6 kT, Ine, 
where ¢ is the ratio of the number of impurity atoms 
to the number of sites in the crystal that an impurity 
atom could occupy, k is Boltzmann’s constant, and 
& is the binding energy of the impurity to the dis- 
observed 1018 


locations. Kaiser, Keck, and Lange" 


oxygen atoms em® in silicon, which gives 


» 10 


per 
This is more than enough to saturate 
all of the dislocations even in the bent samples. The 
fact that the yield stress is the same for rods annealed 
1200°C indicates that 
the 


temperature below 1200°C. 


at 800°C and 
impurities on dislocations 
Thus critical 


is above 1200°C, which means that 


the dislocations were saturated. the 


temperature 7’, 
é is greater than 1.37 eV. This is a relatively high 
binding energy and probably means that the binding 
is chemical rather than elastic. Perhaps the impurities 


attached to the broken bonds on the dis- 


become 
locations having some edge component. 

The temperature variation of aging time gave an 
activation energy of 3.3 eV. This is typical of the 


activation energy of diffusion of group-III and 
group-V impurities in silicon.“® 


Although the evidence 
is strong, we cannot rule out the possibility that in 


for the Cottrell mechanism 


silicon the dislocations tend to lie along certain low- 
For 


such dislocations the periodic structure of the crystal 


index directions where they have a low energy. 


gives rise to a large force, the so-called Peierls force, 
that opposes the motion of the dislocation. That is, 
there is a steep energy hill between successive 
minimum energy positions of the dislocation. Yielding 


might then be the breaking away of dislocations from 


the preferred orientations into orientations of higher 


energy and lower Peierls force. In aging, the dis- 


locations would move, probably by a combination of 


the number of 
is independent of 
This could be so only if 
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climb and glide, back to the preferred orientations. 
A crucial experiment would be to test silicon specimens 
where the impurity content is considerably less than 
10'S cm-. 


mechanical 


If the yield-point is due to impurities, 
tests 
detecting the impurities that are electrically inactive. 

The fact that vield stress and aging time are different 


may be the simplest method of 


for rods and whiskers supports the Cottrell mechanism. 
In the whiskers, boron is probably the dominant 
impurity. The binding energies for oxygen and boron 


would probably be different. 


Temperature dependence of the yield-point 

Cottrell and Bilby“” have calculated the tempera- 
ture variation of the stress required to free the dis- 
location from the locking impurities. Fisher?) has 
shown that at high temperature the stress-temperature 
relation has a simple form, the stress being inversely 
proportional to the temperature. As 7’ decreases, 
the stress falls below the 1/7 curve and approaches a 
critical value which is the stress required to tear the 
dislocations off of the impurities without thermal 
that the oT 


constant agrees with experimental measurements on 


activation. Fisher shows relation 


molybdenum and iron. However, in our measure- 
ments on whiskers the stress varies approximately 
as the inverse fifth power of temperature in the range 
from 600 to 800°C. This disagreement is well outside 
the scatter. 

Since the whiskers had no preliminary anneal, the 
impurity distribution is probably that characteristic 
of the high temperature at which the whiskers grew. 
This seems to rule out the possibility that the decrease 
in yield stress with temperature is due to impurities 
boiling off the dislocations as the temperature is raised. 


Propagation of yrelding 

As Cottrell™® has pointed out, the freeing of a few 
dislocations does not necessarily lead to a macroscopic 
yielding. This is especially so in bending, where 
the stress is not uniform. Dislocations will be freed 
first 
into the 


in the area of maximum stress and will move 


less-stressed regions. Macroscopic yielding 
will occur when the stress concentration due to the 
free dislocations can free other dislocations, and so on. 
The temperature dependence of the yield stress may 
have to do with the propagation of yielding. It may 
high in 
The 


motion of a dislocation having some edge component 


involve the Peierls force, which should be 


semiconductors because of the covalent bonding. 


must involve breaking and remaking bonds. Dietze“* 
has shown that, above the Debye temperature, the 


Peierls force decreases as temperature increases. With 


PEARSON, READ, 
increasing temperature the dislocation becomes wider 
and hence more mobile. 

The repeated yielding observed if the apparatus is 
not tapped (and even with tapping at 500°C) is 
probably the result of the freed dislocations piling 
When 
the 


up at obstacles, such as pinned dislocations. 
a sufficient built 
blocking dislocations break away and the yielding 


stress concentration has up, 
continues until the propagation of the yielding is 
again held up. The free dislocations provide the stress 
concentration that permits the plastic region to grow 
into regions where the stress was not originally high 
enough to free dislocations. This explains the form of 
the bent whiskers in Fig. 7. As the strain in the plastic 
region increases, so does the stress concentration. At 
low temperature, where the yield stress is high, a 
large amount of flow must occur in the plastic region 
before the stress concentration ahead of the plastic 
region becomes large enough to permit the plastic 
region to grow. On the other hand, at high tempera- 


tures, where the yield stress is low, a small amount of 


flow in the plastic region is- sufficient to permit the 


plastic region to grow. 
Appendix 


NUCLEATION OF SLIP IN 
PERFECT MATERIAL 


Cottrell4® has calculated the activation energy for 


nucleating a circular area of slip in a perfect crystal 


with a shear stress 7 acting on the slip plane and in the 


slip direction. Cottrell finds the 


surrounding dislocation loop by integrating the elastic 


energy outside of a distance r, from the dislocation. 
The relation between the stress rt and the activation 4 
can be expressed in terms of the radius r, of the 
critical loop (for which the total energy is maximum) 
by the parametric equations 


c Ve 


é, In (— 


0 0 
where e is the base of the natural logarithms, 7, 


(‘b/27er, is the critical stress required to produce slip 


without thermal activation, G is the shear modulus, 


and &, 


For —T,<T, 
‘ 


G?b3/S87er,. Fig. 11 is a plot of &/&, vs. 
the relation has the simple 


linear form 
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The & vs. 7 relation will be most accurate when r, is 
large compared to the width of the dislocation 
However, in the range where 6 is small enough to be 


of interest this will not be so. It would be interesting 
the 


model. 


activation from a Peierls- 


This 


dislocations by 


to calculate 
Nabarro 


opposite 


energy 


has been done for a pair of 


Nabarro, 4) 
per 


straight 
activation energy 


the 


Nabarro’s expression for the 


unit length can be written in terms of critical 


* 


stress 7, as” 


Gh- 


27(1 


where y is Poisson’s ratios and, in the Peierls-Nabarro 


model, 7, G/2z7. 

We obtain exactly the same formula for energy \ 
t/7, if we calculate the energy by integrating the work 
done in the slipped area up to a distance r, from each 
dislocation and then express r, in terms of the critical 
stress +, for which the energy vanishes. Since the 
simple calculation agrees with the Peierls-Nabarro 
calculation for the nucleation of a strip of slipped area, 


feel 


analysis for a circular area 


we may more confidence in using the simple 
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A YIELD PHENOMENON IN FACE-CENTERED CUBIC SINGLE CRYSTALS* 


P. HAASEN?{ and A. KELLY?{ 


A small yield-point effect is found during interrupted tensile tests on single crystals of pure aluminum 
and nickel. The effect is most marked at low temperatures. Experiments have been carried out to de- 
termine the conditions under which the effect occurs, and these are correlated with those of other workers. 
It is concluded that the phenomenon is unlikely to be a strain-aging effect. An explanation is sought in 


terms of dislocation rearrangements during unloading. 


UN PHENOMENE PLASTIQUE (YIELD) DANS LES MONOCRISTAUX CUBIQUES 
A FACES CENTREES 
observé au cours de tractions interrompues sur des mono- 


Un “yield point’’ peu prononcé a été 


cristaux d’aluminium et de nickel pur. C’est aux basses températures que l’effet est le plus marqué. 
Des expériences ont été réalisées pour déterminer les conditions dans lesquelles il apparait et elles ont 
été comparées avec celles d'autres chercheurs. On conclut qu’il est peu probable que les phénoménes 
soient en relation avec le vieillissement de déformation et l’on propose une explication en fonction des 


réarrangements des dislocations lors de la libération des éprouvettes. 


STRECKGRENZENEFFEKT BEI 


KUBISCH-FLACHENZENTRIERTEN 


EINKRISTALLEN 


Bei Unterbrechung der Zugverformung wurde an Einkristallen aus reinem Aluminium und Nickel 


ein kleiner Streckgrenzeneffekt gefunden. 
peraturen. 
auftritt. Diese 
Grund der 
Auf der Basis einer 
den Effekt vorgeschlagen. 


Der Effekt ist am deutlichsten ausgepragt bei tiefen Tem- 
Es wurden Versuche ausgefiihrt, um die Bedingungen festzustellen, unter denen der Effekt 
werden mit den Ergebnissen aus anderen Arbeiten in Zusammenhang gebracht. Auf 
Befunde ist es sehr unwahrscheinlich, dass es sich um einen Reckalterungseffekt handelt. 
Umordnung der Versetzungen wahrend des Entlastens wird eine Erklarung fiir 


1. INTRODUCTION 


Recently Lange and Liicke” reported the exist- 
ence of a small, but measurable, yield point in the 
stress-strain curves of single crystals of pure aluminum 
when these were restrained at room temperature 
after prior deformation and aging at the same tempera- 
ture. Blewitt'?) found the same effect in copper single 
crystals deformed at 78°K. The phenomenon was 
more marked when the annealing was carried out at 
300°K, between tests at 78°K, than when the aging 
was done at 78°K. 

Similar effects have been found by other workers. 
Stokes and Cottrell mention an effect in aluminum 
deformed at 90°K,. and Noggle™ has also found it in 
this metal deformed at 78°K. Diehl") made quanti- 
tative measurements of the effect in copper single 
crystals deformed and aged at room temperature. 
In similar material, at the same temperature, Cupp 
and Chalmers'® obtained delayed yields, which they 


interpret as indicating a yield point. 


The present authors have investigated the same 


effect in single crystals of nickel and aluminum de- 


formed at 20°K, 78°K, 90°K, and room temperature. 


The purpose of this paper is to point out that the 
effect 


crystals of pure face-centered cubic metals, deformed 


seems to be of general occurrence in single 
at low temperatures, and to discuss possible expla- 
nations. 

Fig. 1 illustrates the effect diagrammatically. A 
crystal is strained to the point A on the stress-strain 
curve and is then unloaded. On reloading, a small 
amount of plastic flow may occur before the stress 
corresponding to the point A, (@,) is reached, but the 
reloading curve passes above o, and then returns to 
the stress-strain curve expected from a continuation 
of the curve obtained prior to unloading. It is with 
this increase in stress (Ac) that the present work is 


concerned. 


2. EXPERIMENTAL DETAILS 
Single crystals of aluminum were produced by the 
strain-anneal method from material of nominal purity 


99.992°,, presented by the British Aluminium Co.§ 


These were of gage dimensions 0.1 03 <x 20 in. 


Nickel single crystals of rod shape, 2.0 in. long and 


0.090 in. in diameter, were grown from the melt. 
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§ These crystals were grown and part of the experimental 
work on aluminum was carried out while one of the authors 
(A. K.) was with the Department of Physical Metallurgy, 
The University, Birmingham. 
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STRESS 


STRAIN 
Illustration of the yielding phenomenon. 


Fig. 1. 


These were of 99.98°,, purityt (Johnson Matthey 
J.M. 890). 
examined which had been grown from commercially 


Ni). 


crystals were found by X-ray methods and are shown 


pure material (99.4°, The orientations of the 
in Fig. 2. The aluminum specimens were deformed 


in a hard-beam tensile-testing machine at a strain 
10~° sec! and in a pendulum-type machine 


rate of 5° 


at a rate of ~10~* sec The nickel crystals were 
deformed only in the latter type of machine. Straining 

20°K, 
300°K). 


The temperatures lower than room temperature were 


was carried out at a variety of temperatures: 


78 Kk, 90°K, and at room temperature (289 


obtained by immersing the specimens in liquid hydro- 
gen, nitrogen, and oxygen. 
Four main types of experiment were carried out. 


These may be described as follows: 


N30¢ eN22 
Allie 
eN 


eN5 


Al 


Fic. 2. Orientation of the crystals examined. 


A aluminum, N nickel. 


+ According to our analyses after fabrication. 


In addition, some nickel crystals were 
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Test 1. 


7',, unloaded to a small stress of about 100 


A specimen was strained at a temperature 
(to maintain alignment), and then further strained 
at 

Test 1A. 


but without unloading between straining operations. 


A test under the same conditions as Test 1. 


The specimen was thus aged under stress at rT’, 
Test 2 
T,, unloaded and annealed in situ at a higher tempera- 
ture 7’,, 
Test 3. 
T’,, unloaded, the temperature lowered to 7’ 
test continued at 7’ 
Test 4. 
T unloaded, the temperature raised to 


A specimen was strained at a temperature 


and then retested at (i 


A specimen was deformed at a temperature 
1 and the 
A specimen was strained at a temperature 
and the 


test continued at 7’,. 


z= 
> 
<= 
c 
< 
c 
<x 
ond 


3% 


EXTENSION 
Io 
Whenever a yield-point 


tity measured was that d 


Ao measures the maximum divergen 


obtained on reloading from that found 


curves obtained before and after reloading 


cases where recovery occurre d between tests \ Was 


found by producing backwards the smooth curve 


obtained after a few per cent strain following reloading 


Aco is always the maximum difference in resolved 


shear stress and o is the resolved shear stress 


3. RESULTS 
The 


under the 


been carried out 


A large number of tests have 


results may conveniently be described 


headings of the expel iments 
Test 1. Part of 


an experimental curve obtained 


a 
noted by Ac in Fig. 
Nig of the curv: 
Ni4e 
31 
eAl0 | 
in 
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oO 


@ AT 90° K 
x AT 300° K 
OAT 20° K 


gm mm 


| | 


4.0 5.0 
kg mm 


. 4. Variation of Ao with o for aluminum crystals. a Crystal Al10 tested at 300°K. 6 = Crystal Al 
tested at 9O°K. c¢ Crystal A20 tested at 20°K. ce critical shear stress. 


i0 


a kg 


5. Variation of Ao with o for four nickel crystals tested at 20°K. oe critical shear stress. 
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Fic. 6. Variation of 


from an aluminum single crystal deformed according 
to the of Test 1, with 7, 90°K, is 


shown in Fig. 3. A plot of Ao against o obtained 


formulation 


under the same conditions is shown in Fig. 4, curve bp. 
No effect is 
observed for small values of ¢. No dependence of Ao 


The following points should be noted. 


on aging time was found for times from 1 min (the 
shortest possible) up to several hours. In aluminum de- 
at effect 


curve a, One aluminum crystal (A20) 


formed room temperature a smaller was 


Fig. 4. 


found 
was deformed at 20°K and the results are plotted in 
curve c, Fig. 4. These are generally similar in trend to 
those obtained at the other two temperatures. 

One crystal (A2) deformed at 90°K failed to show 
any effect at all. This may be due to an orientation 
dependence of the magnitude of Ag, but no system- 
atic investigation of this has been made for aluminum. 

Fig. 5 is a plot of Ao against o for four nickel 
crystals, of widely differing orientation, deformed at 
20°K. The general trend of the results is similar to 
that found for aluminum, with the difference that a 
small and constant value is found for small values 


of o 


no yield point was ever found at the critical 


kg mm 


Ao with o for two nickel crystals tested at 300°K, 7 


W 
2 


and 20°K (N5, 


Whe exc 


increases with oa. 


shear stress. eds 


The curves in Fig. 6 show the variation of Ao wit 


o for two cry stals of nickel deformed at room tem pe ra 
and 20°K. A qualitative similarity 


ture, 78°K 


behavior is found at all temperatures and the mag 
tude of the effect at a given flow stress de pr nd 


Although o 


with increasing temperature 


on temperature. decreases 


0 
the observatior 
increase of Ao with oa is limited at roon 
because the rupture stress of the crystal is attain 
A large number of crystals were tested at 78° K 
All gave similar results to tl 


No time de penden¢ 


found 


at room temperature 
shown in Figs. 5 and 6 

magnitude of Ao could be 
for aging times between 6 min and LO hours 


Test 1A. 


20°K, 


at any temp 


This test was carried out on nickel er 


at 78°K, and room temperature f 


varying aging times 


no effect was observed within the accuracy of m« 


ment (10 g mm~*), even at the highest stresses attain 


able. In four cases a small, and it is thought spurious 


effect was found. Unloading of 10 between test 


h 


or widely 


In twenty-six cases out of thirty 


\\ | 
195 
| f 
so N5 (20°K 
Aco 
(20°K) 
250}- 
x 4 
Ni4(78° kK) 
50} 
: 
Z 
4 7 N5 (78° K) 
| f* 
| 
N5(300°K) 3 
| 
| 
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gives a small effect. It seems necessary to reduce the 
load by more than 50°, for a test of type 1A to become 


a test of type lL. 

Test 1A was carried out on aluminum crystal 20 
at 20°K. No yield point was observed. 

Test 2. Nickel crystals deformed at 78°K, annealed 
for several hours at 300°K, and retested at 78°K, show 
values of Ao larger by a factor of 2 to 3 than those 
observed in test 1 at 78°K. The general shape of the 
Ao versus o curve is similar for tests | and 2, but Ao 
rises more rapidly at high stresses in test 2. 

The Ao is also 


crystals on annealing at 300°K between tests at 90°K. 


value of increased in aluminum 
A typical value of Ao of 17 g mm found in a crystal 
aged at 90°K was increased to 27 g mm~? on aging at 
300°K between tests at 90°RK. 

Test 3. 
point when the second deformation is carried out at a 


Nickel specimens show a much larger yield 


lower temperature. Thus, Ao at 78°K after a room- 
temperature prestrain to a low flow stress is about 
100 g mm~?2, while it is about 25 g mm~? in a constant- 
20°K, 78°K, or 300°K). 
There was no significant difference between the value 
of Ao found on straining at 78°K or 20°K after de- 


temperature test (type | at 


formation at room temperature. The measurements 
in this type of test show an unusually large scatter. 
For ll kg mm-*, Ao in- 
creases with found in 
test 2. 

Aluminum specimens were strained at room tempera- 
90°K. Under 


these conditions no anomalous yielding was observed 


stresses In excess of Gp 


o in a manner similar to that 


ture and then further deformed at 


at 90°K. However, strain-hardening at 90°K after 
prior deformation at room temperature is very rapid 
and possibly masks any effect. Stokes and Cottrell® 
reported an effect at 90°K after prior deformation 
at 300°K if a specimen was deformed at 90°K before 
the 300°K. of their 


curves shows that the effect is only observed under 


deformation at Examination 
these conditions if the strain increment at 300°K is 
small. 
Test 4. 
the temperature raised to 300°K, and the test con- 


Nickel crystals were deformed at 78°K, 


tinued. No anomalous yielding was observed until 


the flow stress at 78°K exceeded 3:8 kg mm-2: Ao then 
increased with 


This test cannot be carried out on aluminum crys- 


tals, since “‘work softening’ occurs and com- 


pletely masks any effect. The small values of Ag 
(see Fig. 7) obtained in this test on nickel are not due 
to a work-softening effect, since the flow stress is 
changed by equal amounts on raising and on lowering 


the temperature between 300°K and 78°K. 
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2 


kgmm 


Fic. 7. Schematic diagram showing variation of Ag with 
o for different types of tests on nickel crystals. 


The experimental findings are summarized in Fig. 7 
for the various types of test carried out on nickel 
The curves are drawn approximately to 
and 7, 
for a crystal having an orientation in the center of the 
the 
qualitatively similar to those for nickel, the curves 


crystals. 


scale for 7, room temperature, 


unit triangle. Since results for aluminum are 
for tests 1 and 2 serve to illustrate the type of vari- 
ation found in this metal in the same temperature 
range bearing in mind that Ag is immeasurably small 
for small o. 

A number of other experimental facts may now be 
cited. In aluminum the flow stress measured at 90°K 


However, test 2 on 


recovers on annealing at 300°K. 
aluminum shows a larger value of Ao than that found 
in test 1. 


by electropolishing at 300°K during the experiments 


Removal of a surface layer of the specimen 


of type 2, while leading to a larger reduction of the 

flow stress than simply annealing, does not affect the 

value of Ao. 
Commercially nickel less 


pure crystals show a 


marked effect than the crystals of high purity. For 
instance, in a test of type 3, Aco was 25 g mm? at 
o ~2kg mm“ for two crystals (N-19) of commercially 
pure nickel tested at 78°K and 20°K, compared to 
100 g mm? in similarly oriented crystals of the pure 


Ao / | 
gm mm 2 / 
/ 
/ 
Pi 
/ T4 
BOL 
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material. The values of Ao found for nickel crystals 
were not changed by a prolonged anneal in hydrogen 
or a prolonged decarburizing treatment followed by a 
vacuum anneal. 

We shall summarize here the results of other work- 
ers. Diehl‘) investigated the effect in copper at 300°K 
Ao was 
found to increase linearly with o except for stresses 
no effect 
found. The slope of the Ao against o curve decreased 
from 1.6°, to 0.7° 


curve 


according to the formulation of our test 1. 


near the critical shear stress, where was 
at high stresses (when the stress- 
the 
Blewitt™ has reported experiments of types 1 and 2 
with 7, 78°K 


Few figures are given, but no effect was 


strain becomes concave to strain axis). 


on copper single and 
T. = 


found for stresses of less than o ~ 4.0 kg mm in the 


crysta ls 


experiments of type 2, and much larger stresses were 
attained in an experiment of type 1 at 78°K before 
the effect was noticed. These results, together with 
those of Diehl, are quite consistent with the stress and 
temperature dependence of Aco summarized for alu- 
minum and nickel in Fig. 7. 

Noggle™ performed an experiment of type 2 on 
78°K and 7, = 300°K. 


From his curves it can be seen that Ao increases with 


aluminum crystals with 7, 


a, the ratio being ~1-2°,,. This is in good agreement 
with the values found in the present work. 

Cupp and Chalmers‘® deformed copper single crys- 
tals at room temperature by stepwise loading and 
found a delay of some seconds between the appli- 
cation of a load increment and the resumption of 
plastic flow. They interpret this as indicative of a 
yield point developed by aging under load. 
difference in the method of testing in Cupp and 
and those described here 


Chalmers’ experiments 


prevents a direct comparison. 


4. DISCUSSION 

In view of the similarity of the results obtained 
from experiments on a number of metals, it seems 
reasonable to seek a general explanation. 

The experimental findings may be summarized as 
follows: 

A. In interrupted tensile tests on face-centered 
cubic single crystals a small yield point is found when 
the resolved shear stress exceeds a certain value. 
The magnitude of the effect (Ac) increases with the 
flow stress (o). 

B. The specimen must be aged under a reduced 
load in order to show an effect. 

C. Aa is increased on aging at temperatures greater 
than the testing temperature. 

D. The effect is less marked at higher tempera- 


2—(12pp.) 
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tures of testing, i.e. 300°K, but is relatively insensi 


tive to temperature at low temperatures 90° K., 20°K 

E. Within the accuracy of the experiments carried 
out here, Aq is independent of time of aging, for times 
greater than a few minutes, at temperatures from 
20°K to room temperature 


The 


Blewitt,“’ who attributes it to strain-aging and speci- 


original discussion of this effect is due to 


fically to the formation of Cottrell atmospheres and 


consequent locking ol the dislo¢ tions by vacancies 


produced during plastic flow. This explanation has 
also been advanced by Nogel 
that thei 


locking ot dislocations by a 


Cupp and Ch ilmers 


suggest effect may be 


explained by the 
substitutional solute o1 
hydrogen present as an impurity 

The strain-aging hypothesis is attractive, sinc 
appears to agree qualitatively with a number of th 
and D) if it is 
assumed that the number of point defects present in 
the material 

The 


criteria for the existence of 


present observations (notably A, C 


increases with increasing deformation 


features of a tensile test usually taken 


a strain-aging effect lead 
ing to dislocation locking : ° 


(1) A fall in load 


formation, 


beginning of plastic de 


(2) The absence of an effect on immediate retestin 


(3) The return of the fall in load after a suitabl 
aging treatment 

In the present case 1t must be «% ssumed 
(1), that the locking is insufficient vy strong to pi 
a drop in load in most experiments and regarding 
that the migration of point defects to dis 
takes place so rapidly that this criterion cannot 
This 


culties when the nature of thi 


observed explanation has very s 


DOSSLDIe pol 


responsible for locking is considered 
the times for various defe« 

distance in aluminum 
90°K, and 


motion of vacant 


800° K 


third that for self-diffusion 


as one-tenth of this“! 


estimates). J, in both 
For hydrogen diffusion the \ 
literature.“*) It is seen that 
90°K and 


the most 


mobile at that cl 


20°K. Hydrogen impurity, cann 


be responsible for an effect at t mpel itures much 


than 90°K. Even if a point defect be present wit! 


activation energy tor motion oj O-l e\ it wou 


quite immobile at 20°K, where 


nickel and aluminum 
The 


strain-aging hypothesis 
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migrate one inter- 
uminum, copper, nic ke at Bis 
activation energy for self 
For hydrogen diffusion (12). 


Tim for various defects to 
mic distance n and 
90°K, and 300°K 


om retere (17). 


‘igures for 


liffusion fr 


Ty pe of defect 


2 


Interstitial 
hydrogen 


Vacancy 


clustel 


Temperature 


No figures 


available 


finding B, since in conventional strain-aging 


experiments 


with 
aging under load leads to increased 
values of the upper yield point, but never to a decrease. 
The 


a range of temperature from 20°K to 300°K makes 


absence of a time dependence of the effect over 


an explanation in terms of strain-aging very unlikely 
and suggests to the present authors that the effect is 
a result of the rearrangement of dislocations during 
unloading rather than a thermally activated migration 
of point defects to dislocations. A similar idea has 
been proposed by Diehl.‘ 

The salient feature of the effect is that some irre- 
versible process occurs during unloading of the speci- 
men and that this does not occur if the dislocations 
are merely brought to rest, since no yield point is 
found if the load is fully maintained during aging. 
In this condition the applied stress is approximately 
balanced at the position of any dislocation by a back 
stress due to other dislocations in the lattice. Although, 
on unloading, the dislocations are under the full action 

f the back stress, only a small amount of reverse 
plastic deformation occurs."*) The present authors 
believe that the dislocations anchor them- 
that this 


anchoring, which prevents reverse plastic flow, is also 


most of 


selves during unloading, and process of 


responsible for the yield-point effect on reloading. 


There are three possible mechanisms for the 


hindrance of dislocation motion in pure-metal crystals. 


These are: 

(a) the generation of jogs and point defects by dis- 
locations intersecting other dislocations. 

(b) the formation of sessile dislocations, 


(c) the elastic interaction of dislocations 


1967 

In aluminum deformed at and above room tempera- 
ture the intersection of dislocations makes no contri- 
) Yet a yield-point effect 
has been observed in the present experiments and by 
1) 


( 


‘ 


bution to the flow stress. 
Lange and Liicke.“’ Thus, process (a) cannot be gene- 
rally responsible for the yield point. Processes (b) and 
(c) may both anchor the relaxing dislocations on un- 
loading.* One expects the anchoring to be more effec- 
tive the closer the dislocations are spaced, so the yield 
point should increase with increase of flow stress, as is 
observed. A rise in temperature while the specimen is 
unloaded will make dislocation rearrangement easier 
and hence increase the \ ield point. However, if wide- 
spread recovery occurs, one expects mutual annihilation 
of dislocations to lead to a state of lower elastic energ\ 
Hence the 
vield point should be reduced at higher temperatures, 
With this model 
the reduction of the effect found in impure nickel may 
that 


than does dislocation rearrangement 


as is found in the case of aluminum. 


be understood by supposing dislocation re- 
arrangement is less easy due to the presence of impuri- 
ties. This last point could be checked directly by 
measuring the reverse plastic flow as in the experi- 


ments of Thompson, Coogan, and Rider.“? 
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SINGLE-CRYSTAL ELASTIC CONSTANTS OF MAGNESIUM 
AND MAGNESIUM ALLOYS* 


R. LONG+ and CHARLES S. SMITH? 


The adiabatic elastic constants of single crystals of magnesium and dilute alloys of magnesium with Ag, In, 
been measured by the ultrasonic pulse-echo technique. The values obtained for pure magnesium 
0.597, Cs, = 0.617, Cy, = 0.164, C,, = 0.262, C,, = 0.217, all expressed in units of 10!* dyne 
illoy results show that within the experimental uncertainty all constants exhibit a smooth 


and Sn have 


he electron concentration is increased to 2.020 per atom, through the critical region where zone 


» is thought to occur in the ¢ direction. At most, a small change in slope could be read into the data 


2( ( {C’,. at the critical electron atom ratio of 2.01. This behavior is in contrast to what 


13 


e expected from an extension of Leigh’s predictions for the elastic constants of aluminium alloys. 


CONSTANTES ELASTIQUES DE MONOCRISTAUX DE MAGNESIUM ET 
D’ALLIAGES DE MAGNESIUM 


Les constantes élastiques adiabatiques de monocristaux de magnésium et d’alliages de magnésium 
Sn, ont été déterminées par la technique d’écho ultra-sonore. 
Les valeurs obtenues pour le magnésium pur sont: C), 0.597, C35 0.617, C44 0.164, Cy, 0.262, 
Les résultats obtenus sur les alliages montrent, compte tenu des erreurs 


contenant de faibles teneurs en Ag, In, 


Cre 0.217 10'? dyne em 
expérimentales, que toutes les constantes varient lentement 
a travers la région critique ot l’on considére qu’il y a recouvrement de 


lorsque la concentration électronique 


séleve jusqu a 2,020 par atome, 


zones dans la direction c. Tout au plus un lége 
pour C,, 2( Css 4C’,, au rapport critique électron/atome de 2,01. Ce comportement est en 


r changement de pente peut étre observé dans les résultats 


opposition avec ce que l’on pouvait attendre d'une extension des prédictions de Leigh pour les constantes 


élastiques des alliages d’aluminium. 


ELASTISCHE KONSTANTEN VON EINKRISTALLEN AUS MAGNESIUM UND 
MAGNESIUM-LEGIERUNGEN 

Ultraschall-Puls-Echo-Methode wurden die adiabatischen elastischen Konstanten von 

is Magnesium und verdiinnten Legierungen von Magnesium mit Ag, In, und Sn 
Messergebnisse fiir reines Magnesium sind: C,, 0,597, Css 0,617, C4, 0,146, 

12 0,217, alle in 10'2 dyn cm-*. Die Ergebnisse an den Legierungen zeigen, dass alle 
Konstanten innerhalb der experimentellen Fehlergrenzen bei Zunahme der Elektronenkonzentration 
bis zu 2,020 Elektronen pro Atom einen glatten Verlauf aufweisen. Die gilt somit iiber den kritischen 
Bereich hinweg, in dem man damit zu rechnen hat, dass in c-Richtung die Elektronen in eine andere 
Brillouin-Zone iibergreifen. H6échstenfalls war aus den Daten fiir C,, 2C's3 Ci 4¢ bei der 
} Konzentration von 2,01 Elektronen pro Atom eine kleine Anderung im Anstieg abzulesen. 


13 
Kritischnen 
Dieses Verhalten steht im Gegensatz zu den Erwartungen, die sich aus einer Verallgemeinerung der 
Leighschen Voraussagen fiir die elastischen Konstanten von Aluminiumlegierungen ergeben. 


INTRODUCTION In the case of magnesium. overlap has already 


Lattice parameter measurements of magnesium occurred across the A faces into the truncated prisms 


alloys together with transport phenomena investi- and across the edges marked Q, but not in the c 


gat by Schindler and Salkovitz™ have shown the direction across the B faces. Just the small addition 


ions 
electronic structure of magnesium to be interesting of about 1 at. per cent ofa trivalent alloy to magnesium 
with regard to Brillouin-zone overlaps. Fig. 1 shows is apparently enough to initiate the B overlap, as is 
the first zone for magnesium as deduced by Jones.) — illustrated in a plot of the ¢ lattice parameter versus 


The smallest volume in k space bounded everywhere composition and in a recent measurement of the Hall 


by an energy discontinuity is the Fig. 1-A bounded constant as a function of composition by Schindler 


by A, B, and C faces which contains sufficient volume and Salkovitz.”) The initiation of zone overlap is 
for just 1.743 states per atom. Jones has added the six thought to cause rather abrupt changes in the Fermi 
truncated prisms formed by an extension of the pyra- energy of the crystal and thus it might be expected 
midal faces C, so that 2 states per atom are available. that there would be corresponding abrupt changes 
in the Fermi energy contribution to the elastic 


bain constants that would likewise show up in a plot of 
9560 

at Case Institute of Technology, Cleveland, 
oo Now at Bell Telephone Laboratories, Murray Hill, New predicted such an effect with the (C1, C'12)/2 shear 
Jersey. “4 
+ Case Institute of Technology, Cleveland, Ohio. 
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elastic constants versus composition. Leigh has 


constant in aluminum at an electron concentration of 


for 
200 
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Fig. l(a). 
showing one of the six truncated prisms 
attached to an A face. 

Kia. 1(b) Equatorial section of the complete zone. 


The zone for Mg described by Jones. 


At 


apparent way to test this expectation on aluminum 


2.67 per atom. the present time there is no 


alloy crystals, but since pure magnesium is very close 


to a similar critical point, knowledge of the behavior 
of the elastic constants of magnesium alloys as the 


electron concentration is increased through the 


critical region should be illuminating. 


SAMPLE PREPARATION 
Pure magnesium and several dilute alloys with 


solutes were generously 


Busk of the 


tin, silver, and indium 


provided for this work by R. 8. Dow 


Chemical Company. The raw stock was always high- 
purity triply sublimed magnesium and correspond- 


ingly high-purity alloying material made up in the 


form of extruded alloy rods of l-in. diameter. From 


these alloys as a starting point, single crystals in th 


l-in. diameter by 4-in.-long ingot were 


the 
The crucible material was | }-in.-diameter AGX graphite 


form of a 


grown from melt, using graphite crucibles 


rod obtained from the National Carbon Company of 
Ohio. 


and reamed with a reamer designed to put a 3-in 


Cleveland, These graphite rods were drilled 
long, 
small-diameter, tapered nucleation tip on the end of 
60 The crystal-growing 


Globar 


conical tip. 
Electric 


an otherwise 


furnace was a _ Lindberg furnace, 
modified to orient the combustion tube vertically and 


to allow the input power to be smoothly lowered at 


2A—(4 pp.) 
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any predetermined rate. The graphite crucible con 


taining the magnesium was supported on the inside of 


the tube just below the center of the furnace by 


means of a 5-in.-diameter by 8-in.-long copper rod 


whit h Was threaded into the bottom ol the cru ible 
The bottom end of threaded 


cooled brass cap on the e) d ot the combustion tube 


this rod into a wate 
ind thus it also provided a heat-sink for establishing a 
While growing 
was maintained and 
pel 


ipproxl- 


large-temperature gradient in the melt 
the crystal, a helium atmospher 
the te mperature lowered at the rate of about 5 C 
hou growth cyck 


A compl te 


required 
mately 2 


Those 


important for obtaining a high 


conditions which ippear to be the most 


yield of single crystals 


are ot a large 7 


first, the establishment cm 


temperature gradient in the crucible: second 


super- 


heating of the molten mat rial by as much 200 deg 


before dropping the temperature to just abo 
und third, 


to obtain 


melting-point and starting the slow cool 


the presence ot a nucleation tip on the crucible 


this furnace, the slow cooling was necessar\ 


the alloy single crystals, but other materials such as 


Cu, Ag, Al, 


at cooling speeds ot | 


ind pure Mec have been 


crown successtully 


Chemical analyses of thin slabs cut from the larg 


crystal the 


section used rol 
James H. Herro1 


the showed 


ind below the 


just 


measurements were made the 


Company of Cleveland allovs 


longitudinal concentration gr: than 


observed {ol Coppel Ll ad silvel iT 
with the high the 


An 


obtained 


average 
LS USe¢ 
is the 


In 


weighing 


impo 
vddition densities 
on five of the 


ivgreement witl tine \ 


lattice 

spectrog iphi 
showed then 

The 


Of tne 


crysta 
furnace 
the identific: 
simple desioned 
which ref ions from the crysta lon a 


retiectiol 


screen LOLO 
procedure 
sisted of iw the 
equator! pi t } ) spots 


ide 


measurements 
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then further goniometer readings of the appropriate 
Optical 
for determining where and 


angles yielded orientations good to 1 deg. 


orientations were used 
how the crystal should be cut for measurements, but, 
after the measurements had been completed on a 
given sample crystal, final orientations were measured 
by the back-reflection Laue and stereographic pro- 
jection techniques. These final orientations are good 
to half a degree. 

Conventional techniques for cutting the crystals to 
the proper orientation for measurements produced 
cold 
tolerable for single-cry stal measurements. For this 
It consisted of a No. 30 


mercerized cotton crochet thread belt which passed 


more work in magnesium than was deemed 


reason an acid saw was used. 
over a pulley dipped in acid and thence across the 


A small, inexpensive lathe was used to 
With a string 


sample. 
advance the sample past the string. 
speed of 75 ft per minute and a 15°, solution of HCl 
in water, quite satisfactory cuts were made on the 
l-in. sample in about 3 hours. The surfaces obtained 
from the saw were flat to 4 mils, but it seems probable 
that still better results could be obtained with more 
experimentation. 

After 
waxed into 2}-in.-diameter steel lapping rings and 


cutting, the single-crystal samples were 


given a metallographic polish through 3/0 paper. 
About 
process, yielding surfaces which were flat and parallel 


5 mils were removed from each side in this 


to 0.0001 in. 


ACOUSTIC MEASUREMENTS 

The pulsed ultrasonic technique was used to obtain 
acoustic-wave velocities in various crystallographic 
directions in the sample. The actual calculation of 


the velocities was 
done by means of a perturbation technique developed 
DY Neighbours. The 


velocity 


the elastic constants from wave 
pertinent relationships between 


icoustic-wave and elastic 


hexagonal cry stals are reproduced here: 


Here 1, m,n are the direction cosines of the direction 


of propagation, ¢ are the elastic constants of the 


crystal referred to the conventional reference axes, 
the 


coordinate system with the X axis along the direction 


C",, are elastic constants referred to another 


of propagation, p is the density, and V,, V,, and V, 


constants of 


TOL. &, 


1957 


refer respectively to the velocities of a longitudinal 
For 


the hexagonal system, the primed elastic constants 


wave and two shear waves propagated along X. 


are related to the unprimed elastic constants by the 


relations: 


9 9 
where 


To obtain values for the five unprimed elastic 
(5), 


measure at least five independent wave velocities. 


constants in equation (2) 


through one must 

Note that in the above equations, if the direction of 
propagation is perpendicular to the ¢ axis of the 
1, and we have 


crystal, then n? = 0, «? 


so a longitudinal wave propagated in the basal plane 
determines C,, directly, a shear wave propagated in 
the basal plane with particle motion also in the basal 
plane determines — C,,)/2, and a shear wave 
with particle motion along the c axis determines C’,,. 

C,. could be determined directly by a longitudinal- 
wave velocity directed along the ¢ axis (n? = 1, 
a? = ()), but C,, could not be determined by any wave 
propagated in this direction, since both shear waves in 
Thus, 
elastic constants, the sample crystal was cut and 


this direction measure ( to measure all 5 


oriented as shown in Fig. 2. 

The velocities of the waves shown are sufficient to 
the 
hexagonal material. V,, V;, 


completely determine elastic constants of a 


and V, determine 
(Cy, —Cy,)/2, and C,, directly, as stated above. 
Then, having these values, V, and V, taken together 
provide a determination of C,, and then either 


allows a determination of C,,._ V, provides nothin 


new, since pV,” is just a combination of (C,, — C,)/2 
and (4,, both of which are better measured by V; 
and Ve 

In the pulsed ultrasonic technique used in these 


measurements a 10-megacycle quartz (X cut for 


Cu + NC 3g + (=) 
2 12 2/1 
66 (- Cag (3) 
9 
(a*— n*)*C,, (4) 
— naa? C 
nba + 2na(a® — n*) Cy, (5) 
(6) 
= Cn = 
C 55 pV, 
¥ r (4) 
66 O44 ph 3 
J 
Cy, 
( l.m, n, ¢ »V 
11 v0 
( ‘eal! m,n. pV (1) 
m, n, C,,) = pV2 
59 
11 55/ - 
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Orientation of Mg crystals for measurements. 

are conventional stress-reference axes. 

are arbitrary stress-reference axes oriented with X’ 
along the specimen axis, with Y’ in the basal 
plane. 

longitudinal wave 

is a shear wave propagated along X’ 
motion in the basal plane. 

is a shear wave propagated along X’ with particle 
motion in the plane of the c axis. 
a longitudinal wave propagated perpendicular to 
the c axis. 

; a shear wave propagated perpendicular to the « 
axis with particle motion in the basal plane. 
a shear wave propagated perpendicular to the ¢ 
axis, with particle motion along the c¢ axis. 


is a propagated along X’. 


with particle 


longitudinal waves, Y cut for transverse) was attached 
to a plane face of the sample by means of a thin 
(2-micron) layer of phenyl salicylate. Samples were 
cut so that the path lengths between faces were on the 
order of ? in., and the round trip transit time of an 
acoustic pulse in the sample was measured by means 
of a Du Mont 256-D A-R oscilloscope. 


mate transit times for longitudinal waves were 6 usec, 


The approxi- 


whereas for shear waves they were on the order of 


12 usec. 
At the 
distortion of the pulse shape arising from the acoustic 


magnesium-quartz interface there is a 
impedance mismatch which gives rise to a so-called 
Part of this 


probably arises in the electronics of the measuring 


‘“‘transit-time correction.” correction 


equipment and part in the acoustics of the reflection, 
but its existence is experimentally shown by Fig. 3. 
In practice it is evidenced by a measured transit time 
which is longer than the actual transit time. In order 
to obtain a value for this correction, an experiment 
was performed in which apparent velocities were 
A pure 


measured as a function of specimen length. 


magnesium crystal oriented at 39° with respect to the 


c axis was cut up into four pieces of different lengths, 
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and each piece was measured If V, is the true 


the measured 
and JL the 


length of the crystal, it is easy to show that 


velocity in the crystal, V apparent 


velocity, O¢ the transit-time correction, 


ot/2L 


Plotting 1/V a series of shear and 


longitudinal 


against 1/(2L) for 


measurements, the graphs shown in 


Fig. 3 are obtained. The slopes of these plots yield 


the following values for the transit-time correction: 


For longitudinal waves ot 0.15 usec 


For shear waves ot 0.14 psec 


These values were assumed to hold for all sub- 
sequent longitudinal and shear wave measurements 
a valid procedure, since magnesium is nearly isotropic 


The uncertainty in these numbers does, of course 
affect the uncertainty of the absolute value of the 
elastic constants of pure Mg, but the relative effect of 
alloying is unaffected. 

It should 


crystals which nearly covered the entire face of the 


also be mentioned that large quartz 


sample were used for these measurements. This was 
found to be necessary in order to circumvent an effect 
found with small quartzes and presumed to arise in 
diffraction 


with the large  transit-time 
effect 


reproducibility and measurability of the pulse echoes 


coupled 


correction Such an interfered with the 


At least two different measurements of transit time 
were made for each wave, more if it appeared necessary 
in order to get a value for the velocity that was good 
to 0.2°.. The densities were obtained in the n 
described above and are felt to be quite good, st 


final pV* values should be iccurate To U.o 


elastic constants have then a 
directly determined C’,,, 
about | in the case 


determined indirectly. 


Kia. 3. Length experiment f 


magnitude of the “transit 


4C Axis 
\ 
\ | ><Y, = + 1/V, 
a3 \ 
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RESULTS 


The obtained in this work for 


several pure magnesium crystals are listed in Table 1. 


elastic constants 


The values are adiabatic and are for room temperature 


TABLE 1. The adiabatic elastic constants of pure magnesium 
at 25°C from this work. Results are expressed in units of 101? 
for crystal No. 5 is a direct 


dyne cm~*. The value of C3, 
determination, as are all the values of C,,,C 4,4, and (Cj, 


in the present work. 


Crystal No 


0.2636 0.214 


0.1636 
0.2587 | 0.217 


0.1649 
0.1644 
0.1628 
0.1639 


0.608 
0.617 
0.621 
0.619 
0.617 


0.5984 
0.5941 
0.220 
0.217 


0.2649 
0.2624 


0.5997 
0.5974 


of 25°C. The internal agreement is seen to be excellent, 
and consistent with the precision estimates of the 
previous section. The authors have full confidence in 
these results, particularly for those constants and 
combinations which are directly determined. Com- 
parison with previous results is reserved for Table 2 
and the following paragraphs. 

The adiabatic and isothermal constants and com- 
pliances for pure magnesium from this work are shown 
in Table 2. The adiabatic compliances S;; have been 
computed from the adiabatic constants C’,, by the use 
of the following relations for a hexagonal 5-constant 


( 
crystal: 


1—] 


9 


where ) 2¢ 13° 


12 


The adiabatic compliances have been corrected to 
the 


isothermal conditions by means of thermo- 


dynamic expression 


= Tyy,0—, (9) 


where 7’ is the absolute temperature, 2OS"K, C, is 
and 


The 


expansion coefficients of Goens and Schmid“ agree 


the specific heat taken as 6.00 cal (mole deg) 


the y’s are thermal expansion coefficients. 
with several other determinations, and are, in 
deg}, V1 Vo 25.4, Vo 
\ 0. The isothermal constants have 


then been computed from the isothermal compliances, 


well 


units of and 


/6 


using the conversion relations listed above with theC’s 
and interchanged. 

Finally, in Table 2 is listed in parentheses for 
comparison the adiabatic compliances of Goens and 
Schmid. 


series of papers by these workers, and are quoted in 


These values are taken from the last of a 


this way, since their experimental method was an 
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TaBLE 2. The values at 25°C for pure magnesium of the 
measured average adiabatic elastic constants C%, the computed 
the isothermal compliances S7, 


adiabatic compliances 
Units are 10+?? dyne em~? 


and the isothermal constants C’. 

for C and 10-1? cm? dyne~! for S. The values in parentheses 

are the measured values of Goens and Schmid® at ‘“‘room 
temperature,’ which is inferred to be 20°C 


Term sub- 
script 


0.5974 2.210 


0.775 0.2502 


0.2624 


0.217 0.486 0.205 


0.617 1.983 0.605 


0.1639 6.101 0.1639 


adiabatic S method in contrast to our adiabatic C 


method. Thus the adiabatic compliances are their 
direct result and the comparison is as fair as possible. 
It is also extremely favorable, the differences being 
about 1°, some of which could be in the probable 
temperature difference of 5 Another independent 
determination of magnesium in the literature is that 
of Bridgman.’ We have not made this comparison, 
because Bridgman’s method was a 


which is poor, 


combination of static bending and torsion, and 
hydrostatic compression, and our experience leads us 
to distrust static methods with magnesium. Further- 
more, Bridgman’s result is that magnesium is iso- 
tropic, which is certainly not the case, as several 
direct determinations here show. 

A severe test of any dynamic method of determining 
the elastic constants, and especially of the present 
C method, is to compare the computed compressi- 
bility with values directly measured by hydrostatic 
the 

2S,, and k(a) 


pressure. For magnesium isothermal linear 
compressibilities k(c) Sas 
Sis 
are: this paper, Bridgman,'?? 
1.004; Ebert,'® Note that 


values show the opposite anisotropy from the present 


expressed in units of 10-1? em? dyne 
L.O11, 0.949: 1.004. 
0.985, 1.000. Ebert’s 


ones and that Bridgman’s 30°C values here quoted are 
isotropic. It is worth observing that, on the other 
hand, Bridgman’s 75°C values show a 5°, difference 
in the same sense as ours. Also in a later paper in 
which the same magnesium crystals were carried to a 
higher pressure," the anisotropy appears to be about 
2°, in our sense, k(c) k(a), although actual com- 
pressibilities are not quoted. All in all, the writers are 
well satisfied with this comparison. 

Table 3 lists the adiabatic elastic constants at 25°C 


for the alloy crystals which were grown and measured 


204 

ll 0.5852 

(2.215) 

Cy C33 C44 C13 
j 12 0.786 

(—0.77) 
13 

(—0.493) 
4 33 

33 

(1.975) 
2 44 

Average (6.03) 

S11 — 912 11 12) >» S11 S12 C330; 
(¢ Y (1 
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TABLE 3. Measured values of the adiabatic elastic constants 


of magnesium alloys at 25°C. Results are expressed in units of 
1012 dyne cm~?. 


Electron 
atom 
ratio 


Alloys 


oO 


atom 


pure Mg 2.0000 0.5974 0.617 0.1639 0.2624 
0.07% Ag 9993 0.5950 0.629 0.1640 0.2614 
0.26% Ag 9974 0.6020 0.620 0.1664 0.2674 
0.37% Ag 9963 0.5969 0.617 0.1640 0.2615 
0.219, Sn 2.0042 0.5972 0.624 0.1630 0.2636 
0.27% Sn 2.0054 0.5948 0.620 1638 0.2608 
0.43°, Sn 2? OOS6 0.624 1632 0.26385 
0.52% Sn 2.0104 0.5945 0.620 .1621 | 0.2625 
0.72% Sn 2.0144 0.5988 0.613 1623 0.2666 
1.00°, Sn ? 0200 0.5982 0.612 1610 0.2694 
0.83%, In 2.0083 0.5932 0.635 1620 0.2618 
1.96°, In 2.0196 0.5974 | 0.622 1613 0.2642 


along with the chemical composition and the computed 
electron-atom ratio. 

In Figs. 4,5, and 6, the alloy results are presented 
in graphical form plotted against the electron-atom 
ratio. Rather than plotting the constants as tabulated, 
however, some important combinations representing 
certain crystallographically simple strain systems are 
used. C',, is the shear stress per unit shear strain 
required to change the angle between the c and a axes. 
(C1, — Cy»)/2 is similar, except applying to the angle 
between any two orthogonal axes in the basal plane. 


(¢ C12 3) is a combination corre- 


11 


sponding to a strain e such that unit distance along 


the ¢ axis becomes (1 e) and unit distances in all 
directions in the basal plane become (1 e) 2, This 
combination of constants is then the second derivative 
of the energy with respect to €. Although this com- 
bination is not simply given by a wave velocity, it is 
very closely related to another constant, namely 
(Cu ‘33 — ©43)/2; 
nearly directly in these experiments by pV". The 


Ci3)/2 (¢ which is measured 
latter combination is roughly the ratio of shear stress 
to shear strain for a strain system comprising a 
compression along an @ axis and an equal extension 
along the ¢ axis. C', 


mal strain for compression along the c axis. with al 


3 is the ratio of normal stress to nor- 


other strains zero. C',, is analogous for pure com 
pression along any direction in the basal plane. 

In all of these graphs, the radii of the circles 
representing experimental points correspond to the 
estimated accuracies of the determinations. For pure 
Me the average is shown together with the range of 
values given in Table 1. It may be seen that in all of 
these plots a straight line may be drawn which passes 
through almost all of the circles. The value of (',, for 
the 0.83 at. per cent indium alloy is out of line with 


the other measurements, but a careful check of the 
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tuation. The value obtained 
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DISCUSSION 
the 


nts for coppet and some of 


metals have been calculated by Fuchs” in a 


treatment taking account of the change of electrostatic 


ion-core energy as the crystal is strained. Since 


lectron picture fits these metals fairly well, 


gy, correlation, and exchange energy 


le contributions under constant 
Such a simple picture is not applicable 
is of interest to 
for the 


nearly full zone, but it 


extent such a view does account 


constants in this hexagonal metal. Hunting- 


has made calculation, using the Ewald 
hod to obtain the electrost itic potential energy at 


Born-Mayer 


modified Goldschmidt’s ionic radii for a rough estimate 


formula with 


site and the 


ion-core The results of his calculation 


re shown in Table 4 along with the corresponding 


experimental numbers from this pape 


It 1s seen that the electrost itic term much more 


uunts for the fir wo of these constants, 
at first surprising, since Fermi energy contri- 


How- 


sood reason?) be 


have not been included in the theory. 


electre term can with 


Stat 
ington’s result, and it would appear 

t It, and it ld 
t to be negative for certain 
Detailed 
ue J. R. 


erm 
calculations 
Leitz are under 
completion, further discussion 
- effect of alloying. 
constants involving a detailed 
treatment ‘ermi energy contributions is that 
Leigh also calculates the 
tiffnesses as the electron 
aluminum with a 


the 


d in alloying 


predicted course ol Two 
19)/“ 


treats a 


is shown in 


trivalent face- 


4 ] + 
reret > metal. 


one can make some qualitative 
extensions of his discussion that apply to the behaviour 


of Mg with alloying 


values 


3-0 


2:8 
Electron-atom ratio 


Fic. 7. Leigh’s predictions for the variation of the 


elastic constants of aluminum with electron 


concentration. 


Leigh considers the Fermi term to be composed of 
filled first 
from overlapping electrons, and from holes in the 
first A treatment of the filled 


necessary device for obtaining the magnitude of the 


three parts: Contributions from a zone, 


zone. first zone is a 


Fermi contribution; it yields a term which will not 
change with alloying 

There are two effects involved in the contributions 
from overlap electrons. Under shear, there is a shift 
of the overlap electron-energy surfaces with the zone 
faces as the Brillouin zone distorts, and there is also a 
transfer of electrons from those faces receding from 
the origin to those approaching it. The shift of energy 
surfaces with the faces yields a positive term in both 
the ¢ 14 


phenomenon results in larger, negative contributions 


and (Cj, while the transfer 
in the two cases. 

The effect of holes in the first zone is similar to that 
of overlapping electrons, except that their contribution 
from shifting as a whole with the zone faces is negative, 
whereas for electrons it was positive. The transfer of 
holes from one face to another is just the same as a 
transfer of electrons, so this still yields negative terms. 

As the 


aluminum, 


decreased in 


their 


concentration is 
first 


elect ron 


electrons are removed from 


overlap positions over the square zone faces and thus 
the magnitude of the overlap tranfser term is reduced 
This results in less of a large negative contribution to 


(¢ 


11 12)/“5 1 
only in a shear corresponding to the former constant 


while ¢ ‘4 is only slightly affected, since 


are the square faces moved relative to the origin. 


This is essentially the reasoning which led Leigh to 
predict the behavior indicated in Fig. 7. It is to be 
noted that the most rapid decrease in (C,, — Cj,)/2 


with increasing electron concentration occurs very 
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suddenly at 2.67 electrons per atom, where overlap on 
the square faces is just initiated. 

In magnesium, one might expect the same sort of 
behavior at an electron concentration of about 2.01 
per atom, where other data indicate that overlap on 
This effect 


would be expected to show up in a shear which changed 


the B faces in Fig. 1 has just occurred. 

the relative distance of the B and A faces from the 

origin, because such a shear would produce a transfer 

of B overlap electrons to A faces presumably. A 

shear such as the one just described is the one corre- 
' 

12 


Clearly, there is no sharp break 


sponding to the elastic constant Ci ( 
1(',;, shown in Fig. 5. 
in this constant as one passes through the critical 


region with alloying. This effect would also be expected 


in the accompanying constant plotted in Fig. 5. viz. 


(Car — ©33)/ 


2 (Ce: ( 
stant is almost direct 


3 


13) 2. Since this latter con- 
ly obtained in these experiments, 
the accuracy of this constant is good, the internal 
consistency of the measurements is high, and clearly 
no break is indicated. 

It should be emphasized that a break such as shown 
in Fig. 7 for Al (C,, ( 12)/2 


an experimental plot such as Fig. 5. 


would be clearly seen on 
The right-hand 
branch of the theoretical curve has infinite slope at the 
critical overlap concentration. On an experimental 
plot of discrete compositions and expanded scale such 
a characteristic would be exhibited practically as a 
discontinuity in the elastic constant from a point to 
the left of the cusp to one to the right. Such a dis- 
continuity should be readily detected on an experi- 
mental plot even if the expected effect for magnesium 


At 


5 exhibits a possible change in slope at 


is of smaller magnitude than for aluminum most, 


Fig. 


critical composition of 2.01 electron concentration. 


the 


The data could be represented by a straight line of zero 
slope on the left and another of small negative slope on 
the right. But a slope change is a different matter 
from a discontinuity, and it must be concluded that a 
from 
he 


the 


qualitative extension of the overlap theory 
that t 


aluminum to magnesium is inadequate or 


overlap effect does not occur, at least under 
present experimental conditions. 
One 


discussion, any pronounced effect in (Cy, 


would not expect, on the basis 


12 
and (,, for Mg, and it is experimentally shown that 


these constants pass through the critical region 


smoothly 


Most of the constants show an overall fractional 


decrease upon alloying of about 1°, per atomic pe! 


cent, somewhat less than the effect noticed in alloys 


CRYSTAL 


ELASTIC CONSTANTS 


core ettects predomi 


rh indium ec mposition point sugg 


of Ag and Cu. 
The hi 


decre ase 


where 10n- 


Is primarily a function of the number 


electrons rather than otf composition alone 


1 
sserted oO] the pool 


point cannot be 


obtained for the intermediate indium point 


parameter chang vccount for no more th 


tenth the observed ch inves 1n el tic constant 


not seem worthwhile to | late on the 


trends shown. in view of the | 
butions to the elastic constant 
uncertain magnitude 
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THERMAL STABILIZATION OF AUSTENITE IN A 10°, Ni, 1°, C STEEL* 


B. EDMONDSON? 


The current knowledge of stabilization of austenite is assessed and an examination of stabilization 


Ni, 19 


ina 10° 


, C steel is described. An explanation of the results obtained in terms of tl 


1e diffusion of 


interstitial solute atoms to preferred sites within the metal is proposed. 


STABILISATION DE L 


AUSTENITE 


DANS UN ACIER A 10% Ni-1% C 


L’auteur rapelle nos connaissances actuelles sur la stabilisation de l’austénite et décrit une étude de 


cette 


stabilisation dans un acier 10°, Ni-1% C. 


I] propose une interprétation des résultats obtenus en 


fonction de la diffusion d’atomes solutés interstitiels vers des sites préférentiels dans le métal. 


THERMISCHE STABILISIERUNG 


Ni 


Die derzeitige Kenntnis iiber dic 
eine Untersuchung iiber di 
dabei gewonnenen Ergebnisse wird eine 


atomen Zu 


VON 


Stabilisierung von Austenit wird kritisch besprochen. 


Stabilisierung in einem Stahl mit 


AUSTENIT IN EINEM STAHL MIT 


UND 1% C 


Ferner wird 


10°, Ni und 1% C beschrieben. Fiir die 


Erklarung auf Grund der Diffusion von gelésten Zwischengitte1 
bevorzugten Stellen im Metall vorgeschlagen. 


1. INTRODUCTION 


It is well known that the progress of formation of 


martensite in a steel during cooling may be influenced 
by the cooling procedure adopted. In many instances, 
the 
steel 


within martensite trans- 


the 


if cooling is arrested 


formation range and allowed to age, no 


further martensite forms on subsequent cooling until 
an appreciably lower temperature is reached.“~-!) As 
a consequence, less martensite is obtained at lower 
temperatures than would have resulted from direct 
cooling to the same temperatures. Similarly, aging in 
the absence of martensite may cause a lowering of the 
temperature at which the martensite transformation 
first commences (commonly designated VW ,).{4:14-15 
A decreased cooling rate may also inhibit the trans- 
formation, resulting in some cases in a lowering of MW, 
and in an apparent loss of martensite at lower tempera- 


3,4,8,9,16 


tures These interrelated phenomena, which 


are not apparently accompanied by any micro- 


scopically observable changes in the parent phase, are 


) The 


stabilization is also used in connection with a decrease 


known as thermal  stabilization.’’! 


term 


in the rate of isothermal formation of martensite 


which occur as a result of 


transformation. '2:!7-19) 


may aging prior to 


An elucidation of the mechanism of stabilization 
would greatly advance the understanding of the factors 


Neverthe- 


less, investigations of the phenomenon are few. The 


which control martensitic transformations. 


effect on the stabilization process of the temperature 


* Received Jul 
Formerly f the University 
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and time of aging, the amount of martensite present 
during aging, and the composition of the steel have all 
(3,4,7,12,13,20) The data 


somewhat limited and 


been examined to some extent. 
so far assembled, however, are 
in some cases difficult to interpret, due to the use of 
experimental procedures which now appear to have 
been rather unsuitable. 

In this connection it is useful first to consider which 
is the most appropriate measure of stabilization. In 
the case of stabilization in the presence of martensite, 
there are two possible choices (Fig. 1): 

(a) The amount of martensite apparently lost at 

some reference temperature 7’,. This value of 
stabilization is usually designated 0. 
The temperature interval (9) between the initial 


quenching temperature 7’, and that tempera- 


Q 


ture (V7 .’) at which transformation recommences 


on subsequent cooling. 

Now the work of Morgan and Ko" demonstrated 
that, after a treatment resulting in stabilization, the 
lost’ martensite might in some instances be recovered 
during subsequent cooling (Fig. 1). In such a case, a 
value of 6 would not be a valid measure of stabiliza- 
tion, since it would be dependent on the reference 
temperature which was chosen. It is therefore evident 
that 4 must be considered the more satisfactory 
measure of stabilization and that the interpretation of 
values of 6 must be approached with caution. 


Additional 


investigations of the effect of temperature on stabiliza- 


difficulties have been introduced in 


tion. Aging at different temperatures may lead to the 
different 


martensite, a complication the influence of which is 


presence, during aging, of amounts of 


2OS 


\ 
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Amount of martensite present 


Quenching temperature 


Fic. 1. 
Normal course of transformation. 
Course of transformation after quenching to 7’, 
and aging. 


unknown. In order to obtain unambiguously the 


effect of the temperature of aging on the process, it 
is therefore essential to use a treatment in which the 
specimens are first quenched to a fixed temperature 
and then aged at the same or higher temperatures: 
in this way, a fixed martensite content during aging 
is ensured. ,4,1,13) 

Despite the difficulties of interpretation and the 
lack of experimental data, certain features of the 
stabilization process have become evident: 

(i) The degree of stabilization increases as the time 

of aging is increased, possibly up to some 
(3,4,12,13) Tt been demon- 


limiting value. has 


strated in one case, however, that prolonged 
aging can result in an eventual progressive 


decrease in the amount of = stabilization 
observed.4)) 


The rate at which stabilization occurs increases 
as the aging temperature is raised, and is 
greater in the presence of martensite.{:!!,12,19) 
The martensite lost as a result of stabilization 
may be recovered on further cooling, in many 
(4,8,13) 


cases. 


It is suggested that there is a temperature 


above which stabilization does not occur. 


Estimates of this temperature have been made 
in two investigations, but the values obtained 


differed 


The effect of the composition of the steel is not 


easy to assess. The presence of chromium 


STABILIZATION OF 


209 


AUSTENITE 


appears to increase the rate at which the 


but the effect of other illoyving 


14,20 


process occurs, 
elements is uncertain 


The data on stabilization in the absence of 


martensite are confused. Many contradictor) 


observations have been made, and it is not 


clear under what conditions stabilization of 
this type will be observed.! 

Several theories of the mechanism of the stabiliza- 
tion have been advanced, all of which are qualitatively 
plausible. However, it is evident from the preceding 
discussion that these theories must remain tentative 


until further data are obtained 


INVESTIGATION 
As has effects of 


temperature of aging on the stabilization process are 


2. PRESENT 


been implied, the time and 


not yet known in detail; the experimental work to be 
described is an examination of this problem in an 


Niand1%C 


This alloy was chosen because it has an WM. value 


iron-nickel-carbon alloy containing 10° 


slightly above room temperature, which enables 


stabilization measurements to be made conveniently. 


Experimental Technique 
10°, Ni. 1° 


rolled 


tor | 


the form of a 4-in 


The 


diameter 


C alloy, in 


bar, was homogenized by heating 


No transverse 01 


in vacuo at week 


longitudinal inhomogeneity could then be detected 


metallographically. 


A preliminary examination of this alloy, using the 


metallographic method employed in several previous 


investigations,”:*) showed that stabilization could 


occur on aging at room temperature Furthe 


exploratory work indicated that the m 


“lost” as a result of stabilization 


apparently 
recovered extremely rapidly on subsequent 
taking place almost entirely at one tempe 


similar manner to the for 


martensite. 
lartensite oc 


During this rapid formation « urring 


at Pe a 


was used. as described below 


marked recalescence was observed which 


as the principal means 


of detecting the recommencement of transformation 


at M., and hence of obtaining values of 4 


Small specimens, to which thermocouples 
attached by spot-welding, were austenitized 
quenched, and subjected to the required aging 
The specimens were then rapidly cooled 


the 


ments 


standard rate and recalescence temperatt 


measured by means of the attached then 


The differences 


tures and the temperatures to 


between these recalescence tel 


which the specimens 


» 
\ 
(vi) 
\ 
\ 
\ 
\ 
\ 
\ 
\ 
\ 
Tz Ms lo Mg 
|| 
(ii) 
(ili) 


210 


were initially quenched represented the values of 4 
used as the measure of the degree of stabilization. 

The specimens, which were cylindrical in form, $-in. 
diam. 1-in. long, were manipulated throughout the 
heat treatments by the attached thermocouple wires. 
Chromel/alumel couples 0.02-in. diam., proved suffi- 
ciently robust and reliable provided they were used 
once only. 

Austenitizing was carried out at 1050°C for 20 min 
+-2°C. 


The specimens were placed in long silica tubes which 


in a vertical-tube furnace controlled to within 


were evacuated and sealed by means of rubber stoppers 
through which passed the thermocouple wires (Fig. 2). 
It was found necessary to nickel-plate the specimens in 
order to avoid decarburization during heat treatment. 

After austenitizing, each specimen was withdrawn 
from its silica tube and quenched in water held at a 
predetermined temperature. 10 sec was allowed for 
the specimen to reach the temperature of the water, 
after which it was transferred to a bath of silicone oil 


maintained at the desired aging temperature. After 


aging, the specimen was transferred to a bath of 


Specimen— 
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acetone held at the temperature to which the specimen 
was initially quenched. The acetone container, of thin 
copper foil, was then immediately surrounded by 
another bath of acetone previously cooled with solid 
carbon dioxide; the temperature of the specimen 
during the resulting further cooling was indicated on 
the 
temperature to be noted conveniently. 


a galvanometer scale, allowing recalescence 

In order to obtain reproducibility it was found 
necessary to standardize the cooling conditions during 
the determination of the recalescence temperature. 
A standard temperature difference of 50°C between 
the copper container and the cooling medium gave a 
convenient rate of cooling of about 13°C per second. 
During cooling at this rate, the maximum temperature 
difference between the center and the surface of the 
specimen was less than 1°C. 

Though considerable success was achieved using this 
technique, it became evident as the investigation 
proceeded that the method had certain limitations. 
The occurrence of a large burst of martensite at W.’, 
on which the technique relied, depended on several 


If more than 35°, martensite was formed 


factors. 
during the initial quench, the burst at the recom- 
mencement of transformation was difficult to detect, 
and the technique could not therefore be used in such 
cases. Furthermore, it appeared that the higher the 
temperature of aging, the less was the tendency of 
the material to exhibit bursting. These two factors 
were interrelated, since the critical amount of marten- 


site above which bursting was not readily observable 


decreased with increasing aging temperature. Despite 


these limitations, however, when consistent bursting 
was observed the method yielded values of 6 which 
were reproducible to within +-2°C and which agreed 
closely with measurements made by the metallographic 
technique. 


2.2. Experimental Results 


The preliminary metallographic determination of 
the 
curve for the 10°, Ni, 1°% C alloy is illustrated in 


Fig. 3. 


percentage transformation versus temperature 
The investigation of stabilization using the 


recalescence technique is presented below. 


99] 


Specimens were quenched, after austenitizing, to 


Time-de pe ndence of stabilization 


and aged 
The 


bef re 


three temperatures, 35.5°C, 20.5°C, or 0° 
for various times at these same temperatures. 
the 


transformation resumed, are shown in Fig. 4. 


resulting values of 6, temperature lag 
Evidently stabilization was initially extremely rapid, 
the initial rate of the process increasing as the aging 


temperature was raised. The degree of stabilization 


To vacuum pump~. / 
Thermocouple] / 
Rubber 
| | 
tube || 
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x 
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°lo 


Amount of martensite 
at quenching temperature 


Quenching temperature °C 
Fig. 3. 


observed at each aging temperature appeared to 
increase to a limiting value of about 24°C. However, 
it was not possible to determine whether this limiting 
value was independent of the aging temperature from 
this series of measurements, since only a small range 


of temperatures was considered. 


Effect of temperature of aging 
During the aging treatments described in 2.21 the 
specimens contained different amounts of martensite; 
from the transformation curve in Fig. 3, 
that quenching to 35.5°C, 20.5°C, and 0°C would yield 
17.5%, and martensite respectively. As has 


it is apparent 


been pointed out, it is necessary to study the effect 
of aging at a fixed martensite content; several series 
of specimens were therefore quenched to 35.5°C (7°, 
martensite) and aged at a number of higher tempera- 


O 


Degree of stabilization@ 


10 15 20 


Ageing time sec x 10° 
Fig. 4. 

Quenched to 35.5°C, stabilized at 35.5°C 

Quenched to 20.5°C, stabilized at 20.5°C. 

Quenched to 0°C, stabilized at O°C. 
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AUSTENITE 


30-— 


Degree of stabilisation 0 


2 
Ageing time 


Quenched to 35.5°C, 


then aged at 


tures. The results are shown in Figs. 5 and 6. Fig. 5 
confirms that the initial rate of stabilization increased 
as the aging temperature was raised and demonstrates 
that the 
could be obtained decreased as the aging temperature 
The latter 


illustrated in Fig. 6, in which are shown the maximum 


maximum amount of stabilization which 


was raised. point is more strikingly 


) obtainable at 


values of 4 (henceforth termed _ 


various aging temperatures 


2.23. Effect of amount of martensite present during aging 


[t has been suggested that the presence of martensite 
during aging may affect the course of stabilization 
indeed, recent work has demonstrated that the process 


may depend greatly on the amount of martensit 


present.”%) It was interesting, therefore, to reps the 


30-——— 


x 
9 


Maximum degree of stabilization 
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nN 
O 


5 


Degree of stabilisation 


20 
Ageing sec x 10° 
Fic. 


Quenched to 35.5°C, stabilized at 
. Quenched to 20.5°C, stabilized at 


35.5°C. 
work of Section 2.22 on specimens containing a greater 
amount of martensite. 

Accordingly, a series of specimens was quenched to 
20.5°C (17.5° 


the degree of stabilization obtained in these 


martensite) and aged at 35.5°C. In 
Fig. 7, 
specimens is compared with the stabilization vs. aging 
time curve for specimens quenched initially to 35.5°C 
7°, martensite) and aged at the same temperature. 
The difference in the amount of martensite present 
during aging apparently had little effect on either the 
rate of stabilization or on the maximum degree 
obtainable. 

In addition, a series of specimens was quenched to 
20.5°C and aged at various temperatures until the 
maximum degree of stabilization had been reached. 
Comparison of the results with those obtained with 


specimens quenched initially to 35.5°C showed that 


Maximum degree of stabilization 


O 100 
Ageing temperature 
Fic. 8. 
~ Quenched to 35.5°C. 
Quenched to 20.5°C. 
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there little difference in the values of 9 


obtained (Fig. 8). 
The extension of this work to include an examination 


was 


of the effects of the presence of still greater amounts of 
martensite, although desirable, was unfortunately not 
possible, since bursting was insufficiently pronounced 
when the amount of martensite present in specimens 


aged at 35.5°C exceeded 17.5%, (see Section 2.1). 


2.24. Reversibility of stabilization 

An investigation was carried out on the effect of 
successive aging treatments at different temperatures 
to ascertain whether or not stabilization was a 
reversible process. 

Several specimens, after quenching to 35.5°C, were 
aged at that temperature for a sufficient time for the 


maximum degree of stabilization to be reached. The 


30 


D 

O 


5 


J 
5 
Ageing time 


1 
secx 10 
Fic. 9. 
Quenched to 35.5°C, stabilized at 35.5°C. 
Quenched to 35.5°C, stabilized at 89°C. 
Stabilized 1 hr at 35.5°C, then at 89°C. 
oe Stabilized 1 hr at 35.5°C, } hr at 89°C, 
then at 35.5°C. 


specimens were then given a further aging treatment 
at 89°C for various periods and the resulting degree 
of stabilization was measured. On aging at 89°C, the 
degree of stabilization obtained evidently decreased 
until it reached a value equal to the maximum degree 
obtainable at that temperature. This effect is shown 
in Fig. 9. 

Three specimens were then subjected to this double 
aging treatment and then re-aged at 35.5°C for various 
times. After aging at 35.5°C for the second time, the 
degree of stabilization resulting reverted to the value 
characteristic of 35.5°C (Fig. 9). 

A similar experiment was carried out using a second 
the obtained 


aging temperature of 149°C; results 
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(Fig. 10) again show that the final degree of stabiliza- 
the 
temperature. Evidently stabilization in this alloy is 


tion obtained is characteristic of final aging 


a reversible process. 


Discussion of Results 
2.31. Characteristics of the stabilization process 
The characteristics of stabilization in the alloy 
investigated may be summarised as follows: 
(a) The 


increasing aging time up to some limiting value @ 


degree of stabilization increases with 


Contrary to the results of Okamoto and Odaka,“ no 
maximum in the stabilization vs. aging time curve 
was observed. 

Inspection of the curves in Figs. 4 and 5 suggests 
that they may be described by equations of the form: 


where .V/ and N are constant at any one temperature. 

Values of Mand N may be obtained by plotting 


max 
This procedure indicates that / is temperature- 


v log,, t, as in Fig. 11. 


log 510 


dependent, while NV is independent of temperature and 
has a value of 0.4. 

(b) Stabilization occurs with great rapidity initially, 
even at 0°C, and the initial rate of the process increases 
as the aging temperature is raised. 

(c) The value of 6,,, 
aging temperature. 


, decreases with increasing 


(d) The progress of stabilization and the values of 


ation@ 


& 


Degree of stabili 


15 
sec x10 


Ageing time 


Fie. 10. 
Quenched to 35.5°C, stabilized at 35.5°C., 
Quenched to 35.5°C, stabilized at 149°C, 
Stabilized 1 hr at 35.5°C, then at 149°C, 
Stabilized 1 hr at 35.5°C, } hr at 149°C, then 
at 35.5°C. 
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STENITE 


Stabilized at 35.! ope 0.45 


Stabilized at 0.40 


obtained are evidently 


max not dependent on the 


amount of martensite present during aging, within 


the limits investigated 


(e) Stabilization is thermally reversible; as a result 


the value of _ ee is characteristic of the final aging 


temperature and independent of any prior aging 


treatment. 


T he activation rqy for stabilization 
Previous investigators have made estimates of the 
activation energy for stabilization from information 


time and 


(4.9.12) 


on the temperature-dependence of thi 


process. These investigators have assumed that 
the progress of stabilization may be described by the 
relationship: 
Es 
K exp 
R1 
where E. is the activation energy of the process and 
K is a constant. The present work demonstrates that 
this relationship is not valid; consequently; estimates 


of FE, made on the basis of equation (2) can have 


meaning. 
It was of interest. however. to obtain values 
using expression (2) in order to compare them wit! 


previous results. Different values of Ly, varying fro1 


2400 to 11.900 calories per mole. were obtained f 


different 
further emphasises that estimates of Lg, made 


parts of the experimental curves. Th 


basis of expression (2) are meaningless and tl 


quoted value of Eg, of about 20,000 calories per 


S 


is extremely questionable 4,9,12 Furthermore 


conclusions drawn by previous authors from tl 


correspondence between the measured activation 


energies for stabilization and for stress-relief o1 
1,9.12,2 


diffusion of carbon atoms cannot be accepted 
11.000 calories 


mole for the activation energy for stabilization in the 


Recent work suggests a value of 


tnis 


case of the isothermal formation of martensite 
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calculation is most probably open to similar objections, 


however. 


Mechanisms of stabilization 

In an extensive investigation of stabilization in a 
manganese steel.“*%) Glover and Smith showed that 
$x depended on the amount of martensite present 
during aging, 
max ON aging temperature and consequently no 
evidence of thermal reversibility. These findings are 
in direct contradiction to the results of the present 
investigation, suggesting that stabilization can occur 
by more than one mechanism. It seems likely that 
several mechanisms will operate in each alloy to 
varying extents, but that the predominant mechanism 
and hence the predominant characteristics of the 
process will be determined largely by the composition 
of the material. 

Glover and Smith suggest that stabilization in their 


alloy may be due to the relief of stresses as a result of 


tempering. Clearly, stress relief either by recovery or 
as a result of tempering was not the cause of stabiliza- 
tion inthe 1°, C, 10°, Nialloy, since such a mechanism 
could not explain the thermal reversibility observed. 
The present work indicates rather that, in some 
cases at least, stabilization consists of the setting up 


during aging of a thermally reversible equilibrium: 


several explanations of the phenomenon have been 


put forward in which this concept is implicit. Cohen 
and his co-workers’ propose that martensite plates 
are nucleated at regions of strain within the austenite, 
and that during aging the likelihood of the strains 
being propagated through the lattice to form marten- 
site plates is reduced by diffusion of interstitial solute 
Holloman?) 


suggests that classical nucleation of martensite plates 


atoms to the vicinity of these regions. 


may occur preferentially at strained regions within 
that 
these regions during aging may reduce their ability 


the austenite, and diffusion of solute atoms to 
According to Morgan and 


the diffusion of 


nucleation. 
the 


to promote 


Ko, stabilization is result of 
solute atoms to the interfaces between the martensite 
this the 


interfaces and growth of the nuclei 


the austenite: in 


movement of these 


nuclei and parent way, 
are prevented. 

Though differing in detail, each of these theories 
depends on the diffusion of solute atoms to preferred 
sites within the parent phase. Mechanisms of this type 
can lead to a time and temperature-dependence for 
stabilization of the type observed in the present case, 
if it is assumed that the amount of stabilization which 
will be observed will depend on the average number 
the source of each 


of solute atoms ‘‘condensed’’ at 


but they could find no dependence of 
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At high temperatures the solute 
the 


austenite, and this random distribution will be main- 


martensite plate. 
atoms will be distributed randomly within 
tained on quenching. On aging, the solute atoms will 
begin to diffuse to the preferred sites and stabilization 
will be observed. A dynamic equilibrium will 
eventually be set up such that the average number 
of “‘condensed” solute atoms per martensite plate 
source reaches a value characteristic of the aging 
temperature. For higher aging temperatures, the 
solute atoms will tend to be more randomly distributed 
and the average number of “‘condensed”’ solute atoms 
will be lower, suggesting that the maximum amount 
of stabilization which will be observed should decrease 
the 


rate of approach to this maximum should increase 


with increasing aging temperature. Further, 
with increasing aging temperature, and, since the 


equilibrium number of “condensed” solute atoms 
depends only on the aging temperature, the thermal 
reversibility of the process is also explained. 

Though there are undoubtably other explanations 
of the results obtained in the present work, additional 
considerations give some support to the ideas outlined 
above. In the case of an iron-nickel alloy,"® stabiliza- 
tion of the isothermal formation of martensite occurs 
only if some carbon is present, showing that interstitial 
solute atoms are responsible for stabilization in at 
least one case. In addition, it is interesting to note 
that the distinct resemblance between the stabilization 
process and strain aging’*.?” is enhanced by the 
results of the present investigation, lending weight to 
the 


there may be a similarity between the mechanisms of 


suggestion made above and elsewhere'® that 


the two processes. 
2.4. Conclusions 
characteristics of 


The of the 


stabilization 


current knowledge 


has been assessed and it has been 


suggested that the theories evolved, though plausible, 
are incapable of being tested adequately due to the 
lack of experimental data. 

Ni, 1° 


examined and a theory based on the diffusion of 


Stabilization in a a » C alloy has been 


interstitial solute atoms to preferred sites within the 
metal explains the results obtained. 

It is nevertheless concluded from a consideration of 
that 
mechanisms, and that the choice of the mechanism 


other data stabilization can occur by several 
which is predominant is determined by the composition 


of the material. 
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X-RAY INDUCED CRACK FORMATION IN SODIUM CHLORIDE* 


By H. R. LEIDER, L. A. 


GIRIFALCO, 


and R. A. LAD* 


X irradiation of powdered sodium chloride produces a large surface-area increase and a decrease in the 


net heat of adsorption, 


energy introduced by grinding and by X rays is dissipated. 


The results are interpreted in terms of a cracking mechanism by which strain 


It is shown that the cracking process occurs 


even in the absence of X rays but much more slowly and to a lesser extent. 


FISSURES SOUS 


FORMATLON DE 


CHLORURE 


DE 
DE SODIUM 


RAYONS X DANS LE 


L’irradiation aux rayons X de poudres de chlorure de sodium produit une augmentation importante 


de surface et une diminution de la chaleur d’adsorption. 


Les résultats sont interprétés en fonction 


d’un mécanisme de fisuration dans lequel énergie de déformation introduite par meulage est dissipée 


par les rayons X. 


On montre que le processus de fissuration apparait méme en l’absence de rayons X, 


plus lentement et dans une moindre mesure. 


RISSBILDUNG 


IN NATRIUMCHLORID 


mais beaucoup 


INFOLGE RONTGENBESTRAHLUNG 


Réntgenbestrahlung von pulverférmigem Natriumchlorid fiihrt zu einer betrachtlichen Vergrésserung 


der Oberflache und zu einer Abnahme der Adsorptionsenergie. 


Diese Ergebnisse werden auf der Grund- 


lage eines Rissbildungs-Mechanismus erklart, durch den die beim Zermahlen und bei der Réntgen- 


bestrahlung eingefiihrte Energie abgebaut wird. 


Es wird 


gezeigt, dass die Rissbildung auch ohne 


Réntgenbestrahlung vor sich geht. allerdings wesentlich langsamer und in geringeren Ausmass. 


INTRODUCTION 
The difference between the theoretical and actual 
strength of crystals has been attributed in part to the 
presence of minute cracks in the solid surface.“ * 
Therefore, studies of the conditions contributing to 
are of considerable 
Metz and 


have investigated the effect of surface heterogeneities 


crack formation crystals 


theoretical and practical interest. 


on the formation of crystallites in metallic films 
deposited on alkali halide single crystals. Their work 
that 


halide surfaces by a temperature-activated process. 


leads to the conclusion eracks form on alkali 
The rate is measurable even at room temperature and 
increases rapidly above 90°C. It was also found that 
X irradiation accele rates the cracking proce SS. 
Electron diffraction studies have shown that X 
irradiation produces a disordering effect on the surface 
of sodium chloride single crystals. After long irradi- 
the 


numbers of small crystallites arrayed at many angles 


ations, patterns indicating presence of large 


were obtained from erystals which had originally 


yielded patterns characteristic of a high degree of 


perfection. One interpretation of this effect is that it 
is the result of the formation of surface cracks during 
irradiation. Because the electron diffraction patterns 
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cannot be considered as unequivocal proof of this 
hypothesis, other information about the state of the 
surface was desirable. If irradiation causes appre- 
ciable cracking, the accompanying increase in surface 
area should be measurable by the standard gas- 
adsorption technique. If crack formation results in a 
reduction of strain energy in the surface, the heat of 


adsorption obtainable from the same experiment 


should reflect the change. Accordingly, adsorption 


experiments were undertaken to determine the magni- 
tude of 
subjected to X irradiation for various times. 


chloride is 
The 


minimum area needed for an adsorption study required 


these changes when sodium 


that powdered salt be used. The electron diffraction 
study had shown that highly strained surfaces under- 
went change more readily than those containing little 
strain. Therefore, it would be expected that the 
strain introduced by grinding during the making of 
powders would facilitate crack formation. It was also 
of interest to determine the changes in surface area 
and heat of adsorption resulting from the cracking 
which occurs at a slower rate in the absence of 
radiation. 
EXPERIMENTAL 

Sodium chloride powder was prepared by grinding 
fragments of optical grade crystals obtained from the 
Harshaw Chemical Company. The powder was sieved 


and all of the experiments were performed with 
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AND 
TABLE 


Time between 
Heat of 
adsorpt ion 


Irradiation grinding and 
time 


(hr) 


adsorption 
experiment 
(days) 


(cal/mole) 


samples taken from one fraction with a mesh size 


between 270 and 325. The powder was stored in a 
desiccator until required. 
The Machlette 


AEG-50 tube having a tungsten target and a beryllium 


irradiations were made with a 
window. The tube was operated at 50kV and 30 mA. 
The radiation intensity at the position of the sample 
was found to be approximately 72,000 r/hr. During 
irradiation the sample was kept in a sealed aluminum- 
foil container which was mounted on a motor shaft 
rotating at 4. r.p.m. The container was large enough 
to permit complete tumbling of the 4 g samples so that 
every portion of the powder received approximately 
equal irradiation. 

The value reported for the unirradiated material, 
measured 8 days after preparation, was obtained on a 
sample which had been tumbled 100 hr: it will be 
noted that the areas of irradiated samples are always 
considerably greater than the area of this unirradiated 
sample even for radiation times as low as 16 hr. 

Surface areas and net heats of adsorption were 
computed from nitrogen adsorption isotherms by the 


B.E.T. method. 
RESULTS AND DISCUSSION 
As indicated in Table 1, 


unirradiated powder increased on standing at room 


the surface area of the 
temperature to yield values of 7.38 m*/g after 8 days 


and 12.9 m?/g after 72 days. This result is in accord 
with the observations of Metz and Lad that surface 
defects 


temperature. 


form at a measurable rate even at room 
The simultaneous decrease in the heat 
of adsorption (which is proportional to the surface 
energy of the powder) indicates that the cracked 
These 


facts lend support to the hypothesis that strains 


material contains less strain in its surface. 
introduced into the crystals can be relieved by crack 
formation at a low rate. 

It was found that X irradiation increases both the 


rate and extent of increase of surface area. The data 


LAD: 


‘K FORMATION IN NaCl 


rradiation 
Fic. 1. 


powder. 


Surface area ol 


The time lapse after 


unirradiated 22 


specimen and 
specimens 
shown in Table 1 and Fig. 1 for irradiations of speci 


mens studied from 22 to 33 days after grinding also 


reflect some change due to storage before irradiation 
However, an estimate obtained by a linear inter- 
polation of the area change over the interval 22-33 
days is | m*/g and, therefore, small as compared to the 
over-all changes resulting from irradiation. The low 
rate of defect formations observed at room tempera 
ture by Metz and Lad make a linear interpolation 
reasonable. 

heat of 


The dependence of the adsorption on 


irradiation dose is illustrated in Fig. 2. It is seen that 


the increase in surface area is accompanied by a largé 
initial decrease in surface energy as the result of 
irradiation as well as on storage at room temperature 
The net heat of adsorption as computed from. the 
adsorption isotherm by the Brunauer, Emmett, and 
Teller Single Isotherm Method is the average net 
over the surface Actually, the net heat of adsorption 
varies from point to point because of surface heter 
geneity. Because of the limitations of the B.E.7 
method, the most energetic parts of the surface are not 
taken into account in the computation of th 

true changes in 


net heat. Consequently the 


adsorption are greater than the changes 


cal /mole 


| 
16} + + 
12} + 
0) 72 12.9 95 4} | 
64.3 33 20.9 70 2C 4 é A 120 
X -irradiated sodalul rice 
35 61 13.0 155 
| 
| 
| 
Fic. 2. Heat « dsorption of N, at 195°C on X | 
ee sodium chloride powder 
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herein. The experimental error made it impossible to 
define the shape of the curve at long irradiation times. 


Although a horizontal line was drawn through these 


points, it is certain that further decrease in heat of 


adsorption was also taking place during this period. 


The heats reported also reflect the changes due to 
room-temperature storage. However, the effects due 


to irradiation were much larger, and no numerical 


estimate of the former effect was attempted because of 


the considerations mentioned above. 

Irradiation of a specimen which had been stored for 
a longer period of time (61 days) produced an inter- 
esting result. In this case a 35-hr irradiation produced 


little change in surface area but increased the heat of 


adsorption from approximately 95 to 155 cal/mole. 
The effects observed in this study can be accounted 
for by the following hypothesis. When a powder is 
prepared by grinding, a certain amount of energy is 
introduced into the surface in excess of the normal 
surface energy. This excess energy can be the result 
of the distortion of the ions in the crystal away from 


their equilibrium positions. The crystals can then 


approach their equilibrium states by the formation of 


cracks, the process of cracking using up the strain 
energy. Thus, a decrease in surface energy (and heat 
of adsorption) accompanies the increase in surface 
area. 

Metz and 


cracking occurs by a thermally-activated rate process, 


Since the work of Lad implies that 


a potential barrier to crack formation must exist. If 
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the energy to overcome the barrier must come from 
thermal fluctuations, the rate will be low. However, 
if additional energy is introduced either by working 
or by irradiation, the height of the barrier will be 
effectively lowered and the rate of cracking will 
increase. The present study indicates that the rate is 
greatly increased when the energy resulting from 
irradiation is added to the strain energy introduced by 
grinding. The electron diffraction studies mentioned 
earlier bear this out in that, when irradiated, highly 
strained crystals underwent change more readily than 
annealed specimens. 

The effects 
stored for 61 days are understandable if one recognizes 


observed on irradiation of crystals 


that only a fraction of the X-ray energy absorbed by 
the material will be useful in lowering this barrier. 
For example, it is not likely that the energy increase 
in the material due to the formation of f-centers and 


holes would contribute. It would therefore, be ex- 


pected that X-ray treatment of an annealed crystal 


could result in a surface energy increase without 


changing the surface area. 
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ACTIVATION ENERGIES FOR CREEP OF HIGH-PURITY ALUMINUM* 
O. D. SHERBY, J. L. LYTTON, and J. E. DORN} 


Activation energies for creep of high-purity aluminum were obtained over the temperature range from 
77°K to 880°K by rapidly changing the temperature during creep at constant stress. The experimentall 
obtained activation energy was shown to be insensitive to stress and strain, and this fact questions thé 
validity of those theories for creep that postulate stress and strain dependent activation energies. Fron 
500°K to 880°K the activation energy for creep was found to be independent of temperature and equal 


to 35,500 calories per mole which is the same as that for self-diffusion of aluminum. Between 0.25 and 0.40 


T'm (250 to 375°K) the activation energy for creep was found to be equal to about 27,500 calories per mok 
Below 0.25 T 
it was shown that the presence of at least four discrete activation energies could account for these low 


m the activation energy for creep was found to decrease rapidly with decreasing temperature; 


temperature results. 


ENERGIES D’ACTIVATION POUR LE FLUAGE DE L’ALUMINIUM DE HAUTE PURETE 
Les énergies d’activation pour le fluage de l’aluminium de haute pureté ont été obtenues pour la 
gamme de température de 77 & 880°K par variation rapide de la température au cours du fluage 
tension constante. L’énergie d’activation déterminée expérimentalement s’est révélée insensible 
tension et a la déformation et ce fait met en cause la validité des théories du fluage qui postulent 
dépendance entre tension et déformation et les énergies d’activation. De 500°K a 880°K, lénerg 


d’activation pour le fluage a été trouvée indépendante de la température et égale a 35.500 calories/mok 


ce qui correspond a l’énergie d’autodiffusion de aluminium. Entre 0,25 et 0,40 (250 375° K), lénergi 
d’activation pour le fluage vaut environ 27.500 calories/mdle. En-dessous de 0,25 7 
décroit rapidement avec la température. On a montré que l’existence d’au moins 4 énergies da 


discrétes permettraient d’interpréter les résultats & ces basses températures. 


AKTIVIERUNGSENERGIEN BEIM KRIECHEN VON REINSTALUMINIUM 

Im Temperaturbereich von 77°K bis 880°K wurden die Aktivierungsenergien des Kriechens von 
Reinstaluminium durch rasche Veranderung der Versuchstemperatur wahrend des Kriechy unter 
konstanter Last ermittelt. Dabei wurde nachgewiesen, dass die experimentell bestimmte Aktivierungs 
energie unempfindlich gegen die Grésse von Spannung und Dehnung ist Dieser Befund 
Giltigkeit von Kriechtheorien, die spannungs- und dehnungsabhangige Aktivierungsenergien postulieren, 
in Frage. Zwischen 500°K und 880°K ist nach den vorliegenden Ergebnissen die Aktivierungsenergi 
des Kriechens unabhangig von der Temperatur; sie ist dieselbe wie die Aktivierungsenergie de1 
diffusion von Aluminium und betragt 35500 cal/Mol. Zwischen 0,25 und 0,407", (250 bis 37 
fiir das Kriechen eine Aktivierungsenergie von etwa 27500 cal/Mol gefunden nter 
die Aktivierungsenergie des Kriechens mit sinkender Temperatur rasch ab. Wie geze 
dieses Tieftemperatur-Verhalten durch das Vorhandensein von mindestens vier diskret 


energien erklart werden. 


INTRODUCTION creep ol pure metals COLT 
The creep behaviour of pure metals at temperatures energies for self-diffusion 
above one-half of their melting temperatures can be is believed to be controlle 


correlated by the functional relationship” location climb process 


> The correlations prescrib 
f(9), const. (1) 
are invalid for creep at 
where ¢ total plastic strain during creep, one-half of the melting 
f =a function that depends on the stress, ons or more alsemate 


oO the stress, dominate 
fe-AHIR 


at lower t 
a temperature-compensated gations have been mad 
time. mechanism of creep at low 

time under test, most of these investigations wi 

the base for natural logarithms, toward verifving the exhaustion the 

the activation energy for creep, they therefore emphasized the dependence 

the gas constant, and strain on the time under test. Many possible mechan 
the absolute temperature. isms for creep might have about the same depen 


Since the activation energies for high temperature dence of creep strain on time as that predic ted by the 


exhaustion theory: consequently agreement betwee! 
* Received May 21, 1956. 
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the observed time laws for creep and predictions 
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t 
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AH 
R 
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based on the exhaustion model are not definitive 
per se for establishing the validity of the exhaustion 
hypothesis. 

Creep is possible only because of thermal activation 
of deformation processes. In the absence of thermal 
fluctuations, creep could not occur. Consequently, a 
deeper and more intimate insight into the mechanisms 
of creep might be obtained from a more complete 
picture of the activation energies for creep. Each 
mechanism contributing to creep should eventually be 
identified with a corresponding characteristic acti- 
vation energy. It is the purpose of this investigation 
the energies for 


to determine activation 


high-purity aluminum from 77°F to 880°K, in 
anticipation that this knowledge will provide the 
basis for a better understanding of the creep process. 

The creep rate continually changes during the 
course of creep at a given stress and temperature. 
Since the external variables of stress and temperature 
are maintained constant throughout the test, such 
changes in creep rate must be attributable to the 
that attend the 


Consequently, the standard types of 


internal changes in substructure 
creep process. 
creep tests are not suited for uncovering the funda- 
mental laws of creep, because the structural changes 
might be unique for each temperature and stress. 
At elevated temperatures, however, where equation 
(1) is valid, the same substructures are obtained at 
identical values of ¢ for constant stress creep tests 
conducted over a range of high temperatures.) 
Equation (1) can therefore be used to determine the 
activation energy for high temperature creep. But in 
the lower ranges of temperature of major interest in 
this investigation, equation (1) is no longer valid. 
Therefore the superior and unambiguous technique of 
obtaining activation energies by the effect of abrupt 
changes in temperature on the instantaneous creep 
the 


temperature change was adopted for this study." 1 


rates just before and immediately following 
The range of temperatures investigated extended from 
77°-K to 880°K, and therefore included both the high 


and low temperature ranges for creep. 


MATERIALS AND TECHNIQUES 
High-purity (99.996°,) aluminum was selected for 
this the 
already available on its creep behavior at elevated 
(1, 10) 


investigation in view of extensive data 


temperatures. Creep tests were performed on 
thick 


All specimens were 


tensile specimens 0.250 in. wide and 0.100 in. 


rolled 


annealed for 10 min at 700°K in order to remove the 


machined from sheet. 
effects of machining and to provide uniform equiaxed 


grains having a mean grain diameter of 0.33 mm. 
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Terminated— 
at 9hr 


g=21100 Ib/in® 


| | 


true creep Strain 


€, 


t 


Creep curve for pure aluminum at constant 


“IG. 
under cyclic temperature conditions. 

Creep tests were performed in machines equipped 
with Andrade-Chalmers type lever arms” that were 
contoured so as to maintain the stress constant to 
within better than +1°,. Strains were measured by 
special dial-gage extensometers having a least count 
of 0.0001 in strain. 

Activation energies were calculated from the 
instantaneous creep rates just preceding and immedi- 
ately following abrupt small changes in temperature. 
From 77°K to 500°K, various types of constant- 
temperature baths were used to maintain steady 
temperatures. The specimen temperature was deter- 


mined by means of thermocouples attached directly 
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evaluation of the activation energy for creep of pure aluminum 
under cyclic temperature conditions. (Deduced from Fig. 1.) 
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3. Creep curve for pure aluminum at constant 


under increasing temperature conditions. 


to the gage section. In this range, rapid changes in 
temperature were obtained by quickly removing one 
bath from the specimen and immediately substituting 
a second bath at the new controlled temperature. 
With this technique, the specimen acquired the new 
temperature in slightly less than 2 min. The instan- 
taneous creep rate immediately following a tempera- 
ture change was obtained by extrapolating through 
the 2 min Above 
500°K the specimens were tested in air in a low 


transient temperature interval. 


heat capacity resistance-type furnace. Temperature 
changes were obtained by resetting the temperature 
Although 


before the specimen reached the new temperature by 


controller. about 10 min. was required 
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NERGIES FOR CREEP 


this no difficulty was experienced in 


extrapolating over the transient temperature interval, 


technique, 


inasmuch as the creep rate did not change rapidly 


with time for the stress levels that were investigated 


RESULTS 


A typical example of a cyclic-temperature creep 


curve is given in Fig. 1. Creep was started at 77.3°K 
At A the temperature was changed rapidly to 82.0°K 
In order to represent the entire curve on a single 
to B at 
the time being taken 
t A 


et 


graph, the creep curve from A 82.0°K. is 


shown on a folded time scale 
as zero the instant the temperature was changed a 


At B the temperature was reduced to 77.3°K 
by graphical 
the 


ot 


Creep rates were obtained from Fig 


show nh in 


as 


differentiation and were plotted 
example of Fig. 2. Over the complete range 
conditions that were covered in this investigation no 
spurious transients could be detected following small 
abrupt changes in temperature. Consequently, the 
instantaneous creep rates just preceding and immedi 
ately following a change in temperature were easily 
obtained by appropriate extrapolations of the ¢ versus 
€ curves as illustrated in Fig. 2 

In order to provide detailed coverage over W ide 


ranges of temperatures, a number of tests were made 


progressively increasing temperatures, as 


The 


graphical differentiation of 


under 


creep 


shown by the typical example of Fig. 3 


rates, obtained by the 


creep strain-time curves, were again plotted us 
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shown in the typical example of Fig. 4, as a function 
of the strain. It is significant that results from both 
techniques gave identical activation energies for the 
same temperature, in spite of differences in stress 
and strain and temperature histories. 

The technique of determining activation energies 
from the effects of abrupt changes in temperature on 
the 


advantages. 


instantaneous rates has a 
First, the 


mined with one specimen, thereby reducing materially 


creep 
activation energy is deter- 
the sampling scatter so generally prevalent in most 
types of creep tests. Secondly, the activation energy 
can be determined for a wide range of strains on a 
single sample. Thirdly, the effect of stress on the 
activation energy is easily evaluated by running a 
series of tests over a range of several stresses. Further- 
the 
abrupt changes in temperature suggests that the 


more, absence of transients following small 
structure is the same just preceding and immediately 
following the change in temperature. Consequently, 
the change in creep rate attending a change in 
temperature is exclusively attributable to the change 
in temperature alone. 

If creep were due to a single thermally activated 
process, the temperature dependence of the creep 
rate for a given structure and stress could be repres- 
ented by the relationship 


Ae-AF/RT (2) 


where 
activation. Both A and AF might depend on the 
instantaneous values of the structure and the stress. 
Consequently, the creep rates, ¢, and é,, just pre- 
ceding and immediately following an abrupt change in 
T, to T, would be 


AF(T 5) 
RT: 


temperature from related by 


number of 


A is a constant and AF is the free energy of 


VOL. 5, 


1957 


Since 7’, was selected to be only slightly different 


from 7',, equation 3 can be rewritten as 


AF(T,) AF(T,) 
T, 


AH (— — —} 
Tr, Tf, 


AH, 


can be calculated from the known temperatures 7’, 


from which the activation energy for creep, 
and 7’, and the measured creep rates é, and &y. 
All of the reported activation energies were obtained 
by means of equation (4). If creep is due to a series of 
processes, however, the activation energies given by 
the application of equation (4) are not necessarily 
real or attributable to one unique process. Conse- 
quently, it is desirable to refer to such activation 


AH,, 


unless it can be established that they are uniquely 


energies as apparent activation energies, 
associated with a single process. Typical examples of 
the 


Figs. 2 and 4 immediately above the data points that 


apparent activation energies are recorded in 
were employed in their evaluation. 

The variation of the apparent activation energy 
with the mean test temperature is summarized in 
Fig. 5. The mean test temperature was calculated 


from the obvious relationship 
(5) 
The numbers adjacent to each point of Fig. 5 give 


the 
minations of the apparent activation energy that 


number of independent experimental deter- 


were averaged for that point. 
In Fig. 6 are shown a series of typical examples of 


the effect of strain and stress on the apparent 


Tm 


300 400 


Fic. 5. 
temperature. 


500 600 


900 1000 
°K 


700 800 


Activation energies for creep of pure aluminum as a function of the absolute 
Calculated curve using six discrete activation energies. 


@ Experimental data. (Numbers in parentheses refer to number of determinations 
made; only one determination made on all other points.) 
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497-518°K 
° 


cal/mole 


264-273°K 


T, °K 
497-518 


264-273 


177-208 
77-90 


0-20 


0-25 0-30 6-35 0-40 0-45 


e€, true creep Strain 


Fic. 6. 
activation energy for creep at several especially 
selected temperatures. 

DISCUSSION 

The data presented in Fig. 6 reveal that the 
apparent activation energy obtained at any one of a 
series of temperatures is insensitive to either stress or 
strain. Over the high temperature range, where 
creep is believed to be controlled by a dislocation 
climb process, the present observation on the insensi- 
tivity of the activation energy to either stress or 
that 


obtained by the application of equation (1).“> 


strain coincides with previously 


And 


the fact that the same activation energies are obtained 


precisely 


by the progressive increase in temperature technique as 


those obtained by the cyclic-temperature technique, 


justifies the conclusion that over the entire range of 


conditions that were investigated, the activation 


energies for creep are insensitive to the variables of 


stress, strain and the preceding strain-temperature 
history. In fact, the apparent activation energy fo1 
creep of aluminum appears to depend exclusively on 
the instantaneous test temperature. 

When the rapid change in temperature technique 
that was adopted here is used for evaluating the 
activation energy for creep of polymethyl methacry- 
late,“ the apparent activation energy decreases in 
the expected linear manner with increasing stress. 
insensitivity of the 


Consequently, the observed 


Activation energies for creep of pure aluminum at various temperatures as a function of the true creep strain 


apparent activation energy for the creep of aluminum 
must be real and cannot be attributed to insensitivity 
of the technique that was employed 

A brief review of various proposed theories fo1 
creep, as given below, will reveal that most of th 
previously considered mechanisms for creep demand 
that the activation energy be dependent on the stress 
or the strain: 

1. Becker theory Metals can be 
absolute zero of temperature in the complete 
of thermal Becket 


when the 


deformed at the 
Lbsenes 
fluctuations. 


assumed 1 


was nucleated elastic he 


slip 
volume |] 


Vo.* 


energy in a_ localized 


critical value given by 


modulus of elasticity and go, is th 


stress 


the absolute zero. If a 


applied, the mechanical strain e 


than that required for slip 


shear strain 


fluctuations \y 


missing energ\ 
thermal 
principle, the creep rate should 


temperature and stress according to 


k is the Boltzmann constant Orowan s 
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improvement of the Becker equation’ by the intro- 
duction of a concentration does not 
alter the that the 


reduces the activation energy for creep. Furthermore, 


stress factor 


general tenet increasing stress 


the decreasing creep rate over the primary stage of 


creep was ascribed to an increase in AH resulting 
from strain hardening. 

The Becker theory for creep must be discarded as 
inadequate for three significant reasons: 

(a) The observed activation energy for creep is 
insensitive to the stress in contrast to the prediction 
based on the Becker equation. 

(b) The observed activation energy for creep is 
insensitive to strain in contrast to the implications 
that AH increases with strain. 


(c) The energy to nucleate a Frank-Read source is 


so great" that the creep rate based on nucleation of 


slip bands would be immeasurably small even at the 
highest test temperatures. 
2. Dushman, A 


series of somewhat equivalent creep theories have 


Kauzmann, Seitz 


been proposed, based on the thermal activation of 


“flow units’ over free energy barriers. In metals, 
such flow units are usually identified with dislocations 
moving in their slip planes. In general, such theories 
prescribe that the dislocations are arrested at barriers 
which they must then surmount in order to have 
continued creep. If Afis the free energy the dislocation 
the barrier, the 


must achieve in order to surmount 


energy that must be supplied by a thermal fluctuation 
is Af 


to work done in moving the dislocation to the top of 


Bo, since the applied stress also contributes 


the barrier. Neglecting the possible effect of reversed 
activation, the creep rate suggested by these theories 
can be related to the stress and temperature by the 


expressi mn 


< 


where As is the entropy and Ah is the 
activation. Consequently, the apparent activation 
energy for such mechanisms decreases with increasing 
[t is also possible that Ah might increase with 


stress. 


increasing creep straining due to the introduction of 


higher barriers. 
equation (7) are not in accord with the experimental 
facts, since neither the stress nor the strain appears to 
influence the observed apparent activation energies 
for creep. 

The general model expressed by equation (7) can 


be particularized in terms of various detailed dislo- 


cation mechanisms: 
(a) In fine slip, dislocation arrays issuing from 


Frank-Read sources on two closely spaced parallel 
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energy of 


In any event, however, the dictates of 
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slip planes will interact with each other and thereby 
this the 


energy should be equal to the work required to free 


restrain further slip. In case activation 
the interacting dislocations. 
(d) Dislocations on intersecting slip planes will 


Here 


the activation energy will be the energy to form a 


intersect each other, thereby producing jogs. 


jog. 
(c) A jogged screw dislocation must leave a trail of 
interstitials or vacancies in its wake. Consequently, 
the activation energy to move a jogged screw dis- 
location is the energy to produce interstitials or 
vacancies. If the interstitials and the vacancies do 
not diffuse away, the jogged screw dislocation might 
return to its original site. Therefore, the activation 
energy for moving a jogged screw dislocation might 
include the energy to move an interstitial or a vacancy. 
(d) Dislocations can be locked by solute atoms. 
In one case, locking can occur by a Cottrell mechanism 
and in the other case by a Suzuki mechanism. 
arrested at inclusions 
Undoubtedly, 


(e) Dislocations are also 


and dispersed secondary phases. other 
processes could be appended to this listing. Con- 
sequently, a different 


during creep and therefore the apparent activation 


number of processes occur 


energy for could with temperature. 


But all of the above mechanisms predict activation 


creep vary 
energies that depend on the stress, suggesting that, 
although they may be possible mechanisms, some 
other yet undefined mechanisms actually predominate 
during creep. 

3. Exhaustion creep. Various types of exhaustion- 
creep theories have been formulated.“*®) In general, 
they are predicated on the hypothesis that dis- 
locations arrested at the lower barriers escape more 
rapidly than those arrested at higher barriers. Thus 
the creep rate decreases with time, due to the rapid 
of the lightly 


these theories, as 


exhaustion restrained dislocations. 


According to creep continues, 
the 


This theoretical deduction is obviously contrary to 


average activation energy for creep increases. 
the observations presented here. 

4. Dislocation climb. At high temperatures, edge 
dislocations can rise to parallel slip planes by a 
Mott‘ that 
the activation energy for the climb process depends on 
19, 20) that 


self-diffusion process. has suggested 


the applied stress, whereas others‘ claim 
the applied shear stress along the slip plane cannot 
introduce a free-energy gradient in the direction of 
climb. According to the latter viewpoint, the activa- 
tion energy for dislocation climb should be that for 
the stress. These two 


self-diffusion unmodified by 


alternate viewpoints have not yet been satisfactorily 
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rationalized in terms of detailed models of creep by 

dislocation climb processes. 
5. Diffusion model. It 


at very 


has been suggested that 


high temperatures creep might occur by 
stress-directed self-diffusion.” Such theories suggest 
that the creep rate increases linearly with the stress, 
and that the activation energy for creep is that for 
self-diffusion. Although some experimental data‘??, 23) 
have been published in the literature supporting this 
model, it is not valid in the range of stresses employed 
in the current investigation, since it has been pre- 
viously shown that the creep rate does not vary 
linearly with the stress.“%, 24 


25. 26) 


Several authors‘: 7°: have 


the 


6. Recove ry model. 


suggested a recovery model for creep where 


activation energy is that for recovery of barriers from 
Cottrell 


interesting 


the path of the moving dislocations. and 


Aytekin® model 
tests; 


include a 


have developed an 
steady-state and 
their 


stress-dependent activation energy term which does 


relating creep recovery 


however, mathematical analyses 


not seem compatible with the presently known facts. 


Furthermore, the recovery model, as_ originally 


postulated, predicts an initial creep rate of zero if 


the stress is dropped suddenly from a high stress to a 
lower stress during primary creep. This arises from 
the fact that there is a time interval necessary for the 
internal stress to recover from the high value to a 
lower one corresponding to the new lower creep stress. 
This does not appear to be the case for high-temper- 
ature creep of pure aluminum, where it has been 
shown that the creep rate is merely reduced, but not 
(19, 24) 


stopped, after a decrease in stress. It is never- 


theless attractive to consider that creep does take 


place by some type of a stress-relaxation process 
A successful model, however, must yield an apparent 
activation energy that is independent of the applied 
creep stress. 
Most of the 
insist activation 


theories for creep described above 
that 
In terms of the rather well docu- 


the 


upon energies are stress o1 


strain dependent. 


mented insensitivity of apparent activation 


energy with either stress or strain, such theories 


appear to be incompetent to account for the facts 


In most cases the activation energies postulated by 
these theories are much greater than those which were 
the that 


investigated. This suggests that creep can occur by 


observed at lowest temperatures were 


easier processes than those thus far taken into 


consideration in many of the various theories of creep. 
The the 
activation energy for creep, given in Fig. 5, exhibits 


The 35,500 


temperature dependence of apparent 


two plateaus. highest one of about 


4 
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calories per mole spans a range of temperatures from 
500°K. to This 


energ\ 


about S50 K coincides with the 
for self-diffusion in 
the 


high-temperature 


estimated activation 


aluminum; and, it is equal to previousl) 


reported activation energy for 


creep of aluminum as obtained by the application 


of equation (1). The next lower plateau, spanning the 


range from about 250°K to about 375°K. has an 


apparent activation energy of about 27,500 calories 
per mole. Between 375°K and 500°K the apparent 
activation energy increases gradually from 27,500 to 
35.000 calories per mole. 

Undoubtedly, each plateau represents a region 
over which a single mechanism for creep predomi- 
nates. In the intervening region, where the apparent 
activation energy increases from the lower to the highe1 
plateau, both mechanisms are believed to contribute to 
the observed creep rates. This rationalization of the data 
suggests that the structures obtained during creep in 


the transition zone must depend on the test 


test 


tem pe! 


ature as well as othe variables. Consequently 


it is now clear why equation (1) cannot be rigorously 
applied in regions where two or more mechanisms of 
creep are operative 

Within the sensitivity of the techniques employed 
here, no plateaus of the apparent activation energy 
were obtained in the range of temperatures from 77°K 
to 250°K Either creep occurs by a continuous 
spectrum of low activation energies in this range 
a numbe1 of reasonably closely spaced characteristi 
activation energies 

It is possible that each mechanism of cre¢ p might 
be reflected in characteristically different time laws 
If this were so, the creep strain versus time « 
should reve ul 


various temperatures 


different relationships. But 

creep curves reproduced in 
appear to be any striking differ 
different 


creep at temperatures 


stresses art selected tor test ( reep dau 
itself even at 77°K, althoug! 
employed it 


and the reto 


those actually 
immeasurably slow 
usual period ot a creep test 

The 


inherent complexity ot macrosco 


preceding discussion 


creep. It would indeed be helpful 


isolate and study independently 


mechanism for creep. Lacking the techniques 
this at present, 1t 1s necessary to confine our at 
to analyses ot macroscopl phi nomenolog! 
in anticipation that such analyses might furnish clue 


to the detailed mechanisms of creep For this p rpose, 
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true creep Strain 


€, 


~g=3000 Ib/in?} 
T= 1°K 


Fic. 7. 


constant 


Ty pical creep curves for pure aluminum under 


stress at various temperatures. 


assume that creep arises from a series of mechanisms. 
Parallel mechanisms can be discarded, since in such 
cases would be controlled primarily by the 
the 
If we insist upon adjusting our model to agree with 


the 


creep 


slowest unit process in assemblage. 


parallel 


results, model must be so 


the 


the experimental 


constructed that apparent activation energy 
obtained from the model is independent of the stress 
und the strain. This requirement immediately leads to 
the unorthodox assumption that 


e~ SHIRT (8) 


AH,=a constant equal to the activation 
energy of the ith process, 
the weight factor for the ith process, 
a function of the instantaneous 
stress and structure, 
the structure which varies in a yet 
undefined way with the preceding 
creep history. 

By introducing equation (8) into (4), the apparent 


activation energy for the assumed model becomes 


Rd (in e) 


Yw, AH 


AH, 


where AH, is 


independent of the stress and strain, 
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as revealed by the absence of stress and structure in 
the expression to the right of the last equality sign in 
equation (9). The usual assumption that each of the 
series of processes contributes strain rates that are 
unique functions of the stress and structure to the 
total 
activation energies that would have been functions of 


creep rate would have resulted in apparent 


the stress and strain. As yet, the separation of the 
function ¢g(a,s) as a single independent multiplying 
factor of the sums of the series of activation energy 
terms can only be justified on heuristic grounds and a 
posteriori correlations. 

Two activation energies, namely 35,500 and 
27,500 calories per mole, of the total series appear to 
be fairly well established. In order to compare the 
concept of a series of activation energies with the actual 
experimental results, four additional activation 
energies were arbitrarily selected, as shown in Table 1. 
| was assigned to the highest 


The 


calculated by 


A weight factor of w 
activation energy of 35,500 calories per mole. 


remaining weight factors were then 


applying equation (9) to the experimental data. It is 
interesting to note that according to these assumptions 
the weight factors must show an _ unexpectedly 
large increase with increasing activation energies in 
order to account for the experimental results. Using 


Table 1, 


vation energy curve given by the broken line of Fig. 5 


the data in the calculated apparent acti- 


TABLE 1. Weight factors 


AH 


(cal mole) 


35,500 

27.500 of LO 
20,000 j 10 
12,500 10 
6,500 10 
3.000 5 10-89 


was obtained; this agrees reasonably well for all 


When a 


comparison was made, using the two upper activation 


apparent activation energies. similar 
energies plus only three lower activation energies, 
a series of plateaus were obtained over the lower 
temperature range that gave larger deviations from 
the experimental facts than the experimental scatter. 
This suggests that at least four low activation energy 
processes for creep must be assumed in addition to 


the two highest activation energies. 


CONCLUSIONS 
1. The activation energy for creep of high-purity 
aluminum is independent of both stress and strain 
over the range of temperatures from 77°K to 880°K. 


226 
0:28 
0:24 
0-36} 
| 
0-32} 
0-241. + = 4 
016 10 20 30 40 50 60 
0:30 
0:20 | | | | 
o10¥ | | | | | 
005 O10 O'S O20 O25 0-30 
t hr 
- 
|_| 
d 


SHERBY, LYTTON, DORN: 


AND 


2. The activation energy for creep above about 


500°K is independent of the temperature and equal 


to 35,500 calories per mole, the activation energy for 
self-diffusion of aluminum. 
3. Between 250°K the 


energy for creep remains constant at about 27,500 


and 375°K, activation 
calories per mole. 

4. But over the range from 77°K to 250°K and 
from 350°K to 500°K, the activation energy increases 
with increasing temperature. 

5. These data seriously question the validity of 
for that 


strain-dependent activation energies for creep. 


those theories creep postulate stress- or 
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QUENCH HARDENING OF PURE GOLD AS OBSERVED BY 
INTERNAL FRICTION METHODS* 


A. E. ROSWELL? and A. S. NOWICK?{ 


The effect of heat treatment on the dislocation damping is studied in high-purity gold. A quench- 
hardening effect is observed, analogous to that found by previous workers in zinc and aluminum. The 
difference between quenched and furnace-cooled specimens is observed to anneal out in the range 160° to 
200°C. These phenomena are interpreted in terms of the pinning of dislocations by “‘attached vacancies” 

i.e. vacancies which form an atmosphere about the partial dislocations in the metal), which are most 
probably in the form of clusters. The question of the origin of these attached vacancies is also discussed. 


ETUDE PAR FRICTION INTERNE DU DURCISSEMENT APRES 
TREMPE DANS L’OR PUR 
L’effet du traitement thermique sur l’‘amortissement des dislocations est étudié sur des échantillons 
d’or de haute pureté. On observe un durcissement par trempe analogue a celui trouvé par d’autres 
chercheurs sur le zine et laluminium. Les différences entre échantillons trempés et refroidis au four 
disparaissent dans le domaine de 160° a 200°C. Ces phénoménes sont interprétés au moyen du blocage 
des dislocations par les lacumes *‘annexées”’ (c’est-a-dire les lacunes qui forment une atmosphére autour 
des dislocations partielles dans le métal) qui sont probablement sous forme d’amas. La question de 


l’origine de ces lacunes est également discutée. 


ABSCHRECKHARTUNG VON REINEM GOLD, BEOBACHTET MIT HILFE DER 
INNEREN REIBUNG 
\n Reinst-Gold wurde der Einfluss einer Warmebehandlung auf die Versetzungsdampfung untersucht. 
Es wurde eine Abschreck-Hartungs-Effekt (““quench-hardening effect’) beobachtet, der analog zu dem 
von anderen Autoren an Zink und Aluminium gefunden ist. Weiterhin wurde beobachtet, dass die 
Unterschiede zwischen abgeschreckten und im Ofen abgekiihlten Proben beim Anlassen zwischen 160 
und 200°C ausheilen. Diese Erscheinungen werden interpretiert auf Grund des Festhaltens von Verset- 
zungen durch angelagerte Leerstellen (d.h. Leerstellen, die Wolken um die Teilversetzungen herum 
bilden). welche sehr wahrscheinlich in Form von Agglomeraten vorliegen. Die Frage der Herkunft 


dieser angelagerten Leerstellen wird diskutiert. 


INTRODUCTION with time at room temperature following the quench. 


The effect of heat treatment on the mechanical This effect. which will be called the “age hardening” 


properties of pure metals was studied by Li, Wash- phenomenon, was related by Maddin and Cottrell 


burn, and Parker,”’) who worked with zine single to the room-temperature migration of quenched-in 

crystals, and by Maddin and Cottrell,@ working vacancies to dislocations. 
with aluminum crystals of various purities. In all If dislocations in a rapidly cooled metal are pinned 
cases it was observed that a metal is stronger, the down by quenching, internal-friction measurements 
faster the cooling rate from a given annealing tem- should provide a very sensitive method for the study 
perature. Maddin and Cottrell called this phenomenon _ of such effects. It is well known‘® that the relatively 
a “quench hardening” effect. The previous experi- high damping of high-purity metals is due to the 
ments showed that this effect could not be attributed oscillatory motion of dislocations under the applied 
primarily to quenching stresses; rather, it was alternating stress. This internal friction is strongly 
suggested by both groups of authors that the effect dependent on the amplitude of vibration due to 
is due to the pinning of dislocations by vacancies. the breaking away of dislocations from their pinning 
The fact that point defects are capable of pinning points.‘?-!*) An increase in the density of pinning 
dislocations has been demonstrated by the various points must therefore produce a lowering in the 
effects of irradiation on mechanical properties.°~” level of internal friction and in the amplitude- 
In addition to the hardening immediately upon dependence of the internal friction. One advantage 
quenching, Maddin and Cottrell also observed an of this type of measurement over mechanical testing 
increase in the critical shear stress of aluminum (e.g. critical shear stress measurements) is that it 
is nondestructive; internal-friction measurements 


* Received July 10, 1956 can be repeated on the same specimen after various 


t Present address: Brookhaven National Laboratory. _ heat treatments. A second advantage is that single 
* Hammond Metallurgical Laboratory, Yale University, 
New Haven, Connecticut. 
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crystals are not required. Since the dislocation 
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damping effects increase rapidly with increasing 


purity,7°- material of highest available purity 
may be used in polycrystalline form without danger 
of introducing impurities during the growth of single 
crystals.* 

The application of internal-friction methods to 
the study of quench hardening in aluminum was 
demonstrated recently by Levy and Metzger.“*) 
These authors showed that cooling rate has a very 
striking effect on the dislocation damping. They 
further found that the internal friction of aluminum 
decreased with time of standing at room temperature, 
in a manner which they regarded as equivalent to 
the Maddin and 


Cottrell. These internal-friction measurements were 
the 


“age hardening” effect observed by 


complicated by two factors. First, curve of 
damping versus strain amplitude showed hysteresis, 
meaning that the oscillations themselves produced 
changes in the dislocation structure. Second, there 
was evidence“ in experiments on samples water- 
quenched from different temperatures that quenching 
stresses also played a role in the results obtained. 
This latter complication is quite understandable; in 
view of the extreme sensitivity of the dislocation 


(8) good 


damping to small static stresses, there is 
reason to expect that the stresses involved in drastic 
quenching may tend to complicate the results due 
to dislocation pinning. 

After some preliminary experiments on aluminum, 
which were begun prior to the appearance of the 
work of Levy and Metzger, high-purity gold was 
the writers as the most suitable material 
the 


chosen by 
for 
considerations. (1) 


investigations, based on following 
Gold is 


(10) 


further 
available in spectro- 


scopic purity. It is known that copper of such 
purity shows a very high internal friction, at least 
an order of magnitude higher than that of the 
aluminum used by Levy and Metzger and by the 
present Effects of heat the 


case of gold should therefore be greatly magnified 


authors. treatment in 


relative to those in aluminum. (2) Gold can be heat- 
treated and quenched in air without possible com- 
plications due to oxidation. (3) It turns out that, 
the 
pronounced hysteresis in the damping-versus-strain 
This 


the damping measurements on gold leave the dis- 


in contrast to case of aluminum, there is no 


amplitude curves of gold. result means that 


location distribution essentially undisturbed. (4) 


The higher melting point of gold relative to aluminum 


* The use of polycrystals can be objectionable only if it 
introduces internal friction due to grain-boundary relaxation 
or to intercrystalline thermal currents."*) Neither of these 
contributions are significant for the grain size, frequency, 
and temperature used in the present experiments. 
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effect which 


occurs 
should 


require elevated temperatures for its observation in 


means that the age-hardening 


rapidly at room temperature in aluminum 


conveniently by 


the 


gold. It can therefore be studied 


low-temperature anneals subsequent to initia! 
heat treatment 


In view of the need for a relatively thick (about 


6 mm) specimen for the composite-resonatol method 
employed in the present experiments, it was decided 


used 


the introduction of appreciable quenching strains is 


that the fastest quench which can be without 


the cooling ot a specimen 1n still air at the ambient 


temperature Such a_ treatment which will be 


designated as an “air quench involves time for 


the order of 10 


appreciable temperature drop ol 


to 100 sec.t Water quenching on the other hand, 


men 
Now 


which a m 


drops the temperature of the outside of the spe 


by an appreciable amount in about 0.01 sec 


a rough estimate of the time f¢. for 

perature gradient can be maintained across a distance 

r*/D, where D is the 


D~1 em*/see for gold, 


ris t thermal diffusivity 


Since 13) and substituting 


(the radius of the specimens ed we 


t~ 0.1 see It 


r 3mm 
find 
that while there should be no appreciable thermal 


may he concluded therefor: 


stresses in air-quenched specimens, it is not possible 
to water-quench specimens of this radius without 
the The fact 

air-quenched specimens show an appreciable quench 


effect in 


introducton of internal stresses that 


hardening the present experiments gi’ 


confirmation to the suggestion of prey 


effect is 


further 


writers that this not related to quen 


stresses 


EXPERIMENTAL METHODS 


The gold specimens used in these 


experim 


spectrographically pure YY The 


was furnished by Sigmund C 
Vernon, N.Y. in the 
(The cross-section was square ex 
of the The 


lengths cut from this bar 


form of a bat 


corners. } 


specimens 


Tl 


Measurements were made by means of the thre 


part composite piezo-electric resonator described by 
Marx." The 


identical quartz 


resonator contained two 


com posit 


crystals, each of 0.25 in. square 


cross-section and cut to vibrate in a longitudinal 


mode, at a fundamental resonant frequency of 


86.5 ke/sec. These two qu wtz cryst ils were cemented 


with their electric axes at 


that 


together permanent ly 


one would serve 


right angles to each other, so 


was arrived at from the 
CU, 


This range of values 


the specimen, when all quenched Irom 


glowing red after 15 sec. 


till 


230 


The 


third member of the composite resonator was the 


as the driver crystal and the other as a gage. 


gold specimen, whose length was adjusted so that 
its frequency matched that of the quartz crystals 
to within about 1°,, with two half-wavelengths of 
the The 
cemented to the quartz driver-gage assembly by 


vibration in specimen. specimen was 
means of supercooled salol,{ it was removed by 
the 


to dismount the specimen before each heat treatment, 


dissolving salol in benzene. It was necessary 


but the use of the salol adhesive kept the handling 
to a minimum 

\ll measurements were made at room temperature 
in air. Under these conditions the damping con- 


tribution of the driver-gage assembly alone was 


0.3 10-4, which is much less than the damping 
the 


The alternating 


with the specimen attached. Evacuation of 
system was therefore unnecessary. 
voltage was applied to the driver crystal from a 
the 
the driver were 
The 


constant which relates the output of the gage to 


frequency-calibrated vacuum-tube oscillator; 


voltages across the gage and across 
read means of vacuum-tube voltmeters. 
the strain amplitude of the specimen was obtained 


by placing the driver-gage assembly in one arm of 


an a.c. bridge. From the measured internal friction 


of the composite resonator, it is easy to calculate 
a5) The 


damping of the specimen is reported here as ¢,, 


the internal friction of the specimen alone. 


the phase angle of lag of strain behind stress when 
the specimen is vibrating alone. [This quantity is 
times the decrement.‘® 

After the gold specimens were cut to the proper 
length, they were given a 15-hour anneal at 900°C. 
The final grain size developed in this way was about 


0.7mm. Before each experiment the samples were 


iven an “initial heat treatment.’’ which consisted 


of an anneal for about 10 min at 900°C followed by 
furnace cooling, water- 
The rate of 


900°C, 2.3°C 


either air-quenching, or 
quenching. furnace cooling was about 
4°C/min at min at 700°C, and 1°C 


at 400°C. The manner of conducting the air-quench 


min 
is described in the Introduction. Samples were always 
mounted and tested within 15 min of the quench. 

For the low-temperature anneals specimens were 
a refractory boat which was lined with 
The boat 

Usually 


placed in 
glass-wool to prevent mechanical shock. 

was placed in a horizontal baffle furnace. 
a pair of samples which had different initial heat 
were annealed in tandem. At the end 
the boat 


the baffle and allowed to cool for 10 min before it 


treatments 


of the anneal 


was removed. 
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RESULTS 
Effect of initial heat treatment 
Measurements of internal friction at a maximum 


strain amplitude of | 10-7 (the lowest value at 
which measurements could be made conveniently 
104 


with the present apparatus) shows values for 4. 
of 30 + 5 for furnace-cooled samples, and 8.5 
for air-quenched samples (each based on five measure- 
ments). One run on a water-quenched sample gave 
a value of 5.4. All measurements quoted were made 
after the 


These results clearly show that the internal friction 


2 min mounting composite resonator. 
is lower the faster the cooling rate. 

The result obtained for a given treatment is found 
to be independent of the previous history of the sample. 
Thus, 10 minat 900°C is apparently enough of an anneal 
to eliminate the effects of previous heat treatments. 

Not only the internal friction at low amplitude, 
but also the strain-amplitude dependence of the 
damping is strongly dependent on cooling rate. The 
Fig. 1 show the friction 
amplitude for the different 
It should be noted that the furnace- 


solid curves of internal 


versus strain three 
cooling rates. 
cooled sample is strongly amplitude-dependent even 
10-*. The 


quenched sample shows no detectable amplitude 


at a strain amplitude of | water- 
dependence even at strain amplitudes as high as 
8 10-*, although the level of damping of this 
sample is still quite high relative to background 
the 


hysteresis in any of the curves of Fig. 1, i.e. 


losses in apparatus. There is essentially no 
the same 
values are obtained with increasing as with decreasing 
strain amplitudes. 

Measurements of the solid curves of Fig. 1 are 
begun about 2 min after mounting the specimen in 
the composite resonator. Upon standing, there is 
these internal-friction 


effect is 


a tendency for curves to 
This the 
cooled sample and is illustrated for such a sample 


decrease. greatest for furnace- 


by the broken curves of Fig. 1. After standing for 
24 hours, the low-amplitude damping of the furnace- 
cooled sample decays to a value almost as low as 
the initial value for the air-quenched sample: how- 
ever, the strain-amplitude dependence is still distinctly 
greater for the furnace-cooled sample. In a similar 
period of time, a typical air-quenched sample decays 
104 = 9.0 to 5.0. 


sample, on the other hand, shows only a very slight 


from @. The water-quenched 


tendency to change its damping with time. 
Effect of handling 


The decay of internal friction on standing might 


be interpreted as an “‘age hardening”’ effect (as Levy 
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0,@ Furnace cooled 
a Air quenched 
s Water quenched 


(510%) 


Internal friction 


1 2 3 
7 
Maximum strain amplitude x 10 
Fic. 1. The variation of internal friction with 
amplitude as a function of initial heat treatment (solid curves), 
and as a function of time for an initially furnace-cooled 
sample (broken curves). 


strain 


and Metzger" have done), except for the fact that the 
decay is largest in the furnace-cooled sample and 
almost negligible in the water-quenched sample*. 
It was therefore suspected that the decay is due 
rather to the elimination of the effects of handling 
in the preparation of the specimens. Consequently, 
a series of handling experiments was carried out on 
furnace-cooled and some 


air-quenched samples, 


results of which are given in Table 1. The measure- 
ment in column I of this table was made immediately 
after the treatment described. The sample was then 
allowed to stand for a length of time in column IT, 
after which it showed the internal friction given in 


ILI. 


treatment 


column Where no standing time is given, the 


about 2 or 


next followed in 3 min 
The term “‘original mount” refers to the first mounting 
of the specimen in the composite resonator following 
its original heat treatment. This table shows that 
the mere lifting of the composite resonator off its 
supports will increase the internal friction, and that 
dismounting the specimen and subsequent remounting 
always brings the internal friction back up to its 
These 


therefore, that the decay in time is the elimination 


original value before decay. results show, 


* Levy and Metzger also reported a decay in their furnace 
cooled aluminum samples. 
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effect 
mounting of the specimen on the driver-gage assembly 


the heat-treated 


of the handling which takes place during 


Since specimen cannot be while 


attached to the driver-gage assembly. this handling 
effect during mounting is inescapable 

Although the 
effects 


greater for the furnace-cooled than for the quenched 


internal even r the 


still be 


friction 


handling have decayed out, may 
samples, the most striking result of these experiments 
is the demonstration of the susceptibility to handling 
the The 


increase 


as a function of original heat treatment 


furnace-cooled specimen shows the large 


in internal friction with handling, while the water 


quenched specimen is almost inert toward handling 


tect of low-temperature anne alinag 
/ 


Samples which were initially furnace-cooled 


air-quenched were given low-temperature annea 
| hour at each of a series of increasing temperatures 
and the internal friction was then measured at room 
temperature. Usually, furnace-cooled and Vil 
quenched samples were annealed together in tandem 
and withdrawn from the annealing furnace at the 
same rate, to eliminate any effects due to the rate 


the The 


of cooling from annealing temperature 
purpose of these low-temperature anneals was 
to look for an ‘‘age hardening” effect analogous to 
that Maddin and Cottrell, and 
to see in what temperature range the differences due 


to the initial heat 


second 


observed by 
treatment could be annealed out 
Three air-quenched samples and one furnace-coo 
sample were used in these experiments. Fig. 2 


All interna 


measured 2 min after m« 


the results of the measurements 
values reported are 


and at a maximum strain amplitude of | 


Handling 


1. Furnace 
Original mount 


Lift off 


support 
Disasse mble 


and 
emount 
Disassemble and 


remount 


B { r-quenche 
Original mount 
Lift off support 
Disassemble and 


remount 


23] 
30 | | 
| 
| 
30 min, 
yo 
¢ 
4 | 
4 vOomin | 
Of 
pr 
7? 
A | 
| 
24 
| 
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| 
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x train plitude Lv) 
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MET 


~@Furnace cooled 
4 Air quenched 


Internal friction (5104) 


50 100 150 200 250 
Temperature 


internal 
gold 


tem- 


Fic. 2. Effect of 


1] 
Initially 


annealing temperature on the 


iriction furnace-cooled and air-quenched 


specimens ll measurements made at room 


were 
2-min atftet 


strain amplitude of 1 LO 


specimen, and at 


\nneals 


peratul mounting the 


a maximun were 


for 1 hour 


shows that the difference between air- 


This 


quenched and furnace-cooled samples is maintained 


figure 


out to an annealing temperature of 150°C, but that 
between 160°C and 200°C the air-quenched sample 
resoftens to the same condition as one which was 


initially furnace-cooled. There is no evidence for 


an age-hardening effect in the low-temperature range. 


Since all values ot damping for the furnace-cooled 


specimen after low-temperature anneals fall within 


the range 30 5 (the same range as quoted earlier 
for the various furnace-cooled specimens immediately 
after the initial heat treatment), it does not appear 
that the variations in this sample with annealing 
temperature are significant. 

The amplitude-dependence of the internal friction 
may conveniently be measured as the increase in ¢, 
tor a change in strain amplitude from 1 to 2 1O-*, 
The observations made show that this quantity also 
recovers in the same range of annealing temperature 
as the low-amplitude internal friction. 

A water-quenched sample was also annealed in 
the same temperature range. Its internal friction 
did not increase or decrease detectably until anneals 
240°C it 


A more detailed study of the annealing 


at 220°C, and even at had not recovered 
completely. 
of a water-quenched sample did not seem justified, 
however, in view of the undoubtedly significant role 
that quenching stresses must play in the internal- 
friction behavior of this sample, as discussed in the 


Introduction. 
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DISCUSSION 


The principal new results of the present experiments 


may be summarized as follows. (1) The quench- 
hardening phenomenon has been observed in another 
high-purity metal (i.e. in gold). Previous experiments 
(2) The 


existence of a handling effect on the internal friction 


have dealt only with zine and aluminum. 


has been demonstrated, whereby the furnace-cooled 
(3) It has 
difference 


sample is the most sensitive to handling. 


been shown that annealing out of the 
bet ween air-quenched and furnace-cooled cold samples 
occurs in the range of temperature between 160°C 
and 200°C and that there is no evidence for an age- 
effect These 
results will now be 

The fact that 


added to the list of those metals which show a quench- 


hardening prior to the resoftening. 
discussed in turn. 

one of the noble metals has been 
of the difference in 


Ag, and Au and 


It now appears that dis- 


view 
Cu, 


hardening is significant in 
dislocation structure between 
metals such as Al and Zn. 
locations in the noble metals are highly extended, 
due to low stacking-fault energies, whereas in Al 
and in most of the h.c.p. metals the stacking fault 
between partial dislocations may be no wider than 
distance.4® This difference in 


one interatomic 


separation between partial dislocations manifests 
itself in a large difference in jog-formation energies, 
such that the energy to form a jog is prohibitively 
high in the noble metals, but not in Al and Zn.“7; 18) 
The significance of this difference in jog energies will 
be discussed later, in relation to the mechanism of 
dislocation pinning. 

With regard to the handling effect, the present 
results show that this effect is principally responsible 
for the large difference in damping between specimens 
which had been given different initial heat treatments. 
For example, the difference between the internal 
the 


samples is much greater directly after mounting than 


friction of furnace-cooled and _ air-quenched 
after the handling effect had been allowed to decay 
for 24 hours. The quench-hardening, therefore, mani- 
fests itself primarily in terms of the susceptibility 
of the specimen to handling. The extreme sensitivity 
of the furnace-cooled sample to handling may be 
related to the fact that this sample has the greatest 
the 


the 


separation between pinning points along dis- 


location line. It is well known" that stress 
required to pull a dislocation line free of a row of 
pinning points increases with increasing number of 
pinning points per unit length of the dislocation line. 
The introduction, through quenching, of a greater 
number of pinning points, therefore makes it more 


difficult to pull dislocations free. 
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internal 
to 


The strong amplitude-dependence of the 
related to 
of 


Under an alternating stress, 


is the same mechanism, i.e. 


friction 


breakaway dislocation loops from pinning 


points. however, 
there need be no permanent changes produced, since 
the dislocation is returned to its original position 
of the Thus. 


produces appreciable 


upon reversal stress. the dynamic 


stress which amplitude- 
dependence should be of the same order of magnitude 
as the static stress required to produce a “handling 
effect.” Fig. 1, it that the 


amplitude-dependence of a furnace-cooled specimen 


From may be seen 
is appreciable at a maximum strain amplitude of 
l0-*. Since Young’s modulus for the present gold 
specimens is 7 10" dynes/cm?, this strain amplitude 
104 dynes 
em. A load of 20 g on the cross-section of the present 
This 


load is of the order of magnitude of the weight of 


corresponds to a stress amplitude of 7 
specimen would produce such a static stress 
the specimen (17 g), thus showing why even careful 
handling of a furnace-cooled specimen serves to free 
dislocations. 

The fact that the damping decays to lower values 
when the composite resonator is allowed to rest 


undisturbed is easily understandable in terms of 
the migration of the freed dislocations back to their 
original, more tightly bound, configuration 


» 


The low-temperature annealing experiments (Fig. 2) 
show that the resoftening of an air-quenched specimen 
occurs in a relatively narrow temperature 


An of the of 


softening should contribute to a better understanding 


range 
understanding mechanism this re- 
of the mechanism of the quench-hardening phen- 
to 


the 


omenon. is desirable obtain a 
of for 


annealing. This quantity was not measured directly 


Accordingly, it 


value the activation energy observed 


but a reasonable estimate 
The 


(defined as the time to recover to 


in the present experiments, * 


can be made as _ follows. time, 4 


recovery 
l/e of the 


value), should obey the Arrhenius-type equation 


final 


(1) 


The 20) 
where vy is a frequency factor whose order of 
1018 see"! and N is the 


rate-controlling jumps which must be made to achieve 


constant factor 4, will be equal to 


mag- 


nitude is mean number of 


recovery. By comparison with other annealing 


processes, it is reasonable to expect that V will 


* The activation energy can be obtained 
from the shift of the annealing range with a shift in annealing 
time. Due to the scatter in values of internal friction 
Fig. however, it felt that sufficient 
not be obtained without using unreasonably 


times. 


experime ntally 


was precision could 


long annealing 


NC 
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10° and 108. From Fig. 2, 4 3600 sec 


Substituting these 


fall between 


at 190°C numbers, we find that 


@ for the resoftening falls between IS and 


prot eSS 


31 ke al/mole 


Let us now consider what possible mechanisms 


values 
[ol 


mechanism 


are consistent with such activation-energy 


the self-diffusion activation 


10 keal/mole! 


since 


energy 


higher 22) the ol 
quenched specimen 
The 


howe vel 


Ol 
the observed resoftening of the air 


cannot be lattice self-diffusion activation 


calculated above Is consistent 


self-diffusion 


energy range 


that 
pipes 


estimated 


the dislocation 
process h 


mote 1n 


for down 


The 


to 


with 
for this latte 


be el 


value 


to 20 keal 


of silver. Since silver and gold have similar 


lattice-diffusion 


that the 


activation 


points and 
for diffusion 


vold too An 


could 


reasonable about same Vaiue 


down dislocations should ipply to 


possible mechanism for the resottening 


vacancy migration activation en 


were controlled by the migration of excess vai 


trapped in the lattice, it could involve an activation 


falls the 
il/mole, provided that one acc pts for the ratio 


energy which ibove ol IS to 


31 kei 


of the vacancy-migration activation energy 


In range 


TO the 


lattice self-diffusion value of about 


If 


ratio, 


total energy a 


0.6'4 lower value (0.35 to 0.3! 
fol 
vacancy-migration 


the ot 


one accepts a 


this as favored by worket 


some 


activation 


below value LS keal mot The mig 


vacancies along dislocation pipes 


could not be the rate-controlling 


observed resottening the 


a migration is probably not 


half 


value 


the disloc ation pipe 


of about 10 keal/n 


too low to be consist 


surely 


reported in Fig. 2.: 


It may he iuded 


cone 


in the ann 


ettect 
the 


mechanism 
diffus 


IS 


hardening 
diffusion of matt ( f-diff 


pipes Ol hye IS] 0 
the 


eithe ision 


He 


{ 


down dislocation excess 


quenching 


Vac 


It 


In) 


trapped 


could not reasonably | along 


crystalline 


rreater than 


too high to be 


dislo¢ 


explained in ter! 


ations 


If the proces 
T 
The latt 
persists Ior re ntti t nperatu ed 
by the present authors In pre nal nsion te 
Bins I Tit 
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dislocations or lattice self-diffusion, since the esti- 


mated activation energy for resoftening is too large 


for the former and too small for the latter process. 


It is now of interest to examine the question of 


the mechanism of the quench-hardening itself, in 


the light of the present results and the above dis- 


cussion of them. Quenching stresses have been elimi- 
nated as a major mechanism (see the Introduction) 
and the effect seems most reasonably ascribable to 
dislocation pinning. Impurities have been ruled out 
as the pinning agent by the observations of Maddin 
and Cottrell on aluminum of different purities as 
well as by the fact that impurities should give an 
more 
The 


present experiments also support these conclusions, 


opposite effect to that which is observed, i.e. 


effective pinning the slower the cooling rate. 


since the work deals with a high-purity metal. As 


a result of these considerations we are led to the 
belief that defects are the pinning agent. 

To discuss further the mechanism of the quench- 
hardening, it is necessary to distinguish metals in 
which the dislocations are split into partials that 
are well separated by a stacking fault (““extended”’ 
dislocations) from metals where the dislocations 
remain essentially contracted, as in zinc and alum- 


inum. In the former group, the formation of a jog 


involves first the production of a constriction in 
the extended dislocation, a process which requires 
17,18) [Tn such metals, however, 


1 very high energy. 


it is still possible to have atmospheres of solute 
atoms about the partial dislocations, in view of the 
hydrostatic stress field about such partials (even for 

dislocations).'7® should 
with these partial dislocations in the same way as 


their 


screw Vacancies interact 


solute atoms and, if interaction 
should be 
sphere of vacancies about partial dislocations may 
The “attached 


used to designate vacancies associated 


anything, 


26 


even stronger. Therefore, an atmo- 


be anticipated term vacancies” 


will be with 
dislocations in this way. Only in the special case of 
1 contracted edge-type dislocation is an attached 
vacancy the same as a jog. 

Returning to the question of the nature of the 
defect that produces the pinning of dislocations, Li, 
Washburn, Parker) the that a 


single which itself to a 


favored idea 


attached 


and 


vacancy has dis- 


location constitutes a pinning point. In the case of 


contracted dislocations, a group of jogs clustered 
together is surely more stable than a single jog. 
In view of this fact and of the high mobility of single 
jogs, it seems hardly likely that single jogs will be 
stable. In the case of extended dislocations, it also 


seems reasonable that attached vacancies will readily 
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combine into clusters. It therefore seems that the 
observed quench-hardening may be due to clusters 
This 


belief is strengthened by the estimated activation 


rather than to individual attached vacancies. 


energy for resoftening in gold, based on the present 
this 


energy is consistent with that for self-diffusion down 


experiments. As discussed earlier, activation 


dislocation pipes. Since clusters themselves should 
be immobile, it seems logical to expect that they 
can be eliminated through the transport of matter 
along dislocations. 

The next question that arises is that of the origin 
of the attached vacancies. On the basis of the exist- 
ence of an age-hardening effect in aluminum, Maddin 
and Cottrell suggest that the pinning originates in 
excess vacancies, trapped in the lattice by quenching, 
which then migrate to dislocations. They attribute 
the age-hardening effect to the time required for 
such a migration. A second possible origin for attached 
vacancies is that they may be quenched into the 
It follows from simple statistical- 
that the 


sites along a dislocation at which attached vacancies 


metal directly. 


mechanical considerations fraction, f of 


are located is 


(2) 


where U is the energy to form a vacancy at a dis- 


location. On quenching from high 
attached 


greater in number the faster the quenching 


temperatures, 


eXCess vacancies may be trapped: these 
will be 
rate. Maddin and Cottrell objected to this mechanism 
as an explanation for the observed phenomena on 
the grounds that it cannot explain the age-hardening 
effect. In of the that the 


observed hardening is due to clusters rather than 


view above suggestion 
to single 
that 
due to the migration of vacancies along dislocations 
Thus, the hypothesis that the 


attached vacancies, it is quite reasonable 


the age-hardening effect in aluminum can be 


to form clusters. 
hardening originates in quenched-in attached vacan- 
cies seems at present to provide a suitable mechanism 
for both the quench-hardening and the age-hardening 
effects. 
edge character) may produce hardening of the con- 
tracted Such 


dislocations cannot be pinned by vacancies: 


It is also likely that quenched-in jogs (of 


screw dislocations in aluminum.* 
conse- 
quently, one could only anticipate effective quench- 
hardening in aluminum if quenched-in jogs played 
a role. Finally, it should be pointed out that the 
concept of quenched-in attached vacancies leads to 


the prediction that the faster the quenching rate, 


* Equation (2) may, of course, also be applied to such 


jogs, where U is then the jog-formation energy. 
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‘the the immediate effect. The 


assumption that quenched-in lattice vacancies are 


greater hardening 
responsible for the hardening effect leads to a different 
conclusion, viz. that if quenching were rapid enough, 


no hardening would be observed in the as-quenched 


condition, since vacancies would have no opportunity 


Thus 


experimental evidence to support this latter pre- 


to wander to dislocations. far, there is no 
diction of a maximum in variation of hardness with 
quenching rate. 


the 


It may therefore be concluded that 
attached 


(and jogs) accounts for all of the observed phenomena 


concept of quenched-in vacancies 


associated with quench-hardening at least as well 
as the concept of quenched-in lattice vacancies. 

It remains to explain why no age-hardening effect 
is observed in the present internal-friction experi- 
ments on pure gold. One possible explanation is 
related to the difference between the extended struc- 
ture of a dislocation in and the 


gold contracted 


structure in aluminum. For example, this difference 
in structure may be accompanied by a difference 
attached 
vacancies and of clusters in producing dislocation 
Other related to 
between friction 


in the relative effectiveness of single 


pinning. possibilities are the 


differences internal and critical 


shear-stress measurements. It is possible that with 


the higher stresses used in observations of critical 
shear stress, dislocations may be pulled away easily 
from single attached vacancies but not from clusters 
The the 


hand, might find the single attached vacancies much 


internal-friction measurements, on othe 
more effective because of the lower stresses employed. 
Finally, the aging effect may be related to the con- 
densation of lattice vacancies on (111) planes to 
form sessile dislocations. These will act as obstacles 
to the movement of mobile dislocations and thereby 
may increase the critical shear stress, but they have 
the 


between these various possibilities requires experi- 


no effect on internal friction. To distinguish 


ments on the critical shear stress of pure gold to 


parallel the present internal-friction measurements. 


NOWICK: QUENC 


H HARDENING OF PURE GOLD 
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LETTERS TO THE EDITORS 


Crystallographic Orientations of Low-angle 
Boundaries in Ni-Mn Single Crystal* 
In our previous paper,” 


the low-angle boundaries 


visualized as rows of etch pits whose centers were 


observations concerning 
emergences of edge dislocations in a crystal of Ni-Mn 
alloy, which, however, was not an ideal single crystal, 
but nearly equal 


composed of many crystals of 


orientation. A simple and more direct observation on 
the crystallographic plane’ (110) of this crystal is 
reported here. 

A single crystal of Ni-Mn alloy containing 22 at. 
per cent Mn was very slowly cooled through the 


ordering-temperature range from 700°C to 300°C. 


Dislocation line 
<112)0n {110} 
(100) on fi00} 


Fic. 1. Crystallographic directions of low-angle boundaries 
composed ol parallel edge dislocations and slip lines on (110) 
plane in face-centered cubic crystal. 


The low electrical resistivity of this crystal thus heat- 
treated indicated that 


considerably ordered 


Ni and Mn atoms were in a 
that 
contained in it might be in a stable state. 


state, and dislocations 
20WS of 
etch pits were observed on the specimen surface, which 
is nearly parallel to (110) plane, using Pd-shadowed 
carbon replica, after an electro-etching in phosphoric 
acid. Prior to the preparation of replica, slip lines 
were introduced by slight bending of the specimen, for 
the purpose of determining the crystallographic orien- 
tations of low-angle boundaries. The slip lines are 
expected to appear along AF, BE, or AD, which are 
intersections between the observed plane (110) and 
slip planes of {111} type in face-centered cubic 


crystals, as shown in Fig. 1. Thus the slip lines 
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we reported a series of 


observed on the specimen surface can directly indicate 
the crystallographic directions. 

An example of electron micrographs is represented 

» 


in Fig. 2, where the crystallographic directions can be 


2. Example of electron micrograph of low-angle 


boundaries together with slip lines. 14,000 

determined on the basis of slip lines which are parallel 
to AD as shown in Fig. 1. As can be seen in the figure, 
the directions of boundaries are nearly parallel to AC 
and BD, the intersections between the observed plane 
and planes of {110} type. The angles between the 
slip line and boundaries are about 35 degrees. These 
The 


angles thus observed are not distributed at random, 


angles have been measured in 42 other cases. 
but make four groups around 20, 35, 55, and 90 degrees 
respectively within the range of +5 degrees, with the 
exception of 4 cases, as shown in Fig. 3. 

The result can be understood in such a way that 
the low-angle boundaries occupy {110} or {100} planes, 
on which simple edge dislocations with shortest 
Burgers vector”) regularly arranged themselves along 

112) or 
boundaries are expected to be parallel to one of the 


directions of AC, BD, EF, or BC on the (110) plane. 


100) directions, as shown in Fig. 1. These 


observations 


30 40 
35 


6 

4 

2 

oL 
20 


0 10 dH 

50 60 70 80 90 
55 

Angle degrees 
Fic. 3. Distribution of observed angles between low-angle 

boundaries and slip lines. A small rectangle represents one 

observation. 
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Therefore, the angles between those boundaries and 
slip lines are limited to 20 (<CA F, etc.), 35 (< DAC, 
etc.), AEB, etc.) and 90 (< AEF, <APE., etc.) 


degrees, in agreement with the observed result. 


35 (- 
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A Study on Lattice Distortion by an X-ray 
Diffraction Technique* 


LAMBOT, VASSAMILLET, and DerJsace” devised an 
ingenious X-ray technique to study the fine structure 


of lattice distortion in crystals. In their procedure, 


the specimen is set at the focal plane of a cylindri- 


cally focused X-ray beam, and Bragg reflections are 
recorded on film at a large distance from the specimen. 
The present author has developed their technique 
further by using a very thin bent quartz monochro- 
mater of the transmission type,” while Lambot ef al. 
used the reflection type. 

Fig. 1 shows schematically the arrangement of the 
present apparatus, with detailed specifications in the 
legend. The advantages in using the transmission- 
type monochromater are as follows: 

(1) If the monochromater plate is cut in an appro- 


4 


Source Monochromater Specimen Film 


Fic. 1. Schematic diagram of apparatus. 
horizontal plane. (b) Projection on vertical plane. Z 
R 20 em, L 50 cm, H 13 mm, and h ~ 0-1 mm. a =~ 
70 w and b = 37 yw. 


(a) Projection on 
13 cm 


THE 


EDITORS 


priate orientation, X rays are reflected nearly into 
the direction of the diameter of the focal circle. By 


this means a very fine line-focus of Ka, of width 37/1 
was obtained, the Ka, radiation being eliminated 


by a slit. 
the 


=) 


(2) In the transmission-type monochromatet 


target is placed in a horizontal plane. Thus the pro 


jected height of the X-ray source can be made very 


In addition, 


small. it is possible to set the X-ray 


The 


fore the vertical divergence of X rays reflected from a 


source at a large distance from the specimen 


point of specimen can be decreased significant! 
Thus a point-to-point correspondence can be est 
lished between the specimen and the reflecte 

(3) Monochromaters of th 
been considered unsuitable for X 1 


0-5 A,& 


bent crystal is not small Hoy 


transmission 


larger than ea. because the 


is adequate only when we 


since 


the focal plane 


recorded at a large distance fron 


necessary to consider the rate 
due to the vertical divergence of X 


i caiculation 


author has shown in an unpublish 


the rate is smaller for transmission-type monochro 


maters than for reflection-type monochromaters. In 


practice it was found possible to obtain ffraction 


reasonable orde 


with a exposure (ol the 


patterns 
of 30 min 
45 KV and 10 mA, respectively 


By using the technique described above 


in the conditions of voltage and current 


oTaln- 


boundaries of KCl crystals have been studied. Fig. 2 
shows the (200) Laue reflection from a KCl plate of 


thickness 0-2mm_ prepared by the Kyropoulos 


a) and (b) in Fig. 2 


method. Regions indicated by 


LET 37 
mrr 
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\ 
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show that the crystal has a continuous twist about 
Annealing for 7 hours at 330°C did not 
result in any noticeable change in the pattern. After 


[001] axis. 
annealing for 7 hours at 720°C (Fig. 3), it was found 
that the region (a) disappeared completely and the 
This 


indicates that the continuous twist has been replaced 


region (b) changed into several reflection lines. 


by discontinuous boundary separating small 
crystallites. 


The 


and locations of the crystal show that these boundaries 


reflection patterns for various orientations 


lie on an undulating surface which is nearly (001)- 
plane. The author has also examined the rotation 
angles about the | 100] and [010] axis, and has observed 
that these are very small. This means that the grain- 
boundary is a twisting boundary though it is not the 
pure twist boundary introduced by 
Frank,'®) and Van der Merwe.'®) 

3efore annealing, excess dislocations of the screw 
type are inferred to be distributed at random in both 
regions (a) and (b). The force between parallel screw 
dislocations of the same sign is repulsive, while that 
between perpendicular dislocations is attractive. 
Therefore, the perpendicular dislocations approach 
and become 


closely to one another cn annealing, 


arranged into a grid. 
to the well-known polygonization™ in a bent crystal. 

The author expresses his appreciation to Prof. A. 
Ookawa for his helpful discussions and to Prof. R. 
Uyeda for his kind advice. 
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Non-octahedral Slip in Aluminum* 


note) 


In a recent the undersigned have reported 
the occurrence of non-octahedral slip in aluminum 
bicrystals and tricrystals deformed in tension at 
The 


analysis 


results of a one-surface 
that the 


octahedral slip took place on {110}- and {331}-type 


room temperature. 


stereographic suggested non- 
planes and was induced by slip on octahedral planes 
in the adjacent crystal. This was thought to have 


happened when a similarly oriented acting octahedral 


slip plane in an adjacent crystal induced slip on a 


non-octahedral plane across the grain-boundary. 


Further work was carried out on a tricrystal of 
that indicated in the 


the 


an orientation similar to 


previous note”. As_ before, specimen was 


In this 


case, by appropriately shaping the sample, it was 


deformed in tension at room temperature. 
possible to carry out a two-surface stereographic 
analysis of one of the acting non-octahedral slip 
systems. This system was found to be of the {221} 
Again, the orientation 
that 


induced by 


type. relationships were 


such non-octahedral could have been 


the 
It is, therefore, suggested that slip on planes 


slip 


octahedral slip in neighboring 
grain. 
of the {hhl} type can be induced across a grain- 
boundary by octahedral slip in an adjacent grain, 
when the two systems are similarly oriented and 
the position of the grain-boundary is favorable for 


such a process. es 
r, 
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BOOK REVIEWS 


New 


230 pp., 


Aris Puitiies. Introduction to Plasticity. 
York, The Ronald Press Company; ix 


1956. $7.00. 


This book presents an introductory selection of 


the 
point of view is entirely phenomenological and hence 
this 


topics in the field of engineering plasticity; 


of only fringe interest to those readers of 


periodical concerned with physical plasticity. Chapter 


1. Introduction; 2. The Calculation of 
Load; 3. The Moment-Curvature 
Axial De- 
Stress-Strain Relations: 


Strain 


headings are: 
the Collapse 
Diagram: 4. 
flections: 


Bending with Foree: 5. 
6. Curved Bars: 7. 
Under 


Hardening Under Combined Stresses. 


Collapse Combined Stresses; 9. 
The treatment throughout is deliberately on an 
elementary level, with the use of tensors avoided, 
and proofs of basic theorems either omitted or 
relegated to an appendix. 
B. BUDIANSKY 


M. J. Buercer: Elementary Crystallography: 
An Introduction to the fundamental geomet- 
rical features of crystals. Pp. xxii — 528, with 
618 figs. John Wiley and Sons, New York, 1956. 


70s 


This unusual and fascinating book will be welcomed 
by all those who are seriously interested in crystals. 
To understand the properties of matter, one nowadays 
looks into its internal structure, that is, in the case of 
solid materials, its crystal structure. In chemistry, 
metallurgy, ceramics, semi-conductor physics, etc., all 
modern courses and textbooks contain sections on 
crystallography and on atomic structure as revealed 
by X-ray diffraction. Such treatments are necessarily 
condensed, and sometimes rather superficial. In 
particular, the elements of crystallography are often 
treated only to provide a minimum framework for an 
understanding of the principles of X-ray crystal- 
structure analysis. The student is presented with 
some of the bare facts of crystallography: these he is 
expected to assimilate, and not wonder too much why 
there happen to be 32 point groups and 230 space 
groups. For some, in fact, space groups and their 
symbols remain mumbo-jumbo. This situation is felt 
unsatisfactory by the more enquiring students. But 
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where can they turn for English-language 


a simple 
text which will help them to an understanding of 
crystal symmetries? Their 


Indeed, he 


that his exposition ot crystal symmetry can be 


need is now met by Prof 


3uerger’s book makes the large claim 


under 


stood by anyone whose mathematics is up to high 


school standard. A reading of the book suggests that 


this claim is entirely justified. The lucid step-by-step 


explanations and many hundreds of excellent diagrams 


um of geometrical 


enable anyone possessed of a modi 
intuition to follow the derivation of the entire numbet 


of point groups and space groups. The insight into the 


nature of symmetry operations and the experience in 


their manipulation which the reader will gain from 


such a study must undoubtedly stand him in good 


stead when he comes to apply the results of spac 


group theory. 

The first few chapters describe the basic repetition 
elements of translation, rotation, and reflection which 
are possible in periodic structures. It is then shown 


how the 32 crystal classes may he simply derived 


‘ither by the combination of rotation axes, proper and 
improper, or (except Tor class 4) of proper rotations 


The 


derived via the stat og Of plane lattices 


with a reflection plane or inversion centre 


Space 


lattices are 


and, from the combination of lattice translations with 


the point groups, space groups of gradually increas 


monaxial 


complexity are built up: first the then 


dihedral, and, 
chapters deal with topics of 


the 


lastly, those containing alice \ 


more physical 


such as practical determination of 


point 
symmetry, a systematic description of crysta 
with a listing of representatives of each crystal 
and the application in structure analysis of 
group data on equivalent positions. The last 


chapters offer an introduction to group 


devoted 


Following upon so much material 
combination of operations, nd being 
applications to familiar symmetry 
should not be found at 


readel A 


noticed. 


pages 


average fair numbel 


errors has been but 


serious confusion. A strong feature 
profusion of large, clear diagrams 
diagrams for the isometric space groups eacl 
a full gap that 


Inte rnational Table s for X-ray Cryst tllog aphy 


page and fill a 


A. R 


{ 
j ist] 
| 
ifficult t 
Tie 
occupy 
Tl new 
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ORIGIN OF STRENGTHENING ON PRECIPITATION: 


ORDERED PARTICLES* 


R. O. WILLIAMS? 


An analysis is given to show that the presence « 


considerable strengthening even in the absence of strains. 
and systems which might owe their strength to this mechanisn 


“CONSOLIDATION” 
PARTICULES 


ORIGINE DE LA 


la } 


L’auteur donne une analyse montrant que 


ocecasionner un durcissement considérable, méme en 


conséquences et discute de systémes dont la résistancé 


GEORDNETE PARTIKEL ALS | 


Es wird gezeigt, dass das Vorliegen einer geordneten Struktur 
betrachtlichen Hartung Anlass geben kann, auch wenn keine 


sich daraus ergebenden Folgerungen werden aufgefiihrt und Syst 


zu verdanken haben diirften, werden diskutiert 


resence 


RSACHE 


f order in precipitate particles 


Some of the implications of 


are ussed 


dis 


AU COURS DE PRECIPITATIONS 


ORDONNEES 


d’ordre dans des 


absence de 


erait due 


HEIDUNGSHARTUNG 


in al schiedenen ‘Ts 


isge 
Verzerrungs 


dis 


n vornan 


eme, ihre Harte 


INTRODUCTION 
The of the of 


precipitation systems attributed unusual properties 


earliest ideas origin strength in 


to the new phase even without knowledge of details 
of the slip process or suggestions of the origin of the 


At this stage of development 


unusual properties. 
the process was called “keying of the slip plane 
The modern theories are essentially those involving 
a dislocation mechanism, and the principle ones have 
assumed, that 
could withstand considerable shear without plastic 
It that the first 
theories did not suggest this as such, but the idea 
later 


ad hoc, these precipitate particles 


deformation. is true of these 
seems basic to the theory, as judged from 
works. Recently, a very special theory has been 
evolved in which it is proposed that the shear strength 
of the precipitate is not necessarily greater than that 
of the matrix, and in this case the strengthening is 
to 


between the dislocations and particles. ' 


considered arise from hydrostatic interaction 
5) This, how- 
ever, is of very limited application, since few systems 
satisfy the basic assumptions. 

The unusual properties which have been assigned 
to the precipitate have been rationalized on the 
basis of their smallness and, hence, probable per- 
fection.‘® For those particles which have markedly 
different crystal structure such a picture may indeed 
be correct, although this has not been proven. For 
many systems, however, the atoms are arranged so 
similarly within the precipitate as compared to the 


* Received June 13, 1956 
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element of area. If the system is such that more 
than one type of domain boundary is formed, then 
obviously one has a sum of terms. 

This origin of strengthening is not limited to any 
particular matrix or precipitate crystal structure. 
However, the majority of systems are encompassed 
within four specific systems, given in Table 1. It 


is a relatively simple process to estimate the domain 


energy using quasi-chemical ideas which assume that 


the entire inter-action is nearest-neighbor and de- 
pendent only on the identity of the two atoms 
each bond. The results of this approach 


in Table 1, the 


forming 


are given where S is long-range 


order parameter, AZ is the molar energy release of 


going from completely-random to fully-ordered pre- 
is the lattice para- 
that the 


ordered 


cipitate of ideal composition, a 
of the 
interatomic distances are the same for 


(assuming 
the 
precipitate), and N is Avogadro’s number. 

Seldom, if AE 


measurement, although it could be 


meter parent matrix 


ever, can be obtained by direct 
estimated from 
heats of precipitation by making certain assumptions. 
In some cases the critical temperature for ordering 


By 


energy of 


is known or can be estimated reasonably well. 

the 

ordering and this temperature, 
AE RT/2.18 for ABs, 
AE AB. 


relations between 


(10) 


using well-known 


one obtains 
(2a) 


RT/2 for (2b) 


Normally, it is also necessary to know this temperature 
in order to estimate the long-range order parameter. 
There is the additional difficulty that 
chemical method of calculating the antiphase energy 


the quasi- 


cannot be relied upon to give very accurate results, 


uthough they will probably be correct within a 


It might be supposed that this method 


factor of 2. 


would be better for face-centered-cubic lattices than 


TABLE l. 


Slip 
Matrix direction 


crystal 


Slip 
plane 


Burger's 


structure vector) 


“ace-centere d eubi 


Face centered cubic 
(110 


30dv-centered cubic 


Body-centered cubis 
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for body-centered-cubic because of the relative close- 
ness of second-nearest neighbors in the latter case. 
However, it is not known that this is actually the 
case. 

If the volume fraction of the ordered precipitate 
becomes large, it is known that the slip unit is a 
double dislocation and the strengths are relatively 
low. Equation (1b) can be modified in a very simple, 
arbitrary fashion by assuming that the probability 
that any given slip event is a double dislocation 
which does not create domain energy is proportional 
to the volume fraction of precipitate. If it is assumed 
that the strength is now proportional to the proba- 
bility of any given event not being that of double 
slip, then the expression is simply 


(3) 


which should give a better fit with increasing volume 

fractions of ordered precipitate than equation (1b). 
To this point we have been considering essentially 

the difficulty of 


definition is recognized, especially for polycrystalline 


yield strengths, although their 


materials. Flow, as normally conceived, would seem 
capable of producing many complications. Consider 
the case where it is assumed that flow occurs by the 
passage of single dislocations along a sequence of 
If these are full dis- 
but 
into crystal 


parallel, adjacent slip planes. 
the 
particles will transform 


locations, then matrix is untransformed, 


the 
structures which have lower symmetry and which 


ordered 


will almost certainly relax in one or more directions to 
sive new interatomic distances, subject to the restraint 
of the surrounding material. Perhaps, in the relaxed 
arrangement such structures might have relatively 
and be rather stable. Obviously, the 


low energy 


variety of such conceivable structures is very great, 
matrix-ordered precipitate systems 
Fract. 


of ppt. 
with 


Crystal 
Ideal Domain 
ppt. 


comp. 


structure 
of ordered 


ppt. 


energy 


domain 


of ppt. 
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but the estimates not The 


matter will not be considered further here. 


energy are possible. 


It is apparent that if the domain energy is of 


sufficient magnitude, then a lower-energy configura- 
tion would be that in which the particles are not 
sheared, but rather are encircled by a dislocation 
loop. This size can be estimated in terms of the 
basic constants by equating the domain energy on 


shearing to that of the dislocation loop: 
(4) 


where r is the radius of the particle, G is the shear 
modulus, the term on the right is the energy for 


a straight-edge dislocation between two cylinders of 


radius r’ 
the particle. According to Read,“ the total energy 
within a cylinder of radius r’ for the dislocation is 
given by setting r, equal to roughly an interatomic 
distance. It is supposed that r’ should be set equal 
When this is 
the 


where a loop is retained is as follows, where r is 


to roughly the radius of the particle. 


done and a rearrangement is made, condition 


the smallest particle which can support a loop: 


Inr—Inr, 


It is a simple matter to sum the energy required 
to form antiphase boundaries and that put into 
retained loops to obtain the total strengthening effect 
for the case where only part of the particles are 
looped. 

In general, there are too few data to test these 
ideas on most age-hardening systems, yet they appear 
that 
known to give useful strengthening on precipitation 


important in almost every system which is 
is known to have some degree of order in one or 
more structures which form on aging. This theory 
does not predict any particle-size effect other than 
the small effect of size on the degree of long-range 
order. The fact that most of the systems where this 
ordering is considered important overage is probably 
the result of the loss of coherency, although the flow 
process for a matrix containing ordered incoherent 
particles certainly cannot be presently predicted. 
The one system where this theory appears necessary 
and adequate to explain its low-temperature behavior 
is the aluminum-silver system where, below about 
190°C, the first precipitate is face-centered-cubic, 
silver-rich regions.“2) There is evidence that it is 
actually ordered Ag,Al"* which has a lattice para- 
meter almost exactly the same as pure aluminum 
and hence causes no strains.“# Whether the tem- 


STRENGTHENING 


and r, multiplied by the circumference of 


ON PRECIPITATION 


190°C 
the 


perature of about represents the disorde 


temperature or just resolution temper 

not clear for the existing thermodynamic dat 

is adequate here to use this as the disordering te 
perature. This would give an energy for disorderi 
as 423 cal/mol. This compares fairly well with the 
measured value of the energy reabsorbed for a 38 wt 
53 cal/mol, which 


per cent silver alloy of corre 


sponds to 300 cal/mol of Ag.Al One might expect 
their value to be less than that of ordering for 


Also, their 


values of 


just 


several reasons. values for leaner 
corresponded to higher 
of Ag,Al. It 
probably the best to use. At 


the 


energy 


thus seems that the 
150°C one 
long-range order parameter to be ab 

and one can calculate an antiphase domain 

of 135 ergs per cm* for the ordered particles. Thi 
corresponds to an increase in shear strength of 5.5 kg 
per mm*, or an increase in yield strength of perhaps 
12kg per mm*. The measured strengths at 0.0] 
strain were 15 kg per mm* on quenching, which rose 
to 28.5kg per mm? on aging at 150°C prior to th 


Ag, Al. The 


there certain 


appearance of apparent agreement Is 


excellent, but are uncertainties which 


prevent a more critical comparison It is also evident 
that this picture is in agreement with other kinds 
of measurements on this system at low temperatures 
such as equilibrium strength versus temperature 
prior to the onset of normal aging leading to clos 
packed hexagonal Ag, Al (reference 16 

Thus, it has been shown that ordering in the pre 
cipitate particles is probably important in determinin 
the 


systems In 


mechanical properties in many age-hardeni 


the case of aluminum-silve1 


aged at low temperatures, there seems no ot 
in which the properties can be explained. Rec 


of the existence of order as being important 


precipitation processes poses an interesting prt I 


One might suppose that the precipitate could init 


with a low degree of order and subse: 


One 


form 


orde! would expect to find rathe1 


kinetics in such a case 
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THE OXIDATION CHARACTERISTICS OF THE ALKALI METALS—I* 
The Oxidation Rate of Sodium Between —79 and 48°C 


J. V. CATHCART, L. L. HALL, and G. P. SMITH 


The oxidation rate of sodium was measured at five ter 
reaction rate in dry oxvgen was found to be small, and the 
oxidation data were not quantitatively consistent wit] 
equations; however, the general shape of the rate curves cor 
Cabrera-Mott oxidation model." It is suggested that 


to the inhomogeneity of thin oxide films formed on metals 


DIE CHARAKTERISTISCHEN ERSCHEINUNGEN BE OXYDATI 
ALKALI-METALLEN 


Die Oxydationsgeschwindigkeit des Natriu 


Die Oxydationsgeschwindigkeit des Natriums wurde bei 
und 48°C gemessen. Dabei wurde gefunden, dass die Re 
klein ist und dass sich gut deckende Oxydfilme ausbild: 
quantitativ mit keiner der bisher vorgeschlagenen theoretis 
geschwindigkeit iiberein; qualitativ entspricht aber die allgen 
derjenigen, die sich aus dem Mott-Cabreraschen Modell fiir d 
Unzulanglichkeiten dieses Modells der Inhomogenitaét diinne: 


LES CARACTERISTIQUES D’OXYDATION 
La vitesse d’oxydation du sodiun 


La vitesse d’oxydation du sodium a été mesurée a cing t 
La vitesse de réaction dans loxygeéne sec petite 
données d’oxydation observées ne sont pas quantitative 
vitesse précédemment proposees, Malis l aspect general des co 
avec celui prédit par le modele d oxvdation de ( abre ra \I tt 
modéle peuvent étre attribuées a linhomogénéité de min 


A study of the oxidation characteristics of the alkali films on sodium. Holt 
metals was undertaken for two major reasons. First the oxidation products 
no previous quantitative measurements have been observed a remarkable reduction it 
reported for these metals. Very little was known con- of these metals when they wer 
cerning their oxidation in comparison with that of dried oxygen. A somewhat sin 
more extensively studied metals such as copper and by Herrington in a qualitat 
zine. Second, it has been generally accepted in the past dation of sodium imaigam 

l 17 


that the alkali metals form nonprotective oxides reported that no visible 


This belief was based on the argument that when the escent amalgam in dry ox\ 
ratio of the volume of oxide to that of an equivalent oxidation ot the sodiun 
amount of the metal is smaller than unity (as it is for ag s the amalgam 
the alkalis), cracks should appear in the oxide as it oxide film on its surta¢ 
develops. It will be shown in this paper that this studied the low-pressuré 


argument is definitely wrong. Pure dry oxygen pro- reported a very slow raté 


duces a protective film of oxide on sodium according available data indicated that so 


to laws which do not differ essentially from those protective oxide film in purified 
applicable in the case of copper or zine. was entirely qualitative; no 
Previous to this paper there was already some quali- the degree of protectiveness ¢ 


tative evidence for the formation of protective oxide cal form of the rate curves careful 


rate study was regarded as a necessary first st 
* Received in revised form April 20, 1956 
Oak Ridge National Laboratory, Oak Ridge, ‘Tenn 


investigation of the oxidation characteristics o 
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Experimental apparatus and procedure 

The oxidation rate of sodium was followed by meas- 
reaction 
dif- 
diffusion 
the 


uring the change in pressure in a closed 


chamber as oxidation proceeded. A sensitive 
“Octoil-S”’ 


fluid. 


manometer. utilizing 


the 


ferential 
pump oil as manometric served as 
pressure-sensing device. 

The apparatus is shown in Fig. 1. The system con- 
sisted of an oxidation bulb and two reference bulbs, 
each having a volume of approximately 25 cc, con- 
nected to the arms of the manometer. Sodium, after 
first having been purified by successive vacuum dis- 


tillations, was placed in a small glass bulb sealed by a 


break-off tip. The bulb was connected to the rest of 


the apparatus as shown in Fig. 1. The system was 
then baked out at 400°C (except of course for the mano- 
meter) and evacuated to a pressure of 10-7 mm Hg. 
After the break-off tip had been crushed, the metal 
was distilled into the oxidation bulb where it deposited 
on the walls as a relatively thick film. The tube below 
the oxidation bulb was then sealed off with a hand 
torch as were the vacuum leads. At this point in the 
procedure, the oxidation bulb and the two reference 
bulbs were still interconnected through the 7’ joint. 
Above the 7’ and separated from the rest of the system 
by another break-off tip was a reservoir of carefully 
dried oxygen. When this break-off tip was smashed, 
all three bulbs were simultaneously filled with oxygen 
to identical pressures. All of the experiments were 
performed with oxygen pressures of about 200 mm Hg, 
so that once oxygen had been admitted to the system, 
the arms of the manometer could be separated by 
collapsing the 7’ joint with a hand torch. Rate mea- 
surements could then be made by following the change 
in pressure in the oxidation bulb. 

As is shown below, the observed oxidation rates 
were quite small. The decrease in oxygen pressure 


ry 


Break-off tip 


Octoil 
if differentia! 
manometer 


Reference 
bulb 


Oxidation 


Bulb 
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never amounted to more than | or 2% of the total 
pressure. This small change in pressure could hardly 
have produced any significant changes in the oxida- 
tion rates.'°) 

The procedure employed in purifying the oxygen 


used in these experiments consisted of passing the 


oxygen successively over hot copper oxide, Ascarite 


asbestos), and magnesium 


(NaOH 


perchlorate. 


suspended on 
Tubes packed with silica gel and im- 
mersed in liquid nitrogen served as the final stage of 
the drying process. The oxygen was passed through 
the trap at as slow a rate as possible without clogging 
the trap completely with liquefied oxygen. 

In order to avoid spurious pressure changes due to 
temperature variations, it was necessary to thermostat 
the oxidation apparatus carefully. A _ vigorously 
stirred slurry of powdered dry-ice and a 50-50 vol. % 
mixture of carbon tetrachloride and chloroform proved 
79°C. A bath 
consisting of finely crushed ice and a saturated brine 
20°C. At the higher tempera- 


to be satisfactory for this purpose at 


solution was used at 
tures a bath of mineral oil, warmed with a knife heater 
and controlled with a mercury thermo-regulator pro- 
duced a sufficiently constant temperature. 

Careful purification of the sodium used was neces- 
sary before reproducible oxidation results could be 
obtained. Commercial grade sodium was first filtered 
through a fritted glass filter disk and then subjected 
to five or six successive vacuum distillations.'® Con- 
siderable gas, consisting largely of hydrogen, was 
evolved during the initial melting of the sodium, and 
smaller amounts of gas were given off during the first 
two or three distillations. It found that the 


quality of the sodium, judged in terms of the oxida- 


was 


tion data, could be estimated by the color of the very 
first sodium film deposited in the condensation bulb 
at the beginning of a given distillation. For “‘pure” 
sodium, these films were a transparent blue. Usually, 
three or four distillations were required before these 
blue films could be produced. The first sodium films 
deposited in each of the earlier distillations tended 
to be rather opaque and red or yellow in color. Such 
sodium samples invariably produced erratic oxidation 
The 


was not determined, but the appearance of a blue 


rates. exact nature of these colored films 
coloration in the first stages of distillation served as a 
very valuable guide in obtaining reproducible results. 

Considerable effort was expended in testing the 
experimental apparatus and procedures described 
above. No significant pressure changes were observed 
in the extensive blank runs which were made, and it 
was concluded that the experimental method used 


was an accurate and highly sensitive one. 


= 

g bay 

canpillor oS Ax | 
capillary A 

LL 

és Ay 2mm 

copillor 

ZA capillary 
7 

Oxygen 
AN reservoir 

LAK 
vacuum 
pump 

od | Ba 

lay bearing 

tio 

Purified 

sodium 


CATHCART, HALL, SMITH: OXIDATION 


AND 


Results 
Rate measurements were made on sodium at five 
79, 20, 25, 48°C. The 


results of a typical experiment at each of these tempera- 


temperatures: 35. and 


tures are shown in Fig. 2. The number of moles of 
oxygen consumed per square centimeter of apparent 
surface area is plotted against the time of oxidation 
measured in minutes. 


The reproducibility of the rate curves was used as 


the criterion of the quality of the data obtained. De- 


viations of not more than 10°, from the curves shown 


in Fig. 2 were observed. This agreement was con- 
sidered acceptable in view of the errors inherent in the 
experimental procedure. The most serious source of 
the 


roughness of the sodium films. The relatively small 


error was thought to be variations in surface 
deviations noted in the data from run to run could 


easily have stemmed from this cause. 
Discussion 

It is frequently asserted that the oxidation mecha- 
nism for sodium and the other alkali metals is that con- 
tained in the so-called “‘crack theory” of oxidation.” 
Pilling 3ed- 


Evans,” suggested 


This theory, first proposed by and 


worth 


and later amplified by 
that if a volume decrease occurred on the conversion 
of a metal to its oxide, the resulting oxide film could 
not cover the metal surface completely and would, 
therefore, be subject to severe cracking. As a result, 
it was thought that fresh metal surface would con- 
stantly be re-exposed to oxygen, thereby eliminating 
the 
Under these circumstances the oxidation rate should 


any diffusional step in oxidation mechanism. 
be independent of the quantity of oxide formed and 
the rate equation should represent a linear relationship 


between oxide thickness and time. 


300 


35°C 


art 


(An=MOLES 0, CONSUMED /cm?) x 109 


CHARA‘ 


TERISTICS OF ALKALI METALS 

Despite the fact that the ratio of the volumes of 
equivalent amounts of oxide and metal is very smal 
(0.55 for Na,O and 0.67 for Na,O,) and, therefor 
should favor cracking in the oxide, our results showed 
the 
definitely did not obey a linear rate law 


films to be highly protective. Sodium very 
Average thicknesses have been calculated for the 
If it the films 


uniform thickness, 


oxide films. is assumed that were of 
that the oxide consisted only of 
Na,O, that the density of the films was the same as 
that for bulk Na,O and that the roughness factor for 
the sodium oxide surfaces was essentially unity, the 
obtained at 79°C 


maximum film thickness was 


the thickness 


$0,000 min 


approximately 50 A, while at 
increased to about 1500 A after 

These film thickness values represent only an order 
of magnitude estimation since the assumptions made 


in the preceding paragraph are either definitely 


wrong or moderately doubtful. First of all, it is known 
from the work of Bénard, Harris and Gwathmey, and 
others™ that the thin oxide films on Fe, Cu, Ni, et 

The 


at active spots On the 


are not uniform in thickness oxidation of thes« 


metals occurs preferentially 


metal surface, presumably at sites associated witl 


imperfections (dislocations, ete in the metal itself 


There is no reason to doubt that the sam« phe nomenon 
also occurred during the oxidation of the alkali metals 


This nonuniformity of the film also implies that the 


roughness factor of the surface metal/oxide increased 


as the oxidation proceeded No atte mpt was m 


measure the roughness factor of rig 


surface: it is believed that this roughness fact 


fairly close to unity, but in view « 


increase during oxidation it is felt that tl 
have much si 


ness value did not 


Secondly the questiol1 


TIME (min) x 10° 


Oxidation of sodium at 


79, 20, 25 5. and 48°¢ 


250 
200 
150 
-20 
400 f or 
M 
5 10 15 20 25 30 35 ae 4 
— 


248 ‘TA MET 
structure of these oxide films has not been resolved. 
Attempts to utilize X-ray diffraction techniques for 
this purpose were unsuccessful because of the small 
thickness of the films and the low atomic weights 
The 


Na,O being the thermodynamically stable 


involved. bulk oxides of sodium have been 


one in the range of temperature and pressure covered 


in our experiments. However. this fact is not neces- 


sarily relevant, since the oxide films (especially the 
highly protective films produced at low temperatures) 
were formed under conditions very far removed from 
thermodynamic equilibrium. 

Regarding the observed rates of oxidation (Fig. 2), 
the protective character of the oxide film as well as 
the decrease of this character with increasing tempera- 
This 


agreement with the picture first suggested by Mott 


ture should be re-emphasized. behavior is in 


and developed by Cabrera and Mott:") namely, that 
the growth of oxide films at low temperatures is due 
to strong electric fields created in the oxide by the 
from the metal to the oxide- 


transter of electrons 


oxygen interface. As the temperature increases, the 
ions become mobile, a diffusion-controlled mechanism 
takes over, and the protective character of the oxide 
film diminishes 

An attempt was made to determine the analytical 


form of the rate curves given in Fig. 2 and in Fig. 3 


ina log-log plot It was concluded however, that no 


relationship, including those suggested by 


and Mott,“! 


e-film 


simple 


Cabrer: 


could cover satisfactorily the 


entire tim thickness range which was investi- 


gated. This result is not necessarily in disagreement 


the oxidation model proposed by Cabrera and 


tt it simply means that the analytical, one di- 


mensional laws deduced from their model are not 
sumciently ‘alistic in view of the inhomogeneity ot 
the oxide film Unfortunately. 


itis- 


this lack of a 


factory oxidation rate has not 


equation 
permitted the deduction of : nergy of activation 


from the experimental results 

The rate curve obtained at 48°C requires special 
Fig. 2, an increase in 


The d portion 


comment As may 


seen 


oxidation rate occurred at this temperature 
95 O0OO—30.000 min of oxidation 
of the 


thetical curve which 


curve represents an extension of the hypo- 


would have heen expected had 


no such increase in rate occurred. The deviation was 


small, but it was observed consistently. Furthermore. 
a similar but much more pronounced rate increase has 
been observed at lowe1 temperatures {ol pot issium 


No evidence for the 
found at the 


and rubidium. ? comparable 


rate increase for sodium was lower 


temperatures investigated; however, these latter 
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consumed/cm<* ) x 10° 


mM 


moles 


An 


Fig. 3. Log-log plot of sodium oxidation data. 


experiments were not extended for as long a period 
of time as those at 48°C. 

The cause of this phenomenon has not yet been 
ascertained. It is conceivable that changes in com- 
position or in structure of the oxide film were re- 
sponsible for the rate increase. However, a much more 
detailed study of the oxide will be necessary before 


a satisfactory explanation is obtained. 
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STRAIN-AGEING OF ALUMINIUM-MAGNESIUM ALLOYS AT 
TEMPERATURES BETWEEN 208 AND 369 K* 


A. R. C. WESTWOOD? and T. BROOM 


The strain-ageing of aluminium-magnesium alloys has 
(0-5 to 3%, magnesium) and prestrain (1 to 15°, extensic 
0-47 eV have been deduced. In alloys of high (3° 
are considered to be associated with rapid diffusion nei 
dilute alloys, strain-ageing is caused by the migration of n 
produced during the prior strain. Thus the activation « 
under the prevailing conditions. 

During prolonged ageing of 1 and 3°, magnesium allo 


times at higher temperatures, some form of precipitation 


VIEILLISSEMENT PAR DEFORMATION DES ALL re J,UMINIUM-MAG 
\ DES TEMPERATURES COMPRISES 


Les auteurs ont étudié le vieillissement pal déformation di 


pre 


de la composition (0,5 a 3% Mg) et de la déformat 


des énergies dactivation de lordre de 0,27 a 0,47 e\ 


premiers stades du vieillissement dans les alliags 


Les 
comme associes a une diffusion rapide pres des cent 
stades et les alliages pauvres, il est attribué a 
par les lacunes du réseau produites lors dé 
elle demandée par le mouvement des lacunes sous les 

Une forme de précipitation semble apparaitr 
ambiante pour des alliages contenant | et 3 Meg et 


des temperatures supérieures 


RECKALTERUNG VON ALUMINIUM-MAGNESIUM 
ZWISCHEN 208° UND 369°K 


Die Reckalterung von Al-Mg Legierungen 
und der Vorverformung (1 bis 15 Dehnu 
zwischen 0,27 und 0.47 eV. Das Anfangsstadiur 
3°, Mg) wird mit der erleichterten Diffusior 
in den spateren Stadien und in der Reck 
Atomen durch die bei der Vorverfor 
in diesem Falle die Aktivierungsenergi 

Bei langerer Alterung von Legie1 


\lterung bei héheren Tempera 


1, INTRODUCTION 

Strain-ageing arising from the interaction between 
solute atoms and dislocations” can greatly influence 
the behaviour of alloys under various conditions of 
mechanical testing. The yield-point and repeated 
vielding phenomena found during the tensile testing 
of mild steel are well known and are caused by strain- 
welng involving interstitial carbon and _ nitrogen 
atoms. However, in substitutional alloys these effects Ther 


are not so marked. This is because the interaction 


energy between solute atoms and dislocations is much carbon 
that 


less for substitutional atoms (estimated at ~0-2 e\ 


for solut 


* Received August 3, 1956. with substitu 
Formerly Department of Physical Metallurgy, Universit 
\letals 


+) 


of Birmingham; now at Research Department, I.C.1 nel 
Division, Birmingham third of that for 
* Department of Industrial Metallurgy, University o \ 


Birmingham. Value 
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strain-ageing in an aluminium-3°, magnesium alloy 
has been found by Sherby, Anderson, and Dorn.‘ 
They suggested that this low value was due to the 
migration of dislocation lines to solute atoms rather 
than the movement of solute atoms to dislocations. 
Following strain-ageing studies on the same system, 
Phillips, Swain, and Eborall'® raised two objections 
to this hypothesis. First, such a movement would 
involve increasing the length of the dislocation lines 
by a factor of about 14, which would be energetically 
such a mechanism would not 


improbable; second, 


allow the “‘saturation”’ of dislocation lines. Instead. 


Phillips et al. suggested that the low values observed 
the 


because, 


were not unreasonable having regard to con- 
centration of solute atoms involved (3°), 
on average, movements of only one atomic distance 
would be necessary in order to bring at least one 
solute atom into an optimum locking position on 
each atomic plane cut by a dislocation. 

The present authors consider, following Cottrell, 
that the low activation-energy values observed may 
better be explained if the movements of excess vacant 
lattice sites produced by the cold work prior to the 
Diffusion 


in substitutional f.c.c. alloys is generally considered 


iweing treatment are taken into account. 
to take place by a vacancy mechanism, requiring, 
in general, an activation energy composed of Q,. 
the 
During the de- 
of the 
equilibrium concentration are produced by dislocation 
Thus the 


the energy required to form vacancies, and Q), 


energ\ required to move vacancies. 


formation of a metal, vacancies in excess 


movement and interaction. activation 


energy required for diffusion can be 


reduced to ) 


temporarily 
the activation energy for the move- 
ment of vacancies in the material, until the excess 
are annihilated or otherwise prevented from assisting 
diffusion 
The 
examine this vacancy-assisted strain-ageing hypothesis 
und to 


present investigation was carried out to 


obtain accurate values of the activation 


energies for strain-ageing in aluminium-magnesium 


alloys. High-purity used 


alloys were containing 


between » and 3°, magnesium by weight. In 


these experiments it was assumed that the yield-drop 


the difference between the upper and lower yield 


stresses) could be used as a measure of the strain- 


had 


given strain-ageing treatment. Thus, tests were per- 


ageing that occurred in a specimen during a 
formed in which tensile specimens were prestrained 
fixed amounts at liquid-air temperature and then 
aged for various times at various temperatures. The 
vield drop occurring during the subsequent tensile 


test at liquid-air temperature was recorded. From 
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a consideration of the variation in yield drop with 
time and temperature of ageing it was possible to 
determine the activation energies for strain-ageing 
in the several alloys used. 

These investigations are described and some 
tentative ideas put forward in explanation of the 


results obtained. 


2. EXPERIMENTAL PROCEDURE 
(i) Materials 


The materials used were high-purity aluminium- 
magnesium alloys containing 0-45, 0°97, 1-15, 2-89, 


and 3:12°%, of magnesium. The complete analyses 
and method of preparation of these materials have 
been previously described.‘® In all cases the total 
impurity content was less than 0-02°,. Test pieces 
were of conventional shape with gauge-length dimen- 
sions of 51 76 1-35 mm, and were polycrystalline 
having mean grain diameters ranging from 0-23 mm 
to 0:35 mm. In view of the work of Phillips et al. 
this small variation in grain size was not considered 
important. Immediately before testing, specimens 
were solution-treated at 675°K for 3 hours, quenched 


into water at 365°K, and then allowed to cool in air. 


(ii) The tensile machine 


This the 


capable of exerting a load of 230 kg. Through the 


was of hard-beam Polanyi type and 
use of strain-gauges on the beam, yield drops of 
only 0-06°, recorded and 


10-*/see 


of the flow stress could be 
A constant 


was employed during testing. 


measured. strain-rate of 3 
Testing at a given 
temperature was carried out by placing a large vacuum 
jar containing liquid at the appropriate temperature 


around the cage containing the specimen. 


(iii) 7'¢ sting proce dure 

A solution-treated specimen was plastically strained 
a predetermined amount in liquid air and then aged 
at some elevated temperature, the stress having been 
reduced to a low value just sufficient to preserve 
axiality of the specimen. Baths of acetone cooled 
by solid CO, were used for resting temperatures in 
the range 208°K to 283°K, and hot water for higher 
temperatures. After the ageing treatment the speci- 
men was retested at liquid-air temperature and the 
yield behaviour recorded as indicated in the stress- 

The 
parts, 


strain curve shown diagrammatically in Fig. 1. 


yield-point region was divided into three 


namely: 

h, the yield drop, 

Ao, the increase in flow stress, 
and x, the yield extension. 
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Stress, 7 


Development of yield dro 


alloy prestrained 5 


The variation of x with ageing treatment 
Rest at elevated 


reported, since the large amount of scatter 
temperature 


made interpretation difficult 


Plastic At ageing temperatures up to 283°K all stri 
Je Pre Strain, € ageing effects observed were transient: the stress 
strain strain curve on retesting after the ageing treatment 


Fic. 1. Yield behaviour (schematic) defining eventually 


“fe followed an extrapolation of the initial 
the quantities h, Ac, and x. 


curve Thus it is concluded that no general pre 
Because of the irregular flow which occasionally cipitation or recovery took place during resting at 
occurred at the lower yield stress, the yield extension, temperatures up to 283° K 
x, was arbitrarily defined as the extension which 
i) The yield drop, h 


The \ ield drops observed were sihal 


occurred after yielding and before the stress rose 
from the lower yield stress by an amount 0-02 kg/mm. 
less than > Aug of the vie ld stress 
3. RESULTS increased with ageing time tending 

The variables which determined the yield behaviour maximum value (Figs. 2(a) and 3(a 


a= 


and which were studied were: ageing temperatures above 273°K th 
t, the time of ageing, which variedfrom1tol000min: jh} decreased after prolonged ageit 


7. e ageing temperature ranging from 208°K and 3°, alloys (Figs und 5 
T’, th geing te! ture ranging from 208°] 13% all I } 1 \t 


to 369°K: strain-ageing was reached in 30 min 


The amount of prestrain, 1°,, 5°,, 10°,, or 15%, about 90°, of its maximun 
The magnesium content of the alloy. At 233°K, maximum strain 
These variables affected the previously defined after 1 how 

quantities A and Ao in a manner described below In comparing results 

interesting to note that the 


ger Io! the |] alloy tl 


Pod 


30 
min 4. Comparison 
Fic. 2. Development of yield drop, h, in a 1° magnesium magnesium alloys 


alloy prestrained 5%, , 3% Mg 


| 
£ 0-16} 
a 
x | 23 
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| a 0-12} ~ e- 
| —® 2 
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0:08 iff ! 
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@— 1% Ms Ms 


16 
| 


120 
a 


O: 


08 


3%. Mg 


1:2 16 20 24 28 
n minutes at 283 °K 


Magnesium 


in on yield drops in 3° 


prestrain; curve b. 


the 0-5!‘ alloy, however, yield drops were much 


smaller and the rate of development lower (Fig. 4). 


It will also he observed that h decreased more rapidly 
with prolonged ageing in the case of the 3° 


alloy 


than the 1‘ , alloy. This point will be discussed later. 


Increasing the amount of prestrain was found to 
the size of the \ ield drop, as shown by 


mcrease 


curves (a) and (b), Fig. D 


At high prestrains (15°,) 
complicated vield drops were sometimes observed, and 
in these cases A was taken to be the difference between 
he highest and lowest of the several \ ield stresses 
recorded. This method produced consistent results. 
The effect of ageing temperature is also illustrated 


in Figs. 2 and 3. Although the initial rate of develop- 


ment of A increased with ageing temperature, the 


maximum value attained appeared to decrease. 
ll The in flow Stress. Ao 
Values of Ao were usually much larger than those 


ot A, bemeg about 5—-10°. of the vield stress. It was 
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that the increase in flow stress varied with 


ageing time and temperature in a similar manner to 


found 


the yield drop. 

The variation of Ao with ageing time and tem- 
perature for the various alloys is shown in Figs. 6 
and 7. It with the 3° alloy, Ao 


seen that a 
is very near its maximum value after only 1 min 


will be 
at 283°K (the shortest practical ageing time), and 
is at some 40-50°,% of this value after about 2 min 
No fall-off of Ao after long ageing times 
at 283°K was observed with the 0-5°, alloy and only 


a slight fall-off with the 1°, alloy: a marked fall-off 


at 233 


was recorded for the 3°, alloy. Ageing times of about 
200 min were required to produce any fall-off with 
the 1°, alloy, but 20 min was sufficient for the 3% 
alloy. Detailed comparison of the decrease of Ao 
and h with prolonged ageing showed that the upper 
vield stress decreased more rapidly than the lower 
\ ield stress. 

The the 


increased with amount of prior strain and magnesium 


magnitude of increase in flow stress 


content, Figs. 6 and 7. 


iii) Ageing at 369° K 
A few tests were performed in which specimens 
In both 1° 
after 


were rested at 369°K. and 3°%, alloys, 


h and Ao 


2-min ageing at this temperature, and the fall-off 


oO 


were smaller 10-min ageing than 


was more marked with the 3°, alloy. It is interesting 


to compare the stress-strain curves of these two 


369°K. following a 


With the 3° 
after 


alloys after ageing 10 min at 


prestrain of in liquid air. , alloy 


(Fig. 8) the stress-strain curve ageing rose 


more steeply and lay above the original stress-strain 


in flow stress, Ag, in 0-5, and 1% 
%, Mg; broken line 4% Mg. 


Solid lines, 1 


ar 
OO 


magnesium alloys prestrained 5%. 
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40 


Fig. 7. Development of increase in flow stress, Ac, in a 3 


5% (solid lines) and prestrained 10 


curve. It did not drop below the original stress- time required for a given 


strain curve as in the work of Sherby et al. This to occur would be proportional to « here @ 


vermanent hardening suggests that some precipitation was the required activation energy and k Boltzmann 


has occurred. In the 1% alloy (Fig. 9) the stress- constant In this way. families of curves 


strain curve at first fell below the original stress- those illustrated in Fig. 10 were obtained 


strain curve, but then rose more steeply and eventually activation energy was found to vary with mag 
crossed it. Presumably, recovery together with some content and with amount 
precipitation occurred during the ageing treatment observed with the 3 allo 
amount of strain-ageing 

(iv) Determination of activation energque S was found with the } 

The activation energy for the strain-ageing process mum) activation energies 
occurring under predetermined conditions was evalu- are given in Table | 
ated by a consideration of the variation of h, the Assuming that the strai 
yield drop, with ageing time and temperature, as described were controlled | 
shown in Figs. 2 and 3. It was assumed that the vacancies in the lattice 


calculate the averag 


required for the 


Fic. 8. Yield phenomena in a 3% magnesium alloy following ir 
ageing at 369°K. 
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determination of activation energy for strain-ageing: 
0-005, 0-010, 0-020, 0-040, 0-055, 0-070, and 0-080 kg/mm?. 


following values of h: 


TABLE 1. Activation energies for strain-ageing 


Prestrain 


Lomer and Cottrell,” we have that 


t 
‘re n is the average number of jumps to annihila- 


time 


vy, is the atomic vibration frequency at 
the 
is the 


ipprox. 10!8/sec), and ¢ in this case is 


required for half-maximum strain-ageing. 


on energy for the diffusion (strain-ageing) 


For the 3°, alloy prestrained 5°, n was 


10° jumps at 283°K, and for the 1% alloy 


similar conditions, n was again 


From these values it appeared reasonable 


that » would not vary markedly by 


suppose 


1% Mg 


3 2, Mg 


0-12 
kg/ mm2 


Fic. ll. activation 


Dependence ot 


straln-ageing. 


energy 


upon degree of 


4-6 


Curves 


4:2 4:4 


data from Fig. 3. 


reducing the magnesium content to 0:5%. It then 
became possible to estimate the activation energy 
The half- 


Maximum strain-ageing was 35—60 min at 10°C after 


for strain-ageing in this alloy. time for 
5°, prestrain, and led to a value for Q of ~ 0-45 eV 
with the 0-5°, alloy. This estimate of Q lies between the 
accurate value derived for the 1°, magnesium alloy 
and a value of 0-55 eV quoted for pure aluminium 
by McReynolds, Augustyniak, McKeown, and Rosen- 
blatt.2® The latter value was obtained by annealing 
out irradiation damage produced below 123°K in a 
193°K to 
presumed to be the activation energy for the move- 
lattice aluminium. 


A plot of the activation energies just referred to is 


temperature range 253°K, and may be 


ment of vacant sites in pure 


given in Fig. 12. 


A previous estimate of the activation energy 
required for the commencement of strain-ageing in 
an aluminium-3-2°, magnesium alloy after 45% 
prestrain was 0-34 eV. > This value agrees very well 


with the results of this investigation. 


> 0'6 


0:5 


0°4 


0:3 


2 
Magnesium 


Variation of activation 
content and with prestrain. 


Fic. 12. energies 


eslum 
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4. DISCUSSION 
The 


used when it is established that it refers to a single 


term ‘“‘activation energy” is only properly 
process. In the present experiments, two complicating 
First, the 


energy, Q, for strain-ageing in a 3° magnesium alloy 


features have been found. “activation 


(Fig. 11) appears to depend on the degree of strain- 
room 
369°K, 


with 


ageing. Second, after prolonged ageing at 


temperature, or after a few minutes at 


the amount of decreases time. 
This latter effect (to be fully 


below) has been tentatively supposed to be associated 


strain-ageing 
discussed more 
with precipitation, and results obtained under such 
conditions have been ignored in determinations of 
activation energies. 

It is believed that the value of 0-38 eV found for 
the activation energy, Q, of strain-ageing in a 1°, 
magnesium alloy does refer to a unique process, as 
there is no variation of Y with degree of strain-ageing 
11). 
magnesium atoms diffuse to dislocations, assisted by 
the the 
Thus the activation energy is virtually that required 


(Fig. The most probable mechanism is that 


vacancies generated during prior strain. 


Oo 


for the migration of vacancies in a 1°, magnesium 


alloy strained 5%. No well-established activation 
energies exist either for the formation or movement 
of vacancies in pure aluminium, but if the tentative 
figure of 0-55 eV for movement is accepted (Section 
3(iv)), that of 0-38 eV in the 1% 
The only two other hypotheses 
the 


would seem to predict a variation of Q with 


magnesium alloy 
seems reasonable. 
advanced to account for energetics of strain- 
ageing 
ageing time and a greater variation with alloy com- 
position than is observed (Fig. 12). The suggestion 
of Sherby et al.) that dislocations move to solute 
atoms, appears energetically improbable in a 1%, 
alloy, but even if it be allowed that a “‘sweeping-up”’ 
mechanism could be operative, then as strain-ageing 
continued, the mobility of dislocations would be 
progressively impaired and the “activation energy’ 
would be expected to rise. As a result of considering 
the abnormal lattice strains near the core of a dis- 
location, Phillips et al.‘® suggested than in a 3' 

magnesium alloy there would be sufficient magnesium 
atoms in such regions (where diffusion might be 


expected to be anomalous) to give rapid strain-ageing 


This appears improbable for a 1°, alloy and it would 


predict a variation of “activation energy” with 


ageing time. However, the mechanism of Phillips 
et al. can be invoked to account for the results given 
in Fig. 11 for the 3°, magnesium alloy. It is suggested 
that in the early stages of strain-ageing, Q does not 


refer to a true activation energy, as strain-ageing is 


AGEING OF 


ALUMINIUM-MAGNESIUM ALLOYS 


then predominantly associated with movements of 


only two or three atomi 


When 


locking 


magnesium atoms within 


spacings of dislocations these atoms have 


reached their equilibrium positions, al 


further strain-ageing will be governed by the vacan¢ 


assisted diffusion of magnesium atoms from 


of the lattice 


regions 
The 


and avgaln 


where the strains are small 


activation energy then becomes constant 


refers to a single process namely the migration of 


vacancies 


A summary of what are believed to be true activa 


tion energies relating to the migration of vacancies 


is given as Fig. 12. A variation of Q with composition 


is expected because of the effect of solute concentra 
tion on solute diffusion in alloys,“ but there are n 


simple physical bases for predicting whether th 


activation energy for movement of vacancies would 
increase or decrease in a particular alloy system 
Similarly, because of the many factors involved, it 
is difficult to the 


account fo1 variation of 


prestrain 
A complete analysis of strain-ageing in substitu 
tional solid solutions requires more information on 
the movements of the vacancies produced by the 
prior strain. In a 1% magnesium 
moving towards a dislocation DY reason 
elastic interaction will probably encountel 
nesium atom (which is also attracted to the dislo 
and remain associated with it for many 
jumps, assisting it to move towards the 
When a 
the fate of 
In a 
able to 


(In ao 


vacancy-solute arrives 


the 


pall 
Vacancy 1s 
more concentrated 


from one 


“swing’ 
alloy a 
two solute atoms), so that 
diffusional 


agelng jump as iar as 


concerned is that which transfers 


atom of a chain to a dislocation 
brium position taken up by the 
dictable It should 


which 


] 
also 


means D\ magnesium 


unknown. The present 


I 


in aluminium is 
provide no evidence as to whether elastic 


“Cottrell 


locking, or chemica 


associated stacking faults 


the more important 
The rapid initial rise of A 
in Figs. 6 and 7 is thought to 


increase in flow stress Lal yoservea 


agelng is carried out at liquid-air tem pel! 
Reference has already been made to 


may be caused by some form of precipitat 


—— 
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falling off of h and Ao with increasing times of ageing 
at temperatures above 283°K is shown in Figs. 4 
and 7. 
the 1° 


stress-strain curves shown in 


At 283°K a larger yield drop was found for 
The detailed 


Figs. 8 and 9 suggest 


» alloy than for the 3°, alloy. 


that at 369°K some permanent hardening has occurred. 
All these observations can be qualitatively understood 
if the diffusion of magnesium atoms to dislocations 
is but a stage in the formation of an equilibrium 


precipitate The growth of an embryo precipitate 


could be expected to occur most readily at a disloca- 
tion node or ata position on a dislocation loop where 
the relative orientation of embryo and matrix was 


favourable. In detail, such a model would require 


diffusion of magnesium atoms along dislocations to 


the sites of precipitation, thus reducing the gveneral 


locking along dislocations. Growth ot precipitates 


would necessitate some movements of magnesium 


itoms away from the dislocations, this probably 


requiring a higher “‘activation energy” than strain- 


Thus the precipitation effects could only be 


ageing 


expected at “high” temperatures: more strain- 
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ageing could occur at lower temperatures before 


the intervention of precipitation. 
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CALCULATION OF THE NICKEL-CHROMIUM-COPPER PHASE DIAGRAM 
FROM BINARY DATA*? 


L. MEIJERING 


In the solid state the Ni-Cr—Cu system shows a three phase equilibrium b 
and two f.c.c. phases rich in Ni and in Cu respectively. This rather unexpect 
completely miscible) is examined thermodynamically, using the 
probable values of the interaction parameters are obtained from data o 


The resulting ternary diagram is indeed of the type found experimentally 


DEDUCTION DU DIAGRAMME DE PHASE Ni-Cr-Cu A PARTIR DE 
LESULTATS BINATRES 

A Vétat solide, le systeme Ni-Cr-Cu présente un équilibre ternaire entre 
et deux phases c.f.c. riches respectivement en nickel et cuivre 

Cet état de choses, plut6t inattendu (le nickel et le cuivre étant compl 
thermodynamiquement en utilisant une approximation normal 

Les valeurs les plus probables pour les paramétres d’interaction sont 
sur les systémes binaires. Le diagramme ternaire résulta 


expérimentalement. 


BERECHNUNG DES Ni-Cr-Cu-ZUSTANDSDIAGRAMMS AUS 
BINAREN SYSTEMEN 
Im festen Zustand zeigt das System Ni-Cr-Cu ein Dreiphasengleichgewi 
reichen kubisch raumzentrierten Phase und zwei Cu-bzw. Ni-reichen kubisch 
Diese, angesichts der vollstandigen gegenseitigen Mischbarkeit von Ni und Cu 
wird thermodynamisch untersucht in der regularen Naherung. Die 
Wechselwirkungsparameter werden Ergebnissen an den binaéren Grenzs 


berechnete ternare Zustandsdiagramm entspricht dem experimentell g 


1. INTRODUCTION graphical interpolation of the binary solubilitic 


The isothermal section of the Ni—Cr—Cu system at only remaining sensible proc dure, leading 


930°C, as determined by Meijering, Rathenau, Van _ Fig. 2. 


der Steeg, and Braun,” is shown in Fig. 1, here in 
atomic per cent. From the knowledge of the three 
binaries one would have expected something like Fig 
2, assuming that no ternary intermetallic phases 
appear, which is already probable from Siedschlag’s 
investigation. 

The purpose of the present paper is to examine 
whether the existence of a two-f.c.c.-phase area (C) 
and thus also of a three-phase area (/’) can be under- 
stood from the binary data. We shall firstly derive 
thermodynamic data for the binary boundary systems, 
extend them into plausible ternary functions, and 
hence derive the ternary diagram. This procedure is 
rather rough, and no satisfactory quantitative results 
can be expected. However, we will be satisfied even 


if a diagram of the type in Fig. 1 results. When 


thermodynamics as an intermediate step is omitted, 


* Received November 7, 1956. 

+ A short preliminary account of this work without detailed 
calculations, in the Dutch language, appeared in Chemisch 
Weekblad 51 (1955). 

+ Philips Research Laboratories, N. V. Philips’ Gloei- 
lampenfabrieken, Eindhoven, Netherlands. 
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Ni 


Fic. 2. Phase diagram at 930°C, as would be obtained simply 
by graphical interpolation between the binary solubilities in 
Cu-Cr and Ni-Cr. 


To execute our plan we use the regular approxi- 


mation, taking the free enthalpy of mixing 


zInz) 
(1) 


G = axy + baz + cyz + RT(xlnx+ ylny 


where 7’ is absolute temperature, R the gas constant, 
x, y, and z the mole fractions of Ni, Cr, and Cu respec- 
tively; a, 6, and ¢ are interaction parameters, each 


of which connected with one of the binary boundary 


systems. Although the regular approximation in itself 


is not very good, it appears to be the best one when 
complications are not to become excessive and each 
binary phase is characterized by one parameter. It 
can be successfully used to understand or predict 
ternary diagrams with closed miscibility gaps. 

In the following sections we will try to find the 
most plausible values of the parameters 4, b, and ¢ 
for the binary systems Ni—Cr, Cr—Cu, and Cu-—Ni. 

2. THE F.C.C. PHASE IN THE Ni-Cr SYSTEM 

Activity determinations on the solid solutions in 
the nickel-chromium system have been carried out by 
Grube and Flad) by measuring the H,O/H, ratios in 


the equilibrium 


2Cr (dissolved in Ni) 3H,O < Cr,O0, 


1L200°C, 
1300°C. 
free-enthalpy 
Flad 


calculate the enthalpy H as a function of composition 


1100° and 


780 


for several Cr concentrations at 


and for pure chromium between and 


the between the 


1200°C, 


difference 
L100 


From 


diagrams at and Grube and 


x. The course of the two single-phase Hx curves with 
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respect to the intermediate straight line in the two- 


phase region is such, that it would imply a diminish- 


ing solubility of Cr in Ni—and vice versa—with 


increasing temperature. This is contrary to Grube 
and Flad’s measurements themselves, which are in 
good agreement with the phase diagram (Fig. 3) in 
Hansen. '® 

The inconsistency of their results is probably due 
to temperature deviations.) As the heat of reaction 
(2), with 100 keal 
temperatures where the alloys were measured are 
only 100° apart, the enthalpy (and entropy) data are 


pure Cr, is about and the two 


very sensitive to temperature errors, even if these are 
1° or 2° only. The oxygen pressures of (2) with pure 
and 1200°C, 


but were interpolated. For other reasons too it looks 


chromium were not determined at 1100 


probable that these runs were made some time before 
or after the alloy runs at 1100 1200°C. Now, 
inspection of the results yields strong indications that 
pure Cr does not fall into line with the Ni-Cr alloys. 
For instance, at 1200°C the Cr activity coefficient of 
the b.c.c. alloy with 5.28 at. °, Ni would be 0.64 only. 
This corresponds with a value for d?H/dz? (or rather 
the second differential coefficient of H TS,,.*) of 
more than 900 keal per mole, which is unbelievably 
high. If it is that the 
at this low concentration 


and 


assumed deviations from 
are at least 


the 


Raoult’s law 
an order of magnitude smaller, one arrives at 
conclusion that the “‘pure-Cr’’ temperatures are about 


15° low with respect to the “alloy” temperatures. 


1500° 


1 


0 
Cr 


Fic. 3. Nickel-chromium system, mainly according to 


Hansen.‘®) Atomic concentration. 


* Sex being the difference between real entropy S and ideal 
Gibbs entropy—R(z In a (l —2)In (1 x)). 
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L 


0.3 0.4 


Fic. 4. 
f.c.c. 


Left-hand side of (3) 


alloys at 


equation 


on LL00°C ) 


has been added. Straight line corresponds to a 


In view of the crudeness of the regular approxi- 
mation we are going to use, it looks safe enough to 
assume that Grube and Flad’s alloy measurements are 
consistent, apart from perhaps a small relative error 
(say 2°) in the 1100° and 1200°C temperatures. 

At the 
thermodynamics of the f.c.c. 


we are only interested in the 
We take 


to complete 


moment 
phase. its 
If, 


we should have 


entropy of mixing to be Gibbsian. 


the regular picture, H ax(l x), 


(9 
X) aa 


In (1 


RT po, 


In Po, _) 
Here po. stands for the equilibrium pressure as 
calculated by Grube and Flad from the H,O and H, 
pressures in (2), the Ni fraction of the alloy being x. 
In Fig. 4 we have plotted the left-hand side of (3) 
against 2? for all measurements on f.c.c. alloys. The 
fact that the ordinate becomes positive (meaning a 
1) the 


temperature deviation mentioned above. However, 


Cr-activity coefficient is connected with 
for calculating a we need only the slope in Fig. 4. 
Po. Cr) 
influence. To facilitate the deduction of one slope for 


Therefore errors in (for pure have no 


all data, 0.27 keal has been added to the left-hand 
side of (3) for the 1200° points in Fig. 4, corresponding 
to a variation in the temperature deviation of 3° over 
the 1100°-1200 
be due to difficulties in establishing equilibrium 


range. The scatter near x7 = 1 may 


(2) 
at these low Cr concentrations. 

It is seen that a (if it must be constant!) should be 
We will later on need (1) only at 


roughly —5 keal. 


versus x 
and 


0.7 0.8 
x? 
Grube 
For 


5 keal/mole. 


0.9 


and Flad’s 
the 1200 p 


using isureme 


1200°C ints. O 


abs., and use it 


L200 


form 


G/RT 


LLY 


W here x. 


a/RT,B b/RT, and y 
account of the uncertainty in a, we will use three 
ot 2.0, 


and 2.0 respectively 


implied that 
But 


also the rece 


[It is not 


gular 


le r 
values 
and Flad’s two ec 


to them, a slightly 


supel 


enthalpy and entrop 


the reg 


entropy of mixing Is not 


can be 


ap oxu 
ex proxin 


1200 


ment that 


than it 


seems 


Between the limits of 


accuracy 
in the f.c.c. Ni Cy phase would be equally nega 


in Au-Cu. Therefore, some support for ow 


is given by the superstructure Ni,Cr, whi 


from the disordered f.c.c ph use at I it SUU 


only some 25% higher than rresp 


temperature of Cu,Au. 


Grant and co-workers’? have found a 


formation point in chromium at about 1800°( 
tentatively 


high-temperature phase field desi 


the heat of n 


an 


Che 
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as f.c.c.—in the Cr—Ni system would come down to a 
eutectoid three-phase equilibrium with the b.c.c. phase 
and the Ni-rich f.c.c. phase, at 1215°C. Other investi- 


(9,10,11) have not been able to confirm 


gators, however, 


these results. It should be pointed out that the 
appearance of another phase above 1200°C would 
have only a bearing on our thermodynamical considera- 
That 


Ni-Cr phase, in direct 


tions if it were really f.c.c. would mean a 


miscibility gap in the f.c.e. 


conflict with a regular negative enthalpy of mixing. 


3. THE BODY-CENTERED CUBIC PHASE 
In principle we must set up an expression for the 


free enthalpy of the b.c.e phase too: 


h' xz RT(aInx + ylny zInz) 


fy Gz (5) 


Here a’, b’, and c’ are the interaction parameters in 


the b.c.e. phase, while eC, 7, and gq are the free enthalpy 


differences between the b.c.c. and f.c.c. modifications 
of the metals Ni, Cr, 
Luckily, the solubility of Cu in the b.c.e. 
We will neglect it, 


we do the same for the solubility of Ni 


pure and Cu respectively. 
phase is 
probably small and as a first 
approximation* 
in Cr. Thus the b.c.c phase is taken as pure chromium 
y |), and from the six parameters in (5) we need 
only f, the difference in G between b.c.c. Cr and f.c.c. 
Cr (cf. Fig. 5) 


solubility of Cr in the f.c.e. phase. The solubility curve 


This parameter is calculated from the 


/ 


0 
| 


L 
Ni Cr Cu 


Fic. 5. 
in Cr—Ni and C1 
chromium, tangents are 
indicated by 


Schematical free-enthalpy curves of the f.c.c. phase 
Cu at 930°C. From JL, indicating G of b.c.c. 
drawn to both curves. The points ot 
must lie at the solubility 


tangency, crosses, 
concentrations. 


* In Section 7 a calculation of the isothermal ternary 


section at 1200° abs. is given where the solubility of Ni in Cr 


(10 at. %) is taken into account. 
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TABLE 1. Values of the reduced parameters q {(/RT 
and 3 c/RT following from « a/RT and the 
solubilities of Cr in Ni and in Cu at 7 1200°. a and 
the Ni-Cr and Cu—Cr interaction parameters in 
phase, and f Gb.c. Gf.c.c. for pure Cr 


are 
the f.c.c. 


in Hansen agrees well with the solubilities at 1100 

and 1200°C found by Grube and Flad, and one finds 

39 at. % Cr at 930°C 1200 
0-61 in 


abs.t 


Substituting x 


f/RT =m (1 — 2) + a2? 
one finds for the three alternative choices of « 
f{/RT in Table 1. 


Section 2) the values of q 


4. THE F.C.C. PHASE IN THE Cu-Cr SYSTEM 
Assuming the free enthalpy in the f.c.c. Cu—Cr phase 

to be regular, one finds its interaction parameter ¢€ 

from the solubility of Cr in copper, which is 0.34 at. 


(12—14 


abs. 


at 1200 
Substituting z 0.9966 in 


f/RT Z 7) 


c/RT the values in Table 1, 


and thus on the chosen value of «. 


depending 
The most 


one gets for y 


ng 


probable middle value, x 2.0, yields g 1-7 
$.(). 


are taken to be independent of ot equation (7) agrees 


and y If the corresponding values of f and ¢ 


quite well with Alexander’s solubility curve"? 


between 800° and 1050°C, while only (1 z=) at 930°C 
has been used to derive y from ¢. 
These about 4 


chromium would have the f.c.e. 


y-values of mean that even if 
structure, its mutual 
solubilities with copper (given by the two minima of 
the dashed G,z curve in the upper right-hand corner 
of the schematic diagram Fig. 5) 
930°C. In this 


interesting to mention the magnetic measurements on 


would be small: 


about 2 at. 


connection it is 
precipitation from copper-rich Cu—Cr alloys by Knapp- 
wost and H. Zeiger.“*) They found indications that 
under certain circumstances chromium may precipitate 
in a form other than the b.c.c. one. This was compared 
with the case of Cu—Fe alloys,“® where a f.c.c. iron- 


rich precipitate may precede the stable b.c.c. phase. 


that the higher solubilities found by 


+ It may well be 
are better, but as we have used Grube 


Taylor and Floyd"! 
and Flad’s activity measurements for estimating «, it seems 
preferable to use a curve consistent with their results. 


q 
L.5 1-5 4 
2.0 1.0 
2.5 3.8 
(6) 
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Fe,Co or Cr 


Schematical miscibility 


Cu-—Ni-Fe, Cu 


gap in the 


Ni—Co, or Cu—Ni 


5. THE Cu-Ni SYSTEM 

We still need the Cu—Ni interaction parameter 6 
(see equation 1). As Cu—Ni solid solutions do not show 
distinct tendencies towards ordering or segregation, 
the absolute value of 6 will be small. 

The fact that the tie-lines of the f.c.c. 
gap in the systems Cu-Ni-Fe@® and Cu—Ni-Co"’ 


turn towards the Cu—Ni side (cf. Fig. 6) means that Ni 


miscibility 


mixes less readily with Cu than with Fe or Co. As the 
f.c.c. phase in Fe—Ni is approximately ideal“’:!® and 
in Co—Ni probably also, we conclude that the enthalpy 
When the 


Cu—Ni-Fe phase is treated as being regular, a 


of mixing in Cu-Ni is slightly positive. 
5.6.0. 
more quantitative analysis of Koster and Dannoéhl’s 
tie-line directions can be made with the help of 
equation (46) of ref. 20. This yields about 1-8 keal for 
the difference between the interaction parameters of 
Cu—Ni and Fe—Ni, and thus also for 6 itself 

This value 1 rough 


which must be considered as 


estimate—would mean that there is a miscibility 


in Cu—Ni, closing at a critical point at 450° abs. At 


gap 


this temperature, judging from an extrapolation of 
the diffusion coefficient in a 50/50 Cu-Ni alloy,” the 
mean jumping frequency of an atom would still be 
about once a day. As this looks only just tolerable 
when saying that Cu—Ni solid solutions practically 
cannot segregate, it was thought safe to assume a 
somewhat smaller value for 6, namely 1.2 keal, corre 
sponding to a critical point at room temperature, 
where diffusion is quite negligible. We prefer to be at 
the low side with b, because the higher this parameter 
is, the more a Cu—Ni-Cr diagram of type Fig. 1 will 


be favored with respect to type Fig. 2. 


OF ] u 


PHASE DIAGRAM 


abs., 5 


In the next section we 


At 930°C 
h RT 0.5. 


combinations of the three sets of values for «, ° 


1200 1.2 keal yields 

will examine the 
and 
This 
will enable us to see whether the splitting up of thi 


possible even when the binary Cu—Ni alloys have no 


gy in Table 1 with pf 0.5, but also with f 0 


Cu-—Ni phase by chromium could in principle be 
segregation tendency at all 


6. TYPE OF TERNARY DIAGRAM OBTAINED 


FROM THE BINARY DATA 


G/RT of the f.c.« 1200° abs.. as 
of concentration in the ternary diagram forms a 
Ni and Ni C1 
side 


When a 


underside of 


phase, at . function 
surt 
which is convex from below n the Cu 
sides, but shows a plait near the 

Fig D 2 


along th 


Mpare 
and also ref. 20, 
tangent plane is rolled 
plait, the locus of the tangent points—projecte: 
the concentration plane vi ldsa binodal curve 


the miscibility gap in the f.c.c. phase (ef. Fig. 6 


infinite set of tie-lines connecting pairs of conji 


solutions (tangent points on the surface itself) ends 


the critical pomt Beyond the 
of the plait, the G/RT' surface is fully convex 
The 


our approximation is pure C1 


corresponding 
equilibria between the b.c.c. phase (whicl 
und the tf. 

rolling 


obtained by a tangen 


in Fig. 5. The two halves of this 
terminal positions of that tangent pla 
tion of the curve formed by the 

PQ in Fig. 2 


in the Cr corner 


but in our approxin 


converge 


>\ supe rposition ot the 


SOIVUS Curie und the 


obtain the total ¢ 
There 
When the 


gap in the f.c. 


qu 
ire two possibilities 
two curves ck 
phase Is 
happens when the double 
axis always at a point hig 

In) he coexisting 
below of pure b. chro} 


RT surtfac 


the plait without “feelin 


to the f.c.c. G 
The other possibility is t] 


uuches the 


a position where it 
These are inters 


the set belonging to 


In projection 
necessarily 
MAAN 
corner they form a three-ph 
the solvus curve PQ bety 
with WKN is not stable 


off terminal part of the pla 


They are 
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0.5 


Parts of solvus (so) and spinodal sp) curves in the case 


ordinates. With the better approximation used in Section 7, 
each of thes point (with 
right is the critical 


Fic. 7. 
9 


o 2.0 } Rectangular co- 


curves shifts, as indicated by one 
dashed) nearby. The 


point in Fig. 8 


point at the 


slope, 


between two f.c.c. solutions. This stable part of the 
contain the critical 


the 


binodal curve, if present, must 


point AK. In the boundary case between two 
possibilities for the mutual positions of solvus and 
binodal curves, they touch each other in K. 

In our regular approximation, the equation of the 


solvus curve (cf. equation 63 of ref. 20) becomes 


In Za ] Y) V2 | y) Baz g (8) 


with z r y. For x 0 or 2 0 this gives 


equation (7) and (6) respectively). 

The binodal curve (7 K.N) is less simple; it is given 
by three equations with four variables (cf. equations 
$0) of ref 


with examining whether the two curves intersect (and 


9 9 
35), (39), 


20). But when we are content 


not. if so, where) we can take the spinodal curve instead 
the binodal. The former lies inside the latter: it 


sins and ends at the Cu—Cr side at the concentrations 


of the inflexion points of the curve in the right half of 


Fig. 5. and it touches the binodal curve in the critical 


point AK. Thus, intersection of spinodal and solvus 
curves is necessary and sufficient for a diagram of type 


Fig. 1, 


For ternary regular solutions the spinodal curve is 


with a three-phase triangle. 


siven'?2,20) by the equation 


2py 


Calculation of some points of the solvus and 


spinodal curves with / 0-5 and the three sets of «. 


y, and @ in Table 1 showed that in all three cases the 


curves intersect. For the combination p 0.5. 


4, q 1.7 some more points were 


calculated, and Fig. 7 shows part of the spinodal curve 


lying outside the solvus curve. The critical point will 
lie roughly where the curves are farthest apart, but 
has not been located. Neither have the two intersec- 
tion points, which are of minor importance: beyond 
them. along the solvus curve the homogeneous f.c.c. 
phase ceases to be unstable, but is still metastable 
until the binodal curve is met. 

With 


2.5, 3.8, 


(0 instead of 0.5, the combination with 
; 1.9 yielded again inter- 
section of solvus and spinodal curves. That was not 
the case for the combination with « 1.5, ete. (see 
Table 1). 


however, the smallest distance between the two curves 


nor for « 2.0, ete. In the latter case, 
corresponds to a few times their thickness, as drawn 


in Fig. 7; ¢ 1.688 instead of —1.7 would produce 
the boundary case mentioned above, with the curves 
just touching each other in the critical point,* which 


for the «-/ combination in 
x = 0.5327, y = 0.1626, dy/dx 


The results of the 2 


question lies at 
1.90. 


i 


3 parameter combinations 
examined can be interpreted as follows: An isothermal 
diagram of type Fig. 1 (found experimentally) indeed 
probable regular 
the 
Even if p is taken to be zero, the 


follows from the a priori most 


parameter values derived from binary data, 


including Pp = 0.5. 
chances for a three-phase triangle are “theoretically” 
roughly 50/50. Thus a tendency towards phase 
separation in the Cu—Ni system is favorable but not 
necessary for the appearance of a stable two-f.c.c.- 
phase area in the ternary system. 
advantage of the boundary 
2, 0, y=4, the 


(small) variations in these parameters was examined 


Taking case 


1.688. influence of 
by differentiation. Table 2 contains the results. Here 
dy stands for the y-component of the shift of the curve 

0.1626 
shifts of 


in question from the point x 5327, y 


(see above). The differences between the 
solvus and spinodal curves (last column) show the 
influence of the parameters on the appearance of a 
As to 


be expected, this phenomenon is favored by dimini- 


stable critical point and a three-phase triangle. 
shing stability of the b.c.c. Cr phase and by more 
adverse interactions between Cr and Cu and between 
Ni and Cu. 
Ni-Cr interaction plays an even more important part 
It should be pointed out that 


One sees, however, that the exothermic 


than the other two. 
varying «, y, and @ singly (instead of coupled, cf. 
Table 1) results in changes of the binary solubilities of 


Cr in nickel, copper, or both respectively. The values 


* The method of locating it on a spinodal curve is described 
in Section 12 of ref. 20. 
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0.2 
y 
0.15 
0.7 
0.45 | 0.55 
(9) 


MEIJERING: CALCULATION OF 1} u PHASE DIAGRAM 


TABLE 2. Influence of variations in the reduced interaction As (the difference in G/RT for b.« 
parameters « a/RT(Ni-Cr), b/RT(Ni-Cu), and ‘ 
y c/RT(Cu—Cr) and of g Georb.c. Gerf.c.c.) RT on the chromium) Is now 1.55 instead ol 


Cr atomic fraction (y) of the point nearest to a 0.5327, meter v must become 4.15 instead of 4.0 
y 0.1626, where solvus and spinodal curves touch each 
other when « 2,p=0,y = 4,9 1.688 to keep the solubility of Cr in Cu at 0.34 at 


Consequently, the spinodal curve in Fig. 7 is displaced 
Solvus curve Spinodal curve Difference away from the solvus curve, wh nh is seen 


affected by our improved approximation concerning 


dyldx 0.037 0.018 0.055 the b.c.c. phase 

dy/dp 0.013 0.028 0.041 The solvus curve (2,y) together with the compositions 
dy dy 0.021 0.052 0.0381 
dy dq 0.082 0 0.082 
Tdy/dT 0.149 0.244 0.095 equations: 


of the co-existing b.c.c. phase t) are defined by the 


of Tdy/dT (at 1200° abs.) in Table 2 were calculated 


by taking m, «, y (and /) inversely proportional to 7’. 
This means that the entropy difference between b.c.c. 
and f.c.c. chromium is assumed to be zero, and the 
entropies of mixing to be Gibbsian, so that the solutions 6.65xy 
are really regular (compare Section 2, small print). 
The sign of the difference in T'dy/dT in Table 2 is in 


accordance with the experimental result™ that the , 
expressing the equality of wy, and ue, respective 


three-phase triangle is broadening with decreasing or - 
the co-eXIsting phases.’ Che wo tie-lines dy iwh 
temperature. 


Fig. 8 were calculated by starting with 2 0.2 
7. CALCULATION OF A COMPLETE 0.3 respectively. Estimated values of y and wu 
ISOTHERMAL PHASE DIAGRAM 
As the calculation of the complete phase diagram 
at 1200° abs. demands much more work than merely 
finding out whether it will be of type Fig. 1 or type 
Fig. 2, this was carried out only for the most probable 
combination of parameters: / = 0.5, « 2.0, ete. 
At the same time, however, the rough approximation 
used in last section—namely that the b.c.c. phase is 
pure Cr—was abandoned. While still neglecting the 
(unknown, but presumably small) solubility of Cu in 
Cr, we now introduce the solubility of Ni in Cr at 
1200° abs., 10 at. °,, Ni.“ Grube and Flad’s measure- 


ments‘ indicate that the Ni—Cr interaction parameter 
My ¢¢, 8 negative, but the solutions are too diluted to 
permit an evaluation. As, inversely, its influence on 
the calculated phase equilibria is small, we chose ~, 

simply equal to a,., 2. Combined with the 
mutual solubilities of Ni and Cr, this leads to the 


equation for the b.c.e. phase 
u) u In u 


(1 uw) In (1 u) 4.65u 1.55 LO) 


where u stands for the atomic fraction of Ni in the * With 
b.c.c. phase. The variables x, y, and z l—xz2—y) 1200 abs 
question 


are kept for the f.c.c. phase, with of Section 6) t 


obtained by 


2xry 4.15yz by 2/1200. 


f.c.t about 20 
mation the 


ylny ~ \ curves have 
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improved in the usual way by successive approxi- 


mations. Another tie-line, with x 0.5, proved to be 
not stable; the solvus x,y point and the slope dy/dx 
are indicated in Vig. 7 


The 


IS 


binodal curve enclosing the f.c.c. miscibility 


defined by three equations with the four 
variables x, Y, Xe; and Yo (cf. equations (38), (39), (40) 
of ref. 20), 


and x,y for the Cu-rich phase. 


where 2x5, ¥, stands for the Ni-rich phase 
One of these three 


equations, expressing the equality of s¢,,, is 


In (1 


Yo) + 0.5(x? — 2?) 


6.65(xry YoYo) Yo") (14) 

The other two can be obtained by substracting 12) 
and (13) from the respective equivalent equations 
where x and y are substituted by a, and yo. 

No arbitrary tie-lines in the f.c.e. miscibility gap 
were calculated, but the binodal curve was prelimi- 
narily drawn by using the co-ordinates of the critical 
point and the two binary end-points at x 0, with 
directions and ‘“‘tie-line 
and 11 of ref. The 


intersection points of this curve with the solvus curve 


their derivatives (curve 


rotations : see Section 8 20). 
vielded the provisional values of the co-ordinates of 
and uw. These 


13). the two 


the three-phase triangle: x, y, Xp, Yo. 


five unknowns obey five equations: (12), 


equivalent equations with x and y substituted by x, 
2s and (14 


co-ordinates in the subscript to Fig Ss, 


and y Successive approximations vielded 
the triangle 
accurate to 0.00] Using these co-ordinates. the slope 
of the binodal curve in the triangle-base corners Was 
calculated, so that the stable part of the miscibility 
Yap The 


curvature of the short Ni-rich part of the solvus curve 


could be drawn with sufficient accuracy. 


drawn in Fig S is based on the slopes calculated at 


both ends. It should be pointed out that the tie-lines 
from it run to the small piece of the Cr—Ni side between 


10.1 at Ni. 


9.05 and 


ALLURGICA, 


VOL. 6, 


8. DISCUSSION 

In view of the crudeness of the regular approxi- 
mation (1), it is not surprising that quantitative 
agreement between the calculated diagram Fig. 8 and 
the experimental Fig. 1 is poor. However, the type of 
diagram is the same, whilst direct graphical inter- 
polation between the binary solubilities automatically 


yields type Fig. An intermediate thermodynamic 


step, however crude, has its advantages, therefore. 
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SELF-DIFFUSION IN INDIUM ANTIMONIDE AND GALLIUM ANTIMONIDE 


FRED H. EISENti and C. ERNEST BIRCHENALL 


Self-diffusion measurements have been made in the semi-conducting intermetallic compounds InSb and 
GaSb. The material was single crystal or slightly polycrystallin: \ tracer technique was used, in icl 
layers were removed from the crystal progressively and the residual activity in th al was counted 
after each section was taken. A hold-up on the surface of most of the radioactive tracer and the small 
magnitude of the diffusion coefficients limits the precision of the measurements and the temperature range 
over which they can be made with reasonable annealing times (a range of 40°C was used for both con 
pounds). The data yield different diffusion coefficients for the group LII atoms and the group V ato: 


both compounds. The following values of D, and Q are obtained: 


InSb 
In 
Sb 
Gadb 
Ga 
Sb LO? 


f 


The results allow the elimination of the following as possible mechanisms of self-diffusion in InSb ; 


GaSb: (a) direct interchange with nearest neighbors, (b) a ring mechanism with equal numbers of 


III and group V atoms in the ring, (c) a vacancy mechanism with movements to vac: 
neighbor positions only, (d) interstitial diffusion in which the diffusing atoms always re1 
positions or displace other atoms into an interstitial position if they re-enter the lattic \ reasonable 
mechanism for self-diffusion which accounts for the data in a consistent manner is vat diffusion in 
each of the face-centered cubic sublattices formed by the two constituents of InSt 

product of grain-boundary width and grain-boundary diffusion coefficient in InSb 
3.8 10-16 em? see at 502°C. Diffusion of antimony in isolated dislo in GaSb has bes 
at temperatures near 700°C, with a product of diffusion coefficient and square of the dislocation radiu 


between 10-7! and 10-2? cm#/sec. 


SUR L°AUTO-DIFFUSION DANS LES ANTIMONURES D'INDII 


Des mesures d’auto-diffusion ont été effectuées sur les con SE nter? 
InSb et GaSb sous forme d’échantillons monocristallins ou 
ont utilisé une technique par traceurs ot l’activité résiduel 
de couches superficielles successives. La concentration ¢ 
radioactifs et les faibles valeurs des coefficients de diffusio 
de temperature ou elles peuve nt etre taites apres des 
40°C a été choisi pour les deux composés Pour k 
] 


des coefficients de diffusion différents pour les a 


sulvantes pour D, et Q. 


Ces résultats permettent ne plus considers 


| 
d’auto-diffusion suivants 
l’échange direct entre plus proches voisin 
le mécanisme d'un anneau contenant en 
le mécanisme des lacunes avec déplacet 
seulement 
la diffusion interstitielle oti les ator 


rentrent dans le réseau par déplacement 
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Un mécanisme d’auto-diffusion qui tient raisonnablement compte des résultats consisterait en une 
diffusion des lacunes dans chaque sous-réseau cubique & faces centrées formé par les deux constituants 
de InSb et GaSb. Le produit de la largeur du joint de grain par le coefficient de diffusion au joint a 
été trouvé, pour InSb valoir 3,8 10-16 em3/see a 502°C. La diffusion de l’antimoine vers des dis- 
locations isolées dans GaSb a été observée a des températures proches de 700°C et l'on a trouvé que le 
produit du coefficient de diffusion par le carré du rayon de la dislocation était de 10-7! a 10~** em4/sec. 


SELBSTDIFFUSION IN INDIUMANTIMONID UND GALLIUMANTIMONID 


Die Selbstdiffusion in den intermetallischen Halbleiterverbindungen InSb und GaSb wurde gemessen. 
Die Proben waren einkristallin oder schwach polykristallin. Bei der benutzten Isotopenmethode wurde 
eine Schicht nach der anderen vom Kristall abpoliert und die verbliebene Radioaktivitat des Kristalls 
gemessen. Die Genauigkeit der Messungen und der Temperaturbereich, in dem mit verniinftigen 
Diffusionszeiten gearbeitet werden kann (40°C bei beiden Substanzen), werden begrenzt durch eine 
Stauung der radioaktiven Atome an der Probenoberflache sowie durch die kleinen Werte der Diffu- 
sionskonstanten iiberhaupt. Es ergaben sich fiir die Atome der Gruppen III und V in beiden Substanzen 
verschiedene Diffusionskonstanten, die in der obenstehenden Tabelle durch D, und Q dargestellt sind. 


D 


(cm?/sec) (kcal/mole) 


41,8 
44.6 


Die Ergebnisse erlauben es, folgende mégliche Mechanismen der Selbstdiffusion in InSb und GaSb 


auszuschliessen: 
(a) den direkten Austausch nachster Nachbaratome, 
b) einen Ringmechanismus, bei dem gleiche Anzahlen der beiden Atomsorten beteiligt sind, 

c) einen Mechanismus, bei dem ein Atom mit einer Leerstelle auf einem nachsten Nachbarplatz 
tauscht, 

1) eine Diffusion, die vollstandig auf Zwischengitterplatzen verlauft, und bei der die Riickkehr eines 


diffundierenden Atoms in das Gitter ein anderes Atom auf einen Zwischengitterplatz bringt. 


Ein plausibler Mechanismus der Selbstdiffusion, der die Ergebnisse widerspruchsfrei zu erklaren gestattet, 
ist die separate Diffusion iiber Leerstellen in jedem der beiden kubisch flachenzentrierten Teilgitter, 
die von den Atomsorten des InSb und GaSb gebildet werden. Das Produkt aus Korngrenzendicke und 
Korngrenzen-Diffusionskonstante in InSb ergab sich zu 3,8. 107! em*/sec bei 502°C. Die Diffusion 
von Sb entlang von Einzelversetzungen in GaSb wurde bei Temperaturen nahe 700°C beobachtet, mit 
einem Produkt von Diffusionskonstante und Quadrat des Versetzungsradius zwischen 10-2! und 


10-22 em4/sec. 


INTRODUCTION possible to reach some conclusions about the mecha- 
Very little work has been done on self-diffusion nism of self-diffusion in InSb and GaSb. 

in intermediate metallic phases and intermetallic 
compounds. Smoluchowski and Burgess have meas- EXPERIMENTAL METHODS 
ured diffusion of Co® in the 6 phase of NiAl.” Some of the InSb used in the diffusion measure- 
3erkowitz, Jaumot, and Nix have made measure- ments was made by melting together stoichiometric 
ments in Ni-Al? and Co—Al®. Work has been done amounts of indium and antimony and zone-refining 
on beta-brass by Inman," Resnick and Baluffi,®’ the compound. Slices were cut from the zone-refined 


Landergren, Birchenall, and Mehl,°* and by Kuper bars and etched in Vilella’s reagent or dilute aqua 


unpublished). In the present work self-diffusion regia. Several of the slices were found to contain 


coefficients were measured in InSb and GaSb. These no grain’ boundaries. Others showed twins or 
are semiconducting compounds which crystallize consisted of two or three grains. Single-crystal 
in the zine-blende structure. They and the other InSb was obtained also from the RCA Laboratories 
compounds in the series of intermetallic compounds Division in Princeton and from the Bell Telephone 
of indium, gallium, and aluminum with arsenic, Laboratories. The GaSb was obtained from the 
antimony, and phosphorus have been intensively Bell Telephone Laboratories. Electrical measure- 
studied, mainly with regard to their electrical pro- ments made on these materials indicate they were 
perties, in the past several years.‘°-*) The diffusion all p-type with an excess p-type carrier concen- 
coefficients in these phases are so small that the tration of about 10!" per c.c. 

measurements are of limited precision, but it is Solutions containing In™4 and Sb!” from the 
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InSb 
In 0,05 
Sb 0.05 
GaSb 
Ga 3,4 108 72,6 
Sb 3,4 104 79,4 
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Oak 
from gallium 


Ridge National Laboratory and Ga” prepared 
the National 


Laboratory were the tracer sources. The tracer was 


metal at Brookhaven 
deposited by electrolysis or vacuum evaporation on 
specimen surfaces prepared by the same grinding 
procedure that was used in sectioning after diffusion 


114 


(see below). Electrodeposition was used for In 


in several InSb runs. Before the other runs, indium 
and antimony metals were extracted from their 
The 


from 


active solutions by electrodeposition. tracers 


in metallic form were evaporated alumina 
baskets supported on the wolfram heater wires.‘® 
The average thickness of the deposit was always less 
than 0.02 microns. 

The diffusion specimens were tied in pairs with 
the active faces together and sealed in Pyrex or 
Vycor protection tubes under about 20-cm hydrogen 
pressure for annealing. The protection tubes were 
placed in holes in stainless-steel blocks contained in 
the annealing furnaces. The temperature distribution 
was uniform witnin +1°C for at 


in these holes 


least 2 in. The sample temperature was determined 


The 
within 


by means of chromel-alumel thermocouples. 


temperatures were controlled to 
The range of annealing temperatures was 478 to 
520° C for InSb and 658 to 700°C for GaSb. An- 
nealing times were sufficiently long (two weeks to 
several months, except for the gallium diffusion runs) 
that no correction for heating or cooling time was 
necessary. 

The penetration curves were determined by grinding 
layers from the specimens and counting the residual 
Differential 


derived from these integral data, for use in calcu- 


activity in the specimen. curves were 
lating the diffusion coefficients. 

Beta-counter end-window Geiger tubes were used 
for the counting. The sides of the specimens were 
ground to remove the activity which had deposited 
Since it difficult to 


all of this activity, thin lead absorbers were used 


there. was sometimes remove 


to shield out the radiation from any tracer remaining 
on the sides. Because of the small magnitude of the 


coefficients, it was necessary to remove 
This 
using the ring and piston arrangement shown in 
Fig. 1. 


with phenyl salicylate."” The fit between piston 


diffusion 
lavers of about 1l-micron thickness. was done 


The specimen was cemented to the piston 


and ring was very tight, so that the specimen was 
held in a fixed position relative to the 4/0 emery 
paper used in the grinding. The grinding was carried 
out by pushing the ring and piston assembly across 


the emery paper in a straight line. A description of 


the procedure for alignment of the specimen and an 


SELF-DIFFUSION IN 


AND 


InSb 


Piston— 


— Emery 
paper 


Cutaway view and section of ring and piston used in 


Fic. 


sectioning the InSb and GaSb specimens 


estimate of the errors due to this sectioning method 
is contained in the appendix The thickness of each 
section was determined from the difference in weight 
of the piston and specimen combination before and 


after removing each layer, as determined by a semi- 


micro balance. The average weight loss ot the piston 


after pushing it in and out of the ring ten times was 


less than the balance sensitivity Measurement of 


absorption coefficients for the radiations of the 


different 


correction was necessary tor absorption in the speci- 


isotopes in aluminum indicated that no 


men. 
EXPERIMENTAL RESULTS 
The results of one run with indium in InSb differed 
A plot ot log ve. 2 


for this run is shown in Fig. 2 (C is the concentration 


from those for all other runs 


of the diffusing substance in arbitrary units at 2, 


the midpoint of the section). This is linear, which is 


the result expected for grain-boundary diffusion 


The product of grain-boundary width and _ grain- 


boundary diffusion coefficient calculated from Fisher’s 
502° C 


theory“ is 3. 10-16 em3/see at Simuat 


results were obtained by Letaw, Slifkin, and Portnoy 
in the measurement of self-diffusion in germanium 
They the 


zation of distorted 


result recrystalli 


suggest 


the 


may be due to 
surtace produced 
polishing followed by grain growth 

Fig. 2 also shows two penetration curves 
log ¢ plotted vs 
of the data. The high 


to activity 


which are typical of the rema 
points are interpreted 
which remained on 
specimen The points beyond the 
were found to fit the solution of the diffusion 
concentration 


r/2| Dt D is the 


surtace 


( of rye 


for constant 
diffusion 


substance, C(x) 


num vel! 


coefficient and ¢ the time of diffusion. Th 


of high points varied from one to three, being one in 
The data tol 


was high can be 


more than half the which 


first 


Cases 


more 


than the point ‘xplained by 


considering the effect of a misalignment of 


the specimen, or rounding of the specimen in section- 
ing, on the measured distribution of the activity in 
a surface layer. 

were calculated from the 


Diffusion coefticients 


Ring 

Sample VES 


ACTA 


Penetration depth (microns) 
20 40 50 60 70 


+ 


S 


Specific activity (arbitrary units) 


% 70 6) 70 


(Penetration depth)” (microns*) 


Fic. 2. The straight line (curve 1) shows log C vs. x for the 
grain-boundary diffusion result. Curves 2 and 3 are typical of 


the remainder of the diffusion data with log C plotted vs. 2. 


data 
y erfc(C/C,.) bx. OC 


Q/ 0 


described later and then varied to make the line 


by making a least-squares fit to the equation 
was estimated by a method 
pass through the point x 0, y l. Fig. 3 shows 
the experimental points and the calculated lines on 
and dD, 


values were calculated from the results of a weighted 


probability paper. Activation energies 
east-squares fit of a straight line to log D vs. 1/T. 
The weight of the individual values of D was deter- 
mined 
5 in the least-squares fits to the penetration data. 


‘igs. 4 


and 5 show the results of this procedure. 

values of D, and Q are summarized in the table 
below. The limits placed on the values of D, are 
those imposed by a variation of one standard deviation 
the 


28) 


in the constants of least-squares fitted line. 


calculated in order 


InSb the 


15°. eontidence were 


to test the hypothesis that in diffusion 
coefficient for indium is less than that for antimony. 
These are shown as dotted lines in Fig. 4. It is seen 
that there is a range of values of 1/7’ over which these 
limits do not overlap. In this range the probability 


that the above hypothesis is true is less than 0.0225. 


METALLURGICA, 


from the standard deviation of the value of 


VOL. 


Lower limit 
on D, 


D, Upper limit 


(keal/mole) (em2?, on Dy, 


0.0004 
0.00034 


10° 39 
Sb 9, 2.6 3. od 10° 8.5 


* The limit on Q is a statistical one and should probably be 
increased for antimony in GaSb due to the method of treating 
the data discussed in text. 


A similar result is obtained if a higher confidence 


diffusion coefficient and a 
Thus it 


that 


limit is chosen for one 
can be concluded 


the 


lower one for the other. 


with reasonable confidence diffusion co- 
efficient for indium is not less than or equal to that 
for antimony. 

The existence of the high activity on the surface 
after annealing (the counting rate per unit thickness 
of the surface layer was about 10° times that extra- 
polated from points deeper in the crystal) affects 
the the 


equation must be 


boundary condition for which diffusion 


solved. There are three factors 


which may determine the amount of activity from 


Penetration depth (I division =| micron) 

Fic. 3. Penetration curves on probability paper. The 
straight line is the result of the least-squares fit. The origin for 
the penetration depth co-ordinate for each curve is located at 


the intersection of that curve with the line C/2C, 50. 


| InSb: 
| ] In $1.8 5.9 0.05 0.55 
| | | | i | Sb 44.6 7.8 0.05 0.83 || 
GaSb: 
\ | | | | | 
| ! ! ! ! 
/ 
oO 
3 
GaSb 
+ + + + 
if 
O e 
20 — A FRI + + + + 4 
50 
Penetration depth (I division=! micron) 
InSb 
005 + + + + + + + + + + + + + + + + . + + 4 
I, 
+ + + + 4 
= 4 4 =. 4 TR 4 A 
| 
50 
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the surface entering into diffusion in the bulk of the 10%, 
crystal. (1) The concentration of plated material 
in the substrate crystal may be limited by the solu- 
bility of the pure plated component in the inter- 
mediate phase. In diffusion studies in metallic 
systems the composition range has usually been so 
great that the whole plated layer dissolves quickly 
in the substrate. In the phases investigated here 
the solubilities are so low that very little activity 
would enter the crystal in this way. (2) In the absence 


of an appreciable solubility some atoms from the 


Diffusion coefficient (cmsec.) 


plated layer may be able to add onto the crystal 
only at a limited number of surface sites where the 
atoms fit naturally into the structure. Either (1) 
or (2) would lead to a nearly constant-surface con- 


> 


centration of radioactive atoms. (3) In addition to 


+ 


the previous mechanisms, radioactive atoms in the 
plated layer may exchange positions with nonradio- 
active atoms of the same kind which already occupy 
lattice sites in the substrate. This would result in a 
linear increase in volume concentration of radioactive 


atoms with time. 


1907/3 


LOS 106 
1000 /T (°k) 


the prope rtionalit 
linear increase, then 
equation for a surface 
oO! » above und 


from (3), obtained by 


forms, may be written 


whe 


Diffusion coefficient (cm®sec.) 


It Is possible to plac 


by considering the fit of 


the above solution. If log « 


points between l and u* 


to a straight line. which intersects the 


(0125. le? 139 «axis at 


1000 /T (°K) range of 2" over which log ¢ r- 1s a straight 


0.53. This range of w= corresponds té 


Fic. 4. Log D vs. 1/7 for InSb. The flags about the points Therefore. if experimental data fits the solution 
show the limits placed on D by a variation in the slope of the : , 

least squares fit on probability paper by one standard devia 
tion. The lines a and b are the 15% confidence limits described on the log C vs. 22 plot should be at 0.53C;, 
in the text; a is the limit for the antimony diffusion coefficient 
and 6 is the limit for the indium diffusion coefficient 


( O.,erfcx/2(Dt)? the intercept of the straight line 


the way in which (Cy) was estim 
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fits to the data. The 
possibility that the data fits a solution with a value 
of b/C,, greater than zero can be checked as follows. 
Plot that find the 


intercept g of the straight-line portion with the log 


least-squares penetration 


log C(a) vs. 2? for solution to 


C(x) axis. Plot 2(q 0.53) C(x) 3.59 vs. ZX on 


probability paper. This corresponds to the manner 
in which the experimental data are plotted on pro- 
bability paper, so if the data fit this solution, the 


result of this procedure must be a straight line 


passing through the point x 0, C(x)/3.8q 50. 


For small values of b/C, the line will almost satisfy 


these requirements, so that the uncertainty in the 


value of C, used in the least-squares procedure 


means it is possible for the data to fit a solution 


with 6/C, greater than zero. The upper limit on this 


ratio, determined by considering the accuracy with 


which Cy, can be estimated, is about 1.5, so that the 


surface concentration due to the second term in the 
is less than 0.85 C 


0° 


The possible error in 
I 
10°, 


solution 


D due to this unce rtainty in b/C. is about 


Since more than one-half the contribution to the 


concentration, C,, is from a constant 


surface 


the 


total 


term, value of Cy might be expected to yield 


information about the mechanism limiting the surface 
concentration. Some were observed in which 


Cases 


it was thought that the value of C, was abnormally 
low due to incomplete coverage of the surface with 
Excluding these cases, 


the tracer during annealing. 


the values of Cy in ¢.p.m. per micron per cm* per unit 


specific activity of the diffusing isotope extended 
over the ranges: 
InSb: 
In SS to 112 


Sb 14 to 55 


17 to 220 


2.4 to 8.5 


For 


ctivity of the 


the counting geometry employed, the specific 


tracers was measured by counting 


specimens for which the amount of material could 


chemical analysis. Using these 
that C 100 in the 
above corresponds to a surface concentration of the 
diffusing of 2 at. Electrical 
data for InSb indicates the solubility of In or Sb 
than at. 


The corresponding figure for GaSb would be about 


be determined by 


data, it is found . units used 


element 


less 7) 


would be expected to be 


6 x 10-4 at. %.°% Therefore, the values of C, 


the 


) seem 


to be too large to be solubilities, and second 


mechanism for surface atoms to enter the crystal 


must be considered. About 1.8 10" sites per cm? 
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where the diffusing substance can become part of the 
crystal lattice are needed to account for the value of 
Cy. It is not possible to eliminate a dirty or oxidized 
surface or incomplete coverage as the explanation for 
this small number of sites. The number seems to be 
too high to be accounted for by dislocations. There 
is, however, another possible explanation. Using 
indium in InSb as an example, suppose the indium 
can only attach itself to the lattice at a point where 
it can bond to three antimony atoms. InSb cleaves 
on (110) planes,@ germanium and _ silicon cleave 
on (111) planes. The surface of the InSb prepared 
for deposition of the tracer by grinding would be 
expected to consist mostly of small (110) cleavages, 
but an occasional cleavage on a (111) plane does not 
seem unreasonable. Roughly, half of these would be 


sites where an indium atom could bond to three 


antimony atoms. It is conceivable that the number 
of sites formed in this way would be small enough 
to account for the observed values of C5. 

Two out of six of the indium diffusion runs and 
five out of six of the antimony runs were in poly- 
crystalline material consisting of 2 or 3. grains. 
There are several reasons to believe the results were 
not affected by grain-boundary diffusion. There is 
no evidence of such an effect in the penetration curves. 
Autoradiographs taken after the diffusion anneals 
and in some cases during or after sectioning show 
no concentration of activity at the grain boundaries. 
The log D vs. 1/T curves show no regular differences 
when comparisons are made between polycrystalline 
effect of 


would not change the conclusion that indium diffuses 


and single-crystal material. An this kind 
faster than antimony, since it would raise the diffusion 
coefficient of antimony relative to that for indium 
due to the greater number of polycrystalline speci- 
mens in the antimony runs. Calculations based on 
Fisher's theory indicate the effect should be negli- 
gible because of the small grain-boundary volume. 

In the diffusion of antimony in GaSb the points 
on the penetration curves at distances greater than 
6 to 7 microns were higher than would be expected. 
after 


about five or six spots of high activity in the same 


Autoradiographs taken annealing revealed 


place on each autoradiograph of successive sections 
for a given specimen, as well as activity in the volume 
of the specimen. Microscopic examination of the 
surface revealed a small structure projecting above 
the surface at the location of each of these spots, 
that was not present before annealing. Two slices 
were annealed twice, and the spots appeared in 


different locations in the different runs. Autoradio- 


graphs of the backs of the specimens showed spots 


GaSb: 
Ga 
Sb 


EISEN anp 
which did not correspond to the location of those on 
the front. The amount of deviation of the high points 
from the expected curve was smaller when a lower 
number of these spots was exposed to the Geiger 
the 


This evidence indicates that the high points of the 


counter by absorbers mentioned previously. 
penetration curve are associated with the activity 
in these spots and that they may be dislocations that 
were induced in the surface preparation of the speci- 
mens which acted as diffusion pipes and sites for 
crystal growth. 

It is possible to separate the activity in the dis- 
locations from that in the volume of the crystal by 
extrapolating the first points of the penetration curve, 
which were little affected by the activity in the 
dislocations, and subtracting the extrapolated curve 
from the measured curve. This shows a peak in the 
Only 


the data for which the dislocation activity was low 


dislocation curve at about 6 to 7 microns. 
relative to the volume activity were used in calcu- 


lating diffusion coefficients. A small correction was 
applied to the volume curve by extrapolating the 
dislocation curve back to the origin and subtracting 
The effect of this 


on the diffusion coefficients was smaller than their 


this from the volume activity. 


standard deviation. Fisher's approach to grain- 


boundary diffusion has been used to calculate the 
The 
solution to the diffusion equation was adapted from 
(31) 


distribution of activity due to dislocations. 


Carslaw and Jaeger, and is as follows: 


exp (—U*?D,t/r,?) 


Cp exp | (4 In{ Dt D, D,) 


where 7, is the dislocation radius, J are zero- 


and 


and second 


0 
kind 
the 


order Bessel functions of the first 
D, the 


and y is 


respectively, diffusion coefficient in 


dislocation, Euler’s constant 0.577 


Beyond the range of volume diffusion, C will vary 
is found to be 10-2! to 10-7? em*/see 
the 


The approximation is made that the above 


as m and 


from estimating constant of the exponential 
decay. 
distribution for C holds in the range of volume diffusion 
volume diffusion 
Then, a 


maximum is to be expected in the dislocation pene- 


until it reaches the value due to 


at a given depth, after which it is zero. 


tration curve at about the observed depth, for 7, 
This gives D, less than 


approximately 10 7 em. 
10-7 to 10-8 em?/sec. 
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DIFFUSION IN In-Sb AND Ga-Sb 


DISCUSSION 


each of 


the 


Since in the compounds the diffusion 


coefficients of two constituents are unequal 


direct interchange of nearest neighbors and a rin 


mechanism with equal numbers of the two constitu 
the 
self-diffusion. 
that 


ents in ring are not possible mechanisms for 


Slifkin and Tomizuka have suggested 
InSb or GaSb the 


in a structure such as where 


nearest neighbors of a given type of atom are those 
of the other type, that the diffusion coefficients for 
both constituents should be equal if the mechanism 
isa jump to vacancies in nearest-neighbor positions a 
The inequality of the diffusion coefficients of the 
two constituents in both compounds, then, rules out 
mechanism of 


This 


would seem rather unlikely in view of the evidence 


sole 


this type of mechanism as the 
self-diffusion in these compounds mechanisn 
which exists for good order in the positions of thi 
The tact that the 


the 


two types of atoms value 


C., are too high to 


0 


diffusing 


solubility of 


the 


represent 


element indicates that 


sented by Cy, cannot be in interstitial 


0 positions 


This rules out the possibility of an interstitial mecha 


ism for diffusion in which the diffusing atoms sta 


in interstitial positions or enter the lattice b 


placing other atoms into interstitial pe 

If the 
structure were the 
that of germanium o1 


the data 


S1ITION 


two types of atoms in the zine 


structure would 


14,21) Bor thi 


same, the 
on 
und 


on diffusion in germanium 


of interest here These data can be 
One 


1Q-? 


CONSISTS 


groups 


D about 


group 
em/see the me 


The high dif coethiciel 


germanium 


electrical properties ot some diftu 


indicate that diffusion may 


mechanism. The second 
elements and_ s¢ 
Here the values of D li 
and 2 


Diffusion for the 


tional 


substitutiol 
be xpected to proceed by Vacal 
The 


ot the ordet ol 


coetiicients in InSb and 


diffusion 


those for the substitutiona 


in germanium, which tends to support 


mechanism in these compounds. fh 


exclusions made above, the most 


bility seems to be diffusion of eacl 


by a vacancy mechanism in its fac 


sublattice. Such a mechanism would be 


with the previously mentioned good 


positions ot the two types ot atoms 


lattice. 
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If diffusion is by a sublattice vacancy mechanism, 
then the diffusing atom must push through three 
atoms of the opposite type lying at the corners of an 
equilateral triangle. The interstitial position that 
the diffusing atom moves into before occupying the 
°,, larger in radius than either 
The the 


through 


vacaney is about 25 


of the distortion of lattice 


the 


constituents. 


necessary to push above-mentioned 


triangle of atoms is about the same whether the 


diffusing atom is a group III atom or a group V 


atom. This can be seen from the fact that the atoms 


on the triangle must be pushed aside a distance 


equal to the overlap of the circles formed by the atoms 
when looking in the (111) direction, and this will 
be the whether 
III or group V. 


the energy necessary to distort the lattice is the same 
that there 


same the diffusing atom is group 


This does not necessarily mean that 
in either case. However, it does indicate 
isnoa priort reason to expect the smaller constituent 
to have the higher diffusion coefficient. 
importance, because Pauling’s covalent radii'?* 
indicate that the antimony is smaller than indium in 
InSb and it also has the smaller diffusion coefficient. 
Goodman) has pointed out that bond strength in 


diamond-type semiconductors would be expected 


to be related gap because bond strength 
The 
energy gap is the difference between energies of the 
band if the 
of the 


materials, Goodman's relationship should hold. 


to energy 


determines the energy of the valence band. 


valence and the conduction band, and 


energy conduction band is about the same in 


thes 
Seraphin’s work on a simple model of the diamond 
lattice suggests that this approximation is a valid 
one.) Making use of this and Pauling’s suggestion 


bond strength is inversely proportional to 


hond Goodman finds an indication of an 
ippreciable ionic contribution to the bonding in the 
group III-group V This indicates that 


the group V 


leneth, 25 


compounds. 
itom would have a small excess positive 


less than that for purely covalent bonding) 


charge 


ind the atom would have a small excess 


group II] 


negative charge Slater and Koster state that it is 


that both are neutral.'*® 


LIKELY 


In view of these results, it seems reasonable to 


assume that the diffusing entities in InSb and GaSb 
are neutral atoms. Using this assumption and the 
correlation between energy gap and bond strength, 
it is possible to account for the experimental data 
on the basis of the mechanism proposed above. 
The bonds around each atom contain eight electrons. 
It is necessary to remove five electrons in forming 
an antimony vacancy and three electrons in forming 
Thus, it would require more 


an indium vacancy. 


This is of 
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energy to form an antimony vacancy than to form 
an indium or gallium vacancy. This would explain 
the observation that the activation energy for diffusion 
of antimony is greater than that for indium or gallium 
in their respective compounds, and that indium 
and gallium have higher diffusion coefficients than 
antimony. InSb has an energy gap of 0.18 eV and 
GaSb a gap of 0.70 eV. This indicates a greater bond 
strength in GaSb and would explain the considerably 
energies in GaSb. GaSb and 
the 


therefore, 


higher activation 


germanium have almost same 


the 
energies might be expected to be equal if the mecha- 


energy 


the 


gap, so 


bond strength and, activation 


nism for diffusion were the same. The mechanism 
proposed for InSb and GaSb involves a distortion 
of the lattice, whereas in germanium the atom jumps 
should be to nearest-neighbor positions and there 
would be relatively little distortion. The distortion 
in GaSb would then explain the greater activation 
in GaSb than that for self- 


energy for self-diffusion 


diffusion in germanium (68.5 keal/mole).'® 
Zener has developed a theory to determine if the 


Some of 


experimental value of D, is too low.* 


the required constants are not known for InSb and 
GaSb, but the data can be checked roughly to see 
if it agrees with this theory. The data are consistent 
with a positive experimental value of the sum of the 
entropy of formation of a vacancy and the entropy 
of activation for the jumping of an adjacent atom 


into the vacancy. 
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Appendix 

A CONSIDERATION OF ERRORS DUE 
IRREGULARITIES IN SECTIONING 

Shirn, Wajda, and 
an expression which gives the effect of misalignment 
the 


TO 


Huntington?) have derived 


and finite thickness of section on measured 


diffusion coefficient. If C(x) is the average value of 
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is given by 


where q; vr) dx the 


we expand Cla) 3 , the terms in ¢ 


dt x) 


cancel ye ¢ the co-ordinate 


| centroid of the ith section, and represent yO Y 


b, a a v, h Then it is found that several othe 
| foll 

Fic. 6. Side view of specimen showing the effective — PI : 


boundaries of a section (planes a, and a,) and the actual expression for C 
boundaries (planes 6, and 6,). 


C(x) in a section with midpoint 2x,, their results show 
: d?C (x) 
that if C(x) = +k , then for the 
solution of the diffusion equation used here, 


This expression includes the effect ol 


D 


= ties, since the effect of finite section width 
4k/7* 


been computed. It applies only when 

where k (d? S?) 24 gives the effect of mis- surtace 1s repeated in each section 

alignment and finite thickness of section. D, i , The value of & for misalignment computed 

measured value of D, d the section width, 2 = : , this equation agrees with the value from the work of 

and s is the misalignment distance 2a,b, in Fig. 6 Shirn, Wajda, and Huntington. The depth of the 
[t is possible to calculate the value of k for other polishing scratches has been measured by an opti: 


irregularities of sectioning. Consider a sectioning method (Assuming a _ reasonabl 
technique in which approximately uniform sections shape of the scratches, k is found to be 

are removed and the thickness of the section is is smaller than the effect of section width 
determined by weight-loss. The effective boundaries early stages of sectioning a misaligned 

of the section in the calculation of the diffusion co rounding of the surface may be produced whicl 
efficient are then planes parallel to the original cause an error in D larger than that due 
surface and separated by the distance required to ment The value of k computed for a mode 
account for the weight lost. The actual surfaces ot worst example ol rounding observed by inte 
the section may not coincide with these planes, as methods was k 0.078d* 

illustrated in Fig. 6 (assuming rectangular cross- After mounting a specimen 

section for the specimen and no variation of any alignment was checked 

irregularity in the direction perpendicular to the piston a very small distance 


+ 


paper). If the irregularities repeat in each section, and seeing 1 the new scratches 


) rt 


then the areas of regions 1, 2, 3, and 4 are equal distributed across su 
The figure shows surfaces b, and b, which would be If not, the specimen was ret 
produced by misalignment, but this statement and until this test was passed 

the following considerations hold for other surfaces unannealed specimen indicates 


as well, subject to the assumptions above. Because distance should then be 

of these assumptions, it is possible to consider only similar to this indicate tha 

two dimensions in deriving the effects of irregularities. in the ring was stable and r 

Let w be the width of the specimen and Q, the total of the piston. The value of 4 was usually 6 micror 
amount of the diffusing element in the ith area or larger, and d was about | micron. ' 

Then the change in C(x) may be calculated. make the measured value of d 1% too 

effect of rounding for the model mentioned above 
(QV, is about twice this. The flatness of the surface wa 


wd checked with an optical flat, and except I 
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rounding very close to the edges it was found to be 


flat within 1 micron. Calculations based on a model 


to account for the roughness observed, indicate that 


the error due to this would be less than 1°. 


Con- 


sidering all these effects together, it seems that in 


most of the runs their combined effect should be less 


than a 5°, increase in D. 
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ON RADIATION-INDUCED IRREVERSIBLE CHANGES IN METALS AND 
ALLOYS AND THE “TEMPERATURE-SPIKE” CONCEPT OF 
RADIATION DAMAGE* 


ROGER CHANG? 


The temperature distribution in the immediate neighborhood of a primary knock 
neutrons and a heavy metal, or the ‘temperature spike,”’ is calculated and correlated with the induced 
irreversible changes in the metal. The experimental observations of Kernohan on radiation-enhanced 


precipitation of Ni-Be compound in a supersaturated solid solution of Be in Ni and of Reynolds on 
radiation instability of austenitic-type 347 stainless steels can both be successfully interpreted this way 


Further studies are in need to consolidate the ‘“‘temperature spike’’ concept of radiation damage. 


SUR LES MODIFICATIONS IRREVERSIBLES INDUITES PAR IRRADIATION DES 
METAUX ET ALLIAGES ET SUR LE CONCEPT DE “TEMPERATURESPIKE 
DANS LES DEGATS RADIATIFS 

La distribution des températures dans le voisinage immédiat d’un premiet 
rapides et un métal lourd, autrement dit ‘“‘temperaturespike,”’ est calculée et comparé¢ 
cations irréversibles induites dans le métal. On peut interpréter de cette maniére les observations 
expérimentales de Kernohan sur le retard & la précipitation di a irradiation d’un composé Ni-Be dans 
une solution solide sursaturée de Be dans le nickel et celle de Reynold sur l’instabilité due aux radiations 
d’aciers inoxydables austénitiques type 347. Des recherches supplémentaires sont nécessaires pour 
établir définitivement le concept de “temperature spike dans les dégats radiatifs 


UBER IRREVERSIBLE VERANDERUNGEN IN METALLEN UND LEGIERUNGEN 
INFOLGE TEILCHENBESTRAHLUNG UND DEN BEGRIFF DER “TEMPERATURE 
SPIKES” BEI DER STRAHLUNGSSCHADIGUNG 


Die Temperaturverteilung in der unmittelbaren Umgebung eines primaren Stoss 
Neutronen und schweren Metallen bzw. der *“Temperature spike wurde berechnet 
tretenden irreversiblen Veranderungen im Metall in Zusamme nhang gebracht Dan 
mentellen Beobachtungen von Kernohan iiber die bei Bestrahlung verstarkte Aus 
mit Be iibersaéttigten Ni-Be-Mischkristall wie auch diejenigen von Reynolds iiber di 
Bestrahlung von austenitischem rostfreiem Stahl Typ 347 lgreich interpret 
Untersuchungen sind notwendig, um die Vorstellung von den 
schadigung weiter zu unterbauen. 


INTRODUCTION the purpose of this paper to describe the correl 


Irreversible changes are changes from a metastable im a semiquantitative way. The 


state to a thermodynamically more stable state irradiation on heavy metals alon 


Typical irreversible changes in metals and alloys are 
precipitation from supersaturated solid solutions, THE KINETICS OF IRREVERSIBLE CHANGES 


METALS AND : OYS 
phase transformation under nonequilibrium  con- 


ditions, recrystallization, etc. Quantitative studies of Many of the irreversible 

the effect of charged particle or neutron irradiation on alloys follow the kinetic laws of 

the irreversible changes in metals and alloys have been Theories of nucleation and growth in 
reported. Satisfactory interpretation of these obser- systems have been first treated by Becker 

vations according to the existing theories of radiation extensively developed by many investig 
damage is still lacking. The author has recently found the recent years.t The temperature-t 


an interesting correlation between the temperature _ teristics of the beginning of phase tra 
history in the immediate neighborhood of a primary condensed systems, for example, fol 
knockon between fast neutrons and heavy metals and (C-shaped curve as shown schemati 


the induced irreversible changes in the material. It is obtained by means of continuous cooling 


= under investigation at various cooling 
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higher-temperature region, where diffusion is rela- 
tively fast, the rate of change is controlled by the free- 
energy difference between the equilibrium state and 
the nonequilibrium state and increases with decreasing 
temperature. In the lower-temperature region, where 
diffusion is slow. the rate of change is controlled by 
decreases with decreasing 


diffusion and 


If the temperature history of the system 


that of 
temperature. 
under study follows a dotted line A, which intersects 
the C-shaped curve, nucleation and growth of new 
phases will take place: if it follows a dotted line B, 
which does not cross the C-shaped curve, no phase 
change will occur. The temperature history of a metal 
or alloy under neutron irradiation is therefore an 
important factor to be considered in determining the 

of irreversible changes taking place in the 


material during irradiation. 


THE “TEMPERATURE-SPIKE” CONCEPT 
The nature of distortions in solids under the bom- 
bardment of charged particles or neutrons has been 
the subject of considerable theoretical study by many 
According to the 


the damage is comprised of two aspects: 


workers accepted 


presently 
picture," 
that due to the formation of interstitials, vacancies, 
ind their aggregates, and that resulting from ‘“‘tem- 
perature spikes.” This paper is concerned only with 
the second aspect of damage produced in metals and 
alloys as a result of primary knockons by fast neut- 
rons 
heat 
knockon between a striking particle and the struck 


The state of local temperature distribution from 
generated in the neighborhood of a primary 
lattice is here called a “‘temperature spike.” It is 


similar to the “displacement spike” discussed by 


Seitz’? and Brinkman™ except that only temperature 


fluctuation is concerned and nothing is assumed of the 


size of melted regions or of the generation of dis- 


locations and other imperfections in these regions. 
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The maximum energy Q,, transferred from a striking 
particle of mass .V, and energy £ to the struck atom 


of mass V7, after an elastic collision is given by: 


Q,, = 4 M,M, E|(M, + (1) 


The average energy Q transmitted to the struck lattice 
after collision between, for example, a fast neutron 
1, H~1 MeV) and nickel (MV, 58.69) is 


approximately half the maximum energy, or: 


0~Q,/2~3 lOteV 


or 1.15 10-1 eal. (2) 


Two cases will be considered, where is initially 
concentrated at a point or along a line of length L 
equal to the range of a 30 kV knockon. At the end of 
time ¢ the temperature rise 7' at a distance r from the 
point or the line is given, respectively, by: 

exp (—r*/4Dt) 
(477 Dt)?/*(ed) 


T(r.t) = (3a) 


(47 Dt) (cd) (L) 


T (r,t) exp (—r*/4Dt) (3b) 
where c is the specific heat, d the density, and D the 
heat diffusivity of the struck material. The equations 
are derived assuming that both ¢ and D are approxi- 
mately constant and independent of temperature. 
For temperature durations of the order of 10~!! to 
10 sec, the heat diffu- 


sivity of a metal is that due to lattice vibrations, and D 


the main contribution to 


is of the order of 0.001 cm?/sec. Further substituting 
Q =~ 1.15 cal, (ed) ~ 0.89 cal/deg/em*, into 
equations (3a) and (3b), one obtains for the tempera- 
ture distribution involved in a primary knockon 
between fast neutrons and a heavy metal such as 
nickel for the spherical case and the cylindrical case, 
respectively, the following: 


2 


T(r.t) ~ 9 3/2 exp r2/0.004f) (4a) 


T (r,t) ~ 1 10-18 ( exp (—r?/0.004f) (4b) 


The 7 ¢ curves at various 7 values for the spherical 
case according to equation (4a) are shown in Fig. 2. 
The curves are sliced horizontally into equal tempera- 
ture intervals of 100 degrees each. The time intervals 
At, corresponding to each temperature interval A7, 
The At 


ture intervals are shown in Fig. 3 for the spherical 


are measured. r curves at various tempera- 


case. The size of a spherical spiked region depends on 


>. 


the temperature according to Fig. 3: it is approxi- 


mately 18 interatomic spacings in radius in the 
temperature interval 950° to 1050° (AT yo99) and 25 


interatomic spacings in radius in the temperature 


\ 
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interval 250° to 350° (AT7'so9). Neglecting the rising temperature ef h that the spike 


one finds that the time be considered 
which cools down uniforml, 


unitorn 


tails of the curves in Fig. 3, 
pulse for a given temperature is almost constant for 
different r values. Although the temperature distri- 


bution in a spiked region is not uniform, the net 


Fig. 3. Similar curves ar¢ 
Case according to ¢ quation 
space, are not prese nted in th 
the two cases shows that 

of L, the volume of a 
approximately equal 

region regardless ol the 
calculations involving the vi 
the spherical case can be used 


generalized to include the cvyli 


introducing any serious erro} 


The following calculation 
trate the significance of a “‘te1 
impact on the occurrence 


metals and alloys. Kernoh 


recently found that neutron irra 


saturated solid solution of Be i 


precipitation when irradiation is taking 


cipitation 


temperature, but enhances pr 


tion is taking place at 573°K Assume 


knockon It) Ni has an average lve 


4lgoo AT900 471000 


is ccording 


average size of a spike 


1A 


4 6 8 W 12 
r, in units of interatomic spac ng given in the previous section, a Cy 
Fic. 3 250 A in height and 25 A in radius 
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ACTA 


diffusing path for the occurrence of precipitation in 


the spiked region, taken as equal to half the radius of 


the region, is approximately 12.5 A. The time required 


IS: 


t(pptn.) ~ (1.25 (5) 


where D’ is the diffusivity. There are in general two 
types of precipitation from supersaturated solid solu- 
the latter 


taking place at a much faster rate than the former by 


tions, homogeneous and heterogeneous, 
means of nucleation and growth along boundaries and 
imperfection sites. According to Turnbull,‘® the rate 
of heterogeneous precipitation, or “‘cellular precipi- 
tation,” will be controlled by cell-boundary diffusion 
when the ratio of boundary diffusivity to lattice 
diffusivity is large compared to the number of jumps 
required in the precipitation process. This condition 
is apparently fulfilled in the precipitation process 
involved in a spiked region, hence D’ in equation (5) 
is more appropriately the boundary diffusity. Quanti- 
tative measurements of the rate of diffusion of Be in 
Ni are not available. The activation energy for the 
lattice diffusion of Cu in Ni, according to literature, 
is about that for the lattice 
diffusion of Be in Cu is about 30,000 cal/mol. The 
activation energy for the lattice diffusion of Be in Ni 
Further, 


iccording to Turnbull,® the activation energy for 


35.000 cal/mol, and 


is probably not far from 35,000 cal/mol. 
boundary diffusion is approximately 0.4 of that for 
lattice diffusion. It is therefore reasonable to assume 
that D’ for the boundary diffusivity of Be in Ni, 


utilizing the Dushman-Langmuir formula, is given by: 
D’ = 0.09 exp (—14,000/R7’,) (6) 


W here ig 


region at time f¢ 


is the effective temperature in the spiked 
Combining equations (5) and (6), one 


ybtains 


t(pptn 10-8 exp (14,000/RT’,) (7) 


The results of calculations for the approximate 
temperature history in a spiked region of Ni, assuming 
that the spike is cylindrical and has an average height 
of 250 A, are 
The time interval At,, at a given temperature 7',, can 


numerically described in Table 1. 


be converted into an equivalent time interval Af, at 


temperature 7’, by means of the following relationship: 


At, At, exp (14,000 RT, 14.000 RT.) (8) 


Knowing the temperature of irradiation, all the time 
intervals shown in Table 1 are converted to equivalent 
time intervals corresponding to a single temperature 
T. The summation of all the converted time intervals, 


t(spike), is the total equivalent time at temperature 7’. 
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TABLE 1. Approximate temperature history within a 
cylindrical spike generated during neutron 
irradiation of Ni 


Time interval 
(10-1! sec) 


Temperature interval 
(degrees, above irradiation temp.) 


LOOO 50 0.3 
900 50 0.45 
800 50 0.7 
700 50 1.0 
600 50 1.3 
500 50 1.6 
400 50 3.0 
300 50 5.3 
200 50 11.0 
100 50 290 


This is done in order that ¢(spike) can be compared 
with ¢(pptn.) given by equation (7). A simple calcu- 
lation yields the following ¢t(spike)-7' relationship for 
three temperatures of irradiation, 0°, 500°, and 600°K: 


[rradiation at O°K, t(spike) 


exp (14,000/RT) (9a) 


Irradiation at 500°K, ¢(spike) 


~ 1.57 exp (14,000/RT) (9b) 


Irradiation at 600°K, ¢(spike) 


~ 2.38 « 10°} exp (14,000/RT) (9c) 


In the calculation, all the time intervals above about 
1400°K. are disregarded, since above this temperature 
the supersaturation is zero. Comparing equations 
(9a,b,c) with equation (7), one finds that precipitation 
is to be expected in the Ni-Be alloy under fast-neutron 
irradiation if the temperature of irradiation is some- 
600°K. The 


between experimental data and theoretical calcu- 


where between 500° and agreement 
lations in this case may be accidental, but definitely 
suggests the importance of a “temperature spike” in 
its relationship to the occurrence of irreversible 


changes in metals and alloys under irradiation. 


4. SEMI-QUANTITATIVE CORRELATION 
BETWEEN “TEMPERATURE SPIKES” AND 
SOME OF THE OBSEKVED IRREVERSIBLE 

CHANGES IN METALS AND ALLOYS 


A. Precipitation from supersaturated solid solutions 
Neutron irradiation effects in the precipitation of a 
supersaturated solid sclution of Be in Ni containing 
14.65 at. per cent Be were measured by Kernohan and 
co-workers,’ using the ferromagnetic Curie tempera- 
ture as an index of the amount of precipitate formed. 
1017 


n/em? at 573°K showed that 1.3 at. per cent more Be 


An irradiation for an integrated fast flux of 4 


precipitated from the supersaturated solid solution 
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— 
— 
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than from a similar specimen held at 573°K but not 
irradiated. 

There are about 8.6 1072 atoms per cubic centi- 
meter, according to the density of the alloy, 8.25 g/c.c 
The 573°K 
excess of 1.3 at. per cent Be atoms to precipitate, 
1021 


neutron bombardment at enabled an 


corresponding to 1.1 Be atoms per cubic 
centimeter. Using an average value for the scattering 
1017 


cross-section of 4 barns and a total flux of 4 
n/em?, the number of primary knockons is 1.4 
per cubic centimeter. If each primary knockon 
induces precipitation in a cylindrical region of approxi- 
mately 250 A in height and 30 A in radius (containing 
104 atoms), the total number of atoms 


9 
1021 


about 6 
participating in the precipitation process is 8.4 
per cubic centimeter. Since the alloy contains 14.65 
at. per cent Be, the total number of Be atoms precipi- 
tated is 1.2 « 10”! 
agreement with the experimental value of 1.1 


good 


10?! 


per cubic centimeter, in 


per cubic centimeter. 


tadiation instability of austenitic-ferritic stainless 
steels 

The effect of neutron irradiation on the stability of 

austenitic-type-347 stainless steels has been investi- 


) 


gated by Reynolds, Low, and Sullivan’ using a 
The alloy above about 675°K 


but this 


magnetic technique. 
has a face-centered cubic structure, below 
temperature the stable state is a mixture of face- 
centered cubic austenite and body-centered cubic 
ferrite. The specimens under investigation contained 
the 


originally a small amount of ferrite far below 


equilibrium concentration. Exposure to a neutron 


flux was found to cause a slight increase in the ferrite 
content of the alloy, the change increasing with 


increasing length of exposure and with increasing 


initial ferrite content. 


Assume that “temperature spikes” induce growth of 


the ferrite particles already present in the alloy. The 
rate of growth will depend on the shape and size 
distribution of the ferrite particles. For simplicity, 
it is assumed that the ferrite particles are spherical in 
shape and have an average radius r. Since the radius 
of a spherical spike is about 22 interatomic spacings, a 
spherical spike will induce growth if it falls within a 


spherical region of radius between (22 r) and r, 


The 


ratio P of the volume of this region to that of the 


measured from the center of a ferrite particle 


original ferrite particle of radius 7 is: 


(7 


P 
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If the volume fraction of the original ferrite content in 
the alloy is F’, the probability of a spherical ‘“‘tempera- 
ture spike” being effective to cause ferrite growth is 
simply FP. total 
5 1018 


For a fast-neutron flux of about 


g 
CTOSS- 


scattering 
ferrite 
104 


and an 


the 


average 


section of 4 barns, total amount of 


formed due to this flux is (there are about 6 


atoms per spiked region) 


10 24 104 


M ~ 5 FP 
~1.2 FP (11) 


1018 4 


where M is expressed as volume fractions. Combining 


equations (10) and (11), one obtains 
M (12 


According to equation (12), M is « qual to 0.02 F' when 
r em, and is equal to 0.2 F when LO-° em 
The experimental values obtained by Reynolds and 
between 0.1F to 0.2F. The corre 


co-workers" vary 


lation is therefore satisfactory 


5. DISCUSSION 
that 


studies suggest 


The 


spikes”’ 


above temperature 
are of fundamental importance in determining 
whether irreversible changes will take place in metals 
and alloys under neutron irradiation. A fairly compre 


hensive treatment of the theory ot “temperature 


spikes”’ by Seitz and Brooks has already appeared it 


the literature.“ The calculations presented in this 
paper agree in general with those of Seitz and Brooks 
concerns only witl 
Th 
perature range of interest is to be found near thi 
end of Fig. 2. In the case of 


supersaturated solid solutions and phase trans 


The present treatment, however, 


tem 


irreversible changes in metals and alloys 


; 


prec 


{ 


tions, for example, temperature pulse: 


equilibrium temperature are of 


should not be included in the « 


Vide 


The present concept does not pl 


information about the nature of imperfect 


ated in the spiked region during irrad 


assumed in the papel that precipitation i 


region takes place by a cellular mechanis! 


by Turnbull.‘“© This is a reasonable assumptior 


formation of dislocations as a result of primar 


ons has been predicted by Brinkman 


Enhanced atomic movement by means of cl 


dislo 


been suggested by Holloman and Fisher 


nas 
Enhanced 


eXCess vacan 


through impertections such 


atomic movement by means of cies 


generated during irradiation has also been proposed 


Experimental verifications of these hypotheses 


need 


ation. | 
| ~ 1.7 
(10) 
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According to Fig. 2, 
about 17 interatomic spacings in radius will reach the 


melting temperature of a metal such as copper. Since 


the temperature endures only for a short duration of 


about 10-" sec, it is likely that® only the central 


portion of the heated region, of the order of a few 


atoms in radius, will attain the thermal equilibrium of 


i liquid, and the rest of the volume behaves much like 
a superheated solid which eventually cools below the 
melting-point without the attainment of a liquid state 
normally associated with the absorption of the latent 
Mott" 


a surface divided into islands where the 


heat of melting. pictures a large-angle 


boundary as 
two crystals fit together reasonably well, separated by 


lines near which the fit is bad. The elementary 


process by which one crystal grows at the expense of 


the other is the disordering or melting, through 


thermal activation, of a group of about twenty to 
thirty atoms on one face of the boundary and crystal- 


lization of the same on the other face. In recry stal- 


lization the driving force is provided by the energy of 


cold work contained in the strained grain on one side 
of the boundary. In grain growth the driving force is 
provided by the surface energy of the boundary itself. 
In secondary recrystallization, where one grain is much 
larger than those it is consuming, the driving force is 
provided by the boundary energy ol these smaller 
grains. Ifa temperature spike” is located near such 
boundary, there will be enough thermal activation 
for grain-boundary migration. Konobeevsky and co- 


workers") have reported that neutron irradiation 


induces secondary rec rvstallization in polvery stalline 
Cu and Ni. According to calculations described in this 
in average grain size of a metal 


paper, the increase in 


exposed to a fast-neutron flux of 10°° n/cm®* is too 


small to be measured confidently by any existing 


experimental technique. The results reported by 
Konobeevsky are apparently too large to be convinc- 
Ing Further experiments are in need. 

Fleeman and Dienes"*) have shown that neutron 
irradiation at 78° K greatly enhances the white-to-gray 
transformation rate of tin subsequently held between 


213°K and 253°K, where rapid transformation occurs. 


a spherical spiked region of 
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Similar experiments by Sosin,“* using electron 
bombardment, failed to yield any evidence of enhanced 
transformation rate. Although the exposure in the 
latter experiments was much lower than the former, 
a comparison of these results seems to suggest that 
single-point defects or small aggregates formed by 
motion of these defects are insufficient to nucleate the 
transformation, whereas “temperature spikes’” may 
serve as suitable nuclei. It would be interesting to 
study the effect of electron bombardment on similar 
materials used by Kernohan) and Reynolds‘ in 
their neutron irradiation experiments. 

Both the quantitative experimental work on radia- 
tion induced irreversible changes in metals and alloys, 
and the corresponding theoretical aspects of radiation 
damage are lacking. The only available data reported 
in the literature are found to agree reasonably well 
with predicted changes according to the “temperature- 
spike” concept. It is hoped that the present paper 


will stimulate further research in this direction. 
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THE ACTIVITY OF ZINC IN LIQUID COPPER-ZINC ALLOYS 
L. H. EVERETT,+ P. W. M. JACOBS,* and J. A. KITCHENER 


An entrainment method has been used for the detern 
pure metal and over liquid Cu-Zn alloys. Thi 
reliable, providing certain precautions are taken 
show negative deviations from Raoult’s law: the 


energy w of 630 cal per mole. 


L°ACTIVITE DU ZINC DANS LES ALLIAGES LIQUIDES 


Une méthode d’entrainement a été utilisée pour la de 
sur le métal pur et sur des alliages liquides Cu-Zn 

Les résultats obtenus avec du zine pur montrent que 
précautions soient prises. 

Les activité du zinc et du cuivre ont été déduites et 
Raoult; la solution est approximativement normale ave 


al mole. 
I 


DIE AKTIVITAT VON ZINK IN FLUSSIGEN KUPFER-ZINK-L 
Zur Bestimmung des Dampfdrucks von Zink iiber dem reinen Metall und 
Zink-Legierungen wurde eine Mitfiihrungsmethode verwendet. Die an reinem 3 
nisse zeigen, dass dieses Verfahren bei Einhaltung bestimmter Vorsicht 
arbeitet. Aus den Ergebnissen wurden die Aktivitaéten von Zn und Cu : 
Abweichungen vom Raoultschen Gesetz. Die Lésung ist niherungswe 


wirkungsenergie w 630 cal/Mol 


Although several determinations of the activity of — by the first gas stream and condenses in 
zinc in solid copper-zine alloys have been reported,”’ The purpose of the second gas stream is 
little attention has been paid to the liquid phase," that no condensation occurs on the outside 
apart from measurements of boiling-points.? collector.“ Preliminary experiments using n 
In this paper new measurements of the vapour verified that the second gas stream was necessar) 
pressure of zine over liquid alloys are recorded. These without it low results were obtained 
measurements, made by an entrainment method, Cylinder nitrogen, used for both 
covered a wide range of composition, so that it was auxiliary gas streams, was purified 


possible to deduce also the activity of copper. copper at c. 500°C in furnaces F 


The entraining gas was passed through w 


EXPERIMENTAL tained in a saturator, D, and stored ove! 


Apparatus 


”-litre vessel B (immersed in a watel 
The general layout of the apparatus used is shown which it could be displaced by water fr 

diagrammatically in Fig. 1, and details of the furnace aspirator, A. The rate of flow of this water 

and saturation vessel in Fig. 2. The main feature of of the gas stream. was regulated by 

this apparatus is the use of two gas streams entering volume of gas passed was determined with 

the furnace tube at a and 6 (Fig. 2). The former of 0-1°% by weighing the water in A 

passes over the liquid alloy contained in the trans- a run. 

parent silica saturator, c; the latter passes through The gas passed via 7’, throug] 

the silica furnace tube, d, surrounding the saturator packed with silica gel and m 

and then into the collector, e. The collector is a trans- and finally through a trap cooled in so 

parent silica tube of 8-mm diameter which fits loosely pressure of the entraining gas was m 

over the short capillary outlet (2-mm bore) of ¢. manometers ./, and /, 

Vapour in equilibrium with the metal in ¢ is entrained The auxiliary gas stream, deoxidized in F 


dried similarly. The rate of flow of this g 


* Received February 8, 1956. constant by a regulator, #, in which a con 

+ Present address: Department of Metallurgical Engineer pressure drop was Maintained across a eapill ury fle 
ing, Carnegie Institute of Technology, Pittsburgh 13, Penn 

+ Department of Chemistry, Imperial College, London meter. From time to time the total flow rate of 
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Fic. 1. Schematic layout of the apparatus. 


passing through the furnace was checked by means of 


soap-bubble flow-meter, G. Asmall bubbler containing 
dibutyl phthalate prevented back-diffusion of air and 
CO, trap, L, 
to verify complete condensation of zinc in the collector. 
the 


was included at the exit of the furnace 


An important requirement of entrainment 
method is that a uniform and constant temperature 
the of the 


saturator; further, it is desirable to have a slightly 


must be maintained over whole length 


higher temperature (c. 2°C) at the exit capillary of the 
saturator to prevent condensation. This was achieved 


the 


Fig. 2) by adjusting independently current 


windings. 


ealibrated Pt/Pt 


through three Kanthal The temperature 


13°, Rh 


a thermocouple 


Was measured using a 


thermocouple, in conjunction with 


potentiometer reading to 2 uwV. The temperature was 


maintained constant to 0-75°> at 1OOO°C by an 


electronic controller of the type described by 


Roberts 


Analar’ 


vas deoxidized by heating to « 


copper powder (Hopkin and Williams) 
450°C for 8 hours in 
stream of deoxidized ‘‘forming-gas’’ 


‘Analar’ 


tube, which was then evacuated to 


silica tube in a 
zine pellets 
idded to the 


O-= mm and sealed The sealed tube was suspended 


Diagram of the furnace, saturator, and collector. 
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in a vertical furnace and heated to c. LOOO°C for 4-7 
days to allow the liquid alloy to become homogeneous, 
as confirmed by chemical analysis. The brass ingot 
was turned on a lathe with a hardened steel tool, and 
the fragments transferred to the saturator. The gas 
train was assembled and proved to be vacuum-tight. 
The auxiliary gas stream was started, and the alloy 
melted in a stream of ‘“forming-gas”’ to remove traces 
of oxide. The furnace was then brought to the required 
temperature, the saturator being flushed with nitrogen. 
A clean the 


entraining gas definite 


collector inserted, and stream of 
started. After a 


(c. 800 ml) of gas had been passed, the collector was 


was 
volume 


removed, the quantity of zine deposited determined 


by the ferrocyanide volumetric method to --0-5%, 
and the vapour pressure of zinc calculated from the 


formula 


where p is the vapour pressure of zinc in mm, m the 
mass of zine deposited, }’ the volume of gas in litres 
at STP, and the P the total pressure in the saturator. 


Re sults 


a) Pure 


measuring the vapour pressure of pure zinc. 


zinc. The technique was checked by 
First, the effect of flow rate on the apparent vapour 


pressure was investigated. As shown in Fig. 3, at 
rates greater than 8 litres per hour low results are 
obtained because saturation is not attained: at low 
flow rates the possibility of high results due to thermal 
diffusion arises. In this work flow rates between 2 
and 6 litres per hour were used, over which range 
accurate results were obtained. 

The results for pure zinc are shown in Fig. 4, in 
which the straight line, determined by the method of 


least-squares, is 


6193/7 


p 8-140 


Effect of gas flow-rate on the quantity of zine 
obtained in the collector. 


| 
mP 
65-38 
Mit 
22-414 
Pic. 20 


EVERETT, JACOBS, ann KITCHENER ACTIVITY IN LIQUID SOLUTIONS 


copper, 
Dul m equation 


Fic. 4. Results obtained for the vapour pressure of _ 
The agreement between the two « quations 


pure zine at different temperatures. 
that the technique adopt dis satistac tory 


. . 4 H) 
re ‘ > an: 
where p isin mm and 7’ in °K. Coleman and Egerton b) Copper-zine alloys. In 
ave assesse previous dat: liquid zine and 
have assessed the previous data on liq | experimentally determined partial pressures « 


arrived at the equation Pay, in equilibrium with allovs of mole fraction 


logig P 8-144 6196/7’. together with the relative activities tin 
TABLE 1 in the usual way 
DISCUSSION 


Examination of the data in Tal 


temperature coetheient of 


exert a noticeable effect 
temperatures Consequently 
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the applicability of the theory of regular 
solutions to the results. 


At 2, 
0-9 keal per mole, which is significantly larger than 
the value of 0-6 keal per mole deduced directly by 


Schneider and Schmid® from the temperature 


coefficient of the activity. This suggests that these 


solutions are not strictly regular. 
The small heat of mixing explains the absence of a 
significant effect of temperature on the present results, 


the variation with temperature being obscured by 


random errors (mainly analytical). Schneider and 


Schmid used the dew-point method, which is pre- 


ferable when only one component is volatile. In the 


present work, the entrainment method was chosen 


because anomalous amounts of copper have been 


reporte d’ in the distillate obtained in the extraction 
of zine by reduction of the oxide in_ horizontal 
retorts, and it was decided to analyse the condensate 


Although 


behaviour indicated that amounts of copper consider- 


for copper. calculations based on ideal 


ably less than 1 wg were to be expected, the technical 


0-336, for example, AH,, is found to be 
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data suggested that much larger amounts might be 
obtained. In fact, the amounts detected, using the 
colorimetric method of Wyatt,“ were of the same 
order (c. 30 ug) with copper-zine alloys as with pure 
copper. This copper carried over by the gas stream 
is probably due to the formation of a volatile compound 
with some residual impurity in the nitrogen; for 
example, Bloom” has suggested that under certain 
conditions copper can be transported as the volatile 
carbonyl. Less than 1 p.p.m. of impurity in the gas 
stream could account for the copper found. It is 
concluded, therefore, that these results provide no 
stable 


evidence for the existence of a intermetallic 


compound such as ZnCu. 
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DISLOCATION ETCH PITS IN SILICON IRON 
J. C. SUITS+ and J. R. LOW Jr. 


It has been demonstrated that the segregation of carbon to dislox 
requisite to the production of etch pits in slip bands in silicon ferrité 
tion, etch-pitting may not be observed if the carbon content of the materi: 
etch pits at dislocation sites may be produced if the 


carburization. 


PIQURES DE CORROSION AUX SITES DE DISLOCATIONS DANS 


Il a été démontré que la ségrégation du carbone aux sites de dislocations est 
ala production de piqures de corrosion dans des bandes de glissement de la 
régions de grande déformation, les piqires de corrosion peuvent faire défaut 
d’alliage est trop basse; dans de telles régions, on peut produire des piqtres 


de dislocations si l'on accroit la teneur en carbone au moyen d’une cémentation a 


ATZGRUBCHEN AN VERSETZUNGEN IN SILIZIUM-EISEN 
Es wird gezeigt, dass bei Silizium-Eisen die Abscheidung von Kohlenstoff an den V‘ 
notwendige Voraussetzung fiir die Erzeugung von Atzgriibchen in Gleitbandern 
verformten Bereichen sind bei zu geringem Kohlenstoffgehalt | Atzgriibcher 
Wird jedoch der Kohlenstoffgehalt durch Aufkohlen bei niedrig¢ Temperatur 
sich auch in solehen Bereichen an den Versetzungen Atzgriibchen « 


INTRODUCTION surface of observation was a (112 plane, with a (110 
Numerous papers’) have been written which slip plane at 90° to the surface and at 45° to th 
suggest that certain types of etch pits reveal the tension and compression axes during bending. The 
intersections of dislocation lines with the surface of 111] slip direction was also parallel to the (112 
crystals. Recently, Dunn and Hibbard~®) have — surface. This orientation is illustrated in Fig The 
investigated etch pits in silicon-iron crystals and have — crystals were all bent about the [112] axis 
concluded, because of etch-pit counts, low-angle The first piece of the crystal to be examined was 


boundary junction analyses, and polygonization 0.12 cm thick, and was bent about a 2.5-cm radius 


studies, that these pits do indeed represent dislocation It was then mounted in an epoxy resin (Epon 


sites. The results of an investigation of the conditions which polymerizes at room temperature), mechani 
under which dislocations will cause these etch pits polished, and electro-etched in chrome-acetic 
and several related phenomena are reported in this the Dunn and Daniels technique.’ Several 
paper. Briefly, it was found that a low-temperature angle boundaries and a number of rar 
aging, for example, 15 min at 160°C, was required to appeared; one region with a particularly hig! 
produce etch pits in slip-bands. This result implied of small-angle boundaries is shown in Fig 

that an interstitial diffusion process was taking place, be noted that, despite the fact that this 
and that etch-pitting was due to an impurity atmos- crystal, no slip-band etch pits were reveal 
phere or a precipated second-phase particle. Wyon crystal had been heated following bending 
and Marchin have recently reported a similar require- Next, the crystal, as mounted, was hi 

ment for the production of etch pits in slip-bands in for 15 min, and the surface completely) 

impure aluminum.‘® re-etched. The changed appeara 


shown in Fig. 3 and illustrates 
EXPERIMENTAL 


The samples used were all cut from one single 
pl ll ti 
crystal of 34°, silicon iron, grown by the strain-anneal 
method of Dunn and Nonken,@® which had been 
annealed for 8 hours at 1175°C in hydrogen and 


furnace-cooled. The orientation was such that the 


* Received June 28, 1956; in revised form July 30, 1956. IG. Orientation of s] 
+ General Electric Co. Schenectady, N.Y. experime 
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R-SILICIUM 
ine I 
= 
Zu 
ase \ 745° 


gle boundaries. 


vatterns for small-an 


bending. but before heating. 


low-temperature anneal for etch-pitting to occur at 


dislocations introduced by plastic deformation. Under 


higher magnification the slip lines appear as rows of 


individual etch pits, as shown in Fig. 4. In this figure, 


ind also in Figs. 8 and 9, random background pits 


are visible which are not believed to be related to the 


dislocation structure. The author's experience with 


this, and othe1 etch-pitting reagents, suggests that 


these reagents produce a faint, general, orientation- 


dependent etch figure pattern which is_ highly 


intensified at singular points such as dislocations. 


The same crystal was next bent in an aluminum 


die which was designed to give a variable radius of 


curvature 0.3-cm bend radius at the center, 


»2.5 em at either end of the crystal In 
the center of the crystal Was bent to 


dius of curvature. The crystal was then 


bending 0.12-cm 


heated 15 mu 


it pattern afte thick crystal 


5-em radius of curvature; 160°C after 


bending. 50 


Fic. 4. 
specimen as Fig. 3. 
3000. 


Electron micrograph of etch pits in slip bands; 


same Neutral axis is above 


region ot 
micrograph. 


and the 
same etch-pit configurations as those of Figs. 3 and 4 


repolished and re-etched, without heating, 


reappeared. 
[t must be emphasized here that although a very 
had 


introduced into the crystal due to the 0.3-em_ bend, 


large number of additional dislocations been 
the etch-pit configuration was exactly that of Figs. 3 
and 4. The interpretation is that since the specimen 


had 


following 


elevated 
the 


not been subjected to temperatures 


the second bending, new dislocations 


had not acquired impurity atmospheres, a prerequisite 


to etching. 
The crystal was then heated at 160°C for 15 min 
The 


changed quite radically, as may be 


and repolished and _ re-etched. configuration 


seen in Fig. 5, 


which shows the region where the radius of curvature 


is changing from 0.3 cm to 2.5 cm. The interpretation 


in this case is that although each dislocation has 


0.3 OM 
BEND RADIUS 


2.5 CM 
BEND RADIUS 


Fic. 5. 


small 


Transition between 


radi of 


region regions of large and 
illustrating the 
characteristics with increasing dislocation densit\ 


heated 160°C after 


etching 
Specimen 


curvature change in 


15 min at bending. 50. 
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2.5¢m 0.3. cm 
BEND RADIUS BEND RADIUS 


Fic. 6. Tension side of a transition region similar to Fig. 5 
(A) As-bent and aged 10 min at 150°C before etching. (B) The 
same field after carburizing for 1 hour at 500°C in hydrogen 
bubbled through n-heptane at O°C and then repolished and 
etched. L100. 


collected an impurity atmosphere, in the region of the 
sharper bend, the impurity density per dislocation is 
below a critical limit required for etching to occur. 
In order to determine which impurity might be 
causing the etching effect, a second crystal was bent 
with a varying radius of curvature, as before, aged at 


160°C for 15 min and etched. The crystal was then 


carburized for 1 hour at 500°C in an atmosphere of 


hydrogen which had been bubbled through normal 
heptane at 
smaller to the larger radius of curvature before and 
after 6b. 


Clearly, the carburization treatment has now made it 


The region of transition from the 


carburization is shown in Figs. 6a and 
possible to produce etch pits in the region which 
failed to etch in the crystal before carburization 
Heating at 500°C did not produce any detectable 
polygonization or significantly change the slip-line 
pattern. 

DISCUSSION 


The indicate: 1) that 


impurity diffusion following deformation is required 
that 


preceding experiments 


to produce etch pits in slip bands, (2) new 
dislocations may be introduced into the crystal by 
slip without producing additional etch pits, (3) that 
the dislocation density may be increased to such an 


extent that etch pits no longer appear even when the 


crystal is heated to permit impurity diffusion, and 


(4) that etch pits may be produced in such a region 
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of high-dislocation density after carburization. From 


these experiments it may be concluded that, under 
the particular etching conditions of the above experi 
ments, dislocation etch-pit formation is caused by 
carbon segregation and the dislocation is important 
in the process only insofar as being the agent which 
causes segregation of the impurity. One may further 
that the 
dislocation required for etching must be 
The 


roughly estimated by considering the point marked A 


At point A, 


conclude number of impurity atoms pet 


above some 


minimum value minimum number may be 


on Fig. 5 the point of transition from 


etching to nonetching at the crystal edge, the 


dislocation density be estimated from the 


(12) 


may 
equation 


l 
bry COS 79 


one 


where 7 is the density of excess dislocations of 


sign, 7, 1s the radius of curvature of the neutral axis 


etween 


of the bent crystal, and %o US the angle (45°) 


the slip planes and the neutral axis. Knowing the 


impurity content of the crystal, one may calculate the 


minimum value for etching Chemical 


the 


Lal VSsSes 


showed carbon content of the crystal befor 


carburization to be approximately 0.004 wt. ‘ und 


from a calculated dislocation density of approximately 
10’ per the critical number of carbon atoms 
pel dislocation, per atomic then 


This 


calculation of 


plane Is ipprox! 


number is undoubtedly 


the 


| br, cos assumes that 


mately 5 108 
high, 


from 7 


since a dislocatio 


the 

stress-free and that only dislocations of on 

present to produce the observed curv: 
Recently, Vogel 


which etch-pit counts were made 


also 


crystals and wnne 
eliminate 


Vogel 


is bent. Was hig he 


ind to 


] 
crystals 


“wrong” sig found th 


from the relation 


annealing, the etch pit 


well with the value 


curvature of the crysta 


be made in the region of 
the high density of pits, 
would 
pel 
probably not in error by m 
This 


particular time and temperatur 


a cuide. it appeal 


carbon atoms dislo 


number, of 


course, 


carbon content of the particular specimen used in 


experiment Preliminary results for other t 


ere: 
{ +} 
t estimated ( 
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eavily carburized crystal. 


840°C in hydrogen bubbled 


oom temperature. Lo 


raxes of particles ar 


es of (100) planes in the surface of examination. 


after carburizing: heated 15 min at 150°C 


P2OOU, 


heating after deformation at the same temperature 


indicate that the demarcation line between etching 


ind nonetching moves toward regions of higher 


dislocation density with an increase in the time of 


heating. 


RELATED PHENOMENA 


a high-magnification photomicrograph 


ifter bending of a third crystal which was heavily 


irburized by heating for 1 hour at 800°C in an 


itmosphere of hydrogen which had been bubbled 
through heptane at room temperature, polished, 


The dark 


ackground represents a very high density of disloca- 


mounted in bakelite. and electro-etched. 


tion etch pits. It is to be noted that the carbon in 
the local environment of each carbide precipitate 
preferred to diffuse to the carbide rather than remain 


segregated about the dislocation, and thus etch pits 
did not appear in these local areas. There was some 
juestion in the preceding experiments as to whether 
carbon or some other impurity was causing etch- 
pitting in the cases of Figs. 3, 4, and 5, even though 
carbon was clearly responsible for the pitting of Fig. 6. 
Fig. 7 also indicates indirectly that carbon is, in fact, 
the necessary impurity. Crystallographic analysis 
showed that the platelets of carbide of Fig. 7 occurred 
only on (100) planes. 


The shape of individual etch pits is of interest. 


VOL. 


Electron micrograph of etch pits 
Specimen heated 15 min at 160°C after bending 


in a slip band. 
10.000, 


Fig. 8 is an electron micrograph of a chrome pre- 
shadowed carbon replica showing a single row of 
dislocation etch pits along a slip band. Figs. 8 and 9 
are negative photographs, i.e. pits appear as hills and 
hills appear as pits. Fig. 9 illustrates the type of 
pitting observed for small-angle boundary dislocations 


The 


interpretation of the black cones is that these are 


in contrast to those observed in slip planes. 


“hills” (representing the actual pits), which were bent 


over on their sides during one of the later stages of 


Fic. 9. Electron micrograph comparison of etch pits in slip 
bands and small-angle boundaries. 
at 160°C after bending. 5000. 


Specimen heated 15 min 
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Nonetching bands adjacent to small-angle 
boundary etch pits. 2000. 


the replicating procedure. Clearly, the small-angle- 
boundary dislocations etch much more deeply than 
do the slip-band dislocations. 

The difference in etching behavior between small- 
angle boundaries and slip bands presumably arises 
from the difference in thermal history following the 
formation of the two defect structures. The small- 
angle boundaries are formed during the growth of the 
crystal (at approximately 1000°C) and segregation 
occurs cooling from the growth 


mainly during 


temperature. The slip bands are formed at room 
temperature and segregation occurs during the short 


time of heating at 150°C following deformation. It 


was at first speculated that the small-angle boundary 
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pits were caused by the presence of carbides, whereas 
those at slip bands were caused merely be segregation 
without the formation of a second phase. The evidence 
in support of this argument was as follows: known 
carbides such as those of Fig. 7 were found to etch 
roughly six to eight times as deeply as deformation 
dislocations, and unetched areas occurred near small- 
angle boundaries in a manner similar to that neat 
Unetched areas near a 
How 
ever, etching with reagents supposed to be specific for 


precipitated carbide plates 


small-angle boundary are illustrated in Fig. 10 


iron carbides (alkaline sodium picrate and Pilling’s 


reagent failed to distinguish between the two types 


of pits. In a low-carbon crystal none of the defect 


structure was etched by the carbide etchants in a 


crystal which had been heavily carburized 


bending and in which excess carbides were present 
the small-angle boundaries, 


all etched. 


the carbides, and the sup 


bands were 
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ERRATUM 


Acta Metallurgica 5. 79 (1957) 


The footnote concerning Dr. A. Kelly’s address should 


read: 


Formerly Department of Physical Metallurgy, University 
of Birmingham, now at Department of Metallurgy, The 
Technological Institute, Northwestern University, 


Evanston, Illinois. 


EFFECTS OF PLASTIC DEFORMATION ON CARBIDE PRECIPITATION 
IN STEEL* 


D. V. WILSON 


The influence of plastic deformation on carbide pre: 
0-88°, carbon has been studied, using electron microscop\ 

Cold-work restrains precipitation in quenched steels 
martensite normal precipitation of the €-carbide in the first stage 
heating above 200°C, the precipitation of cementite is hindered. Ifa 
an iron carbide and then deformed, the precipitate ll tend to redissol 
Metallographic evidence of such a partial re-solution of an €-carbide pr 
steel tempe red to the end of the first stage before deformation and subss q 
evidence of a similar, but appreciably smaller, solution effect f 
of cementite. 

It is suggested that these effects are a const quence 


lattice defects in iron. 


EFFET DE LA DEFORMATION PLASTIQUE SUR L [PITATION 
CARBURES DANS 


L’influence de la déformation plastique sur la précipit 
a 0,47 a 0,74 et 0.889% de carbone, a été étudiée par 1 
La déformation a froid limite la précipitation dans les aci 


a teneur moyenne en carbone et suffisamment déformée, la précipitati 
du premier stade du revenu peut étre supprimée et, par chauffage 
de la cémentite. Si un acier est préalablement revenu pour préci 
le précipité tendra a se redissoudre. La mise en évidence pat 
partielle a été obrenue pour un acier revenu jusqu’a la fin 
vieilli a 130°C. On a également obtenu un effet semblable, « 
contenant de fines particules de cémentite. 

L’auteur propose d’interpréter ces effets comme une 


entre les atomes de carbone et les défauts réticulaires du f 


DER EINFLUSS PLASTISCHER VERFORMUNG AUF DIE KARBID 
IN STAHL 
Mit Hilfe elektronenmikroskopischer und magnetischer Verfahren 
Verformung auf die Karbidausscheidung in Kohlenstoffstahlen 1 
untersucht. 
Kaltbearbeitung behindert die Ausscheidung in 
hinreichend verformtem Martensit mit mittlerem 
des €-Karbids in der ersten Anlasstufe unterdriickt 
des Zementits gehemmt. Wird ein Stahl zuerts 
dann verformt, so zeigen die ausgeschiedenen Pa 
wieder aufzulésen. In einem bis zum Ende der 
schliesslich bei 1: ‘ gealterten Stahl konnte« 
von ausgeschiedenem €-Karbid nachgewiesen werden 
Hinweise auf eine ahnliche, wenn auch wesentlich gerings 
Es wird vorgeschlagen, dass diese Effekte eine Folge 


stoffatomen und Gitterfehlern im Eisen darstellen 


INTRODUCTION ullov can prevent the forn 
An interesting feature of carbide precipitation in during subsequent agei 
steel is that it appears to provide an exception to the in interpretation of 
general rule that cold work increases the rate of 10 showed 
precipitation in a supersaturated solid solution ven atom 
Andrew and Trent" first pointed out that cold- dislocation in iron, the 
working a quenched low-carbon steel or iron-nitrogen binding energy which is o 


these atoms in Iron carbide 


* Received July 8. 1956. This conclusion has hee n con 
Department of Industrial Metallurgy, University 


‘Tl | \ rations 
Birmingham. experimental investigation 
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Andrew and Trent’s micrographs also suggested 
that, when deformation was insufficient to suppress 
precipitation completely, the ageing treatment caused 
precipitation to occur on slip planes. Such precipi- 
tation can develop as a result of short-range inter- 


actions between solute atoms which have been drawn 


together by the stress fields of the dislocations.) The 


resistivity measurements of Dahl and Liicke® suggest 
that, when a sufficient number of carbon atoms are 
present in iron, they will continue to segregate to dis- 
locations at the normal rate even when each dislocation 
has acquired as many as forty solute atoms per atom 
spacing: such a concentration must involve precipi- 


tation. Thomas and Leak" have reached an 
essentially similar conclusion on the basis of internal 
friction measurements. 

We may conclude that precipitation is a final result 
of strain-ageing, as it is of quench-ageing, but that the 
solute concentration required, if ageing is to reach the 
precipitation stage, increases with dislocation density. 
Thus 


develop in low-carbon steels is often limited by the 


the extent to which strain-ageing effects can 


availability of solute atoms. It is interesting to 
examine the behaviour of steel containing much more 
carbon from this point of view. 

This paper is concerned with the influence of plastic 
carbides in 


deformation on the precipitation of 


medium-carbon steels 


EXPERIMENTAL METHOD 
Most of the experiments were made on two steels of 


the following compositions in wt. 


0-74 
0-007 


0-47 


0-004 


carbon 
nitrogen 
manganese 0-28 0-53 


silicon 


0-10 0-19 
()-OQ24 
0-014 


0-0] 


phosphorus 0-026 


sulphu 0-006 


Ni, Cr. and Mo 0-0] 


Small specimens of the two steels were heated in vacuo 


it 850°C and 800°C respectively, and were quenched 


in brine. Particular care was taken to avoid oxidation 


and decarburization at the surfaces to be examined. 


Since the specimens were to be worked in the brittle 
condition, it convenient to deform 


martensitic was 


them locally, using a pyramidal indenter. For large 
up to about 0-1 in. tungsten 


Vickers 


An advantage 


impressions square) a 


carbide Ps ramid, of the same form as the 


diamond hardness indenter, was used. 


of this method of working is that comparisons between 
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the behaviours of the deformed and the undeformed 
material can be made in a single specimen. 

After indentation and ageing, the specimens were 
prepared for microscopical examination, using a 
repeated mechanical polishing and etching method, 
and were finally etched in the modified picral solution 
described by Lement.‘®* 

For the 


formvar and carbon replicas were used, the technique 


electron microscope positive (2-stage), 


adopted for the carbon replicas being similar to that 


developed by Bradley. “Extraction replicas” of the 


carbides were made, using the method described by 


(10) 


Fisher®® in conjunction with formvar films. Thermo- 


magnetic analyses were made in a modified Suck- 


magnetic balance which has been described 


(11) 


smith 
previously. 


EXPERIMENTAL RESULTS 


Behaviour of Undeformed Martensite 
on pe ring 
A detailed account of the microstructural changes 
which accompany the tempering of quenched iron- 
carbon alloys has been given by Lement, Averbach, 


) 


and Cohen.'*!*) A closely similar sequence of micro- 
structural changes was observed in the present work, 
using steels of commercial quality, and it will be 
sufficient to indicate the temperature-dependence of 
the changes observed on tempering the undeformed 
mattensites. 

After tempering the quenched steels for 2 hours at 
120°C, they were darkened by etching in “‘nital’”’ or 
“picral” reagents, but no discrete carbide precipitation 
Probable 
evidence of the precipitation of e-carbide at sub- 
the after 2 


This became more prominent after 


was recognized in electron micrographs. 


boundaries within martensite 


L5o-c, 


Was seen 
hours at 
longer periods of tempering, but (in the 0-74°, C steel) 
even after 7 days at 150°C no appreciable amount of 
cementite had formed (Figs. 6a, 8a, and 9a). 
Progressive solution of the e-carbide and precipi- 
tation of cementite, at martensitic boundaries and 
within the martensitic plates, occurred on tempering in 
200-300°C (Fig. 4a). 


rapid above 250°C, and after 2 hours at 300°C no e- 


the range This change was 
carbide was identified in the microstructures (Figs. 6d 
and lla). 
sitic boundaries were prominent after tempering at 
300°C. 


The films of cementite at certain marten- 


In specimens tempered at 400°C and higher 
temperatures, progressive coalescence and spheroid- 
Hard- 


steel are 


ization of the cementite precipitate was seen. 
ness changes on tempering the 047°, C 


summarized in Fig. 1. 
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PRECIPITATION 


oO 
O 


Oo 


Hardness VPN. 


200 


300 


400 


Tempering temperature ——> 


l. Effect of tempering for 2-hour periods at the indicated temperatures on the 


of deformed and undeformed regions in a quenched 0-47%, C steel 


Behaviour of Deformed Martensite on Tempering 


(a) Pre liminary observations 

Light microscopy and hardness testing were used to 
survey the differences in the tempering behaviours of 
deformed and undeformed martensites. The speci- 
mens were prepared by brine-quenching, followed 
immediately by cooling in liquid air. For hardness 
tests, large indentations were first made on prepared 
surfaces and the specimens were then wet-polished 
flat, so that the tests could be 


immediately below the original impressions. The pro- 


made in the material 


gressive hardness changes observed in the deformed 
and undeformed regions, on tempering an 0-47°, C 
steel specimen at successively higher temperatures in 
the range 50-—600°C, are summarized in Fig. 1. 

The development of dark-etching properties and 
subsequent softening, which are associated with the 
precipitation of the e-carbide in the first stage of 
the 


material. This gave evidence of strain-age-hardening 


tempering, were not observed in deformed 


and fully retained its light-etching behaviour on 
heating below about 200°C. Thus, after heating in the 
range 170—230°C, there was a remarkable contrast in 
both the hardness and the etching properties (Fig. 2) 
of the deformed and undeformed materials. 

The first visible evidence of precipitation in the 
deformed regions occurred after tempering for 2 hours 
at 230°C. The amount of this precipitate increased on 


tempering at 260°C and 300°C so that, after tempering 


at 300°C for 2 hours, there was a considerable reduction 
in the contrast of the etching properties Precipit ition 
in this temperature range was accompanied by rapid 
softening of the deformed material. 

On the 


300°C, both the hardness and etching characterist 


increasing tempering temperature above 


of the deformed material gradually approat hed those 
After 2 


difference Was 


of the undeformed regions hours at 500° 
when the 
deformed regions had etched to 


After 2 


the difference in etching properties 


hardness only 


still 


Was possibli disce} 


a light 


their surroundings hours at 


2. 0:74°%, C steel, indented after quenching f SOO ¢ 


and then tempered at 200°C for 2 hours 
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(b) Behaviour in the first stage of tempe ring 

Fig. 
which was quenched from 800°C and then locally 
After 


the specimen was tempered at 200°C for 2 hours; the 


2 relates to a specimen of the 0-74°, C steel 


deformed on a prepared surface. indentation, 
surface was then polished down to about half the 
depth of the impression and finally etched in “‘picral.”’ 
Electron microscopical examinations of similar speci- 
that had 


occurred in the undeformed. dark-etching regions, but, 


mens confirmed carbide precipitation 


apart from the edges of the impression, no evidence of 


precipitation was found in the material affected by 


plastic deformation: here the etching 


appeared similar to that of untempered martensite. 
These metallographic observations suggested that 
which occurs on 


precipitation of e-carbide, 


tempering in the range 100—-200°C, can be suppressed 


by previous plastic deformation. However, it is 


probable that the early stages of the formation of 


e-carbide particles are not easily detected with the 
The 


examined 


electron microscope. behaviour of deformed 


martensite was therefore using magnetic 
analysis; 
magnetic intensity with temperature being expected 
to provide evidence of the earliest stages of the 
formation of a discrete carbide structure. 

tests 
(Mn 0-26, 


To increase sensitivity, the magnetic were 


made on steel containing 0-88°, carbon 


Si 0-04). After brine-quenching from and 


cooling in liquid air, disc specimens (0-2 in. diameter 
by 0-1 in. thick) were deformed, using the pyramidal 
indenter in the usual way, but large impressions were 


made, so that almost half the volume of material in 


behaviour 


accurate measurements of the variation of 


VOL. 5, 1957 
the specimen would receive some plastic deformation. 
The intensity measurements were made in a modified 
Sucksmith thermomagnetic balance,“!) using an 
applied field strength of 16,000 oersteds. 


obtained with two deformed specimens and two speci- 


Results 


mens similarly heat-treated but undeformed are given 
in Fig. 3. The initial intensity value of the deformed 
material was slightly higher than that of undeformed 
martensite, due, almost certainly, to the decom- 
position (of about 13°.) of retained austenite during 
working. To bring the two sets of results together in 
Fig. 3, the intensity values are plotted as a proportion 
of the initial room-temperature values. 

The magnetic behaviour of martensite on tempering 
at low temperatures is known from earlier investi- 
gations.“%) On heating above room temperature, at 
a rate of about 2°C per minute, the intensity of 
magnetization (oc) at first decreases reversibly, but, at 
about 60°C, the start of an irreversible reduction in o 
can be detected. This change (ascribed to the precipi- 
tation of the e-carbide) is completed at about 150°C. 
On heating above 150°C, the o : T relationship again 
hecomes reversible until a temperature of about 220°C 
is reached, when retained austenite starts to de- 
compose. If a specimen is cooled to room temperature 
after heating in the range 150°—200°C, therefore, the 
decrease in its room-temperature intensity value gives 
an indication of the magnitude of the change due to 
the precipitation of e-carbide. 

Fig. 3 shows that cold working caused a reduction 
in the magnitude of the first-stage change and, in view 
of the method used for deforming the specimens, this 


result is consistent with a very considerable reduction 


Initial 


Deformed Undeformed 


*—Cooling——* 


100 


120 140 160 180 200 


Temperature 


Fic. 3. Magnetic intensity: 


temperature relationships showing the intensity changes in 


deformed and undeformed 0-88°, C martensites on tempering up to 210°C. The intensity 


values are given as a proportion of the initial intensity values at 20°C. 
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\ 


Fic. 4. 0-47% C steel, quenched, indented, and then heated at 200°—220°( 


shadowed at 45°. (a) Undeformed region, (b) about half 
of the indentation, (c) near the centre of the 


way betwee 


in the amount of carbide precipitation in the more appreciably reduced in the deformed region. Near the 
heavily worked regions. centre of the impression, shown in 4c, the amount o 
clearly identifiable precipitate was still less Possibly 
(c) Precipitation from deformed martensite the roughly parallel ridges and surface speckles 
To examine the early stages of precipitation in seen in this micrograph are evidence of an early stage 
deformed martensite, a quenched and indented speci- of precipitation from the cold-worked martensite 
men of the 0-47°% C steel was examined periodically The precipitates present in this specimen after 
during tempering at 200-220°C for a total of 25 days tempering for 25 days were also examined directly 
In this temperature range, visible precipitation using extraction replicas (Fig. 5). The amounts of 
developed very slowly, particularly in the most carbide seen in these micrographs are greater than 
heavily deformed material near the centre of the Fig $. because the specimen was et hed more de¢ p 
impression, but, using a light microscope, after 25 for the extraction method. This also enhances the 
days, evidence of precipitation was seen throughout apparent difference between the deformed and wi 
the worked region.“* deformed regions. In some parts of the deforn 
Fig. 4 shows electron micrographs of this specimen _ region, as in Fig. 5b, the precipitate was seen t 
taken after completion of the tempering treatment. a pattern resembling discontinuous preci] 


Fig. 4a represents the microstructure of the un- _ slip planes, but elsewhere it was more irreg 
deformed material, and 4b that of the deformed Electron diffraction patterns given by th 
material about half-way between the centre and the — tate from both the deformed and undeformed 


edge of the impression. Evidently precipitation was showed only cementite the e-carbide 


Fic. 5. Extraction ‘‘replicas’’ of specimen shown in Fig. 4. (a) Undeformed reg 
(b) deformed region, (c) cementite particles precipitated in the deformed reg 
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Electron diffraction patterns given by extracted carbides. 


(a) 0-74% C steel, quenched, tempered at 150°C for 7 days and at 130°C for 40 hours (e-carbide). 


(b) Cementite pattern given by the extraction replica shown in Fig. 5b (0-47% C, 
220°C for 25 days). 


deformed, and then tempered at 200 


quenched, 


(c) e-carbide and cementite patterns given by the extraction replica shown in Fig. 10. 


d) 0-74% C 


detected (Fig. 6b). In both regions the particles 
within a small area (7-4 diameter) tended to be of 
similar orientation and gave “‘thin-plate” diffraction 
effects. The appearance of the extracted carbides at 
very high magnifications was consistent with the 
presence of thin cementite plates, often occurring in 
compact groups (Fig. 5c). The latter effect was not 
seen in ordinary replicas. 

Since only cementite was detected at this early 
stage of precipitation in the deformed material, it 
appeared rather likely that the formation of the e- 
carbide was suppressed, and not merely delayed, in 


the regions which were sufficiently deformed. 


Be haviour of Te mn pe Ve d Marte nsite 
on Deforming and Ageing 


a) Preliminary observations 
Tempered martensites, plastically deformed after 
tempering and then aged at an elevated temperature, 


give “‘light-etching” effects which appear similar to, 


7. 0-74% C steel, 
for 7 days before indentation ( 


quenched and tempered at 150°C 
120). (a) Polished and etched 


immediately after indentation, (b) aged for 40 hours at 130°C. 


steel, quenched and tempered at 300°C for 2 hours (cementite). 


but fainter than, those given by untempered marten- 
sites. The structure and particle size of the carbide 
Using the 0-74°, C 
obtained 


appear to be important. steel, 


very clear etching differences were with 
specimens indented after a low-temperature tempering 
which would precipitate the e-carbide (Fig. 7b). Less- 
marked effects were obtained with specimens tem- 
pered at 300-350°C, and if the tempering which 
preceded deformation was carried out above 400 


450°C, no clearly recognizable difference in etching 


properties, between the deformed and undeformed 


regions, was developed on ageing at moderately 


elevated temperatures. 


(b) Behaviour on tempering to precipitate e-carbide 


before deformation 

Fig. 7 relates to a specimen of the 0-74°, C steel, 
quenched from 800°C and tempered at 150°C for 7 
days before indentation. The prepared surface was 
polished down to about half the depth of the inden- 
tation and finally the specimen was aged at 130°C: 
effect in the 
developed rapidly during the first few hours of ageing 


The “‘light-etching”’ deformed region 
and then more slowly, until, beyond 40 hours at 130°C, 
continued ageing produced little further increase in 
clarity. The micrograph shown in Fig. 7a was taken 
within | 
effect, confined to that 


hour of indentation, the ageing being, in 
which occurred during wet- 
polishing. Fig. 7b was taken after 40 hours ageing 
at 130°C. 

Fig. 8a shows an electron micrograph of the 
structure of this specimen in the undeformed region. 
Unidirectional shadowing at 45° revealed the sub- 
grains in the martensite clearly, but a better im- 
the the 


subgrain boundaries was obtained from unshadowed 


pression of discontinuous precipitate at 
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Fic. 8. 0-74°, C steel, tempered at 150°C for 7 avs. then indented and fir 
Shadowed at 45°. (i Undeformed region; ed 40 hours (the appeara 
affected by ageing up to 140 hours .(b forr region: aged for 140 ho 


carbon replicas (Fig. 9a). Extraction replicas taken egion the network pattern of precipitate appeared 
from this specimen in the undeformed region con- o be broken up and the amount of clearly defined 
firmed the film-like nature of the carbide precipitate, precipitate was appreciably less. This result supports 
particle thicknesses often being less than 100 A. The the idea that the development of light-etching 
diffraction pattern given by the extracted carbide behaviour, on ageing tempered and deformed mart 
(tempered at 150°C for 7 days and 130°C for 40 hours site, is associated with a partial re-solutio1 
showed oriented e-carbide with little or no trace of carbide precipitate in the cold-worked matrix 
cementite (Fig. 6a). After ageing for 140 hours at 130°C, the 

Fig. 9 shows unshadowed carbon replicas taken etching effect persisted, but the electron mict 
from the undeformed and deformed regions of the showed the presence of more clearly defined 


same specimen after 40 hours ageing. In the deformed precipitate in the deformed material. Thi 


9. 0-74% C steel, tempered at 150°C for 7 davs, then indente 
Unshadowed carbon replicas. (a) Undeformed region, 
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AIRS 
a) } 


8300 


network structure, which appeared to be unchanged 
in the undeformed material, was still less easily recog- 
Sb). 


nized (Fig It is possible that this specimen was 


overaged, in the sense that some reprecipitation of 


carbide had occurred at sites influenced by the new 
dislocation array in the deformed matrix, but, at this 
stage, no new carbide structure was identified with 
certainty in diffraction experiments. 

Fig. 


deformed region of the same specimen after further 


LO shows an extraction re} lica taken from the 


ageing for three weeks at 140°C. After this prolonged 
treatment, both cementite and e-carbide lines were 
present in the diffraction pattern (Fig. 6c). Thus the 
dark platelets seen in Fig. 10 are probably cementite 
particles which have grown at the expense of the 
filmy network of the original e-carbide precipitate. 
However. after this period of ageing some evidence of 


cementite was also found in the undeformed regions. 


c) Behaviour cementite 


on te mp ring to p ectpitate 


before deformation 


An examination also made of specimens 


300°C for 2 hours 


was 
before indentation. 
the 


treatment 


tempered at 
The 
tracted 


carbides exX- 


6d) 


diffraction given by 


after 


pattern 
this 


tempering (Fig. 


showed only cementite. After indentation and ageing 
at an elevated temperature, such specimens gave 
light-etching effects which could be easily recognized 
However. on 


using a low-power light microscope. 


using the electron microscope to examine lightly 


etched specimens, little change could be seen in the 
appearance of the cementite precipitate as a result of 
the deformation and ageing treatments. Only in 
etched specimens Was a consistent 
difference recognized. This is illustrated in Fig. 11, 
which relates to 0-74°, C 


pered at 300°C for 2 hours, indented, and finally aged 


rather deeply 
specimen, quenched, tem- 
it 170°C for 2 hours. Apparently the amount of fine 
precipitate within the original martensite plates was 
somewhat less in the material which had been deformed 
ind aged. Allowing for the 
treatment, the effect appears small compared with 
of the 


differences in etching 


that obtained in the presence e-carbide 


precipitate. 


DISCUSSION AND CONCLUSIONS 


It has been shown in this and earlier investigations 
that plastic deformation can inhibit the precipitation 
results show that, in a 


of carbides in steel. Present 


sufficiently deformed medium-carbon martensite, 
normal precipitation during the first stage of tempering 


This 


change in the steel’s response to tempering below 


can be suppressed. leads to a very striking 
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Fic. 10. 0-749 C steel, tempered at 150°C for 7 days, 
indented, and then aged at 130°C for 140 hours and 140°C for 
21 days. Extraction replica taken from the deformed region. 


about 230°C. In such a material much of the total 


carbon content is precipitated as carbide on 
heating through the temperature range 250-350°C, 
but the 


possibility that precipitation is not completed until 


the etching behaviour is consistent with 
much higher temperatures are reached, when recovery 
of the ferrite itself is near completion. It is suggested 
that the underlying cause of these effects is the strong 
interaction between carbon atoms and lattice defects 
in body-centred iron. 

Diffraction studies have led to the view that, in a 
sufficiently deformed medium-carbon martensite, the 
first discrete precipitate to be formed is cementite, 
and not the e-carbide. Possibly analogous suppression 


of early decomposition products in favour of more 


stable precipitates has been observed in cold-worked 


copper-base”) and aluminium-base"®:!” age-harden- 


ing alloys. However, in these alloys the out- 
standing effect of plastic deformation is to speed 
up the rate of change towards the most stable precipi- 
tate. In this respect the behaviour of steel is notably 
different. This distinction may stem from the differing 
effects of plastic deformation (in particular the effects 
of an increased concentration of lattice vacancies™®) 
on the diffusion rates of substitutional and interstitial 
solutes. 

Plastic deformation may also influence the rates of 
nucleation of precipitating phases because the surface 
and strain energies of the nuclei are altered in distorted 
regions of the parent lattice. Hardy and Heal” have 


suggested that cold work may, in this way, favour the 


| 
| 


WILSON: CARBIDE 


, C steel, quenched, tempered at 

at 170°C for 2 hours. Unshadowed replicas 

nucleation of a more stable phase at the expense of 
earlier (more coherent) precipitates. Such an explana- 
to for the 


steel However, if the 


is evidently insufficient account 
of 


solute atoms interact strongly with dislocations, other 


tion 
behaviour cold-worked 
effects of increased dislocation density may become 
important. 

Precipitation of the e-carbide from undeformed 
martensite is accompanied by the formation of a low- 
carbon martensite having a saturation limit of about 
0:25°, earbon with to the carbide." In 


deformed martensite the binding of carbon atoms in 


respect 


new dislocations is expected to reduce the activity of 
is held the 


matrix and less is available for precipitation. A 


the interstitial carbon. so that more in 
description of this situation in terms of competition 
for the solute, between dislocations and nuclei of the 
the fact that the 
the 


the 


precipitate, is complicated by 
preferred sites for nucleation are commonly on 
dislocations themselves. However, separation of 
new phase is subject to surface energy restrictions and 
only a part of the dislocations will be directly affected 
by precipitation. 

Thomas and Leak” have pointed out that, if a 
dislocation is able to absorb a number of solute atoms 
on each atom plane, a spectrum of interaction energies 
will be involved. Only for sites near the core of a 
dislocation, where interaction is at a maximum, will 
the the 


greater than in iron carbide. Thus, in the presence of 


energy binding carbon in dislocation be 


a carbide precipitate, the size of a stable atmosphere 


(i.e. the number of carbon atoms per atom plane) is 


PRECIPITATION 


af 


2 hours, indented, 


formed region, (b) def 
limited and depends on the energy binding the carbon 
in the precipitate. However, the distribution of th 
total pal 
ticles of precipitate depends on dislocation density 


carbon content between dislocations und 


If a sufficient number of dislocations could be put 
cold-working, the 


hye 


into untempered martensite by 
ot 


In this event the tempering behaviour of 


srowth e-carbide nuclei would no longe 


possible 
should in 


medium-carbon martensite 


that 


cold-worked 
of an undeformed martensite 


co) 


some ways resemble 


carbon ison. 


containing less than 0-25 


present results with the observations of Lement 


tempering a 0-15°, C iron-carbon alloy sugge 


such an analogy exists in both the hardness behaviout 


visible precipitati 


ind the temperature at which 


It would be } Old 


cementite first develops 


tion to conclude that 


precipitation from martensite are sufficient 


by this simple picture, but the vie 


interactions play a leading role 


results obtained with tempered m 


The ideas just discussed lead to the predicti 


I 


if martensite is first tempered to precipit 


e-carbide and then deformed, during 
ageing carbon will be absorbed by 
and the precipitate will tend to 
graphic evidence of such a change has beet 
a 0-74% C 


precipitation of the e-carbide 


complet 
und 


on continued ageing 


steel which was tempered t 
then deformed 
Howeve1 


finally aged at 130°C 


carbide solution did not progress very far beyond the 


stage represented in Fig. 9. Thus, in a medium-carbon 


Th. 
{a 
300°C for and ver 
ests that 
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steel in which the precipitation of the e-carbide has 
been completed before cold-working, moderate defor- 
mation develops a dislocation density sufficient to hold 
only a part of the total carbon content in the matrix. 
Under these conditions we may expect that cementite 
will start to precipitate at the dislocations when they 
have collected a sufficient concentration of carbon. 
Fine precipitates of cementite, possibly formed in this 
steel. tempered 


140°C 


way, were identified in the 0-74°, C 
to the first stage. deformed, and then aged at 
for 3 weeks. 

A quenched steel initially tempered to give fine 
particles of cementite in ferrite also develops *light- 
etching” effects in deformed regions when it is aged 
at an elevated temperature. This may be evidence 
that cementite, like the e-carbide, can dissolve to an 
appreciable extent to supply carbon for the new 
dislocations. 

Two factors may combine to make the total amount 
of carbon which can be absorbed by the deformed 
ferrite appreciably less in the presence of cementite 
than it is with the e-carbide. The dislocation density 
developed by moderate deformation is probably less, 
because cementite precipitation is on a coarser scale; 
also, when dislocations take up carbon at the expense 
of a precipitate, we may expect the limiting atmos- 
phere density to be less in the presence of the more 
stable precipitate. The etching effects obtained with 
cementite-ferrite microstructures are certainly much 
fainter than those shown by more lightly tempered 
conditions, but they are readily seen using a low- 
power light microscope. However, the changes which 
have been recognized using the electron microscope 
are small and do not establish that there is a decrease 
in the total amount of carbide present in the deformed 
regions. 

The relatively deep etching used in preparation for 
leads to an 


When 


the etching period is properly chosen, the surface 


examination at low magnifications 


iccumulation of carbide debris at the surface. 


larkening due to this is sensitive to quite small 
lifferences in carbide concentration, particularly when 


the particles are small. Thus, in specimens initially 
tempered at temperatures above about 300°C, the 
hing effects seen at low magnifications could indi- 


‘ate the solution of a very small proportion of the 
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carbide or, conceivably, merely a change in size 
However, the results of earlier magnetic 


) 


distribution. 


experiments") are consistent with the occurrence of 


some carbide solution. 

The possible magnitude of the cementite solution 
effect is of particular interest in relation to the long- 
term strain-ageing behaviour of tempered and slowly 
cooled steels. The initial rate of strain-ageing depends 
on the coneentrations of carbon and nitrogen in solid 
solution, but if conditions allow carbide solution to 
take a significant part in the later stages of ageing, the 
rate will then become dependent on the constitution 


and particle size of the carbide. 
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THE ELECTRICAL AND THERMAL CONDUCTIVITIES OF SOME BRASSES 
AT LOW TEMPERATURES* 


W. R. G. KEMP,jt P. G. KLEMENS,}; R. J. TAINSH, AND G. K. WHITI 


The electrical and thermal conductivities of a numbet 
over a wide range of temperatures, and the lattic 
Below about 10°K the lattice conductivity is limited 
trons and by dislocations, while point imperfections ar 
conductivity at all temperatures is markedly increased b 
about the concentration of dislocations and point imperfec 
physical state of the alloys. 


LES CONDUCTIVITES ELECTRIQUE ET THERMIQUE DE 
AUX BASSES TEMPERATURES 

Les conductivités électrique et thermique d’un certain nombre 
jusqu’a 30°, de zinc, ont été mesurées pour un grand nombre de températures et 
composante cristalline de la conductivité thermique Sous 10°K environ, la conductiv 
limitée par la diffusion des phonons, les électrons de conduction et les dislocations, tandis que 
fections ponctuelles n acquiéerent une importance qu aux temperatures plus élevées 
températures, la conductivité du réseau est considérablement accrue aprés recuit. Les 
des conclusions au sujet de la concentration des dislocations et des imperfections pon 


avec la composition et l’état physique des alliages. 


DIE ELEKTRISCHE UND THERMISCHE LEITFAHIGKEIT VON MESSING 
VERSCHIEDENER ZUSAMMENSETZUNG BEI TIEFEN TEMPERATUREN 
An einer Anzahl von Kupfer-Zink-Legierungen bis zu 30%, Zn wurden die elektrische und die the 

mische Leitfahigkeit in einem weiten Temperaturbereich gemessen. Daraus wurd ie Gitter-Kor 
ponente der thermischen Leitfahigkeit abgeleitet Unterhalb von etwa 10°K wird die Gitterleit 
fahigkeit durch die Streuung der Phononen an den Leitfahigkeitselektronen und den Versetzungen 
begrenzt, wahrend die punktférmigen Fehlstellen erst bei hGheren Temperaturen von Bedeutung sind 
Durch Anlassen wird die Gitterleitfahigkeit bei allen Temperaturen merklich erhdht Es wird versucl 
aus den Ergebnissen einige Folgerungen iiber die Versetzungsdichte und die Konzentration der punkt 
formigen Fehler in Abhangigkeit von der Zusammensetzung und dem phvs 


Legierungen Zu ziehen. 


INTRODUCTION work is part of an an log 
In the study of the conduction properties of metals and its alloys. Thus th 
it is important to know the magnitude of the lattice ductivities of a num 
component of the thermal conductivity, as this vields x-phase have been mea 
information about the interaction between electrons eonductivitv has 
and phonons, as well as about lattice imperfections L,2 range 2?-90°K 
It is usually not possible to measure the lattice thre From the ten 


mal conductivity of pure metals, since the electronic thermal resistivity 


component is very much larger, but in the case of ibout the 


alloys the electronic component is reduced, and the Some 
two components of thermal conductivity may then be he 
comparable. information 

A systematic study of the alloy series Ag—Pd and removed by annealing 
Ag—Cd had previously been undertaken, and con ductivity is verv sensit 
clusions were drawn about the lattice thermal con specimen 
ductivity of silver by interpolation.“:” The present It is possible, in princi 


the electronic band structure 


* Received September 3, 1956. the variation with electron concentration 
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¢ Division of Physics, C.S.1.R.0., Sydney; now at the conduction electrons. Unfortunately. it is not possible 
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thermal resistivity due to scattering 


to distinguish between scattering b 
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electrons and by dislocations, so that the measure- 
ments yield an upper limit only for the scattering by 
conduction electrons. This limit is consistent with the 
results of White and Woods‘) on a dilute alloy of iron 
in copper. However, it is not certain whether the 
observed variation of the lattice resistance with zine 
content is an intrinsic property, or whether it merely 
reflects a variation of a high dislocation density with 


alloy composition on incomplete annealing. 


SPECIMENS 
The specimens were rods, about 8 cm long and 


Messrs. 


Their composition (in 


0.5cem in diameter, prepared by Johnson, 
Matthey Ltd. 


centage weight) and physical state are shown in Table 


and Co. per- 
1. The strained specimens were measured as supplied 


by the makers (‘as drawn”). Annealing was carried 
out in an atmosphere of pure helium at temperatures 
of 500°C for 4 


examination revealed some apparent inhomogeneities 


hours. Subsequent metallographic 


in the composition of specimens 2S and 5S. The grain 


sizes ranged from 10-2 to 10-* em. 


The specimens were mounted in a cryostat des- 


cribed elsewhere.'® zinc-cadmium eutectic solder 


being used to avoid superconductive effects. As 


previously,’ the thermal conductivity was measured 


from 2 to 90°K by means of differential gas thermo- 
meters, while the electrical resistivity was measured 
by means of a galvanometer amplifier. Both methods 
are potentiometric, and the temperature and potential 
differences were measured between the same points of 
this 


factor for the two measurements were no more than 


the specimen. In way differences in the form 


TABLE 1. The specimens 


Designation Zine content (by weight) Physical state 


strained 
annealed 
strained 
annealed 
annealed 
annealed 
strained 
annealed 


possible differences in the effective points of attach- 
ment of the wire which serves as both a thermal and 


electrical potential connector. 


RESULTS 
The thermal conductivities of the specimens are 
The 


thermal conductivity is reduced with increasing zinc 


shown in Fig. 1 as functions of temperature. 
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W 


watt-cm-! deg-! 


Temperature 


Fic. 1. The overall thermal conductivity of the 
various specimens as a function of temperature. 


content, and is less in the strained state than in the 
annealed state. 

The electrical resistivity increases with increasing 
zine content, is higher in the strained state than in the 
annealed state, and increases with temperature. At 
lowest temperatures it tends to a constant value py 


which is shown in Table 2, 


together with the ideal 
resistivities at 90 and 273°K. 


TABLE 2. Electrical resistivity 


Poo Po 


Specimen D 
Po 10-* ohm cm 


0.42. 


20 
30S 
30 

Copper 


LATTICE THERMAL CONDUCTIVITY 
The thermal conductivity is composed of an elec- 
tronic and a lattice component 
K K, ‘ (1) 
and the electronic component is given by 


= W=(W,+ W,) (2) 


where W, is the residual thermal resistivity (due to 
scattering of electrons by static imperfections) and W, 
the ideal thermal resistivity (due to electron-phonon 
interactions). 

The electrical resistivity is likewise composed of a 


residual and an ideal resistivity 
P = Po + Pi (3) 
The residual thermal and electrical resistivity are 
related by 
= po/L (4) 
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| 
2S 
= H+ ++ 
| 
O 25 50 72 100 125 
2S 0.3. 1.8, 
2 0.38 0.3, 1.8, 
5S 1.2, 0.35 1.8, 
1.1, 0.3, 1.8, 
1.8, 0.56 1.7. 
2.9. 0.8, 2.36 
4.3, 0.6, 2.6, 
3.6, 0.6, 2.6, 
2S 1.63 
2 1.63%, 
5S 5.37% 
10 9 98, 
308 31.87° 
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watt cm-'deg-2 


emperature 
a 


against 7 for the various 


marked on the 7’ () aXxIs 


Fic. 2a and 2b. Plot of «/T 
specimens, with the values of L/ p, 
and lines of best fit drawn. 


where 7’ is the absolute temperature and L a constant, 
the Lorenz (L 2.45 
deg~*). Thus W, o 7}, and at lowest temperatures 
r. 


To deduce x, from the measured values of «, p must 


number watt-ohm- 


be measured on the same specimen, and W, obtained 
from pp», the limiting value of p. If W, is also known, 
kK, can be calculated from (2). It is, however, not 
possible to deduce W, from measurements on the same 
specimen; it is necessary to deduce W, from thermal 
conductivity measurements on a specimen of low 
residual resistance, so that «, can be neglected, and 
assume that this value of W, also applied to the speci- 
When high values of 


this procedure can be 


men of high residual resistance. 
W, are attained by alloying, 
questioned, for alloying changes the electronic band 
structure, and thus presumably also W,. A change of 
p; with composition has indeed been observed (see 
Table 2). Nevertheless, values of W 


copper have been assumed. 


as observed for 


Below about 30°K. W 


can be neglected in (2), but at higher temperatures, 
particularly for the specimens 2 and 2S, the values of 
x, and «, thus derived must be accepted with reserve 


If scattering of phonons by boundaries is neglected, 


x, & T* at lowest temperatures, the resistive processes 


being scattering by conduction electrons ard by 


dislocations. The total thermal conductivity is then 


of the form 
(5) 
the 


second 


method of 


the 
the 


term being the electronic, 


AS a 


the first 


lattice component. check on 


ONDU¢ 


TIVITY AT LOW TEMPERATI 


was plotted 7 


analysis 


limit ot + T should then be y. 


values of L/p, are marked on the ordinate 


‘ase a straight line was fitted to the various val 


ordinate, and the parameters a and 6 were obtained in 


1es of 


O1VING weight to the position ol the point Ol the 


this way n the case of specimens 2, 5, 5S, 30, and 


30S, this straight line did indeed intersect the ordinate 


quite close to L Po In the case of specime! 20 it had 
not been possible to derive a reliable estimate 

in the case of specimens 2S and 10 there is a st 
discrepancy (4°, and 3° between the ext 
a and L Po 


Thus for purposes of substituting into (2 


value ot 


obtained not from p,, but from the extrapola 


of a weight was given, however, to th 


values of p, to determine the lin 


) 
0 


DISCUSSION 


increase of the 


The 


content is slowel than line and 


increase ot re sistivitv on pi istic deform 


rapidly with increasing zinc content 


surements 


agreement with previous mei 


those of Crampton, Burghoff. and Stace 


°K 
In Fig. 2 th 
a) Hlectrice esistivily 
However, since ,; p, a 
determination ot l tt 
ind Ogilvi have found s 
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Matthiessen’s rule is not obeyed for changes in alloy 
composition—see Table 2, but p; increases with zinc 
content above 5°, at 90°K and above 10°, at 273 K. 
There is also a marked increase in p,; from copper to 
the 2°, alloy. On 


significant 


the other hand, there are no 


changes in p,; on plastic deformation. 
The change in p, between copper and the 2°, zine 
that 


copper are very sensitive to small changes in the Fermi 


alloy indicates 


surface. This is in accord with the suggestion that in 
the case of copper the Fermi surface touches the zone 
boundary,“) but is in contrast with results for p, 
on Ag—Cd 4) the 


Matthiessen’s rule for small increases in Cd content is 


alloys, ' where departure from 


much less. 
b) The rv al conductivity 


Fig. 2. 


results are consistent with 


As seen from the thermal conductivity 


5), except possibly in the 


case of 2S. Thus between 2 and 10°K «x, o T?, being 


limited by the scattering of phonons by conduction 


electrons and dislocations. At lower temperatures, 


boundary scattering must be important; — this 
mechanism provides an upper bound of the lattice 


conductivity? 


K 4.6LT° 


(6) 


where L is the phonon mean free path, of the order of 
the the 


It is easily seen that the grain- 


orain-size or of average distance between 
internal boundaries. 
size cannot influence the thermal conductivity at 
temperatures above, say, O.4°K. 

Departures from linearity in the «/7 against T 
curves occur above 10 to 15°K, due to scattering of 
phonons by other imperfections, probably of smaller 
linear dimensions.* 

The 
specimens 


LO-K 


conductivities of the various 
Fig. 3. 


in virtue of the linearity of the cor- 


lattice thermal 


ire shown in In general. x 


low 


responding region in Fig. 2), increases less rapidly at 


higher temperatures, passes through a maximum at 


vbout 30 to 40°K. and then decreases. In general. the 


lattice conductivity decreases with increasing zine 


content, and is substantially less in the cold-worked 


stat 


e. 
To a sufficient degree of approximation the lattice 


thermal resistivity is additively composed of the 


resistivities due to various scattering processes'?? 


W Ws, W, > W, 


E 


where W,, is the resistance due to scattering 


* The 


discussed elsewhx 


scattering of phonons by static imperfections is 
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the conduction properties of 


VOL. 


watt —cm-'deg-! 


10 
Temperature °K 


The lattice component of the thermal conductivity of 
the various specimens as a function of temperature. 


phonons by conduction electrons, W,, due to dis- 
locations, W,, due to the mutual scattering of phonons, 
and W, are the resistances due to other imperfections; 
also W, and W, «x so that 
cesses become less important at higher temperatures; 


W,, is 


these pro- 


very small at low temperatures, increases 


rapidly between 20 and 60°K, and then increases as 7’. 


Of the other imperfection resistances, scattering by 
point imperfections will be most important at higher 
temperatures, for it should vary at T at low tem- 


peratures, continue to increase more slowly at 


intermediate temperatures, and reach a_ constant 
value at about room temperatures. 

It is easily seen from the calculations of Leibfried 
and Schloemann that W,, is negligible compared with 
the observed values of W,, except possibly in the case 
of the specimens 2 and 2S; thus below the maximum, 
x, is mainly limited by the conduction electrons and 
the 


dislocations, above 


fections. It 


maximum by point imper- 


can also be seen from Fig. 3 that cold 


work introduces both dislocations and point im- 


pertect ions. 


(c) Resistance due to dislocations 

Since W, and W, have the same temperature- 
dependence, it is not possible to deduce their relative 
contribution to W,. If it is assumed that Wp, is 
negligible in the annealed specimens, one obtains the 


variation of Wy with electron concentration; clearly 
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TABLE 3. 


Specimen: 


W p)T? 
in 


-cm-deg* 


(We 


watt! 


The 


W ,)T? of the various specimens are 


however, these are only upper limits for W, 


values of (W,, 

given in Table 3, together with the value for a dilute 
solution of iron in copper obtained by White and 
Woods,"®) and a theoretical value for copper derived”) 


from the observed value of the ideal electronic 
resistance W.. 
» 


There is an increase of (W, W ,,) by a factor of 3 


from copper to the 10% alloy in the annealed speci- 
beyond that point the lattice resistance stays 
One attribute this 


change in the electronic band structure. Alternatively, 


mens; 


constant. may variation to a 


this increase may be due to an increase in W): it is 


possible that dislocations become less mobile as the 


solute concentration is increased, and that annealing at 


500°C is not sufficient to remove them, so that an 


increasing number of dislocations remain afte 


annealing. However, the concentration of dislocations 
required to explain this variation in W,7™ is of the 
order of 2-3 10’? per cm*, which seems excessive 
There is little doubt that the increase in W, due to 
cold work is due to the additional dislocations intro- 
duced. The scattering of phonons by dislocations has 
been calculated,“ and the thermal resistivity is given 
by 
W ~ —— Nb? 

10K? 
where 5 is the magnitude of the Burgers vector, V is 
the number of dislocation lines crossing unit area, 7 
the phonon velocity, and h and K the Planck and 
Boltzmann constants. From the observed additional 
resistances (Table 4, col. 3), the densities of additional 
dislocations were obtained (col. 4). 

The electrical resistance due to dislocations has been 
Hunter Nabarro™?) see also 


calculated by and 


(15) 


Broom as 


Ap 


9) 


and estimates of the dislocation density from the 


increase in the electrical resistivity were obtained 
(Table 4, col. 2). 

The dislocation density of severely cold-worked 30°, 
16 


brass was estimated by Williamson and Smallman 


from an examination of X-ray diffraction data as 


CONDUCTIVITY AT 


LOW TEMPER 


Low-temperature values of VV 


concluded that the 


They 


dislocations were arranged at random 


about 3 


The estimates of dislocation densities from electrical 


than those from ittice 
facto! ot 
vhat high \ clu 


of dislocations would lead to an 


resistance data are higher 


thermal resistance data by nearly LO: the 


latter estimates are also some\ tering 


Overestil 


location densities. since the scattering 


vary as the square of the Burgers vector 


mucn largel 


dominant phonon wavelengths are 


those of the electrons, this effect would tens 


estimated 
The 


thus 


+ 


increase the apparent dislocation densities 
from AW 


present discre pancy Is 1n the opposite sense It is 


relative to those estimated from Ap 


probable that the electrical resistance increases ar 


not due to dislocations, but other imperfections 


Section (d) the possibility » examined th 


i\dditional electrical resistance is due to 


The estimates of dislocation densities fron 


are unusually hig irticularly for 


Similar high densi obtained 


wert 


silver-cadmium ; ys nd they w 


terms ol possible tendency lisloc: 


same sense to cluster in a region compara! 


average phonon wavelength (of the order of 100 
spacings) This seems rule 
Williamson 


ure randomly 


the X-rays is of 


ind Smallm 


arranged 


Zn 0.04 
Zn 0.09 


2S 5S 5 10 20 30S 30 Fe We 
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SSS 
\ / 
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and considerably smaller than the phonon wave- 
length. It is thus possible that there is some clustering, 
but that the distance between dislocations in a cluster 
is sufficiently large that appreciable reinforcement 
occurs for long waves (phonons) but not for short 


waves (X-rays). 


d) Resistance due to point imperfections 

The lattice thermal resistance due to point imper- 
increases with temperature, and well 
Thus the 


above about 


fections. W 
below the Debye temperature W, o 7. 
observed temperature variation of W 
30°K indicates the presence of such point imper- 
concentration can be estimated as 


fections, whose 


follows. The theory of the scattering of phonons by 


point imperfections”* yields the following relation: 


(10) 
0.90 hv* 


where »,, is the concentration (per atom) of imper- 
fections, 1/a® is the number of atoms per unit volume, 
and S* is a parameter describing the scattering cross- 


section An approximate treatment j ields 


(11) 


where 


2 AR 


V3 R 


(12) 


and where A.W is the mass change associated with an 
the the 
the elastic the 
AR is 


positive if outward) of the nearest neighbors, nor- 


imperfection, V7 is atomic mass, 20v/v is 
constants of 


the 


fractional change of 


nearest linkages, and displacement 
mally distant R from the site of the imperfection. 
From the observed values of W/T7' it is possible to 


deduce values of S27... as has been done in Table 5. 
To deduce the concentration of imperfections it is 
necessary to know sufficient about their properties to 
estimate 

and 


AM/M 


2: if there is no deformation of the lattice 


In the case of vacancies 
] 
If it is assumed that the 


and that 


about the vacancy, S? 1/4. 
nerease in W,, is indeed due to vacancies, 
S* 1/4, the number of vacancies produced by cold 
work can be calculated see Table D 

Another the vacancies 


estimate of number of 


produced by cold work can be made from the increase 
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TABLE 5. Concentration of point imperfections 


W p/T 
n 

Alloy watt! 2 Po 
t)) wQ-em (from Ap) 


cm 


2% ann. 
20 


differ 


ence 


str. 


5° ann. 
5% str. 


differ- 


ence 


30°, ann. 

30% str. 

differ- 
ence 


in electrical resistivity. The electrical resistivity due 
to vacancies has been calculated by Jongenburger®” 
and Blatt.4®) who obtained 

Ap L.3 (13) 


where 7, is the number of vacancies per atom. If it is 
assumed that the increase of electrical resistance on 
cold work is due to vacancies, n, can be calculated 
see Table 5. 

There is a discrepancy between the vacancy con- 
centrations calculated from Ap and from AW); in 
order to bring the estimates into agreement one would 
require S? to be ~1.4 for vacancies in the 5° alloy and 
~).7 in the 30°, alloy. Since the deformation of the 
lattice has been disregarded in the estimate of S?, it is 
possible to ascribe the discrepancy to that cause. On 
physical grounds one would expect the nearest 
neighbors of a vacancy to move inward, rather than 
outward, making AR negative and S, of the opposite 
sign to S,. Thus small deformations would reduce S?, 
and in order for S? to take the required value, AR/R 
would have to be of the order of —0.3 for the 5° 


alloy, and about 20°, less for the 30°, alloy. It is not 


impossible that the zinc concentration should affect 
the amount of inward deformation, since it affects the 
elastic properties of the alloy, but whether the inward 
the neighbours should be 


deformation of nearest 


quite as large is an open question. In any case these 
figures can give us at the best a qualitative trend only, 
since this lattice deformation was disregarded in the 
the electrical the 


calculation of resistivity of 


vacancies. 


Another Way to explain the relat ively large values of 


W,, is to assume that the vacancies are grouped. 


i 


leading to reinforcement of the phonon scattering to a 


greater degree than any reinforcement of electron 


scattering, due to the difference in the wavelengths 


0.04 10-3 0.38 
20 0.08 LO 0.42. 
0.04. 3.5 10-4 
0.07 LO 1.13 
2s x10 
0.04 | 4 10-3 0.09 7 10-4 
0.20 D LO 3.60 
0.35 9 4.31 
AM 
2V3 
\ 2? ov 
So 
= 


KEMP, KLEMENS, TAINSH, 


AND 


involved. Since single vacancies are not stable at 


room temperatures in pure copper—see, for example, 
Broom; this may be a more reasonable model than 
the one above. There are too many uncertainties to 
investigate the model quantitatively, but it seems that 
a clustering of vacancies into groups of two and three, 
with an average number between these two figures, 
would not be with the data. Since the 
ratio AW,,/Ap is less for the 30°, 


5°, alloy, it would appear that the average size of the 


inconsistent 
alloy than for the 


cluster is smaller in the former case, perhaps because a 
vacancy at room temperature is less mobile the higher 


the impurity concentration. 


Finally, one must account for the values of W, of 


the annealed specimens. Here the dominant imper- 


) 


fections are most probably the zine atoms. For the 5°, 


alloy one would require S? ~ 3 10-*, for the 30°, 


alloy S? ~~ 1.5 10-2. The mass differences between 
copper and zinc are by far too small to account for such 
a value of S?, but a lattice distortion which displaces 
the nearest neighbors by a distance of the order of 5°, 
of the interatomic distance would yield the required 
magnitude of S?. Such a lattice deformation would be 
in accordance with the observed changes of lattice 
parameters with zinc content in «-brass. Again one 
would have to assume that the deformation is less in 


the alloys of high-zine content. 


CONCLUSIONS 
The lattice thermal conductivities of these copper- 
reasonable 


obtained with 


90°K. At low 


zine alloys have been 


certainty below about temperatures 


these conductivities are smaller than was expected for 
1) 


copper from theory”? and previous experiments"? and 
the 


concentration. 


conductivity decreases with increasing zinc 
Whether this is an intrinsic effect o1 
whether it is due to the presence of dislocations cannot 
be decided at present; it would be necessary to study 
the effect of annealing at much higher temperatures 
and the thermoelectric power™ at low temperatures 
con- 


to answer this question. The magnitude of x 


WHITE CONDUCTIVITY AT 


LOW 

firms the previous conclusion that the conduction 
electrons interact with transverse lattice waves 
The lattice thermal conductivity is very sen 


cold 


dislocations and vacancies ar 


the extra resistivity indicates that 
Estimates 


work 
introduced 


of the dislocation density from the lattice thermal 


resistance vield values which seem somewhat high, and 


it seems that there is some degree of ciustering of 


dislocations of like sign The lattice resistance due to 


point Imperfections introduced ole work 18 


consistent with the increase in electrical resistivity on 
the assumption that thes imperfections are vacancies 
there are some indications of a tendency of the 
vacancies to form small clusters 

In general, the behavior of the Cu—Zn alk 


series Ag—Cd 


similar to the analogous 
expected 
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PRECIPITATION IN GOLD-PLATINUM ALLOYS* 


J. TIEDEMA,| J. BOUMAN,? and W. G. BURGERS§ 


The precipitation process in gold-platinum alloys has been studied by means of X-rays. In the early 
stages of the process the normal reflections are accompanied by “‘side-bands”” showing an asymmetrical 
distribution of intensity. A modification of the model of lattice modulations as proposed by Hargreaves 
accounts for all observed features. Part 2 of the paper gives the experimental evidence. In Part 3 
a description is given of a general theory of side-bands, due to periodic distortions, with special regard to 
asymmetric distributions of intensity at both sides of a Debye-Scherrer line. The model chosen for this 
case has some undefined parameters, and it will be shown how these parameters can be adjusted in 
order to explain the features of the photographs. Finally, in the last part other models will be compared 
to the chosen one. 


PRECIPITATION DANS LES ALLIAGES OR-PLATINE 


Les auteurs étudient le processus de précipitation dans les alliages or-platine au moyen des rayons X. 
\u premier stade du processus, les réflexions normales sont accompagnées de “‘side bands’ présentant 
une distribution asymétrique de l’intensité. Une modification du modéle des modulations du réseau 
proposée par Hargreaves rend compte de tous les caractéres observés. La seconde partie de l’article en 
donne la démonstration expérimentale. La troisieéme partie donne une description d’une théorie générale 
des “‘side bands” dues a des distorsions périodiques, avec une référence spéciale aux distributions 
asymetriques d’intensité aux deux cotes d’une raie de Debye-Scherrer. Le modeéle choisi dans ce cas 
comporte quelques paramétres indéfinis, et on montre comment ces paramétres peuvent étre ajustés 
de maniére a expliquer les caractéristiques des clichés. Finalement, dans la derniére partie, d’autres 


modéles sont comparés a celui choisi. 


AUSSCHEIDUNG IN GOLD-PLATIN-LEGIERUNGEN 


Der Ausscheidungsvorgang in Gold-Platin-Legierungen wurde mit R6éntgenstrahlen untersucht. 
Im Anfangsstadium des Vorgangs sind die normalen Reflexe von Seitenbandern beglietet, die eine 
asymmetrische Intensitatsverteilung zeigen. Eine Abanderung des Modells der Gittermodulationen, 
wie es von Hargreaves vorgeschlagen wurde, tragt allen Beobachtungen Rechnung. Der zweite Teil 
die ser Arbeit beschreibt die experimentellen Ergebnisse. Im dritten Teil wird eine allgemeine Theorie 
der Seitenbander infolge periodischer Stérungen gegeben, die insbesondere die asymmetrische Intensitats 
verteilung beiderseits der Debye-Scherrer-Linie beriicksichtigt. Das fiir diesen Fall gewahlte Modell 
besitzt einige freie Parameter. Es wird gezeigt, wie diese so bestimmt werden kénnen, dass die wesent 
lichen Ziige der Aufnahmen erklart werden. Schliesslich wird im letzten Teil das gewahlte Modell mit 


anderen verglichen. 


1. INTRODUCTION concluded from the investigations of Darling, Mintern, 
The mechanism of precipitation from alloys being and Chaston"™) that the first conception is right. 
still very obscure, it has been our aim to investigate From their work, the equilibrium diagram as given in 


whether the study of gold-platinum alloys may throw — Fig. | results. It shows that gold and platinum form 


some light on this question. The gold-platinum homogeneous mixed crystals at temperatures just 


system has been investigated already by a number of below the solidus, whereas at lower temperatures 


R) 


workers.“ Although there has been a difference of precipitation can occur in the range from 20 to 
opinion for quite a long time about the question 97 wt.% platinum. 

whether gold and platinum form a_ continuous According to a theory of Borelius,‘*-!*) Wictorin™ 
series of solid solutions or a peritectic, it can be has studied the kinetics of this phenomenon, but, 


as far as we know, an X-ray investigation of the 


® Received August 9, 1956. process, undertaken with the intention to determine 

+ Associate worker of the Dutch Foundation for 
Fundamental Research. ; 

* The Laboratory for Technical Physics, Technical Univer- Now, it is well-known that the precipitation often is 
sity, Delft 

§ The Laboratory for Physical Chemistry, Technical Uni faa 
aceite: ali phase the original coherently scattering blocks of the 


the mechanism of precipitation, was still lacking. 
preceded by the so-called preprecipitation. In this 
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solid solution still exist, but they are subject to lattice 


distortions. These lattice distortions show a great 
diversity, to be detected by X-ray photographs. 
The stage of preprecipitation was characterized in our 
case 


by side-bands to the Debye-Scherrer lines. 


These side-bands were observed also by Daniel and 
Lipson”) and Hargreaves" on an alloy of copper- 
nickel-iron. Two different theories have been proposed 
in order to explain these side-bands. Hargreaves?) 
proposes a periodically varying distortion, due to 
shrinking and expansion of the lattice parameters. 
Guinier"*) considers distortions, consisting only 
of one period, these zones are distributed statistically 
Both theories failed, 


however, to explain the fact that the satellites to the 


through the coherent blocks. 


left and the right of a Debye-Scherrer line do not 
show the same intensity. Now, this is a very marked 
We have been able to 
This will be 


Hargrea ves, 


feature of our photographs. 
explain this feature for both theories. 
specially elucidated for the model of 
which we have chosen as a working hypothesis. It 
appears that the theory of Guinier will not be able to 
explain our photographs. 
2. EXPERIMENTAL PART 
(a) Materials used 
Three fine-grained alloys, prepared by Firma 
Drijfhout, Amsterdam, in the shape of wires with a 
diameter of 0.5mm and with 10, 40, and 80 wt. °% 
platinum respectively (called further on alloys 90/10, 
60/40, and 20/80) were used for our experiments 
The alloy 90/10 was homogeneous as received, but the 
alloys 60/40 and 20/80 consisted of two phases 
They were made homogeneous by heating for 1} hours 
at a temperature of 1210°C followed by quenching in a 
mixture of ice and water. Debye-Scherrer photographs 
showed that the alloys were actually homogeneous 
after this 
however, that the 20/80 alloy was very brittle after 


treatment. It must be kept in mind, 


quenching, so that it seems not unlikely that some 
X-rays 


From the homogeneous wires so obtained 


precipitation—undetectable — by occurred 
already. 
pieces were cut with a length of 2 em which served as 
specimens for the experiments. 

the 


single-crystals of the 20/80 alloy were used. 


In addition to specimens, 


As it was 


polycrystalline 


not possible to prepare such crystals directly from the 
alloy, they were made in the following way: First, a 
polyerystalline platinum-wire was annealed by direct 
electrical heating for a few seconds at a temperature of 
850°C. 
recrystallized by pulling it through a furnace at 1100°C 


Then the wire was stressed 3°, and finally 


with a velocity of 5 em/hr. The so obtained platinum 
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single crystals were coated elec trolyvti ally 


laver of gold thickness about 50 u 


ditfusion at a well-defined temperature 


brought into the sing| stal 


PO/SO composition the te mperature ol diffus 


be 1130°C. In this wavy a single-crystal o 


alloy was obtained, coated with a thin 


gold-rich phase existing at 1130°C. Th 


removed by etching the specimens in ho 


60°C) for a few minutes. It is not to be ¢ 


the composition of the single-crystal 


throughout the whole specimen 


radiation penetrates only for 


10 « into the specimen, this di 
as a surface layer of this thi 


This turned out to be actually 


bh) Eaperime nis with the LO 


In pursuance of the work of Grube 


Esch,‘® who report that alloys witl 


content up to 40 at. °, show 
below 900°C after a preceding deformatio} 


scribe 


gold-rich phase which they 


90/10 alloy was filed and annealed for 8 days 


Then the filings were deformed once again by 


In order to 


if heated at ten 


to orderu 


Ta 


ion ha 


ne 


the 
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them in a mortar and reheated for 25 days at the same 


temperature. Debye-Scherrer photographs, made 
with Ni-filtered copper-radiation, showed no lines of a 
The 
was obtained after a third deformation 
We 
the 
No 


other experiments were performed with this alloy, 


second gold-rich phase after this treatment. 
same result 


and a subsequent anneal of 33 days at 850°C. 


have not succeeded therefore in confirming 


result obtained by Grube, Schneider, and Esch. 


as it remains homogeneous at all temperatures below 
the solidus ct. Fig. be 


(ec) Determination o] the two-phase boundary 
For this purpose a number of specimens of the 60/40 
alloy were heated at certain temperatures for such a 


long time that precipitation was complete. By means 


of Debye-Scherrer photographs, from which the lattice 


constants of the gold- and platinum-rich phases could 
he caleulated, the composition of these phases was 
determined. In this way a number of points of the 
two-phase boundary were determined in the range 


510°C to 


from 1020°C. They are given in Fig. 2, 
together with the data obtained by Darling, Mintern, 
and Chaston.'? As can be derived from this figure, 
their data and ours are in good agreement. 


d) Exp riments with the 60/40 and 20/80 alloys 


In order to get information about the process ot 


precipitation, a number of specimens were annealed for 


Fig. 2. Two-phase boundary of the gold-platinum system. 
@ determined by Darling et al. 
this investigation. 
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Fic. 3a-e. stalline 
sample of the 60/40 alloy annealed at 510°C for, respectively, 
0, 5, 8, 24, and 100 hours. 


Debye Scherret photographs ota polye1 \ 


After this 
treatment a Debye-Scherrer photograph, made with 
Ni-filtered 


specimen. Figs. 3a to 3e show five photographs of the 


different times at a certain temperature. 


copper-radiation, was taken of each 


polycrystalline 60/40 alloy if annealed for respectively 
0, 5, 8, 24, and 100 hours at a temperature of 510°C. 
Fiom these photographs it turns out that, in the early 
diffuse 
(“‘side-bands’’) appear at both sides of the original 
On 


prolonged annealing these side-bands approach the 


stage of precipitation, new, rather lines 


reflections of the homogeneous alloy (Fig. 3b). 
reflections of the homogeneous alloy, which themselves 
still lie at the same 4 as on the photograph of the 
quenched alloy. A second remarkable point is that the 
side-bands differ in intensity, which can be seen most 
clearly for the high-order reflections where the side- 
band to the low §-side is more intense (Fig. 3c). 
Finally, after annealing times of 24 hours and longer, 
the Debye-rings of the gold- and platinum-rich phases 
existing at 510°C appear on the photographs (Figs. 3d 
and 3e). 

The same course was found for the 20/80 alloy. 
In Figs. 4a to 4f, six photographs are given of this 
alloy after annealing at 510°C for respectively 0, 5, 8, 
14, 24, and 240 hours. 
band to the high §-side has the higher intensity. 


This time, however, the side- 
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Fic. ta Debye-Scherret photographs ota poly rystalline 
sample of the 20/80 alloy annealed at 510°C for. resper tivel 
0, 5, 8, 14, 24, and 240 hours. 


about 


With the 


nature of the side-bands, single-crystals of the 20/80 


a view to get more information 


alloy were investigated. Again the specimens were 


experiments was carried out at 600°C. 


annealed at although a second series of 


Figs. 5 and 6 
show a number of rotation photographs taken from two 
different single-crystals. From these photographs it 
can be seen clearly that in the early stage of precipita- 
In the 


visible 


tion side-bands appear (Figs. 5b,¢ and 6b,c). 


next stage nonradial Laue-streaks become 


(Figs. 5d.e and 6d,e). Finally, the gold- and platinum- 
rich phases are visible which both have the same 
orientation as the original homogeneous mixed crystal, 


although, during precipitation, some randomly 


oriented material has been formed too, as can be 


derived from the presence of vague full Debye-rings 
(Fig. 5f). 
In addition to the X-ray work, microphotographs 


were made from a number of specimens. For this 


purpose they were embedded in ureaformaldehyde by 
After 
grinding with different grades of emery-paper, they 


means of a Buehler Specimen Mount-press. 


ITATION IN Au 


d5a-f. Rotation 


alloy anne: 


132, and 276 hours 


were polished with alumina The 


etched 


preparations 


obtained were with aqua regia and 


examined by means of a Leitz Panphot met 


Figs. 7 to 10 show four different stag 


microscope 


precipitation in the polycrystalline 60/40 
annealed at 510°C From these figures it tu 


that most probably precipitation starts 


boundaries But as can be seen fro! 


instance, not all grain-boundaries « 


effect. 


As pre cipitation must be governed b 


and as at such comparative low tempet 


510°C and 600°C grain-boundary diffusion 
the dominant role, this is not 


that the ! ual 


surprising 


known now orientatior 


adjacent grains has a remarkable influen on the 


diffusion takes 


and Okkers« 


velocity with which grain-boundary 


place (see, for instance, Smoluchowski"' 


Tiedema, and Burgers“ Consequently, the rate of 


precipitation will be different too at grain-boundaries 
for which the orientation-relationship between the two 
crystals they separate is different. This point of view 
is also supported by the fact that, most likely due to 


lack of grain- boundaries, precipitation in single-crystals 
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Fic. 6a-f. Rotation photographs of a single-crystal of the 
20/80 alloy annealed at 600°C for respecti ely 0, i, .. 


and 20 hours. 


Fic. 10. 


Fic. 7-10. Microphotographs of polycrystalline samples of 
the 60/40 alloy annealed at 510°C for respectively 0, 2, 24, 
and 100 hours. 485 
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is much slower than in polycrystalline material under 
the same circumstances. Comparison of the annealing 
times necessary to reach a certain stage of precipita- 
tion in polycrystalline material and in a single- 
crystal states this fact unambiguously (ef. Figs. 4 
with Figs. 5). 

The 20/80 alloy showed a 


picture, as can be concluded from Figs. 11 to 15. 


somewhat different 
According to the result reported by Darling, Mintern, 
and Chaston,'” the quenched alloy was very hard and 
brittle and showed intercrystalline cracking, as can be 
derived from Fig. 11, which shows that on etching 
some complete grains are detached from the surface, 
leaving a cavity with well-defined facets. Annealing at 
510°C releases the 
quenching (Figs. 12 to 14). At 
surface of the grains is attacked much easier than is 


gradually strains caused by 


the same time the 


the case for the quenched alloy, whereas, on the 
contrary, etching of the grain-boundaries becomes 
much more difficult. After a prolonged annealing, 
the photographs show again the grain-boundaries 


(Fig. 15). No 


This might be the result of the high platinum content 


precipitation, however, is visible. 
of this alloy, which causes a very difficult etching 
But leaving this as it is, we think it, on the basis of the 
X-ray photographs, most likely that precipitation 
follows thesame course as is the case for the 60/40 alloy. 

A few experiments were performed with the 60/40 
higher namely at 610°C, 


alloy at temperatures, 


705°C, 930°C, and 1020°C. The X-ray photographs of 


the specimens which were annealed at the two lower 
temperatures did not reveal any new particulars, nor 
did the the 


temperatures no side-bands were found on the Debye- 


microphotographs. For two higher 
Scherrer photographs, not even for annealing times as 
short as 1 min, the lines of the gold- and platinum-rich 


The 


which 


phases becoming immediately visible. micro- 


photographs made from specimens were 
annealed for a sufficiently long time at these tempera- 
tures showed a Widmannstiatten structure (Fig. 16) 
the Leitz the 


Vickers microhardness was determined of a number of 


Finally, with aid of a Durimet, 


specimens of the 60/40 alloy if annealed at 510°C and 


20/80 alloy if annealed at 510°C or 610°C. 
this it that the 


rapidly to a maximum in the early stages of precipita- 


of the 


From appears hardness increases 
tion. On prolonged annealing it decreases gradually to 
a value which is practically the same as that found for 
the quenched alloy in the case of the 60/40 samples 
and which is quite a good deal lower in the case of the 
20/80 alloy. The rather high value of the hardness 
found for the quenched 20/80 samples might be an 
that precipitation 


indication on quenching some 
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occurred already. Figs. 17 and 18 show the dependence 
of hardness on annealing time for the 60/40 and the 
20/80 alloy respectively. 
3. DESCRIPTION OF RESULTS 
(a) T he X-ray photographs 
It was shown in the last sect.on that side-bands 
appear on Debye-Scherrer and rotational photographs 
taken from samples in the stage of 


in addition to the 


preprecipitation, 
line corresponding to the Bragg 
reflection These lines have the same position is those 
from the initial stage, the solid solution n later 
rved 


stages two separate Debye-S herrer lines are 


corresponding to the two phases. This is in accordance 


with the photographs Figs. 7-10; on the first two no 
precipitation is visible 

As has 
consider periodical distortions, in 
Daniel 13 


applied this theory to the 


been said in the introduction, we 


accordance with 


and Lipson‘ and Hargreaves,'!4 who 


copper-nickel-iron alloys 
Now, side-bands can be caused either by a periodi 
variation of the lattice parameter in a certain direction 
e.g. the cube direction), or by periodic variations in 


The 


variation of scattering power, however, can be left out 


atomic scattering power, O01 by both togethe1 


of account for the alloys mentioned above. as well as 
for the gold-platinum alloys For gold and p! itinum 
possess practically the same scatte ring powel tO 


Now. the 


have considered very special cases of periodi« 


wavelengths authors mentioned 
Daniel and Lipson considered the 
cosine distortion (Fig. 19a which 
Dehlinger.“®) and Hargre 


crystal in which p layers with one parameter 


SO-¢ 


tions. 
has been trea 
theoretically by ives 


elongated are followed by an equ ul number of 
with this parameter contracted, the other tw 
being the same as in the homogeneous alloy 
distortions alternate with 
Fig. 19b Both 


difference in intensity between 


undisturbed part 


crystal theories fail t 


two bands 
with respect to the origin vl line So we 

the problem of side-bands from a new 
that the 


intend to show problem can 


relatively simple way, and that our solu 

to predict whether the result of distortion 
side-bands of equal or of different intensity 
ervstals 


We consider coherently scattering 


mosaic crystal, measuring 


N, along the b axis. and Ne 


Along the @ axis a periodi 


constituents of a 
along the @ axis, 
C axis 
assumed, while the 


lattice parameter is 


lattice constants remain unchanged. So thi 


a periodical sequence of two kinds of ide: 


A 

rove 
rl 
ea 

\\ 

\ r 

( 

the 
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Fig. 11-15. Microphotographs of polycrystalline samples of 
the 20/80 alloy annealed at 510 C for respectively 
ind 48 hours.  V/ 485 


Fic. 16. Microphotograph of a polycrystalline sample of the 
60/40 alloy annealed at 1000°C for 21 hours. .W/ 485 
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with the lattice constants a,, 6, c, numbering 
N, cells along the axes. and the other 
constants 6, c, numbering q, N,, 
lattices alternate in the crystal block 
initial erystal is cubic ind. a ie Del 
lines are not shifted at this stage. the mean lattic 
be the same as the original « \ find 


/ | 
) ( 


and as the crystal numbers 


n being the number 
Thus the crystal bloek perlodi 
the period being p art 4 other 


Variation of microhardness after ck considered, in which th Istortion 
me of annealing for the 60/40 alloy at ¢ 


oct 


part ol the block The 


will suftice for the mome1 


bh) General theo of side-hand 


We consider at first au 
If the deviations of the atoms 


denoted by uw expre ssed 


b, c, then the amplitud 


crystal consisting of aton 
power Is given by 


( 


where denotes 


dimensions N A ) 


l 2 4 
consider only points of 


h 
50 
Time ‘s e, f and g being whole numb« 


18. Variation of microhardness after Vickers wit reciprocal lattice is subdivided 
of e o alloy | 
time of annealing for the 20/80 ull » It can be shown that the extension 
for t 510°C: @ fort 610 
due to the finite dimensions of tl 
found about each sublattice 
neighboring points 
In the model 
In this 


»-etfected It V1 


In this expression 


tribute to the exp 
u_(h e/N,) is replace 
will be dropped torthwit!] 


Equation (4) may be 
Fic. 19. Deviations of atoms from thei 


ideal sites. way We consider a quan 
a) for the model given by Daniel and Lipson 
b) for the model given by Hargreaves. 
c) for the model used in this paper. We may think of the deplacemen 


for the integers m. ranging fi 
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simple, one-dimensional lattice. X,, may be called a 


function, and in analogy to an ordinary function, 
defined on a certain interval, we can express this 
function into a Fourier series. Let us choose for N, 
an odd number, then we find: 
¢ (X), exp 
N, 
with 
l 
S X,, exp 27 (6) 
N, 
Comparing the equations (4) and (6), it follows that 
the rel-point h e/N, is 


the amplitude at pro- 


portional to the Fourier-component X), of the 
function 
X exp 277 hu, 
The intensity this rel-point is proportional to 
(X) (X).. We are 
points e and — 
the function X, is real. Let us consider first the case 
of small distortions. Then X, 
X | 


The first part will give no contribution to the Fourier- 


interested in the intensities at the 


may be replaced by: 


hu 


component e, the second part vields the product of 7 


and the Fourier-component of a real function. So 
the intensities will be equal at e and at Eg; 
can be written: 


In the general case X ; 

X cos 2zrhu, sin 
If now one of these two parts \ ields no contribution to 
X),, we find anew equal intensities. This will be the 
case when the distoitions are symmetrical with respect 


When we 


periodic al distortions, this condition can be expressed: 


to the midpoint of the lattice. consider 


The period is symmetrical with respect to one of the 
points of the lattice. This is the case with the models 
of Daniel and Lipson, and of Hargreaves, while our 
model has no symmetrical period, and so will give 
different intensities. 

values for p + q lattice 


If now wu, has arbitrary 


point s and if this distribution repeats itself periodically, 


2) is valid, so that N = n(p + q), and consequently 


there are 7 periods in the block. A, is given by: 


exp hu,, 


These intensities will be equal, if 


VOL. 


where: 

exp N,) n( p q) 8) 
l exp 271 (¢ N,)(p q) 
In (8) the numerator is zero, and consequently 7 can 
only have a finite value if the denominator is zero too. 


This will be the case if 


Then « rn and T n. If 


nN,N.CA, where A is 


is a whole number. 

this condition is fulfilled, A, 

given by: 

A(hkl, > exp 271 hu, (9) 

m 0 q 

Let us now interpret the meaning of (4) and (9) in the 

first find 

diffracted intensity around each lattice point h, k, 1, as 

Besides, we find that the 


lines parallel to a* through the reciprocal lattice points 


rel-space. In the case we domains of 


for an undistorted crystal. 


are subdivided into , subpoints h e/N,, each 


1 
with its own domain of intensity. Generally, these 
domains overlap each other, hence these lines are filled 
But 


distortion, (9), as treated here, only the nth point, 


continuously with intensity.* for a periodic 
reckoned from h, will bear intensity, and so on. 
Consequently, only pq points between two rel- 
points will possess domains of intensity, and these are 
separated sharply, as the domains extend only to the 
Even for n = 2 the domains 
meet at the 


nearest sublattice points. 


can be distinguished, as they inter- 


mediary points with odd e. For n 3 or higher, 


these domains will be seen on the Debye-Scherrer 


photographs as side-bands with an_ intensity 


proportional to AA. 


(c) Interpretation of the photographs 


We now return to the gold-platinum system. The 
condition that the mean value of the lattice parameter 
must be a (cf. (1)), can be satisfied by putting: 


qo), a(l po) (10) 


Then from the model, described in Section 3a, we find: 
0 
qo 
mqo 
(p 
pqo 
pqo — po 
pqd — 


* If one wishes to calculate the intensity, the amplitudes, 
belonging to the domains, should be added, not the intensities. 
For the theory of side-bands this theorem is irrelevant. 
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q) 
| exp 27 (p q) exp 
( exp 277i | hu,, ) T'- N,N. (7) 
N, 


TIEDEMA, BOUMAN, 


AND 


With the last The 
situation is schematically drawn in Fig. 19c. As the 


u,, a second period starts. 


entire block is distorted, the choice u, = 0 is arbitrary. 


We might have chosen as well uw = 0 for m = p, then 
the horizontal line would lie at the top of the figure. 
If now the values of w,, are substituted in formula 


(9), we arrive at: 
l 


2 exp 


A(hkl, r) 


| h mqo 


m 


exp hm' po 


(11) 


In the second sum m’ is written instead of m p. 


By summing the two geometrical series we find: 


] exp 
i| hqod 


q)| 
q) 


rp {p 
r (p 


A(hkl, r) 


exp 


exp rp/( p q)| 


exp hpqod rq/(p 


exp —hpo r/(p 


which on simplification becomes: 
A(hkl, r) 


exp hpqod rp|(p + q)}| exp 27 


r 


\pP 


l exp (p q)| 
hpo) 


h po 


exp 


exp 
(lla) 
exp 2771| r/(p + q)| 
Multiplying by its conjugate expression gives in the 
normal way: 

I AA 

q)| sin® Pp 


hpo / 


hpqd rp|(p q)o 


sin® r/(p q)| sin? 


which confirms the fact that no side-bands appear 

this type of deformation for the case that h 0 

We may add that the formula (12) depends only on 

if find Py 
Py layers 4; 

the 


the sequence p layers—q layers. So we 


layers a,, then q layers a,, and then p 
be 


will same 


but if 


and so n periods, the intensity 
Further, we see that J is different for r and —,r, 
we consider g = p, J is symmetrical with respect to 7 
Fig. 19¢ would then show a symmetrical distortion 
distortions were also considered 


Symmetrical by 


Daniel and Lipson“*® and by Hargreaves,“ conse- 
quently they could only find a symmetrical distribution 
of intensity. 

Let us now see whether the values of p, g, and 6 can 
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be adjusted to the photographs. Pp ] 


derived from the distance of the side-bands to 


normal Bragg-reflection with the aid of the formul 


h tan @ 


as given by Daniel and Lipson."% 


Calculations were carried out mainly with the dat 


obtained from the rotation photographs made from the 


single-cry stal annealed at 600°C 
After 


bands were found TO he 


An example 


olven. an annealing time of 15 min. the 


situated as given in Table 


6b). 


also Fig 


6 left 
reflec 


side-band 


From these data the mean va 
21. Now, it 


layers and q layers represent t 


l¢ ot O was t 


be was provisionally assumed that th 


he two 
Consequently Lccordance 


equilibrium in 


phase diagram ef. Fig 2), the proportion o 
If 


p 5 q 16 
12) 


taken to be 5:16. hence 


values are substituted in has 


to obtain ratio | 


both 


orde1 an intensity 


bands at sides of the reflections 200 


which is in fairly good agreement with th 


found by wsurement 


For the 


photometric mei 


$00 and the 


intensity 


$20 bands the inten 


rat 


hecomes about | 6 with the same 


Unfortunately, due to the ra 
present on the rotation 
be impossible to determine this 


1) 


Visual comparison of the ratio 

220 side-bands on the on 

$?() 

that 

Fig 
Let 

We 


the intensities within 


side- bands 
the calculated val 
6b 

turn for the 


us 


mentioned already i 
One 
60/40 illoy inverse 


the 


the 
This is merely consequenc 


the 


Suppositiol 


ratlo q is practically verse 
17 


20/80 alloy 


the 


p 

6 11 one starts from the 

that the 
the 


VIZ 
ot 


phases as derived from the phase diagram 


tion of p to 


the 


propo! 


by ratio quantities of 


side 


These 


| 


be 


the 
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Now, returning to the 20/80 alloy we find that the 
q gradually increases on prolonged anneal- 
40 unit 
ol 
he difference in intensity between a 
too (Fig. 


the 


period p 
toa This value is 


600°C, 


ing value of about cells. 


reached after an anneal about | hour at 


At the 


definite 


Same time t 


pair of side-bands increases Ge). 


This again is in good agreement with results 
predicted by the theory and ean also be calculated 


with the aid of formula (12) 
When the last side-bands have disappeared, streaks 
Fig. 6d One should be 


explain this feature by assuming only one period in the 


tempted to 


re observed 
crystal. For from the end of Section 3b it follows that 
in this case a continuous distribution of intensity is to 
be expected. As, however, the streaks are observed 
only at the side of the future gold-rich phase, we 
prefer to ascribe them to the reflection of very thin 


\\ hen 


g-line appears (Figs. 6e and 6f). We must confess, 


avers they grow in thickness, a normal 


Brag 


wever, that this interpretation is only a tentative one. 


4. DISCUSSION 


shown that the proposed model fits very 
to 


Having 


well with the X-ray evidence, it is now our task 


our theory It may be 


filled 


consider more critically 


objected that blocks with periodic 


crystal 


distortions are not very plausible, as the sharpness of 


the Debve-Scherre1 lines shows these blocks to be rather 
large Now. how is the theory altered. if only a part 
of the crystal shows the distortion, which we assumed 
for the entire block in the preceding sections? Though 
we have not yet examined this question rigorously, 
we may reason that to the amplitude A, the amplitude 
of the undistorted part of the crystal has to be added. 
But this amplitude exists only for the rel-points hkl, 
so the proportion of the intensities of the side-bands is 
changed, but the intensity of the central line is 


not 


METALLURGICA, 


| 
| 
| 
| 


48 planes 


VOL. 5, 1957 
enhanced. Now, as on our photographs the difference 
in intensity between the Bragg-reflection and the 
side-bands is rather large, it is not possible to determine 
this ratio with any certainty. Calculating the intensity 
for ? 0 and comparing this with the measured 
intensity should give the means for ascertaining which 
part of the crystal is disturbed. But the results of the 
last section remain the same, even if it is assumed that 
the crystal contains many distorted parts, distributed 
the Though 


cannot distinguish between these models. we are 


statistically over coherent blocks. 
we 
inclined to believe that each layer stretches through 
the number of periods, however, 


the of the block 


the entire crystal: 


may be smaller than length 
admits. 

A second objection is that only side-bands of the 
first order are visible and that they are more diffuse 
line. 


central From the theory given in 


As 


regards the first point, we could meet this objection 


the 


Section 3b they should have the same width. 


than 


by assuming that » is small. Besides, we 


may answel 
that the distortion is not strictly periodic, which would 
lead to diffuse side-bands and the disappearance of the 
higher orders. We have not gone into this question 
until now. 

The last objection would be answered very easily 
by the model proposed by Guinier.“®"*° He considers 
distortions of one period, distributed at random in the 
crystal. Fig. 20, which is taken from his paper, shows 
this it follows that well-resolved 


that the 


this model. From 


side-bands can appear, if one assumes 
intensity scattered by the distorted regions becomes 
at the rel-points, while the Bragg-reflections 
the We 
can use formula (12) also for this theory. Only, as 


assumption made by Guinier means that the intensity, 


Zero 


originate from undistorted lattice regions. 


and all values of e are admitted. 


| | 


| 
| 
| 
| 
| 
| 


| 
| 


Model of lattice variation proposed by Guinier. 


| | | 
| | 
| | 
yd d 
a (ite) a(i-e) a} | 
| | | | | | 
| | | | | 
| | | | 
| Pic. 20. 
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as given by formula (12), must become 0 for 


r 0, so that: 


our 


sin® whpqod sin® zh( p + q)d 


the fulfill the 


condition required by Guinier’s model can be calculated. 


from which value of § necessary to 


There are two possibilities, namely: 


sin mhpqo or sin h(p q)o 


So hpqd or h(p g)O must be a whole number. 
For fh 1 and the 20/80 alloy 6 becomes at least 
1/80 or 1/21, choosing the same values for p and q as 
above. This means that after (10) the lattice constants 


a, and a, of the modulated structure become 
a(l 16/80) or 


al 5/80) or ads, a(l 5/21) 


Thus very high deviations are necessary, which seems 


practically impossible. For this reason we have the 


impression that Guinier’s model cannot be applied 


to the gold-platinum system. 

We may end by asking whether the proposed model 
helps to understand the mechanism of precipitation 
In this connection there still remains a difficult point 
to explain, namely the growth of the period of the 
lattice 
twenty-one unit cells to about forty cells with increas- 


modulations from a dimension of about 
ing time of annealing. Again, this difficulty could be 
overcome by using Guinier’s model, namely distortions 
of one period only. Unfortunately, however, this 
model cannot be applied in our case, as was shown 
before. Besides, for the case considered here a second 
objection against his model can be brought forward 
In most of our experiments the alloys were annealed at 
such temperatures that the second derivative of the 
Gibbs free energy to the composition has a negative 
value. For this case the governing diffusion process is 


>) 


the so-called “uphill” diffusion.@)**) This means that 


once a gold-rich region has been formed by thermal! 
tend to 


concentration fluctuations, this region will 


become richer in gold by diffusion. At the same time 
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the surrounding matrix will become richer in platinun 
tend to 


Wicreas Its 


and, again by uphill diffusion 


platinum content at the cost of the matrix furthe: 


away, which then becomes richer in gold 

Consequently, the situation becomes such that 
and platinum-rich regions succeed each other 
picture might be an explanation for the formation « 
the 


modulated structure. but at same time it 


contradiction with Guinier’s model, where the 


rich in component A (in our case gold, for 

is enriched by uphill diffusion, but where t 

ing matrix regains its loss of component A by d 

diffusion from parts of the crystal farther aw 
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MULTIPLE SLIP IN BICRYSTAL DEFORMATION* 


J. D. LIVINGSTON? and B. CHALMERS} 

The tensile deformation of bicrystal specimens with longitudinal grain boundaries has been considered, 
both from the point of view of macroscopic plasticity and from that of dislocation theory. Emphasis has 
been on the multiple slip associated with the interaction between the two crystals at the boundary. It 
has been shown that macroscopic continuity at the boundary will in general require the crystals of a 
bicrystal to deform on at least four slip systems between them, distributed either with two in each crystal 
or with three in one crystal and one in the other. A model employing the pile-up of dislocations at a grain 
boundary has led to a method of predicting which additional slip systems will operate in a given bicrystal. 
Experimental observations of slip lines on twenty-four aluminum bicrystals deformed in tension have 


supported the predictions made by this method. 


GLISSEMENT MULTIPLE DANS LA DEFORMATION D°UN BICRISTAL 
On a étudié la déformation par traction de bicristaux a limites de grains longitudinales, aux deux 
points de vue de la plasticité macroscopique et de la théorie des dislocations. On a insisté sur le glissement 


multiple en corrélation avec l’interaction entre deux cristaux au joint. On a montré que la continuité 


macroscopique au joint exige généralement que les cristaux d’un bicristal se déforment au moins en 
quatre systémes de glissement, a savoir deux dans chaque cristal, ou bien trois dans un cristal et un 
Un modéle utilisant accumulation des dislocations au joint d’un grain a conduit a une 


dans l'autre. 
Des obser- 


méthode permettant de prévoir quels syst¢mes additionnels agiront sur un bicristal donné. 


vations expérimentales faites sur les lignes de glissement de vingt-quatre bicristaux d’aluminium 


déformés en traction ont confirmé les prévisions établies au moyen de cette méthode. 
VON BIKRISTALLEN 


DER VERFORMUNG 


mit longitudinaler 


MEHRFACHGLEITUNG BEI 


Die Zugverformung von Bikristallproben Anordnung der Korngrenzen wird 
einerseits vom Standpunkt der makroskopischen Plastizitatstheorie und andererseits von demjenigen 
Mehrfachgleitung, die 


Es wird gezeigt, dass 


der Versetzungstheorie erértert. Das Hauptinteresse gilt dabei der von der 
Wechselwirkung zwischen den beiden Kristalliten an der Korngrenze herriihrt. 
die makroskopischen Kontinuitaétsbedingungen an der Korngrenze im allgemeinen Fall erfordern, dass 
Kristalle eines Bikristalls sich auf wenigstens vier Gleitsysteme verformen, die entweder zwei zu 
zwei oder drei zu eins auf die beiden Ein Modell, das von der Auf- 
stauung von Versetzungen an der Korngrenze Gebrauch macht, hat zu einem Verfahren zur Voraussage 
Die Voraussagen mit 


die 
sein kénnen. 


Kristallite verteilt 
der zusatzlich betatigten Gleitsysteme in einem vorgegebenen Bikristall gefiihrt. 


dieser Methode werden durch experimentelle Beobachtungen der Gleitlinien an 24 zugverformten 


Aluminium-Bikristallen gestiitzt. 


INTRODUCTION 
To be able to apply our knowledge of the plastic 
deformation of single cry stals to the problem of the 
first under- 
The 


bicrystal 


deformation of a polyerystal, we must 


stand the mutual interaction between crystals. 


development of techniques with which 


specimens of predetermined orientation can be 


prepared”? has led to the hope that study of bicrystal 
deformation will improve our understanding of this 


interaction. 


Bicrystal investigations to date’?! have dealt 


primarily with the tensile deformation of bicrystals 
A study of such inves- 
8) has led to the 


of the kind shown in Fig. 1. 


tigations on aluminum bicrystals® 


belief that one of the most important features of 


their deformation is the operation of additional slip 
systems other those 
operate had the crystals been deformed separately) 


(systems than which would 


* Received September 18, 1956. 

+ Harvard University, Cambridge, Mass. Now at General 
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and the effect of the resultant multiplicity of slip 
on the work-hardening of the bicrystal. It was felt 
that there was need to develop a fuller understanding 
of this multiple slip. 

THEORY 


To serve as a framework for later discussion, 
definitions of specific subclasses of the general bi- 
crystal famiiy may be in order. The type of bicrystal 
that has been studied most extensively to date is 
the isoaxial bicrystal, in which the two crystals have 
the same crystallographic direction along the axis 
of tension. Thus for any given crystal A, the complete 
range of B crystals that can form isoaxial bicrystals 
with A 
specimen axis, reflections across the boundary plane, 


can be related to A by rotations about the 
or combinations of the two. 

A special type of isoaxial bicrystal which is of 
particular interest is the symmetric bicrystal, of 
which the lattice of crystal B is a mirror image in 
the lattice of crystal A with the crystal boundary 
In general, the two crystals of 


related to 


as the mirror plane. 


a symmetric bicrystal cannot be each 
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Fic. 1. Bicrystal tensile specimen with longitudinal 
boundary. 
other by a simple rotation about the specimen axis, 
since the two orientations bear a left-hand—right-hand 
relationship to each other. Only where the common 
specimen axis lies in one of the mirror symmetry 


or {110} 


planes of the crystal (e.g. } planes for 
cubic lattices) is this possible. 
cubic symmetry, only when the common specimen 
axis lies on the sides of the basic stereographic 
triangle can one describe a symmetric bicrystal by 
a rotation about the specimen axis. 

We first wish to examine bicrystal deformation 
from the point of view of macroscopic plasticity 
For the present we will therefore consider slip as a 
homogeneous shear deformation, neglecting the 
inhomogeneities on a microscopic scale (slip bands) 
that are known to occur. We will furthermore confine 
our discussion to a region in the immediate vicinity 
of the grain boundary over which we can assume 
the deformation to be macroscopically homogeneous 
as well. Modes of deformation other than slip will 
be neglected. 

A and B, so oriented 


(of the 


Let us consider two crystals, 
that if they were elongated independently 
order of a few per cent), each would slip almost 
exclusively on one system (its primary system), no 
other slip systems contributing appreciably to the 
macroscopic strains. If rectangular crystal A deforms 
with an amount of shear s,“ (assumed small) on its 
primary system (slip system 1), then the three strain 
components of most interest in this discussion will 
be given by 


A A, A 
my" sy é 


rr 
where and are proportionality factors 


which depend on the geometric relationship between 


slip system 1 and the external (2, y, z) axes of the 


cryst al. 


Thus for cry stals of 
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These factors are most easily expressed in terms 


of the direction cosines between the x, y, z external 
axes and 2’, y’, z’ axes representing the slip system 
If we define the 


plane, and the y’ axis as the slip direction, and if 


axis as the normal to the slip 


the direction 
etc., then 


cosines are Ry, cos (a, a’ Ry» 


COS (2X, y’ 


Rog Reo. R, 


Ry» 


If crystal B were to slip by amount s B on its 


primary system, then e,.%, and would 


be given by equations similar to (1) 
B deforming 


together as a bicrystal, we recognize that continuity 


If we now consider crystals A and 


of material at the grain boundary must be main 


tained. Therefore, we require that 


for it is these three strain components that « 
the deformation of the boundary (xz) plan: 
from (1 


that 


We can now see 
crystal B 
thei 


and the equly ilent equa 


the two crystals cannot 


tions for 


deform on primary systems alone and still 


satisfy the continuity requirements (3) unless 


m 


For any isoaxial bicrystal, m,* 


crystals of an isoaxial bicrystal 
primary slip systems alone and 
requirements only 


Macroscopi: 


play an important role in 


scopic cont Inulty 


contini 


I 
and Py Py 


ments, therefore 


the plastic deformation of IsOaXx! 


even 


which has not heretofore been appreciat 


Although the general isoaxial bier 


conditions (4), they will be satisfied by 


bicrystals 


Except for symmetric bicrystals and othe 


satisfying (4 the continuity re t 


men 
require the operation of s systems In 


If er { shears by 


the primary systems 
(all 
then the 


assumed small 


total contributions 


strains will be 


A consideration of equations 3 W1ll 


many slip systems will in general be nec 
allowed 


maintain continuity If we first 


Y 
(2 
13 
| | 
< < 
Om,? ( ( { 

1 slip on thei 
Satisi macro 

if 
T 
TO tine I 

A n. 49,4 4g 4 (1) 

ssary to 
rystal A 
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to slip on only its primary system, this would specify 


to crystal B that it must deform so as to give three 


strain components as fixed by crystal A through 


equations (1). To fulfill these three independent 


conditions on the deformation of crystal B, we will 


in general need three “degrees of freedom,” i.e. three 


independent variables. These variables may be 


amounts of shear on any three independent. slip 


systems.* Thus it is possible for the bicrystal to 


deform and satisfy continuity requirements (3) if A 
slips on one system and # on three independent ones. 


The reverse will also be possible: three systems in 


A and one in B. 


It can also be seen that we will have enough 


‘degrees of freedom” if each crystal slips on two 
systems. The three continuity conditions (3) plus 


a specification of the elongation ; a will amount to 


four independent conditions on the deformation of 


the bicrystal, and the amounts of shear on any two 
systems in each crystal will serve as four satisfactory 
independent variables. Thus for the bicrystal to 
deform in tension and maintain macroscopic con- 
and B 


will in general need the operation of four slip systems 


distributed either 


tinuity at the grain boundary, crystals A 


between them, with two in each 
crystal or with three in one and one in the other. 
The arguments used here are somewhat analogous 
to arguments used by Taylor in his treatment of 
the problem of the deformation of a polyerystal. His 
assumption of homogeneous strain throughout the 
aggregate led to the requirement that in general five 
independent slip systems would have to operate in 
each More 


required to operate in his treatment 


are 


the 


crystal. systems per crystal 
than in 
present one, because he imposes more constraints on 
There 


independent strain components when we confine our- 


the deformation of each crystal. are five 


selves to deformations that do not change the volume, 
and in Taylor’s treatment of the polyerystal all five 
of these components are arbitrarily specified to each 
crystal. In the present treatment, in essence only 


one strain component (¢,,) is arbitrarily specified 


and é 


I 


Two others (¢ 


the 


to each erystal. .) are made 


to balance at boundary through (3), and no 


conditions whatever are imposed on the two remaining 
independent strain components (¢,,, and e,,). 
Taylor's treatment of the polyerystal used a “‘least 
work” postulate and additional assumptions to 
propose that the specific combination of five slip 
systems that would actually operate in a given crystal 


would be that which could satisfy the arbitrarily 


Hill?? 


crystals are dependent. 


* Bishop and show which 


systems 1n f.c.c. 


combinations of slip 


Fic. 2. Dislocation pile up at a grain boundary. 


imposed strain with the minimum total shear 


S = \|s,|. This suggested applying a similar postulate 
in an attempt to predict which systems would operate 
in a given bicrystal. A comparison of such a pre- 
diction with experimental results is reported later. 

In the foregoing discussion, microscopic inhomo- 
genity of deformation (the existence of slip bands) 
We 


and thereby to study the process of slip activation. 


has been neglected. now wish to consider it, 


Slip activation has been defined as “the process where 
slip-bands from one crystal can initiate or activate 
slip-bands in an adjacent crystal.”'® To analyse 
this process we shall look to the dislocation theory 
of plastic deformation. 

If slip has occurred on a particular plane in crystal 
A, and if the grain boundary serves as an obstacle 
to the motion of the dislocations involved in slip, 
the dislocations will pile up against the grain boundary, 


as shown in Fig. 2. 


The dislocations are shown as 
edge dislocations, but they will in general be 


The 


tributions associated with such a pile-up have been 


part 


edge and part screw in character. stress dis- 


treated,“® and it has been shown that extreme stress 


concentrations can occur. It is proposed that. slip 


activation occurs when these stress concentrations 
activate dislocation sources in the adjacent crystal. 
The complete stress distribution resulting from 
such a pile-up is a complicated one, and calculation 
of the 


on each of the possible slip systems in the adjoining 


maximum resulting resolved shear stresses 


crystal would be a considerable task. However, at 


all points on the dotted plane shown in Fig. 2, 


which 
is the extension into crystal B of the plane of the 
piled-up dislocations, the stress resulting from the 
pile-up is a pure shear stress acting on this plane 
the the 
direction) of the piled-up dislocations. Off this plane 
but 


of opposite sign on opposite sides of the dotted plane. 


and in direction of Burgers vector (slip 


other stress components appear, these are all 


Thus if many pile-ups are spaced along the boundary, 
some degree of cancellation of their contributions 


to these stress components will occur, whereas their 
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all 


additive. Furthermore. for the purpose of activating 


contributions to this shear component. will be 
dislocation sources in a given slip system it will not 
be sufficient to have the shear stress on this system 
It 
the full extent 
least of the 


instead 
of a 


order of 


reach a critical value at one point. must 


be large enough over at least 


source, Le. over distances at 
tenths of microns. 

These considerations suggest that in terms of the 
activation of dislocation sources in the neighboring 
crystal the effectiveness of the complete stress dis- 
tribution due to many pile-ups may be approximately 
that of a pure shear stress state. This shear stress 
acts on a plane parallel to that of the piled-up dis- 
locations and in a direction parallel to their slip 
direction. 

With this approximation it is relatively simple to 
calculate the resolved shear stresses on the various 
possible slip systems. If the piled-up dislocations 
lie in a slip plane with normal e, and have a slip 
direction g,, this plane and direction are the plane 
for the P. The 


resultant shear stress P; on slip system 7 in crystal B 


and direction pure shear stress 


which has e,; as its slip plane normal and g, as its 


slip direction will be 


PN), Pl(e, e;)(gi g;) (6) 


NE Ji) 


where the various vectors are unit vectors so that 


the dot products are simply cosines. This formula 


results directly from the standard tensor transforma- 
tion” of the assumed pure shear stress onto a set 
of axes aligned with slip system 7. 

Earlier we showed that macroscopic continuity of 


material at the grain boundary of a general bicrystal 
requires the operation of additional slip systems in 


the vicinity of the boundary. It is proposed that 


these systems are activated by the stress concentra- 


tions due to dislocation pile-ups in the primary 


system in the neighboring crystal. Using the pure 


shear stress approximation, where system | is the 
the slip activation 


primary system of crystal 4A, 


process will favor the operation in crystal 6 of slip 


system 7 with the highest V),. Predictions of additional 
slip systems in bicrystals on this basis were compared 


with experiment. 
EXPERIMENTAL 


Twenty-four bicrystals of 99-99°, aluminum (0-003 


Cu, 0-001°,, Fe, 0-002°, Si, 0-001 ° 


the melt 
They 

helium at a rate of 15m per hour, annealed in aii 

at 640°C for 40 hours, and then furnace-cooled over 


Mg) were prepared 


by seeded growth from using techniques 


described by Chalmers.” were grown unde! 


a 7-hour period. The specimens were subsequently 
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solution 


electropolished Ih a 
to one part perchlori ac id 


with a ‘sott type tens 


l¢ 


elsewhere During 


cally 6 mm 12 mm 


a stress increasing 


Aftei 
examined for slip markings 


A full description of the 


continuously a pproximatel 


mm/min deformation 


observations thes 


17 


othe 


elsewhere It i proposed TO disc Is 


observed slip markings fal 


ideas discussed in the previous 


Sixteen of the twenty 


these five were symmetri 


isoaxial, and of 


which the grain boundary was coherei 


On the five st 


symmetric bicry 


boundary ) 


ol only one slip plane were seen on each 

On all the others, additional slip markings were see1 
on at least one of the cry stals of the bicrystal. Som«e 
the 
boundary on three specimens that apparentl) 


110) Al] 


traces of planes, 


very short 0-7 mm) traces were seen 


traces othe markings 


slip 
and most extended 
Earlier 


predicting 


ovel 


portions of the surface two different method 


were suggested fo1 which additionai slip 
biervstal Bot] 


systems would operate in any given 
methods were tested against experimentally 
slip traces. 

Lilja 
thod 


For one bicrystal (bierysta method 


to the “least worl me used by 


employed in 
For 
was experimentally 
would 


combimatiol 


an attempt predict 


systems this caleula 


system operat 

possible 
Cae 

were considered 

continult\ 

th 


and it 


Too rding 


crystal 


the 
each the 


the one related to 
crystal b 
For each of th 


factors were calk ulated 


adjacent 
equation 6 
the 
systems 


ch crystal with the 


the 


In @a 


slip systems in adjoining erysta 
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five part nethayr 
{ 
ere Cron ited | 
mm) were subjected 1 
t 1 
Lit 
with the lowe S \ tl eri 
— 
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TABLE | 


] 
Bicrystal al t \ 
No 


i plane a 


lculations and the comparison with experi- 
included in Table 1. 
5 the conjugate plane, c the cross-slip plane, and d 
Where 


included 


these ea 


ment are The symbols used for 


the four slip planes are a for the primary plane, 


the critical lane.“ an 


experimentally 
this 


ol plane is in parentheses, 


indicates that slip traces corresponding to that plane 
appeared, but were relatively short and infrequent. 


her¢ 


these al 


two or more bicrystals appear on the same 
line. e biery stals with the same disorientation 
thus the same V but 
different positions of the grain boundary. 


In 


planes were made because for these the highest N 


between the two crystals “i> 


many cases no predictions of secondary slip 


was found to be on the primary slip system or on 


1 the primary plane experimentally 
limited to 
all of 


another system i 
indistinguishable, since examination was 
In 


these cases no additional slip was seen. 


In 


observation of slip traces). most but not 


twenty-four however, predictions of 


Cases, 


specific {111} planes could be made, and these agreed 


any other plane 


Additional slip 
plane predicted 


Additional slip of 
plane observed elongation 


none 
d(+-b) 


none 


none 

d b 
d 

none 

none 


d 
(d b) 
none 
none 


none 


none 


none 
none 
none 

none 
none 


none 
] 


d 


with experimentally observed planes twenty-three 


times. The one “exception” (crystal B of bicrystal 11) 


is a borderline case, for considering the accuracy of 


the calculations (perhaps 5°, error) the two values 
of V tabulated are essentially the same. The evidence 
strongly supports this method of predicting additional 
slip systems in bicrystals. 

A study of the distribution of the slip markings 
over the bicrystal surfaces shows that the ), factors 
not only determine the choice of additional slip plane, 
but also play a decisive role in determining over how 
much of the crystal the additional slip systems operate. 
Other factors appear to be involved, but it can be 
said generally that the higher the \,,, the larger was 
the volume of the crystal over which that additional 
N 


0-90 or greater, the slip markings of this system 


system operated. In the few cases where N,,; was 
appeared over nearly the entire crystal surface (thus 
up to 6 mm from the boundary) and were in fact more 
prominent than markings of the “‘primary”’ system. 


It may be noted from Table 1 that although the 
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B 0-59 O-57 1-0 
0-39 0-66 d | 
2 B 0-86 0-81 — 1-6 
0-83 0-87 ] d 
3 B 0-63 0-74 d 2.0) 
0-55 0-96 ] 
B bh 1) 1-5 
| 0-S4 0-53 
5 B 0-6] O-S6H d 1-2 
1 0-6] 0-97 / 
6 B 1-00 0-67 1-7 
| 1-00 0-67 
7 B 0-73 0-8? 2.4 
0-72 0-49 
Q RB 0-79 0-40 1-4 
| 0-79 0-40 
b 0-69 0-42 1-6 
1 0-69 1-00 
LO B O-77 0-65 none 1-8 
B 0-59 7) l-] 
| 0-39 0-89 ( ( 
12 and 13 B 0-93 2.9 
0-75 0-48 none 
14 and 15 B 0-50 0-75 2.9 
0-50 0-75 d 
16 and 17 B 0-75 0-48 — 2.9 
0-75 0-93 ad 
18, 19, 20 B 1-00 0-67 2.9 
2] RB 1-00 0-67 2.9 
| 1-00 0-67 Cc 
B 1-00 0-67 2-2 c 
| 1-00 0-67 
Zo B 0-50 0-75 2.9 
0-50 0-75 d 
24 B 0-75 0-93 d d 2.9 
1 0-75 0-93 d d 
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predictions made on the basis of the N,,; calculations 
were well verified by experiment, there was in addition 
some secondary slip observed that was unpredicted 
the ,;. Whatever the that 
explain the occurrence of these additional systems, 
it 
tinuity equations (3) can require secondary slip when 
the N,, Thus, although J, 


factors as used here apparently play an important 


by mechanism may 


should be mentioned that the macroscopic con- 


cannot predict any. 
part in influencing the multiple slip in bicrystals, 
there remain some gaps in our understanding. 

It also is possible that the V,, factors may predict 
particular additional slip systems in cases where 
conditions (4) are satisfied and thus imply no need 
for additional slip systems. This was true of bicry stal 
15. 


occur, but they were very short slip traces iu 


Here the predicted additional slip markings did 
the 
14 
but here the boundary position 
Here 


the predicted additional slip markings appeared over 


immediate vicinity of the boundary. Bicrystal 


had 
was such that conditions (4) were not satisfied. 


identical 


a large portion of the bicrystal surface. 


CONCLUSION 


Consideration of macroscopic continuity of material 
at the grain boundary of a bicrystal has led to a 
clarification of the conditions under which multiple 
the of 
required. A model based on the pile-up of dislocations 
led to 


slip is necessary and degree multiplicity 


against a grain boundary has a means ¢ 


predicting additional (nonprimary) slip systems in 


bicrystals. The predictions have received extensive 
experimental verification. 

[t is felt that these developments, springing from 
both 
afford a basis for a more fundamental understanding 


macroscopic and microscopic considerations, 


of bicrystal deformation. Furthermore, they offer 


hope of being extended with suitable modification 
towards the problem of polycrystalline deforma- 


tion. 


LTIPLE SLIP IN BICRYSTALS 


ACKNOWLEDGMENTS 
This work was supported by the Office of Naval 
One of us (J. L like 
the 


Research would to express 
Foundation 


fol person il financial 


We should 
colleag 


r helpful discussion 


oratitude to National science 


the 


his 


and General Electric Co 


during this research like to 


Prof. H 


Gordon McKay Laboratory fi 


support 


Brooks and oul ues 


thank 


REFERENCES 


ALMERS 


327 
it the 
B. CH I nd 
metals. ¢ J. Phys. 81, 132 (1953 
boundar P R A162, 12' 
3. J. GILMAN By it 
icta Met. 1, 426 (1953 
KA 
crystal. J. Phys. S 6, 362, 485 (19 
K and B. 
6. K. Aus nd N. Cy | : 
Met. 2, 632 (1954 
7. L. FRAN ind N,. 
| 9, 136 (1957 
9. | RHINES, W. Bon nd M. K Gi | | 
48. (1956 
R | 10, 78 (1952 
li. B. Ca \ \ ! int 
f gg (ASM 
12. J. 1 R. H \ 
13. P tr 62, 
307 (1938 
14. J. | 
351 (1951 
15. A 
/ Ly ( 
16. R. D to be ] 
Ph.D. H 


OXIDATION OF HAFNIUM* 


W. W. SMELTZER 


oxidation rates at 760-mm oxygen pressure in the 
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formation of a duplex scale of 
X 
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été identifié dans l’oxyde superficiel, par examen aux rayons X; 


Oxvdationsgeschwindigkeiten von Hafnium zwischen 350 


issen sich durch logarithmische, parapolische, 


10 und 760 mm Hg als unabhangig vom Sauerstoffdruck 


aus 


de das Oberflachenoxyd als monoklines Hafniumdioxyd identifiziert 
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ot 
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equations, activation energ! 
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respective 


value the parabolic rate constant wa 


linear 
Mono 
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to 


f inner compact and oute! porous oxides. 


ray examinations; marker measul 


eact with hafnium at the metal/oxide interface 


DU HAFNIUM 


760 mm d’oxygene dans le domaine de températures de 


parabolique s et linéai 


vitesse sont de 11.4—-36.0 et 26.1 kcal/mole. 


inte de vitesse parabolique est indépendante de la pression de loxygeéne dans le 


linéaire par la formation d’un¢ 


a lextérieur. De oxyde de hafnium mono 


les mesures ont montré que 


diffuse vers l’intérieur 4 travers cet oxyde pour réagir avec le hafnium a l’interface métal/oxyd 


HAFNIUM 


und 1200°C, unter einem Sauerstoff 


bzw. lineare Geschwindigkeits 


\ktivierungsenergien fiir die Konstanten dieser drei Gesetze 
Der Wert der Konstanten des parabolischen Gesetzes ergab sich 


Der Ubergang vom parabolischen 


linearen Oxydationsgesetz riihrt von der Bildung einer zweifachen Oxydationsschicht her, wobei 


besteht. Mittels Réntgenunte1 


Durch 


porosen Oxvden 


\usmessen 


gezeigt werden, dass der Sauerstoff durch dieses Oxyd hindurch nach innen 
Metall-Oxyd mit dem Hafnium zu reagieren. 


INTRODUCTION 


There does not appear to be any published work or 


f oxidation-rate 


the oxidation of hafnium. 


This paper presents the 


results o 


perature range 


pressure. These results are presented empirically by 
equations for logarithmic, parabolic, and linear metal 
oxidation-rate laws. 


ed 


iaws 


+ 
Lt 


postu by several investigators to account for 


1] 


will be 


ogarithmic and parabolic equations describe compact 


yxide formation, whereas the linear equation describes 
porous oxide formation. 
Hafnium forms one oxide, hafnia (HfO,). Curtis, 


l 


Davey. and Johnson! have made an investigation of 


its properties by X-ray measurements, thermal expan- 
sion measurements, and differential thermal analysis. 


The oxide is stable in a monoclinic crystalline structure 
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1700°C and 


higher temperatures. 


to about as a tetragonal structure at 
The density of the monoclinic 
modification is 9.68 by pyncnometer measurement at 
20°C. 

EXPERIMENTAL 

The hafnium metal was received as 0.025-in. gage 
sheet from the Westinghouse Electric Corporation 
through the courtesy of Dr. D. E. Thomas. Spectro- 
chemical analysis showed a major impurity content of 
5.0°, zirconium and minor impurity contents of 0.02°, 
iron and 0.005°, silicon, aluminum, copper, titanium, 
respectively. Specimens 0.01 and 0.02 in. thick were 
prepared for oxidation by abrasion with metallo- 
graphic papers to a 4/0 fineness. 

Two balance assemblies were used to follow con- 
tinuously the oxidation of hafnium exposed to electro- 
lytic oxygen. For oxidation tests in the temperature 
range 350°—-800°C, a vacuum microbalance assembly 
similar to that described by Gulbransen™ was used. 
The quartz microbalance was used for following weight 


changes by observing pointers on the balance beam 


and frame with a sliding microscope. The sensitivity 


Hafniu 
represented = - 
oxidation was cause 
energies d activat 
= 
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was | division (0.001 em) of the micrometer slide pet 
2.1 wg for a 0.01-in.-thick specimen and counterweight 
of 0.6900 g. A sensitive spring balance similar to that 
described by Simnad and Spilners®) was used for 
oxidation tests in the temperature range 900°-1200°C. 


Cathetometer measurements of spring elongation were 


reproducible to 0.01 em, which corresponded to a 
0.5-mg change of a 0.02-in.-thick specimen weighing 
0.9 g. The temperatures of the furnaces in the regions 
for suspension of metal specimens were controlled to 
5°C. 
Room temperature X-ray patterns of the surface 
oxide were obtained with Cu irradiation and the 


Debye-Scherrer method. 


RESULTS 


Oxidation data for the temperature range 350 


1200°C are graphically illustrated in Fig. 1-5 

Oxidation curves from 350°-800°C at 760-mm oxy- 
gen pressure are shown in Fig. 1. Here, the specimen 
weight gains measured by the microbalance technique 


are plotted to a parabolic equation; that is, ug/em* 


oxygen versus (time)!/*. The curves show initial curvi- 
linear sections which transform to sections of constant 
slope. 


The initial oxidation rate is shown in detail in 


Fig. 2. The data are plotte d to a logarithmic equation 
by the method of Taylor and Thon™ and Landsberg,(®) peratures oxidation 
specimen weight gains, uwg/em* oxygen, versus the initial relationship with tim 

logarithm of time plus a constant ¢). The value of ¢, Oxidation for the experin 9 = 
decreases from 10 to 1 min in the temperature range temperature range 390’ —S00'C has | 
390°—-710°C, and obeyance of data to this equation was logarithmic and parabo Me 


hie 0 de Or] 
dependent upon temperature. For example, the not valid for -_ form 


14 
Pe tional « acteristics 
equation was valid to oxygen weight gains of 20 ug Additional characte 
1 Fig 3 for the temperature range YOO OO H 


em? at 350° and to 200 ug/em? at 710°C. At higher 


the specimen weight g 


| DY the spiral spring techi 


° 
9 


Weight Gain ( gm./cm2)xi0& 


Time (hr.)'/2 
Fic. 1. Hafnium oxidation in the temperature range Fic. 3. Hafniun 
350°-800°C. Data plotted according to a parabolic equation 900 —1200°¢ Data 
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Fic. 4. Hafnium oxidation in the temperature range 
900°—-1200°C, Data plotted according to a parabolic equation. 


For exposures of approximately 1000 min, the oxida- 
tion rate continually decreased. This, in turn, gave 


way to a constant rate. In Fig. 4, the decreasing 
oxidation rate is represented by a parabolic equation. 
These curves are similar to those in the lower-tempera- 
ture range, as oxidation may be represented by linear 
Although 


measurements could not be carried out during initial 
that 


curves after initial uptakes of oxygen. 


exposures, this suggests hafnium oxidation 
kinetics may be represented successively by logarith- 
mic, parabolic, and linear rate equations over different 
regions of oxide thicknesses. 

Only a part of the oxygen uptake measured by the 
gravimetric technique is available for scale growth at 
elevated because enters into 


temperatures, oxygen 


solid solution with hafnium. An estimate was made of 
this solubility by heating a specimen in oxygen at 
1200°C until its increase in weight was 1.5. 3.0, 4.0. or 
The 
furnace flushed five times with purified argon, 


nd the specimen exposed in this atmosphere for 72 


).0°%, oxygen oxygen was then pumped out, 


nours 


Powder X-ray analyses of surface filings from 


these specimens showed that oxygen of the surface 
oxide was absorbed by the metal for specimens con- 
wt. 
were made to determine the oxidation rate of hafnium 
at 1200°C. After 


a specimen for 72 hours in argon, the gas was pumped 


taining less than Several attempts 


oxygen 


containing 3°, oxygen heating 


out and oxygen admitted slowly into the furnace. The 


oxidation rate could not be determined, as oxide 


rapidly spalled from the specimens. This spalling was 


not reduced by bleeding oxygen into the argon atmo- 


sphere to decrease the initial exothermic effect of 


oxidation. 
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Weight Gain, (gm/cm2)x10& 
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0-5 2-0 
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Hafnium oxidation at 800°C in oxygen at pressures 
Data plotted according to a parabolic 


Fic. 5. 
10, 200 and 760 mm. 
equation. 


The effect of oxygen pressure on the oxidation rate 


at 800°C was determined over the pressure range 
10-760 mm. These results are represented in Fig. 5 by 
a parabolic rate equation. Variations in the rate with 
pressure are confined to initial exposures, as the linear 
sections of the curves are, within the experimental 
precision, of constant slope. 

The oxide was colored blue-grey at temperatures 
less than 900°C and white at higher temperatures. 


Monoclinic hafnia was identified by powder X-ray 


analyses of oxide filings from the metal surface of a 


specimen oxidized at 1200°C. Microscopic examina- 
tion at 500 


1200°C in cross-section did not show an appreciable 


magnification of a specimen oxidized at 


thickness of an underlying blue-grey oxide layer. The 
outermost oxide was of porous structure and could be 


chipped easily from inner oxide. A photomicrograph 


Fic. 6. Photomicrograph of hafnium specimen 
oxidized to completion at 1200°C, 
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is shown in Fig. 6 of a specimen completely oxidized; f 
80 


rupture of the specimen was accompanied with 
outward bending. 

The movement of inert radio-markers placed at an 
interface across which diffusion takes place during 
oxidation has been examined in this laboratory.'.® 
In this investigation, radio-active silver could not be 
used due to the high temperature required for appreci- 
able oxidation of hafnium. Consequently, marker 
experiments were carried out with radioactive Co® by 


) 


the technique described for radioactive silver™ and 


slurries of chromic oxide painted on the metal surface 


Log K, (gm4/cm2- sec.) 


as first attempted by Pfeil.“ Autoradiographic and 
microscopic examinations of the surface after oxidation 
showed that the oxide markers remained at the 


oxide/oxygen interface. 


DISCUSSION 
The oxidation kinetics have been represented "60 80100 i20 140 
empirically by equations of logarithmic, parabolic, VT 210 
Arrhenius plot of 


and linear oxidation rate laws. In the following, an setting 
in the temperature range 350°—1200¢ 


analysis is carried out which is based upon principles 

used to interpret these relationships. Such an analysis —g99°_1200°C. and the logarithmic rate constant 

illustrates the limitations of these principles, but, t in the range 350°-710°C. The activation enerci 

nevertheless, does permit formulation of qualitative An 

conclusions. D.4 keal mole Evaluation ol these energies 
The equation for a logarithmic, parabolic, and to 1000 eal/mol 


linear rate law are respectively, these values in equations hafnium oxid 
Kjy In (1 t/t.) ) kinetics may be expressed 


K pt T’) Am A) y p 1()() In 


b(T) 2) 5400/R 


where y is the oxide thickness; Aypy, Ap, and Ky, are 36,000/ RT 


the logarithmic, parabolic, and linear rate constants 100/R7 
respectively; tis the time; and f,, a(7’), and b(7’) are 
constants dependent upon temperature and oxygen 
pressure. The different rate constants were evaluated 
from the slopes of linear sections of each respective 
type of curve shown in Figs. 1-4 
The temperature variation of oxidation rate 


constants are expressed by the Arrhenius relation 
K A exp E/RT 


where A is the frequency factor, Z is the energy of 
activation, F is the gas constant, and 7’ is the absolut¢ 
temperature. In Fig. 7, the logarithms of the para- 
bolic rate constants are plotted versus the reciprocal 
of the absolute temperature. A linear curve fits the 
data within the experimental precision over the range 
470°-1200°C: the activation energy is 36.0 keal/mole. 
Similar plots are shown in Fig. 8 for the temperature 


variation of the linear rate constant in the range 
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specimen area and ¢ is the time in minutes. The oxide 
thickness has been expressed as weight-gain of oxygen, 
as the solubility of oxygen in hafnium is not known. 
With these equations, the oxidation results have been 
simply represented. It remains to show the validity 
and limitations of principles associated with these 
relationships. 

Evans'®) and Loriers’) suggest that kinetics of 
oxidation transform from a parabolic to a linear law if 
porous oxide forms over a compact layer which has 
grown to a maximum thickness. The parabolic rate 


(10) 


law is described by Wagner's theory”®? in terms of the 


diffusion rate of reactants by lattice defects whose 


concentration varies inversely with the thickness of 


the film. Webb, Norton, and Wagner” express this 


maximum thickness as. 


8) 
if the oxygen-equivalent in compact and porous oxide 
is unity. 


Substitution of the values from equations (6) and 


7) for the parabolic and linear rate constants in 


S) gives 


equation 


Am/A 5 10+ exp —9900/RT (9) 


The calculated weight-gains representing this maxi- 
and 7 


1200°C are 


a 
mum thickness, 7.0 LO 


$5-120u). for 


g/em* O, 


gO0° and approximately 


equal to the weight-gains shown in Fig. 3 for initiation 


of oxidation at a constant rate. This is in agreement 


with the view that 


a duplex scale of compact and 


porous oxide is formed on hafnium 


The latter may 


{ 


form when the stresses in the oxide are | irge enough to 


cause cracking. The stress in the scale is demonstrated 


strikingly in Fig. 6. To a first approximation, the 


ms | Al ibohlie oxidation are 


described by 


of oxidation 


The position of diffu- 


at the oxide/oxygen interface indicates 


on proceeds by the inward diffusion of 


‘nas ions through anion vacancies in hafnia to 


with hafnium at the metal/oxide interface. Con- 


the value of the parabolic rate constant 


determined at 800°C was independent of oxygen 


pressure in the range 10-760 mm. 


A logarithmic law has been established by investi- 


gations on several metals, but comparatively little is 


known of the oxidation mechanism. Oxide scales with 


macroscopic defects of cracks and blisters have been 


advanced as models by Evans"*) and Davies, Evans 


Agar, 


has shown that this law may be applicable if 


ind to formulate this law, whereas Lands- 


berg 


the reaction rate is determined by oxvgen chemi- 


sorption. An inverse logarithmic law," which is of 
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different analytical form than the logarithmic equation, 
may describe the formation of films below 100 A not 
studied in this investigation. 

describes oxidation for LOOO 
Oxygen weight-gains for these exposures are 20 and 
200 ug/em? (1400- and 14,000-A thickness). Probably, 


this type of oxidation is dependent upon conditions at 


The logarithmic law 


and 30min at temperatures of 350° and 


the oxide interfaces or an electrical space-charge effect 
in compact oxide rather than formation of cracks and 
blisters in the oxide as it occurs before the onset of 
parabolic oxidation. The constants of the logarithmic 
relationship (equation 5) have been expressed in 
Arrhenius form, which suggests that extrapolation 
may be made to higher temperatures. If this is done 
for an exposure of 5 min for 1200°C, the calculated 
oxygen weight-gain is ] 10-3 g/em?. This value may 
represent compact oxide thickness, because it is much 
smaller than the previously determined value of 
1.7 10-* g/em? oxygen for maximum compact oxide 
thickness. 

A more complete description cannot be given 
because of the complexity of the phenomena and 
limitations of a kinetic-data analysis. In the preceding 
analysis,no account has been givento oxygen solubility 
in the metal substrate. Simand, Spilners and Katz?) 
have shown that oxygen solubility in titanium causes 
an apparent increase in the parabolic oxidation rate 
above 900°C: the activation energy for OX) gen-free 
metal was larger than for oxygen-saturated metal. 
Likewise, oxygen solubility 


may bea complicating 


factor in hafnium oxidation. Although an Arrhenius 
plot fits the parabolic oxidation data within the 
experimental precision at temperatures greater than 
470°C, a 


temperatures is required to fit the data over the entire 


curvilinear curve of increasing slope at higher 


This may be 
the 


investigated temperature range (Fig. 7) 
caused partially by oxygen solubility in metal, 
although it will be shown that represt ntation of data 
by a parabolic equation is only a first approximation. 


Also, the the 


logarithmic 


calculated oxygen weight-gain from 


1.0 g/em* for an 


equation of 


exposure of 5 min at 1200°C is less than the experi- 


2 


mentally determined value of approximately 2 lO 

It is to be stressed that an empirical method has 
the 


This is illustrated by the curves in Fig. 9. 


been used to present data by oxidation rate 


equations. 
Here, data for long exposures of approximately LO.000 
, and 1200°C have been 


min at temperatures 470°, 900 


plotted to the equation, 


(Am/A)' Kt (10) 


SIMNAD: 


AND 


t 


Veigh 


Log 


| 
10 100 
Time,(min.) 


1000 10000 


Fic. 9. Hafnium oxidation for the temperatures 470°, 900°, 


and 1200°C. Data plotted as logarithms of oxidation variables 


K, n, and ¢ are constants. This equation is 
parabolic if 7 2. Oxidation in the range 350 
the 470°C curve 


This 


lends justification to the analysis based upon different 


where 
SOO-C 
shows characteristics illustrated by 


the double logarithmic plots are curvilinear 


The logarithmic equation was appli- 
to ol 470°C Con- 
sequently, a tangent is drawn to the curve in the region 
Values of n for 


different temperatures were evaluated from such tan- 


rate equations. 


cable an exposure 300 min at 


represented by a parabolic equation. 


gents. At temperatures greater than 800°C the slopes 
of the curves were used for these evaluations, as they 
were linear for the experimental exposures of 500 min 
from 3.5 at 


The values ol i recorded in Table | vary 


350°C to 2.3 at 1200°C. Therefore, representation of 


oxidation by a parabolic equation must be regarded 


only as a first approximation. 

The curve in Fig. 9 for oxidation at 900°C illustrates 
for the 
Deter- 


a specific characteristic the curve is linear 


entire exposure and the value of » is 3.1. 


minations of 3 from these types of graphs have been 


TABLE 1. Values of n for equation: (Am/A Kt 


Temp. Temp 
C) 
350 900 
470 LOOO 
600 L100 
710 1200 

800 


OXIDATION OF HAFNIUM 


used by previous Investigators as substantiation to 


cubic law. For example, the oxidation of zirconiun 
metal in the same periodic classification as hafnium 
has been approximated to a cubi: law for exposures of 
Belle 


200 min in the temperature range 375°—950°C by 


Mallett.4® The 


Conversely, 


values of n were in 

Andrew 
interpreted Zirconium oxidation for exposure s of 120 
125~( DY law Their 


this investigation 


and 


Gulbransen and 


min in the range 200 . parabolic 


results, which are similar to those 


it low temperatures, give values of 2.9 to 3.5 for n 


The difficulty of interpreting such equations 
strated bv a comparison of the 900°C curves 


Although the 


the data canno 


exposures in Figs. 9 and 3 


Fig. 9 approximates to a cubic law 
correlated for higher and lowel temperatures as 
dus TO 


types of curves are curvilineat 


with exposure time and temperature On the 


to 4000 min 


Fig Lin 


hand, oxidation at 900°C from 


been represented by a linear curve in 


in the temperature tange 


Arrhenius relatio 


COnCIUaE 


rate constants 


were then correlated bv an 


therefore appears reasonable to 


logarithmic, parabolic, and 


regions otf oxide 


different 


analytical representatiol 


that further research should 


iting the oxidation mech 


elucid 


ce Viations trom the se equations 


SUMMARY 


fis the time 


mpe rature 


dependent upon 


Dole rate constant was 


the range 10—760 mm 


From principles associated 
led that th 


it has been Coli luded tha 


relationships descr! 


oxide. whereas the 


mation of porous oxide 
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compact oxide, g/em* of oxygen, in the duplex scale 


may be expressed as, 


9900/ RT 


(Am/A) Ky, 


lo 
max exp 


Monoclinic hafnia was identified as the surface oxide 


by X-ray examination; marker measurements in- 
dicated that oxygen diffused via anion vacancies in 
this oxide to react with hafnium at the metal/oxide 
interface. 
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LETTERS TO THE EDITOR 


Whisker-on-whisker Growth* Ref 
eterences 
During the course of an investigation of tin whisker | R. y 


FisHER, L. 8S. DARKEN, anc 
formation on tin-plated steel subjected to com- Met. 2, 368 (1954 


2. SIDNEY S. 


pressional stress,”) the whisker-on-whisker growth 


shown in Fig. 1 was observed. Inasmuch as such * Received November 


Fic. 1. Mag. 3100 


whiskers are generally believed to be perfect single The Melting of Grain Boundaries* 
crystals which grow continuously from the base, Several investigators have reported that under 
some interesting growth proposals will be needed  yarious types of restraints, the grain boundaries of a 
to account for this phenomenon. One possibility metal appear to melt at a lower temperature than the 
is that dual growth occurred from a single center grains of the metal.’ The purpose of this note is 


in the tin plate. This would then be followed by to show that a true melting. ie. the reversible tran 


an accelerated growth of one arm or portion of the formation from solid to liquid, of the grain-boundary 


( 


whisker which again (at a later time) had a dual material below the melting-point of the contig 
growth resulting in the second small whisker de- grains would be inconsistent with thi equations 
velopment shown. The other possibility is that equilibrium derived from the First and Second La 
the coiled whisker development occurred as true of Thermodynamics 
secondary growth on an initially formed rod-like In this note. the 
whisker. This development would require the move- be a bicrystal wit] 
ment of a large number of tin atoms, in a rather | 
short period of time, over considerable distances 
along the main whisker. 
[t should be pointed out that secondary growth 
has been observed before.“ However, Brenne1 
used an entirely different method for producing 
whiskers (vapor deposition). While the growth 
mechanism for the whiskers herein discussed has 
not definitely been established, it is highly unlikely type of equilibriun 


that vapor deposition is contributory Gibbs-Wulff 


E. C. ROBERTS 
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University of Washington 
Seattle, Wash ington 
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rrain-boundar 
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for impracticable systems of the size we are interested 
the effect of 
ignored, since sharp corners will 
effect the 


in. For our purposes, local surface 


curvature can be 


only a 


have local and overall 
magnitude as the increase in bulk-free energy associ- 
ated with introducing the grain boundary. Herring‘® 
has considered systems of this type, and gives for the 


chemical potential of the ith component. 


— (1) 
ON ,/ 7.N;,N,, stress 


where and NV 


and jth components and J, is the number of unit cells. 


are the number of atoms of the ith 


For a system in the equilibrium described above, 


the mw; are independent of position. In particular, 


there is no change in wu; in going from the grain- 
boundary region to the contiguous grain. The proof 
of the the interface 
Gibbs.™ Its 


extension to a solid is discussed in detail by Herring.'® 


crossing 


constancy of uw; In 


between two liquids was given by 
The main requirement for this is that free exchange 
of lattice defects between the grain-boundary region 
ind the grains can occur. 

Now, if the temperature is slow ly raised so that the 
equilibrium distribution of solute and lattice defects 
the 


is maintained at all times, 


the 


melting-point is 


defined as temperature at which the chemical 


potentials of the various elements are the same in 


the solid and the liquid, i.e. 


=) 


Since uw.” is independent ol position in the equilibrium 


solid, it follows that the melting-point is independent 


of position In particular, the melting-point near 


the grain boundary must be the same as that of the 


idjacent grains. This is true, even if the grain- 


boundary concentration of a solute which lowers the 
neiting-point of the alloy is much higher than the 
since this situation will 


oncentration in the grains, 


been attained by the elimination of chemical 
potential gradients 

It follows from the above simple thermodynamic 
irgument that any observation of a difference between 
the melting-point of the grains and the grain boundary 
must be due to nonequilibrium effects. Therefore, 
any conclusions drawn from these observations about 
the equilibrium structure of the grain boundary‘® 
made with great care. 


effects 


should he 


There are several which might be inter- 


preted as giving, or which might actually give, early 


grain-boundary melting. A few of these are: 
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effect. of 
surface nonequilibrium will be of the same order of 


5. For a discussion of the 
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(1) A nonequilibrium grain-boundary concentra- 
tion of solute, i.e. inadequate time for redistri- 
bution of solute. 

A rapid decrease in the mechanical strength of 
the grain boundary near the melting-point. 
More rapid nucleation and growth of liquid at 
the grain boundary due to the structure or 
composition of the grain boundary. 

In a carefully performed experiment, the third 
effect is most likely to give grain-boundary melting. 
If an impurity which lowers the melting-point has a 
higher equilibrium concentration at the grain boun- 
dary, the nucleation and growth of the liquid with 
its higher solute concentration will certainly be more 
rapid in the grain-boundary region than in the grains. 
The growth of liquid into the grains will require 
more long-range diffusion of solute and thus will 
proceed at a lower rate. 
show 


the which 


premature grain-boundary melting will provide very 


Careful experiments of type 
interesting data on the little understood kinetics of 
melting. However, their relation to the equilibrium 
properties of the grain boundary must await a better 
understanding of these kinetics. 
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Remarques sur l’Article de Mrs. E. T. 

Turkdogan, L. E. Leake, C. R. Masson: 

Thermodynamics of Iron-carbon Melts* 
(Acta Metallurgica, Vol. 4, July 1956) 


Si l'on porte sur un graphique ayant pour coordon- 
nées V, et a, (figure jointe), les points expérimentaux 


cités dans l’article (Table 2), on obtient une courbe 


0G 

] 

ul ul 


notablement différente de celle tracée par les auteurs 


(figure 5), obtenue par calcul a partir des mémes 


résultats expérimentaux (Table 4). L’écart est encore 
plus grand avec les résultats de calculs effectués par le 
Dr. Richardson. 
Ces différences peuvent étre expliquées comme suit 
Le carbone dissous dans le métal attaque le creuset 
de chaux? suivant le réaction: 


CaO CO C,Ca. 


3C 

Le CO libéré se mélange aux autres gaz présents 

dans le tube laboratoire. En sortant du four, ces gaz se 
refroidissent et la réaction suivante a lieu: 


CO + 3H, > CH, + H,O. 


Elle est presque complete. 

Les auteurs ont observé la présence d’eau dans leu 
gaz. La réaction (2) est la seule qui puisse produire 
des quantités notables d’7H,O. Ils ont done analysé 
un gaz plus riche en méthane que celui qui est en 
équilibre avec le métal, et par conséquent, ont mesuré 
une activité de carbone supérieure a celle Gui existe 
en réalité. Tous leurs points sont done déplacés vers 
le haut sur le graphique. Les fluctuations de la 
pression partielle de CO expliquent la dispersion de 
leurs points. 

Par contre, au cours des expériences faites en 
utilisant du graphite solide, le dégagement de CO 
devait étre beaucoup plus faible, car la réaction: 
2A1,0, Al,0,C 


Elle 


méthane des gaz. C’est pourquoi, sur la figure 2, 


> 2CO 


est tres lente. n’a pu modifier la teneur en 


les 


points sont bien alignés avec les résultats des autres 


auteurs. 


+ L’auteur ne précise pas quel réfractaire était en contact 
direct avec le graphite. C’est vraisemblablement de l’alumine, 
mais un autre réfractaire (chaux par exemple) aurait produit 


le méme effet. 
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Pour obtenir, leur méthod 


correcte de 
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Vactivité du carbone 


dai analyser l’eau et le méthan 


corriger la teneur méthane 


teneur en eau 
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Twin Intersections in Titanium* 


During the course of investigation into the 


nism of plastic flow in alpha-titanium, twin 


sections were observed la number ot coarse-grained 


specimens which were deformed to effect extensive 
Generally speaking, four principal types of 
und together 


ire shown in Fig. | 


twinning. 


intersections were found these, vit! 


modifications, 
The first 


intersection at all, 


type of twin intersection 


since one TW 


barrier to the other, as 


Fig. la 
frequently encountered when there is a 


ot the 


trable 
twins in Twin abutment 


ence in the thickness inters 


Moreoy el 


from the region of a 


one occasionally, 

pbutment 
of Fig 
ld reveal 


th 


shown on the left sid 
Figs. Lb. le 


of intersection 


and 
where path 
deflected by the crossed twin 

occurs betweel 


section 


intel 
twins (Fis Ib and le 
In Fig 
CTOSSING 
passing through the crossed t 
irking 


is also shown in Figs 


the two sets of faint m 
result of duplex slip on 

There 
of the 


another, suffers a disp! cement 


third type 


without 


of disp! 


the other side of the twin 


In general, the magnitude 


the 


tions of this kind is greatei 
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TO 
twin. It is apparent from the polarized light micro- 
graph of Fig. le that the same family of intersecting 
twins can result in intersections of different types 
Furthermore, in this particularinstance it would ippeal 
that the thickness of the crossed twin (lighter twin) is 
an important factor. The parallel markings in the back- 
eround of this micrograph again represent slip on 
set of {LO1L0! planes. 

Another example of this third type of twin intersec 
tion is strikingly illustrated in the polarized micro 
graph of Fig. le. Here the {1012! crossing twin is very 
thin and penetrates the thick {1012! twin only a short 
distance. It is significant that the nature of this pene- 
tration is the same when the twin starts anew on the 
other side of the thick twin. This suggests that, in 
spite of the absence of a secondary crossing twin, the 
strain of the impinging thin twinistransmitted through 


Moreover. 


along a 


the lattice of the thick twin. this transmis 


sion of strain probably occurs rational 


crystallographic plane, since the twin displacement in 
this 
proportional to the thickness of th 


intersections of kind (as pointed out above 
appears to be 
crossed twin. In this connection it is further signifi- 
cant that one edge of the V-type notch appearing 1n 
the thick twin of Fig. le is parallel to the line joining 
the displaced twin and corresponds to a {1012} plane 
It is also apparent from the micrograph that the other 


edge of the notch is parallel to the active {1010} slip 


planes, whose traces are evident in the background 


Variations of this third type of twin intersection are 
shown in Figs. If and lg. The intersections in Fig. If 
between pairs of {1012} twins are interesting in th 
both twins are displaced in the region of impingement 
It may be noted that this kind of intersection occurs 
where one of the twins (presumably the crossed twin 


is noticeably thinner. The notable feature in the other 
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Observations on Etch Pits and 


Sub-boundaries in Columbium* 


The correlation of one dislocation with 


it low-angel boundaries vermanium 


lt was demonst! 
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each pit 


tion The authors have observed well-defined etch-pit 


lated to the iravs at sub-boundaries on large grains of arc-cast 


dislocations. Etch pits columbium which analy sed 0.16 wt Ta, 0.15 Si, 
es on single ervstals of zinc 0.02 Ti. 0.005 Fe. 0.86 O,. 0.05 C, and 0.01 Ng. Aftei 


aging the as-cast metal at elevated temperatures, the 


were obtained only after adding 
uminum sheet etch-pit arrays showed marked changes which pre- 


in of etch pits sumably resulted from an association of impurities 


of dislo- and dislocations. Success in deve loping etch pits was 
and it Was assumed achieved by electrolytic polishing followed by etching. 


presence of impurities The polishing solution consisted of 90 ml cone. H,SO, 


and 10 ml of 48 HF. This solution is also used for 


linear Fic. 4. Etch-pit arrays in subgrains, near a grain boundary 
L000 and a sub-boundary after grain as 


shown in Fig. | 1500 
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f etch pits on metals appears to be r Err 
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Fic. 2. Region of grain shown in Fig.1. Low 
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TO 


the electrolytic polishing of tantalum.) Polishing was 
done at room temperature, using mild agitation and a 
current density of 0.1 amp. per sq. em. The etching 
reagent consisted of 10 ml conc. H,SO,, 10 ml of 48°%. 
HF, 10 ml H,O, and a few drops of H,O,. 


etching, the specimen was immersed in the etchant 


For 


and agitated. 

The cellular substructure found on a typical etched 
large grain of the as-cast columbium is shown in Fig. 1. 
At a higher magnification the faint sub-boundary 
patterns in Fig. 1 were resolved into arrays of closely 
spaced etch pits whose linear density varied through- 
out the grain, as shown in photomicrographs of two 
different regions, Figs. 2 and 3. Additional pits were 
developed only after prolonged etching. A Laue 


back-reflection pattern obtained from this grain 


with 
for 
hours in a vacuum of less than 0.5 uw and furnace- 


associated 


1750°C 


showed the closely spaced spots 


low-angle boundaries. After aging at 
cooling, the reactivity increased. The arrays devel- 
oped after short etching times and the etch pit density 
at the sub-boundaries and in the subgrains increased. 
whereas the size of the pits decreased. In addition, a 
zone impoverished in etch pits was observed near the 
grain boundaries, and to a lesser extent at the sub- 
boundaries. The etch-pit arrays found after aging 
Fig. 4. 


evidence of a second phase accompanying the etch pits 


are shown in There was no microscopic 
in either the as-cast or annealed metal. 

These observations on the formation of etch pits on 
as-cast columbium are similar to those observed by 
Wyon and Lacombe for aluminum sheet, and can 


also be interpreted in terms of the interaction of 
of the 


there 


impurity elements and dislocations. Because 


high rates of solidification after arc-melting, 


would be little tendency for the impurity elements to 


condense and form Cottrell’s atmospheres in the 
as-cast metal except at the more active dislocation 
sites such as the sub-boundaries. Aging the as-cast 
metal at an elevated temperature followed by slow 
cooling would permit the migration and condensation 
of the impurity elements at other dislocation sites 
at the The 


presence of these impurities would tend to promote 


within the subgrains and boundaries. 
the etching of dislocations while at the same time the 
reduction of strain-energy of the dislocations due to 
impurities would decrease the size of the etch pits. 
The depleted zones near the grain boundaries found 
after aging can be attributed to a larger migration of 
impurities to the boundaries because of the greatet 
structural defects in these regions. 

The the 


condense 


elements having 


at 


greatest tendency to 


dislocations would be those with an 
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atomic radius different than that of columbium and a 


This assumed 


low solubility in the metal association 
between impurities and dislocations also implies th ut 
dislocations that ar 


there is no guarantee that all the 


present are represented by etch pits. 

Similar etch-pit arrays at sub-boundaries have been 
observed in are-cast tantalum ele trolytically polished 
mixtures, 

A. 
Fansteel Metallurgical ( or poration F. J. HUEGELT 
North ( hicagqo, Tllinois 


and etched with the same 
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Luder’s Bands* 
LOLO 


discussed 


Previously, Luder’s band propagation in 


annealed steel wires was described and 


STress 


The band propagation was said to 


Qur 


depe | on 


and temperature ybservations of Ludei 
propagation in 1020 annealed steel flat bars pi 
that the 


the lo 


tension has shown speed. of prop 


strongly dependent iding rate 


suriace Impertections 
The 


approximately 25-40 


also pla 


in import 


their speed Luder’s line appears 


to the normal 
of loading and has geom«e llar te 
The lines 


sper Imen 


Sim 


ommonty start 


ervstal 
move across the unde! 


+ 


they encounter an iImpertectio 


line. Such impertections may 
slow it, 
Fig. 2 


notch, is 


or even temporarll\ 


ollisior 


rs line 


as a sometimes 


vielding Severe notches m 


roving Luder’s line deformation 


cases do. not Initiate 


some 
notch occurs 
The 
ol 


deformation at the 


line collides with a notch 


were made at a loading rate ipproximately 


0.1 in./min and possibly these effects would n 
apparent at higher speeds 


Since it is difficult to believe that shear 


across grains of different orientations at 
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Fic. 2. Luder’s line temporarily stopped by surface 
imperfection. Mag. 4 


Direction of propagatio 


< 


same angle, the following explanation is proposed: It 


is suggested that because of 


the large 


possible slip planes in alpha-iron, slip occurs across 


number of 


individual grains along the preferred plane, however, 


the angles are only slightly varied from grain to grain 


ind therefore in polycrystalline materials the Luder’s 


line appears as a 


continuous band 


This theory is 
currently being investigated 
It was also found that a thin copper cladding on the 


| will exaggerate the 


the 


deformation due to passage 


line by the formation of a mottled surface 
>). This allows visual ind photographic observa- 


tion of the line movement without oblique lighting 


and difficult optical tec hnique S 


. B. Liss 
( aterpillay Tractoi 
Peoria. Illinois 
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The Thermal Etching of Titanium* 


To the best of has 


my knowledge, no reference 
been made to the thermal etching of titanium, and 
its observation may be of interest, particularly in 
the light of the paper by Fraser, Caplan, and Burr” 
and that by Newkirk. 

A high-purity titanium powder was rolled directly) 


into sheet about 0.5 mm thick on a standard 2-high 


rolling mill.“ The surface of the green sheet received 
no further preparation, and thermal etching occurred 
during the subsequent sintering, was carried 
1400°C 
Within this time- 
the 


since 


which 
out in an atmosphere of purified argon at 
for periods of from 8 to 21 hours. 
the 

The 
the cooling rates obtained by removing the furnace 
the the the 


specimen were higher than the critical cooling rate. 


range etching pattern was substantially 


same. specimens were furnace-cooled, 


from region of 


apparatus containing 


The Martensite transformation which occurred under 


these conditions rumpled the surface and completely 
obliterated all but the grain-boundary etching. 
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The general appearance of the etched surface is 


shown in Figs. | and 2. The shape of the large grain 
| 2. | f the | il 
for this grain (OOO1) was near 


It can be 


in Fig. | shows that 


to the surtace plane of the specimen, seeh 
“etch terraces” sometimes appear 
is curved lines. The results of both Fraser and New- 


that 


that the striae o1 


kirk have shown such curvature cannot be 


simply ascribed to contour effects on an uneven 


surface. Furthermore, any section of a crystal 


which is being etched on crystallographic planes 
and along crystallographic directions will show such 
planes and directions in its contours, which become 
ent or “polygonized.” In titanium, however, 
oth smooth and polygonized curves occur in the 
Fig. 2. Now it is 


that the interiors of pores open to the surface showed 


same specimen, e.g. interesting 


the polygonized or crystallographic type of etching. 


This is presumably nearer to the true equilibrium 


configuration than etching on the outer 
the specimen, since within the pores there must 
be a fairly stagnant gas atmosphere, whereas at the 
the 


the 


gas is being continuously swept 
the 


of the thermal etching 


surface away. 
Thus 


(assuming that this is part 


chances of atoms leaving surtace 


mechanism) being deposited in the same region are 


surtace of 


VOL. 5, 


L957 


The 
effect is enhanced, independently of the stagnant 
atmosphere, by the fact that in a pore the volume: 
the 


greater in a pore than on the open surface. 


surface. 
the 


curve” 


surface ratio is greater than at 
Thus the 


equilibrium configuration than the 


open 
crystallographic etching is nearer 
“smooth 
etching, so that the occurrence of both in the same 
specimen shows that etching is further advanced 
in some regions than in others. 

That the curved and the polygonized etch-terraces 
are in fact only different in degree is clearly shown 
in Fig. 3. Here what appeared at low magnification 
to be curved etch-terraces are clearly shown to have 

Faint 
running from 
that 


a zig-zag edge about the mean curve. lines, 
seen 


this 


akin to slip lines, may also be 


the zig-zag edge, but whether indicates 
some slip has occurred on these planes or whether 
it is an etching effect is problematical. 

The growth mounds and large pits (distinct from 
pores in the present context) observed by Fraser 
et al. on thermally etched chromium were also found 
on titanium, as can be seen in Figs. 1 and 2. These 
often showed pentagonal symmetry which reverted 
to a higher symmetry as the radius increased (Fig. 4). 
In at least one instance (Fig. 5) a trace was found 
of what appeared to be growth spiral. No inclusions 
were apparent in the titanium, and the dislocation 


loops so clearly shown in Fraser’s paper were not 


500. Enlarged 


a 
Fic. 4. 3. 
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generated in melt-grown crystals by the 
disc-shaped aggregates of vacancies into prismati 
dislocation loops in the mannet previously discussed 
by Seitz. F.C Frank recently worked out this ide 
on a more quantitative basis, and he explained i 
satisfactory way the substructure of melt-grow) 
crystals, starting from a number of prismatic loops 
One point remains, however, obscur It is quite 
conceivable that at the beginning of the ondineation 
ol a perfect crystal a supersaturation of vacancies 
large enough to create a dise-sh uped agglomerate can 
be built up. It is, however, difficult to see why 
rings should be nucleated after a ring 1s pres 
vacancies should prefer to migrate to thi 
dislocation ring and make it grow, instead 
anew ring: unless, of course, the existing ring 
be far behind the interfac¢ liquid-solid. 
ring grows further, it should finally leave the 
and no dislocation would be left 

We believe that one way out of this difficult Is a 
follows. Suppose that a ring of prismatic dislocation 
Ss present in the crystal parts of it will be able to 
glide under the influence of thermal stresses set up by 
the temperature cradient In general, one will get 


situation where parts of the ring will adopt 
Fic. 5. 500. Enlarged 
screw orientation the situation is 
observed. Subgrain boundaries were seen, e.Yg somewhat idealized in Fig la These se 
Fig. 2. but without the regular pit-spacing shown now be able to climb into a helical dislo 
by chromium.” The height of the etch-terraces manner described previously.“ Loops 
remains unexplained. ire mobile by prismatic glide, the moveme 
It might be supposed that titanium is not an ideal consequence of the mutual repulsion of 
metal for the study of thermal etching and dis- loops. This will ultimately lead to the inte 
locations, since the allotropic transformation Ls parts of the he lix wit] itsell ind this res 
likely to complicate the picture, but the occurrencé 
of thermal etching in so striking a manner merits 
further investigation. 
P. Evans 
Dept. of Mechanical Engineering 
California Institute of Technology 
Pasadena, California 
formerly at Dept. of Metallurgy 
Cambridge, England 
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On the Generating of Dislocations in 
Melt-grown Crystals 


Since the work of Teghtsoonian and Chalmers"? it 


has been commonly accepted that dislocations are 


4A 
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formation of new closed loops. We thus have multi- 
plication of dislocation loops and there is no necessit\ 
for 
nucleated at a distance from the existing ones. 


The 


nucleating new ones, although some 


observations of decorated dislocations in 


fluorite’ suggest that such a mechanism can operate 


under climb conditions. 

It is clear that the same mechanism can take place 
starting, not from an initial prismatic loop, but from a 
screw dislocation (or one which is approximately so) 
inherited from a seed, or another substrate. 

In practice, several “‘sources” of rings with different 
Burgers vectors will be operating and their inter- 
sections will result in the formation of the dislocation 
network. 

This work is part of a research scheme supported by 
I.R.S.1.A. (Brussels). We wish to thank Prof. Dr. W. 
Dekeyser for his continuous interest. 
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Twin-Boundary Free Energies and the 
Variation of Surface Free Energies with 
Crystallographic Orientation* 


In measurements of relative interfacial and surface 
free energies using dihedral angle 1raeasurements. the 
terms in Herring’s equation™) involving the variation 
of surface free energy with crystallographic direction 
are usually neglected because little is known about 
them and they should cancel if the average of a large 
number of randomly oriented dihedral angle measure- 
ments is taken. This note is to show that these terms 
can be evaluated from measurements on pairs of twin 
boundaries. 

Brooks, we write the Herring 


Following may 


equation for a twin boundary meeting a_ surface 


symmetrically (Fig. la) in the form 
(1) 


where yp, 7g are the twin-boundary and surface-free 
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Kig. 1. Dihedral angles of twin-boundary grooves 
in a metal surface. 


energies. In the case of anealing twin boundaries in 


face-centered cubic metals, as shown below, sin 


D 


<1 and | is usually much greater than y,, 
yD ‘7 


(not, as Brooks assumed, less). So that for a pair of 
twin boundaries one has one dihedral angle slightly 
creater than 180°, 
The directions of the corresponding sur- 


and one less than 180° by a similar 
amount. 
faces of C and C’ and of 7 at the vertices of the grooves 
are parallel to within a fraction of a degree. It can 
quite reasonably be assumed that 0y,/0D is constant 
for such a small change in orientation and for the two 
twin-boundary grooves OV 0D is equal and opposite. 
Therefore, as D is nearly 180 


D 


YS 
and ; (2) 
) ») 


If the twin boundaries meet the surface obliquely 


(Fig. lb) Herring’s equation must be written as 


ov 
yp cos B sin B 


(3) 


where yy, Yp are the surface free energies of the 


crystal and the twin. We can still assume y,, = y);, = 


Ys; and sin A sin B=1. This gives 


COS B A’ 


cos B’)= 


and 


a 
2 / / 
/ / ( 
/ / 
/ 
> 
29, 
cos — cos 
ay ») 
iS 
“~ 
‘ CL CD 
‘? ~-(cos A + 
» 
A A’ 
COS | COS | (da) 
» » 
di. of 
Vo \0A OB 2 
cos B ) = cos | c s | (4b) 


plom | 


b 


pairs of nickel twin-boundary 
(An ordinary grain- 


Interferograms of 
fringe contour interval 0-16 ju. 


» 
Fig. 2. 
Yrooves; 


boundary groove also appears in b.) 


Figs. 2a and 2b shows interferograms of two pairs of 
twin grooves in nickel, vacuum-annealed for 12 hours 
at 950°C. The angular measurements derived from 
these are given in Table 1. 


TABLE | 


0-01 
0-006 


0-105 
0-036 


O-OLO 
0-005 


55’ 0-003 
50’ 0-006 
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B is 
The 


accuracy of the ratio twin/surface free energy is, of 


The accuracy of angular measurement of 4 
about 50’ for (2a) and about 20’ for (2b). 
course, poor, but the value for the sum of two orien- 
tation derivatives should be quite reliable. The aver- 
Table 1 e; he 


0-005 Fullman has measured the tw in-boundary 


0-002 


age value of y7/yg from taken as 
free energy for copper by two methods, using twin- 
boundary—grain-boundary and twin-boundary-—surface 


equivalent to 0-012 and 0-007 for 


His results are 
the 


intersections and ignoring 


From 


YI 


Bri ks 


difference of these two results 2) estimates an 


average value of 0-Ol per radian for 
Ys 
comparable value for nickel taken from T; 
0-05 per radian; while Buttner ef al.“ give a value of 
0-12 per radian for gold. obtained from measurements 
of variations of the grain-boundary groove dihedral 

angles around the circumference of a wire. 

All these methods give only the sum of the two 
| Y¢ 0)’ p 
OB 


equation 


orientation derivatives, unless they 


are equal by symmetry, (1). The 


Interferogram , ts of twins in copper; 
contour interval 0-24 uw. The 
dihedral angles greater than 180°, 


two boundaries 


outer 
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orientation derivatives will, of course, vary from 


positive maximum through zero to negative maxi- 
the surface orientation and direction of 


mum, and 


rotation should be specified tor each value. 


While the results given above are for nickel. the 


effect in copper is very similar, most pairs of twin 
houndaries having one dihedral angle less than 180 


and one greater. The rate of twin-boundary groove 


formation seems to be much less in copper than in 
nickel. Fig. 3 shows a set of copper twin boundaries, 
but the grooves are too near the limit of resolution to 


be measurable with any accuracy. 
H. Mykura 

Natural Ph ilosophy De pl. 

The niversity, Glasgow W .2 
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Surface Effects on Plastic Properties of 
Copper Crystals* 

There is much experimental evidence"! to show 

the plastic properties of metal crystals can 


a ected by 


that 


be greatly surface conditions In_par- 


ticular, the work of Roscoe™ on cadmium and of 


Harpe 


ervstals with freshly 


ind Cottrell on zine clearly showed that 


cleaned surfaces have 


critical shear stress for flow 


More recently, Andrade and 


intially lower 
surtaces 
found 


than oxided 
Henderson" 


had a 


film silver 


the 


oxide 
effect on 


that an 
pronounced shear 


the 


crystals 


hardening by decreasing extent of easy glide 


following the onset of plastic flow. 
Since this early work was largely concerned with 


yxide films, it was difficult to draw any conclusions 


s to the role of dislocations at the surface on the 


this connection, 
effect of 


the 


changes. In 


the 


observed property 


it seemed desirable to study surface 
diffusion on critical 


the 


process ot 


alloying by a 
stress and stress-strain 
diagram. This 
of a more detailed study of this effect now in progress. 


OFHC 


long, 


shneal YTOSS shape ot 


letter describes some early results 


Single crystals of 99.95) copper, in. 


diameter and D in. were used in these pre- 


liminary experiments. The crystals were grown by 
the 
seed in order to obtain crystals of identical orienta- 


Bridgman method in vacuum from a common 


tion. A 3-in. gage length was obtained by etching 
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the as-grown crystal in a 30° solution of nitric 
Surface alloying was accomplished by silver 
from a 4 
was obtained by displacement of silver from a silver 
The done in an 
evacuated quartz tube at 750°C for 25 hours. Metallo- 


differential etching revealed 


acid. 
diffusion 10~-cm_ silver plate, which 


cevanide solution. diffusion was 


graphic examination by 
a surface alloy depth of 3 x 10-7 em, which repre- 
sents a very small fraction of the crystal diameter. 
Although there was no evidence of a second phase 
in the alloy zone, a region of | 10-7 em from the 
surface must have been supersaturated with silver, 
since a precipitate was observed on examination 
after plastic deformation. The tensile testing methods 
resolved shear stress 


the critical 


and the gross shape of the stress-strain diagram 


used to obtain 


have been described in a previous paper.‘ 
Table | the 


shear-stress 


contains values of critical resolved 
the 
/,, for three sets of copper crystals with different 


the 


and original orientation, 7, and 


surface treatments. It is apparent from data 
that the critical shear stress for the onset of plastic 
flow is not affected by the presence of a 4 « 10-4-cm 


silver plate, but is greatly increased by the diffusion 
of the silver plate into the copper crystal to form 
a 3 10-*-em Cu-Ag These 


strongly suggest that the onset of plastic flow in 


alloy surface. results 


metal crystals is intimately associated with dis- 
locations at the crystal surface, and not with those 
associated with internal surfaces such as low-angle 
boundaries. Moreover, the increase in critical shear 
stress on surface alloying is most likely due to the 
Cottrell anchoring of the surface dislocations by the 
diffused that a 


Cu-0.5°%, 


silver atoms. It is noteworthy 


Ag alloy crystal grown under identical 


conditions and with similar orientation gives a 
similar rise in critical shear stress. 

The stress-strain curves in Fig. | are for the No. | 
set of crystals listed in Table 1. The original orienta- 
tion of these crystals was selected to produce multiple 
hence, a high 
A comparison of curves 1A and 1B shows that, as 
the the 


the 


glide at the very onset of flow and, 


hardening curve with no region of easy 


shear-stress, silver- 


either 


in the case of critical 


plated surface has no effect on shear 
hardening coefficient nor gross shape of the stress- 
strain curve. This is in agreement with the very recent 
results of Garstone, Honeycombe, and Greetham.‘® 
On the other hand, the Cu-Ag alloy surface treatment 
(crystal LC) produced not only a significant decrease 


in the shear hardening coefficient (compare with 


crystal 1A), but also a region of easy glide in spite 


of the predicted multiple slip at the onset of flow. 


\ 

— 


LETTERS TO THE EDITOR 
TABLE lL. Critical shear stress data for copper crystals of identical orientation for different surface condition 


Crystal No. Diameter (in.) %y (deg.) i, (deg. sin 7) COS Ay Critical sheat 


stress (g/mm+-* 


0.348 
0.350 


0.348 


0.352 
0.349 


0.351 


0.350 
0.350 


0.348 


For comparison, the stress-strain curve for a Cu-0.5°, and (2) the shear hardening for the entire stress-strain 


Ag alloy crystal of similar orientation and critical curve decreases. The increase in critical shear stress 


shear stress is also shown in Fig. 1. It may be seen r —— -_ 
1A 


that, with the exception of a small difference in 8 


the extent of easy glide, the curves of 1C and 4 are 
similar. The somewhat smaller region of easy glide 
for crystal 4 could be attributed to the occurrence 
of general precipitation of silver on plastic deforma- 
tion, since the solid solubility limit of silver in coppel 
at room temperature is presumably <0.1 wt.°,. 

Fig. 2 shows the stress-strain curves for the No. 3 
set of crystals listed in Table 1, whose orientation 
ensures a region of easy glide followed by a region of 


high hardening. Here the silver plate causes a slight 


> 


decrease in the extent of easy glide, but still has 
no effect on the shear hardening in the later stages 


of flow. The decrease in the extent of easy clide 


STRESS Kg /mm2 


might be due to the decrease in the multiplication 
of fast dislocations at the surface™ by the silver 
plate. A comparison of the curves for crystals 3A 
and 3C again reveals the marked effect of surface 
alloying on the stress-strain curve. The region of 
easy glide is extended to higher values of strain, 
and the shear hardening associated with both easy 
vlide and the region of higher hardening is decreased. 
To summarize, these preliminary experiments have 
shown that the effect of surface alloying on the a eg 
plastic properties of metal crystals is similar to that reonnes 


for bulk alloving in that (1) the critical shear-stress Surface conditions: 1A—nitrie acid 
P ° silver plate, IC copper-silvet allov surface 
for flow and the amount of easy glide increases, 4 (@y-0.5°, Ag alloy. 


LB 25 38 0.395 4 \g plat 
LC 150 3 10-? Cu-Ag allo 
2A HNO. etcl 
2B 26 34 0.364 93 { 10-4-em Ag plate 
L156 > LO m Cu-Ag 
allo 
3A SS HNO, 
3B 0.475 90 10-4-cem Ag plate 
3C 147 3 10-2 em Cu-A 
/ 
/ 
5} / 
& / 4 
/ € / 
ry / 
a} o/ v / 
“| é/ 
§/ 
\ 
; IA 4\ 
ip \ 
LIC 


ACTA 
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STRESS Kg / mm@ 


[110] 


| ! 


STRAIN 


Stress-strain curves for copper crystals of identical orientation with different 
nitric acid etch, 3B—4 10-*-cm silver plate, 3C 


Fic. 2. 
surface conditions: 3A 
silver alloy surface. 


also suggests that dislocations at or near the surface 
are largely responsible for the breakdown of Hooke’s 
law and the advent of plastic flow. 

D. Rosi 
RCA 
Princeton, New Je rsey, U.S.A. 
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The Effect of Solute Elements 
on Resistivity* 
In a communication, entitled The Effect of Addition 
Elements on x-Titan- 


the Electrical Resistivity ot 
ium, | the authors state that the increase in resistivity 
of «-Ti on alloying bears little relationship to the 


the added 


nontransition 


usually accepted valency of element 


and a wide selection of elements 


appear to have a great and, surprisingly, an almost 


copper- 


equal effect. At the same time, according to their 
opinion, the effect of the addition elements is much 
greater than the normal effect. 

After the analysis of some hundred solute elements 
solvent (Al, Cu, Fe, Meg, Ni) 
the that the increase in 


resistivity of any metal on alloying 


in five elements 


we came to conclusion 
may be related 
to differences in valency, in periods of the Periodic 
The 
effect of differences in valency is in the mean 1-2 


Table and in subgrouping (A- or 5-elements). 
°,, for each, i.e. for the highest possible 
The effect 
between 0 and 12 


cm/at. 
difference of 4.4-8 


of the other two factors 


combined 
varies 
uQ cm, at which it must be considered that elements 
of the other subgroup exert mutually a much greater 
effect. 
to depend on the electronic structure of the atoms, 


The specific effect of any element appears 


and there are some special effects which may be 
related to some special grouping of the 3d electrons, 
as already suggested by W. Hume-Rothery.“ 

When applying the above considerations to the data 
Zr and Nb 


belong to the same subgroup as Ti, and exert, there- 


of ref. (1), we find very good agreement. 


fore, a much lesser effect than the other four investi- 
gated elements pertaining to the other subgroup. 
Taking the usually accepted valency, we find a 
difference in valency, Av = 0 for Sn and Zr, Av = | 
for Al and Nb, Av = 2 for O, and Av 


With this as a basis, we find the effect of differences 


3 for Cu. 


2 °% each, i.e. at the upper 
but 


The effect of differences in periods 


in valency as 2 cm/at. 


limit as found for other solvent elements. 


still 


amounts 


normal. 


to 2 uw em for A-elements and 10-15 


3A 
3C 
3B | 
| 
| 
| 
| | 
> 
oo} | 
| 
| 
| 
| 
| | 
| 
London, Institute 
2. R. Roscoe 
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1. E. N. da \N 
behavio1 ot ingle 
il metals l 
D. Ros Stres 
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‘ERS TO THE EDITOR 


“&2 cm for the investigated B-elements. The com-_ the effects of the elements as related to their relative 
bined effect of the three factors in the case of positions in the Periodic Tabl C. BR. VasseEi 
the B-elements investigated results in an almost — Ppseareh Institut for Nonferrous Metal 
equal effect, which must be regarded as accidental. Hungarian Academy of Science 
It is to be hoped that the extensions of such ial . 
resistivity experiments to other solute elements . References 
of Ti and the collecting of more information on ; IES ant D. McQ 


the electronic structure-dependent properties of Ti, ' 
VASSI Chesi 
as suggested by the authors,” as well as theoretical 


req urements for the degree 


Ci iv of Sciences. 16 Ma L956 
investigations, will throw more light on the problems _. , 


and G. V. Ra 
alluded to and help to understand more thoroughly 0 tals « lloys Institute of Me 


Erratum 
Acta Metallurgica, 5, 111-112 (1957) The Surface 
Tension of Metals 
(a) Equation (3) should read 
(b) Equation (4) should contain £, instead of £ 


(c) The second sentence of Section 4 should read 
“Without making temperature corrections and using 
6.0. 
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ANGULAR BENDS IN WHISKERS* 


G. S. BAKER? 


The distributions of angular bends formed during growth in zinc, cadmium, and tin 
measured. It was found that for spontaneous growth whiskers from electroplated si ces 
tions had peaks at angles equal to the angles between low-indices directions in the crystal lattic 


characteristic groupings of angles could also be related to groups of low-indice directior 


FLEXIONS ANGULAIRES DES BARBES 


L’auteur a mesuré les distributions des flexions angulaires formées pendant la croissan¢ 
dans le zinc, le cadmium et l’étain. I] a trouvé que pour la croissance spontanée des barbes 
dépé6ts de surface, la distribution avait des maxima a des ang égaux aux angles forn 
directions d’incices faibles du réseau cristallin 

Différents groupements caractéristiques d’angles peuvent aussi étre mis en relation 
ments de directions de faibles indices 


KNICKWINKEL IN FADENKRISTALLEN 
An Fadenkristallen aus Zink, Cadmium und Zinn wurde die Verteilung der beim Wachstum entsa 
denen Knickwinkel gemessen. Dabei wurde gefunden, dass fiir Fadenkristalle, die durch spontanes 
Wachstum auf elektroplattierten Oberflachen entstanden sind, die Verteilung Maxima bei Winkeln auf 
weist, die gleich den Winkeln zwischen niedrig indizierten Richtungen im Kristallgitter sind. Ausserde 
konnten verschiedene charakteristische Gruppierungen von Winkeln mit Gruppen von niedrig indizierten 


Richtungen in Beziehung gebracht werden. 


INTRODUCTION distribution ol angles ith whiskers 


Whiskers grown from the solid phase are occasion- pressure multiply bent to form spirals ound 


ally bent, straight segments being connected by peaks in the distribution around 30° and 60 
sharp angular bends. This bending takes place during Koonce and Arnold and Levy and Kammeret 
the growth and is a result of the growth process hypothesized some type of twin boundary 
Thus its explanation is required by a complete theory region of the angular bend. Sears, Gatti 
of whisker growth. The present communication is  Fullman™ reported angles in iron whiskers 
a report of some of the more striking features of from the vapour which had the ability to 
angular bends formed in whiskers during growth. large elastic strains. They proposed 
boundary at the angle, the motion o 
REVIEW OF PREVIOUS WORK about hoes large elastic strains observed 
Since whiskers were first discovered it was seen 
RESULTS OF THE PRESEN' 
INVESTIGATION 


that a few of them were bent in more or less angulat 
type bends. Koonce and Arnold") first reported a 
characteristic type of bending which could not be The distributions of angula 
explained by just random deformation of whiskers whiskers during growth were m¢ 
already grown. They reported a double bend of tin, and zine whiskers, both grown 
two angles equal in size but of opposite sense which tion of pressure and in the 

left the whisker in the same orientation but offset the plane of the angle was 

from its original position by a small amount. Fisher, from which the whisker grew 

Darken and Carrol’) caused whiskers to grow at using a filar eyepiece on a metallu 
an accelerated rate of growth by the application of The lengths of the components 
pressure. The number of whiskers showing bends of the angle parallel and pet 

in this case is much greater than for whisker growth leg were measured and the ang! 
without the application of pressure; some whiskers this. Depending on the size of the 


showing multiple bends. Levy®) has reported the lengths of the legs, the error varied 


The great majority of the angles, however 
* Received November 9, 1956 , 
+ Dept. of Physics, University of Illinois, Urbana, Ill. U.S.A 
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be measured attached to the specimens 
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NO.OF ANGLES 


1. 


Distribution of angles found in zine whiskers. 


they grew. These whiskers were removed from the 


specimen and placed flat on a microscope slide, 
taking care not to stress the whisker while doing so. 
The whisker was then examined under a magnification 
of 1000 on a metallograph with a rotating stage, 


rotation readable to one-tenth of | 


legs of the 


the angle of 


degree. The angle were successively 


lined up with a hair-line in the eyepiece by means of 


rotation of the stage and the angles read off as the 
the two settings. The 
than | degree. but 
that the 


difference between error in 


measuring the angle was less 


there was always the possibility whisker 


had been placed on the microscope slide in a stressed 


state 


» in zine whisker. 1850 


VOL. 


Fic. 3. 90° angle in zine whisker. 27000 


In the case of whiskers grown with the application 
of pressure there was no pronounced preference of 
one angle over another. However, in the case of 
whiskers grown without the application of pressure 
a few angles predominate. For cadmium and zine 
whiskers the angles that predominate are 30°, 60 
and 90 Fig. |] 
found in zine nonsqueeze whiskers. The distribution 
and 3 


Compton, Mendizza, 


gives the distribution of angles 


for cadmium is similar. Figs. 2 show two 


typical examples of the angles. 
and Arnold’) have reported that the whisker axis 


for zine and cadmium whiskers is along one of the 


TIN NON SQUEEZE WHISKERS 


c 


E 


NUMBER OF ANG 


DEGREES 


Distribution of angles found in tin whiskers. 
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BAKER: ANGULAR 


between directions of HKL and hkl 


in white tin 


TABLE 1. Angles type 


hkl 


orthohexagonal axes. The three major angles found 
in whiskers of Zn and Cd are just the angles between 
the various orthohexagonal axes. In the of 


tin, the distribution of angles is more complicated. 


Case 


If, however, one considered the angles between the 
lowest index direction (those having ones and zeros 
as Miller indices), one gets all the angles which appear 
Fig. 4 gives the distribution 
Table ] 


the angles between low index directions in the white- 


with any frequency. 
of angles in nonsqueeze tin whiskers. gives 
tin lattice. 

Many of the whiskers are bent more than once, 
the angles forming characteristic groups. In the tin 
lattice, there are four groups of three of the low- 
index directions given in Table | in a plane, in which 
two of the directions are perpendicular and the third 


angles combining in one plane to 
400 


Two 45 


change in direction tin whisker. 


Fic. 5. 
give a 90 


ENDS IN WHISKERS 


and a 62° angle combining in one plane 
2100 


90° change in direction tin whisker 


forms acute angles with the other two. These are 
angles adding to 


combining 


given in Table 2. These pairs of 


90°, and only these have been observed in tin 
angles 
Fig 


OO 


5 shows an example of two 45 
6 shows a 


For 


60) 


to give a 90° change in direction. 


28” and a 62° angle giving a sum zine 


and cadmium the pair of angles 30° and is 
observed. 

Fig. 7 shows a second type of characteristic forma- 
Here 
two angles of equal magnitude in the same plane 
the 


hy 


tion, first reported by Koonce and Arnold 


the whisker going in 


cancel each other to leave 


offset from the line 


This 


has been observed for cadmium 


same direction but previous 


usually a small amount tvpe of a formation 


tin, and zine whiskers 
(ne 


with all their characteristic angles except 90 


often angle bends follown 


These, 


Occasionally the 


observes two 


after the other however, 


close 


in perpendicular planes 


repeated bending of the whisker through eq 


distance 


[f 


the whiske1 


which alternate in sense the 


angles is small and varies 


take on a curved shape This is seen in 


2. Angles betwee 


Directions 


100 110 O10 
LO] OO] 


111 


L100 
110 
10] 


OOo] 
O10 


355 
HKL || Angles 
OO] LOO 90 
10] 61° 23 
110 90 
11] 68° 54 
100 100 0 90 
101] 28° 37’ 90 
110 45 
111 48° 47 
101 101] 0 76° 44’ 57° 15 
110 51° 38 
111 41° 17’ 66° 1 
110 110 0 90 
111 21°6’ 90 
11] 11] 0 40° 48’ 82° 33 
Fic. 6 te 
three directions in a ] 
vnit tin lattice 
Angle 1-2 Angle 2-3 Angle 1—3 
$5 
28° 37 61°23 
21°6 68° 54 


sURGICA, 


Fic. 7. Double 30° angles in tin whisker. 2700 


There are many other groupings of angles, some 


in a common plane, some not, which occur more or 
less frequently. Fig. 9 shows a characteristic group 
for zine. These groupings of angles all can be repre- 
sented as the angles between the low-index directions 


in the crystal lattice All the characteristic angles 


and groups ot angles appeal among the bends on 


whiskers grown by the squeeze technique. However, 


here the background of random bends is so large 


that the characteristic angles are overshadowed in 


the distribution of angles. In general, for both squeeze 


whiskers and nonsqueeze whiskers the characteristic 


angles show the high-whisker strength, while the 


other angles do not 


DISCUSSION 


That the angles formed in whiskers grown with 


the application of pressure do not show any angles 
There 


is many or more characteristic angles and groups 


predominating is most likely not significant. 


angles which are strong among squeeze whiskers 


1380 
Whisker had characteristic whisker strength. 


Fia. 8. Tin whisker with repeated angles. 
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Fic. 9. Characteristic group of angles for zine whisker. 925 


as among nonsqueeze whiskers. In the case of the 
latter, however, there are at least an order of magni- 
tude more bends which are relatively weak and are 
randomly distributed in magnitude. These are 
probably accidental bends due to changes in condi- 
tions in the highly inhomogeneously stressed region 
from which the whiskers are growing, either causing 
the bends or leaving weak sections of the whisker 
highly susceptible to mechanical deformation. 
The from the solid 


theories of whisker growth 


phase which have been proposed have assumed that 


the whisker was a continuation of the crystal structure 
of the base material."®.” It is further assumed that 
there is in the base layer a volume of relatively 
perfect crystal of dimensions comparable to the 
whisker diameter from which the whiskers grow by 
a dislocation mechanism. 

The of the 


compatible with such a mechanism of growth. There 


results present investigation are not 
are two possible explanations of the presence of 


angles assuming such growth mechanisms. One is 
that they are formed by the mechanical bending of 
a part of the whisker which has already formed. 
This would not give the distribution of angles found 
being 


The 


whisker 


and usually results in the angles so formed 


weak, while those found are usually strong. 
second mode of angle formation is for the 
axes of those parts of the whisker grown to maintain 
material, but 
This 


could not possibly be the case for whiskers of the 


their orientation relative to the base 


the direction of growth in the base to change. 


type shown in Fig. 9, where different segments of 


the whisker grew in directions 180° from each other. 


In addition, the whiskers in the present investigation 
were grown from electroplates less than a micron 


thick with submicron grain size. An exaggerated 


case of this is seen in Fig. 10, where a whisker of 


356 iCTA METALI 
\ 


BAKER: 


Kia. 10. 


thickness of cadmium plate from which it grew. 925 


Cadmium whisker much larger than grain siz 


large diameter is growing on an electroplate of an 


order of magnitude smaller thickness and grain size. 
Thus there was no naturally occurring base for the 


whisker to grow from. 


SENDS IN 


WHISKERS 


The conclusion from is that the whiskers de 


not grow with a root coherent with the base material! 


but are separated by an incoherent 


The 


direction ot 


intertace trom 


the base material. bend is then formed by a 


change in srowth at the bas of the 
of the 
reorientating Ith space to give a constant orientation 


of the This 


continuous 


whisker, the parts whiske1 ulready tormed 


would mean that the 


through the 


STOW NY face. 


crystal structure is bend 
the lattice orientation of the whiske1 


X-ray 


vapour shows that this is true for 


axis Changing 


analysis of iron whiskers grown from. the 


those whiskers 5 
The similarity of the whiskers in the two cases would 
lead one to expect that it is true 


grown from the solid 
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Transmitted single-crystal Bragg reflections of X rays diverging from a small source form an image of 
the section of the crystal traversed by those rays making the Bragg angle with the reflecting plane. Point- 
by-point information on the distribution of reflecting power and macromosaic boundaries within the 


crystal may be obtained under high resolution when a microfocus X-ray source is used. 


radiation, 


taken with stepwise translation of the crystal provides three-dimensional information on the distribution 


of crystal imperfect ions. 


UNE METHODE 


Les réflexions de Bragg obtenues par transmission des rayons X dans un monocristal (et divergeant 


a une source petite 


de Bragg avec le plan réflecteur. 


réflecteur et des frontiéres macromosaiques peut étre obtenue avec une résolution élevée si l'on utilise 


une source de rayons X a micro-foyer. 


d’aluminium 


successif du cristal par translation fournit des informations sur la distribution spatiale des imperfections 


cristallines 


EINE METHODE ZUR 


Die Bragg-Reflexe. die bei der Durchstrahlung von Einkristallen mit Réntgenstrahlen, welche von 


A METHOD FOR THE EXAMINATION OF CRYSTAL SECTIONS USING 
PENETRATING CHARACTERISTIC X RADIATION* 


an aluminum crystal section up to 6 mm thick can be readily studied. 


DEXAMEN DE SECTIONS CRISTALLINES UTILISANT 


UNE RADIATION X CARACTERISTIQUE ET 


forment une image de la section du cristal traversée par les rayons qui font langle 


Une corrélation point par point portant sur la distribution du pouvoir 


Avec la radiation AgKx, on peut étudier une section d'un cristal 


atteignant une épaisseur de 6 mm. 


UNTERSUCHUNG 


DURCHDRINGENDER RONTGENSTRAHLUNG 


With AgKk« 


A series of photographs 


PENETRANTE 


Une série de clichés obtenus apres déplacement 


VON KRISTALLSCHEIBEN MITTELS 


einem kleinen Brennfleck her divergieren, entstehen, bilden den von ihnen durchstrahlten Kristallteil 


optisch ab. Die 
Kristalls kann somit Punkt fii 
Roéntgenrdhre verwendet wird. Mit 


untersuchen. Reihe von 


wurde, gibt 


Verteilung des Reflexionsvermégens 
Punkt bei hoher Auflésung bestimmt 
\gKg-Strahlung 


\ufnahmen, die durch schrittweis¢ 


und der Makro-Mosaikstruktur innerhalb des 


werden, wenn eine Feinfokus 


kann man leicht Al-Kristalle bis zu 6 mm Dick« 


Verschiebung des Kristalls gewonnen 


ein dreidimensionales Bild von der Verteilung der Gitterfehler. 


INTRODUCTION 
The term “X-ray diffraction topography” may be 
used to describe the art and practice of measuring 
point by point on the surface of crystalline material, 
or within its interior, certain properties of the crystal 
the dif- 


The properties measured may be, 


lattice, such measurements being made by 
fraction of X rays. 
for example, the local orientation or curvature of the 
their 
When the information is obtained 


lattice planes, or their reflecting power, or 
interplanar spacing 
from X-ray diffraction photographs which give, either 
directly or indirectly, the variation of one or more of 
the above-mentioned properties along at least one 
dimension of the crystal, the photographs may be 
called “X-ray 
understood that the image is formed by the process of 
diffraction, simply “X-ray topographs.” This latter 
designation has been used by N. Wooster and W. A. 


We oster.4 } 


diffraction topographs,” or, if it is 


The photographs obtained in the tech- 


* Received October 20, 1956. 
- Division of Engineering and Applied Physics, Harvard 
University, Cambridge 38, Massachusetts. 
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niques of Barrett, using characteristic radiation, and 
of Schulz, thus X-ray 


topographs. On the other hand, the images of focused 


using white radiation, are 
Laue spots obtained by the method of Guinier and 
Tennevin,™ or of Bragg reflections obtained by the 
method of Lambot e¢ al..(°) are not topographs, since 
the photographs do not provide information as to 
which region in the crystal produces each component 
part of the image. The rotating-grid technique des- 
cribed by the writer'® does provide topographs of 
crystal surfaces, but coded ones, which require the use 
of a master pattern for their interpretation in terms of 
lattice tilts along the cry stal surface. 

The X-ray topographs obtained by the methods of 
Barrett and Schulz are sensitive to the nature of the 
crystal surface. Steps, ridges, or pits (and oxide films 
in the case of heavy elements), cause variations in 
intensity of the pattern recorded which are not always 
easy to differentiate from the effects of lattice irregu- 
larities. This association with surface conditions is in 
fact a basic characteristic of surface-reflection topo- 


graphs obtained with the commonly used radiations. 


3958 
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The question may be posed, how far are the macro- 
mosaic boundaries and deformation structures revealed 
this way typical of the material in bulk? Again, it 
may be required to find out how a given grain boun- 
dary runs through the interior of the crystal, or what 
the size and shape of inclusions below the surface are. 
To answer questions such as these, a technique has 
X-ray dif- 


fraction of sections of crystals. By studying a set of 


been developed for the examination by 


crystal sections, a complete three-dimensional pic- 


showing conditions in the 


The 


non-destructive, for the sections are obtained without 


ture may be built up 


interior of the material. method is of course 


the need for slicing or etching of the specimen. 


EXPERIMENTAL TECHNIQUE 

The principle of the method is illustrated in Fig. 1. 
It is very simple. X rays diverging from a small 
source strike a slab of the crystal under investigation. 
The crystal is oriented so that one sheet of character- 
Bragg- 
reflected by a lattice plane which makes a high angle 
with the face of the slab illuminated by X rays. Thus 


the Bragg-reflected rays are transmitted through the 


istic X rays in the incident beam can be 


crystal and are received on photographic film as 
shown. If a lattice plane is chosen such that incident 
and diffracted rays make roughly equal angles with 
the faces of the slab, then the absorption in the crystal 
is about the same for all rays. With a homogeneous, 
“good” crystal the film would then show an approxi- 
mately rectangular patch of uniform blackening 
However, only in the case of some good-quality dia- 
monds has any approach to a uniform image ever been 
observed. In all other cases the images show great 
variations in intensity, and from these variations 
information can be gained on the point-by-point 
the 


Macromosaic boundaries containing a tilt component 


variation of reflecting power within crystal 
whose axis is not normal to the reflecting planes will 
cause the image to be fragmented. The use of char- 
which the 

Bragg’s 


between 


acteristic radiation, in conditions for 


reflection are law, enables 


effects 


restricted by 


differentiation to be made due to 


Fig. 1. 


Principle of the method. 


OF CRYSTAL SECTIONS 


TABLE 1. Absorption of AgK« radiation 
Chic 


attenuation by facto 


kness in millimete 


Substance 


variation of lattice orientation and variation of 


reflecting power. The particular experimental pro- 


cedure employed for misorientations 


depends upon the quality of the crystal and the 


quantitative detail required in the measurement 


The X-ray source used in most of the work with this 
technique has been the Hilger microfocus tube, based 
on the design of Ehrenberg and speal 7 To take full 
advantage of the high resolution possible with such a 
source, a fine-grained photographic film must be used, 
The technique is clearly restricted to the hontel 
elements unless very penetrating characteristic radi 


With silver Az 


iluminum 


tion is used radiation i strong 


reflector such as low-index transmitted 


reflections can still recorded in a few minutes 


exposure when the ray-paths in the crystal are 
hundredfold 


focus tube being run at 5D 


tenuation, the 
und 300 ul \ 


lists the path-length of AgA~ rays in various materi 


to produce a 


such that they are reduced in intensit 


and ot LOO The latter neu rougniy 


limit to the absorption if it is requi 


red, to 


in a few minutes and t 


ve suincient 


between the Bi flection of Agkhs 


the harder wav 
50-60 kV 
. fine-focus X 


ivailabl 


reflection of 
tube run at 

However, if 
kilovoltage were 
characteristic radiation 


One 


Sucn 
could then study 


tol 


Ther 


used 


reflections fron examptl 


inches thick 


would be some 
due to the increased lé neth ol ph to-electrol 


and additionally if 


the film emulsion 


screen were used. On the other hand 


be verv favorable for the use 


intensification of a fluorosco 


which has been shown to be feasible 


oltages ot ol 


determinations using peak 


For studving crystal sections by transmitted Brag 


special goniometer was constructed by 


reflections a 


the writer. The crystal was mounted on a rotatable 


table supported in a vertical graduated circle which 
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Lik 1.9 22.6 

Al 1.3 6.2 

Si 

NaCl ».0 

mero 
|< \ Table 
factors 
the Lat 

elengt! duced 
tungste oule 4 
transmitted Brag 

4 

= 
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iG. 2. Geometry concerned with 


topographic resolution. 
was in turn mounted on a horizontal graduated circle. 
The 


micrometer-screw traverse, the slide base being also 


horizontal circle was mounted on a slide with a 


rotatable about a vertical axis. 


traverse of the slide could be set at will, and the plane 
of the vertical circle could be set independently. About 


the above-mentioned vertical axis there rotated an 


um carrying the film holder, with another horizontal 


sraduated circle to read the angle 24. Film-to-speci- 


men distance could be varied within wide limits. 


The whole goniometer was mounted upon an optical 
track whose axis passed underneath the X-ray tube 
focal spot; in this Way easy variation of source-to 
specimen distance was permitted. 

SOME GEOMETRICAL CHARACTERISTICS 
size and shape of the Bragg 
Assume that 


Consider first the 


re obtained from a good crystal. 
the specimen is a parallel-faced slab of thickness ¢. 
Let the reflecting lattice-plane and the face of the 
slab illuminated by X rays intersect in a vertical line. 
The image received on photographic film held normal 
to the diffracted beam will be trapezoidal in shape, 
but if the thickness ¢ is small compared with the dis- 
tance, a, from source to midplane of the slab, this 
trapezium will closely approximate to a rectangle. 
Its height will be | 


ad 
)h, where 6 is the distance 
a 


from midplane of the specimen to the film, and & is 
In Fig. 2 let AB be the 


trace of the lattice plane from which the incident ray 


the height of the specimen. 


SO is reflected to the film at F. Traces of the specimen 


ALLURGICA, 


Thus the direction of 
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faces are represented by XX’ and YY’. If the plane 
the 
width of section 


Bragg-reflected is ¢ sec 


normal to 
the 


AB makes an angle « with 


measured clockwise, then the 
CD trom which rays can be 
 —«), and the width of its projection C’D’ on the 
film is ¢ see (0 x) sin 20. Thus the vertical magnifi- 
a)/a and the horizontal 


The 


always greater then unity, the latter usually less than 


cation of the image is (b 
magnification is sec (0 x) sin 20. former is 
unity. 

Next consider the topographic resolution ona cry stal 
section which can be achieved using the Hilger micro- 
focus tube. Assume that the crystal is one in which 
individual small regions are all sharply reflecting, but 
possibly differing from each other in orientation and 
reflecting power. It is the fine detail of such variations 
of orientation and reflecting power which is to be 
If the plane of the X-ray tube target is 
then the 


and its 


studied. 
vertical, and the take-off angle is about 6°, 
effective height of the focus is about 30 yu, 
effective width about 3 LL. Considering resolution in 
the vertical plane, a point in the specimen will 
diffract to give an image of height 30 b/a microns. As 
shown above, the vertical magnification of the whole 
Hence it is advantageous to place 


then the 


image is (b a)/a. 
the film close to the specimen. If 5 a, 
vertical topographic resolution is about 15 ie 

With respect to horizontal topographic resolution, 
one has to consider the projected width of the focal 
spot, the dispersion of the range of wavelengths 
the the 
the crystal, 


comprising characteristic radiation, and 


finite 


Dispersion includes both the effect of the Aa doublet 


angular range of reflection of 
and the finite wavelength range in each Kx component. 
Thus, in Fig. 2, one sees (on a greatly exaggerated 
scale) that, proceeding along the line OP normal to 
the plane AB, the Ka, component will be reflected by 
the strip OO, and the Ka, component by the strip 
All reflected cross at 
SO OF’. Thus, if the film is placed so that a b, 


these rays where 
all reflections from points along lines such as OP, 
perpendicular to AB, superimpose in a single hetero- 
chromatic image. This is also the place to put the 
film in order to obtain superimposition of the images 
of the edges of the cry stal section given by the Ka, and 
For super- 
the 


Ka, components when the angle « = 0. 
imposition of the section outlines when « 0, 
Guinier-Tennevin™ condition b/a = cos (@ + «)/cos 
%) applies. 

If OO, l and OO, L, and dA and AZ denote 
respectively the wavelength spread at half-height of 
Ka, and the wavelength separation of peaks of Ka, 


and Kas, then, from Bragg’s law, L (a/2d cos?9) Ad 


360 
\\ 
VA 
in 


LANG EXAMINATION 


and / 


metals a value of interplanar spacing d 


(a/2d cos?9) di. For low-index reflections from 
2A may be 
taken as typical (e.g. Al 200). Thus with values of d7 
and Ad appropriate for silver radiation, there is 
obtained L 10-%a and 1 7 10-°a. Hence. 
ifa—10 em, one has L 113 wand/ =7 uw. The Kz, 
component can be cut out by a screen in the incident 
beam, but unless the highest topographic resolution 
is required, this is unnecessary. Now, the range of 4 
corresponding to the spread di when d = 2A is 7 sec 
of are, of the same order as the angular range of 
reflection from a perfect crystal. Thus, in the most 
favorable case, the effect of the finite angular range of 
reflection from the crystal will about double the 
length of OO, and 0,0,. 
effective width SS’ of 3 u, 


to SO, then reflections from the line OO’ are super- 


Finally, if the focus has an 


measured perpendicular 


imposed on the film, the length of OO’ being 3 cosec 
2 microns. It is thus seen that the ultimate topo- 
graphic resolution is about the same in both the 
vertical and horizontal directions whena = b 10 em, 
and is of the order of 15 yw. It is to be noted that if 
exposure times lasted several hours it would hardly 
be justifiable to give the effective focus width the low 
value of 3 wu, unless special precautions were made to 
and 


the 


mechanical, 
that 


maintain a stability of thermal, 
X-ray 
center of the focal spot would not move perpendicular 


A parti- 


tube operating conditions such 
to the line SO by more than a few microns. 
cular advantage of the present technique is that, 
through the use of a strong characteristic radiation, 
exposures need usually be only of a few minutes 
duration. 

Turning now to the case of a crystal with a wide 
range of macromosaic misorientation, let J, and /, 
(Fig. 3), 


and suppose that it is desired to locate the source of 


be two elements of blackening on the image. 
the rays responsible for them. In an extreme case 
with a very bad crystal, the diffracted rays at J, and 
I, may come from any point along the ares of the 
(These 
are the circles whose chords SJ, and SJ, subtend an 


angle 44 at the circle centre.) On the other hand, if it 


focusing circles G,G, and G,G,, respectively 


is known that the range of misorientation does not 


exceed the small angle dd, and, as a consequence 
only the incident rays lying between SQ and SR, say 
can be reflected, then the uncertainty of interpretation 
is removed, for clearly only the element HH, can reflect 
to J,, and H, to J,. It follows that, if the range of 
angles of incidence is limited by slits to a small-value 
dd, then any photograph can be interpreted, however 
bad the crystal. Ifa set of photographs be taken with 


the crystal rotated by a small amount between each 


shot so that eventually all elements in the crystal 


section are given a chance to reflect, then a complete 
and then 


the boundaries 


relative tilts about the rotation axis may be obtained 


picture of macromosai 
Often one may wish to make a simple estimate of the 


tilt angle between adjacent regions in the crystal 
for example, the regions on either side of the macro 
mosaic boundary ZZ’ in Fig. 3 that in a 
divergent incident beam l’Z represents the sheet of 


incident rays reflected on one side of ZZ’ and Z’V that 


rotation of the 


Suppose 


reflected on the other. The relative 
axis is thus the smal 


two regions about the vertical 
RSQ dd In the 
Wi the image 


situation depicted 
a gap The 
ZW and Z’W’ is dd, but the gap is somewhat greate! 


than b dd owing to the se paration between Z and Z 


angle ther 


will be hetwee! 


It will be seen that. on the ave rage both in 


and image overlaps will be greater than 6 
angie reflections the most probable valu 


a bh) 


more Closely eitne 


To estimate dd 
in which case ZZ 


or one may compare n 


make b a ecomMeS sn 


may 
compared with WH 


with two different values of b: the change in WH 


observed gives dd directly 


gap or overlap Ol mm is qu 
makes 


value dd foi 


dad dad 


rYPICAL APPLICATIONS 


Fig. 4 shows a Schulz phe tograph of 


surface of an aluminum crystal which was g 


Doat 


the melt in a graphite the direction 


OF CRYSTAL SECTIONS 
\ 
ric. 3. Geometi oncerned with t 
\Vith fine-grained 
lo ngle reflection be 
— 20) sec of 


Schulz photograph of surface « 
Al crystal containing stray. 


being from right to left. The cry stal contains a large 
stray, differing in orientation by several degrees from 


the main crystal, as may be seen from the relative 


Al crystals. Aboy 


Sect ions ol 


reflections from stray; 
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displacement of their surface reflections in Fig. 4. 
The stray terminates near the left-hand margin of the 
main crystal image. It was desired to find out what 
was the course of the boundaries of the stray within 
the interior. Accordingly, a set of section topographs 
was obtained by transmitted Bragg reflections; these 
are shown in Fig. 5. The sections were nearly normal 
to the top surface of the crystal and were taken at 
’ and D (Fig. 4). 
sections (Fig. 5) the Bragg reflection from the main 


2 


positions A. &.% In the lower set of 
crystal is recorded, whereas in the upper set the crystal 
was set so that the stray reflected. The horizontal 
beam-divergence was made small and the source-to- 
specimen distance was made equal to the specimen-to- 
film distance (a b 9.5 em). Hence the trans- 
mitted hard white radiation reflections from the main 
crystal seen in the upper part of Fig. 5 are quite well 
defined. They are also relatively fairly intense owing 
to the thickness of the crystal (5 mm). In cases such 
as this, where the stray and main crystal do not differ 


greatly in orientation, such white radiation reflections 


are useful in showing a rough section of one crystal, 


while the other crystal is sectioned in detail with 


Below: Bragg reflections from main crystal. 
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characteristic radiation. In the sections of the main 
crystal, seen in the lower part of Fig. 5, one may note 
the increasing fragmentation in the image, going from 
D to A. This is due to the increase of mutual tilts of 
striations in the crystal as growth proceeds, Thus, 
from the appearance of the section topographs one 
could infer that growth had been in the direction D to 
A. With the microfocus tube run at 55 kV and 300 
uA, sufficiently dense transmitted AgK« reflections 
could be obtained in about 5 min exposure. 

Another application of the method is illustrated in 
Fig. 6, which shows the affect of annealing on the 
distribution of X-ray reflecting power within a 
lithium fluoride crystal. A good quality LiF crystal 
was cleaved in half and one piece was annealed for 
some hours at 800°C. The annealed and unannealed 
halves were put together and were examined in section 
with AgKs radiation. Fig. 6 shows the transmitted 


400 reflections from the unannealed crystal above and 
annealed crystal below. The crystals were 10 mm 
thick. 10-min exposure was sufficient when unfiltered 
AgKza was used at 50 kV and 300 wA. In this crystal 
macromosaic misorientations were mainly not greater 
than about 1’ of are, but the variations in extinction 
were considerable. It can be seen from Fig. 6 that a 
redistribution of reflecting power occurs upon anneal- 
ing. There is an increase at macromosaic boundaries 
and a decrease within the macromosaic elements. The 
mean reflecting power decreases, in this case by a 


factor of about 2, as estimated from the drop in ar to the 


contrast of the 400 extinction line observed in the — eystal section 


directly transmitted X-ray beam. In examining a_ with the e 
number of unannealed crystals it was found that the = eoyer the 
stronger reflectors also showed stronger fluorescence ake the an 
under X-ray illumination. The light line crossing the than the ane 
lower part of the image of the unannealed crystal isan the angular steps 
Aufhellung"® due to simultaneous reflection of the jy glancing ang 
orders 220 and 220 as well as 400 possible, b 
differentiate fai 
TWO VARIANTS OF THE METHOD Ka, and Kay. Fi 
If a microfocus X-ray source is not available, it is ort an aluminun 
possible to obtain section topographs of moderate MoKz radiat 
resolution, using standard equipment. The following The ang 
arrangement was employed with a G.E. CA-6 Molyb- — time w 
denum-target tube. The crystal was placed about run at 55 
30 cm from the X-ray tube focal spot, and a fine Another varia 
vertical slit was placed immediately in front of the gence of incident 
crystal. In this case the thickness of the section cut specimen, and th 
by incident X rays is primarily controlled by the slit- of parallel wires in fi 
opening, whereas the range of angles of incidence of between th« 
X rays on the crystal, in the horizontal plane, is 180°) and the ang 
controlled by the angle subtended by the X-ray tube the orientation 
focal spot at the slit. The photographic film is placedas _ reflection appé 


CRYSTAI ECTIO?) 00 
if, 
Fia. 6. Sect Lil t 
\l ‘ 
lt t t 


Fig. 7. Sections of Al crystal taken with modified technique for use with standard X-ray source. 


uniform grid angular motion was employed (obtained 
'v a suitable linkage), so that the grid rotated faster 
in the middle of theangular range than at the extremes. 
Hence a higher resolution could be gained for the 
orientation measurement of the majority of crystal 
regions, lying not far from the mean orientation, at 
the expense of resolution at the tails of the orien- 
tation distribution. Fig. 8 shows a section topograph 
of a LiF crystal 5 mm thick obtained with filtered 
Mok«s at 55 kV and 16 mA. The exposure time was 
110 min. It will be noticed that a small wedge-shaped 
area has escaped reflection altogether, apparently 
being of orientation considerably different from the 
mean. 
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THE STRENGTH OF AN ALLOY CONTAINING ZONES 
A. KELLY and M. E. FINE 


f 


Rough estimates are made of the stress necessary to force 
in an aluminum alloy containing 2 at. °4 copper and in 
The values found are significantly less than those calcula 
tation hardened alloy proposed by Orowan. It is sugg 


determines the initial flow-stress in these age-hardening a 


LA RESISTANCE D’UN ALLIAGE CONTENANT DES ZONI] 


Les auteurs ont déterminé trés approximativeme 
a traverser une zone de Guinier-Preston dans un 
atomique) et un alliage aluminium-argent (13°, en conc 
Les valeurs trouvées sont nettement inférieures 
Orowan pour la détermination de la résistance d’un i 
Les auteurs suggérent que le procédé de cisaillement 


par vieillissement, la valeur de la tension nécessait 


DIE FESTIGKEIT EINER LEGIERUNG MIT GUINIER-PRESTON-ZONEN 
Es werden grobe Abschatzungen derjenigen Spannung gegebe die eine Vers 
einer Guinier-Preston-Zone zwingt, und zwar fiir Legierungs on Al 
mit 13 Atom °% Ag. Die berechneten Spannungen sind 
fiir ein anderes Modell ergeben, das von Orowan fiir die Auss« 


wird daher vorgeschlagen, dass die Scherung der G.P.-Zone 


1. INTRODUCTION 


Whether a moving dislocation encountering obstacles \ the same siz 


In this note the stress 
Al-Cu and AI-A wllovs 


in its slip plane shears the obstacles or bends between 


them, depends on the spacing of the obstacles and on 


the stress necessary to shear them. The process reversion. It is found 


requiring the smaller applied stress will occur. zones (deduced from X-1 


Orowan™ pointed out that a length of dislocation Stress re quired to shear ther 


lying in its slip plane can bend between obstacles and to exp ind dislocation loo 


eventually by-pass them. The stress necessary for this Phe method icula 


depends only on the spacing of the obstacles. Esti- Zones Is forn Vy sin 


mates of the initial flow-stress based upon Orowan’s culating the yield stress 


criterion and experimental measurement of the dis- tions containing short-ra 
tance between precipitate particles show agreement be considered as 
with experiment when over-aging of an alloy occurs. 
An estimate of the stress necessary to shear an 
ALUMINUM-COPPER 


ording to X rayv opsel 


vase alloy with 2 at coppel 


obstacle such as a precipitate particle requires a 
detailed model of the precipitate particle. Mott and 


Nabarro':4;5) replace the obstacle by an elastic stress 


field, assumed to arise from elastic strains due to the ture, contains Guinier-] 


presence of coherent precipitates. This theory cannot planes of the aluminum matrix 


be generally applicable to all stages of aging, since in’ Mum cold hardness these G.P 


an alloy such as aluminum silver, containing zones, no the form of discs 


consisting ol Single 


* Received December 4, 1956. aluminum allovs of this 


: + This research was sponsored by the United States Air | | | plans sin | LO dire et 
Force through the Air Force Office of Scientific Research of the : ; ; 
Air Research and Development Command under Contract in the s-quenche a conaith 
AE EOS. that these slip systems sti 

+ Department of Metallurgy, The Technological Institute, 
Northwestern University, Evanston, Illinois. 


ACTA METALLURGICA, VOL. 5, JULY 1957 


maximum cold hardness 


n aluminum all con ning 13 
ed using a model for the t ngt ! ! 
ested tl t the proc 
| | 
ension 1 essall pou 1 
ge a 1 niu rv! ! 
( ( sul a a e 
ige aul r pre if Lol 
ol let lar 
Sehy 
irae I 
ie liessgrenze dieser Legit best 
elastic strains are present nee the 
{al 
\t 
| 
| 
Té T T 
I 
365 


366 ACTA 


If all of the copper atoms are in G.P. zones, which 


according to Guinier?) is close to the actual state of 
affairs. the average distance between the centers of 
zones in the slip plane is given by 

q | 


d 
sin 54° 44’) 


where q average number of copper atoms per zone, 
N number of atoms per unit volume, and p 
atomic fraction of copper atoms in the alloy. For 
p 0.02 we find d~ 1.5 L0-® em. 

Using Orowan’s criterion to estimate the flow-stress, 


we have 


where o is the resolved shear stress in the slip plane, 


G shear modulus and } Burger's vector. Taking 


G 2.5 < 104 dynes/em? and b = 2.8 « 10-8 em, then 


o ~50 kg/mm. This is an underestimate of a, since 
on the average one-third of the zones will lie perpendi- 
cular to the direction of motion of any dislocation. It 
is difficult to see how extensive slip could occur 
without shearing these zones. 

An estimate of the applied stress enabling disloca- 
tions to break through the zones can be made in the 
following way. Suppose each atomic length of the 
dislocation must be separately forced through a G.P. 
The shear stress necessary to do this is 

AE 
ab? (1) 


») 


Zone 


where AZ is the energy difference between a copper 
itom in a G.P. zone and in solution in the aluminum. 
This estimate of o is too high, since no account is taken 
of the length of dislocation lying between precipitates. 
We may take account of this length by writing 
AE 
ahd 


aring in mind that this will be an underestimate, 


since one-third of the zones lie perpendicular to the 


direction of motion of any dislocation. Equation (1) 
applies for the shearing of these. 


AE can be 


the alloy, since this quantity is a measure of the 


estimated from the heat of reversion of 


supplied in order 


2 at. 


thermal energy which must be 


to redissolve the For a Cu alloy, 
1.3 cal/g 


0.077 eV per atom of ec ypper. 


ZONneS. 


0 
Suzuki" found the heat of reversion to be 
giving a value of AE 

Equation (1) then gives oa 28 kg/mm? and 
equation (2) gives ~0.5 kg/mm?. Experimental values 


of the flow-stress for the fully cold-hardened condition 
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in polyerystalline alloys vary between 9 and 17 


kg/mm? “))—j.e. within the range of values predicted 


by this analysis. The estimate of flow-stress based 
upon Orowan’s criterion is considerably larger; con- 
sequently, the initial flow-stress is more likely to be 
the that 
necessary to bend dislocation loops between them. 


stress necessary to shear the zones than 


3. ALUMINUM-SILVER 

The similarity in size of aluminum and silver atoms 
makes this alloy ideal for a test of Orowan’s criterion, 
since elastic strains around zones of segregation will be 
negligible. The X-ray evidence is unfortunately ambi- 
guous, since the X-ray effects from large zones mask 
those due to the more numerous small precipitates 
this does not occur in the Al-Cu case.“?) 

From precise intensity measurements of the X-ray 
scattering at low angles, Belbeoch and Guinier?) esti- 


mate that in an alloy containing 13 at. % silver when 
the 
3.4 

cal and containing 3400 silver atoms. 


maximum cold-hardness is attained there are 
10!" zones/cm*, each being on the average spheri- 
The concentra- 
tion of silver in these zones is taken to be 0.5. About 
40°, of the silver atoms are in the zones. 
These figures give an average distance between 
zones of about 10~-® em, so that the flow-stress esti- 


mated according to Orowan’s criterion will be 70 
kg/mm*. The stress necessary to cause a dislocation to 


cut through a zone is given by 
ob*d AE, 


where d is the average distance between the centers of 
zones, n number of silver atoms/zone, and AF is the 
energy difference between a silver atom in a zone and 
in solution in aluminum. Using the value of Késter 
and Schell"*) for the heat of reversion, we find AE 

0.047 eV/atom of 


silver in a Taking 6} 


zone. 
10-§ em and finding andd from the figures 


given above, oa 6.2 kg/mm?. The experimental 
value of the flow-stress, at the stage of maximum 
cold-hardness in a polycrystalline Al-13 at. °% Ag alloy 
is ~40 ke/mm?.4) 

4. CONCLUSIONS 

The stress required to shear the zones is an order of 
magnitude less than that necessary to force dislocation 
loops between precipitate particles. The estimates of 
these quantities found here take no account of the 
detailed processes necessary to move a dislocation, 
being based solely on changes of total energy. The 
measured heats of reversion, used to estimate the stress 
required to shear a zone, include all of the energy 


terms involved in the formation of zones. In the case 


Gh 
Oo 
d 
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Mort N F ind NABARR¢ 

85 (1940). 

include strain-energy, a more detailed analysis may be 0. end 3 onf. Strength 
of Solids. Phys. Soc. (London), p. 1 

5. Mort N. F. Imperfections in Nea 

a dislocation due to the elastic strains. In the case of p. 173. Wiley, New York (1952). 

FISHER J. C icta Met. 2, 9 (1954 

. Strcock J. M., Heat T. J., and Harpy 

tions should be correct unless there is a very strong Met. 82, 239 (1952-53 


of the Al-Cu alloy, although the heat of reversion will 


necessary because of the presence of stresses acting on 


Al-Ag alloys an analysis based on energy considera- 


. CARLSEN K. M. and Honeyc« 
83, 449 (1956 
of segregation. QGuoameaA. J. Metals 
For both alloys the estimates indicate that disloca- . Suzuki T. Sci. Rep. Res 
1949) 
tions will shear the zones rather than expand between i eS ae 


electric interaction” between dislocations and zones 


BELBEOCH B. and GuIntt 
3. Koster W. and ScuHeE! 
REFERENCES (1952). 
OrowaN E. Discussion. Symposium on Internal Stresses K6stTER W. and BRAUMAN 
p. 451. Inst. of Metals, London (1947). (1952). 
Hart E. W. Relation of Properties to Microstructure 5. CoTTRELL A. H., HUNTER 
p. 95. American Society of Metals (1953). Phil. Maq. 44, 1064 (1953 


them. 


367 
MBE R. W. K J. Ins Vet 
3 (1956 
bes Tohuku 471. 183 
84, 429 (1956 
\ icta Met. 3, 370 (1955 

| 1. A Zeit. Metallk. 48, 454 

nN I Ze Ve 48, 193 
Ss. und NA R. N 

j 


DISLOCATION ENERGY AS A DRIVING 


Cc. G. DUNN 


and 


FORCE FOR BOUNDARY MIGRATION* 


T. AUSTT 


\ bicrystal sheet specimen of silicon-iron (34% Si) was cold-rolled 2}% and then annealed at 1200°C 


* various time-intervals. 


continued annealing the direction of boundary migration was reversed. 


The grain boundary initially moved away from its center of curvature, but 


An estimate of 42,000 


was obtained for the difference in free-energy density across the boundary when the net driving 


force was zero. The 
the boundary, gave a value of 14 
agreement with values reported in the 
variation of energy of 


entally determining the 


dislocations. 
L°ENERGIE 


DES 


DISLOCATIONS 


Un échantillon bi-cristallin d’une tole de fer-silicum (3,25°%, Si) a été laminé a froid (2.5% 


a 1200 ¢ pe ndant des durées variables. Le 


10-4 ergs/cm 


literature. 


COMME 
MOUVEMENT 


joint a d’abord quitté 


above estimate, together with the measured difference in dislocation density across 
for the 


energy of a single dislocation, which is in 


The results suggest a suitable method of exper!l- 


a single dislocation with density and distribution of 


FORCE POUR LE 


DES JOINTS 


MOTRICE 


2.5%), puis recuit 


son centre de courbure mais, 


sous 


action continue du recuit, la direction de la migration du joint a été inversée. 


La différence de densité d’énergie libre a travers le joint lorsque la force motrice du réseau était nulle 


1. €té évaluée a 42.000 ergs/em*. Cette 


valeur, en relation avec la différence mesurée de la densité des 


dislocations au travers du joint, a donné pour l’énergie d’une dislocation simple la valeur de 14 10-4 


rgs/em qui est en plein accord avec les valeurs trouvées dans la littérature. 


Les résultats suggérent une méthode 


capable d’une détermination expérimentale de la variation 


d’énergie d'une dislocation simple en fonction de la densité et de la distribution des dislocations. 


DIE 


VERSETZUNGSENERGIE ALS 


TREIBENDE KRAFT FUR DIE 


KORNGRENZENWANDERUNG 


zweikristallines Blech aus Silizium-Eisen 


Zeiten lang bei 1200°C gegliiht. 


Krimmungsmit 


Dabei entiernte 


wurde um 23% kalt gewalzt und dann ve1 


sich die Korngrenze zunachst von ihrem 


telpunkt, wahrend sie sich bei fortgesetzter Gliihung in umgekehrter Richtung bewegte. 


Die Differenz der freien Energien pro Volumeneinheit der Kérner wurde zu 42.000 erg/cm* abgeschatzt 


fir den Fall verschwindender Gesamtkraft auf 


vied der V« 


Unters« 


Versetzung ein Wert von 14 10-4 erg/em in Ubereinstimmung mit 


Methode erscheint geeignet zur Messung der 
Versetzun 


gsdichte und Versetzungsverteilung. 


rsetzungsdichten beiderseits der Grenze 


Energie einer einzelnen Versetzung in 


Korngrenze. Zusammen mit dem gemessenen 
folgt daraus fiir die Energie einer einzelnen 
Angaben aus der Literatur. Die 


Abhangigkeit von 


INTRODUCTION 


Equations giving the net driving force for boundary 


gration when strained crystal 


innealed, may be written as follows: 


where ¢ is the net driving force per unit 


boundary, e is the difference in volume free-energy 


density, and k(y/r) is the grain-boundary driving 


force. In the latter term, / equals l or 2 for a eylind- 
rical or 
surface tension, 


grain-boundary energy Ol 


* Received S« pte mber 27, 1956 
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aggregates are 


area of 


a spherical surtace, respectively, 4 is the 


and +r 
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is the radius of curvature. Equation (1) applies only 


when the boundary moves toward its center of 


curvature, but equation (2) 


may apply for migra- 
tion either away from or toward the center of curva- 


When « 


from the center of curvature. 


ture. is greater than k(y/r), the migration 


is away If « decreases, 


however, due to recovery processes, migration away 


from the center of curvature ceases when e and 


k(y r) 


becomes less than k(y r). 


are equal and reverses direction when ¢ 


A restraining force has to 
be considered when inclusions are present; this 
factor is introduced later in the discussion. 

In the 


the direction of migration is reported. 


present paper an instance of reversal of 
An estimate 
of the value of ¢ when ¢ equals zero is obtained, using 


a reasonable value for y and appropriate equations 


that eliminate possible interactions with inclusions. 


From the value of ¢ obtained and the experimentally 


measured dislocation densities, an estimate is made 


te 
hie 
t=—e+k: ) 
= 


DUNN anv AUST: DISLOCATION 
of the energy of a single dislocation. This value is 
then compared with previous calculations given in 


the literature for the energy of a dislocation. 


PROCEDURE AND OBSERVATIONS 


A silicon-iron (3 }o 


» Si) sheet specimen (1 mm thick) 


B, 


macroetch 


consisting of two grains, designated A and was 


cold-rolled 24% and given a light in a 
30°, nitric-acid solution to reveal the grain-boundary 
The then 


anneals in 


several 
The 


were employed 


position. specimen was given 


at 1200°C 


techniques described previously” 


isothermal hydrogen. 


3) 
to reveal dislocation sites. 
migration was 


Strain-induced grain-boundary 


found after a 30-min anneal at 1200°C: grain A grew 
into 
The 


curvature 


grain B alonga short section of the boundary. 
grain boundary moved away from its center of 
No 
further boundary migration was found after a second 
1200°C. 


16 hours at 1200°C, there was a small advance along 


for a maximum distance of 3 mm. 


anneal of 6 hours at In a third anneal of 


a straight portion of the boundary. However, in the 
most advanced position of the boundary where the 
the of 
illustrated 


greatest, direction migration 
This Fig. | 
by the thermal etch developed in the anneal and 
of 


16 hour 


curvature was 


Was reversed. feature is in 


was confirmed by superposition micrographs 


the The 


grain boundary moved toward the center of curva- 


taken before and after anneal. 
ture for a distance of 0.005 mm. 

of 
migration becomes possible with sufficient decrease 


Based on the 


It was pointed out previously that reversal 
in the difference in energy density, «. 
assumption that the energy density, ¢ ,, of grain A 


at the boundary remains nearly constant or does not 


increase and that y does not change, it follows that 


B 


decreases. 


the energy density, ¢,, of grain decreases by 
500 showed a significant 


B 


feature 


recovery processes Microscopic 


examination at increase 
with an increased 


the 


in the subgrain size in grain 


of This 


results reported by Dunn and Daniels.“ 


time annealing. agrees with 


) 


In addition, 


before 
120. 


Fic. 1. 


and after a 


Photograph showing boundary positions 
16 hour anneal at 1200°C. Thermal etch. 


Sche diagt 


after 


matic 
and 


the subgrains became observed 


ot 


more pertect, if an 
subgrains 1s 
dislo 
changes it 


B did 


reduction etch-pit density within 


interpreted as a reduction in density of 


cations.";*) From these microstructural 


is concluded that the energy density in grain 


in fact, decrease 


Observations made in the area swept by boundary 


migration revealed that there were many subboun 


daries near the initial boundary position (i.e. the 


position prior to annealing However, the number 
of sub-boundaries decreased with increase in distance 
from this initial position, until along a portion of the 
most advanced part of the boundary there were no 
recognizable sub-boundaries. 

for 


at the expense of grain B 


Fig. 2 is a schematic drawing 
growth of grain A 
that the 


the 


describe the 
According 


density 


believed following remarks 


ot driving forces involved 
to results reported elsewhere, 
E 4 ot 
creases with distance of migration from the 1 


Chere is 
B with time 


nature 
the 


energy 


grain A in the area acquired by growth de 


also a decre: 


boundary position. 


energy density Ep Of grain 


ture If at first decreases taste! tl ul 


{ 


moving boundary, then the driving force 


increases for a time: later, however, 
off 

There are points along the boundary sl 
ol 


these positions the Oo! un-boundary tern 


before €,, resulting in a decrease 


where the centet curvature lies i 


torce equation | SO lack ol 
ved 


ot a 


driving 


such points, AS opsel on prolonget 


restraining 
\ bsence 


along portions of the initial boundary 


rests the existence 


sugg 


sumably due to inclusions 


be explained in terms of variable ene! 


including zero values of (¢, 


CALCULATIONS 


Re sidual strain enerqyu 


fol the case O eylindri 


Equation (2 
ot 


moving away from its cente! irvature 


rewritten to include the effect of inclusions 


A 
Sit crowth of grain A 
I 
> 
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For example, 


4 CY. (3) 


€, and « , are the energy densities of grains B and A 
respectively at the boundary, y/r is the grain-boundary 
driving force, and cy is a restraining force (per unit 
Zener,» 


the constant ¢ would be directly proportional to the 


area) due to inclusions. According to 


volume fraction of inclusions and inversely pro- 


portional to the radius of these inclusions. 

When migration away from the center of curvature 
ceases, f O, 7 and equation (3) 
becomes 


(4) 


If reversal of migration is to occur, €, must 


decrease below the value ¢’,, since inclusions gener- 


ally oppose boundary movement. At the start of 
reversed migration, let ¢, have the value e”, and 
assume that ¢ , and remain essentially unchanged. 
Accordingly, 
é "B (5) 
If ¢ does not change appreciably as ¢, decreases 
from ¢é',, to e”»,, the unknown term due to inclusions 
can be eliminated by combining equations (4) and(5). 
Thus, 


(6) 


if is substituted for + — €,, which 
is an energy-density difference that must be reached 
ER € ,) decreases and reversed migration occurs. 
From the previous considerations it is clear that 
value of e that is 


calculation of e* establishes a 


intermediate between earlier and later values. 
It does not imply, however, that ¢ is greatest directly 
ifter straining, since recovery may increase ¢, and 
boundary migration after straining may also increase 
, as discussed previously. 


A value of F * 


data in the following manner. 


may be obtained from the present 
A measurement of the 
radius of curvature, R, 
0.024 cm. 


a large-angle boundary, since grains A 


in Fig. 1] yielded a value of 
In the present case the grain boundary is 
B have 


A reasonable 


and 
a difference in orientation of 38 degrees. 


value of v, therefore, would be 1000 ergs/em?. based 


on previous estimates of absolute grain-boundary 


energies. Substituting the figures into equation 


6), one obtains a value of e*, of about 42,000 ergs/cem? 


calories/gram). Such a residual strain- 


energy density is approximately 400 times smaller 


than the energy released on 


(6) 


usenical copper deformed 40°, in tension. 
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ENERGY OF A SINGLE DISLOCATION 
Measurements of the dislocation densities in grains 
A and B from etch-pit counts after 63 hours annealing 
at 1200°C resulted in values of about 7 10° and 
22 x 108 The 


difference in dislocation density of 15 10® lines/em? 


lines/em?, respectively. resulting 
when combined with the value of ¢*, 42,000 ergs/em?, 
vields a value of 28 « 10-4 ergs/em for the energy 
of a single dislocation. If randomly oriented dis- 
locations are assumed, a volume correction factor of 2 
may be used) to obtain the total length of dislo- 
unit (30 
108 The 


dislocation line is then approximately 14 


cation line per volume em/em? 


instead of 15 em/cm*). energy of a 
10-4 
ergs/cm. It is assumed in these calculations that only 
the 


energy of a single dislocation depends on the arrange- 


dislocations contribute to value of e*. The 
ment of dislocations as well as on their density, but 
the error introduced by neglect of this factor is 
probably less than that due to the value assumed for 


y. In any event, the present values agree within an 


order of magnitude with previous estimates of 


5 10+ ergs/em and7 ergs/cem for the energy 
of a single dislocation in copper and nickel, respec- 
8) 

It should be 


more accurate data for the energy, 


experimentally feasible to obtain 
y, of a high-angle 
boundary, and for the total length of dislocation 
line per unit of volume. It would then be possible 
to obtain the energy value of a single dislocation, 
over a range of dislocation densities and in various 
extension of the tech- 


configurations, through an 


niques described in the present paper. 
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THE ANNEALING OF POINT DEFECTS IN COLD-WORKED MOLYBDENUM?* 


D. 


MARTIN + 


The change in electrical resistance on annealing cold-worked molybdenum has bee 


proposed that a point defect, produced by cold-work, anneals at 150°C with an ene rg 


1-26 - 


LA DISPARITION 


L’auteur a étudié la variation de la résistance électrique pendant le revenu de mol) 
On propose qu’un défaut ponctuel produit par écrouissage, 


migration de 1,26 


DAS AUSHEILEN VON 


KALTBEARBEITETEM 


An kaltbearbeitetem Molybdan wurde 
Es 


mit 


untersucht. wird vorgeschlagen, dass bei 


Fehlstelle einer Wanderungsenergie von 1,26 


plexere Vorgange gleichzeitig zur Erholung beitragen. 


DES DEFAUTS LOCAUX 


ATOMAREN 


die Anderung des elektrischen Widerst 
150°C 


0-04 eV but that other more complex processes anneal simultaneously. 


DANS LE MOLYBDENE ECROI 


paense 


disparait a 150° 


0,4 eV mais que d'autres mécanismes plus complexes se déri 


FEHLSTELLEN IN 


MOLY BDAN 
vnds 
eine bei der Kaltbearb 


0.04 eV 


itung 


verschwindet, wahrend 


1. INTRODUCTION 


The of metals by fast neutrons and 


energetic charged particles may introduce vacancies 


irradiation 
and interstitial atoms in the lattice. Much work has 
been done recently” to study the effect of these 
lattice defects on the fundamental physical properties 
of metals, with a view to giving us a more complete 
understanding of the solid state and, in particular, 
of interatomic forces. 

The data effects are difficult to 


from irradiation 


interpret theoretically; for example, the effects due 


to vacancies and interstitial atoms are difficult t 


discriminate. Consequently, a comparison between 
irradiation experiments and others which produce 
similar lattice defects may assist in interpreting the 
results. One method of introducing point defects 
is by cold-work, a possible explanation being that 
the 
dislocations leaves behind point defects.‘ 

that the 


intersection of 
Because 


energy 


the motion of jogs formed by 


theoretical considerations indicate 
of formation of a vacancy is smaller than that of an 
interstitial atom, some authors have tacitly assumed 
that vacancies predominate when a metal is cold- 
the dislo- 


cations at right angles must move if slip is to take 


worked. However, by considering way 


place, Cottrell® has pointed out that predominantly 
interstitial atoms may be produced, if in fact the 
mechanism for producing defects is the intersection 
In addition, the concen- 


of dislocations. increased 


* Received October 2, 1956. 
+ Atomic Energy Research Establishment, Harwell, Berks, 
England. 
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tration of dislocations produced by cold-work should 


also be 
This 


produced 


borne in mind when interpreting results 


paper describes a study of lattice defects 


cold-working polycrystalline molyb- 
Molybdenum 
parallel programme of 


had 


work 


by 


denum wire was chosen because 


irradiation effects in 
by 


been done 


a) @ 


been started Kinchin, bh 


had 


body-centred cubic metal. 


molybdenum 


ho systematic previously on 


otnel we 


and ( 


metals’) indicated that thermal 


defect 


noble 


occurred helow room 


point 

When this programme began, irradiations 

possible at pile temperature It is hove 

by the choice of a high 

comparable annealing stage 

temperature 
The method of 


mpal l 


irradiation and cold-w 
lefects. If there 
the 


annealing equation 


dt 


is the numbet def 
fol 


varies monotonicall wit! 


he re 


energy their migration 


ture, ¢ the time, and yr the cl 


vibration of the atoms 
It is possible to measur the { 


ing the changes in electri 


analogy with dilute alloys,'® th 


resistivity is considered 


en, studied. It is 
ny of migration of 
| 
in energie a 
7 lot toma 
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MET 
number of defects. Consequently, if the resistance 
of a specimen is measured at constant temperature, 


equation (1) may be rewritten as 


dR dt vf ( R R,)e E/k1 (2) 


the resistance 


present, R 


of the specimen when 
the 
- R,) a function whose 


where RF, is 


no defects are resistance when n 


defects are present, and f(R 
properties are similar to 4(7). 


2. EXPERIMENTAL DETAILS 


2.1. The preparation of specimens 


Experiments were performed on specimens which 


had been either lightly or heavily cold-worked. 


The lightly cold-worked specimens from the Vac 


Tight 
wire annealed im vacuo at 1400°C, and subsequently 
stretched to a plastic strain of The heavily 
cold-worked specimens from the Tungsten Manu- 
facturing Company were as received 0-020-in. diameter 
wire which had been drawn through dies to 0-015-in. 
diameter. 

Twelve inches of the cold-worked wire were then 
wrapped on a specially designed silica former and 
current and potential leads spot welded to the ends 
of the wire 

Analysis showed that the two sorts of wire were 
the elements 


spectroscopically from 


Table 1. 


pure, apart 


shown In 


The measurement of electrical resistance 


Apart from the absolute resistivity measurements 


described below, all resistance measurements were 


made relative to a similar molybdenum specimen as a 


standard. Passing the same current through the 


specimens enabled the voltage drop across each to be 
measured on a potentiometer and hence the resistance 
ratio of the unknown to the standard to be determined. 
The specimens were measured in liquid nitrogen to 


maintain a constant temperature; this also increased 


the resistance changes observed by a factor of about 


7 ove! room-temperature measurements, since the 


BLE ]. A spectrographic analysis of the specimens 


Impurities (wt. ° 
and source 


vire 


ght 


0-008 in. Vae Ti 


Wire Co 0-005 0-005 


0-020 in. Tungsten 


Manufacturing Co. 0-00] 0-005 
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thermal term in the resistance is considerably reduced. 


It was possible to measure potentials to 10-8 V, 


which enabled the resistance ratio to be evaluated 
to 1 part in 10°. In the results reported below, the 
resistance ratios before annealing have been norma- 
lized to unity; this enables a comparison to be made 


between different specimens. 


2.3. The isochronal annealing experiments 


the cold- 
will be 


different methods of annealing 
worked specimens were employed; 
described in this the 

In the first method, all the anneals were performed 


annealing 


Two 
these 
subsection. 


and succeeding 


on a single specimen. An _ isothermal 


time was obtained, and 
20°C. 


curve of resistance against 
the 
when a similar curve was determined. This process 
the 
Since oxidation of molybdenum in air occurs within 


then temperature was raised by about 


was repeated throughout temperature range. 
the temperature range under study, the anneals 
were performed in vacuo. 

The cold-worked specimen, mounted on its former, 
was placed at the bottom of a long vertical silica 
tube which was being continuously evacuated to a 
of 10 


anneal, a furnace which was temperature-controlled 


pressure mm of mercury. To perform an 
to 0-1°C was raised and surrounded the silica tube. 
The temperature of the specimen was measured with 
a calibrated platinum—platinum-rhodium  thermo- 
couple which made contact with the specimen. At 
the end of an anneal the furnace was lowered, and 
when the specimen had cooled sufficiently to prevent 
danger from oxidation, the silica tube was isolated 
the filled 


A Dewar of liquid nitrogen which also contained the 


from vacuum system and with helium. 


standard specimen was then placed round the tube 
and the resistance ratio measured. 


One 
vacuo is the length of time taken for the specimen 


inevitable disadvantage of annealing in 
to reach the annealing temperature and the con- 
sequent uncertainty of the annealing time. However, 
the effective time of anneal at the annealing tempera- 
ture evaluated if the time 


may be temperature 


curve of the specimen is known. By effective time 
is meant the length of time of a square temperature 
pulse at the annealing temperature which, when 
applied to the specimen, produces the same decrease 
in resistance as is observed. 

From the resulting series of isothermal annealing 
curves, it is possible to evaluate the activation energy 
the the 


curves are drawn for two adjacent temperatures, 


associated with annealing. If annealing 


then at their point of intersection the specimen is 


- 
=. 
Mg Fe Si Cu 
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+092 1094 
RESISTANCE RATIO (NOT NORMALISED) 


A series of isothermal annealing curves. showing 
Activation 


Fac. 1. 
the variation of rate of anneal with resistance. 
energies may be calculated from these curves. 


in the same state. Consequently, since f(R — R,) 


is the same in both annealing curves in equation (2), 
dR / dR 
in 
dt }1/ \ dt / 2 
where subscripts 1 and 2 refer respectively to the 
two temperatures. Hence, a knowledge of the slopes 
and temperatures enables E to be determined at 


temperature T’,)/2. 
curves are rapidly changing at their point of inter- 


Since the slopes of the 


section, their ratio was not determined geometrically. 
Instead, the slopes of the isothermals between the 


experimental points were computed and log dR/dt 


was plotted against the mean resistance between the 


points. 
each isothermal, resulted, and the change in ordinate 
required to fit one onto the continuation of an ad- 
jacent (dR dt), (dR dt),. 


A typical series of such curves is depicted in Fig. 1. 


curve gave directly log 


2.4. The isothermal annealing experiments 

The results of the isochronal anneals, reported in 
Section 3, suggested that one type of point defect 
anneals in the of 160°C. It 
decided therefore to investigate further this annealing 


neighbourhood was 


process by a different technique. 

In the isothermal annealing method, a number of 
wires were heavily cold-worked the same amount 
and each specimen was annealed at different tempera- 
tures, so producing a series of isothermal curves. 
The anneals were performed in a well stirred silicone 
oil-bath; was controlled to 0-1°C 
and 


stantan thermocouple. 


its temperature 


was measured with a calibrated copper con- 


Since oxidation of molyb- 
250°C and there was 


denum does not occur below 


no evidence of chemical reaction with the oil, it was 


possible to immerse the specimens in the bath. 


A series of slowly varying curves, one for 


'TS IN COLD-WORKED MOLYBDENUM 


By quenching the specimens in cold oil after an 
anneal it was possible to measure directly the effective 
resorting 


time of annealing to about 1 sec without 


to calculations involving the temperature time 


history, as Was necessary for the isochronal anneals 
lo evaluate # we assume that a certain value of R 
corresponds to an unambiguous state of the metal 


Integrating equation (2), we have 


constant 


F(R R,) 


they will 


E/k1 


Hence, if we draw lines of constant R, 


intersect the curves at points of constant t¢ , and 
therefore E may be evaluated. 
From equations (2) and (4) it be shown that 


dR/d(int) is independent of time and temperature 


may 
Consequently, if the isothermals are plotted against 
the logarithm of the time, a series of identical curves 
displaced successively along the In ¢ axis should be 


obtained. 


3. THE EXPERIMENTAL RESULTS 


normalized resistance ratio curves for the 


The 
isochronal shown in Fig. 2, for 
different Each 


represents an anneal of 280 min at the corresponding 


anneals are wires 


cold-work point 


with degrees of 
temperature and is the total change in resistance of 
an isothermal annealing curve, obtained as described 
The 


curves is the comparatively large drop in resistance 


in Section 2.3 noteworthy feature of 
180°C, with a maximum in slope 
ame Also, in the 


( h 


between LOO-C and 


for each curve at about 


the 


slopes 


bourhood ot 


RESISTANCE RATIO 


§=200°C 


300°C 
TEMPERATURE 


[sochronal 
and (b light cold 
tempel 


Fic. 2 
molybdenum. (a 
Time of anneal at each 


annealing curves. for 
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RESISTANCE RATIO 


O 
8 


TEMPERATURE 
Fic. 3. An isochronal annealing curve up to 900°C of a 
cold-worked molybdenum wire. Part of this curve 
is depicted in Fig. 2( Time of anneal at each temperature 
280 min. 


heavily 


The calculated activation energies also reveal this 
discontinuity at 180°C. Within the limits of experi- 
constant this 
0-04 eV. Above 
this temperature the activation energy rises steadily 
to 1:75 eV at 350°C. 


mental error they remain below 


temperature, with a value of 1-26 


There is no significant difference 

in the values of these activation energies for speci- 

mens possessing different degrees of cold-work. 
The 


annealing of the heavily cold-worked wire 
Fig. 2c) was continued to 900°C, and the complete 


isochronal annealing curve is shown in Fig. 3. 
intervals 
100°C: and 200°C. and a few 


of these are depicted in Fig. 4. 


Isothermal annealing curves at 10 


were obtained between 
The shape of each 
curve is not identical; this disagrees with the theo- 
retical predictions of Section 2(d), and consequently 


RAT 


@ 


RESISTANCE 


O 20 50 
TIME (MINUTES) 


“500 1000 


Isothermal annealing curves for heavily 
cold-worked molybdenum 
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TABLE 2. Absolute resistivity measurements at liquid-nitrogen 
temperature 


Initial 
Diameter 
of the 
wire (thou) 


Subsequent 
annealing 
history 


Degree of 
cold-work 


Resistivity 
em) 


none none -906 — 0-005 


Drawn from none ‘974 
0-0020 to 
0-0015 in. 


annealed at 
1400°C for 
5 min 


none 


annealed at 
1400°C for 


5 min 


Drawn from 
0-0020 to 
0-0015 in. 


annealed at 
1400°C for 
5 min 


none 


the deduced activation energies possess no physical 
meaning. (See next section.) 


Some electrical resistivity measurements were 


made at liquid-nitrogen temperature to supplement 
Table 2 
the results, together with the history of each specimen. 
The relative purity of the 0-008 in. and the 0-020 in. 


the resistance measurements. summarizes 


diameter wires is reflected in the higher resistivity 
of the former (1-067 »Q cm compared with 0-770 
em). 

from 0-020 in. to 0-015 in. diameter 
0-974 
wQem), of which just over a half anneals below 


L8O°C, using the data of Fig. 2(c). 


Drawing 
increases the resistivity by 7°, (0-906 to 
It is also apparent 
that an annealed specimen possesses a lower resisti- 
vity when it has been previously cold-worked. This 
that cold- 


worked metal is annealed above the recrystallization 


is in accord with observations when a 
temperature, the resulting grain size increases with 


the degree of cold-work.” 


4. DISCUSSION 
The evidence that a comparatively large decrease 
acti- 
180°C 


fundamental 


with a constant 


of resistance which anneals 


vation energy between and 


that the 


occurs 
suggests annealing of a 
imperfection such as a certain kind of point defect 
is being observed. Makin‘®) has shown that there is 
no measurable change in the yield point at room 
temperature when heavily cold-worked wires have 
175°C. 


been annealed for 280 min at This indicates 


that little change in the number and position of 


dislocations have taken place, and therefore that 


the motion of dislocations is not responsible for the 


0-96 Q 

20 
Xe 
0:94 “I t 
20 0-770 
O 92} 
7 
1-067 
O 88 \_| 
48, 
N20, 
Cc 
0-97— ~ 
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large decrease in electrical resistance. The annealing 
above 180°C with a rising activation energy is clearly 
associated with no simple process. Presumably, 
broad 


the 


a relaxation of dislocations occurs over a 


spectrum of activation energies. Furthermore, 
greater the degree of cold-work the larger is the 
100-180°C step compared the the 
This is what we would expect if 


with rest of 
annealing curve. 
the step is due to point defects, assuming they are 
formed by the intersection of dislocations. 

These results may be compared with the annealing 
(4) 


Kinchin has 


30°C) an 


of neutron-irradiated molybdenum. 
that after 
annealing stage occurs up to 190°C with an acti- 
1-3 eV. 


result has been found by Thompson 


found neutron irradiation at 
A substantially similar 


the 


vation energy of 


(9) when 
irradiation is performed at liquid-nitrogen tempera- 
ture. It would appear reasonable to assume that the 
same point defect is responsible for the cold-work 
annealing stage. 

It has already been pointed out that the shapes 
ot the 


therefore 


isothermal are not identical, and 


that 
equation (4) have no physical meaning. 


curves 
deduced from 
Indeed, 
the apparent activation energies decrease linearly 
This, of 


course, is against expectation, but it was found that 


activation energies 


with the amount of resistance annealed. 
no limitations of the experimental method could 
explain this. The result of this experiment is to 
demonstrate that the effects of a low-temperature 
anneal for a long time and a short high-temperature 
anneal are not alike. In order to demonstrate this 
further experimentally, a heavily cold-worked wire 
was annealed at 120°C for 240 min and then annealed 
isothermally at 180°C, When a for the 


120°C anneal was added to the 180°C annealing times 


correction 


(this is not very critical), the 180°C isotherm did 


not correspond with the one shown in Fig. 4, but was 


uniformly displaced to the left. This displaced 


of 1:25 eV, 


isotherm gave an activation energy 
in agreement with the isochronal experiments. 
Hence we may appreciate that the objection to 
determining activation energies by the isothermal 
method is that a particular value of resistance does 
not correspond to a unique physical state of the 


The 


susceptible to this objection, since the calculations 


metal. isochronal method, however, is not 
are based on measurements taken when the specimen 
is in the same state. 

It is of considerable interest to form an estimate 
of the number of defects produced by cold-work. 
One method is by measuring the stored energy re- 


leased by annealing and then, assuming the defects 


FEC 


TS IN COLD-WORKED MOLYBDENUM 


liberated 


3eV 


when one point defect disappears 


are vacancies, to postulate that are 


Unfortunately, 


no stored-energy measurements on  cold-worked 


molybdenum have been done, but an _ estimate 


be made by analogy with the work of Clare- 


West, {29 


the stored-energy release of a point defect 


may 


brough, Hargreaves, and who observed 


in nickel 
as well as the energy released on recrystallization. 
Assuming the yield point of polycrystalline molyb- 
that no work-hardening 


denum is 70 kg/mm? and 


occurs, the energy expended in a 40°, deformation 


is 5-5 cal/g. By analogy with nickel, we assume that 
2°, of this energy is stored in the lattice, of which 

the defects Hence, 
0-022 cal/g are stored as point defects in molybdenum 


one-fifth is in form of point 
for 40%, deformation, corresponding to 3-08 
atomic concentration of defects. This is responsible 
an increase of about 0-035 


the 


for cm 1n resistivity 


Consequently, stored energy to resistivity rati 


is 0-6 cal/g/uQ em, and 1 at. °%, of point defects will 
resistivity 


11) 


produce an increase of Il swQem in 


This may be compared with Overhauser’s experi 


mental value of 1-7 cal/g/“Qem in copper after 


deuteron irradiation. “we assume that Overhauset 
vacancies and that 


1-3 eV, 


of defects in coppel will produce wn 


was observing the annealing of 


the energ\ released per vacancy annealed is 


then 1 at. % 
increase of 2-8 w© cm in resistivity 


At present it Is not possible to be certain 


nature of the point defect which anneals 


180°C. Since the activation energies for cold 


irradiated close ly it 


that the 


specimens agree 


and 


appeal defect is elementary 


ictivation against the 


both 


the energy 


the melt 


reduced DY 
difte 


anneal, 


tions heing made for rent times ofl 


Thompson” has shown that all activatio 


so far determined in metals lie o1 sll 


In particular, the 1-26-eV stage in molybde 
the 0-7-eV stage 1n copper are superimpos¢ 


curve. It would appear not unreasona 


that a defect is annealing 


similat 


l 


molybdenum. The 
that 


e\ idence Wwe hay 


vacancies prob ibly anne 


suggests 
in copper ; it is tentatively proposed 


1-26 eV 


vacancies 


ly 
cle nun 


annealing stage in m 
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OBSERVATIONS ON THE DISLOCATION STRUCTURE OF 
GERMANIUM CRYSTALS* 


W. G. PFANN and F. L. VOGEL Jr. 


The habit and etching behavior of dislocations in z 
studied. Etch-pits are found both generally dispersed ; 
tend to lie in {110} planes parallel to the growth directio 
directions of the dislocations in boundaries are [100 
crystals. Dislocations produce etch-pits on etching 

100} or {111}. All (100) and (211) dislocations are r 
to the surface. 


OBSERVATIONS SUR LA STRUCTURE DES DISLOCATIONS DANS 
DE GERMANIUM 
Les auteurs étudient l’aspect et le comportement a 
de germanium préparés par la méthode de la zone fondu 
sont dispersées et localisées aux joints & petit angle. L 
110} parallélement a la direction de croissance et sont 
des dislocations aux joints sont [100] pour les crist 
pour ceux croissant suivant [11] Par attaque au ( 
corrosion que si la surface est inclinée d’environ 10° su 


100) et (211) apparaissent dans les plans {100} et {111 


BEOBACHTUNGEN UBER DIE VERSETZUNGSSTRUKTUR VON GERMANIUMKRISTALLEN 
In. durch Zonenschmelzen behandelten Germanium-Einkristallen 
halten der Versetzungen untersucht. Sowohl regellos verstreute als 


angeordnete Atzgriibchen wurden gefunden Die Kleinwinkel-Korngrenzer 


Wachstumsrichtung parallelen {110}-Ebenen zu liegen und sind aus 
Die Versetzungen in den Grenzen liegen bei Kristallen mit Wacl 

und bei Kristallen mit Wachstumsrichtung [111] in Richtung 

die Versetzung nur dann Atzgriibchen, wenn die Kristalloberflac 
‘100'- oder einer {lll!-Ebene abweicht Alle LOO und 

LOO}- und 111 Flachen sichtbar zu machen, ausse1 

parallel zur Oberflache verlaufen 


In a previous study">*) it was shown that edge 3) Two types. of 
dislocations in germanium single crystals could be identified, which will 
revealed by etching. Further studies of the habit direction of the dis! 
and etching behavior of dislocations in germanium und (21) Both have 
single crystals are reported in this paper. The work $f) In [100 
is based en a group of several hundred carefully direction), low-angl 
documentéd zone-leveled single crystals® grown two {110} planes parallel 
under fairly reproducible conditions. Although the These boundaries are con 
study is far from complete, certain results and is previously reported 
conclusions appear, to be firmly established. These In [111] erystals, low 
are: occupy the three {110} 

(1) Dislocation etch-pits appear after etching in direction ach of thes 
CP-4? if, and only if, the orientation of the surface of a set of (211) dislo 
is close to a {100} or {111} plane. growth direction 

(2) Dislocation etch-pits appear in degrees of Occasionally, in [100 
aggregation ranging from a general dispersion to of low-angle boundary occupy (OLO 


highly uniform tilt boundaries. These appear to be composed of 


dislocations with Bure rs vectors 


* Received June 11, 1956. 
+ Bell Telephone Laboratories, Inc., Murray Hill, New 5) All lOO) and (211 aisiocations ap] 


Jersey. etch-pits on all [100] and [11] planes except 


+t 50 parts by volume conc. HNO, 30-48% HF, 30-glacial 


acetic acid. 1-bromine. planes parallel to the dislocation line The et 
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shapes can be described as conic sections resulting 
from intersection of the surface plane with a right 
circular cone (the etch-pit) whose axis is approxi- 
mately normal to a {100} or {111} plane. 

will be discussed in order after a 


These results 


description of crystal growth and etching techniques. 


1. CRYSTAL GROWTH PROCEDURE 


The single crystals were grown from a seed by 


passing a molten zone through a germanium charge 


boat. The furnace was a 


clear tube of quartz, about 2 in. i.d. and about 3 ft 


in a horizontal proper 


long. The heating element was a cylinder of high- 


purity graphite, 2 in. o.d., } in. wall thickness, and 


from ?# to 3in. long. The graphite was heated by 


four to seven turns of an induction heating coil 


wound outside the quartz tube. The frequency was 
450 ke. The boat of 


fused silica of semicircular cross-section. The inner 


charge was contained in a 


surface of the boat had been sand-blasted, cleaned. 
carbon burning a 
The boat 


heater along a track made of three quartz tubes 


and coated with obtained by 


paraffin candle. was drawn through the 
about 2 in. in diameter. A typical charge was an ingot 
of zone-refined germanium about 12 in. long, weighing 
lb. 
crystal, and usually in the range from 0.84 to 1.96 
The 


zone-length was usually in the range from about 


about The draw rate was constant for a given 


mils per sec. The atmosphere was nitrogen. 
? to 1} in., and efforts were made to hold it constant. 
Crystals were grown with and without a temperature 
controller with no significant difference in perfection. 
The temperature gradient at the interface was about 
90°C per cm. 

The seed crystal was a 2-in. length of single crystal 
free of lineage boundaries, and usually of the same 
was butted against 


cross-section as the charge. It 


the charge, and about } in. was melted into the zone 
at the start of the operation Usually a small pellet 
of addition-alloy was melted into the zone so as to 
provide a uniform controlled concentration of indium 
or antimony in the final crystal.’ Concentrations 
in the finished crystals ranged from about 10~% to 
2 10-° atom-fraction. 


In later crystals, to increase convection in the 


molten zone (in order to minimize cross-sectional 
resistivity variations), the upper third of the graphite 
This change permitted some 
of the 
accompanying agitation, while retaining the advan- 


The 


usually kept just inside the cylinder. 


evlinder was removed. 


direct induction heating molten zone with 


tages of the heating cylinder. interface was 
It appeared 


straight, or slightly convex toward the liquid. 
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2. ETCHING PROCEDURE 
The first step was to cut a face parallel to (100) 
or (111). 


goniometer adapted for grinding. 


This was usually done with an optical 
A surface of the 
specimen was first ground and then etched with 
HF-H,O, solution.* This etchant produces {100} 
and {111! facets on the surface, suitable for optical 
goniometry. After the specimen crystal was oriented 
and cut, the examination surface was lapped on glass 
with 600-Carborundum, washed, dried, and etched 
for 1} min in CP-4 initially at room temperature, 
in a polystyrene container. 

Etching is accompanied by vigorous evolution of 
the 
polished surface suitable for metallographic examina- 


and heating of mixture. It results in a 


gas 
tion. The dislocations usually appear as shallow 
conical pits, although, for reasons not clearly under- 
stood, sometimes other shapes or even no pits at all 
may result. Etching for a time appreciably more 
or less than 1} min usually results in less clarity of 
etch-pit detail. The pits may disappear on longer 
etching; the surface is usually not smooth for shorter 
etching time, unless previously polished. A numbet 


primarily HF-HNQO, mix- 
produce results comparable to CP-4. 


of other similar etchants 
tures 

The etch-pits produced by CP-4 are often close 
to ideal cones in shape, as revealed by the inter- 
of Fig. l. The 


angle being 


shallow. 
The pit 


ferogram cones are very 


the semi-apex about 83 


Fic. 1. Interferogram of dislocation etch-pits on (100) 
surface of germanium single crystal showing random pits 


and boundary pits. Magnification 500 


* 1] part 30% H,O,. 1 part 40°, HF, 4 parts water (H. C 


Theuerer, U.S. Patent 2,542,727). 


PFANN anp VOGEL: DISLOCATION 

diameter, when the usual technique is used, is about 
6 10-4 em. However, for the purpose of illustration 
in Fig. 1, another technique employing face-down 
etching on a Lucite plate was used. This has the 
effect {100} 
re 10-3 em. 
that if the usual features fail to appear on the {100} 
after the 


method without 


of enlarging pits in faces to about 


Furthermore, experience has shown 


treatment, 
Pits 


normal face-down-on-plate 


will succeed. a conical tip 
are often seen. 

No significant differences in etch-pit size or shape 
have been found between n- and p-type germanium 
crystals or between extremely pure germanium and 
germanium containing up to 0.01 at. °, of Group III 
or Group V elements. It has been observed that 
adding several per cent of certain solute elements 
increases the density of dislocation etch-pits and 
lineage boundaries. Probably this reflects a change 
in erystal perfection rather than in the ability of 
the etchant to reveal dislocations. Thus far, it does 
not appear that solute element atmospheres around 
dislocations are a requisite of the etching process. 
Apparently these dislocation etch-pits in germanium 


differ, in this respect, from those in certain metals 
3. EFFECT OF ORIENTATION OF 
VIEW PLANE 
From experiments with planar surfaces inclined 
at various angles to the dislocation lines, and with 
that 


etch-pits appear only if the surface is not more than 


spherical crystals, it was found dislocation 


8 or 10 degrees from a {100} or {111} plane, regardless 
of the direction of the dislocations (see below). If 
the view plane coincides closely with one of these 
principal orientations, the etch-pit is approximately 
round and the tip of the cone is approximately at 
the center. As the view plane becomes inclined from 
‘100! or {111}, the etch-pit becomes elliptical and 
finally U-shaped, that is, open-ended, with the tip 


displaced toward the closed end, as shown in Fig. 2 


Spheres about 1.2 cm in diameter were ground 


from single crystals containing randomly distributed 


etch-pits. These were fine-ground and etched in 


CP-4. 
centered at, and only at, 


Circular clusters of pits were found to be 
and {L11} poles. The 
U-shaped pits were found, in general, at the periphery 
of the cluster with their open ends facing inward, 
while the pits in the center of the cluster were round 
The critical angle for observance of pits is readily 
established by measuring diameters of such clusters 
It should be emphasized that these results are for 
particular etching conditions. It is quite possible 
that other etching techniques would reveal pits on 


other faces.“® Presumably an etch-pit appears at 


STRI 


GERMANIUM ¢ 


2. Dislocation 


h-pits o 


plane in germanium cry 
a dislocation because etching is faster in the strained 


region at and near the dislocation than in the un 


strained bulk crystal. From studies of the solution 
of germanium by molten metals and alloys and from 
OP-4, it 
the slowest to be 


our own observations with appears that 


{LIL} planes are attacked and that 
indicating a low 
Accordingly, dis 


appeal heal 


;LOO} planes possibly rank next 


solution potential on these planes 


location pits may these planes 


because for othe orientations the difference in 


solution rates between strained and 


regions is negligibly small 


4. DISTRIBUTION OF DISLOCATIONS 


In this section we deseribe the 


venel 
tions of etch-pits observed in cross-set 
to the growth direction in the crystals 
more 


All crystals contained I 


persion of isolated etch pits 


planes An example of pits in 
these 


in Fig. 3. Since 


pits 
lineage boundaries 
re dislocations, we hav 
the isolated pits are 

or some oft these are in tl 


mediate orientation will considers d below 


view 18 supported bv evidence trom dislox 


pit studies ol plastica formed cvermanium 
The density of dislocations, measured 


plane, is 


5 104 pel 


1100! oO! 


em* in erystals unde 


described \ tew 


crown 


ditions ervstals showed 
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Unusually perfect crystals, 
alter- 


decade lowel than this 


srown by a method of zone-leveling with an 


heater, developed by D. C. Bennett and B. Sawyer,'* 


showed densities as low as about 10° per cm®* ove 


irge volumes with a typical value being 


pel em* ll of these magnitudes are 


value of about 


highly 


1Q® pel 
perfect metal 
CP-4, 


an apparent etch-pit density of the order 


Sometimes. after etching with ‘lOO! faces 


exhibited 


vhich is some hundred times larger 
quoted L.bove These pits somewhat 


dislocation pits, but were smaller, 


in diameter. Such pits were not 
found on 


used At 


humerous 


they S100! 


were 
ite method was this 


Ve re not sure what these more 


ts represent 
the other extreme from the general dispersion 
are almost perfectly straight 
extending 


These 


is far as 6 or 8 in 


bound across a Major por- 


the cross- boundaries may 


extend trom about along the 
vstal without a m 


Although 


to extend nearly as far, at least 


jor change of shape or dislocation 
individual dislocations do not 


without 


Although the density of disperse etch-pits tended 
to be lower near 
tially all of the 


Since a well-defined boundary 


a boundary, in no case were essen- 
found in boundaries. 


contain 104 to 


dislocations 


may 
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boundary in germanium single crystal 


g to random dispersion. Magnification 150 


10° etch-pits per em, and since this figure is comparable 
or greater than the number of disperse pits per cm?, 
one centimeter of boundary could easily contain all 


the dislocations in a square centimeter of crystal. 


Since it did not, in these crystals, it is concluded 


that low-angle boundaries are a symptom of higher- 


than-average total dislocation density 


Between these two extremes are found a variety 


of etch-pit distributions: straight boundaries be- 


coming dispersed at one end, as shown in Fig. 4; 


either parallel 


short sections of straight boundary, 
sections of straight boundaries in |100 
T’s or L’s. Where 


well-defined, the sum of the dislocation 


or irregular: 


crystals intersecting at 90° to form 


these last are 


densities in the branches adds to zero with surprising 


accuracy'®!® in a manner analogous to Kirchhoff’s 


law for the currents meeting at a point in an electrical 


circuit. 


5. TWO TYPES OF EDGE DISLOCATION 


The task of determining the direction of a disloca- 


tion line becomes straightforward when the dis- 


locations are uniformly spaced in straight low-angle 


boundaries. Two methods can be used. One is to 


measure carefully, by X rays, the small angle, and 
its axis of rotation, between the blocks on either side 
number 


of the boundary. This has been done for a 


of [100] erystals and for one [111] erystal in this 


study. Another method is to measure the dislocation 
spacing on two different planes that intersect the 
This has 


crystals of each type. 


boundary. been done for a number of 


Examples of such measure- 


ments are given in Table 1 and illustrated in Fig. 5. 


‘ 
* 
. 
* 
Fic. 3. Random dispersion of dislocation etch-pits on (111 Fic. 4. Low-angle iis 
plane of germanium crystal. Magnification 150 han gin . 
msiderably lower than the 
f 10° per em* 
than the figure 
ybserved on 
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TABLE 1. Determination of direction of dislocation from etch pit spacings in two pla 
Ratio of etch-pit spacings, D 


Growth D's 


Crystal No. 
direction measured 


[100] Deo) Pan 


(O11) 


Dioo 
— -0.58 


11) TRACE 


[100] DISLOCATIONS 


(100) TRACE 


[211] DISLOCATIONS 


(400) TRACE 
4 


VV 


Determination of orientation of dislocations in tilt 
100] dislocations, 


Fic. 5. 
boundary from traces on two surfaces: (a) 
(b) [211] dislocations. 

These show that in all of these low-angle boundaries 
100) or (21) 
Both 
types of dislocation have the same Burgers vector, 
(a/2) [110]. 
6. ORIENTATION AND COMPOSITION 
OF BOUNDARIES 

When straight low-angle boundaries existed, they 

tended to lie in a {110} plane parallel to the growth 
This was true both of [100] and [111] 
This plane is the stable one for a tilt 


the direction of the dislocation lines is 
(or, at least, very close to these directions). 


direction. 
crystals. 
boundary comprised of edge dislocations having the 
Burgers vector (a/2)[110]. 

In [100] crystals the direction of the dislocations 
was [100], as previously reported.“>”) In [111] crystals, 
the dislocations ran in one of the three (211) directions 


lying 19° from the growth direction. (There is one 


3 


Direction of 
dislocation 


Value 


calculated 


Value 


measured 


(O11) TRACE 


\ (O11) TRACE 


[100] GROWTH DIRECTION 
(A) 


6. (a) Low-angle boundaries in [100 


Magnification 2 


OT!) TRACE (101) TRACE 


(170) TRACE 


[111] GROWTH DIRECTION 
(B) 


angle l 
Magnificatiorz 


Examples of 


such direction for each of the three 


parallel to the growth direction 
type of boundary appear in Fig. 6 


No well-developed low-angle boundary Was found 


a {110} plane not parallel to the growth 


to lie in 


direction If such cases exist at all in thes crystals 


they are rare. Thus, the direction of crystal growth 


determined the orientations of the low-angle boun- 
daries and the directions of the dislocations in them 
Although the 


found only in the 


dislocations in boundaries were 


generally ,110} planes parallel 


38] 
Z122A 0.5 0.58 100 
Z214A 0.7 0.71 112 
(O11) 
Fic crvstal 
Dioo 
=0.71 “010 
v ie = 
| 
TRACE — 
D) 
110} planes 
| | 
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to the direction, no marked differences in 


density of disperse etch-pits was found among the 


crowth 
various planes of a set. Nor was there a preference 
for a certain region of the cross-section, as has been 
noted by Billing" and by Rosi"? for germanium 
the melt. On the 
other hand, the density of disperse pits usually did 


crystals grown by pulling from 
vary irregularly throughout the cross-section. 

After that 
[111] crystals contained (21] 
realizing that 
reasonable from results of plastic bending studies on 
decided to 
direction in a boundary in a [100] crystal that had 


establishing low-angle boundaries in 
edge dislocations, and 
of dislocation was 


this orientation 


germanium, we recheck the dislocation 
previously been shown to contain [100] dislocations. 
This check was made to eliminate the small possibility 
that the true tilt axis in the [100] crystals was not 
[100], but a [211] or [211] in the (O11) boundary plane. 
The check was made by simultaneously exposing the 
boundary in three planes: the (100), which was normal 
to the growth direction, and the two {111} planes 
having a zone axis normal to the boundary, namely 
111) and (111). 
planes. If the direction of the dislocation 


Etch-pits appeared in all three 
line had 


. the dislocations would have been 


[211] or [211 
parallel to one of the {111} planes and hence invisible. 


been 


112), 


appears 


Since two kinds of dislocation, (100) and 


have been shown to exist in boundaries, it 


reasonable to assume that both of these orientations. 


possibly along with other rational or irrational 


directions, exist in the network of disperse disloca- 


tions. Since there are twelve (211) directions and 


Asymmetric tilt boundary on (100) face. 


of boundary is (010). 
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100) directions, the network can be comprised 
least fifteen 


three 
of at 


alone. 


directions using these two sets 

The case of a pure tilt boundary inclined to a 
principal plane of a simple cubic lattice was treated 
by Read and Shockley.“ Such a boundary contains 
dislocations of two types, having Burgers vectors 
normal to each other. These were designated x and 
y dislocations, because they represent extra xz and 
yz planes, z being the tilt axis. 

Occasionally, in [100] erystals, short, straight 
boundaries were observed lying in an (010) or (001) 
plane. Such a boundary apparently is an x and y 


boundary with two sets of dislocations having 
b (a/2)[O11] and b (a/2)(O11]. 


such a boundary is shown in Fig. 7. 


An example of 
This boundary 
differs from the usual ones in being less straight 
These 


features suggest that the boundary of Fig. 7 is of 


and in a definite pairing of the dislocations. 


the x and y type. 


7. PLANES OF VIEW FOR (100) AND (112 
DISLOCATIONS 

To establish the planes of type {100} and {111! 

100 112 


appear, samples containing boundaries of each type 


on which dislocations of types and would 


were cut on all possible {100! and {111!. It was 
found that all (100) and (211 
revealed by etching in CP-4 in all {100! and {111} 


except, of course, the plane containing the dislocation. 


dislocations are 


In all these cases, the etch-pit was essentially round 
One 


might have expected that, for a small angle between 


and the tip of the cone was nearly centered. 


dislocation and view plane, the pit would be noticeably 
elliptical. (The smallest angle, 24° 06’, was for a 
[112] The lack of 


appreciable eccentricity of cone-tip is perhaps to be 


dislocation and an (010) plane.) 


expected, in view of the shallowness of the cones. 


Nevertheless, an was made to determine 


statistically, for disperse pits, whether the azimuthal 


attempt 


angles of the cone-tips in the etch-pits corresponded 
to expected azimuths of projections of the possible 
dislocation lines. The azimuths appeared to group 
about certain directions, but not the expected ones. 
(112), (211) 


expected in pits in the (111) plane of a [111] crystal.) 


(For example, and would be 


DISCUSSION 
In this section are discussed questions pertaining 
to the nature of the etching action, the habit of the 
dislocations, and the existence of screw-orientations, 
that have been raised in this study and in the work 
of others. Since etching in general is not well under- 


stood and often difficult to control. it is not surprising 


: 
» 
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that discrepant results and opinions should appear 


in the literature of this field. Some effort 
to resolve these. 

Two seemingly contradictory facts about the etch- 
pits stand out: 
to the angle between the dislocation and the surface, 
and the great sensitivity of etch-pit shape to deviation 
of the specimen surface from a_ principal plane 
({100! or {111%). 


cribed as conic sections resulting from the inter- 


The observed shapes can be des- 


section of the surface plane with a right circular 


cone (the etch-pit) whose axis is approximately 


normal to a principal plane. It is planned to discuss 
these results in more detail in a later publication. 
With respect to the effect of the angle between 
dislocation line and view plane on the visibility of 
the etch-pit after CP-4 etching, our results appear 
to contradict those of Kurtz et al.“%) Whereas they 
state that a dislocation produces an etch-pit only 
if its angle with the surface is over 60°, we find that 
etch-pits appear for angles as low as 24°. This point, 
of course, is important when etch-pit counts are 
used to indicate dislocation densities. We note also 
that these authors neglect the contribution of [100 
dislocations to line broadening. 
identification of dislocations of screw 
still 


A clear-cut 


orientation in germanium unfortunately 


lacking. However, indirect evidence from plastic 


deformation experiments suggests that screw orienta- 
tions are revealed by CP-4. For example, Griener“® 
finds etch-pits where screw dislocations should be, 
in germanium rods deformed by torsion, although 
the possibility that some of these represent edge 
Further, screw 


orientations has not been ruled out. 


and edge orientations appear to be revealed with 
equal clarity in other materials by other etchants 
1 on rock 


(See, for example, results of Amelinckx 
salt.) Etch-pits suggestive of screw orientation, with 
a very large Burgers vector, ~1000 A, were described 
for germanium by Ellis,” and also for silicon.“®!” 
Fig. 8 shows an electron micrograph, prepared by 
Miss E. Koonce, of such an etch-pit in a (111) plane 


While. 


on the one hand, the view has been expressed that a 


in germanium, revealed by Ellis’s technique. 


screw dislocation with so large a Burgers vector is 
unreasonable in germanium, on the other hand a 


reasonable explanation for the etching action that 


produces this configuration has not been advanced 


at this writing. 
We do not wish to dwell at length on the particular 


configurations of dislocations and low-angle boun- 


daries observed in these crystals—for these are 


restricted to the particular growth conditions used 


is made 


the insensitivity of etch-pit shape 


OF GERMANIUM 


Fic. 8. Electron micrograph of etch-spiral on (111 


germanium single cry stal Magnification 4500 


The 


an equilib 


Certain remarks seem appropriate, however 


observed low-angle boundaries suggest 


rium or near-equilibrium condition In no case 
were dislocations caught in the act of slip that is 
as has been reported by 
sillig, Rosi") for 


Rather 


lined up on slip planes, 
Bennett 


germanium crystals pulled from the melt 


and Sawyer,'®) and 


the observed boundaries suggest a polygonized con 


The 21] 


found aligned in the same manner as are 


dition. dislocations in [111] crystals are 
dislocations 
produced by bending and polygonization. The [100 
dislocations in | L100] crystals do not, to our knowledge 
have a counterpart in plastic deformation, but thes« 
too are aligned in walls normal to the Burgers vector 
On the average, these crystals have existed at 

temperature above 600°C for at least 1 hou umple 
time for polygonization to get under way. In connec 
tion with the general problem ot cryst il growt ot 
solidi 


germanium, the statement of Billig™! that 


fication in a horizontal boat. e.g 1 zone-refining 


occurs over an interface which 


lac k ol 


furnace, usually 


rather distorted by the radial symmeti 


the heat flow, and produces crystals of rathe1 pool 
unjustified Crystals of thi 


perfection, appears 


study and those described by Bennett and Sawyer 
refute this generalization 
Lastly, 


esting features of the dislocation etch-pit patter 


it should be emphasized that mat 


germanium are yet to be interpreted 
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THEORY OF PRECIPITATION HARDENING: 


R. O. 


ISOTROPICALLY-STRAINED SYSTEM* 


WILLIAMS? 


Calculations are presented to show that appreciable strengthening can result from the hydrostatix 


interaction between edge dislocations and isotropically strained matrix and precipitate re 


a certain type of precipitation. This theory seems adequate to explain the strengthening « 


precipitation in the iron-chromium system. 


THEORIE DU 
SYSTEME 


DURCISSEMENT 
DEFORME 


sulting from 


\bserved on 


PAR PRECIPITATION 
ISOTROPIQUEMEN'I 


Les caleuls présentés montrent qu'un durcissement appreciable peut résulter de l’interaction hydro 


statique entre les dislocations-coins, la matrice isotropiquement déformée et le précipité prov 


certain type de précipitation. 


pendant la précipitation dans le systéme fer-chrome. 


THEORIE DER 


Cette théorie semble adéquate 


AUSSCHEIDUNGSVERFESTIGUNG FI 


nant d’ur 


pour expliquet le durcissement observé 


R EIN ISOTROP 


VERZERRTES SYSTEM 


Die folgenden Rechnungen sollen zeigen, dass eine erhebliche Verfestigung durch dis 
Wechselwirkung von Stufenversetzungen und einer isotrop verzerrten Matrix mit Ausscheidungen « 
Die Theorie scheint 


gewissen Typs auftreten kann. 


hydrostatische 
Ines 
Auss 


die Verfestigung, die bei det heidung im 


System Eisen-Chrom beobachtet wurde, ungezwungen erklaren zu kénnen 


A recent experimental investigation has shown 


that alloys of iron and chromium undergo a some- 


what remarkable age hardening.“) It was shown 


that a miscibility gap exists in the system at about 
550°C, and, as a result, the alloys decompose into 
an iron-rich and a chromium-rich phase. From the 


available evidence it seems that chromium pre- 


cipitates in more or less equiaxed particles having 
sizes in the range of 40 to 300A. The thing which 
that 


alloys can double or treble: 


seems extraordinary is the strength of these 


vet it has been im- 


possible to find any change whatsoever by means 


of X-ray diffraction (the diffuse effects reported in 
the first report of this work have since been shown 


to have resulted from surface relaxation during 


aging and are not a bulk property of the material), 
when careful work was done using long 


even 


exposures on single crystals, both stationary and 
oscillating. In spite of this, the hardness, electrical 


resistivity, and magnetic measurements showed 
that the precipitation process may go essentially 
to completion and thus result in a large volume 
fraction of the precipitate in the higher-chromium 
From the analysis of these data it was con- 
that 


isotropically strained to a common lattice parameter 


alloys. 
cluded both the matrix and precipitate are 
as a result of coherency, a condition always present. 


* Received September 24, 1956. 
ormerly associated with The General Electric Research 


with The Cincinnati Milling 


F 


Laboratory, Schenectady; now 
Machine Co., Cincinnati, Ohio. 
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the work of 


of distortion of the 


This with 


Eshelby.) 


slip plane precluded any consideration of the parti les 


conclusion seems consistent 


The resulting lack 
offering shear resistance to the passage of edge dis- 
considered in all theories of 
For 
supposed that the interaction between particles and 
This 
gives the calculations in support of this idea 
It is 
attempts do not fit this system 
that of Mott Nabarro, 


spherical particles in a the sar 


locations as present 


precipitation hardening. this reason it was 


dislocations was of hydrostati origi report 


show exactly why earliet 


The 


whe 


important to 
first attempt 


was and consider‘ 


matrix 


They assumed, at Brag J 


considered here 
the 
correspond to the stress giving the 
They 


elasticity theory ior a 


that of such an arrangem¢ 


in the matrix then used the sol 


single particle 
medium where the shear strain is found 


as R 3 


sidering the spacing between particles 


and then found the average shea 


expression was simply 
Kef 
is Young’s 


and 


where 7 is the increase in shear strength, £ 


modulus, € is the maximum matrix strain 


volume fraction of They late 


the 


is the precipitate 
tension to explain 


4,5 Che 
this 


introduced idea of “‘line 


certain experimental observations work on 
Fe-Cr is 


model by showing the strains to be 


rather emphatic in ruling out strain 


isotropic in both 
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the matrix and the precipitate, and hence the sugges- 
tion by Bragg cannot apply. 

Orowan"® introduced the idea that the dislocation 
might not shear the particle but rather leave a loop 
around the particle as a result of the great resistance 
of the particle to shear. The general idea, however, 
of supposing that the particles could offer great 
resistance to shear should, it seems, be credited to 
Mott.‘* 
the particle would have no appreciable effect on 


Orowan supposed that this loop encircling 


strength after the particular dislocation in question 
had passed on, but Fisher, Hart, and Pry’ showed 
that 
continue to accumulate around the particles. 


this is not strictly true provided the loops 
For 
the case at hand it seems entirely unreasonable to 
associate undue shear resistance with the particles, 
and hence Orowan’s ideas would not apply, and 
hence neither could those of Fisher et al. For these 
reasons it was concluded that an entirely new mode 
of strengthening must be taking place.“ 

There is the additional aspect to this problem 
that, as a first approximation, there is no interaction 
between these particles and screw dislocations. This 
would seem to offer some possibility of deformation 
without strengthening. The present state of know- 
ledge does not permit an estimate of the importance 
of this effect, and hence it will be ignored subsequently. 
To a lesser degree the same problem arises in the 
bending of edge dislocations, but again it is essentially 
ignored. There is also the problem of chemical 
strengthening resulting from the shearing of particles 
ind thereby producing less desirable neighborhoods 
of the atoms. Calculations to be presented 


for a few 


show this effect to be small. 


THE CALCULATIONS 

As in most dislocation calculations, certain assump- 
tions are necessary in order that the mathematics 
does not become too complex. The assumptions used 
here are as follows: 


a) That 


follow Hooke’s law for large strains. and may 


the materials are elastically isotropic, 


be considered continuous media. 
b) That the simple displacement equations (Read‘*?) 
can be used to describe edge dislocations. 
c) That the dislocations never possess any signifi- 
cant kinetic energy due to external forces. 
Insofar as it has been possible to tell, both the 
matrix and precipitate are completely isotropically 
this and summing the forces 


strained. Assuming 


over a large random plane cut through the sample 


leads to the following equation: 


(2) 
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“Slip plane 


Location of particles with respect to slip plane 


Energy of interaction of particles 
and edge dislocation 


Fic. 1. Schematic representation of interaction of edge 
dislocation and isotropically strained particles. 


where o is stress, f is volume fraction, and the sub- 
scripts p and m refer to the precipitate and matrix 
respectively. The strain is related to the stress by 


the normal compressibility equation, 
o = Ee/(] 


2y) 3) 


where £ and e have the same meaning as before and 
ratio. It that the 
precipitate and matrix have a common orientation 


y is Poisson’s has been shown 
and atom-to-atom matching over the entire interface 
and hence a common lattice parameter in the coherent 


state. This condition is expressed by 


€ 2(a, 


p m 


a,)/(a,, (4) 


where a is the unstrained lattice parameter for the 


indicated phase. Values of € and o are considered 
positive for extension. 

The type of interaction which can be expected is 


shown with respect to the slip plane. If, for example, 


illustrated in where several particles are 
the upper part of the dislocation is in compression 
as are the particles, then those particles above the 
slip plane will interact positively with the dislocation, 
as illustrated in the lower part of Fig. 1. This energy 
should be zero for a centrally located particle and 
increase to a maximum for those particles roughly 
tangent to the slip plane, and then decrease for 
those further removed, as is illustrated. In the absence 


of external forces, the dislocation will assume a 


If its line 


tension (energy per unit length) is relatively small, 


shape so as to have a minimum energy. 


then the dislocation will pass through the wells and 
over the saddle points between peaks. As an external 
force is applied, energy is supplied to raise the dis- 
location over the energy barriers in its path. On 
reaching the summits of the energy peaks, the dis- 
location will snap into the next low-energy position 


The 


and dissipate the energy as lattice vibrations. 


Ly 
| 
(--) 
ati Pigg 
« 
= 
+ = 0 
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Fic. 2. Relation of slip plane, edge dislocation, and axes 
problem then is to calculate the energy required to 
slip a unit area. 

The choice of axes with respect to the dislocation 
is shown in Fig. 2, where X-Z is the slip plane, X 


the direction of the Burger’s vector, and the upper 


half of the Y-Z plane contains the extra plane of 


atoms. Read‘* has given the displacement equations 
which are used to represent a dislocation of an edge 
dislocation. Differentiation of these equations with 
respect to their directions gives the strain in that 
direction. Simultaneous solution of the three equa- 


tions of the form, 
Ke, 5) 
gives the stresses in the three directions just as given 


by Read. (Note that the 


negative in his tabulation.) 


sign of o. should be 


It is not necessary to distinguish between the 


precipitate and matrix in the following sections, for 
added 
If one calculates the strain for the phase unde 


consideration, using equations (2), (3), and (4), this 


the proper subscript can be when needed 


can be added to the strains due to the dislocation 
Examination of the new set of equations of the form 
(5) shows that the stresses due to the isotropic strain 


This 


is, in fact, the principle of superposition used in 


can also be added to those for the dislocation. 
elasticity." 
The elastic energy density, S, at any point is given 


by the expression 


(6) 


where 7 and y are the shearing stress and strain on 


the indicated plane. Since the matrix and precipitate 


are isotropically strained by coherency, there are no 


shears resulting from coherency. The displacement 


PRECIPITATION 


HARDENING 


equations are used to calculate the shears due t 


the dislocation. Substituting into equation (6) and 
reducing, one obtains the following expression 


) 


2yv)y? 
(42 y?)2 
Ebey 


(a 


It is readily apparent that the first term gives the 
energy density due to the presence of the dislocation 
Integration of this equation through proper limits 
the length 
The 
resulting from the 
and the 


would give energy per unit consistent 


with the starting assumptions second term 


gives the energy density inter 
dislocation 


this 


between the 
Note that 


on the slip plane (y = 0), 


action isotropi 


strains. function has a zero value 


and thus justifies the 
concept that the particle does not resist shear in 
the slip plane. The third term simply gives the 
density due to coherency 

10) have 
considered a similar problem, that of the interaction 
of a Then 


expression, when converted to density per 


middle 


It might be noted that Cottrell and Bilby 


foreign atom with an edge dislocation 


energy 


foreign atom volume, is smaller than the 


term by the ratio (1 y)/(1 y 
Since it is being assumed that the elastic properties 
of both the matrix and the precipitate are very similar 


the only term which has a dependence 


upon 
position of the dislocation is the second tern 


e has an opposite sion in the matrix as con pared 


to the precipitate as well as different n onitude 


Fic. 3. Energy density around 
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normally (see equations 2, 3, and 4). This function 
is simple and is graphed in Fig. 3, and is seen to be 
finite and continuous at all points except the origin. 

A given particle will, at any given position with 
respect to the dislocation, contain a range of energy 
densities. What is needed to calculate the energy 
of interaction is the average energy density given 
simply by averaging the above function over the 
this 


operation for spheres, since this seems the most 


particle. It would be desirable to carry out 
probable shape of particles for this type of coherency, 
but this too difficult, so that 


are used instead. This gives: 


Ebe 
litera y) ( 1) (tan 


a/R | y 
y/R l | | 


proves to be cubes 


tan 


R 
R 
R 


a R R 


where 7’ is now the average of S in a cube of edge 
2Ff located at x and y with respect to the dislocation. 
This function is plotted in Fig. 4 and can be roughly 
described as Fig. 3 with the center spikes being 
replaced by a plane containing the z axis and inter- 


function is everywhere continuous, 


secting the surface at x is seen 


that this new 


but has a discontinuity in slope where y/R = 1 
about 1.5. 


Had 


spheres been used, there would not have been this 


which disappears as a/R exceeds 
discontinuity in slope and the inside section would 
have been more curved. 

In Fig. 5 actual caleulated energies for the given 


Average energy density 
units of 


b 


Fic. 4. Average energy density for a particle (cube) of size 


2R in the field of an edge dislocation. 


VOL.. 


a? 
Location of cube 


particles with respect 
to slip plane 


Interaction energies 
of individual particles 
and the edge 
dislocation 


Sum of interaction 
energies of the 
particles on the 
dislocation 
Fic. 5. Interaction energy for collection of particles. 
collection of cubes are given, graphed both separately 
and summed. As would be expected, particles which 
are relatively far from the slip plane cannot exert 
their full influence on the dislocation, since the dis- 
location experiences only the algebraic sum of the 
effects of all particles. This presents the problem 
as to how far out to carry the integration. Clearly 
this distance is a linear function of the particle spacing 
and probably independent of particle size so long as 
the particles are not almost touching. For the present 
calculations this summing will be carried out for a 
the 


centers of a body-centered cubic array of uniform 


distance corresponding to distance between 
spheres. This is an arbitary, but reasonable, choice; 
and furthermore, the results are found to be rather 
insensitive to this choice except for particles almost 
touching, i.e. large volume fraction of precipitate. 
This distance, R’, from the slip plane is given simply 
as 

1.76f-°R (9) 
fraction of 


the volume 


uniform radius R. 


where f is precipitate of 

The strengthening effect of this type of precipitation 
is calculated by summing the work necessary to force 
the dislocation to the peak or crest of each energy 
barrier. It is assumed that the dislocation experiences 
the entire change for all particles within a distance 
of R’ of the slip plane, as mentioned above. One 
then has the equation: 


Th dA (10) 


2fdA | dy 


where 7 is the increase in shear strength, and dA 
an element of area, the absolute magnitudes being 


used, since the dislocation is always being forced up 
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nm 


units of Fe b/27R(1-v) 


Average energ 


2-4 


Fic. 6. Maximum interaction between a cube 


particle and a dislocation as a 
slip plane 


energy 


function of distance from 


curve for cubes of edge 2R. 
curve for integration. 
approximate curve for spheres of radius R. 


energy barriers. The factor 2 is used, as this integra- 
tion is set up for only one side of the slip plane. 
[t is apparent that the average energy difference 
between the matrix and the precipitate is being 
summed through all material lying within R’ of the 
slip plane. The values of 7’ have greatest magnitude 
for = 0, since this always represents either a well 
or peak. 

In Fig. 6 the function 7’ for x 


cube particles along with an estimate for spherical 


0 is graphed for 
particles. Rather than try to integrate the curve 
for cube particles, the area bounded by the dashed 
lines is used because of its greater simplicity, and 
the extra area will help compensate for not using 
spherical particles. This simplification will cause no 
appreciable error until R’ approaches R (say about 
30° 


precipitate). Integration gives the following 


This reduces to: 


Ke 


(, (0.995 f) (12 


V/ im 


If it is assumed that the tensile strength is twice 
the shear strength and that the elastic properties 
are identical for both matrix and precipitates, then 


the final equation is simply: 
2K ef 


1 |} 
(1 y) sind 


where o is the increase in strength and e¢ is the total 
strain. 

Before examining the agreement between experi- 
ment and theory, it is important to examine certain 
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The 


strength which is calculated by equation (13) is that 


other aspects of this problem in some detail 


due to the state of coherency between matrix and 
the 


precipitate. Since matrix normally becomes 


weaker during precipitation due to loss of solute 
the increase which one measures should be less than 
the calculated value. The total strength is assumed 
to be the sum of the intrinsic strength of the matrix 
and precipitate plus that resulting from the isotropic 
strains. When the intrinsic strength of the matrix 
and precipitate are different, one presumably uses 
a weighted average as a base. While such a condition 
is counter to the assumptions used in solving this 
problem, the error is expected to be small, since it 
is expected that the interaction between hydrostatic 
intrinsic strengths will 
This calculated 


should correspond closely to the normal yield strength 


differing 
effect. 


strengthening and 
be a second-order strength 

It is evident that sheared particles will be composed 
of edges which have higher chemical energy because 
This effect can 
equating the 
of the 


of the less desirable surroundings. 


be roughly estimated by work done 
the 
between the 


Fig. 7 


by shear to new energy new interface 


matrix and precipitate, as 


The 


created 


illustrated in following equations 


obtained 
2nb Rx 


fA 
kR? 


where T 18 the increase in shea strength adue to 


chemical effect, f is the volume fraction of precipit 


R is the average particle size, A an element of 


n the number of particles per unit area, and 


interfacial energy, between the tw 


energy can he estimated following 


Becker.“ 


given slip plane is 


[The average radius of thi 


part 


somewhat 


Bottom of particle displaced with respect to 
top asa result of slip 


Shaded area is newly \4 > 
created interface between 
the two phases 
Model used for estimatior 
hardening 


Fic. 7 
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Dislocation RA 
Position of dislocation-A 


4 
Particle 


Energy of interaction between 
particle and dislocation 


(a) (b) 


8. Model estimation of effect of dislocation 


energy on magnitude of hardening. 


used 


particles themselves, but the difference is unimportant 
Another 


model is that it cannot be used as the particle size 


in this approximation. limitation of this 
approaches that of the Burger’s vector. 

To this point it has been assumed that the energy 
per unit length of the dislocation (line tension) was 
small compared to the energy of interaction between 
the particles and dislocation. If such a condition 
does not exist. then the dislocation will not, in the 
absence of an applied force, follow the energy surface 
along a path of steepest ascent, but will be pulled 
partially up the energy barriers, and the degree of 


strengthening predicted by equation 13 will not be 
fully realized. 


the 


This effect can be roughly estimated 
The 


between particles is taken to be R’ (see equation 9), 


using model shown in Fig. 8. distance 


and the distance between peaks and wells in the slip 
R’ 3. In 


assumed that the energy of interaction varies as the 


direction is taken to be addition, it is 
sine between the valley and the peak (Fig. Sb), and 
that the length of the dislocation can be represented 
by the three straight lines. The energy of the system, 
is given by 


A= 


47h? 
Ri | V) 


where H represents the energy per unit length of the 
dislocation. The other terms are either as before or 
defined in Fig. 8. The value of 0.5 is used as a sort 
of average in the term giving the interaction energy 
of the particle and dislocation, since actual values 
range from zero up to 0.87 and start decreasing as 
the particles are more distance from the slip plane. 
The value of H can be 


the first term of equation 7 between proper limits. 


estimated by integrating 
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This gives the same equation that Read ® derives 


more directly: 


In 
y) R, 


(16) 


where H is now the energy per unit length between 
cylinders of radius Ry and R,, the other terms having 
Read'®) states that the total 
energy within a radius R, is obtained by setting Ry 


been already defined. 


equal to roughly an atomic diameter. For the present 
R, should 


pretense is made of calculating precisely the energy 


problem be roughly R’, although no 
needed to put a bulge in an otherwise straight dis- 


location. Differentiating A with respect to A and 
setting equal to zero gives the stable position of the 
dislocation. This operation, along with substitution 


for H and simplification, gives the final equation: 


» 
377A 
3.2f75 y) sin 
1/2 


In R' R, 


) 

17) 
The 
strength by, 


factor to be used to multiply the calculated 
in order to allow for the finite energy 


of a dislocation, is then: 
cos (37A*/R’)|/2 (LS) 


where A* is now a solution to equation (17). 
It is unfortunate that there are no good data to 
test the of the Fe-Cr 


system, only hardness has been determined extensively, 


these calculations. In case 
partly because of the very brittle nature of such 
alloys when precipitated. One thus must depend 
upon some empirical relationship between strength 
Fig. 9 the results of calculated 


and hardness. In 


strength versus composition for alloys fully aged at 


2 Hardness of 
unaged alloys 
Hardness of 
alloys aged | 
at 488°C 
Caiculated 
strength of 
fully aged 
alloys 


Diamond pyramid hardness, kg/mm? 


10 30 40 
Atomic °/. Cr in Fe 


Fic. 9. Comparison of calculated strength of iron-chromium 


alloys and measured hardness 
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o Experimental 
hardness 
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strengtht 


Top of 
miscibility 
gap 


Hardness of 
iron rich matrix 


Diamond pyramid hardness, kg/mm? 


hoo 
| 


480 500 520 540 560 580 600 
Temperature 
Fig. 10. Comparison of calculated strength of an iron 
chromium alloy with hardness as a function of annealing 
temperature. 


488°C are compared with experimental values of 


For these calculations the phase diagram 
(1) 


hardness. 


as previously given” was used, where the phases 
in equilibrium at 488°C are considered to contain 1] 
and 95 wt. °%, chromium. The lattice parameters as 
(12) 


determined by Preston") were used to obtain a total 


strain of 0.408° 


moduli of 30 and 36 million lb/in? were used respectively 


» between these two phases. Elastic 
for iron-rich and chromium-rich phases, and Poisson’s 
0.30 for both phases. 13,14) 


In order to compare with the experimental data, it 


ratio was taken to be 
was assumed that a hardness of 135 Vickers repre- 


of the The 
constant required to compare strength to the hardness 


sented the intrinsic strength matrix. 
to give the indicated fit is 8.0, which is not un- 
reasonable. It is seen that the fit is very good up to 
the point where deviations can be expected because 
of the large volume of precipitate, about 40 at.°, 
It might be noted that the theory of Mott and Nabarro 
(equation 1) gives substantially smaller values than 
fact, if 
total strain as calculated by equations (2) and (4), 


the present theory. In one now uses the 
rather than that of the matrix strain as they used, 


then one gets the equation: 
= Eef? 19) 


which gives even smaller values and is concave 


upward. It is evident that the present theory repre- 
sents the data considerably better than that of Mott 
and Nabarro. 

A single value of yield strength has been reported 
by Heger™® for a commercial 27 wt. ©, Cr-Fe alloy 
475°C. The 


as compared to about 


aged to more or less completion at 
127,000 Ib/in? 


50,000 Ib/in? for the starting material. 


value was 
This increase 
of 77,000 lb/in? corresponds to 54 kg/mm*, which is 


almost exactly twice what is calculated. 
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In Fig. 10 the strength of an alloy containing 
39.4 at. ° 


of temperature, the decrease being due to the resolu- 


, chromium has been calculated as a function 
tion of the precipitate and the decreasing strains 
The 
same data as above were used for these calculations 
Here 


the fact that the iron-rich matrix is becoming stronge 


as a result of smaller composition differences 
along with the experimental phase diagram 


was not taken into account. although its probable 
hardness has been indicated and could be subtracted 
Here the 
8.0 again seems adequate to relate the strength to 
of the 


between. the 


from the measured hardness. factor of 


hardness. This is a less critical test theory 


in that it only indicates consistency 
theory, the phase diagram, and the experiment 

In the experimental work there was no dependenc« 
of strength on particle size insofar as it was possible 
to determine. It has already been shown that the 
basic equation for this tvpe ot strengthening is In 
dependent of particle size so long as the energy of 
The effect of 


particle size is estimated for the 39.4 at. °, © 


the dislocation is relatively small 
alloy 
aged at 488°C by the use of equations (17) and (18 


noted: 


and R, was given a value of 


Was taken 


248A. The 


that 


using the constants already 


to be R’ 
results are plotted In Fig 11. where it is seen 


the strength would be almost 


for particles greater than 100 A 


independent of siz 
From the treatment 
given the sample in question, it would be expec 
that the particles were roughly 80 A, and thus 
experiment and calculations agree satisfactoril\ 
of the eal 


ever, the very approximate natur¢ 


should be recognized and the iwreement 


partly fortuitous. In particular, the streng 
not decrease to zero for some finite particle S17 


50 A: 


The strength is probably roughly propo 


large as this being a direct result of the 
used 
to the size up to say 50 to S50 \ 

It is 


important to examine 


chemical etiects 


50) 


strengthening 


Cr-Fe 475% 
Maximum strength 
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£ 


Particle size 


Caleulated effect of 
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From the integration of the apparent 
et al.6) 
it was found that a 25°, Cr alloy reabsorbed about 
800 cal/mole 


particle sizes. 


specific heat measurements of Masumoto 
in redissolving the precipitate which 
had been partly precipitated. If it is assumed that 
2000 cal/mole 


50-50 alloy, then this energy would represent about 


would be released on fully aging a 
4 N bonds between the iron-rich and the chromium- 
rich phases (.V is Avogadro’s number). This would 
correspond to an interfacial energy of 230 ergs/em? 
for the (110) face. 


gives the following: 


Substitution into equation 


0, 25 R, 


is the chemical strengthening in kg/mm? 
R is in A. 
chemical term is unimportant for, say, particles above 
lO A, 
the particular model used. 

In Fig. 9 it 
the alloy 


of the miscibility gap, a behavior characteristic of 


where oa, 
and This, at face value, means that the 


about a size too small for much confidence in 
will be noticed that the hardness of 
is temperature-dependent above the top 


most of these Fe-Cr alloys. This is considered to be 
due to increasing atomic clustering with decreasing 
temperatures down to the actual gap where actual 
phase separation takes place. It is a fundamental 
problem in the theory of solid-solution strengthening 
to know the relative importance of chemical and 
The 


foregoing suggests that both these effects are in part 


hydrostatic strengthening effects in this case. 


responsible for the solid-solution strengthening in 
this case, but it is not possible to show which is more 
important. 

The available data on Fe-Cr alloy suggests that 
the experimental strengths exceed the calculated ones 
However, in the absence 
data it is that this 


is real, and even if it would still not 


by roughly a factor of 2. 


of more definitive not known 


factor were it 


be possible to demonstrate whether this was the 
result of the calculations being somewhat conservative 
or due to some additional strengthening mechanism 
not presently recognized. 

Some more recent experiments have - slightly 
modified the earlier phase diagram, and this would 


decrease these calculations by roughly 59% (17) 
These recent experiments were designed particularly 
to check for ordering of the form Cr,Fe which was 
not found. 


this 


Had this ordering been present, then 


would have given rise to a second kind of 


strengthening.) 
No other system is presently known which satisfies 
the assumptions used in this calculation. However, 


precipitation of this type is particularly subtle and 
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difficult to recognize, but it seems likely that addi- 
tional systems will be found in the future. There are 
no reasons to believe that this type of precipitation 
is limited to a single system. 
CONCLUSIONS 

It has been possible to show that in the case of 

isotropic straining of both matrix and particles as 


a result of complete coherency there can be consider- 


able interaction between particles and edge disloca- 
tions. This interaction arises from the hydrostatic 
interaction of the edge dislocation and particles and 
is not composed necessarily of any shear resistance 
of the particles, as assumed in all hardening theories 
of the past. It has been possible to predict the strength 
on the basis of rather simple premises. 

This theory explains satisfactorily the hardness 
changes observed in the Fe-Cr system as well as the 
apparent lack of dependence of this hardness on 
particle size. Thus it is concluded that the hydro- 
static hardening theory previously suggested is correct 
for the Fe-Cr system. 
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THE SHAPE OF CARBIDE PRECIPITATE PARTICLES IN a-IRON* 


R. 


DOREMUS?t 


Diffusion-limited growth equations are derived for precipitate particles of various shapes and com- 


pared to internal friction data on the precipitation of carbon from «-iron. It 


is concluded that for 


annealing temperatures of over 100° the carbide particles form as platelets spaced along the dislocation 


lines in the iron and become more spherical as they grow. 


LA FORME DES PARTICULES DE 


CARBURES 


PRECIPITES DANS LE FER « 


L’équation de la croissance limitée par la diffusion pour des particules précipitant sous diverses 


formes est comparée aux données de friction interne sur la 


précipitation de carbures dans le fer « 


On en conclut que pour des températures de revenu dépassant 100°C les particules de carbure sont sous 


forme de plaquettes le long de lignes de dislocation et qu’elles deviennent plus sphériques au cours de 
1 1 I 1 


leur croissance. 


DIE FORM VON 


Fiir Ausscheidungen verschiedener Form 


KARBIDAUSSCHEIDUNGEN IN 


werden 


4-EISEN 


diffusionsbestimmte Wachstumsgleichungen 


abgeletitet und mit Untersuchungen der inneren Reibung zur Ausscheidung von Kohlenstoff in «-Eisen 


verglichen. 


teilchen als Plattchen bilden, die entlang von Versetzungslinien im Eisen verteilt sind. Im 


Es wird daraus geschlossen, dass sich bei Anlasstemperaturen oberhalb 100°C die 


Karbid 
Verlauf des 


Wachstums werden die Ausscheidungen mehr kugelf6rmig. 


INTRODUCTION 


Information on the nucleation of particles in solid- 


state precipitation processes can be derived from the 


equation of growth for these particles. The precipi- 
tation of carbon from «-iron has been studied by means 
of internal friction measurements,">4;*) but no entirely 
satisfactory growth equation has been found to describe 
Wert and Zener“) deduced that the car- 
bide particles had a spherical shape, but from a compa- 


the results. 


rison of resistance and internal friction measurements 
Pitsch'® concluded that these precipitate particles 
were initially very thin disks which gradually thicken- 
ed as precipitation proceeded. In the present note, 
growth equations for particles of different shapes will 
be derived and compared with the experimental data 


for the precipitation of carbon in x-iron. The nuclea- 


tion process will then be discussed on the basis of 


quantities calculated from the growth equations. 


DERIVATION OF GROWTH EQUATIONS 

Diffusion-limited growth equations for precipitate 
particles of different shapes can be derived by follow- 
ing the method used by Wert and Zener“? for spheri- 
cal particles. In this development it will be assumed 
that the growth velocity of the particle-matrix inter- 
face depends only upon the solute concentration 
gradient in the matrix at this interface, and that this 


* Received November 23, 1956. 
+ General Electric Research Laboratory, Schenectady, New 
York. 
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gradient is the same for all points of the particle surface 
This assumption implies that no preferred direction of 
growth exists and that the precipitation process is 
controlled entirely by the diffusion of solute molecules 
The 


at the particle-matrix 


through the matrix to the particle surface solute 


concentration in the matrix 
interface is therefore the equilibrium concentration 
OT idient 


the 


This assumption of uniform concentration 
will be discussed later for the experimental data on 
iron-carbon system. 

From Fick’s first law of diffusion, J DG, where J 
D is tl 
concentration 
If G is uniform all 


surface of l particle SO is J tore 


is the flux of diffusing species per unit area 


diffusion coefficient, and G is the 


ent of diffusing species 


DG 


and ¢ ace the concentrati 


where ¢ 
species in the particle and in the surroundin 
surface, respectively, V is the volume an 
surface area of the particle ind f 

( 


‘) is the equilibrium solute concentration 


gible compared to ¢ in the cases of interest here 
therefore it will be omitted in subsequent equations 
If the atoms which are deposited on the parti ie sul 
particle 


face do not move about on this surface, the 


will grow uniformly, since J is uniform, and 
dX 
A — 
dt dt 


J 
A if 
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where dX /dt 


Consequently 


is the rate of advance of the surface. 


dX DG 
dt 


(2) 


A solution to Fick’s second law for the growth of a 
single particle in an infinite matrix can be derived 


xX x( 3) 


where ~ is a time-independent growth coefficient and X 
is the growth co-ordinate. In one-dimensional growth 
X is the half-width of a plate, while in the three- 
dimensional case it is the radius of a sphere. From 


equations (2) and (3): 


G 
» 
For one and three dimensions Zener) finds « 


and « 2c 


(a7) 


c)'? respectively when « 
where c_ is the (constant) solute concentration at a 
large distance from the particle. Again Co is neglected 
Hence for one-dimensional 


compared to c, and c.. 


growth G 2c X and for three dimensions G 
CA. 

These results will be used to estimate the gradient 
G in equation (2). To allow for the presence of other 


precipitate particles, which decrease the infinite- 
matrix concentration, the gradient equations will be 


modified as follows: 


for one dimension, and 
G (6) 
is the initial solute 


W is the fraction of 


total precipitation which has occurred. This fraction 


for three dimensions, where c,, 


concentration in the matrix and 


is given by: 
NVc 
(4) 


where V is the number of precipitate particles per 
unit volume. 
From equations (2) and (5) the growth of a one- 


dimensional particle is given by: 


dX 2 De,,*| 
dt 


Ww)? 


(3) 


The volume of a disk-like particle growing only on its 
faces is 27 R2X, 


disk. 


where RF is the initial radius of the 


If equation (7) for this volume is substituted 
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into equation (8) and the latter is integrated from 
time zero to ¢t, the result is: 

W 2 D(27 R2N)t 
l W 


The equation for three-dimensional growth derived 
| 


In (1 W) (9) 


from equations (2) and (6) is: 


dX De fa W) 


- (10) 
dt 


The volume of a disk-like particle growing in three 
dimensions with negligible initial thickness is given by: 

V = 27 3 
If W 


equation (10) and the result is integrated from zero 


and V for this particle are substituted into 


time, then: 


Rt 
(11) 


where z 


7X/Rand a= c,,/c, NR. 


solution of equation (11) is complex, but it can be 


The analytical 


numerically integrated. 

The volume of a cylindrical particle growing 
initial 
aLX*, where L is the initial length. 


three dimensions with negligible radius 


37 The 


integrated result of equation (10) for this particle is 


AX 
Jo L/4 X/3 b 


In (1 W) 2r9NLDt (12) 


where b = c,,/4a¢,NX*. When L> X, the second 
term in equation (12) becomes small compared to 


In (1 


with fixed ends. 


W), and the growth is similar to that of a rod 
Thus the growth equation for the 


latter case is probably. 


In (1 W) 2arN LDt. (13) 


This result corresponds to a value of (2c. c.} 2 for x 


in two dimensions, which is the same as for three 
dimensions. 


An equation of the form 


In (1 W) (14) 


where 7 and m are constants, is frequently used for 
comparison with the results of precipitation processes. 
In the initial stages of the precipitation, equation (14) 


is closely approximated by 


W (“) 


From equation (3) one would then expect that 2m 


i 


(15) 
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DOREMUS: THE SHAPE OF CARBIDE 


should equal the dimensionality of growth if it is 
symmetrical. Equation (9) corresponds to m < 0.5, 
equation (ll) to 0.56 m 
1.0 m 


1.5, equation (12) to 


1.5, and equation (13) to m l. 


COMPARISON OF DATA WITH GROWTH 
EQUATIONS 
A plot of the results of internal friction studies of 


is given in 


The 


temperatures are compared by 


the precipitation of carbon from 
Fig. 1 for annealing temperatures of over 100 
data at different 

equating them at W = 0.5, so that deviations at high 
and low W are emphasized. Since the plotted points 
fall on the same curve when W < 0.5 any value of 


used as a basis for 


149°, and 170 


Pitsch and Liicke® and those for 250 


W below 0.5 could have been 


comparison. The points for 120°, were 
taken from 
from Wert.) These experiments were carried out by 
first homogenizing the iron-wire sample at about 
710°C in a carburizing atmosphere and then quenching 
it to room temperature. For each point it was neces- 
sary to quench the sample from the annealing tempera- 
ture to room temperature so that the internal friction 
measurements could be made at the temperature of 
maximum damping of about 35 

Fig. | 


integration of equation (11) with a 


from a numerical 


YQ, 


The curve in is drawn 
This value 
of a was chosen because it gave a good fit to the data 
and the most reasonable values for calculated quan- 
tities. The experimental data are not accurate enough 
to determine a with great certainty. 

Fig. 1 shows that equation (11) fits the experi- 
mental data quite well at annealing temperatures 
over LOO 0.5. When W 
the fit becomes successively poorer as the annealing 
Equation (11) fits the data 


when W 0.5. however. 
temperature increases. 
much better than the equation for spherical crowth 
proposed by Wert and Zener. Equation (14) with 


m 1.1 gives nearly as good a fit as equation (11), 


4 


1 
1 


7 
4 
12 


PRECIPITATE PARTI( 


TABLE 1. Number, 


carbide particles precipitate d from %-iron 


initial radius, and final size 


Temp ( ‘ 2(10)* 
("C (V en 


0.0147 
0.0140 
0.0162 


0.016 


but the former has only an empirical basis for 
diffusion-controlled 

If all nucleation is complete when the first internal 
friction measurement is made (/ 0), the initial radius 
of the carbide platelets R, their number per cm’? A 
and the value of X when precipitation is complete 
X, can be 


calculated as follows 


where 7 is the ratio of ¢ to the left-hand side of equation 
(11) at some value of W, here taken as 0.5. The results 
of these calculations for the data shown in Fig. | are 
presented in Table 1. A value of 99 was used for a 
and the diffusion coefficient was calculated from thx 
results of Wert.‘ 
Possible sites for the heterogeneous nucl 

the carbide particles are the dislocations present in 
the iron. ?: 19 The precipitate disks probably originate 


ninimize the 


The 


on certain lattice pl ines of the «-iron 
strain-energy involved in their formation 
might be visualized as having their centers 
a dislocation line with the pret rred pl 


some 


inclined to the dislocation by 


1. The precipitation of carbon from «-iron 
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120 5.6 1.6 3.4 
149 1.6 1.7 36 
170 2.9 20 4 
( a 1/2 ] 
N 
Dr 1/2 
R= | 
Ca 
6.7R 
X | 
lo 0° 
| o 7 
o6| + A 
= 
0-4} | 7 
LA 
0-2} | 


396 ACTA METALLURGICA, 


“stacked”’ along the 
If the 
sq. the 


precipitate particles would be 
the 


dislocation 


dislocation lines in iron. iron contains 
about 2(10)8 
precipitate platelets would have an average spacing of 
from 3.6(10)-> em at 120° to 1.1(10)-4 em at 250°. 


Further evidence for the importance of dislocations 


lines per 


as nucleation centers is provided by the experimental 
result that the rate of carbide precipitation is increased 
about 35-fold by cold-working the iron samples. 
The use of equation (6) for the gradient implies 
that the precipitate particles are uniformly distributed 
the 
dislocations, this is probably not the case. 


throughout matrix. If the particles grow on 
During 
later stages of growth the diffusion field of a particle 
may become distorted due to neighboring particles 
which are nearer than the average interparticle dis- 
tance. This distortion could be the reason for the 
decrease in precipitation rate at high values of W. The 
decrease should be more pronounced for larger 
precipitate particles, which agrees with the experimen- 
tal result of a greater decrease in precipitation rate 
at higher annealing temperatures. 

For the proper choice of ZL and NV, equation (12) fits 
the experimental data about as well as equation (11). 
At 120° the fit is good for L = 1.6(10) 


2.4(10)!2 particles per cm®. If these rod-like particles 


em and NV 


grew along dislocation lines, the line density would be 
NL 3.8(10)7 pel which is reasonable. However, 
the plate-like mode of growth is more probable for 
two reasons. The apparent dislocation density NL 
calculated for the rod model decreases as the annealing 


Also 


a comparison of equations (9) and (13) shows that only 


temperature is increased, which is unexpected. 


plate-like growth would show an appreciable decrease 
in precipitation rate due to the of the 


diffusion field. In equation (13), derived for a cylinder 


distortion 


with fixed ends, In (1 W) is proportional to time, 
while in equation (9) for a disk with constrained edges 


In (1 W 


dependence. 


shows a much lower exponential time- 


The assumption of a constant concentration gradient 
at all areas on the particle surface can be checked 
from the experimental results. Let V’ be the volume 
of matrix which must be completely drained to give a 
precipitate particle of volume V. If the volume V’ is 
uniformly distributed around the precipitate particle, 
The experi- 
159 A, 


0.032. 


it can be characterized by a distance X’ 
mental data for aging at 120°, where R 
give X 51 A and X’ 1700 A when W 
Thus the diffusion field around a particle at this early 
stage is virtually spherical, although the particle 
itself is still rather flat. 
diffuse only a short extra distance (at most RF) to 


The carbon atoms need to 
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maintain the concentration gradient uniform around 
the particle. At later stages of aging the diffusion 
field around the particle becomes even more spherical. 
Therefore the assumption of uniform gradient and 
the use of the spherical-growth equations for estimat- 
be valid throughout the 
At the very 


ing the gradient should 
experimentally measured aging period. 
first a small nucleus may grow edgewise rapidly until 
a uniform concentration gradient is established 
around the particle, but this growth is completed 
before the first accurate experimental measurement 
can be taken. 

Pitsch has calculated the change of shape of the 
iron-carbide particles as growth proceeds from the 
difference between resistance and internal friction 
measurements.® He concludes that the particles 
have a disk-like shape and become more spherical 
as they grow larger. This agrees qualitatively with the 
above conclusions, but Pitsch’s results give a con- 


siderably different growth curve than equation 
(11). 

The shapes of the growth curves derived from 
results with annealing temperatures under 100 
change as the temperature is lowered in the direction 
of a higher exponential of time-dependence; that is, 
a greater value of m in equation (14). This change 
indicates that the precipitate particles become more 
spherical as the annealing temperature is reduced 
below 100°. In fact, the experimental data of Wert at 
37°C™ fit the spherical-growth equation of Wert and 


Zener®) fairly well, with N equal to about 3(10)!° 


particles per cubic centimeter. This large number of 


nuclei could not fit along the dislocation lines present 
in unworked iron, however. If homogeneous nuclea- 
tion begins to occur below 100°, the large number of 
nuclei would be plausible, but a calculation based on 
Volmer and Weber's nucleation theory"*) indicates 
that this would require a carbide-iron interfacial 
tension of about 270 ergs/cm?, which seems too low. 
It is possible that the carbide nuclei do not form as 
cementite, but in some other structure close to that 
of With this 
nucleation might occur because of the lower interfacial 
Other than 
dislocations might catalyse nucleation, but this seems 
doubtful. the 


precipitation process, an 


structure, homogeneous 


energy. impurities or imperfections 
throughout 


the 


If nucleation continued 


increase in rate of 
precipitation would occur. This nucleation might be 
by the 
A plot of the logarithm of half-time for 
precipitation against 1/7’ is linear above an annealing 
but below 100° the log half-time 


catalysed particles already present and 


growing. 


temperature of 100°, 
falls progressively lower than the extended straight 


— 
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line. Therefore it is possible that at lower tempera- 


higher value of the diffusion coefficient should be 


thus retain the possibility of nucleation by dislocations. 


The author would like to thank D. Turnbull fo 


Tetal p. L78 
27, 4 
1950 

119, 277 (192 
pn. 203. P 
4 


RADIO-ANALYSIS OF KRYPTON AND XENON AND ITS USE IN DIFFUSION 
EXPERIMENTS WITH SILVER* 


J. M. 


TOBIN?* 


\ method has been evaluated which is capable of analyzing relative concentrations of krypton and 


xenon gases whose total concentration is in the range of 10-!" to 10 
Krypton-85 and xenon-133 are produced by neutron 


collection and gas-transfer apparatus is described. 


S gram atoms. The necessary gas 


irradiation and their activities are counted with a gamma spectrometer. The isotopes are identified by the 


energy of their gamma radiations and by their disintegration half-lives. 


The use of the radioanalysis technique for the determination of diffusion coefficients of krypton in silver 


has proven successful. The equipment used in diffusing the gas and in collecting and analyzing the gas 


samples is described. 


The values of diffusion coefficients at 500, 600, 700, 735, and 800C are 


given. 


These values can be represe nted by the following equation. 


D 1-05 exp | 


35,000/RT') cm?/sec 


Thus, the activation energy for the diffusion of krypton in silver is 35 kcal per gram atom. 


RADIOANALYSE DE KRYPTON ET 


EXPERIENCES DE 


XENON E' 
DIFFUSION 


[T SON UTILISATION DANS LES 


AVEC L’ARGENT 


L’auteur expose une méthode capable de déterminer les teneurs relatives de krypton et xénon pout 


une concentration totale de lordre de 10~-!" a 10 


atomes/gramme. 


L’appareil nécessaire est décrit 


Le krypton 85 et le xénon 133 sont produits par irradiation aux neutrons et leurs activités sont mesurées 


a l aide d’un spectrometre gamma. 


par leur période de désintégration. 


Les isotopes sont identifiés par énergie de leurs rayons gamma et 


L’utilisation de la radioanalyse pour la détermination des coefficients de diffusion de krypton dans 


argent s est avérée fructueuse. 
les échantillons est décrit. 


R00 


D 1,05 exp ( 


L’auteur donne les valeurs des coefficients de diffusion 


L’équipement utilisé pour faire diffuser le gaz, pour recueillir et analyser 


a 500, 600, 700. 735 


Ces valeurs peuvent é¢tre représentées par l’équation: 


35.000/RT7’) em?/sec 


\insi, énergie d’activation pour la diffusion du krypton dans l’argent est 35 kilocalories par atome- 


gramme 


STRAHLUNGSANALYTISCHE 
DEREN ANWENDUNG BEI 


BESTIMMUNG 
DIFFUSIONSEXPERIMENTEN MIT SILBER 


VON KRYPTON UND XENON UND 


Es wurde ein Verfahren ausgearbeitet, das es erméglicht, bei einer Gesamtkonzentration von Krypton 


und Xenon zwischen 10-!" und 10 


zu analysieren. 


Durch Neutronenbestrahlung entstehen Krypton 85 und Xenon 133; 
Die Isotopen lassen sich durch die Energie ihrer Gamia- 


einem Gamma-Spektrometer bestimmt. 


Strahlung und ihre Halbwertszeiten identifizieren. 


Die Verwendung des strahlungsanalytischen Verfahrens fiir die 
fizienten von Krypton in Silber hat sich als erfolgreich erwiesen. 
Die Werte des Diffusionskoeffizienten bei 500°, 600°, 700°, 735 
Diese Werte lassen sich durch die Gleichung 


35 000/RT7') em?/sec 


\nalvse des Gases werden beschrieben. 


und 


sind angegeben. 
D 1,05 exp ( 


it ist die 


Grammatom 


die relativen Konzentrationen dieser beiden Gase 


Die erforderlichen Gerate fiir Uberleitung und Auffangen der Gase werden beschrieben. 


ihre Aktivitaten werden mit 


Bestimmung des Diffusionskoef 
Die Einrichtungen fiir Diffusion und 


\ktivierungsenergie der Diffusion von Krypton in Silber 35 kcal/Mol. 


INTRODUCTION 
In the ordinary sense of the word, the inert gases 


are chemically stable: however, under special con- 


ditions, compound formation has been reported,” 
For 


electrical discharge in 


example, under electron bombardment or 


inert gas atmospheres, com- 


stable compounds of the gases with 


paratively 
metals have been Tolansky‘® reports 
that considerable quantities of argon gas are absorbed 


in the hollow-cathode discharge. 


* Received November 6, 1956. 
+ Hamford Atomic Products Operation, Richland, Washing- 
ton. 
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Several reports also exist in which the insolubility 
and lack of diffusivity of the inert gases in metals 
are cited.‘®.*;5) In the latter experiments, however, 
the inert gases were used under conditions of high 
temperature and pressure without ionizing the gas. 

An interesting study of the diffusion of argon in 
LeClaire and Rowe.‘® 
the 
hollow-cathode 


silver has been reported by 


Argon was introduced into surface of silver 


sheet by means of a discharge. 


A sandwich was then prepared by cold-welding two 
sheets of the silver together with their argon-laden 
faces adjacent. The silver was irradiated in a nuclear 
form radio-argon. Then the 


reactor in order to 


398 


Ct 
wiedergeben, Sor 


TOBIN: RADIO-ANALYSIS 
sandwich was heated to a high temperature, and 
the radio-argon which diffused out of the center 
was counted. The diffusion coefficient for argon in 
silver, derived from analysis of the gas activity 
data, is given by the equation, 


D = 0-12 exp (—33,600/RT) cm?/sec. 


LeClaire and Rowe concluded that the argon atoms 
are quite mobile in silver metal and will diffuse 
through silver, provided that they are first introduced 
into the metal by an energetic process such as gaseous 
If the 
atom must be chemically activated before it can 
enter the metal lattice, the activation step repre- 


discharge in the hollow cathode. inert 


gas 


sents an extremely high-energy barrier to diffusion 
under ordinary conditions. For example, unpairing 
the ls electrons in the helium atom and promoting 
one of these to the 2s state should produce a helium 
atom having some chemical activity. This particular 
activation of the helium atom would require 460 


of helium. All the inert 


keal per gram atom gas 
atoms are similar in this respect. 

From a comparison of the rate of diffusion of 
argon in silver with the rates of various other atoms 
in silver, LeClaire and Rowe‘) concluded that argon 
diffuses substitutionally by a vacancy mechanism. 
However, some doubt exists about the contribution 
of other 


since diffusion coefficients which they obtained were 


diffusion and permeation mechanisms, 


not constant. The coefficient decreased with each 


successive anneal of the same silver specimen. In 
any event, it is evident that the principal diffusional 
process is that of volume diffusion because of the 
agreement with the space-time diffusion relationship, 


as LeClaire and Rowe" pointed out. 
OBJECTIVE 


The mechanism of diffusion of the inert 
the 


gases is 
field of 
with 
Any 
difference in the mobility of the two gases may be 
attributed to the difference in their atomic or 


sizes, since there is very little difference in chemical 


theoretical interest in 
cas-metal The 


the study of the diffusion of krypton in silver. 


of considerable 


systems. present paper deals 


ionic 


activity. 
SUMMARY AND CONCLUSIONS 
A new method has been developed for the irradia- 
The 


analysis is sensitive to relative changes in the con- 


tion and analysis of krypton and xenon. 


centrations of these gases when the total concentra- 
tion is 10-! to 10-8 than 


5 per cent error. This method of analysis of the gas in 


gram atoms, with less 


the diffusion experiment eliminates the necessity 
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of irradiating the silver metal and the resultant 
damage to the metal. 

The diffusion coefficients for krypton in silver 
were determined at 500. 600, 700. 735. and 800°C. 
Four separate annealing periods were used on the 
same silver specimen at each temperature without a 


The 


linear 


change in the space-time diffusion relationship 
of the 


function of the reciprocal absolute temperature, and 


logarithm diffusion coefficient is a 
is expressed by the following equation 

D 1-05 exp 35.000 RT) m*"/sec 
activation energy for diffusion of krypton 
The 


a complex diffusion 


Thus, the 
within 


silver is 35 keal per gram atom. large 


pre-exponential term suggests 
mechanism. The close agreement with the space-time 


diffusion equation indicates that krypton diffuses 


through the bulk of the silver, and under the con- 


ditions of this experiment there is very little contri 


bution from structucally sensitive diffusion processes 


such as grain boundary, crack, or void diffusion 


DISCUSSION 


A Pre paration of r-krypton sandu 


Krypton gas was introduced into the silver in 


nearly the same manner that LeClaire and Rowe 


used for argon. However, a few conditions were 


necessarily changed because of the discharge charac 
teristics of krypton. The pressure of krypton was 


adjusted to 15 to 2mm. The discharge began at 
about 240 V d.e. a filtered full-wave 


conducted 


(from rectifier 


Discharge at a constant current ol 
30 mA 


the cathode region of the tube 


Was 


The voltage across the tube varied betwee 


und 500 Vy. depending upon the 


High-purity (99-99°,) silver sheet 


thickness was rolled into a hollow eylind: 


in diameter by 2 in. long. This cylinde 


inte a second one made of silver whi 


the cvaseou 


protect the inner cylinder in 
The bottom of the cylinder was a silve1 


After an 
detected in 


hour or two of discharge KTry pt 


the silve method 


described bel Ww 


uniformly distributed 


It was quite 
over most of the length of the cathode, but little 


very 
the 


was found near the base, wher 


sputtered. Since the gas seemed to be associated 


with the sputtered metal, a short period of discharge 
was used to keep the Krypton concent! ited in a very 
thin layer 

cut in order to 


The 


pieces were placed togethe1 with the krypton laden 


the silver cathode were 


Pieces ol 


slivel 


prepare the silver krypton sandwiches 


supped 
i 
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COUPLES 
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QUARTZ 


TOEPPLER AMPULES 


PUMP 


DIFFUSION 
PUMP 
TUBE 
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Fic. 1. Diffusion annealing apparatus. 

faces adjacent and the sandwich was reduced 50 per cent 
in thickness, down to 0-010 in., in a precision rolling 
mill. The sandwich was heated for 24 hr at 200°C 
392°F) in order to produce a good metallurgical bond, 
the The 


then ready for the diffusion experiment. 


and edges were trimmed. sandwich was 


B. Diffusion of krypton out of the silver 

The cold-welded silver sandwich was placed in the 
vacuum apparatus shown schematically in Fig. 1. 
The silver was suspended above the tube furnace and 
could be raised and lowered by a magnet. The furnace 
was brought to temperature with the silver outside 
the furnace. The apparatus was then evacuated and 
filled with helium to a pressure of about 2mm of 
mercury. This was repeated several times in order t 
purge the system. The system was then isolated from 
the evacuation pumps and helium source by a mercury 
trap (not shown in Fig. 1). 

Before the silver was heated, a sample of the helium 
gas in the closed system was taken for subsequent 
alysis of its krypton content. This was accomplished 
by starting up the mercury diffusion pump and the 
Toeppler pump, to compress the helium into the 
quartz ampules. One ot the ampules, which contained 
a volumetrically determined aliquot portion of the 
helium, was sealed off. The remainder of the gas was 
allowed to expand back into the furnace tube by 
raising the check valve magnetically. 

The 


furnace for a known length of 


the tube 


constant, 


silver sandwich was lowered into 
time at a 
controlled temperature, and then raised out of the 
furnace. The helium gas was pumped into the quartz 
ampules, and another ampule, containing an aliquot 
portion of the gas, off. 


analvsis of the gas showed that the helium contained 


was sealed Subsequent 
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a small amount of krypton which had diffused out of 
the silver at the high temperature and was swept 
along with the helium through the pumps. 

This procedure was repeated four times at the 
the 
Each time the silver was annealed, more krypton 
of the metal. 
sealed off at varying lengths of time. 


same temperature with same silver sandwich, 


diffused out The four ampules were 

The silver sandwich was again lowered into the 
furnace, and the temperature of the furnace was 
the the 


krypton remaining in the metal. and 


released all 
The 


krypton gases were pumped into the sixth and last 


raised until silver fused and 


helium 


quartz ampule. 

Analysis of the gas in the six ampules showed the 
fraction of the krypton initially present in the cente1 
of the silver sandwich that had diffused out of the 
metal in time, ¢; this fraction is defined as 3 


Irradiation and radioanalysis of the gas samples 


A detailed drawing of the ampules before they were 
sealed is shown in Fig. Each of the ampules is 


about 3 in. in diameter by 2 in. long after sealing. 
The six ampules used in the diffusion experiment 
were packed into an aluminum capsule about 1} in. in 
diameter by 8 in. long. Aluminum wire was used as a 
packing material to provide a spherically symmetrical 
arrangement and ensure a uniform neutron flux in the 
capsule during irradiation. 

After a short period of exposure to reactor radiation, 
the ampules were delivered to a semi-hot lab, where 
the 
glass ampules. The apparatus is shown schematically 


irradiated gas transferred to unirradiated 


Was 
in Fig. 3. Each quartz ampule has a thin-walled 
blister blown in its side which serves as a break-seal. 


The irradiated quartz ampule was sealed into the 


QUARTZ 
AMPULES 


ENLARGED CUT-A-WAY 
OF AMPULE AND 
BREAK SEAL 


Fic. 2. Drawing of the quartz ampules before sealing. 
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FIBER GLASS 
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IRON NAIL 
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Schematic diagram of gas-transfer apparatus. 


Fic. 3. 


gas-transfer The apparatus was then 


evacuated and sealed off at the stopcock. The iron 


apparatus. 


nail was dropped into the quartz blister and the 
irradiated gases were released. The volume of the 
Toeppler pump was large enough so that 99-7 per cent of 
the gas was transfered to the glass ampule in seve 
cycles of the pump. The glass ampule was then 
sealed and detached at a glass ball-joint. 

The six samples of gas were delivered to a counting 
the 


gas 


laboratory which measured the activity of 
with a gamma pulse-height spectrometer. Typical 
spectrograms for irradiated krypton and xenon are 
shown in 4 and 5, The xenon 


spectrogram is included because the method works 


respectively. 


Figs. 


at least as well for xenon as for krypton. 


The presence of krypton or xenon in the helium 


600 


ACTIVITY,(COUNTS/MIN.) 


0-150 0-300 


GAMMA ENERGY (MEV) 


Gamma spectrogram of krypton-85. 


(4-4 hr half-life). 


Fic. 4. 
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carrier was determined both by the energy of the 


gamma radiation and by the half-lives of the radio- 


isotopes. The relative amount of krypton or xenon 
was determined by comparing the integrated activities 
under a particular energy peak on the spectrogram fot 
different samples of gas 

This 


ampules containing helium and known amounts of 


analytical procedure was checked with 


krypton and xenon gases. The method was sensitiv 


to relative changes in concentration of krypton ot 


4 


xenon in a range of total concentration from 10 be 


10-5 gram atoms, with less than 5 per cent error 


DD. Re sults and discussion 


The data which shows the fraction. 


diffusing out of the metal in time. 
find the diffusion coefficient D,, at that temperature 


t, were used t 


ACTIVITY, (COUNTS/MIN. ) 


0:24 
0-19 
GAMMA ENERGY, (MEV) 


>. Gamma spectrog! 


18 hr | 


LeClaire and Rowe’ inalysed Fick’s 
ist 


diffusion for the boundary conditions exi 


silver sandwich They obtained the 


relationship between y and 


where / is the sandwich thickness 


index 


Diffusion coefficients were determined wit! 
5OO. BOO. TOO. 7T3B5. and 


are listed in Table | 


Dy 


of equation 1) at 
The values 
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temperature is shown in Fig. 6. The linear relation- 


ship is best represented in the following equation: 
D 1-05 exp (—35,000/RT) 2) 
This is the correct relationship for volume diffusion 


through a pure metal with a small concentration 


gradient. If diffusion occurs by means of imperfections 
such as vacancies, then the probability of an atom 


TABLE 1. Diffusion coefficients (D7) for krypton in silver 


Temperature 


D7(em?/sec) 


500 
600 
700 
735 


SOU 


making an elementary diffusion jump, Pp, is pro- 
portional to the product of the probability of an imper- 
to the the 
probability of the diffusing atom jumping into the 


fection existing adjacent atom, and 
imperfection (rather than another atom bordering 


the imperfection). That is, 
Pp = (3) 


For diffusion over distances very large compared 
to the mean distance sources of imperfections, the 
diffusion may be assumed to occur under conditions 


of thermal equilibrium. The probabilities in equation 


TEMPERATURE (°C) 
700 600 


-H/ 


EC.) 


-35,000/RT 


S 


D=1.05e 


DIFFUSION COEFFICIENT, D, (CM. 


DIFFUSION- 
KRYPTON IN SILVER 


° 


90 00 1-20 
RECIPROCAL TEMPERATURE (1/K x 10>) 


Temperature-dependence of the diffusion coefficient 
D, for krypton in silver. 


Fic. 6. 


VOL. 5, 


1957 


(3) may then be treated by Boltzmann statistics. 


The diffusion coefficient is found to be 


D=r,2U exp [—(E, + Ey)/kT (4) 


the vibrational 


frequency of the diffusing atoms in the lattice, ZL, the 


where 7) is the jump distance. U 


energy required to form an imperfection, £,, the 
energy barrier for the movement of the atom into the 
imperfection, k the Boltzmann constant, and 7’ the 


usually 


absolute temperature. This equation is 


written in the form of the Arrhenius equation: 

D = D, exp (—H/RT) (5) 
because it is difficult to separate 7, and U’ in the 
so-called frequency factor, Dy, and difficult to separate 
E,, and E, in the activation energy, H. 

The experimentally measured dependence of the 
diffusion coefficient D upon the temperature 7 in 
equation (1) is of the form expressed by equation (5). 
[t is assumed that the krypton diffuses through 
silver by a mechanism involving an imperfection 
created in thermal equilibrium in the silver, probably 
a vacancy mechanism. Also, it is shown that there is 
very little contribution from structurally-sensitive 
diffusion since such mechanisms limit 
the 


Structurally-sensitive diffusion is 


pre cesses, 


rate of flow and diffusion is quite irregular. 


very responsive 
to subtle changes in crystalline imperfections. 

The comparable equation for the diffusion coefficient 
for self-diffusion in silver is given by Tomizuka and 
Slifkin, 

D = 0-57 exp (—45,500/RT) cm?/sec 6) 
A comparison of frequency factors shows that the 
frequency factor, Do, for krypton in silver is quite high. 
It is unusual for it to be higher than the frequency 
factor for self-diffusion in the solvent metal. This is 
an indication of a complex diffusion mechanism. The 
activation energy for krypton diffusing in silver is 
35 keal per gram atom. This is much lower than the 
45-5 keal found for silver self-diffusion. The difference 
can be expected from the difference in Goldschmidt’s 


which is 


The radius for krypton is 2-00 A, 


radii. 
much larger than the 1-44 A radius of silver. Evidently 
there is little error caused by diffusion of krypton 


from the edges of the silver sandwich. 
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LETTERS TO THE EDITOR 


The Precipitation of Copper from a Silver- 
5.5°, Copper Solid Solution at 220°C* 


The isothermal transformation curve for a silver 
23.0 ' copper alloy aged at 220°C has been determined 
and the growth-rate measured. G ~ 9 10-® em/sec. 
Growth-rates, assuming (1) a lattice diffusion mecha- 
nism (Zener), and (2) a boundary diffusion mechanism. 
(Turnbull), have been calculated and compared with 
the observed value. It is concluded that the Turnbull 


analysis is consistent with the measured growth-rate. 


‘ 
Introduc tion 


During a microscopic examination ot the mode of 
transformation in a series of silver-copper alloys aged 
was observed that the 


at different temperatures, it 


decomposition process in a silver—5.5°, copper alloy 
aged at 220°C was almost classically “discontinuous.” 
\ tvpical stage in the process is shown in Fig. 1. At 

magnification of twenty times, it was possible to 
the 


and the isothermal growth curve obtained from these 


measure transformed areas with a _ planimeter, 


measurements is shown in Fig. 2. 


Analysis »f the isothe rmal growth CUrVe 


[t is possible to estimate G, the growth-rate, by 


applying the Johnson and Mehl analysis” to the 


isothermal] crowth curve, and 
G~9 10-® em/see. 


Meta 


graphic sections of the surface areas of spherical, 


9°, copper alloy aged 720 hours 
Magnification 20 
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Isothermal transformation curve of ¢ 
silver-—5.5% copper alloy aged at 220°C. 
transforming regions show a duplex structure which 
the The 


structure is similar to that of pearlite nodules formed 


could be resolved at longer aging times. 


in the decomposition of austenite. Zener’s theory 
for the growth of pearlite is applicable when the 
growth is limited by lattice diffusion of solute atoms 
and 
) 


(1) 
0 
Where D, is the lattice, or volume, diffusion coefficient 
X, is the initial and X, the equilibrium atom 
fraction of solute, 
/ is the interlamellar spacing and is assumed 
to be constant. 
From the data of W. Seith and E. 


atom fraction of 0.02. 


Peretti for an 


24.8 keal/g-atom 


D, 10-16 em/sec. 
The 


given specimen, 


interlamellar spacing is not uniform over a 
the order of 10-4 


using equation (1) and 


but is of cm. 
Calculating the growth-rate, 
the above values. gives a value of ~10-"., a factor 
of 10° smaller than the growth-rate determined from 
the isothermal growth-curve. 

Turnbull™ has shown that if the boundary between 
and the transforming area acts as an 


the matrix 


easy path for the diffusion of the solute atoms, then 


X, 20D, 


(2) 


where 0 is the thickness of the boundary, and D,, is the 


grain-boundary diffusion coefficient. 


| _| 
| 
dD, 5.95 10-5 
Fic. 1. Silver—5.] 
at 220°( 
404 


The ratio of the “‘activation energies” for grain- 
boundary and lattice-diffusion processes is approxi- 
mately constant for substitutional diffusion in face- 
centered the self- 


diffusion of silver is 0.44. Q»,, the “‘activation energy” 


cubic metals, e.g. the ratio for 


for the diffusional process controlling the growth, is 
estimated as 11.0 keal/g-atom. 
Assuming that D, can be calculated from the 


Dushman-Langmuir equation, it follows that 


~ 0.1 exp {—11,000/RT! 


the value of 5 10-8 em for the grain- 


boundary thickness and putting equation (2) equal 


Taking 


cm/sec the interlamellar spacing is given, 


to 9 


i.e. 
2 10-4 em 


l~ 


This value is of the same order of magnitude as the 


observed value. 


Discussion 
In making the above calculations, a number of 
made. The lattice- 


diffusion coefficient has been extrapolated to 220°C, 


assumptions have had to be 


and the ratio of the ‘‘activation energies” for grain- 


boundary and lattice-diffusion processes has been 


assumed to hold for a dilute silver alloy. The value 


selected for the grain-boundary thickness is the value 


used by Turnbull." 
Considering the approximations made, the inter- 
lamellar spacing can only be calculated to within an 


order of magnitude. 


( ‘onclusions 


The precipitation process in a silver—5.5°,, coppel 
alloy aged at 220°C occurs at a rate which is many 
orders of magnitude larger than the calculated rate, 
assuming the process to be controlled by lattice 
diffusion. 

Although a number of assumptions have been made, 
the Turnbull assuming the boundary 
diffusion mechanism, enabled the interlamellar spacing 


the 


analysis, 


to be calculated, which is in agreement with 


experimentally observed value. 
The the 
diffusion coefficients is of the order of 5 


lattice- 
10° create 


ratio of grain-boundary and 
than the ratio of the interlamellar spacing and the 
grain-boundary thickness, the conditions under which 
houndary diffusion becomes the controlling mechanism 
of growth. 

The 


silver—5.5%, copper alloy aged at 220°C is controlled 


discontinuous precipitation reaction in a 


by the boundary diffusion mechanism. 
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The Yield-stress Temperature Relation for 
Iron at Low Temperature* 


The theoretical treatments of Cottrell and Bilby 
and of Fisher® concerning the rise in yield strengt! 
of iron at low temperatures would both predict a 
continuous increase in vield strength with decre asing 
temperature. On the other hand, Eldin and Collins 


Wessel’s“ 


the yield-stre Ss 


and tests of steels below 7S°K. indicate 


that 


ley el ott below 


temperature curve tends to 


about 7S°K Louat®) has recently 


proposed a modification of the theory which leads 


to a theoretical curve of this ty pe 


Woon 


On the basis of some of our own tests of a low-¢ 


steel in this temperature range we believe that 


this low-temperature deviation from the expected 


yield-stress temperature curve results from the 


intervention of twinning as the initial mode of 


deformation and the suppression of the yield-point 
phenomenon at very low temperatures. This explan 
ation of the observed vield stress temperature curve 


is represented schematically in Fig. 1 


R Rost 
n. (Metall.) Engrs. 167, 
eckt hen 42, 1936 
neS mn. 204. PI 
on 
\ Yield - rt 
\ 
\ 
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In Fig. 2 are shown the load-extension diagrams 
tests of 
tested at 20°K the other at 78°K. The irregularitiest 
the 20°K 


by readily audible clicks characteristic of twinning 


of tension two identical specimens, one 


in the curve for test are accompanied 
noises in iron. Microscopically, twins are found over 
the 
Ai 


small amount of twinning before the upper yield- 


entire gage-length in the specimen tested at 


78°K there is some evidence for a very 


point. However, not enough twinning occurs to 


suppress the vield-point, and most of the twinning 
occurs after the drop in load. Between 78°K and 
125°K twins are observed, but only in the Liider’s 
Further, the 


number of twinned grains decreased sharply with 


band, i.e. where slip has occurred. 
increasing temperature, so that. above 125°K. twins 
are not observed even in the region where slip has 


occurred. 


Twinning only 
Twinning followed 
by yield—point 
Yield point followed 
Dy twinning 


Yield noint+ 


Yield stress 


VOL. 5, 1957 

We believe, therefore, that at 20°K, deformation 
starts by twinning and occurs more or less uniformly 
This 


results in a uniform distribution of points of high 


over the entire gage-length of the specimen. 


local stress and prevents the development of the 


Liider’s band type of deformation, since slip is 


nucleated in a random fashion rather than at a single 
point. From 78°K to 125°K since twins are, with a few 
rare exceptions at 78°K, observed only where slip 
has occurred, we believe that the twinning stress 
concentration 
Feustel!®), 


temperature curve from 


is not reached until a local stress 


Fig. 3 


is provided by slip (Low and 
shows the yield stress vs. 
20°K to 300°K. 

The material used in the investigation was a 0.04°,, 
carbon, commercial sheet-steel with a mean grain size 
of 0.02 mm, tested in the cold-reduced and annealed 
condition. The specimens were approximately 1 mm 
thick, 5 mm wide, with a gage-length of 3 cm. The 


strain rate at all temperatures was 4°, per minute. 


ERICKSON 


J.S. 
J. 


General Electric Research Laboratory, J. R. Low gr. 


Schenectady, N.Y. 
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+ In tests of specimens of larger grain sizes at 20°K these 
irregularities are clearly sudden drops in load; in the case 
of fine-grained specimens, the recording 
sensitive enough to indicate a very small drop 


system was not 


Mise en Evidence des Sous-joints de 
Polygonisation par Variation Locale du 
Pouvoir Reflecteur des Rayons X* 


Les mesures exp¢érimentales du pouvoir réflecteur 


des rayons X sur un cristal donnent des valeurs 


comprises entre les deux extrémes du cristal “parfait” 
et du 


priori, 


cristal “‘mosaique idéal.”” Done il semble, a 


possible d’utiliser de telles mesures pour 


caractériser l'état de perfection d’un cristal. Mais des 
expériences de ce type ont été rarement réalisées et 


n’ont pas encore apporté les résultats espérés,“-?) 


} 
- 4 
| 
go} / 
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Une des difficultés provient du fait que l’on ne peut 
atteindre, par les rayons X, qu'une couche superficielle 
du cristal, de ordre du centiéme de millimétre, en 
général; cette couche peut n’étre pas représentative 
du bloc de métal. D’autre part, le pouvoir réflecteur 
peut varier d’un point a l'autre de la surface du 
cristal; une moyenne obtenue par une mesure sur 
quelques millimétres carrés de la surface peut étre 
d’une interprétation trop difficile. De la, 
de faire précéder les mesures quantitatives par une 


la nécessité 


étude qualitative 4 une échelle aussi petite que 
possible. C’est ce que nous a permis le simple montage 
suivant. 

Nous avons utilisé des échantillons coupés dans 
un monocristal d’aluminium préparé par _ solidi- 
fication selon la méthode de Noggle.™ Ce cristal, de 
pureté élevée (99,99°,) était orienté avec un plan (110) 
paralléle & sa grande face et une direction [III] selon 
sa longueur. L’échantillon est placé sur la téte d’un 
goniomeétie, a grande distance (environ 500 mm) d’une 
source trés fine de rayons X: les dimensions eftfec- 
tives, optiques, de cette source sont de l’ordre de 


0,1 


la surface des échantillons, nous avons employé une 


0,03 mm. Pour obtenir une “micrographie” de 


modification de la méthode de Barrett’) qui sera 


décrite en détail dans un autre mémoire.'®) Disons 
simplement qu'on utilise la réflexion sur les plans (110) 
d’une radiation caractéristique (K, ou K,), mais pour 
pouvoir étudier une surface étendue, l'ensemble 
film-cristal est animé d’un mouvement de translation 
uniforme par rapport a la source ponctuelle des 
rayons X. 

Les micrographies ont révélé que les surfaces 
étaient composées de blocs de plusieurs millimétres 
de large, désorientés l'un par rapport a l'autre de 
quelques minutes d’are (15° au plus). Les échan- 
tillons, qui n’avaient été soumis a aucune déformation 
voulue, présentaient une légere courbure continue 
200-400 Le film, 


paralléle a la surface, est placé aussi prés du cristal 


d’un rayon de lordre de em. 


que le permet l’encombrement des supports. Dans les 


conditions idéales ot le film est contre le cristal, a 


chaque point de Vimage correspond un point de la 
surface de Véchantillon et le noircissement est pro- 
portionnel au pouvoir réflecteur du point en question. 


Les images des blocs composant le cristal pré- 


sentent un noircissement qui nest pas uniforme a 


échelle microscopique: Cette structure fine du 


pouvoir réflecteur du cristal sera étudié dans une 
3) 


autre communication.) Nous voudrions signaler ici 


particuliérement certaines modifications intéres- 


santes de l’aspect des surfaces aprés un recuit a 


température suffisamment élevée. De petits blocs de 
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poly gonisation se sont développés a lintérieur de 
chaque bloc initial, le noircissement de chaque sous 
grain étant plus uniforme que celui du bloc original et 
certains polyg mesation 


SOU s-joints de Ap pararsse nt 


des lignes Ss. Pour simplifier | étude de ces 
sous-joints, nous avons examiné la raie réfléchie par le 
La 
un échantillon 


La 


chaque segment correspon- 


cristal fixé en diverses positions figure 
réfléchi 


recuit a 550°C, représente un cas typique 


qui 
reproduit le doublet K, pal 
raie 
réfléchie est segmentée: 
dant a un sous-grain. En plusieurs cas deux segments 


légerement superposés a cause de l’imperfection du 


montage (le film n'est pas contre le cristal) donnent la 
M iis il \ a des 


exemples qui ne sont pas du tout ambigiis 


fausse apparence d’un sous-joint noi 
ainsi deux 


segments un peu décalés, l'un par rapport a l’autre 


parallélement ou perpendiculairement a leur longu 


présentent des extiémités renforcées; ces traits 


orientés transversalement dépassent la largeur de 


raie. En d’autres cas, un sous-joint paralléle a la rai 
1éfléchie apparait en noir sur le film, méme si chacu 


des sousgrains adjacents ne réfléchit la raie 
certaine distance du sous-joint 


Nous avons observé que ec est seulement 


désorientations trés petites (de ordre de la minute dart 


qu il y a auqmentation du pouvor éflecteur le long du 


sous-jorint 

Pour expliquer ces phénomeénes nous adoptons | 
modele de la structure mosaique des cristallographes 
tridimensionnel des dislocations 


assimilée au réseau 
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du cristal (réseau de Frank)”: le cristal est divisé en 
domaines incohérents dont le dimension représente la 
deux lignes de dislocations. Si Iss 


distance entre 


dimensions des domaines sont assez grandes 
le pouvoir réflecteur n’est plus proportionnel au 
volume du domaine, car il est réduit par extinction 
primaire. Les réflexions par les domaines, qui sont 
au-dessous de la surface, leur tour étre 
affaiblies Nous 


trons que, le long d’un sous-joint il y a une couche de 


peuvent a 


pal extinction secondaire. admet- 
domaines plus petits et un peu plus désorientés qu’a 
lintérieur sous-grain, cause de la densité accrue 
lintérieur de cette 


des dislocations. L’extinction a 


couche de transition est sensiblement réduite: si son 
épaisseur est assez grande, au niveau du sous-joint, la 
réflexion sera plus intense et le domaine de réflexion 
un peu élargi par suite de la désorientation. 

Le point intéressant, c'est que d’apres ce modele, il 
est évident qu'un sous-joint constitué par une simple 
paroi de dislocations ne pourrait pas donner un effet 
décelable parce que les perturbations ne sont pas 
réparties en volume. Done les sous-joints observés en 
noir sur le film doivent avoir une structure bien plus 
complexe. En fait lexistence de sous-joints formés 
par un croisement complexe de lignes de dislocations 
et ayant une épaisseur considérable (de l’ordre de deux 
Amelinckx et Mitchell, 


jul ont employé des techniques spéciales pour rendre 


microns) ont été déja signalés: 


visibles les lignes de dislocations au microscope, ont 


observé de tels sous-joints dans le chlorure de sodium! 
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Unique Structure of Pearlite Deformed by 
Explosive Load* 


When tensile or compressive forces are rapidly 
applied to iron, the phenomenon of deformation called 
twinning frequently occurs. Since the time-interval for 
twin formation is less than that required for slip, 
twinning is a preferred method of deformation for iron 
exposed to the high strain rates associated with 


impulsive loads.“.?) 


Surface 
Studied 


Orientation of explosive load relative to surface 
studied. 


In polycrystalline iron, since twins are formed 


prior to slip and further plastic deformation, they do 
not necessarily remain straight, but in the zone of 


maximum strain may be distorted as the parent 


grain is deformed. For this reason, under the con- 
ditions of the extreme stress magnitude and high 
strain rate of explosive impulse, the relative dis- 
tortion of shock twins can often be used to study the 
propagation of shock waves in iron. 

In the course of some research on the effects of 
explosive loads on the microstructures of iron and 
annealed low-carbon steel 


steel,’ a sample of 


(around 0-20 carbon) was observed to include a 


uniquely deformed grain of pearlite. 


« 
1 
of > < 
4 
| 


Fic. 
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2. Deformed pearlite. Original magnification 1500 
Picral-nital etch. 


3. Optical enlargement of deformed pearlite. 37,500 
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The material, in the form of a plate, had a layer of 
composition C-3, a plastic-type explosive, placed in 
contact with one of the faces The explosive was 
detonated. The sample discussed herein represents 
one of the fragments produced from the steel plate 
by means of the explosive load. 

Fig. 1 is a diagram showing the location of the 
fragment in relation to the direction of the « xplosive 
wave; the wave is presumed to be fairly plane at 
that portion of the metal-explosive interface unde 
consideration 

Fig. 2 is a photomicrograph of the pearlite grai 
observed in the fragment. The structure of the 
lamellae of cementite can be seen to be displaced in 
multiple steps, as though the grain had been sub 
jected to successive impacts. The stepped structurs 
is believed to be a result of shock twins in the ferrité 
matrix, the shock being transmitted through the 
cementite 

It should be pointed out that the somewhat 
jagged bands in the ferrite idjacent to the pearlite 
grain are mechanical twins formed as a result of the 
applied impulse, and deformed plastically afte: 
formation. The irregularity of twins formed in this 
fashion is typical of the high strain rate and severe 
deformation associated with explosive loading, and 
twins in iron deformed in this manner seldom uppeal 
as parallel straight lines.“ 

Because of the small area concerned, and the fact 
that the structure was not conducive to replication 


1 the conventional methods available, studies of 


this grain by electron microscopy were of little 


value and did not reveal more information than 
optical enlargements of the high-contrast plate used 
for the photomicrograph. Fig. 3 is a photograp! 
the structure shown in Fig. 2, enlarged optica 


37,500 diameters by projection 


The Wavy appearance ol the cementite 
observed, as well as bifurcation of one of the 
mation lines running diagonally through the pearlite 
It is of interest to note that the deformatior 
in the pearlite appear to be continuations of 
ning lines in the adjacent ferrite grains \ ¢ 
study of the lamellae on either side of a deforn 
line indicates that shearing within the pearlit 
has occurred, although the fractures ip 
cementite were not resolved, even with th 
microscope. 

It is hoped that further studies currently in 
gress will yield more information relative 
behavior of iron and steel exposed to impulsiv 


loads. 


| 
Ss) 
\“ SS 
\ 
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BOOK REVIEW 


U. DeEHLINGER: Theoretische Metallkunde. Springer- 
Verlag, Berlin/G6ttingen/Heidelburg, 1955. iv 
250 pp. 

STARTING from basic principles the author gives a 


survey of the theoretical aspects of physical metal- 
lurgy. 


metals and its application to the interpretation of 


the structures and physical properties of metals and 
alloys. Also the theories of heterogeneous equilibrium, 


phase transformations, lattice vibrations and the 


theory of lattice imperfections including its applica- 


tions to diffusion and plastic deformation are 
considered. 

When one attempts to describe such a vast field 
and at the same time go into considerable detail on 
the most modern developments all within 250 pages, 
one must find an extremely concise means of pre- 
sentation. The present author has such a problem 


in some chapters he has only enough space left for 
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1957 


Mainly he describes the electron theory of 


mentioning results rather than for explaining o1 


deriving them. Therefore, the book is perhaps not 
particularly suitable for the beginner or as a text 
book for students. 

On the other hand, the book has a rathe1 
field: th 


numerous chemical and crystallographic facts and 


unique 


position within the literature of this 


rules and the physical properties of metals, the 


description of which usually forms the content of 


the text books on physical metallurgy, are her 


traced back rigorously to their theoretical phy sical 


roots. Therefore, the book is of great value to 


everyone who is interested in the basic underst unding 
of the behaviour of metals. It should provide much 


stimulation through its rich content of original 


views. 


An increase in the number of references would 


undoubtedly augment the usefulness of the book 


K. 
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INTERNAL FRICTION OF 8 BRASS* 
L. M. CLAREBROUGH? 


The internal friction of polycrystals and single crystals of 6 brass has been investigated b 
of low-frequency, free, torsional vibration. Six separate anelastic phenomena have been de 
varying the composition and heat treatment of the specimens. These are observed as distinct 
peaks at approximately 70°, 177°, 190°, 285°, and 300°C and an increase in internal friction to \ 
values at temperatures close to the order-disorder transformation te mperature The peak 
unstable and decays with an activation energy of 15,000 cal/mole. 

The peaks at 70° and 177°C are interpreted in terms of Zener’s pair-reorientatior 
70°C is considered to be due to stress-induced reorientation of zinc pairs made po 
concentration of vacancies resulting from quenching, and that at 177°C to stress-induce: 
copper pairs. On the basis of this model, diffusion coefficients for the diffusion of 


calculated. 
The peak at 190°C is attributed to stress relaxation at f-y interfaces and that 


relaxation at /-« interfaces. The peak at 300°C 1s attributed to stress relaxation b 


The very high internal friction at temperatures close to the order-disorder transfo 


in agreement with theoretical prediction. 
FRICTION INTERNE DU LAITON £ 


L’auteur étudie la friction interne sur des polycristaux et monocristaux d 


de la torsion libre & basse fréquence. En faisant varier la composition et 
échantillons, six phénoménes anélastiques différents ont été détectés ls 
de relaxation distincts aux environs de 70°C, 177°C, 190°C, 285°C et 300°C et par 
de la friction interne aux températures proches de cell a transformation 

Le pic a 70°C est instable et disparait avec une énergie d’activatix e 15000 
70° et 177°C sont expliqués au moyen du mécanisme de réorientation des paires d« 
est considéré comme dui a la réorientation de paires de zine sous l’effet des tension 
un excés de concentration de lacunes résultant de la trempe li a 177°C 
semblable de paires de cuivre. En prenant comme base 
coefficients de diffusion du cuivre dans le laiton / 

Le pic a 190°C est attribué a la relaxation des tensions a l’interface $-» et cel 
des tensions a l’interface f-x. Le pic & 300°C est attribué a la relaxation de 
des joints. La friction interne trés élevée aux températures proches de la transfor 


est en accord avec les prévisions théoriques. 


INNERE REIBUNG VON f-MESSING 


Die innere Reibung von Ein- und Vielkristallen aus §-Messing wurd« 
Torsionsschwingungen kleiner Frequenz untersucht Durch Variation 
Warmebehandlung der Proben wurden sechs verschiedene Dampfung 
wurden als getrennte Relaxationsmaxima bei etwa 70°, 177°, 190°, 285 
Anstieg der inneren Reibung nahe der lrempe ratur der Ordnungs-| 
Das Maximum bei 70°C ist instabil und lost sich mit einer Aktiy 

Die Maxima bei 70° und 177°C werden Zeners Paar- | 
das 70°-Maximum soll dabei die spannungserzwungene | 
wortlich sein, die durch beim Abschrecken zuriickgebliebene, 

Das 177°-Maximum entspricht der Umordnung von Paaren 
Vorstellung wurde die Diffusionskonstante von Kupfer in 

Das Maximum bei 190°C wird der Spannungsrelaxation 
bei 285°C der relaxation an f-x-Grenzen. Fiir das 300°-Maxim 
Korngrenzengleitung verantwortlich sein. Die hohe 
Unordnungs-Umwandlung stimmt mit theoretischen V« 


1. INTRODUCTION 250°C. increased rapidlv to a maxim 
Previous investigations by Koster and Artman'®? temperature for the order-disorde1 
of the internal friction of p brass have produced and then decreased agall at higher ten 


contradictory results. Késter™ found that the Later work) showed that the internal fricti 


internal friction of an alloy containing 51-4 at. °, zine very high values in the vicinity of the critic 


was constant up to a temperature of approximately ture and that the previous results 


decrease in internal friction at tempera 


Recsived November 9, 1960. this were incorrect. Artman) used 
+ C.S.I.R.O. Division of Tribophysics, University of ae 
Melbourne, Australia. of p | 
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at. °, zine and 48-12 at. °4 zine. He found a sharp 
maximum in the plot of internal friction against 
315°C, but detect 


discontinuity at the critical temperature. 


temperature at could not any 

The results of the present investigation indicate 
that at least six separate anelastic phenomena may be 
obtained in specimens of / brass by varying the 


composition and heat treatment. 


2. EXPERIMENTAL 
(a) Experimental method 
The internal friction was measured by the method 
of low frequency (approximately | c/s), free, torsional 
vibration of a wire specimen.” The torsion pendulum 
was designed so that measurements could be made 
either in vacuum or in an inert atmosphere. Silicone 
oil was used for damping transverse vibrations, as it 
was found that the variation in viscosity of machine- 
oil, with variation in room temperature, gave rise to 
spurious results when the measured internal friction 
was only slightly above the background level. Because 
of the high zine content of the alloys, measurements of 
internal friction above room temperature were made 
in an atmosphere of pure nitrogen at a pressure of 
5 mm of mercury above atmospheric pressure. 
The specimen and the auxiliary inertia member were 
A jig 


mount the specimen in the V-blocks in 


supported with brass V-blocks. was used to 
order to 
minimize accidental distortion and to ensure that the 
length of the specimen was constant in all tests. 
During measurements the temperature Was con- 
trolled to within 1°C. Three thermocouples were 
mounted permanently in the apparatus with their 
junctions close to the top, centre, and bottom of the 
specimen. At the temperatures at which the internal 
friction peaks were observed the variation in tempera- 
ture along the length of the specimen, as indicated 


by these thermocouples, was less than 1°C. 


Pre paration of specime WSs 
The various alloys used were prepared in batches 
of 30 g from OFHC copper and pure zine (99-999°, Zn). 


For each melt the copper and zine were sealed in a 


silica tube under argon or nitrogen at a pressure of 


just less than 1 atm. After heating for 6 min with an 
induction heater, the alloys were allowed to solidify 
in the silica tubes. The high gas-pressures developed 
during melting prevented excessive loss of zine and 
heating good stirring. 


the induction 


Analyses of samples from the top and bottom of the 


gave very 
ingots showed that practically no segregation occurred. 
The zine contents of the main alloys used are listed in 
Table 1. 
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TABLE 1. Zinc content of alloys 


Batch No. 


50-93 


The cast ingots were extruded at 550°C to give wire 
of 0-030 in. diameter which was used for the pro- 
duction of single crystals and polycrystals. The single 
crystals, 14 in. long and 0-030 in. in diameter, were 
the 
Andrade and Roscoe*) or by the strain-anneal method. 
The 
straining lengths of the extruded wire by 1°, and 
600°C. 


prepared either by zone-melting method of 


polycrystalline specimens were prepared by 


annealing the strained wires for 1 hour at 
This treatment always produced specimens with a 
very coarse grain size; usually only two to three 
grains were present in a cross-section. 

For the preparation of single crystals and for all 
heat treatments, the /-brass wire was sealed in silica 
quills (internal diameter approximately 0-060 in.) 
under a pressure of argon or nitrogen of just less than 
! atm. Since the free volume in the silica quills was 
small a high gas-pressure was developed during growth 
of the crystals and during the heat treatments, so 
that 
consisted of rapidly removing the silica quill contain- 


little zinc was lost. The quenching treatment 
ing the specimen from the furnace and plunging it 
into a bath of water. For slow cooling, a rate of about 


30°C/hour was used. 


3. RESULTS 


By varying the composition and heat treatment, 


specimens were obtained which gave maxima in the 


plots of internal friction (Q~') against temperature, at 
temperatures of approximately 70°, 177°, 190°, 285°, 
and 300°C. In addition, for all compositions and all 
heat treatments the internal friction reached extremely 
close to the order- 


high values at 


disorder transformation temperature. 


temperatures 


(a) Relaxation peak at 70°C 

The relaxation peak at approximately 70°C occurs 
only in quenched specimens and is most pronounced 
for temperatures of quenching of approximately 400°C 


and in alloys of low zine content. Furthermore, the 


| Wt. % Zn At. % Zn 
l 43°81 43-14 
? 44°88 44-25 
3 45°74 45-06 
4 45°83 45°15 
5 47-14 46-46 
6 48°33 47-64 
7 48-86 48-17 
8 49-51 48-82 
9 50-01 49-31 
10 50-75 50-05 
51-62 
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Internal friction 


Temperature 


Fic. 1. 
Influence of composition and heat treatment 
on the relaxation peak in / brass at 70°C, , 
polycrystal of batch 4 (45-15 at. °%% Zn) quenched 
from 400°C; single crystal of batch 4 
quenched from 400°C; , polyerystal of batch 6 
(47-64 at. % Zn) quenched from 400°C; —, poly 
crystal of batch 4 quenched from 600°C; 
polycrystal of batch 4 slowly cooled from 400°C. 
Frequency of oscillation 0-9 ¢/s. 


peak is unstable, i.e. the internal friction decreases 
with time at constant temperature. The magnitude 
of the internal friction is approximately the same for 
polycrystals and for single crystals, and the peak 
appears in alloys prepared and annealed in both argon 


and nitrogen atmospheres. 
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(i) Effect of heat treatment. 


given in Fig. 1, 


Typical results are 
where curve A refers to a polycrystal 
and curve B to a single crystal of batch 4 quenched 
from 400°C. Curve £ refers to the same specimen as 
curve A but after slow cooling from 400°C to room 
temperature at 30°C/hour. This disappearance of the 
peak after slow cooling occurs for all compositions 
The height of the peak (Q 


depends on the 


temperature of quenching, in that (), 4 decreases as 


the quenching temperature is increased above or 
Curve D (Fig 


used to 


decreased below about 400°C. 1) refers 
determine 
When 
the temperature of quenching is reduced to 200° 

In addition 


to the same specimen as was 


curves A and £, after quenching from 600°C 
the peak almost disappears it has been 
found that the temperature of this peak increases as 
the temperature of quenching is increased above ot 
decreased below about 400°C However the magni- 
tude of the change has not been investigated in detail 

(ii) Effect of composition. As the zine content of the 
alloy is increased, — decreases. An example of this 
behaviour is shown by curve C (Fig. 1), which refers 
to a polycrystalline specimen of batch 6 quenched 
from 400°C 

(ili) Lsothermal decay of peak. The decay of Q~* as 
a function of time was studied at 70°, 85 100°, and 
120°C with a polycrystalline specimen of batch 4 
Before each isothermal] experiment the specimen was 
600°C. cooled 


half an hour at 


100°C, 


annealed for 


furnace to and then quent hed 

isothermal treatment at 70°C the specimen was left 
mounted in the torsion pendulum. The isotherm 
treatments at the othe 


oil-bath 


were Carried 


temperatures 


out in an controlled to 0-5°C and, after 


the required time-intervals, the 


specime!l 


100°C 


10 


Fic. 2. Isothermal decay of Q,,.. 


for the relaxation peak in / brass at 70 
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remounted in the torsion pendulum, which was still 


maintained at 70°C, and the decay in Q> |. determined. 
The results are shown in Fig. 2. 3 the time 


l 


In Fig. 
is plotted 


taken for Q, 
against the reciprocal of the absolute temperature, 


¢ 


| to decay to a new value Q, 
nax 


T, of annealing for three different values of Q>?. 
From these results the activation energy of the process 
was found to be 


responsible for the decay in Q).. 


15.000 500 eal/mole. 
The following isothermal experiments suggest that 
the decrease in 


quenching or the zinc content of the alloy is increased, 


is only an apparent effect due to different rates of 


decay of the peak. 

A polycrystalline specimen of batch 4 was quenched 
from 600°C and then mounted immediately in the 
torsion pendulum, in which the temperature was 
controlled at 70°C. The decay in internal friction 
at 70°C was then followed as a function of time after 
quenching. The results are shown in Fig. 4, together 
with the results for the same specimen quenched from 
400°C. The internal friction for the specimen quenched 
from 600°C (curve B) decays much more rapidly than 
the specimen quenched from 400°C 


that for same 


curve A). In particular, curve B falls to background 


level in 23 hours, whilst curve A shows practically 


no change in this period. Five minutes elapsed 
between quenching and making the first measurement, 
and it appears from the results of Fig. 4 that a consider- 
able decrease in internal friction occurs in this period. 


The influence of increasing the zinc content of the 


(t) for 
© max 


+ as a function of the reciprocal ot the absolute 
three different 


time to decay to a new value 


temperature T) for values of 
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when either the temperature of 
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Internal friction 


Fic. 4. 
Influence of temperature of quenching on the 
rate of decay of . for the relaxation peak at 
TO°C, , polyerystal of batch 4 (45-15 at. % 
Zn) quenched from 400°C; polycrystal of 
batch 4 quenched from 600°C. 


on the rate of decay of the peak at 70°C is shown in 
without changing the quenching temperature, 
and 6 
specimens of batches 4 and 6 quenched from 400°C. 


alloy, 


Fig. 5. Curves A refer to polycrystalline 


An increase in zine content of the alloy by 2-5 at. °% 
has caused a marked increase in the rate of decay 
friction. 


of internal In particular, curve B falls to 


background level in approximately 1 hour, whilst 
curve A shows practically no change after 3 hours. 
Again it that a 


internal friction occurs in the 5 min between quenching 


appears considerable decrease in 
the specimen and making the first measurement. 

(iv) Activation energy. The isothermal experiments 
show that in order to use the change in temperature 
of the peak with change in frequency to obtain 
accurate measurements of the activation energy of the 
process causing this peak, it is necessary to complete 
the measurements, in a polycrystalline specimen of 
batch 4, within about 5 hours. Therefore, the internal 
friction was only measured up to the temperature of 
the peak at two frequencies. The results plotted 
against the reciprocal of the absolute temperature are 
shown in Fig. 6. The two curves in Fig. 6 can be 
superimposed over most of their length by a shift on 
the 1000/7 scale of 0-090, i.e. the activation energy 


of the process is 16,600 cal/mole. 


= 5, 1957 
x | 
Ay 
2-Or + + + 4 
| 
\ 
B 
Time ¢ Ar 
| 
4 
1000/7 
Fic. 3. 
The 


CLAREBROUGH: 


Internal friction 


Time t¢ hr 


Fia. 5. 
Influence of composition on the rate of 


decay 

of 

© max 

crystal of batch 4 (45-15 at. °% Zn) quenched 

from 400°C; , polyerystal of batch 6 (47-64 
at. °4 Zn) quenched from 400°C, 


for the relaxation peak at 70°C. , poly- 


It is readily shown®® that, if the process causing 
a relaxation peak is characterized by a 
relaxation time, the width of the relaxation peak ai 
half maximum height, A(1/7'), is given by 
A(1/7’) = 2-63R/H, 1) 
where F is the gas constant and AH is the activation 
energy of the process causing the relaxation. However, 
if a distribution of relaxation times is involved, the 
width of the relaxation peak at half maximum height 
is considerably greater than that given by equation 
(1). For energy of 16,600 
equation (1) gives A(1/7’) 0-32 10-3, 
experimental values of A(1/7') for the curves in 
10-3 at the 
0-38 10-3 at the high frequency. Thus the process 


an activation cal/mole, 


while the 
Fig. 6 are 0°35 low frequency and 
responsible for the observed relaxation in the quenched 


alloys is characterized by a single relaxation time. 


(b) Relaxation peak at 177°C 

The relaxation peak at 177°C occurs in polycrystals 
and in single crystals of alloys prepared and annealed 
in both argon and nitrogen atmospheres. In contrast 
to the peak at 70°C, this peak is stable and unaffected 
by heat treatment, but, like the peak at 70°C, Q>). is 
very sensitive to the composition of the alloy. 


(i) Effect of heat treatment. Curve A (Fig. 7) refers 
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a'x1o° 


Internal friction 


as a function of 1000/7, 
fTrequencies 


Internal friction (q 
at two different 

polycrystalline specimen of 
at. Zn) 


quency of 


of oscillation for 
batch 4 (45-15 
400°C, . fre- 
0-41 c/s, first 
oscillation 0-41 e/s, 
frequency of oscillation 0-90 ¢/s. 


slowly cooled from 


oscillation heating; 


frequency ot second 


heating; 
to a polycrystalline specimen of batch 4 quenched 
from 600°C, whilst curve B refers to the same specimen 
after slow cooling from 400°C. Clearly heat treatment 
little effect on the this 


This is true even though microscopic examination 


has very results in case. 
showed that the slowly cooled specimen contained a 
very small proportion of « phase, whereas the quenched 
specimen consisted entirely ot p phase. 

il) Eff ct of composition. As the zine content of the 
This 


is exemplified by curves B and D (Fig. 7), which refer 


illoy is increased, decreases. behaviour 
to polyerystalline specimens of batches 3, 4, and 5, 

by curves C and £, which refer to single crystals 
of batches 4 


were slowly 


and 7 cases the 
400°C 


curve D 


respectively. In all 
from before 


section 3e) prevents the internal 


specimens cooled 


making the measurements. another 


relaxation process 
friction from decreasing at temperatures greater than 
Lso-C Jatch 3 was prepared in an atmosphere of 
argon and the polycrystal of batch 3 was annealed 
in an atmosphere of argon. whereas batch 4 was 
prepared in an and the 


polyecrystal of batch 4 was annealed in an atmosphere 


atmosphere of nitrogen 


of nitrogen. 

ili) Activation energu. To determine the activation 
energy of the process causing this peak, Q-! was 
measured as a function of temperature at two different 
frequencies with a polycrystalline specimen of batch 4 
slowly cooled from 400°C. The results are shown in 
Fig. 8. The relevant portions of the two curves of 
Fig. 8 can be superimposed over most of their length 


by a horizontal shift on the 1000/7’ scale of 0-050, i.e. 
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the activation energy of the process is 31,000 cal/mole. 
Since other relaxation processes (Section 3e and 
Section 3f) occur at temperatures only slightly higher 
than the temperature of this peak, the width of the 
experimental peaks at half the maximum height could 
only be measured on the low-temperature side of the 
peak. The experimental values of A(1/7') were found 
to be 0-18 « 10-% for the high frequency and 0-16 
10-% for the low frequency, as compared with a value 
of 0-17 Thus 


this peak, like the one at 70°C, is characterized by a 


10-3 computed from equation (1). 


single relaxation time. 

(c) Relaxation peak at 190°C 
When the zine content of single-crystal specimens 

is such that the composition lies within the P + y 

region of the phase diagram, a relaxation peak occurs 

190°C, 


identified in polycrystalline specimens, as another 


with a maximum at This peak has not been 
relaxation process (section 3e) increases the internal 
friction to high values in the range of temperature of 
this peak. 


The peak appears in single crystals 


prepared and annealed in both argon and nitrogen 


atmospheres. 


l Effect of composition. As the zine content of the 


Influence of relaxation 


In all cases the speci- 


composition on the 
peak in # brass at 190°C. 
mens were quenched from 400°C before making 
the measurements. 
8 (48-82 at. % Zn); 


(49-31 at. % Zn); 


single crystal of batch 

. single crystal of batch 9 

, single crystal of batch 10 

50-05 at. °% Zn); . single crystal of batch 11 

(50-93 at. °% Zn). The frequency of oscillation 

varies slightly for the different specimens, but 
is approximately 1 c/s for all specimens. 


| 
\ 
\ 
/ 
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Internal friction (Q a 
at two different frequencies of os¢ 


single crystal of batch 10 (50-05 at 


Fig. 10. 
Photomicrograph ( * 90) of a longitudinal 
section of the single crystal of batch 11. 


Treque ney of oscillation 
of oscillation 1-12 « 
crystals contained some phase The crystals 


alloy is increased, Q 


increases. Typic: "es are 
©max Pypic ul ult phase were present Ina single-crystal matrix oO 


ane A refer phase, and the proportion of the phast mere 
to single crystals of batches 8,9,10,and 11 respectively. itp increasing zinc content of the crvstal. A tvpi 
The single crystals were annealed for half an hour at in chon in Wie, 0. which 
400°C and quenched before making the measurements. longitudinal section of portion of the singl 
In all cases, Q-! rises to high values at temperatures tel BS 
greater than 220°C, due to another relaxation pheno- The peak is not present in sin 
menon (section 3f). crystals consist of homogeneous / phas 
Microscopic examination showed that all the single 

treatment is shown in Fig. 11 for the 

of batch 9. The peak is present when the spec! 

quenched from 400°C (curve A), it is 

Q~' is lower, when the speci 

500°C: (curve B where 

quenched from 600°C n 

Microscopic examinati 

of the y phase decreased 
temperature and, altel 
specimen consisted entir 

li) Activation energy 

process causing this pe 
single crystal of batch 10 


distribution of the 


the two frequencie Ss. 1 


used before ea h measureni 


Influence of heat treatment on the relaxation annealed for 1 hour at 700°C 

peak at 190°C for the single crystal of batch te 

9 (49-31 at. 94 Zn). , Specimen quenched from 100°C, held at 400°C for 12 hou 

100°C: , specimen quenched from 500°C: The results obtained 
specimen quenched from 600°C, Frequency 


of oscillation 1-1 e/s. shown In) Fig 12 Phe 
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Fic. 13 


Influence ot composition and neat treatment 


the relaxation peak in f brass at 285°C. 
le crystal of batch 1 (43-14 at. % Zn) 
cooled from 400°C, first heating; , the 
second heating; , single crystal of 
batch 2 (44-25at. Zn)slowly cooled from400 °C; 
le erystal of batch | quenched from 
oscillation 1-2 e/s. The 
150°C and 200° is the re 


laxation peak at 177°C. 


slowly 
same 


specimen, 


sin 


Frequency of 


between 


superimposed over most of their length by a_hori- 


zontal shift on the 1000/7 scale of 0-050, i.e. the 
ictivation energy of the process is 31,000 cal/mole. 
Again, the width of the experimental peaks could 
only be measured on the low-temperature side of the 
pe k, as another relaxation phenomenon interferes 
on the high-temperature side (section 3f) 


mentally, A is 0-34 


ater than the value 0-17 


Experi- 
10-*, which is a factor of 
computed from 
Thus this 


equation (1) for a single relaxation time. 


peak must be associated with a 


relaxation times. 


Re laxation peak at 


When the zine content of single-cry stal specimens 


is such that the composition lies within the / x 


+ 


region of the phase diagram, a relaxation peak occurs 
As for the peak at 190°C, 


this peak is not found in polycrystalline specimens, 


with a maximum at 285°C. 


because another relaxation phenomenon causes the 


internal friction to rise to high values in the range of 


temperature of this peak (section 3e). 


i) Effect of composition. As the zine content of the 


alloy is decreased, Q ax Increases, as is shown in Fig. 
13. where curves 


batches 1 and 2. With the single crystal of batch 2 


distribution of 


A and B refer to single crystals of 
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the peak at 285°C is not clearly resolved because of 
interference from another relaxation process (section 

Before making the measurements, both crystals 
were annealed for | hour at 700°C, cooled in the furnace 
to 400°C, held at 400°C for 12 hours, and then cooled 
slowly to room temperature. Since the composition 
of both crystals was within the 6 + « region of the 


phase diagram, this heat treatment produced a 


coarse distribution of crystals of the « phase within 


) 


the single-crystal matrix of the / phase. The pro- 
portion of the « phase was greater in the crystal of 
batch 1 than in the crystal of batch 2. A longitudinal 
section of portion of the single crystal of batch 1 is 
shown in Fig. 14. 

When the zine content of the alloy is increased, so 
that no « phase is present in single crystals after a 
slow-cooling treatment, the relaxation peak at 285°C 
disappears. 

(ii) Effect of heat treatment. When the alloy is 
quenched from a high temperature, so as to produce 
homogeneous / phase at room temperature, the peak 
The effect of 


crystal of batch 1 from 700°C is shown by curve C of 


disappears. quenching the single 
Fig. 13. 

(iii) Activation energy. The activation energy for the 
process causing this peak was determined in the same 
way as previously. The two curves in Fig. 15, corre- 


sponding to different frequencies, can be superimposed 


\ 


Fic. 14. 


Photomicrograph ( x 90) of a longitudinal section 
of the single crystal of batch 1 (43-14 at. °%% Zn). 
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Internal friction 


Internal friction (Q~-') as a function of 1000/7, 


at two different frequencies of oscillation, for 

the single cry stal of batch 1 (43-14 at. % Zn). 
frequency of oscillation 0-58 c/s; 

frequency of oscillation 1-24 e/s. 


over most of their length by a horizontal shift on the 
1000/7 scale of 0-040, i.e. the activation energy of the 


this activation 
0-14 10 


A(1/T) 


process is 38,000 cal/mole. 


energy equation (1) gives 


whereas the width of the experimental peaks at half 


10-3, 


relaxation time seems to be involved. 


maximum height is 0-22 Thus more than one 


(e) Relaxation pe ak at 300°C 
A very broad relaxation peak with a maximum at 
approximately 300°C is observed in polycrystalline 


specimens prepared and annealed in both argon and 


nitrogen atmospheres (Fig. 16). The peak occurs at 


300°C for a polyerystalline specimen of batch 4 
However, when the 
400°C. O 


© max 


quenched from 600°C (curve A). 
same specimen is slowly cooled from 
decreases by a factor of 2 and the temperature of the 
maximum decreases by approximately 40°C (curve B). 
There is no sign of this peak in single crystals from 
batch 4 irrespective of whether the crystals have 
been quenched from 600°C or slowly cooled (curve C). 
The grain size of the polycrystalline specimens used in 
these measurements was very coarse and only two or 
three grains were present in the cross-sections. 

At temperatures above 300°C the internal friction 
reaches high values due to another relaxation process 
(section 3f), but at these temperatures the internal 
friction of a slowly cooled polycrystalline specimen 
is no greater than that of a single crystal (Fig. 16, 


curve 
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Microscopic examimnatiol 
polycrystalline specimen and 
slow cooling from 400°C, conta 
of « phase, so that the pe 

be attributed to a relaxa 

polycrystal 


resence of the « phase In the 


cooled from 400°C, the 


% phase was precipitated in 


grain boundaries (Fig. 17), whereas the same specime! 


after quenching from 600°C consisted of homogeneous 


) phase 


Re laxation at the critical te mperal 


brass the critical t mperature for the rder- 
454°C tor 


168°C tor alloys 


For 


disorder transformation trom 


increases 


alloys containing some « phase to 
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Fic. 17. Photomicrograph ( x 90) of a longitudinal 
section ofa rvstal of batch 4 (45:15 at. Zn). 


containing some phase.‘ In all the alloys used, 


irrespective of composition and heat treatment, the 


internal friction rises to very high values at tempera- 
tures near the critical te mperature. No decrease in 
internal friction is observed at temperatures above the 
critical temperature, although the highest temperature 
of measurement used was only 500°C. A typical result 
for the variation in internal friction at temperatures 
near the critical temperature is given in Fig. 18 for a 


single-cry stal spe cimen of batch 6. 


DISCUSSION 
The relaxation peaks are ess¢ ntially of two types. 


The peaks at 70° and 177°C are characterized by single 


as a tunction 
vstal of batch 6 


Zn). 
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relaxation times and are thus probably due to stress- 
induced diffusion processes (Zener, p. 114; Wert ?). 
The peaks at 190°, 285 


by a distribution of relaxation times and thus are 


, and 300°C are characterized 


probably due to some form of stress relaxation across 
Nowick'®)). It is con- 


venient to discuss each of the relaxation phenomena 


interfaces (Zener, p. 131; 


in turn. 


(a) Relaxation peak at 70°C 

The relaxation peak at 70°C is not associated with 
grain boundaries in the polycrystalline specimens, 
since Q). is practically the same for both a single 
crystal and a polycrystalline specimen. It is unlikely 
that the peak is due to stress-induced diffusion of 
nitrogen, since it is observed in an alloy prepared and 
annealed in an atmosphere of argon. Thus the results 
suggest that a stress-induced diffusion process is 
responsible for the relaxation peak and that this is 
competing with another diffusion process causing decay 
of the peak. However, it is likely that both diffusion 
processes are only made possible by the retention at 
room temperature of an excess number of vacancies 
The fact that 
decays more rapidly as the quenching temperature 


as a result of the quenching. 


increases (Fig. 4) supports this idea. 

Most that p 
rapidly on quenching from above the critical tempera- 
that it is 


work suggests brass reorders 


very 


ture, so completely ordered at room 
temperature for all attainable rates of cooling.“ 1) 
However, Smith"?) showed that the 


hardness of 


brass depended very markedly on the quenching 


temperature and was a maximum in _ specimens 
quenched from approximately 450°C. He also showed 
that the as-quenched hardness decreased at room 
temperature and the rate of this decrease increased 
as the temperature of quenching increased. 
Brown") 


from measurements of the flow stress of polycrystalline 


Recently 


Green and obtained very similar results 
specimens of / brass quenched from various tempera- 
tures. They found that the flow stress was a maxi- 
mum when the quenching temperature was about 
445°C. They also found that the alloy softened with 
time after quenching and that the process causing the 
softening had an activation energy of 15,400 cal/mole. 
Both papers postulate that some disorder is produced 


in P brass by quenching and that it is this disorder 


which is responsible for the hardening. Green and 
3rown further consider that the decrease in flow stress 
with time after quenching is due to growth of out-of- 
phase domains. These results are in agreement with 
the predictions of Cottrell?” for the movement of 


dislocations through an ordered alloy. Since the 


499 
i 
\ 
a 
dim 
Fig. 17 
Temperature 
Fig. 18. 
perature for a single cr 47-64 
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relaxation peak at 70°C shows similar behaviour to 


these changes in hardness and flow stress, i.e. 
is greatest in specimens quenched from approximately 
400°C and the peak is completely absent in slowly 
cooled specimens, it appears probable that this peak is 
associated in some way with quenched-in disorder. 
If some disorder is introduced by quenching, 
nearest-neighbour pairs of zinc atoms will occur along 
11] 
the lattice. 


present to 


directions and result in an elastic distortion of 
Provided that sufficient vacant sites are 
allow movement, this is the situation 
required for relaxation by stress-induced reorientation 
of atom pairs.” In the absence of an applied stress, 
the zine pairs will occur at random among the four 


an applied tensile stress the distribution of zine pairs 


directions. However, in the presence of, say, 


will not be random, but the zine pairs will tend to be 
11] 


smallest angles with the direction of the applied stress. 


oriented along those directions which make the 


Since the development of such a distribution would 
require time, the strain would lag behind the stress 


and cause internal friction. Such a simple pair- 


reorientation mechanism has been criticized as an 
over-simplification for primary solid solutions by 
Nowick,“® Childs and Le Claire,“ and Le Claire and 
the Zener’s 


approach seems applicable, since it is unlikely that 


Lomer.“®8) However, in present case, 


disorder produced by quenching will cause con- 


figurations more complex than that of three zinc 
11] 


mechanism is 


atoms as nearest neighbours along a direction. 


In the discussion below, where this 
assumed to be that responsible for the peak at 70°C, 
it must be remembered that the presence of quenched- 
in vacancies is also necessary. 

In / brass, nearest-neighbour pairs are always along 


zinc atoms in the fully ordered state are assumed to 


directions. For the purpose of discussion, the 
occupy the body-centre positions and the copper atoms 


the cube-corner positions. Suppose, now, that the 


OOL position, a normal copper site, is occupied by a 


zine atom (Fig. 19). This disorder produces four rows 


of three nearest-neighbour zine atoms along the 


Fic. 19. 


Unit cell of / brass with two zine atoms 
as nearest neighbours. 
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directions, but to simplify the discussion, only the 


pair of zinc atoms formed by the atoms at 001 and 
443 will be considered. 


axis will not produce any reorientation of this pair 


A tensile stress along a (100 


since the angles which each of the (111) directions 


makes with a (100) axis are identical. However, a 


tend 
the 


tensile stress along the [110] direction will 


reorient the pair from the [111] direction to the 


direction in order to reduce the angle between 


axis of the pair and the direction of the applied stress 
For stress relaxation to occur, the pair must reorient 
whilst remaining a pair. However, if either member 
of a pair moves to a vacant nearest-neighbour site. 


Thus the only possibility for 


the pair is broken. 
reorienting the pair without breaking it is for one of 
the zinc atoms to move to a vacancy ata next nearest 
neighbour site. For example, the movement of th 


zinc atom from $4} to a vacant site at either 3} o1 


110 


Stress relaxation may also occur by movement of the 


iT} will relax the stress along the direction 
zinc atom from 001 to LOL or O11 but only if there is a 
at 332, for movement to 101, or at 

Thess 


for stress relaxation in the present case because the 


copper atom 
for movement to OL] ure possible mechanisms 
alloys in which the peak appears all contaim less than 
the ideal 50 at 


SO that 


Zn hecessary tor complete ordel 


coppel 


there are always some itoms on 
hody-centre sites. 


bility for 


By determining the proba stress I 
from an analysis of the various possible movement 
the 


following the method of Le 


atoms of a zine pair, it would seem po 


diffusion coefficient for the diffusion of zine in 
from the results of the internal-friction measu 
However, such a calculation is invalid, si 

processes involved in the stress relaxation 
the aid of vacant sites produced by quenchi: 


the measured activation energy ol 16.600 
for stress relaxation is probabl le Value 
eristing vacant 


Che 


bour dius! 


ment of a zine atom into an 


a next nearest-neighbou 


it 


next nearest-neigh 


energ\ tor a 


site and thei 


involving formation of a vacat 


ment of an atom into the site should be co 
greater than this 

If it is accepted that disorde) 


for the relaxation peak at 70° 


ot zine atoms along directions 


reorder! 


ment of zine atoms into 


sites will cause the peak 


energy of 15,000 cal/mol 


good agreement with the 


reported by and 


4 
for 
~U p 
value of 15,400 
Brow for th 
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causing the decrease in flow-stress of quenched / brass. 
(20) tracer 


for the 


However, Kuper and Tomizuka, using a 
find that the 


diffusion of zine in P brass at 350°C is 35,600 cal/mole. 


method, activation energy 
These measurements suggest that the decay process, 
like the relaxation process, does not result from a 
normal diffusion mechanism, but occurs by movement 
sites at 
the 


of zine atoms into quenched-in vacant 
Thus, 


similarity of the activation energies for the stress- 


nearest-neighbour positions. moreover, 


relaxation and decay processes suggests that next- 


nearest-neighbour jumps contribute to diffusion of 


zine in brass. 

The fact that the internal friction decays more 
rapidly as the quenching temperature is increased 
(Fig. 4) can be attributed to more rapid reordering 
the 


The more rapid decay of internal friction 


resulting from an increase in 
vacant sites. 
as the zine content of the alloy is increased (Fig. 5) can 
be attributed to more rapid reordering caused by an 
increase in the ordering force or a higher concentra- 
tion of quenched-in vacancies, or both. 

The relaxation strength, 2Q,,.., for the peak at 70°C 
is very similar to that obtained by Artman) for the 
both cases is only about one-tenth 
by Zener, 


stress-induced diffusion of zine in « brass. 


peak at However, the relaxation strength in 
of that reported 
Ke.'*2) and Childs and Le Claire@” for 
This large 
difference in relaxation strength is not surprising, 
since, in quenched / brass, the number of pairs will be 
very much smaller than in « brass. In addition, any 
grouping of zinc atoms more complex than that 
considered above should occur very rarely, whereas 
in «-brass complex clusters of zinc atoms probably 


occur frequently. 


Re laxation peak at 177 ( 


The relaxation peak at 177°C is not associated with 


grain boundaries. since it occurs in single crystals. 
nor is it due to stress-induced diffusion of nitrogen, 


vaiues ot 


prepared and annealed in 


since the 


are identical for alloys 


nitrogen or argon atmo- 


In addition, since the peak occurs near to 


values of 


spheres. 


but below 200°C and the are very 


similar in quenched and slowly cooled specimens, it is 


probably not associated with the order-disorder 


transformation or with quenched-in vacant sites. 


Since Q>.. decreases as the zine content of the alloy 
increases and there is a single relaxation time involved, 
the peak is probably due to stress-induced reorientation 
of nearest-neighbour pairs of copper atoms. 

Although no nearest-neighbour copper or zinc pairs 
brass of 50-50 


can be present in fully ordered / 


concentration of 
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composition, if the composition of the alloy deviates 
from this ideal value, some of the nearest-neighbour 
pairs must be copper-copper neighbours. Due to the 
formation of the y phase, it is doubtful whether / brass 
atoms as 


of the 


can be obtained without some copper 
nearest neighbours.) As the zine content 
alloy decreases, the number of nearest-neighbour 
copper atoms increases until the « phase starts to form. 
In accordance with this, the strength of the observed 
relaxation increases as the zinc content of the alloy 
decreases. 

The mechanism for stress-induced reorientation of 
pairs of copper atoms is similar to that outlined for 
pairs of zinc atoms, i.e. if a pair of copper atoms occurs 
along a [111] direction, a tensile stress along the | 110} 
direction will tend to reorient the copper pair to the 
[111] direction so that the axis of the copper pair 
makes the largest possible angle with the direction 
of the applied stress. 

Consider the reorientation of a copper pair formed 
by atoms at 101 and $33, under the influence of a 
tensile stress along the [110] direction, by movement 
of the copper atom at 101. As for the case of zine pairs, 
only movement to a vacancy at a next-nearest- 
neighbour site will reorient the pair without breaking 
it. Since one of the nearest-neighbour sites of the 
atom at 101 is occupied by the other member of the 
pair, there are thirteen possible movements of this 
atom to nearest- or next-nearest-neighbour sites. 
Of these movements, ten involve a breaking of the 
pair, one reorients the pair without affecting the 
angle it makes with the {110} direction. and two 
reorient the pair and relax the stress by increasing the 
angle between the axis of the pair and the [110] 
direction. Thus, if 7 is the mean time of stay on a 
lattice site and all the thirteen possibilities are equally 


likely, the probability of favourable reorientation 
is 2/137. No 


can 


movement of the copper atom at 343}, 


relaxation of stress occur by 
the 


positions, 


as all 
movements to next-nearest-neighbour 
which reorient the pair in the desired way, also 
produce new nearest-neighbour copper pairs along 
the [111] direction. 

Thus the probability per unit time of stress relaxa- 
tion by reorientation of the pair whilst remaining a 
pair would be 2/13 7if a vacant site is as likely to be 
filled by the movement of a nearest-neighbour atom 
as it is by the movement of a next-nearest-neighbour 
atom. However, nearest-neighbour movements will 
certainly be favoured, and to allow for this the proba- 
bility of stress relaxation will be assumed to be half 
the above value, i.e. 1/13 7. 


If +, is the relaxation time for the process giving 
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rise to the observed relaxation peak, then, following 
Le Claire,“® we find that 


where f is the frequency of vibration at the tempera- 
ture corresponding to 
) 


Equation (2) is again obtained if a tensile stress 
along the [111] direction is considered, since the same 
movements are involved for the required reorientation 
of the pair. 
orientation will be neglected and equation (2) will be 
assumed to be generally applicable. 

From random-walk theory, the diffusion coefficient, 
D, for next-nearest-neighbour diffusion in the body- 


centred cubic structure is given by 


where D is the diffusion coefficient for copper in / 
brass. Values of D calculated from the present results 
are given in Table 2. The value of a used is 2-944 A.@” 


TABLE 2. 
> brass from internal-friction measurements 


Calculation of diffusion coefficient of copper in 


Temperature of Qmax 


1000/7 2.99 


0-40 
29 


Frequency of vibration (c/s) 
D (em? sec!) 


Since the peak occurs below 200°C, the relaxation 
process occurs in a lattice that is ordered apart from 
the disorder due to the deviation of the composition 
from the ideal 50 at. °, Zn composition. The peak is 
not sensitive to heat treatment because the experiments 
described in section 3a indicate that the alloy 
returns very rapidly to the fully ordered state after 
quenching, i.e. any disorder due to quenching 
disappears below 177°C for the rates of heating used in 
The 


ated with this peak is low because the number of 
Further, 


these experiments. relaxation strength associ- 
nearest-neighbour atoms of copper is small. 
the formation of the « phase prevents this number from 
being increased to any large extent by lowering the 
zine content of the alloy. 

The measured activation energy of 31,000 cal/mole 
for this relaxation process is in reasonable agreement 
with the value of 32,900 cal/mole found by Kuper and 
Tomizuka®® for the diffusion of copper in / brass at 
350°C. This agreement suggests that next-nearest- 
neighbour jumps may be the major mechanism for 


the diffusion of copper in ordered / brass. 


INTERNAL FRICTION 


In the following, all considerations of 


OF ASS 


C) Relaxation peaks at 190°C and 285 


The peak at 190°C is only observed when crystals 
of the y phase are present in a single-crystal matrix 


of Pp phase. Similarly, the peak at 285°C is only 


observed when crystals of « phase are present in 


single-crystal matrix of / phase. Thus these peaks are 


probably due either to stress-induced diffusion 


processes in the crystals of y and « phases or to stress 
relative displacement across /-v and 


The 


processes 


relaxation by 


interfaces former unlikely 


processes are 


since such would be characterized by 


single relaxation times, whereas both the present 


peaks are characterized by a distribution of relaxation 
Further, although a diffusion 


times. stress-induced 


process does cause anelastic behaviour in « brass.‘?! 


fol 


occurs at 315°C,““") Le. at 


the peak, a comparable frequency ot vibration 


her tempe! 


a somewhat hig 


ture than 285°C. Thus stress relaxation across the 


interphase boundaries seems to be the most probabl 


pe aks 


explanation for these especially 


bution of relaxation times is characteristi 


49) 
processes 


The magnitude of the internal friction duc 


relaxation across interfaces is 


proportional! 


product of the interfacial area per unit volume 
the relative displacement across the interfaces 
Cases the cry stals ot the ind vA phas S are 
so that the relative displ icement should be 
by increasing the proportions of the y an 
within the limits used in these experiments 


the increase in relaxation strength witl 
proportion of either the 

buted directly to the ine 

This increase 


the 


unit volume 
contrast to results 

slip in pure metals and single-phase 
dependent Oo! 


relaxation strength is in 


seyera 


provided that there are 
section of the specime n 


grain-boundary slip an in 


area per unit volume results In 


displacement at the boundaries 
For both peaks the relaxatio 


lower than that generally found 


grain boundaries, ¢ 


across 


relaxation in aluminium the relaxat 


approximately 0-18, whereas the 


observed in the present 


O-OY4 


laxation strength 


0-006 the $-y interfaces and 


These 


that the 


for 


lowel 


interfaces much ixation 


indicate specimens contain 1 la 


relaxation centres Furthe the 
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relaxation strengths for the two peaks points to a 
difference in relative displacement at the interfaces, 
since the proportions of y and « phases are similar. 
The fact that the peak for stress relaxation across 
$-« interfaces occurs at a higher temperature than that 
for relaxation across /-y interfaces means that the 
relaxation time is longer in the former case. This may 
be attributed in part to the difference in habit of the 
crystals of the second phase, the p-x interfaces being 
rather longer than the /-y interfaces for comparable 
the 


stress 


proportions of the second phase. However, 


activation energy of 38,000 cal/mole for 


the 
ereater than the value of 31,000 cal/mole for stress 


relaxation across p-x interfaces is somewhat 
relaxation across the /-y interfaces, so that a difference 
in temperature for the two peaks is to be expected. 
The details of the kinetics involved in these relaxation 
processes are not clear, but since the generation and 
movement of vacant sites in the /, y, and « phases may 
be involved,» a difference in activation energies is to 


be expected. 
(d) Relaxation peak at 300°C 


The peak at approximately 300°C is only present in 


polycrystalline specimens, and the internal friction 


of a coarse-grained polycrystalline specimen is the 
same as that of a single crystal at temperatures in 
excess of the peak temperature, so that this peak can be 
attributed to stress relaxation by grain-boundary slip. 

The 


process involving grain-boundary slip, but this is 


observed relaxation strength is low for a 
probably due to the very coarse grain size in the 


The 


observed in the slowly cooled specimens is to be 


present specimens lower relaxation strength 


expected, since the crystals of « phase precipitated in 
the 


relaxation that can occur by restricting movement at 


the grain boundaries reduce amount of stress 


the grain boundaries. A comparable effect due to 
impurities has been observed for grain-boundary slip 


6 (9) 


in aluminium"? and silver. The lower temperature 
f the peak in the slowly cooled specimens can be 
attributed to a decrease in relaxation time due to a 
shortening of the the 


interfaces by precipitated 


crystals of « phase. 
e) Relaxation at the critical te mpe rature 


The rapid increase in internal friction at temperatures 
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near the critical temperature is in agreement with 
Kdéster’s results’) and with the theoretical predictions 
of Zener.“ 


Artman’s results, but no explanation of his results 


It is, of course, in strong contrast to 


can be suggested, since the present results were 
obtained over a range of composition covering the 
compositions used by Artman. 

This work was carried out initially in the Depart- 
ment of Physical and Theoretical Metallurgy of the 
University of Birmingham and subsequently in the 
Division of Tribophysies, C.S.I.R.O., Melbourne. I 
wish to thank Dr. A. H. Cottrell, F. R. S., for suggest- 
ing the problem and for many helpful discussions. 
F. Nicholas for 
White for 


assistance with some of the experimental work. 


Particular thanks are due to Mr. J. 
stimulating discussions and to Mr. A. J. 
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STACKING FAULTS BY LOW-TEMPERATURE COLD WORK 
IN COPPER AND ALPHA BRASS*+ 


J. WAGNER? 


In a f.c.c. metal, deformation stacking faults on the (111) planes produce peak shifts, and twin 
faults produce peak asymmetries. In addition, both kinds of faults contribute to the particle size broad 
ening. Samples of o.f.h.c. copper were filed under liquid nitrogen and measured at 160°¢ Under 
these conditions pure copper shows a probability for deformation faulting comparable to that of 80—20 
brass filed at room temperature, and a probability for twin faulting. The faults anneal out rapidly at 
room temperature. Samples of « brass were filed under liquid nitrogen and measured at either 160 ( 
or at room temperature. The probabilty of faulting increases with increasing Zn content and is appre 
ciably greater if filed at liquid-nitrogen temperature than if filed at room temperature 


DEFAUTS D’EMPILEMENT PAR DEFORMATION A BASSE TEMPERATURE 
DANS LE CUIVRE ET LE LAITON «x 

Dans un métal cubique a faces centrées, les défauts d’empilemenat dans les plans (111) résultant d’ uns 
déformation, provoquent des déplacements de raies tandis que les défauts de maclage font apparaitré 
des asymétries. En outre, ces deux types de défauts contribuert a l’élargissement résultant de la taille 
des particules. Des échantillons de cuivre o.f.h.c. ont été limés sous azote liquide et examinés a 

160°C. Dans de telles conditions le cuivre pur présente une aptitude 4 l’apparition de défauts di 
déformation comparable a celle du laiton 80-20 limé a la température ambiante, et de plus une aptitud 
a la formation de défauts de maclage. Ces défauts disparaissent rapidement a la température ambiant« 
Des échantillons de laiton g ont été limés sous azote liquide et examinés soit a 160°C, soit a la tempéra 
ture ambiante. L’aptitude a la formation de défauts croit avec la teneur en zinc et est nettement plus 
grande pour des échantillons traités & la température de l’azote liquide qu’a la température ambiante 


STAPELFEHLER BEI DER TIEFTEMPERATUR-VERFESTIGUNG VON KUPFFER 
UND ALPHA-MESSING 

In einem kubisch-flachenzentrierten Metall rufen Verformungs Stapelfehlet 
Linienverschiebungen hervor, wahrend Zwillings-Grenzen zu einer Asymmetri 
Zusatzlich tragen beide Arten von Stapelfehlern zur Teilchengréssen-Verbreiter 
Unter fliissigem Stickstoff wurden aus O.F.H.C.-Kupfer Feilspane hergestellt und bei 
Unter diesen Bedingungen zeigt reines Kupfer einerseits eine Haufigkeit der Verformu 
die vergleichbar ist mit derjenigen von bei Raumtemperatur hergestellten Feilspanen 
20°, Zn; andererseits ist eine bestimmte Haufigkeit von Zwillingsgrenzen zu find: 
keit rasch zuriick. «-Messing-F‘¢ 


Erholung geht bei Raumtemperatur die Stapelfehlerhautf 
ebenfalls unter fliissigem Stickstoff hergestellt und bei 160°C oder bei Raumtemper 


Die Stapelfehlerhaufigkeit wachst bei ihnen mit zunehmendem Zn-Gehalt und ist 


der Temperatur des fliissigen Stickstoffs merklich grésser als fiir eine Verformung bei R 


1. INTRODUCTION each consecutive laver after the first f 


Cold work in a face-centered cubic metal may we obtain the faulted sequence A Bt 


introduce stacking faults on the (111) planes, as represents a twin in the f.c.c. packing 
Barrett" has first suggested. If we represent a close Fig. 1. The two sequences 

packing of spheres in terms of close-packed hexagonal  f.c.c. structure equally well, an 
layers, there are three sets of positions A, B, and C for the transition from one sequenc 

the atoms in each layer. The sequence ABCA pro- twin fault. The smallest twin which may 
duces a f.c.c. packing, while the sequence ABAB prises three layers. In terms o 
produces a h.c.p. structure. In the f.c.c. metal, 

slip on the (111) plane might introduce a deformation 

stacking fault or intrinsic stacking fault in such a way 

that a B layer following an A layer of the regular 

sequence becomes a C layer. We get the new 

faulted sequence A BCACA BC, which contains four 


lavers of a h.c.p. sequence, as shown in Fig. 1. If 


* Received December 20, 1956. 

+ Research sponsored by the U.S. Atomic Energy Com 
mission and by the Scientists Research Project of the Inter- Fic. 1. Close-packed layers 
national Co-operation Administration. (b) deformation or intrinsk 

* Massachusetts Institute of Technology, Cambridge, Mass. stacking fault, (d) twin or growth 
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can express this twin by the sequence A BCAC BCA, 
where the three layers ACB form the twin. This type 
of fault is called an extrinsic stacking fault. 
Paterson’) has shown that deformation stacking 
faults on the (111) planes of a f.c.c. material produce 
a symmetric broadening of the X-ray powder pattern 
peaks and also a small peak-shift, whereas twin 
stacking faults produce an asymmetric line-broaden- 
ing and a negligibly small peak-shift. The equations 
for the effect of deformation and twin faults which may 
be both present in a cold-worked metal can be obtained 
by using Paterson’s method. The difference equation 
for the fault probabilities has been given by Gevers‘?) 
for the combined effect of both faults in the close- 
We shall give the intensity expres- 
the 


packed sequences. 
f.¢.c. 
series. which is more suitable for our investigations. 

Warren Warekois™) 
filings of alpha brass of different compositions, the 
They 


found that there is a measurable peak-shift in the 


sion for packing in form of a Fourier 


and made measurements on 


filings being prepared at room temperature. 


cold-worked samples due to deformation stacking 
faults. Furthermore, the stacking-fault probability 
increases with increasing zine content. The reason for 
this is not obvious. They suggest that the difference 
packing 


Another 


in energy between the h.c.p. and the f.c.c. 


might be reduced by the addition of zine. 
explanation is that the self-annealing reduces the 
amount of cold work in samples prepared at room 
The 
known to be ve ry high. 


X-ray 


cold work in metals produces a_ broadening 


temperature. self-annealing rate in copper is 


In addition to the broadening 
of the 
faults. 
which is usually assumed to result from a reduction 


powder pattern peaks due to stacking 


in the size of the coherently diffracting domains and 


from the distortion within the coherent domains. 
From the Fourier analysis of the line shape®) Warren 
ind Warekois have calculated the root-mean-square 
strains and the coherent domain sizes in cold-worked 
alpha brass. An appreciable part of the measured 
particle-size broadening resulted directly from the 
measured deformation stacking faults. 

Hirsch, Kelly, and Menter‘® 


concentrations of defor- 


have shown that in 
beaten gold foils there are 
mation stacking faults. Sometimes the sequence CBA 
became more probable than the regular sequence A BC. 


We called the CBA the f.c.e. 


packing. 


sequence a twin in 

Therefore it seems necessary to introduce the possi- 
bility of having twins which may be produced by 
concentration of deformation stacking faults or by 
growth of extrinsic stacking faults. The Paterson 


theory assumes random distribution of the defor- 


VOL. 5, 1957 

mation stacking faults and does not include a concen- 
tration of these faults. We think that deformation and 
twin stacking faults, both distributed at random in 
the cold worked material, will represent a reasonable 
picture of what really happens in the metal during 
cold work. In the next section we shall give the 
intensity expression for the effect of deformation and 
twin stacking faults occurring at random on one set of 


(111) planes of a f.c.c. metal. 


DEFORMATION AND TWIN 
SAMPLE 


2. EFFECT OF 
STACKING FAULTS IN A F.C.C. 
Ay, and a, be the cubic axes and Akl the 
corresponding indices. In terms of one set of (111) 


planes, we introduce hexagonal axes A,, As, and 


A, and the corresponding indices HAL, which are 
defined by the transformation equation given by 
Paterson and by Warren and Warekois. 


The intensity is given by: 
(1) 


where J, is the intensity scattered by an electron, f is 
the scattering factor, S and S, are unit vectors in the 
direction of the diffracted and primary beams, and 
r m,A ) O(m.) is the posi- 
3<t3/¢ 3) | 


m > > 


tion of an atom in layer Ms. 
We represent the diffraction vector in terms of the 


continuous variables h,h,h,, and the vectors B,B,B, 


reciprocal to A,A,A 


3 


h,B, h,B, h,B, 
Let us introduce the abbreviation 
.. Sin* 7N,h, sin? 7N yh, 


sin? zh, 


sin? zh, (9) 
which differs significantly from zero only where h, and 
h, are closely equal to the integers H and K. If N,, 
is the number of layers having an mth neighbor and 
N is the total number of layers, we can write the 
double sum of equation (1) as a single sum over 


Mle. 


Ms 
271 
I weN S m! po P~ exp (H — K)| 
3 | 
[ 271 
P™ exp (H K) } exp | mh) 
o J 
(4) 


WAGNER: STACKING FAULTS 
where 
layers, m layers apart, are in the relationship A . . A 

as... 4..¢C... BF K = 3M, where 
M is an integer, the effect of stacking faults drops out, 
crystalline reflection. 


and P> are probabilities that two 


because we have the relation P,? 
and we 


If H 


have an ordinary 
K = 3M + 1, we can write 


3/2P° 


exp (2zimh,/3) (5) 


ut 


If deformation and twin stacking faults are both 
present in a f.c.c. metal, one can show that P>, 


equation and inserting it into the equation (5), one 


Calculating P)} by using Gevers’ difference 


obtains: 


x V 
> Z"[cos 


N 


tan sin 2am(h,/: 


= Z"™(cos 3 


tan uw sin 


where 


=P); 


3a(1 


4a(1 2/) 


tan 
4a(] 


x) 

x, is the probability of finding a deformation stacking 
fault between any two neighboring layers and / is the 
probability of finding a twin fault between any two 
neighboring (111) layers. 

Equation (6) represents a function having two 
maxima. One corresponds to the regular sequence 
ABC and the other to the twin in the f.c.c. packing. 
Each part of the equation shows the two principal 
effects of stacking faults: asymmetric line-broadening 
and peak-shift. 

Let us consider first the effect of stacking faults on 
The product N,,Z"/N = A 


the line-broadening. 
be considered as the cosine coefficients of the 


can 

Fourier series given by equation (6), whereas (tan jz) 

B the 
m m 

Let IC,,| represent the absolute value of the Fourier 

Using the 


represents sine coefficients. 
coefficients and uw be the phase angle. 


method of Bertaut’ and assuming that « and / are 


9 
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small, the initial slope of the |C,| versus m curve gives: 


dm 


where 7 is the average number of layers per crystal 


In general, one determines experimentally the 


Fourier coefficients, corrected for distortion broaden- 
the Warren Averbach 
function of the distance L The initial slope of 


ing by and method,"® as a 


the C, versus L curve gives 


where D is the effective particle size, L is the average 


size of the coherent domains in the direction normal 


is the distance between 


and d is 


to the reflecting planes, a 


two neighboring (111) layers, the angle 


between B, and HB, KB, + h,B, in the hexa- 


gonal reciprocal space of the f.c.c packing The phase 
angle uw allows us to determine the twin probability 


» 


using the relation tan /A If x and are 


small, we can write 


V3stan u 


which determines ( independently of « 
In addition to the asymmetric line broadening 
The 


series represented by equation (6) peaks at values of 


stacking faults produce a_ peak-shift Fourier 


h, given by h. 3p 3/2 where p is an 


integer and the (-+-) sign corresponds to the vf 


L 3M’ 1, WW’ being 


zero, tan vy, = V3. If Ah, is the shift in peak position 


an integer. If « and # are 


due to stacking faults, 
Ah. 
and for small « and / this becomes 


Ah; 


which is identical to the expression derived 
Warren and Warekois for the 


stacking faults 


son and by 
deformation Converting the 
rocal space co-ordinates fA, into diffractomete! 


ordinates 24°, one obtains 


3 
20°) 


where 4, is the Bragg angle and /5 = h* 
being the cubic indices. The peak shifts allow us t 
determine the deformation-fault probability « inde- 
pendently of the twin-fault probability / 

The equations (8), (9), and (12) are valid only for one 


point in the hexagonal reciprocal space of the f.c.c 


( 
| 
< ) 
I=~YN > 
m N 
-(+)iV3/2 (P; — 3 
(Lom l 3a2+ 
COS ~ 
— 
L=0 
1/2 + »/27)) 
1/2 + + 1/2 — v/2n) 
1 A = 
| 
(6) 
Z = — — — 
tan v 
p 
CU 
A —atan 12 
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packing. On a powder pattern peak we observe the 
superposition of interference lines which correspond to 
different points in reciprocal space. These reciprocal 
points may be affected by stacking faults if H — K 

3M 1 or not if H kK 


ent angles ¢ and co-ordinates h,. Therefore we have to 


3M, and may have differ- 


use averaged expressions for the calculation of the 
fault probabilities x and / from the effective particle 
size (D) and peak shift (A(26°)) obtained from a pow- 
and 


der pattern peak. The averaged values of (D 


A(24°)) are given by the following equations: 
we) 
c+ 26 

D 


cos (13) 


A(26°)) *jtan (14) 


ay 
where j is the fraction of (hkl) planes affected by 
stacking faults, cos ¢=h,/\/3ly, and G= (+) 
904/3 (cos and (G) are averaged values 
for the (hk/) reflections, which are affected by stacking 
faults. 


TABLE 1. Values of j, (cos ¢), j. 
for the different (hk/) reflections 


cos ¢,) and 


3. EXPERIMENTAL RESULTS FOR COPPER 
AND ALPHA-BRASS 


O.f.h.c. copper and z-brass of the approximate 


composition 90-10, 80-20, 70-30, and 65-35 were 


cold-worked by making filings under liquid nitrogen. 
The filings of copper and 90-10 %-brass were filled into 
a brass holder at low temperature, protected by a thin 
160°C 


throughout the measurements by a stream of evapo- 


sheet of cellophane, and kept at 
rated nitrogen passing through the brass holder and 
blown on top of the sample to keep its surface free 
The brass holder could be mounted on a 
of the Norelco diffracto- 


The filings of 80-20, 70-30, and 65-35 brass 


from ice. 
Plexiglas-goniometer-head 
meter. 
were filled into a holder at room temperature, using 
Canada balsam in Xylol as a binder, and kept at room 
temperature throughout the measurements. 

The shapes and shifts of the (111). (200), (220), (311). 
and (222) reflections were measured with a Norelco- 
diffractometer, using Co-A% radiation. The shapes of 
the 


Geiger-counter 


200) and (400) peaks were measured with a 


diffractometer using monochroma- 
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Cu-Ka 


recording of the peaks was possible. 


tized radiation. In all cases automatic 

The cold-worked copper and «-brass samples show 
very strongly all three X-ray effects: distortion 
broadening, asymmetric particle-size broadening, and 
peak-shifts. The 
bability was determined from the change in the sepa- 
ration of the (111) and (200), of the (200) and (220), and 


of (220) and (311) reflections. To minimize positioning 


deformation stacking-fault pro- 


errors, all peaks were recorded in a single run. The 
(111) and (200) peaks had to be corrected for the 
variation of f?, the polarization factor, and (sin 4)~*. 
The conversion of 29° into the hy scale was not neces- 
sary for lines at an angle 24° less than 120°. Since all 
peaks were more or less asymmetric, the center of 
gravity could not be used to determine the maximum 
peak position. Therefore we extrapolated the center of 
the peaks, measured at different heights, against the 
top of the curve, and took the extrapolated 24 value as 
the position of the maximum of the powder pattern 
peak. This method could only be used when the peaks 
were very broad and the separation of the Ka, and 
Ka, lines could not be detected on the chart. For the 
sharper lines we used the method of Papoulis,' 
which is less sensitive to errors in the determination of 
the peak tails than the center-of-gravity method. The 
accuracy of the determination of the maximum peak 
+0.01° in 26°. 

Fig. 2 shows the measured (111)-(200) peak sepa- 


position is about 


ration for copper and 90-10° %-brass. The values corre- 
spond to filings prepared under liquid nitrogen, 
annealed at the temperatures indicated, and measured 
at C, 


min and the 90-10 brass samples for 20 min. 


The copper samples were annealed for 5 
Since the 
values at the right represent well-annealed samples, 
there is a decrease in the (111)-(200) separation as a 
result of the cold work under liquid nitrogen. 


| (a) 


0-09° 
| (b) 
/ 


8-40 
-200 


400 


200 


Fic. 2. The 26 separation between (111) and (200) for (a) 
o.f.h.c. copper and (b) 90-10 x%-brass. The values correspond 
to filings, prepared under liquid nitrogen, annealed at the 
temperatures indicated, and taken back to 160°C for the 
The copper samples were annealed for 5 min 
and the 90-10 brass samples for 20 min. 


measurements. 


= 
hkl cos & jicos d uG 
111 3/4 1/3 1/4 3.95 
200 l/y3 7.90 
220 1/2 3.95 
311 1/2 / 3/4/11 / 3/2/11 1.44 
222 3/4 1/3 1/4 
| 
8-60}—— 
A 
— 
8 0-13° 
oN | 
> 
= 
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The variation of the (111)-(200) peak separation 
with the annealing time is shown for pure copper in 
Fig. 3. 
nitrogen, annealed at room temperature, and taken 
back to After 5 hours 
most of the effect of deformation stacking faults 


The samples were cold-worked under liquid 
160° C for the measurement. 


anneals out. 

Since 90-10 «-brass shows a larger peak separation 
than pure copper, it was interesting to see the effect of 
the addition of zine in copper on the cold work at 
liquid-nitrogen temperature. Table 2 summarizes the 
(2631 
20)-wv)annealeas Measured from the separations of the 
(200)-(111), (220)-(200), (311)-(220), and (222)-(311) 
peaks, for alpha brass filings with different zine 


values of eola-workea Minus (26), 


The reciprocal deformation stacking-fault 
the 


content. 


probabilities « were obtained by following 


equations: 
A(26°)) 


A(20°)) 


(2054 — 


where 


H ((G) tan 8°) — ((G@)j- tan 


By comparing the signs of the quantity W and those 


of the peak separation, it can be seen that the theory 


predicts the shifts in the right directions except for the 


(222)-(131) peak separation. This change in peak 


separation should be very small and negative, if we 


have random deformation stacking faults in the cold- 


work material. The values of «~!, computed from the 
change in separation of the (111)-(200) and (311)-(220), 
agree very well, whereas the values of x~', which we 


We think 


that these discrepancies are due to the fact that we 


obtain from (220)-(200), are always larger. 
do not have random faulting in the filings. The mean 


values of x~!, computed from the observed peak-shifts, 


8-63— 


| 


1000 
min 


90 300 

t-> 
Fic. 3. The 20 separation between (111) and (200) for 
o.f.h.c. copper. The values correspond to filings, prepared 
under liquid nitrogen, annealed at room temperature for the 
period indicated, and taken back to 160°C for the measure 


ments. 


FAULTS BY 


LOW-TEMPERATURE C 


TABLE 2. Peak shifts and 
fault probabilities in copper and alpha brass 
liquid-nitrogen temperature; copper 

brass at room temperatur« 


reciproca 


meas 


Peak- 


Composition 
I snilt 


90-10 


decrease with increasing Zine content, aS Was already 


shown by Warren and Warekois. But by cold working 


at low temperatures we were able to put more faults 


into the samples. 


Since the stacking faults produce a peak-broaden 


ing, a Fourier analysis was made for the four reflec 


tions (111), (222), (200), and (400). These fow 


tions were the only pairs ol multiple orders 


would allow the separation of the broadening « 


the domain size and strains. Corresponding 


from well-annealed samples were used to corr 


instrumental broadening by the Stokes meth: 


The 


versus 


corrected coefticients re represented 


L and 


significance of a 


tan u, versus L 
distance normal 
plane 

and 


Warren 


separate the broadening dur 


Using the 


due to strains, we detern 


particle size (D), which ine 


particle size and stacking fa 
square strain components 
these quantities with the ann 

und in Fi 


shown in Fig. 4 for copper filings 


10 «-brass filings. Since the variation 


the reciprocal deformation 


which are also shown in these figu 
can conclude that the sn 
strains in the 


The 


direction in the copper filings decrease 


deformation stacking faults 


temperature and are very small at 


The 


values of B,/A, 
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it I St King 
rked at 
¢ 
L00-0 200 0.09 6.36 
220 200 0.08 8 36 
31] 220 0.09 5.95 f 
222 311 0.03 1.20 
200 Li] 0.12 6.32 ) f 
220 200 0.10 8.28 $3 
311 220 0.11 9.85 
222 311 0.05 1.18 
80-20 200 111 0.18 6.28 35 4) 
2?0 200 0.12 8.23 55 
311 220 0.17 5.78 35 
222 311 0.04 1.16 
70-30 200 Ll] 0.27 6.25 23 25 
22() O.25 16 3° 
a 311 220 0.26 5.70 | 22 
222 311 0.09 1.13 
65-35 200 L111 0.35 6.20 LS 20 
220 200 0.34 8.08 24 
311 220 0.31 ».65 18 
) 222 31] 0.09 1.10 
A 
A(28°)) 
JOL. 
method.’ 
MEE ined the effect 
—. | 
o = 8-60} — 4 | = 
S 
| | 
11] 
versus 
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0-004 


Fic. 4. Values of for DL 50. A, a, and 
for cold-worked copper filings, prepared under liquid nitrogen, 
annealed for 5 min at the indicated, and 
measured at 160°C. 


temperatures 


could be directly used to calculate the twin-fault 
that the 


broadening due to true particle size, deformation 


probability Dp by equation (9). assuming 


stacking faults, and strains is symmetric. In practice, 
one has to be sure to pick the right maximum peak 
position as the zero point of the Fourier intervals. 
Otherwise, one obtains sin-coefficients even for a 
symmetric line due to the shift of the origin of the 
Fourier intervals from the maximum peak position. 
As can be seen from Table 1, only the (200) powder 
pattern peak consists of lines which are affected in the 
same way by stacking faults. Therefore we used this 
200) reflection, corrected for the variation of f?, 
polarization factor, and (sin 9)~*, and in addition for 
overlapping with the (111) reflection, in order to deter- 
mine the twin-fault probability 6. Since the asym- 
metry of the peak is small, the sin-coefficients were 
about 5 per cent of the cos-coefficients and could be 
neglected for the evaluation of |C,|. It follows from 
equation (9) that tan uw, should be a constant inde- 
pendent of L. This is not quite the case, but we think 
that part of the small deviation from the calculated 
mean value of tan yw, is due to the difficulty in deter- 


mining the right tails of the peak. 


raBLeE 3. 


Results for copper and alpha brass, cold-worked under liquid nitrogen; 


VOL. 


-100 200 


50 A, a, and D 111 
prepared under liquid 
temperatures indicated, 


Fic. 5. Values of (e7)1\5 for L 
for cold-worked 90-10 brass filings, 
nitrogen, annealed for 20 min at the 
and measured at 160°C. 

For the five cold-worked samples with different zinc 
content the numerical results are given in Table 3. 


1 was 


The reciprocal twin-fault probability com- 
puted from the mean value of tan ~;, using only the 
tan uw, values for small L. 

The reciprocal deformation-fault probability «~! was 
calculated from the peak-shifts by means of equation 
(15). The part of the particle size which is actually due 
to deformation and twin faults was computed by 
using the equation 

cos 


and (D 
taken from the initial slopes of the \C;| versus L 


The effective particle sizes ooo Were 
curves and the root-mean-square strains were arbi- 
trarily taken at L = 50 A. 

For cold-worked copper and «-brass the measured 
particle sizes were not only surprisingly small, but the 
ratio of (D),4,/(D)199 is about 1.7 to 2.0, which cannot 
be explained by any reasonably shaped particle. 
The stacking-fault theory predicts a 1atio of 2.3 for 

D)441/(D)199. Which is pretty close to the observed 
values. Furthermore, from the measured values of « 


copper measured at — 160°C, 


brass at room temperature. 


Composition 


100-0 
40-10 
70-30 


65-35 


2\1/2 
€"/i11 


0.0034 
0.0030 
0.0034 
0.0038 
0.0041 


0.0043 
0.0050 
0.0060 
0.0062 
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and we compute a fictitious particle size 
which agrees very well with the measured effective par- 
ticle sizes (D),,, obtained from the peak-broadeniny. 

The root-mean-square averaged strain components 
e,)'/* in the [100] direction are about 1.5 times those 
for the [111] direction. This can be explained by the 
variation of Young’s modulus with the crystallographic 
orientation. The ratio of the mean values of Young’s 
moduli, calculated on the basis of the assumptions of 
Voigt") and (18) 
a-brass for the [111] and [100] directions is about 


2.0 and agrees fairly well with the measured values. 


those of Reuss for polycrystalline 


4. DISCUSSION 
These experiments show that the amount of cold 
work could be increased considerably by preparing 
filings at liquid-nitrogen temperature, as shown in 
Fig. 6. The effective particle sizes measured from the 
line-broadening are about half of those measured by 
Warren Warekois 


temperature, whereas the strains are approximately 


and on filings made at room 


the same. In addition, we observe a measurable peak- 
shift in pure copper and 90-10 brass. This indicates 


that the stacking-fault probability could be increased 


oO 


ve) 


35 


) 


Cc 


O 


101 (c) 
0 


10 20 30 
Percentage Zn 


Values for cold-worked copper and «-brass filings 


12 for L 50 A, (b D 


Fic. 6. 
with varying zine content. (a) (¢7 
and (C) and p 

@ Values for o.f.h.c. copper filings prepared under liquid 

nitrogen, annealed for 5 min at 100°C, and measured 
at 160°C. 
Values for 
nitrogen, and measured at room temperature. 
Values for «-brass filings, prepared and measured at 
room temperature by Warren and Warekois." 
a! for o.f.h.c. copper filings, prepared and measured 


x-brass filings, prepared under liquid 


at room temperature by Greenough and Smith.''* 


BY 
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by low-temperature cold-work. The broadening and 
the peak shift of copper cold-worked and kept at low 
SO-20 


temperature are comparable to x-brass 


worked and measured at room temperature. But the 
self-annealing removes the stacking faults so rapidly 
that copper filings prepared and measured at room 
temperature show only a small effect.“ 

The 


bability in alpha brass increases with increasing 


deformation or intrinsic stacking-fault pro 
zim 
content at the same rate, as was found by Warren and 
Warekois. that 


influence on the formation of stacking faults by 


These results suggest there is al 
the 
addition of zinc. But the stacking-fault probability 
depends not only on the zine content but also on the 


of the cold 


maintained. 


amount work that c: put in and 


The broadening of the powder pattern peaks fron 
cold-worked material is found to be 
The 


clearly on the (200) reflection, because all lines contri 


slightly asym 


metric. asymmetry could be observed very 


buting to this peak are affected by stacking faults in 


the same way. This is not the case for the (111 


and (311) reflections. The asymmetric line- broadening 
can be explained by the appearance of twins in the 
cold-worked filings. It may be that these twins are 
formed by a concentration of slip-stacking faults or by 


The 


growth of extrinsic stacking faults twin-fault 


probability determined from the reflection 


increases also with increasing zine content and 


always about twice the deformation stacking-fault 
probability. Since each twin has two boundary 
the 


faults 


which are the twin faults number of twins will 
half the Therefor 


conclude that the number of twins and of d 
he ime. If 


number of twin 


faults are approximately 


only ot one 


assume that the twins consist 
corresponds to extrinsic stacking faults. we 


clude that there are extrinsic and int 


faults in a cold-work material with equal 


The small particle sizes in copper and «-brass 1 


the Fi 


from the initial slope ol uurier coeti 


almost completely due to deformation 


stacking faults 
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X-RAY STUDY OF THE PLASTIC DEFORMATION IN ZINC SINGLE CRYSTALS* 
WEI + 


Plastic deformation in zinc single crystals was studied in its earliest stage by using the Schulz technique 
Elliptical ring-shaped imperfections were detected near the crystal surface. The X-ray pattern of thi 
ring can be accounted for by no more than ten dislocation loops, possibly originating from a single source 
Some possible mechanisms for the formation of the observed band-like structures from the rings ar 
discussed. 


RONTGENUNTERSUCHUNG DER PLASTISCHEN VERFORMUNG VON 
ZINK-EINKRISTALLEN 
Mit dem Verfahren von Schulz wurde die plastische Verformung von Zink-Einkristallen in 
Anfangsstadium untersucht. Dabei wurden in der Nahe der Oberflache Kristallfehler in Forn 
tischer Ringe gefunden. Das Réntgendiagramm dieser Ringe lasst sich mit nur zehn Versetzungsringen 
deuten, die médglicherweise von einer einzigen Versetzungsquelle stammen. Fiir die Entstehung di 


beobachteten bandartigen Strukturen aus den Ringen werden einige mégliche Mechanismen diskutiert 


ETUDE AUX RAYONS X DE LA DEFORMATION PLASTIQUE DE 
MONOCRISTAUX DE ZIN( 

La déformation plastique de monocristaux de zinc a été étudiée & son stade initial par utilis 
technique de Schulz. Des imperfections ayant la forme d’anneaux elliptiques ont été observé« 
la surface des cristaux. Le diagramme de rayons X d’un tel anneau peut étre interprét 
d'un petit nombre de boucles de dislocations (inférieur & dix) peut-étre forméc 
unique. L’auteur discute divers mécanismes susceptibles d’expliquer la forn 


“bandes”’ a partir des anneaux. 


INTRODUCTION 

Under suitable conditions, low-angle boundaries may be sufficient lattice distortion for detection 
having a relative tilt angle of somewhat less than by the Schulz technique. In order to 
| min of are may be detected by means of the technique this type of defect, experiments wer 
described by Schulz.”:?) The dislocation density with slightly deformed zine crystals 
along a tilt boundary of 1 min disorientation is of 
the order of one dislocation per micron. Since the . 
half-intensity penetration of the X ray used in Zine orystat were prepared from 1 
diffraction work, having a wavelength of 1 or 2A OF purity 
is of the order of a few microns, one might well say melt using the “soft mold” technique 
that the Schulz technique is capable of detecting 
the effect on X-ray diffraction of a few dislocations. 
Recently, it was observed’ that Jillson dimples 
in zine single crystals give rise to Schulz patterns 
such as those shown in Fig. 1 (convex side), which 
can be interpreted in terms of lattice curvature. 
An estimate of the dislocation density from the 
observed lattice rotation indicates that the number of 
dislocations in the surface layer corresponding to 
the penetration of the X rays on one side of the 
center of the smallest dimple observed of some 
200 4 diameter may contain as few as twenty dis- 
locations. Therefore, it may be expected that, 
if some simple dislocation configuration develops 
near the surface of a crystal at the very beginning 
of plastic deformation, for instance an array of 
dislocation rings generated by a single source, there — fine-focus X-ray tube, tur 
exposure 500 wAh, Ni filter 


en -fil 


* Received September 13, 1956; in revised form October 8, distance 12 cm, speci 
1956. approximate ly 
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as the packing medium.“ Analysis of a crystal 
showed that the Fe, Pb, Cd, Sn, and Cu content is 
0.001°,, or less each, with no As and Al detected. 
Predetermined crystal orientation was achieved by 
welding on to the end of a rolled polycrystalline 
thick 


blank 20cm long, 2cem wide, and 0.25 cm 


a seed of the desired orientation. The melting was 
done in a He atmosphere of 2 cm Hg pressure, a 
condition under which the loss of zinc due to vapori- 
zation not The 
made nearly parallel to the flat surface and the 
[2110] direction parallel to the longitudinal direction. 
back- 


was excessive. basal plane was 


Crystal orientations were determined by 


Laue technique to within }° accuracy. 


reflection 


A “zone reflection camera’) was used to obtain 
Schulz patterns easily indexed. 

Specimens were cut from the oriented single 
crystals by using an acid saw‘® and examined with 
the Schulz technique before and after plastic defor- 
mation was initiated in them. The sketch of an appa- 
ratus used for bending is shown in Fig. 2. The load 
is applied to the specimen by means of four rollers. 
In the ideal case, the portion of the specimen between 
the two center rollers is subjected to pure bending. 
The shear stresses acting on both the X-Y and Y-Z 
planes are zero throughout this region. If the basal 
plane were exactly parallel to the surface of the 
specimen, the resolved shear stress on the slip plane 
in the slip directions would also be zero. However, 


this condition has not been realized; in the specimen 


prepared, the basal plane makes a small angle with 


the specimen surface so that there is always some 
small resolved shear stress on the slip plane in the 
The 


maximum value near the specimen surface where 


slip direction. resolved shear stress has a 


the fiber stress resulting from the bending moment 


is maximum. If the stress is large enough for some 


plastic deformation to take place, it may be expected 


to occur at the surface of the specimen where it 


Specimen 
Neutral 
} plane 


Fic. 2. Bending apparatus, Y-axis perpendicular to the 
paper not shown, width of the specimen 6 measured in the Y 


direction. 
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Fic. 3. Schulz pattern of a zinc specimen before loading, 
low-angle boundaries resulting from growth 
dark and white lines mainly parallel to the direction of growth 
black ares (marked) resulting from characteristic radiations, 
conditions as in Fig. | using zone-reflection 
camera, focal spot-specimen and specimen-film distances both 
13.5 em (oblique), exposure 1000 mAh, angle of 
incidence approximately 30°. X-ray magnification 2 
optically enlarged 1.2 


appearing as 


same except 


equal to 


The 


resolved shear stresses in the various systems can 


may be detected by the Schulz technique. 
be estimated by assuming either one of two extreme 
cases, namely, (a) the stress is proportional to the 
distance from the neutral plane in the case of elastic 
bending, and (b) the tensile stress on one side of 
the neutral plane and the compressive stress on 
the other side of the neutral plane are uniformly 
distributed. The two limiting values for the resolved 
shear stress thus obtained differ from each other by 
a factor not larger than 1.5. 


Fig. 3 shows the Schulz pattern of a specimen 


Fic. 4. Fig. 3 
after loading to F'/b 


upper left (marked), conditions the same as in Fig. 3. 


Schulz pattern of the same specimen as in 
0.9 kg/em, two dimples observable at 


® 
. 
y is) c y 
4 ae 4 
—~<—i2mm 
~ 35mm ~ 
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kink boundaries were formed during the course of 
loading. It was observed that these kink boundaries 
sharpened gradually and the angle of tilt increased 
gradually in the course of about 10 sec after the 
application of the load. As determined by the back 
reflection Laue technique, the final value of this 
angle was about 4°. Microscopic examination aftet 
etching showed no sign of twinning. No macro 
scopic change in shape was observed in the specimen 
between the two center rollers. However, the } 
pattern showed great complexity. At the cente 
of Fig. 5 there appear three sets of bands of a ““wavy’ 
nature. The alternately higher and lower X-ray 
intensities may be interpreted as a result of the 
focusing and dispersing effects of slight lattic 
Fic. 5. Schulz pattern of the same specimen as in Fig. 3 Curvatures. The bands always extend in a direction 


after loading to F'/b 2.2 kg/em, showing complexed band perpendicular to the corresponding slip directio1 


like structure. 
and may be observed, upon careful examination 


before loading. The specimen is comparatively perfect 
in spite of the presence of low-angle boundaries 
which appear as dark and white lines. The specimen 
was then loaded successively to a load per unit 
width of F/b 0.4, 0.9, and 2.2 kg/cm, for a period 
of 1 min each. F is the concentrated load applied 
(Fig. 2) in kg and } the width of the specimen in cm. 
No macroscopic change in the appearance of the 
specimen was observed after loading to 0.9 kg/cm. 
No change in the Schulz pattern was observable 
after loading to 0.4 kg/em. Schulz pattern taken 
after loading to 0.9 and 2.2 kg/cm are shown 
respectively in Fig. 4 and Fig. 5. Two dimples 
(concave side) overlapping each other are observable 
at the left of Fig. 4. They are formed due to the 
nonuniformity of the applied load. However, at a 


load of 0.9 kg/em there is no change at the cente 
of the specimen as compared with Fig. 3. Fig 6 he individual elliptica 

observed in a zinc single crvyst 

is a sketch of the top and front surfaces of the specimen in Fig. 3, except optically enlarg 


after loading to 2.2 kg/em. At this load, four sharp - 
, to be formed of overlapping elliptical 


elliptical rings with higher and lowe 


sities on the two sides were also seen 
deformed crystals and in slightly deform 
around dimples. Fig shows. thre 
well separated, elliptical rings formed i 


gripped at its corners. Fig. 8 shows th 


of elliptical rings formed around the cor 
f a dimple. But these rings are just 
lapping to form the same band-like 
those observed in Fig. 5 


q 
In orde1 to check whether the ring 
4 


located near the surface of the crystal 


Fic. 6. Sketch of the top and front surfaces of the same with observable rings in 
specimen as in Fig. 3 after loading to F'/b 2 cm showing = | Wit 
four sharp high-angle kink boundaries formed bor etched until a layer U.Uo cm 


kg 
by 


shear, 2 
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Section P-P 
Fig. 8. Elliptical ring-shaped imperfections observed around 
the concave side of a dimple, same conditions as in Fig. 3, 


if 


except optically enlarged 2 


from the surface. The rings were no longer observed 


after etching. They must correspond to imper- 


fections near the surface of the crystal. The rings 


observed in some specimens appear to be much 
more elongated in the direction perpendicular to 
the slip direction than those observed in Fig. 7. 
The resolved shear stress required to form the band- 


like structure in Fig. 5 where the crystal surface 


encloses an angle of 1.5° with the basal plane corre- 


sponding to a rotation about the [0110] axis is 


estimated to lie between 720 and 1080 (2) 


the 


g/cm, 


while critical resolved shear stress necessary 


to initiate the rings appear to lie between 450 and 


540 g/cm? 
DISCUSSION 


From the observed facts it may be concluded 


that the elliptical rings must be 
the 


may 


closely related to 
The 


extend in 


initiation of plastic deformation. rings 


line up ilongside each other, or 
directions perpendicular to the slip direction forming 
the band-like structures. 

the 
S 1s approximately 0.04 em wide 


The X-ray 
undisturbed: thus the 


The actual size of each of the three rings at 
right side of Fig. 


ind 0.07 cm long. intensity outside 


these rings is lattice dis- 


tortion must be confined to an area in the crystal 
fact 


that the X-ray intensity is higher at their left side 


corresponding to the area of the rings. The 
and lower than the surrounding at their right side 
suggests that the crystal lattice is distorted in those 
localized regions in such a way so as to have a double 
curvature, that at the left side of the rings the lattice 
curvature so that a focusing effect 


has a concave 
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is produced, and at the right side the lattice has a 
convex curvature so that the diffracted X rays are 
dispersed to account for the low-intensity region. 
The amount of rotation of the [0001] axis within 
such a ring must lie between two extremes. Assuming 
that the X rays diffracted from the extreme right 
side of the ring are shifted to its extreme left side, 
a maximum shift corresponding to the small diameter 
Such 


a shift corresponds to a rotation of the [0001] axis 


of the elliptical ring, 0.04 cm, is obtained. 


by 2.6 min of are. Assuming that the high-intensity 
region is just due to overlapping of X-ray inten- 
sities as a result of lateral shift of the elliptical 
ring as a whole, a minimum shift corresponding to 
the width of the high-intensity region, amounting 
to 0.01 cm is obtained, corresponding to a rotation 
of the [0001] axis by 0.6 min of are. An 


value for the shift of 0.025. cm, corresponding to 


average 


a rotation of the [0001] axis of 1.6 min of arc, may 
That 
the amount of rotation of the [0001] axis is maximum 
at the of the 
along the major axis toward both ends is suggested 
by the fact that the width of the high-intensity 
the 


be taken as the first-order approximation. 


center rings and decreases to zero 


region is maximum at center and decreases 
toward both ends. 

From the above observations a physical picture 
may be formed, according to which each ring consists 
of dislocation loops, probably originating from a 
single generator, operating near the crystal surface 
under a critical resolved shear stress of the order 
of 500 g/em?, on this basis, an estimate may be made 
of the number of dislocation loops in each ring 
to account for the observed X-ray diffraction effects. 

Considering a plane P perpendicular to the basal 
plane and containing the minor axis of the ellipse, 
the dislocation observed on P 


average density 


near the ellipse will be 1.86/1.63br per cm?, where 


b is the Burgers vector and r is the radius of curvature, 
both in em, and the factor 1.86/1.63 is a correction 
due to the c/a ratio of zinc. The value of 7 can be 
calculated from the observed rotation of the [OOO1}| 
one-half of the length of 
the small diameter of the ellipse; the value obtained 
is 44cm. 


of 6 and r, 


axis and averaged over 


Substituting the corresponding values 
one obtains an order of magnitude of 
dislocations per em?. 

The elliptical shape of the rings is significant. Since 
the basal plane makes a small angle of about 1.5 
with the surface of the specimen, dislocation loops 
expanding from a source on such an oblique plane 
with and just beneath 


respect to the specimen 


surface will run out of the crystal surface at one 
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Fic. 9. Proposed dislocation configuration in a ring 
to account for the observed X-ray diffraction effect. 


side of the ring and run into the depth of the crystal 
at the opposite side, where their effect on the lattice 
the this 


observation, the depth of the presumed dislocation 


curvature at surface diminishes. From 
source of the particular ring observed in Fig. 8 can 
be calculated in the following way. 

Let us assume that the ring is formed by a spiral 
dislocation line of uniform pitch originating from a 
single source (Fig. 9), which is situated at the middle 
of the ring and is s cm beneath the surface of the 
crystal. Then the dislocation loops intersect the 
plane P described above along a line Q which encloses 
with the surface of the crystal an angle « = 1.5 
due to the observed deviation of the crystal orienta- 
tion trom the ideal (0001) [2110] orientation. The 


minor axis of the ellipse will then be a measure of 


the depth s of the source which is given by s =r,,,, 


is the half-length of the minor 


a cm, where 1, ino: 


axis of the ellipse in cm and « is given in radians. 
the 0.02 cm and 


Substituting values of 


minor 
ed LS 277/360, one obtains s 0.0005 em o1 
5 uw. Assuming that the local lattice curvature pro- 
duced by dislocations concentrated in that locality 
corresponds to the overall lattice curvature that 
would be observable in the crystal as a whole if 
dislocations were distributed everywhere with the 
same density, then the number of negative edge 
dislocations left 


0.0005 0.02 


of the source is equal to 1/2 
= 5. The 


between successive dislocation loops will be 0.02/5 


average distance 


em, or 40. Assuming the dislocation density is 
the same along the minor and major axes of the 
ellipse, there will be 0.035/0.004 9 screw dis- 
locations counted along the major axis. 


If the above interpretation is correct, the depth 
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of the source as well as the deviation of the basal 
surtace 


the 


plane from parallelism with the crystal 


will affect the shape of the rings. The smaller 
deviation, the closer the shape approximates a circle 
cases are 


Fig 


The rings are not 


The fact that the rings observed in some 


much more elongated than those observed in 
7 may be explained on this basis 
the deviation is 
That the 


0.1 cm 


expected to be observable if 
than a 


rings 


more 
the 
the 


few degrees. dimensions of 


seldom exceed might be due to 


tension of the concentric dislocation loops, which 
exerts a back-pressure tending to prevent the gene 
and which 
phase of the 


this 


rator from operating indefinitely may, 


thought of as one work- 


Due to 


therefore, be 
hardening phenomenon. circumstance 


new generators will become operative to accomplish 
the plastic deformation. 

Since a screw dislocation does not result in a change 
of spacing of the slip plane, or cause the latter to 
warp, the screw component of dislocations produces 
effects 
This 


rotation of the 


no observable diffraction the 
the 
that 


[OO0O1] axis decreases from the center outward along 


plane 
dislocations. explains the 


the 


containing 
observation amount of 
the direction perpendicular to the Burgers vector 
of the generator. 

The interpretation that each ellipse corresponds 
generator instead of a stack of 


to an individual 


many generators one above the other, and that the 


generators are most likely of the spiral type rather 
than the Frank-Read 
Frank-Read 


ally present on the crystal 


type is quite prob 


generator requires a dislocation 


anchored at 
The shear stress required to operate such a 


is greater than that for a spiral generat 


dislocation anchored at 


Only 


latter Is a 


ends only dislocations neat 
the crystal may have only 
ends terminating 


move All 


from the 


the other 
free to 


and 
being 
away surface 
both of their ends anchored 


This 
with the 


interpretation Is 
observation that 


shear stress required to initiat 


near the surface of the crystal 


that 


than required to initiate 


inside the crystal: the latter was found 
1500 and 2300 g/em* by 
by Wei and Beck. 
required to account for the 
The 


location 


experiments 
No more than 
ovpserved 
estimated number of no mo 


loops in a single ring seems 


“ 
: 
— : 
ens 
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reasonable number of dislocation loops originated 
by a single generator at such a low resolves shear 
stress as 500 ¢ em? 

It has long been believed that deformation bands 
are not formed in h.c.p. metals like zinc. However, 
the present results suggest that the complex band- 
like structure shown in Fig. 5 is not fundamentally 
different the 
cubic metals. Thus, the view 


deformation bands observed in 


that the deformation 


from 


bands in the cubic metals are due to cross slip, 
and that in h.c.p. metals, where cross slip does 
not occur at room temperature, deformation bands 
are not formed, may be incorrect. What is the mecha- 


nism, then, for the formation of deformation bands? 


Extending an idea originated by Frank, a mechanism 


may be based on the interaction of dislocation 


loops originating from neighboring sources. <A 


large number of such sources are scattered all over 


3 


Fig. 10 


ing dislocation Loops generated trom neighboring sources on 


schematic diagram showing interaction ot expand- 


different atomic planes approaching each other in different 
directions with respect to the Burgers vector. 
a pure right-hand screw dislocation. 


a pure left-hand screw dislocation. 


a mixed screw -and-edge dislocation 
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will dislocations under 
the 


Since the probability of two neighboring dislocation 


the crystal and generate 


load wherever circumstances are favorable. 
generators being coplanar is very small, it is only 
necessary to consider the case of dislocation loops 
originating from neighboring sources, approaching 


The 


action between them may be expected to depend 


each other on different atomic planes. inter- 


upon the direction along which they approach each 


other, with their Burgers vectors. 


The 


dislocation loops having the same Burgers vector, 


respect to 


cases are those of two. sets of 


simplest 


approaching each other from various directions. 
If each set is represented by two closed loops, there 
are in general three ways in which they may approach 
each other as shown schematically in Fig. 10 and 
the The 


loops tend to interlock each other with 


form band-like structure. dislocation 
their screw 
attracting each other 
The 


pairs may or may not annihilate each other by a 


components of opposite sign 


and form a metastable configuration. screw 


cross-slip process, depending upon whether con- 


Fig. 11 shows the same 
Partha- 


Fig. 12 shows a photo- 


ditions are favorable or not. 


kind of band-like structure observed by 


sarathi®) in Al single crystal. 
micrograph of the slip lines observed in a bent Al 
single crystal. The crystal had its (001) plane nearly 
parallel to the surface from which the picture was 
taken, and [100] direction parallel to the axis of 
bending. Each slip-line fragment may be considered 
as due to a separate dislocation generator, with the 
dislocation loops running out from the crystal surface 
in a localized area. It can be seen that when two 
slip-line segments are close together, they usually 
cease to expand further and cross slip occurs at 
that 


region. The fact that two slip-line segments 


each other to a considerable 
the 


such as not to favor cross slip. 


may also run past 


extent indicates that local conditions may be 


As the number of 
“screw locks” increases, they resist running past 
each other any further and the process eventually 
stops. It is possible that the “screw locks” occur 
quite frequently in plastic deformation and con- 
tribute some additional work-hardening effect. 
Another Mott’? 
likely in case of close-packed cubic metals, 
the that a 


belong to any particular atomic plane. 


mechanism, considered by un- 
the 
makes use of view screw dislocation 


does not 
Under favorable shear stress conditions, the screw 
portion of a dislocation loop may move in slip planes 
the 
loop (cross slip) and form new Frank-Read source in 


Thus, 


intersecting plane containing the dislocation 


other slip planes parallel to the original one. 


& vol 
~Q— > 
\ 
© 
\ 
) 
(d) \ \ 
\ 
® 
\ 
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Fic. 11. Schulz pattern of similar band-like structure 
observed in slightly deformed Al single crystal. 


the dislocation loop may multiply and extend step- 
wise in a direction perpendicular to the Burgers 
vector, forming a band-like structure. 

A third possible mechanism may be associated 
The 


together 


with the designation “‘trigger action.” stress 


field 
the shear stress due to the externally applied load 


around a moving dislocation with 
may cause dislocations on neighboring planes to 
Thus a series of dislocation sources may be 
resulting in the observed 
The fact that the 


always formed by ellipses aligned in the direction 


move. 


activated, band-like 


structure. observed bands are 


perpendicular to the corresponding slip direction 


may possibly be explained by the suggestion that 


Fic. 12. Stepped slip lines observed in a slightly bent Al 
single crystal having nearly (001)[100] orientation bending 


around [010] axis 160 


DEFORMATION 


2. A 


IN Zn $4] 


screw dislocations are more likely effective as dis- 
location sources than edge dislocations. It is well 
known") that the edge dislocations attract impurity 
atoms, forming the so-called Cottrell atmosphere, 
which hinders the movement of the edge dislocations. 
but that screw dislocations are not prevented from 
moving by this mechanism. 

Perhaps it is noteworthy that a zine single crystal 
the 


a pure bending moment, while in regions subjected 


having “hard” orientation was not bent by 


to equal or smaller bending moment the crystal 


was bent severely (and four sharp, high-angle kink 
boundaries were formed) as a result of loading in 
with the 


The 


the cry stal lattice 


This observation is in conformity 


the 


shear. 


slip character of bending deformation. 


great complexity introduced in 
even at the very beginning of plastic deformation 
suggests that “easy glide” may never take place 
in real crystals. 
CONCLUSION 
l. By 


possible to 


using the Schulz technique, it was found 


detect small elliptical imperfections 


near the surface of zinc single crystals at the very 


beginning of plastic deformation. The X-ray patterns 


suggest that each of these consists of approximately 


ten dislocation loops, generated probably by a 


single source. 


2. Band-like structures comprising similar elliptical 


imperfections were observed in zinc and aluminum 


single crystals. It is suggested that bands may 


be formed (a) by the interaction of dislocations 


neighboring sources in different 


the 


originating from 


atomic planes, (b) DY movement of screw dis 


locations out of the plane of the dislocation looy 


thereby forming new sources, or (¢ 


of hew dislocation sources as a result ol he lox 
increase above the overall stress level in the immediate 


vicinity of a moving dislocation loop 
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A MODEL FOR SOLUTE DIFFUSION IN METALS 
BASED ON ELASTICITY CONCEPTS* 


R. A. 


On the basis of elasticity theory, a model for solute diffusion in metals is presented. Postulating a 
vacancy mechanism, the basic problem is considered to be the calculation of the enthalpy of movement 
of a solute ion from a normal lattice site into the saddle-point position adjacent to the vacant site. In 
this model the solute ion is considered to behave as an elastic sphere and thus part of the enthalpy of 
jumping is assumed to result from the two-dimensional hydrostatic compression of the solute ion and 
part from the dilation of the constriction which represents the saddle point. An equation is derived on 
the basis of this model which permits calculation of the activation energy for solute diffusion in terms of 
the Goldschmidt radius of the solute and the compressibilities of the solute and solvent. The theory 
is compared with solute diffusion activation energies measured experimentally in nickel and silver as 


solvents, and good agreement between theory and experiment is observed. 


UN MODELE POUR LA DIFFUSION DANS UNE SOLUTION SOLIDE METALLIQUE, 
BASE SUR DES CONCEPTS D’ELASTICITE 

L’auteur présente un modéle pour la diffusion dans une solution solide métallique, basé sur la théorie 
de Vélasticité. A partir d’un mécanisme de lacunes, on considére que le probleme fondamental réside dans 
le calcul de l'enthalpie de mouvement d’un ion soluté, d’un site normal du réseau vers la position 
médiane (saddle point) adjacente a la lacune. Dans ce modéle, |’ion soluté est considéré comme ayant un 
comportement semblable a celui d’une sphére élastique. Une partie de lenthalpie de saut sembk 
résulter de la compression hydrostatique bidimensionnelle de lion soluté, tandis que lautre résulterait 
du retard a la contraction associée a cette position médiane (saddle point). Sur la base de ce modéle, 
auteur établit une équation qui permet de calculer l’énergie d’activation d’une diffusion en solution 
solide en fonction du rayon de Goldschmidt du soluté et des compressibilités du soluté et du solvant. La 
théorie est comparée avec les énergies d’activation de diffusion en solution solide, mesurées experi 
mentalement en prenant comme solvant le nickel et l’argent, et lon observe un bon accord entre la 


théorie et l’expérience. 


EIN MODELL FUR DIE DIFFUSION GELOSTER ATOME IN METALLEN 
GRUNDLAGE DER ELASTIZITATSTHEORIE 
Ein Modell der Diffusion geléster Atome in Metallen wird vorgeschlagen, das auf der Elastizitats 
theorie basiert. Bei Annahme eines Gitterliicken-Mechanismus besteht die Hauptaufgabe in d 
3erechnung der Enthalpie fiir die Bewegung eines gelésten lons vom Gitterplatz in die Sattelpunktslag 


t 


nach einer benachbarten Leerstelle hin. In dem benutzten Modell wird das geléste Lor 
Kugel betrachtet. Damit ergibt sich ein Teil der Sprungenthalpie aus einer zw 
pression des gelésten Ions, ein anderer Teil aus der Aufweitung der Sattelpunktseng 
Gleichung wird aus dem Modell abgeleitet, die die Aktivierungsenergie der Diffusion in Abha 
vom Goldschmidt-Radius des gelésten Atoms und seiner Kompressibilitaéat sowie der des Grur 
zu berechnen gestattet. Die Theorie wird mit gemessenen Aktivierungsenergien von Legie1 
Nickel und Silber als Grundmetallen verglichen. Die Ubereinstimmung zwischen Theo1 


ment ist gut. 


One of the most interesting problems in connection nuclear charge and number of val 
with solute diffusion in metals concerns the factors That is to say, solute valence is considered 
which govern the relative rates of diffusion of various important variable while the size-difference 
solute ions in a given solvent lattice. This problem, solute and solvent ion is considered to be 


however, has received little attention in the past. Lazarus’ theory was found to give excellent ag 


Recently, Lazarus” proposed a theory of solute with experiment in the case of diffusion of cadmiun 


diffusion which takes into consideration the effect of indium, tin, and antimony in silver, using the most 


solute ions on the Fermi electrons of the solvent lattice. recent experimental data. 


In Lazarus’ theory, it is assumed that the solute atom in nickel’) were also analysed in terms of Laz 


) Solute diffusion results 


is identical to a solvent atom except with regard to theory, although the proper choice of 
case is uncertain. Additional solute diffusion da 


* Received September 20, 1956; in revised form December nickel have been obtained, however, which d: 

3, 1956. show particularly good agreement with 

Department of Metallurgy, University of Minnesota, ; 
Minneapolis, Minnesota. 
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Part of the reason for the discrepancy 
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possibly result from the fact that the size differences 
between solute and solvent atoms is ignored, and it is 
the intent of this paper to consider this factor more 


fully in an attempt to judge its importance. 


THE DIFFUSION MECHANISM 
The experimental data for self-diffusion in close- 
packed metals has been most successfully interpreted 
mechanism. For example, 


in terms of a 


Huntington and Seitz” have calculated the activation 


vacancy 


energy for self-diffusion in copper on the basis of several! 
mechanisms, and find the vacancy mechanism to give 
the best agreement with experiment. Zener‘®) has con- 
sidered the diffusion problem in some detail and has 
shown that 
D = ya*y exp [(AS, AS,)/R] exp [—(AH, 
AH,)/RT| (1) 
for self-diffusion by a vacancy mechanism on the 
assumption that diffusion is a random-walk process. 
the 
obtained at absolute temperature 7’, y is a geometrical 


In equation self-diffusion coefficient 
parameter equal to | for diffusion in the face-centered 
the lattice the 
vibrational frequency, R is the gas constant, AS, 
AH, the 


respectively, of vacancy formation, and AS, and AH, 


cubic lattice. a is parameter, y is 


and and 


represent entropy enthalpy. 
represent the entropy and enthalpy change, respec- 
tively, in moving the diffusion ion from a normal 
lattice site to the saddle-point position in a reversible 
manner. Correlating equation (1) with the experimen- 
tally observed temperature-dependence of the coeffi- 
cient, namely 

D Dy exp Q/ RT} 


it can be seen that 


D ya*y exp [(AS, + AS,)/R] 


Q = AH, + AH, 


In Fig. 1 is shown a unit cell for the face-centered 
cubic lattice. The site marked with an x represents a 


Fic. 1. Diffusion geometry in the face-centered cubic lattice. 


ACTA METALLURGICA, 


VOL. 


4 


Fic. 2. Diffusion barrier in the 

face-centered cubic lattice. 
vacant lattice site and the filled circle represents an 
ion in a nearest-neighbor position. This ion, before 
moving into the vacancy, must pass through the 
saddle point which is in the plane formed by the 
circles numbered | through 4. The constriction formed 
by ions 1 through 4 is represented in more realistic 
fashion in Fig. 2. AH,, the enthalpy of jumping, may 
be considered to consist solely of the elastic shear 
through this 


strain-energy expended in passing 


constriction, 8:91 

Activation energies for solute diffusion in the case 
of solutes which are dissolved substitutionally in the 
solvent are in general quite close to the activation 
This 


experimental observation lends considerable support 


energy for self-diffusion in the pure solvent. 


to the vacancy mechanism as being the mechanism 
Equations (1), (3), and (4) are 
solute 


of solute diffusion. 
applicable to 
the 
frequency of the solute ion in the solvent matrix, 
AS, and AH, are the entropy and enthalpy, respec- 
tively, of vacancy formation in a nearest-neighbor 
position to a solute ion, and AS, and Ad, are the 


therefore considered to be 


diffusion where » now represents vibrational 


entropy and enthalpy, respectively, expended by the 


solute ion in moving through the saddle point 


represented in Fig. 2. 


MODEL FOR SOLUTE DIFFUSION 

paper™ an vas made to 
predict the the 
Goldschmidt atomic radii of the diffusing solute ions 


In an earlier attempt 


qualitatively relation between 
and the activation energies for diffusion. No apparent 
correlation was observed experimentally, however. 
An important consideration was neglected in the 
previous analysis which is taken into account in this 
paper, namely, the compressibility of the solute ion 
itself. Taking this consideration into account, AH, 
for solute diffusion will consist of the following two 
terms: (a) the strain-energy stored in the solvent 
lattice upon dilating the saddle-point constriction from 


a radius 7, tor,, (b) the energy needed to compress the 


| 5, 1957 
| 
| 
| 
and 
(4) 
© 
rey O 
| 
@0O 
| 
(4) 


SWALIN: 
solute ion from a radius r, to radius r,. The strain 
energy stored in the solvent lattice will be considered 
to result from displacement of atoms 1, 2, 3, and 4 in 
Fig. 1 in the (110) plane. 
Lazarus,” this displacement may be resolved into 


Following LeClaire’ and 


two components, a displacement in the [001] direction 
and displacement in the [110] direction. These are 
related to (110)[001] and (110)[110] shear processes 
The the 


process is given ¢,, and for the latter by | 2(¢4,— 


respectively. shear modulus for former 
C12): 
Since 1/2(c,, — ¢y,) is much smaller than c,, for many 
metals, Lazarus assumes the displacement results 
entirely from [110] strains, while LeClaire assumes 
that the effective modulus is related to c,, + 1/2(¢,, 
(yo). For very small strains, Lazarus’ approach is 
probably correct, but since the strains are actually 
rather large it is difficult to imagine that [100]-type 


The 


appropriate modulus to use is probably intermediate 


displacement does not occur to some extent. 


between both cases, but for simplicity we shall 
consider that the appropriate modulus, (, is related 
From elasticity theory, the free energy change 


tO C44 Cy9)- 


upon dilating the saddle point from a radius r, to r, 
is given by 
AG, (D) 


Friedel,“ the 


compressing an elastic sphere from a radius rj to r,, 


Following free energy change in 


assuming uniform compression in all directions, is 
AG, ry) BN 


In the above equations, A, represents a constant, C' is 


(6) 


the effective shear modulus, B, is the bulk modulus of 


the elastic sphere, and NV is Avogadro’s number. Equa- 


tion (6) is not directly applicable to the problem of 


interest here, the calculation of AH,, since it is 


derived on the assumption that Hooke’s law is 
applicable and that the compression is uniform in all 
directions. Neither of these assumptions is rigorously 
valid. The force exerted on the solute ion is essentially 
two-dimensional, as seen in Figs. 1 and 2. Let us 


assume that the equation will be applicable if multi- 


plied by a suitable constant which, to a first approxi- 


mation at least, is dependent only on geometrical 
considerations. In equation (5) the constant kK, will 
the The 
once determined for a given lattice type should be 
applicable to the diffusion of any substitutionally 


include above considerations. constants 


dissolved solute ion in a solvent of that lattice type. 
Thus 


AG, K yr, )¢ '_N 67K 
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In equation (7), AG, represents the free energy of 
the 


with 


jumping. Minimizing free energy by differen- 


tiating equation (7) respect to r and setting 


equal to zero, r, is obtained and, substituting back 


into equation (7), vields 


Assuming AH, to be independent of temperature the 
relationship 


AH, AH, = AG,° 


is valid where the superscript refers the value of th 
appropriate quantity extrapolated to O°K. To obtain 
AH, from equation (7), all temperature-dependent 
quantities involved in the equation should be extra- 
polated to O°K, but since the correction is only in the 
vicinity of 5°,,, room temperature values will be used 


Thus 


AH, = AG, 


in the discussion. 


(10) 


Assume that B., the bulk modulus of the solute ion in 
solution, is proportional to the bulk modulus of a 
crystal of pure solute. To obtain B, from the exper!- 
mental modulus, the contribution to B arising from 
the change in Fermi energy with volumes must be 
subtracted in order to obtain the ion-ion repulsion 
Fuchs"? had 
derived an equation for estimating this concentration 
and for monovalent 
B, 0.87 


The radius r, of the constriction next to a solute ion 


which is the quantity of interest. 


metals it is calculated that 


will depend on the radius of the impurity ion in 


solution 


larger than a solvent 


For example, an impurity ion which is 


ion will cause an increase in 


interatomic distance and, hence, in v,. Assuming that 
the same angular relations hold between the 

ion and the solvent ions in the nearest-neighbor 

as ina crystal of pure solvent, it can be shown that 


a face-centered cubic lattice 


and 


where r is the radius of a solvent ion. 
The solute-ion radius r, in solution will be different 


than the Goldschmidt radius r, determined for the 


pure solute, since the solute ion occupies a wrong- 
sized hole in the solvent lattice. To find 


equations 


AG, 
67A.r,B 
2 
(7 K, 
9 
V or 0.27) 
V 3) 0.277 
— 
(7) 
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developed by Friedel" will be applied, with the 
following result: 
, — p)Br? + (1 


2(1 — p) Br + (1 


+ p) 


r = (12) 

where 7 is Poisson’s ratio and B is the bulk modulus 
of the solvent. 

Substituting equation (11) into (8), an expression 
for AH, is obtained which is valid for solute diffusion 
in a face-centered cubic lattice, where r) > r 

0.344(r4 + BNK, 


Ks 


(13) 


AH, 
(V 3r, — 0.27r)CK, 


where r! is given by equation (12). An expression 


similar to (13) can be derived readily for To <r and 
for solvent lattices other than face-centered cubic. 

In order to obtain Q, AH, must be added to (13). 
The most recent experimental evidence indicates 
that AH, for self-diffusion is equal to about 0.6Q.0 
In the case of solute diffusion, however, AH, will be 
slightly different from AH, in the pure solvent. 
If 
ions, since the strain-energy contribution to the heat 
of solution of the solute will be reduced. The heat of 
solution after Friedel,“ and it 


would be expected that a fraction 1/Z of the strain- 


vacancies will tend to locate next to solute 


can be calculated 


energy is relieved when a vacancy moves into a 


nearest-neighbor site to a solute ion where Z is the 


co-ordination number. Thus 


] 677(7 
0.60 


Z 


AH, 


The second term can be shown to be quite small, 


usually in the vicinity of a fraction of a kilocalorie, 
will be neglected. 


and therefore Finally, for Q we 


obtain 
AH, 0.6Q.,., 


B. Ky 


l27 Bor, K, 


AH, 
0.344(r, 


(\ 3r, 0.27r)CK, 


) 


TABLE l. 


Element keal/g-atom) Reference r(A°) 


Ni 
Pb 
Cu 
Ag 
Au 
Al 
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EVALUATION OF K, AND K, 

The relation between K, and K, may be estimated 
from knowledge of the activation energies for self- 
diffusion in face-centered cubic metals. Since K, and 
kK, are dependent only on lattice type, the relation 
should be constant for diffusion in a given type of 
lattice. The most recent values of Q for self-diffusion 
Also listed are 
Goldschmidt 

r. Appli- 


in several metals are listed in Table 1. 


appropriate elastic moduli™) and 

radii." In the case of self-diffusion, 
cation of equation (15) allows the relation between 
K, and K, to be obtained, and can be expressed in the 


following form: 


kK, 
AK, D 


(16) 


Calculated values of A and D are listed in Table 1, 
and by their relative constancy indicate the general 
validity of equation (15). 

Using average values of A and D 


K,=- (17) 
7.98 2.70 x 10-4 


In order to obtain numerical values of A, and Kg, 
equations (15) and (17) must be applied to a single 
case of solute diffusion. For this purpose the acti- 
vation energy for the diffusion of magnesium into 
nickel, which is reported to be about 56 kcal/g-atom,'® 
will be arbitrarily employed. Substitution of this 
value into equation (15) and using the relation given 
by (12) yields that A, 13.3 and K, 


3.74. 


APPLICATION OF THE MODEL 
We now have all the information necessary, and it 
only remains to check the model against experiment. 
Since extensive solute diffusion in nickel and silver are 
available, the model will be checked against these data. 
The necessary values of rp, 74, and B, are listed in 
Table 2. The Goldschmidt 


ordination number 12 were obtained from reference (16) 


atomic radii for co- 


and values of r, were calculated from equation (12), 


assuming p 1/3. 


telation between K, and K, calculated from self-diffusion data 


10-4 (cal/em*)  B, 10-4 (cal/em*) 10? B 102 


9.43 
6.60 


3.95 
0.90 
2.89 
2.07 
3.47 
1.63 


10% (B) Ave 


r)*r, BLN 
|| (14) 
2B.r, 
l 
im 
| 
66.8 17 1.24 3.92 || 3.85 
27.9 (18 1.74 0.43 1.86 
47.1 (19) 1.28 2.36 8.45 3.16 
44.2 (20) 1.44 1.40 7.74 2.63 
39.2 (21) 1.44 1.35 8.29 1.51 
37.5 (22) 1.40 1.23 7.35 319 
(A) Ave 7.98 x 10-? PY 2.70 10-2 + 20% 


SWALIN: 
TABLE 2 


Solute r(A°) r(A*) 


(cal/e 


Diffusion in nickel 
.60 34 
| 

31 
.36 


Diffusion in silver 
33 


1.07 
No data 


Estimated from spacing in Mn crystal for the atoms 
with CN.(?2) 
Obtained from extrapolation between Cr and Fe in 
order to correct for crystal structure. 

Gray tin. 


Using equation (15) and the data in Tables | and 2, 
activation energies for the solutes listed are calculated. 
The comparison between calculated and the experi- 
mentally determined activation energies is shown in 
Table 3. 
the 
solvent. 


The calculated values are given relative to 


self-diffusion activation energies for the pure 


TABLE 3. Comparison between theory and experiment 


(keal/g-atom) 


Otne 
the 
(keal/g-atom) 


r 


Solute Reference 


Diffus ion in nickel 
17 66.8 
6 56 
61.4 
6 61.7 
4 64.0 
67.1 
68.9 
76.8 


Diffusion in silver 
44.2 
46.1 
45.5 
41.7 
41.7 
40.6 
39.3 


38.3 Insufficient data 


(2) Used in deriving geometrical constants. 
DISCUSSION 
From Table 3, it is seen that the model proposed in 


this the 
rather well. Activation energies for solute diffusion in 


paper describes solute diffusion process 


both nickel and silver close to that of self-diffusion in 
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the pure solvent are predicted in accord with experi- 
ment and modern diffusion theories. 

Looking more closely at the diffusior 
nickel, it is seen that, while, althoug! 
experimental results lie quite close to 
has 


energy 10 keal/g-atom less than that for sé 


diffusion in nickel, magnesium 


has an activati 
These 


Lazurus’ theory, 


in nickel, and tungsten 


10 keal/g-atom greater. results ar 


to explain by whereas th 
factor considerations advanced in this paper pred 
these quite accurately. Both manganese and mo 


found to have activation en 
that 


calculations 


denum were 
self-diffusion in nickel, and 
this The 


calculation for titanium is the only one completely 


greater than for 


theoretical predict also. 
out of accord with experiment. 

Lazurus’ theory predicts an inverse linear correla- 
tion between solute valence and activation energy for 
The 


indium, tin, and antimony agree quite well with the 


solute diffusion. results for zinc, cadmium, 
theory. The data for copper and gold do not agree 
completely, however, since, using the valence theory 
they should have the same activation energy as that 
for self-diffusion in silver. The calculated activation 
energies based on the present model show a downward 
trend for cadmium, zine, and indium, although not as 
marked as that observed experimentally, indicating 
perhaps the importance of valence in the case of 
diffusion in silver. 

In general, however, the overall agreement between 
and 


the model presented here quite 


that 


experiment Is 


good and indicates size factor Cal play 
important role in determining activation energies 
solute diffusion particularly when solute atoms « 
markedly in size and compressibility from the 


For diffusion in silver, where the solute ions 
differ 


probably predominate 


do not radically from silve1 va 
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GROWTH OF VOIDS IN METALS DURING DIFFUSION AND CREEP* 


R. W. BALLUFFI} and L. L. SEIGLE? 


A study has been made of the thermodynamic conditions under which voids may grow from suitabl: 
nuclei in a metal by a mechanism of vacancy aggregation under the influence of stress and vacane\ 
supersaturation. The results are applied to the intergranular void formation observed during creep 
experiments and also void formation during Kirkendall diffusion. 

In the case of creep it is postulated that nuclei may grow into voids by receiving stress-motivated 
vacancy currents from nearby grain boundary sources. 

In the case of Kirkendall diffusion it is first shown that the development of stress in the diffusion 
zone depends directly upon the existence of a vacancy supersaturation. The roles of vacancy super 
saturation and stress in producing voids are then discussed individually. It is concluded that ther 
sufficient vacancy supersaturation present to produce voids within grains if 


is 
nuclei of reasonable sizé 
are present. The effect of stress in the absence of large stress concentrations is probably to increas‘ 
the equilibrium vacancy concentrations at sinks within the grains thereby diverting extra v: 

into voids. Void formation at grain boundaries, where the vacancies are maintained near equilibrium, 
is explained as a result of stress. 


CROISSANCE DES CAVITES DANS LES METAUX PENDANT LA DIFFUSION 
ET LE FLUAGE 
Les auteurs ont étudié les conditions thermodynamiques requises pour la croissance des cavités 
dans un métal a partir de germes adéquats. Le mécanisme est un 
influence de la tension et de la sursaturation en lacunes. 


rassemblement de lacunes sous 


Les résultats sont appliqués a la formation intergranulaire des cavités, observée lors d’essais de fluage 
ainsi qu’a la formation de cavités lors de l’effet Kirkendall. 

Dans le cas du fluage, on suppose que les germes peuvent croitre en cavités en recevant, a partir des 
sources voisines de limites de grains, des courants de lacunes produits par la tension 

Dans le cas de l’effet Kirkendall, il est d’abord démontré que le développement de la tension dans la 
zone de diffusion, dépend directement de |’existence d’une sursaturation en lacunes. On en conclut 
que la sursaturation en lacunes est suffisante pour produire des cavités 4 l’intérieur des grains, si des 
germes de dimensions convenables sont présents. La tension a pour effet probable (en l’absence de 
grandes concentrations de tension) d’accroitre les concentrations des lacunes en équilibre, a des sites 
préférentiels (“‘piéges’’) situés a lintérieur des grains. Par ce mécanisme, des lacunes supplémentaires 
migrent vers les cavités. La formation des cavités aux limites des grains, oti les lacunes sont maintenues 
prés de l’équilibre, est expliquée comme résultant de la tension. 


DIE AUSBILDUNG VON POREN IN METALLEN BEI DIFFUSION UND KRIECHEN 
Es wurden die thermodynamischen Bedingungen untersucht, unter denen, von geeigneten Keimen 
im Metall ausgehend, Poren durch Aggregation von Leerstellen unter dem Einfluss von Spannungen 
und einer Leerstelleniibersattigung wachsen kénnen. Die Ergebnisse wurden auf die interkristalline 
Porenbildung, wie sie bei Kriechversuchen zu beobachten ist, und auf die Entstehung von Poren bein 
Kirkendall-Effekt angewandt. 


Im Falle des Kriechens wird angenommen, dass Keime sich durch Aufnahme von Leerstellen-Str6émen, 
die durch die Spannungen bedingt sind und aus naheliegenden, an den Korngrenzen lokalisierten 
Quellen stammen, zu Poren entwickeln kénnen. 

Bei der Kirkendall-Diffusion wird zuerst gezeigt, dass die Ausbildung von Spannungen in der 
fusionszone unmittelbar vom Vorhandensein einer Ubersattigung mit Leerstellen abhangt. Die Roll 
die die Leerstellen-Ubersattigung und diejenige, die die Spannungen bei der Bildung der Poren spiele1 
werden sodann getrennt diskutiert. Dabei ergibt sich, dass eine zur Erzeugung von Poren innerhalb 
der Kérner ausreichende Leerstellen-Ubersattigung vorliegt, wenn Keime von verniinftiger Gréss¢ 
vorhanden sind. Der Einfluss der Spannungen bewirkt, sofern keine starken Spannungskonzentrationet 
vorhanden sind, wahrscheinlich, dass die Gleichgewichtskonzentration an Senken in den Ko6rnert 
zunimmt, wodurch den Poren zusatzliche Leerstellen zugefiihrt werden. Die Porenbildung 
grenzen, an denen sich die Leerstellenkonzentration in der Nahe des Gleichgewichts befindet 
Folge des Spannungseinflusses erklart. 


an Korn 


wird 


1. INTRODUCTION 


Attention has recently been drawn to the fact that 
Considerable evidence has been accumulated in 


similar voids form at the grain-boundaries of homo- 
the past several years that voids form quite generally geneous metals strained at elevated temperatures 


in the diffusion zone of metal-diffusion specimens."~*) The hypothesis has been advanced that void formation 


in both cases is due to the aggregation of lattice 
* Received August 31, 1956; in revised form October 17, 
1956. 
+ Department of Mining and Metallurgical Engineering The theory of the nucleation and growth of voids 
University of Illinois, Urbana, Illinois. 
+ Metallurgy Lab. Sylvania Electric Products, Inc. 
Bavaide. New York. past to some extent. It appears that both the 
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vacancies, 


by vacancy condensation has been considered in the 


450 


and kinetics of void 


growth are influenced by stress.“*) This factor must 


thermodynamic conditions 
be considered in diffusion, as well as creep, because 
of the osmotic pressures developed when components 
diffuse at unequal rates during the Kirkendall effect. 
In this paper an attempt is made to describe the 
conditions under which voids may grow in metals 
under the influence of both stress and vacancy 
supersaturation. 
2. THERMODYNAMIC CONDITIONS FOR 
VOID GROWTH UNDER THE INFLUENCE 
OF STRESS ALONE 
In the following, it is assumed that minute particles, 
voids, or other suitable nuclei already exist in the 
material, and it is desired to investigate the con- 
The 
of initiation of the void is not treated here, 
6-12) The 


advanced that voids may grow under the influence 


ditions under which voids will grow. problem 


since it 


has been discussed elsewhere.' idea is 


of stress, by receiving stress-motivated vacancy 


currents from nearby vacancy sources in the metal. 
Vacancy currents of this type must be considered, 
therefore, in addition to the expected migration of 


excess vacancies generated by creep or unequal 


diffusion. 
Following Herring"*-14) the vacancy flux in any 
region of the crystal is proportional to the gradient 


of the quantity — — Where is the chemical 


potential of an atom in a particular region, fy is the 
free energy of the atom in its standard state, and yp, 
is the chemical potential of a vacancy in the same 


region. If it is assumed that local equilibrium exists 


at vacancy sources and sinks such as free sur- 


faces, grain-boundaries, and dislocations, we may 


calculate the value of ~ — wy — mw, in their vicinity 
by using the methods of Herring.“*,14) 

Herring has shown that the value of 4 — uy — py, 
at an interface across which a stress is transmitted 
can be obtained from the principle that the free 
energy shall be a minimum with respect to trans- 
the 


put 


interface. 
ON 


4,)0.N, these atoms 


ferring atoms into vacancies 


The 


into such vacancies is (pu Up 


near 


work required to reversibly atoms 
coming from a body of the material in some standard 
state. The work required to insert the slab of material 
ON 


where OF is the free energy of the slab, dv is the 


at the grain-boundary in Fig. 1 is 6F p,0v, 


volume of the slab, and p, the traction along the 


normal %. If interface-volume equilibrium exists: 


(u — Myo — ON = OF — ON — p, dv. (1) 


OF is a function of the stress system and differs from 
ft, ON by the amount of work required to alter the 
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Fic. 1. 


Elementary volume containing an interface 
inclined at an angle @ from the stress axis. 
stress state of dN atoms from that existing in the 
For a 
uniaxial tensile stress, o, making an angle # with w 


: Oe 
OF - Mo ON 2) 


standard state to that existing in the slab. 


Therefore, 


(3) 
u Un — LL, = 2 
/ E 


The 


above expression gives the boundary value 


, at a grain-boundary or stressed 
surface. 

The value of uw — uy — pw, at a dislocation may be 
found in a similar way. The climb of a dislocation 
across a section of the volume element in Fig. 1 is 
this 


case each atom added at the dislocation produces an 


equivalent to adding a slab of material. In 


expansion of one atomic volume directed along the 
Burgers vector 6. Equation (3) fits this case, therefore, 
if # is taken as the angle between 6 and the stress 
direction. 

The boundary value of u — uy — pm, at the surface 
of a void in a metal is also influenced by stress, as 
effects 


(1) assuming that the void retains a 


suggested by Brinkman.”?) Three must 
be considered: 
spherical shape, adding an atom to the surface of 
the void reduces the surface free energy by 2yQ/r; 
(2) as the void radius changes, the stored elastic 
energy in the body changes; (3) the external surface 
will undergo a displacement and work will be done 
against the applied forces. The following calculations 
are for a spherical void in the center of a spherical 


field. As 


previously, equation (1) applies, but in this case 


body supporting a hydrostatic stress 


2yQ 
OF Mo ON 
r 


elastic energy change (4) 


1957 
} 
NN = 
4 
| 
| 
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Brinkman”) has calculated the change in elastic 


strain energy upon adding an atom to the surface of 


a void, assuming that the outer surface remains 
fixed and stress is relaxed. Under creep conditions 
and probably also during diffusion, a more realistic 
boundary condition is constant stress. Assuming a 
constant radial stress, o, at the external surface and 
a radial stress 2y/r at the void surface due to the 
surface energy, the elastic radial displacement at 


the sphere surface is 


(5) 


where vy is Poisson’s ratio and R is the radius of the 
sphere."5) The strain energy stored by the stress 
field will be 

47 du, (6) 


~V 
When we add an atom to the surface of the void 


Q) 
the new radial 


Ou 
or 


4yr) 


and change the radius by dr 


Or. 


displacement at R will be u, = u, 


Ou vy) (Bor? 
Or 2E 


and, therefore 


When R 


v) 
(30 
Sa R2E 
The change in strain energy is then 
9Q(1 
d(u,, — u,) 
) 4E 


( 


we note that when the atom is 
added the sphere shrinks by the 
U, — Uy. The work done is therefore 47 R?a(u, 
Substituting into (1), 


To calculate p,, dv, 
radial distance 


Uy). 


—. (9) 


3(1 — (3 20) 
30 
4h r 


— Me — 


For stresses and void radii of usual magnitudes, 
the quantity 2Qy/r is much larger than the first 
term in equation (9), and the value of yu Mo ML, 
at the void surface is therefore affected only slightly 
by the applied stress. 

When a polycrystalline material is stressed at 
elevated temperatures, small holes in the material 
will tend to grow by receiving vacancies from nearby 
grain-boundaries and dislocations 


sources such as 
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if the following approximate condition is met: 


3(1—yv) Q Sy 
(30 


cos* (10) 


Qo (1 


The above relation is approximate because equation 
(3), which holds for a uniaxial stress, is combined 
with equation (10), which holds for a three-dimen- 
sional stress field. The effect of the potential energy 
of the stress field upon the boundary value of ~ — py 

#4, is small, however, compared with the influence 
of traction at the interfaces, and if we neglect small- 
order terms, the stress at which a void will grow by 
receiving vacancies from, for example, a nearby grain 
boundary, is 

(11) 
r COS* 
Values of o* for different-size nuclei have been plotted 
in Fig. 2 as a function of 6. 

The values of o* given by equations (10) or (11) 
are much smaller than the values of stress at which 
voids can grow in the absence of an excess vacancy 
concentration predicted by Brinkman.“*) This is 
true because vacancy fluxes between grain-boundaries, 
dislocation sources, and the surface of the growing 
void are considered. Vacancy currents of this type 
were postulated by Herring to account for the creep 


30 


* as a function of 


2. The critical stress, o*, 
6 for different sized void nuclei 


(1 2v) — 2yr? 
= - R 
E 
(1 + v) Jor’ 
2k | 
R? 
| 
(4) 
| 
| 
v)o" | 
(8) 
Bea 
/ 
108} 
7 
= 
| 
Oo 60 75 
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of polycrystalline metals at high temperatures," 
and their existence confirmed by the work of several 
investigators.7&'8) It seems quite reasonable that 


they are also important in void growth. 


3. VOID FORMATION DURING CREEP 

The above model suggests an explanation, in 
terms of diffusion theory, of the fact that in metals 
stressed at high temperatures, voids seem to form 
only at grain-boundaries.©) It is postulated that 
voids which are nucleated at grain-boundaries grow 
by the migration of vacancies from the boundary 
into the void. Near the intersection of the grain- 
boundary and the void surface, the length of the 
diffusion path is short, and it is not difficult to 
imagine that the void grows in the plane of the 
grain-boundary by a transfer of vacancies between 
interfaces. Such a mechanism also explains why 
cavities are more prevalent in boundaries transverse 
to the 
at the interface is a function of orientation, according 


stress axis,‘°) since the chemical potential 
to equation (3). The lack of pores at coherent twins‘) 
is readily understood, since twin interfaces should 
serve as poor sources. 

It is thermodynamically possible for voids to 
grains by receiving vacancies from 


grow within 


nearby dislocations. The observed absence of voids 
in grain interiors may be explained in several ways. 
Dislocations may not supply vacancies rapidly enough 
or may not be numerous enough to grow observable 
before failure occurs. In 


voids grain-boundary 


close-packed metals the extended dislocations are 
19) and would, therefore, 


probably slow-climbing, ' 


be comparatively poor sources and sinks. There 
seems to be little possibility at the present stress 
levels that the dislocations climb into configurations 
where their local stress fields smooth out the differences 
in chemical potential which are responsbile for pore 
growth. Such an argument has been used by Her- 
ring? to account for the vacancy currents which seem 
to exist between grain-boundaries but not dislocations 
during viscous flow at high temperatures at stresses 
below the yield-point. Another possibility is that 
the nuclei are located mainly at the grain-boundaries. 
Such would be the case if they are created during 
grain-boundary sliding, as postulated by Gifkins.® 
If the nuclei are primarily impurity particles, these 
would be located preferentially at the grain-bound- 
aries. Recent work by Resnick and Seigle“” on the 
stress-rupture of alpha brass indicates that small 


impurity particles at the grain-boundaries have an 


effect on increasing the incidence of 


intergranular void formation. 


important 
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Machlin® has recently proposed a mechanism 
of void formation which is based solely on the 
condensation of vacancies 


excess introduced by 


plastic flow. This has not been taken into account 
in the above discussion, although the condensation 
of vacancies generated by plastic deformation may 


If the 
conditions of Fig. 3 are satisfied, a void in a boundary 


play a role in void-growth. critical stress 


may receive an extra increment of growth from 


the absorption of excess vacancies deposited by 
unless the stress condition 


plastic flow. However, 


(equation 11) is nearly satisfied the void would 
tend to 


boundary, and it is 


losing vacancies to the grain- 
the 


vacancy input could more than compensate for the 


shrink by 
questionable if eXcess 
loss of vacancies to the grain-boundary. The fact that 
voids are not observed within grains suggests that the 
influence of excess vacancies is small. It is interesting 
to note that, according to Machlin, voids may form 
under both tensile and compressive strain at grain- 
boundaries. We predict that voids should not be 
observed at transverse boundaries under compressive 
stress, since formal use of equation (10) indicates 
that of the of the 
would be required. The situation at parallel boun- 


stresses order elastic modulus 
daries cannot be predicted, since the first term in 
equation (10) is not known with sufficient precision 
for the case of uniaxial stress. 
4. VOID FORMATION DURING 
KIRKENDALL DIFFUSION 

In the case of Kirkendall diffusion a region in the 
diffusion zone experiencing a net loss of atoms by 
unequal diffusion will tend to be in a state of vacancy 
The 
supersaturation is due to a divergence of the vacancy 
the Kirkendall effect 
has been discussed elsewhere.'®;”) The tensile stress 


supersaturation and tensile stress. vacancy 


current associated with and 


arises because of the restraining effect of the bulk of 
the diffusion couple on the volume contraction in 
the region losing atoms. The establishment of this 
predominantly two dimensional stress field parallel 
to the planar diffusion interface has been discussed 
by Brinkman.” Either vacancy supersaturation 
stress could conceivably produce void formation'®.7+!2) 
and there has been some recent discussion®,12,2) 
as to which factor is predominant in actual specimens. 
Brinkman") has suggested that voids may form in 
diffusion zones as a result of stress in the absence 
of significant vacancy supersaturation while Seitz‘® 
and Balluffi” have discussed void formation in the 
the 


following we shall first show that the existence of 


presence of vacancy supersaturation only. In 


the stress field depends directly upon the vacancy 
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AND 


supersaturation and that this factor, therefore, 
cannot be ignored. 

Contraction in the diffusion zone most probably 
occurs by the destruction of excess vacancies at 
dislocations with edge character causing positive 
climb. The stress field arises when the contraction 
along the Burgers vector of the climbing dislocation 
This 


Burgers 


is restrained by the bulk of the specimen. 
effect 
vector component parallel to the diffusion interface 


will exist for dislocations with a 


since no contraction in this direction is allowed in 
massive diffusion couples. The resulting stress level 
will depend upon the magnitude of the vacancy 
supersaturation forcing the dislocations to climb and 
the rate at which the material relieves stress by 
plastic flow. A continuous climb of dislocations 
brought about by the deposition of excess vacancies 
by diffusion is, therefore, required to maintain stress. 

The minimum 
which must be maintained by unequal diffusion in 


excess concentration of vacancies 
the vicinity of the climbing dislocations to produce a 
the The 


change in free energy upon adding a vacancy to the 


given stress is estimated in following. 


crystal from a dislocation source with Burgers vector 


perpendicular to the tensile stress is 


N 
7 


where NV, is the local vacancy concentration, N ,°(0) 
is the equilibrium concentration which 


would exist in the crystal at zero stress, and @ is a 


vacancy 


small strain energy term of the type described in 
section 2. The corresponding value of yw, for a 
dislocation source with Burgers vector parallel to 
is 


N., 
kT In 


— Qe - 
N,,°(0) 


At local equilibrium yu t,, = 9, and combining 


vl 
the above relations we obtain 
N, 
In (12) 
where N° and N,,° are the vacancy concentrations 
in local equilibrium with dislocations with Burgers 
vector parallel and perpendicular to the stress. The 
the diffusion 


vary with position since each sink will strive to 


vacancy concentration in zone will 
maintain its local concentration at equilibrium in 
the face of the incoming vacancies deposited by 
diffusion. 
vacancy concentration must exceed the value 1° 


In order to produce continuous climb the 


in the regions near the dislocations with parallel 
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Burgers vector. Concentrations considerably in 


excess of this may actually be required to cause 


rapid enough climb to balance stress relaxation 


In order to maintain the stress a minimum 
there- 


processes. 

extra increment of vacancy concentration is 

fore, required from diffusion deposition which is to a 

(N° — N,,°). The 
4 


required supersaturation increment in each 


first approximation given by 
exact 
case could only be obtained by a detailed analysis 
of the vacancy currents around each source and sink 
that the diffusion zone is 


Recognizing stress in 


dependent upon vacancy next 


supersaturation we 
consider the effect of the excess vacancy concentra 
the the 
Unfortunately, the vacancy supersaturations 


the 


tion and resultant stress on formation of 


voids. 


stresses reached in diffusion zone are not 


and 
known with precision and, therefore, the evaluation 
of the relative importance of these factors must be 
somewhat approximate. However, there is evidence 
that stresses above the yield point are produced in 
the diffusion zone and that dislocation production 
occur. X-ray) and metallographic 


and movement 


22) 


studies'** 


have shown that dislocations produced 


during plastic flow group together to form § sub- 


boundaries. It seems reasonable, therefore, to take 
108 dynes/cm? as a limit for the average stress which 
may be reached. According to equation 12 a vacancy 
required to 


~ 1-0] would be 


Other estimates’: of 


supersaturation of 
maintain such stresses. the 
vacancy supersaturation reached in diffusion zones 
based upon the rate at which vacancies are deposited 
that supersaturations of this magnitude 
These 


supersaturation is 


suggest 


may be present. estimates indicate that 


sufficient vacancy present to 
produce voids in diffusion zones if nuclei of reasonabl 
Use of the 


tion'® shows that a supersaturation ratio of 1-01 will 


size are present. Thomson-Gibbs rela 


cause nuclei of effective radius ~2 l0O-° em t 


grow into voids in the assumed absence of stress 


On the other hand, according to Fig. 2 a 


stress 
108 dynes/em? approaches the range where there 

be a tendency to transport vacancies from many 
the dislocations to nuclei of this size in the absence 
supersaturation. The main effect of stresses of this 
magnitude, therefore, may be merely to increase thi 
vacancy concentration at most of the dislocatior 
sinks causing more of the excess vacancies deposited 
by diffusion to be diverted into voids. 

In the case of polycrystalline specimens it appears 
possible that the stresses generated by diffusion may 
be mainly responsible for the void formation which 
Balluffi 


Seigle’ have recently observed void formation at 


has been found at grain-boundaries. and 
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grain-boundaries in alpha brass diffusion couples 
where zine was diffused out of sheet specimens of 
different thickness. The specimens contained grain- 
boundaries orientated approximately parallel to 
the diffusion direction. In the thinner 
was found that voids formed within the grains but 
not at the grain-boundaries. In these thin specimens 


the constraints against contraction were reduced, 


sheets it 


causing lowered tensile stresses normal to the diffusion 
The the 
vacancies rapidly 


grain-boundaries eliminated 


by diffusion 


direction. 
excess deposited 
enough in their vicinity to maintain approximate 
equilibrium* and intergranular voids could not grow 
in the presence of the subcritical stresses. However 
within the grains sufficient supersaturation occurred 
When the specimen-thickness 
within 


to produce voids. 


was increased, void formation occurred 
the grains and also at the grain-boundaries. In this 
case the increased constraint upon contraction resulted 
in supercritical stresses producing inter-granular 
voids. 

The effects described in this paper are different 
from those discussed by Brinkman.??) Brinkman 
has neglected supersaturation effects and has given 
the critical stress at which vacancies at a concentra- 
tion which would be in equilibrium with a crystal at 
zero stress would spontaneously join nuclei in a 
stressed region. This treatment ignores the effect of 
tensile stress in increasing the equilibrium vacancy 
concentrations at various sources and sinks in the 
stressed crystal, and consequently requires stresses 
almost two orders of magnitude higher than the 
present results for possible growth of nuclei of a 
given The 


condition may be obtained for the present treatment 


size. critical stress under Brinkman’s 


* It should be noted here that the writers in ref. 9 mis- 
leadingly termed the increase of the equilibrium vacancy 
concentration 


with stress at “vacancy 
supersaturation.’ This is better considered as the boundary 
value of the concentration at the interface, which is a function 


grain-boundaries a 


of stress. 
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by setting the right hand side of equation (9) equal 
to zero. We may conclude that the effect of stress is 
more realistically given by equation (11). Brinkman?) 
has also given an extensive discussion of possible 
stress concentrations in local regions during plastic 
These effects have not been 


flow in diffusion zones. 
considered in the present discussion since it appears 
questionable that they are present at elevated diffu- 
sion temperatures where rapid local relaxation might 


be expected. If they do exist, however, it is clear 


that stress could be the dominant factor producing 


voids in such regions. 
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GRAIN-BOUNDARY MELTING**+ 


F. WEINBERG; and E. TEGHTSOONIANS 


Using bicrystal specimens of tin, the melting behavior of grain boundaries has been examined as a 


function of stress, heating rate, boundary angle, and impurity concentration. For small-angle boundaries 
(less than 12°) there is no tendency for the crystals to part at the boundary during melting. However, 
specimens with large-angle boundaries were consistently observed to separate at the boundary during 
melting. The temperature at which the separation took place, over a wide range of stress and 
heating rates, was the same as the melting temperature of the bulk material within the experi 
mental accuracy of 0.02°C. The actual separation occurred a finite interval of time after the onset of 
general melting, and this interval was determined as a function of test conditions. 

Adding impurities to the material affected the melting temperature of the boundary in a manner 
conforming with that expected from their phase diagrams. 

Similar tests have been conducted on aluminum bicrystals. 
experimental accuracy of 0.25°C) that, as in the case of tin, the 
only after the melting temperature of the bulk material had been reached. 
not observed to separate at 


It has been determined (within an 
large-angle boundaries separated 
Specimens of aluminum 


with low-angle boundaries (less than 14°) were the boundary 


FUSION DES JOINTS DES GRAINS 


En utilisant des échantillons bicristallins d’étain, les auteurs examinent le comportement, a la fusion, 
des joints en fonction des tensions, de la vitesse de chauffe, de langle des joints et de la concentration 
des impuretés. Pour des frontiéres 4 petit angle (inférieur 4 12°), il n’y a pas de tendance pour les cristaux 
a se séparer au joint pendant la fusion. I] a été observé cependant que des échantillons avec des angles 
forts se prétent a une telle séparation. 

Pour une large gamme de tensions et de vitesses de chauffe, la température a laquelle la séparation 
a lieu est la méme que la température de fusion de la masse du métal dans les limites de la précision 
des mesures (0,02°C). Cette séparation a lieu dans un intervalle fini de temps aprés le début de la fusion 
générale et celui-ci a été déterminé en fonction des conditions expérimentales. 

L’addition d’impuretés au métal, affecte la température de fusion du joint d’une maniére conform 
aux prévisions des diagrammes de phase. 

Des essais analogues ont été effectués sur des bicristaux d’aluminium. 


précision expérimentale de 0,25°C) que, comme pour |’étain, les joints 4 grand angle ne s 
Des échantillons d’aluminium avec un 


ll a été démontre avec une 
d ‘parent 
que lorsque la température de fusion de la masse est atteinte. 
angle des joints faible n’ont pas montré une séparation au joint. 


SCHMELZVORGANG AN KORNGRENZEN 
An Zweikristallproben aus Zinn wurde das Verhalten der Korngrenzen beim Schmelzen in Abhar 
keit von der Spannung, der Aufheizgeschwindigkeit, dem Korngrenzwinkel und der Verunreinigungs 
Bei Kleinwinkelkorngrenzen (weniger als 12°) ergeben sich beim Aufs¢ 1elz 


konzentration untersucht. 
Korngrenze. Im Geg 


keine Anzeichen fiir ein Auftrennen des Kristalls entlang det 
Proben mit Grosswinkelkorngrenzen stets zu beobachten, dass beim Schmelzen der Zus 
Die Temperatur, bei der dieser Proz ss stattfindet, tl 


nsat 


der Korngrenze verlorengeht. stim: 
weiten Variationsbereich von Spannung und Erhitzungsgeschwindigkeit innerhalb det 
Fehler von 0,02°C mit der Schmelztemperatur des gesamten Materials iiberein. Die tatsachli 
nung an der Korngrenze erfolgte um ein endliches Zeitintervall spate 

Dieses Zeitintervall wurde in Abhangigkeit von den Versuchsbedingunge1 


in gieicnel 


Beginn des 


Schmelzvorgangs. 
Verunreinigungszusatze beeinflussen die Schmelztemperatur der Korngrenze 
dies das entsprechende Zustandsdiagramm erwarten lasst 
Ahnliche Versuche wurden an Zweikristallen aus Aluminium durchgefiihr Dabei 
dass, wie beim Zinn, die Grosswinkelkorngrenzen sich erst nach Erreichen der Schm 
Gesamtmaterials lésen (experimenteller Fehler 0,25°C 3ei den Aluminium-Proben 
korngrenzen (weniger als 14°) wurde ein Auftrennen an den Korngrenzen nicht beobacl 


1. INTRODUCTION 


* Published by permission of the Deputy Minister, Depart- 
ment of Mines and Technical Surveys, Ottawa, Ontario, In the past few years considerable attention has 
Canada. 

+ Received November 26, 1956. 

+ Physical Metallurgy Division, Mines Branch, Department Structure and properties of grain boundaries 
of Mines and Technical Surveys, Ottawa, Ontario, Canada. 

§ Now at Department of Metallurgical Engineering, 

University of British Columbia, Vancouver, B.C. Canada. boundaries, and the results have been found to agree 
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been directed towards an understanding of the 
Most of 


the experimental work has dealt with small-angle 


Weis 
irde festgestellt 
$55 
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very well with a boundary structure described in 


terms of dislocation arrays. Large-angle grain 
boundaries, however, are still the subject of specula- 
tion. Dislocation arrays, similar to those used for 
small-angle boundaries, are not adequate in this case. 
Also, little experimental work has been reported for 
large-angle boundaries, since they have relatively few 
properties which can be examined directly. In an 
attempt toadd to the knowledge of boundary behavior, 
the authors have undertaken an investigation of the 
manner in which grain boundaries melt. 

The most extensive examination of grain-boundary 
melting was reported by Chalmers” in 1940. He 
performed a series of tests on controlled-orientation 


bicrystals of tin, and found that the melting tempera- 


ture of the grain boundary was 0.14°C below that of 


the bulk material. 
heating rate, orientation, stress, and impurity traces 
over the range covered. From this he concluded that 
the melting-point depression was an intrinsic property 
of the grain boundary. 

Since that time a number of other workers have 
obtained from aluminum. 


Yannaquis® in 1948 


reported results 


Chaudron, Lacombe, and 


estimated a boundary melting-point depression of 


0.25°C for the 


material in a furnace of known gradient and observing 


aluminum, by placing a plate of 
boundaries melting ahead of the general interface. 
Pumphrey and Lyon) conducted tensile tests on 
short-test 
near the melting-point. They observed a sharp drop in 


specimens of polycrystalline aluminum 


the ultimate tensile stress at temperatures about 4°C 
below the bulk melting-point, accompanied by glazed 
intercrystalline fractured surfaces, from which they 
that 4°C the 


melting-point of material. Boulanger‘? 


boundaries melt below 
the bulk 


reported on internal friction measurements near the 


concluded 


melting-point of aluminum and its alloys. From his 
results he concluded that there was no _ incipient 
the 
measured being a result of impurities or high stresses, 


melting at grain boundaries, any depression 
leading to fracture. 

The present investigation was initially undertaken 
the 


bicrystal type of specimens adopted by Chalmers for 


with aluminum, using controlled-orientation 


tin. The results suggested that the melting tempera- 
ture of the boundary might be the same as that of the 
bulk material. As a result, it was decided to re- 
examine the boundary melting behavior of tin, since 
the thermometry was more reliable and the results 
could be directly related to those reported by 
Chalmers. 

The bulk of the observations deal with tin. 


These 
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This value was independent of 
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results are therefore reported first, followed by the 
results of the tests with aluminum. 


2. EXPERIMENTAL PROCEDURE AND 
OBSERVATIONS 


Tin 


Controlled orientation bicrystals of tin were grown 


2.1. Procedure— 


from the melt in graphite boats, using the modified 
The 
110 


direction was parallel to the growth direction in both 


Bridgman technique adopted by Chalmers. 


orientation of the crystals was such that a 


crystals, and the (001) plane initially horizontal. To 
produce a bicrystal having a given boundary angle 6, 
each crystal was rotated 9/2 about the growth direction 
in an opposite sense to one another, resulting in a 
symmetrical tilt boundary of the specified angle. 
Orientations were determined by the Laue back- 
reflection technique. 
The tin used was obtained from the Vulcan Detin- 
ning Co., and was of three grades: 
(1) Vulean electrolytic: typically 99.9966°, Sn 
with Fe as major impurity. 
(2) Vulcan extra pure: 99.999°, Sn with Pb as the 
major impurity. 
(3) Vulcan spectrographic: 99.9999°, Sn, 0.00001 °, 
Fe: 0.00001°, Pb: 0.0001°, total detectable 


foreign materials. 


) 


The first two grades were found to behave in a 
similar manner, and the results are grouped together. 
In the majority of the tests the first grade listed was 
used. 

The bicrystals grown were 18 mm wide, 5 mm 
thick, and 100 mm long, with the boundary running 


approximately down the centre of the crystal perpen- 
dicular to the front face. Test specimens 10 mm wide 


were cut from the bicrystals with a fine saw, and the 
Tests 


bicrystal 


ends notched for gripping purposes. were 


conducted on flame-cut and as-grown 
specimens to ensure that the cutting operation was 
the ease. No 
difference was observed. 


In order to obtain satisfactory values for the 


permissible in present detectable 


grain boundaries, 


depression of the melting-point at 
it is necessary to obtain heating curves in which there 
is a constant controllable temperature-rise before 
melting, a rapid transition to the melting plateau, and 
a plateau of sufficient duration and constancy to 
indicate clearly the bulk melting temperature for 
each run. It is also necessary to determine when the 
boundary melts and to be sure that the temperature 
measured is that of the grain boundary. 

The experimental arrangement adopted is shown 


in Fig. 1. The specimen was placed against a block 
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Fic. 1. Experimental arrangement for 

testing tin bicrystal specimens 
of similar size and material into which a chromel- 
Both 


placed on a transite block and fastened into position 


alumel thermocouple had been cast. were 
by Sauereisen cement. After the cement had hardened, 
the assembly was lowered into a copper block and 
subsequently heated. The thermocouple used was 
made by spot-welding 28-gage thermocouple wire. 
It was annealed for 1 hour at 300°C and then cast in 
the block with the bare junction in direct contact with 
the tin. The couple did not appear to contaminate or 
the tin and 


thus the system was considered satisfactory. The 


be contaminated by over many runs, 


upper half of the specimen was gripped with chrome! 


wire wound through slots cut in the specimen. With 
this system, the thermal coupling between the speci- 
men and the thermocouple block was excellent, but 
the coupling of the two with the copper block was 
poor. This enabled the heat to be distributed more 
uniformly throughout the specimen and the thermo- 
couple block. 

The melting curves obtained, which were con- 
sidered satisfactory, had heating rates ranging from 
and were constant to 


0.25°C/min to 2.5°C/min 
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within 0.02°C/min at the centre of this range. The 
transition from rise to plateau was completed within 
15 sec and the plateau was constant within 0.02°C over 
a period of 10 min. The melting of the grain boundary 
was indicated by the falling of the weight applying 
the stress to the specimen. From initial tests using 
various sized blocks for the thermocouple, as well as 
second thermocouples in blocks replacing bi- 
crystal specimens, and from the consistency of 
repeated runs, it was concluded that the thermocouple 
in a typical test gave a true indication of the boundary 
temperature. Temperature measurements were made 
with a Leeds and Northrup KA, potentiometer, and 
the results believed accurate to 0.02°C 

In all of the tests the heating rate was measured and 
maintained constant as the specimen increased in 
temperature. Once the melting plateau was reached, 
the temperature of the specimen remained constant 
whereas the copper block continued to rise at the 
The 


between the specimen and copper block would pro- 


same rate as before. temperature difference 


gressively increase, resulting in an increased rate of 
heat flowing into the specimen and therefore an 
melting rate. 


increased Accordingly, although the 


rate of heating was constant, the rate of melting 
increased. The total time for a specimen and thermo- 
couple block to melt in a typical test was approxi- 


mately 30 min. 
Tin 


When a test was stopped immediately after the 


Obse rvations 


bicrystal had separated and the specimen subsequent] 
examined, it was clear that separation at the boundary 
had taken place with little melting of the component 
crystals. Separation was indicated by the falling of 
the the This 
suddenly, a finite period after the specimen had 
This 


period, to be denoted by t*, varied from 10 t 


weight stressing occurred 


specimen 


reached a constant temperature finite dela 
» 700 sec 
depending upon experimental conditions. No daepres- 
sion of the melting-point at the grain boundary was 
evident. 
The behavior of the boundary was examined as 

function of stress, heating rate, orientation ditferencs 
Each of these variables will be discussed 


Table 1 alon 


The difference in 


and purity. 


in turn. The results are summarized in fe 


with those reported by Chalmers. 


temperature at which boundary separation occurs and 
the bulk melting-point is indicated by Ag, », 

2.21. Stress. A tests 
ducted at 100 and 2000 g/cm? and a smaller number at 
50. 200. 1000, 4000. and 6000 g/em2 


large number of were con- 
In all cases the 


specimens separated after the plateau had beer 


AL 
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TABLE | 
Chalmers 


Stress 000—3000 50-6000 
Ne 0.00°C 


independent 0.00°C 


0.1 to 3 


independent 
rate not 
specified 


Heating rate 
(°C/min) 


independent 0-11 0.00°C 
boundary 
did not 
melt 
11°-85 
independent 


Orientation 
difference 14°-85 


0.00°C 
99.996 0.00°C 
0.007% Pb—-0.1% 
Pb 0.1°C—>1°C 
0.04% Sb —0.02°C 
0.05% Cd 0.5°C 


0.14°C 
0.14°C 
0.14°C 


Purity (%) 99.998 
99.996 


99.986 


0.05°% Pb 
0.2% Pb 


0.24°C 
0.70°C 


reached on the melting curve, indicating no depression 
of the melting-point within the stated accuracy of 
0.02°C. 

Increasing the stress decreased the length of time 
(t*) from the onset of general melting, as indicated by 
the melting plateau, to separation at the boundary. 

In several tests the stress (100 g/cm?) was applied 
in shear along the boundary, instead of in tension 
across the boundary. The results were the same as 
those obtained for the tension tests. 

A test 
indicating no discernable etfect due to the change in 


was also conducted in vacuo, the results 


pressure around the specimen. 


A visual examination was made of the surfaces 
exposed at the boundary, following boundary separa- 
tion, in order to ascertain if there was any evidence of 
fracturing. It was observed that the surfaces were 
smooth and relatively flat for very high-purity tin 

,), but consisted of a family of ridges for the 
less-pure material (99.996%). An example for the 
less-pure material is shown in Fig. 2, where the exposed 
surfaces of two specimens cut from adjacent sections 
of a parent crystal are reproduced. Specimen (a) was 
tested at 100 g/em? stress, specimen (b) at 2000 g/cm?. 


Ridges can clearly be seen on the exposed surfaces 


Fic. 2. Exposed surfaces of two tin bicrystal specimens cut 
from adjacent sections of parent crystal. (a) Tested at 100 


g/cm? stress, (b) 2000 g/cm? stress. 
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which continue from one specimen to the other with 
no apparent change due to the large change in stress. 
The ridges run in the general direction of growth of the 
parent bicrystal. 

It is believed that the ridges are a result of the 
macromosaic structure usually present in crystals 
grown from the melt. As a result of the structure, 
the as-grown boundary is not plane through the 
specimen, but has a shape conforming with the surface 
shown in Fig. 2. Specimens cut from adjacent sections 
of a bicrystal would have similarly contoured exposed 
surfaces, as was observed. The very high-purity tin 
did not appear to have a pronounced macromosaic 
structure which would account for the smooth exposed 
surface. 

These observations did not indicate any evidence of 
fracturing taking place on boundary separation. 

A number of tests were conducted in which it was 
possible to watch the bicrystal surface during the test. 
For this the and 
transite-block arrangement 
Fig. 1, but with a furnace having a window incor- 
porated in it. 

No change in appearance of the bicrystal was 


same bicrystal, thermocouple, 


was used as shown in 


observed until the plateau of the melting curve was 
reached. At this point the boundary trace appeared 
on the surface and progressively widened with time. 
For tin of 99.9999°%, purity tested at 100 g/cm? the 
boundary widened from 0 to 0.25 mm, approximately 


linearly, in 160 sec. During this time shiny points 


appeared on the general surface, suggesting surface 


melting was taking place. After a period of time, 
depending upon test conditions, the boundary trace 
very suddenly increased in width an appreciable 
amount and flow of liquid metal could be discerned at 
the boundary. This was followed after a few seconds 
by complete boundary separation. 

Heating rate. Over the range of heating rate 
examined (0.10 to 3.0°C/min) the specimens separated 
at the boundary after the melting plateau had been 
reached. Increasing the heating rate decreased ¢*. 
2.23. Orientation difference. Tests were conducted 
11°, 12°, 15°, 45°, and 80°, 
These values of 


on tilt boundaries of 5°, 8°, 
with electrolytic tin (99.996°, Sn). 
boundary angle are only correct to within approxi- 
mately 2°, due to the lineage structure present in 
the specimens. Five specimens were tested at each of 
the two lowest angles and three at 11° at stresses 
ranging from 100 to 4000 g/cm?, and in all cases there 
was no indication of melting or separation at the grain 
boundaries. The tests when the 
specimens melted at the upper or lower support. Ten 
tests at 13°, five at 15°, two at 80°, and many at 45° all 


were terminated 
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clearly failed by separation at the grain boundaries. 
Several tests were conducted on twist-type 45 
boundaries, the boundary formed by rotating the 
seeds an equal and opposite amount about an axis 
perpendicular to the boundary plane. These specimens 
behaved similarly to the 45° tilt-type boundaries. 
Twin boundaries were also examined to determine if 
they behave as large- or as small-angle boundaries. 
Single crystals having the (110) direction parallel to 
the crystal axis were lightly struck in compression, 
resulting in a family of twins some of which extended 
through the specimen. These were tested in the usual 
way. In all cases the specimens partly recrystallized, 
the 
which subsequently failed on 


resulting in presence of a large-angle grain 


boundary heating. 
However, there appeared to be no melting taking place 
at the twin boundaries which remained in the speci- 
men, indicating that they very likely behave as the 
small-angle boundaries and have no tendency for 
melting. 

time-interval ¢* 


that a finite 


elapsed from the onset of general melting, as indicated 


It was observed 
by the arrest in the heating curve, to boundary 
separation. This period was examined as a function 
of stress, orientation, and purity, and the results are 
reported in Fig. 3. 

Curve 1 of Fig. 3 shows the variation of ¢* with 
stress for a large-angle grain boundary of 99.996°, 
purity. The curve is indicative of the behavior of all 
the large-angle boundaries tested with this purity of 
tin, including 4 15°. The scatter of ¢* for repeated 
tests was within 15 sec. Occasionally one test of an 
identical series resulted in a value of t* which differed 
by a factor of 2 or 3 from the others for unknown 
reasons. These results were not used. Curve 2 shows 
the results for large-angle boundaries over the same 


The 


stress range for higher-purity tin (99.9999°,). 


12 


= 


Fic. 3. Stress-dependence of time to boundary 
separation (t*) from the onset of general melting. 
[—45° tilt boundary : purity 99.996% 
II—45° tilt boundary : purity 99.9999 

IlI—13° tilt boundary : purity 99.996% 
[V—13° tilt boundary : purity 99.9999% 
Heating rate }°C/min. 
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significant feature in this case is that at low stresses 
t* increases rapidly with a decrease in stress. 

13) is 


For the lower-purity tin 


The results for an intermediate angle (4 
shown in curves 3 and 4. 
there is a further increase in ¢* with decrease in stress 
over a larger stress range as compared with the large- 
angle results. For the higher-purity tin the boundary 
did not separate at all within the time available before 
the supports melted. 

Small-angle boundaries (less than 12°) do not 
separate at the boundaries, as reported earlier. 

2.24. Purity. In the last section, observations were 
This 


section will deal with tests on specimens having 


reported on the behavior of high-purity tin. 


specific amounts of impurity added. The purpose of 


-these tests was to extend the general observations of 


boundary separation as a function of purity, as well as 
to obtain further information to help ascertain if 
boundaries separateas a result of melting or fracturing 

If the boundaries separate as a result of melting, 
then it would be expected that this behavior would be 
directly related to the phase diagram of the materials 
concerned. For the case in which the solidus and 
liquidus temperatures drop with increased amounts of 
added that the 


temperature of separation would drop in a 


impurity, it would be expected 


corres- 
ponding fashion. On the other hand, if separation is a 
result of a fracturing process, then it might be expected 


a given amount of any impurity could lower the 


temperature at which separation takes place in a 
manner not related to the phase diagram 


Three materials were added to the electrolytic tin 


lead, antimony, and cadmium, in amounts within thei 


solid solubility range. Lead and cadmium both have 


solidus and liquidus temperatures which drop with 
increasing concentration, whereas the antimony curves 


rise with concentration. The results are shown i 


Table 2. A, , is the difference in temperature 


petweel 


boundary separation, and the bulk melting 


Added 
impurity 


0.007 2000 


Lead 

0.02 LOO 
0.02 
0.43 
0.43 
0.43 
0.43 


0.10 


2000 
LOO 
2000 
4000 
LOOO 
0.10 
0.040 


0.053 


Antimony 2000 


Cadmium 2000 


| SUPPORTS MELTED 
" T NO BC JNDARY SEPARATION ] 
wt 
| 
0.40 
Oo 200 400 600 800 1000 1200 1400 1600 1800 2000 220% 0.20 0.9 
STRESS 
v.00 
0.7 
10 
1.10 
Oos 
0.70 0.71 
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the pure material, taking temperature-lowering as 
positive. 
Ag B. solidus 


solidus obtained from the phase diagram. The thermo- 


is the calculated depression on the 


couples used were believed to be accurate and re- 
producible to within 0.05°C on the basis of a number 
of tests on pure tin with the same thermocouples. 
The block in which the thermocouple was cast was 
always the same composition as the bicrystal. 

The lead and cadmium alloy crystals all separated 
at their grain boundaries at temperatures below the 
melting temperature of the pure material and above 
the solidus temperature, completely in accord with 
their phase diagrams. Increasing the applied stress 
moved the temperature of separation closer to the 
solidus. With the the 
boundary separated at a temperature above the pure 


antimony alloy crystals, 
tin melting temperature, again in agreement with the 
phase diagram. The fact that the value of Ag, is 
below the calculated solidus value is not considered 
significant, since this is within the reproducibility 
of the thermocouple used. 

In considering the observations in which the lead- 
alloy specimens failed at the boundary below the 
melting-point of the pure material and the antimony 
above, it appeared possible that thismight beexplained 
by a fracture process. The relatively large lead atoms 
might weaken the boundary leading to early fracture, 
whereas the antimony atoms, being of similar size to 
that of tin, would not. If this were so, then adding 
cadmium to the pure material should not lower the 
boundary separation temperature, since cadmium and 
tin also have similar atomic sixes. This was not the 
case, suggesting that fracture is not the dominant 


mechanism. 


AS Procedure Aluminum 


Controlled-orientation bicrystal specimens of 
aluminum were prepared in a manner similar to that 
described for tin, except in this case an argon atmos- 
phere was used. The material was superpure French 
aluminum (99.995°, Al). The (100 
parallel to the growth direction in both crystals of the 
bicrystal, and a {100! this 
direction from the horizontal for each crystal, pro- 


direction was 


plane rotated about 
ducing a symmetrical tilt boundary. Test specimens 
were cut from the bicrystals with a fine saw, to the 
shape shown in Fig. 4(a). The boundary at the centre 
of the test specimen was 8 mm wide, 5 mm thick, and 
perpendicular to the specimen face. 
measured with a 
the 


Two specimens were tested at the 


Temperatures were platinum 


resistance thermometer, using thermal system 


shown in Fig. 5. 
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Fic. 4. Aluminum bicrystal specimens (a) before testing, 
(b) after testing (large angle), (c) similar to (b) but allowed to 
continue melting, (d) after testing (small angle). 


same time, held in small graphite plates. The assembly 
shown was lowered into a large furnace and slowly 
heated. It was expected that the aluminum annulus 
would start to melt before the centre of the system had 
reached the melting-point. As a result, the graphite 
well and test specimens would slowly and uniformly 
be brought to the melting-point, enabling the thermo- 
couple temperature to be taken as indicative of the 
specimen temperatures. 

About sixty specimens were tested in this fashion, 
and it appeared that it was impossible to correlate 


specimen temperatures to thermometer temperature 
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Fic. 5. Experimental arrangement for testing 
aluminum bicrystal specimens. 
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to better than 0.25°C for this system. The platinum 
resistance thermometer had been initially calibrated 
at the bulk melting-point of the material used. 


2.4. Observations—Aluminum 

As with tin, it was observed that separation took 
place at the grain boundaries with little melting of the 
component crystals. This is shown in Fig. 4, in which a 
typical bicrystal specimen is shown before testing (a) 
and after testing under a stress of 100 g/cm? (b). If 
the test had been continued and appreciable melting 
allowed to take place, then the individual crystals 
would appear as shown in (c). Boundary separation 
took place at the bulk melting-point of the pure 
material within a range of 0.25°C, the possible error 
estimated in relating the thermometer reading to the 
specimen temperature. 

It was observed that boundary separation only took 
place for large-angle grain boundaries. For small- 
angle tilt boundaries (less than 14°) the specimens 
behaved as single crystals showing no tendency toward 
separation. Specimen (d) of Fig. 4 is a bicrystal 
having a 9° tilt boundary, treated in the same manner 
as (c). Appreciable general melting has taken place 
and the specimen has failed by melting at the suppor- 
ting legs with no indication of melting at the boundary. 


3. DISCUSSION 

A brief summary is given below of the observations 
that require explanation. 

(i) Bicrystals of tin separate at the grain boundaries 
when heated to their melting-point. The temperature 
at which separation occurs is the same as the equi- 
librium melting temperature of tin within the experi- 
mental accuracy of 0.02°C. 

(ii) This grain-boundary separation is only apparent 
for bicrystals with boundary angles greater than 
== 

(iii) A finite time, ¢*, elapses after the bicrystal 
reaches the equilibrium bulk melting-point before 
separation occurs. 

(iv) The magnitude of t* depends upon a number of 
variables as follows: 

(a) Heating rate; the higher the heating rate, the 

smaller is ¢*. 

(b) Stress; the higher the stress, the smaller is ¢*. 

(c) Purity; the higher the purity, the greater is ¢*. 

(d) Orientation difference; the smaller the @, the 

greater is ¢* in the range of orientation 11° < 4 
15°. 

Each of the points in the summary will be discussed 
in turn. 

(i) The fact that bicrystals separate at the boundary 


under stress immediately poses the question as to 
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whether the separation is a result of a true melting ora 
felt that the 


nature of the present results clearly indicates that it is, 


mechanical fracturing process. It is 


in fact, a melting process which is being observed 
If, as found, the 


separation at the boundary took place at a temperature 


in these experiments. Chalmers 
below the bulk melting-point, this conclusion might 
doubtful. 
clearly 
the 


However, inasmuch as the 
that the 


melting-point, and 


be somewhat 


present results show boundary 


separation occurs at bulk 
moreover at some considerable time after the onset of 
general melting, it is very likely that the boundary 
separation is due to melting at the boundary, and not 
due to mechanical fracturing at the boundary 

Further evidence to support this suggestion comes 
from the results of experiments on the bicrystals 
with added impurity. As described in an earlier 
section, all these experiments showed that the boun- 
dary separation occurred at a temperature between the 
solidus and liquidus temperatures (i.e. after the onset 
of general melting), and at a temperature that was 
lower than the bulk melting-point of pure tin for both 
lead and cadmium impurity and higher for the 
antimony impurity. This is in complete conformity 
with a true melting process that would be expected 
from the form of the equilibrium diagrams for these 
additions to tin. 

In addition, the stress independence of the visual 
appearance of the exposed boundary surfaces confirms 
a true melting process rather than a_ boundary- 
fracture process. 

(ii) Perhaps the most striking item in the summary 
is the relatively straightforward observation that fo1 
boundary angles less than 11° there is no tendency fo! 
separation to occur whatsoever, while for 


this 


boundary 


boundary angles greater than 1] tendency is 


inevitably present to a degree controlled Dy « 


variables. These observations suggest that eithe1 


or both of 


two things change markedl\ 


critical angle: these are (1) the geometrica 


of the grain boundary and (2) the composition 


grain-boundary region. The first of these tw: 
i the model of g 


is in general agreement with 
boundary structures proposed by Read and Shockley 
grain-boundary energies 


that a low-: 


in their discussion of 
ingle 


Considering, in the simplest case, 


boundary is constituted of an array of edge dislocations, 


it follows that the density of dislocations increases 


with boundary angle until, at about 4 12°, the 


dislocations are separated by a distance of about four 
atom spacings. This is about the distance at which 
one might expect the beginning of serious overlap of 


the dislocation cores resulting in the loss of identity of 
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the 


relatively orderly, 


he individual dislocations. For small angles, 


grain-boundary region would be 
for large angles relatively disorderly. At intermediate 
ingles, where the dislocations overlap and lose their 
identity, there would be a general increase in the 
disorder of the boundary region, the disorder becoming 
more or less continuous throughout the region. It is 
probably significant that the critical angle of about 11 

observed in the present work coincides quite closely to 
the 12 


equation for tin. 


of the Read and Shockley energy 


The second possibility to be considered is the change 
in composition in the grain-boundary region that 
occurs with change in boundary angle. As suggested 


.(6) 


by the work of Thomas and Chalmers‘® on bicrystals 


of lead containing bismuth impurity, the character of 


the grain-boundary segregation of the impurity is 
orientation sensitive, being very low for small angles 
(up to about 15°) and then increasing very rapidly for 
increasing boundary angle. Even though Thomas and 
Chalmers also observed a marked decrease in grain- 
boundary segregation with increasing temperature, 
it is still very possible that when the boundary angle 
is satisfactory for grain-boundary segregation to 
occur, that such segregation is likely to persist to 
some degree right up to the melting-point. 

From the present observations it does not appear 
possible to separate the effect of atomic disorder and 
the effect of the presence of foreign atoms at the 
The 


fact that below a critical boundary angle the boundary 


boundary on the boundary melting behaviour. 


does not melt. and that this angle coincides with the 


critical angle from boundary-energy calculations, 
suggests that the dominant factor is the boundary 
structure. However, if one assumes that boundary 
melting is a result of the presence of impurities, and 
the impurity concentration at the boundary is 
directly related to the boundary structure, then the 
same observations could be satisfactorily explained. 
That impurity atoms do play a major role in the 
boundary behavior is suggested by the results obtained 
with a boundary angle (4 13°) close to the critical 
Increasing the purity of the tin from 99.996°, 
the 


material 


value. 
to 999%, basic 


the 


sufficient to change 


the 


was 
With 


specimens all separated at the boundary over the full 


observation. lower-purity 
stress range used; with the higher-purity tin there was 
no separation. These results also suggest that only a 
would be 
The 


influence of this concentration on the melting tempera- 


very small concentration of impurity 


required at the boundary to effect separation. 


much smaller than that detectable by 
the 


ture would be 


the present thermal system, accounting for 
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observation that separation takes place at the same 
temperature as the equilibrium bulk melting tempera- 
ture. 

(iii) To explain why a finite time-interval ¢* elapses 
the 
separation, and why this interval varies the way it 


from onset of general melting to boundary 
does with experimental conditions, requires a discus- 
sion of the detailed melting process at the boundary. 
Since melting along the boundary was not directly 
observed, the mechanism must be inferred from the 
boundary behavior. 

Consider first the behavior of a single crystal 
centre of a furnace as it is slowly 


first the 


suspended in the 
Melting 
surfaces of the specimen, since heat is flowing from 


heated. would start on outside 
the outside to the centre of the specimen and melting 
can nucleate more readily on a surface than in the 
centre of a crystal. Melting would then proceed 
progressively toward the centre of the specimen, as 
shown schematically in Fig. 6(a), where the lines show 
successive positions of the melting fronts. The rate of 
melting would be a function of the rate of heat-input 
into the crystal. 

Next consider the behavior of a bicrystal containing 
a large-angle grain boundary. As with a single crystal, 
melting would start on the outside surface, but the 
shape of the melting front would be influenced by the 
presence of the boundary. It is believed that a large- 
angle boundary consists of a relatively disordered 
region of atoms, roughly four lattice spacings wide in 
which, in this case, there is a concentration of impurity 
The to be 
independent of the orientation of the crystals as 


atoms. boundary properties appear 
long as the boundary angle is greater than the critical 
value. Under these conditions it appears reasonable 
to consider the boundary as consisting of two internal 
crystal surfaces separated by a relatively disordered 
region of atoms. These internal surfaces, in a similar 


manner to the outside surfaces. would then show a 


SS 


Fic. 6. Schematic diagram showing the successive positions 
of the 


melting interface for single and bicrystal test specimens. 
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stronger tendency towards melting than the body of 
the crystal. Since heat is flowing from the outside to 
the centre of the specimen, the outside edges of the 
internal surfaces would start to melt and then proceed 
toward the centre. The melting fronts in the case of 
the bicrystal would then be somewhat as shown 
schematically in Fig. 6(b). Grain-boundary melting 
would then really result from the melting of each of 
the members of the bicrystal on its internal surface 
producing a liquid layer which could not longer 
support the applied stress, or weight of the lower half 
of the specimen. The time ¢* to boundary separation 
from the onset of general melting is the time required 
for the internal surfaces at the boundary to melt to 
the centre of the specimen producing a complete liquid 
laver. 

(iv) (a) Consideration 
understanding the variation of ¢* with variation in 


experimental conditions. The most readily understood 


can now be directed to 


is the reduction in ¢* with an increase in the heating 
rate, for an increase in heating rate merely results in 
an increase in the rate of supplying the latent heat for 
melting and, consequently, an increase in the rate of 
advance of the melting front described above. This 
will result in a shorter time for the advancing melting 
fronts along the grain-boundary surfaces to meet and 
join into a continuous liquid layer. 

(b) The sensitivity of (* to stress may be understood 
by considering the relationship between melting-point 
and From a thermodynamic argument, 
following Chalmers,” a stress of 100 g/em? applied to 


pressure. 


a tin specimen would produce a lowering of the 
melting-point of 0.001°C. It is reasonable to expect 
that the lowering of the melting-point due to stress 
would be enhanced at a grain boundary, considering 
Accordingly, once 


the disorder at the boundary. 


melting starts and the melting front advances into 


the specimen as described previously, that portion of 


the melting front advancing into the grain-boundary 
region will proceed more rapidly under the action of 
a stress than in its absence. Therefore, the higher the 
applied stress, and the more pronounced the lowering 
of the melting-point in the grain-boundary region, 
the smaller will be the time for complete melting at the 
It should be emphasized 


the 


grain boundary to occur. 


used, maximum 


that for the range of stresses 
reduction in melting-point is still less than 0.01°C 
(c) Consider the dependence of ¢* on purity. Recall 
that tin of 99.9999°,, purity had a greater ¢* than tin 
earlier, it is 


of 99.996°, mentioned 


considered possible for segregation of impurity in the 


purity. As 


orain-boundary region to persist up to the melting- 


point. Moreover, as Cahn has pointed out, the 


concentration of impurities at the grain boundary at a 


temperature greater than the condensation tem 


perature, is proportional to the bulk concentration 
Thus it is to be expected that the concentration of 
impurity at the grain boundary will be greater in the 
99.996°, tin than in the tin of 99.9999°%, purity. It 
follows then that the melting-point of the material in 
the 


the grain-boundary region will be lowered by 


provided that the equl- 


librium diagram is of this type. Therefore the melting 


concentration of impurity 


front will advance more rapidly along the grain 
boundary in a manner directly analogous to that just 
described for the action of stress, and the time ti 
separation will be correspondingly reduced 

The behavior of tin specimens in which the added 
somewhat anomalous 


impurity is antimony, is 


Increasing the concentration of antimony raises th 
melting temperature of the alloy, which should there 
fore decrease the tendency for melting at the grain 
This 
the specimens always 
The 


this case therefore suggest that. in the case of antimony 


boundary and therefore boundary separation 


was not what was observed 


separating cleanly at the boundary results in 


in tin, the grain boundary is a region which is depleted 


in impurity. This is a conclusion which has not been 


corroborated by any other evidence 


(d) As in the case of the lowering of the melting 


point in the grain-boundary region due to the applied 
stress, so too the difference in grain-boundary segrega 


tion concentration will likely be sufficiently 


that the lowering of the melting point due o thes 


secregations will again be of the order of 0.01° 


Since the experimental arrangement was such that 


the heating plateaus were not better than about 


0.02°C. such variations wer 
For 


decreases as # increases and this is probab 


never directly ol 


bicrystals with 4 in the range of 
ot the increasing amount of segreg ited impuri 
the grain boundary in a manner similar t« 


tation dependence found by Thomas and 


4. CONCLUSIONS 


| Preterential| melting ccurs at gral 


2. This preferential melting occurs at a ter 
qual to the equilibrium bulk melting temp 
pure tin 

3. The 


angles greater than 1] 


melting occurs only for oral 


and 1s Indepe ident 


angle with the 


in the range 15° to 90 
twin boundaries 
$. The rate at 


place depends upon | 


which boundary melti 


applied stress 
materia 


heating rate, (3) the purity of thi 


1°-16°, 

ound 
th 
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the 15°. 
5. The boundary melting phenomenon is not only 


orientation difference in range 11° to 
an intrinsic property of the boundary itself, arising 
solely from the disorder in the boundary region, but 


is also largely controlled by trace amounts of impurity. 
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SEGREGATION AT THE EUTECTIC TEMPERATURE* 
B. C. ALLEN} and S. ISSEROW?: 


The segregation of the two solid phases in the crystallization from the eutectic liquid has been shown 
to be due to the difference in the densities of the phases involved. The segregation effect can be amplified 
Although 


checked in other systems, the effect was investigated most thoroughly in the uranium-aluminum system, 


by repeated cycles involving alternate heating and cooling through the eutectic temperature. 
where the density differences are unusually favorable for its manifestation. 


SEGREGATION A LA TEMPERATURE EUTECTIQUE 
On a pu montrer que la ségrégation de deux phases solides dans la cristallisation d’un liquide eutectiqu 
est due a la différence de densité des phases en présence. 


L’effet de ségrégation peut étre amplifié par des cycles répétés consistant en des alternatives dé 


chauffage et de refroidissement encadrant la température eutectique. 


Cet effet, quoique étudié dans d’autres systémes a été 


surtout examiné dans l’alliage uranium 


aluminium ov les différences de densité sont exceptionnellement favorables pour son apparition 


SEGREGATION AN DER 


EUTEKTISCHEN 


TEMPERATUR 


Die Segregation der beiden festen Phasen bei der Kristallisation aus der eutektischen Schmelze ist 


wie gezeigt wird, eine Folge der 


Segregation kann verstarkt werden durch wiederholtes Aufheizen und Abkiihlen iiber die 


Temperatur hinweg. 


am eingehendsten am System Uran-Aluminium untersucht, das hinsichtlich det 


ungewohnlich giinstige Verhaltnisse aufweist. 


Dichteunterschiede 


zwischen den beiden beteiligten Phasen Dik 


eutektische 


Die Erscheinung wurde, neben einigen Kontrollversuchen an anderen Systemen, 


Dichteunterschiede 


INTRODUCTION 
The difference between the compositions of equi- 


librium phases in multicomponent systems can 


readily lead to segregation during processes involving 
more than one phase. Liquid-solid equilibria provide 
examples of composition differences of various 


The 


prevented in cases where it is detrimental, as when a 


magnitudes. resultant segregation has to be 


uniform product is sought. In some cases, such 


differences in the composition of liquid and solid 


at equilibrium can be exploited for separation pro- 
cesses. Examples are provided by the well-established 
Parkes process and the recently developed zone- 
When the liquid and solid 
phases differ in density, centrifuging may be used to 


melting technique.” 


promote separation. 

The eutectic composition is often considered a 
limiting point in liquid-solid separation processes, 
analogous to the azeotropic composition in liquid- 
vapor equilibria. In the eutectic equilibrium, the 
overall composition of the solid is indeed the same as 
that of the liquid. The kinetics of the crystallization 
of the solid phases may be such as to lead to their 
intimate association, as has been shown by Chalmers 


and co-workers for the tin-lead system. It must 


* Received July 23, 1956; in revised form November 26, 
1956. 

+ Department of Metallurgy, Massachusetts Institute of 
Technology. 

+ Nuclear Metals, Inc. Cambridge 39, Massachusetts. 
ACTA METALLURGICA, VOL. 5, AUGUST 


1957 


be remembered, however, that two solid phases are 
formed, each differing in composition from the eutectic 
liquid, but together having the same composition as 
the eutectic liquid. These two solid phases not only 
differ in composition but, very likely, also in density 
difference cal lead to se 


The 


of the U-Al system, whose phase diagram®? is 


This density gregation 


under certain conditions. high-aluminum end 


shown 
8, provides particularly favor 
for the separation of the 


Not only is the 
twice that of 


in Fig. 


solids 


density of 


the eutectic. 
than aluminum, but the liq 
density in the range between that of the t 
Hence, conditions are suitable for 


solids by a sink-float mechanism, if 


phases are free to move independently. Sucl 
ration has been achieved and promoted i 
system by repeated heating and cooling al 


Work on 


systems and on a simple aqueous system verified the 


below the eutectic point. other metallic 


occurrence of eutectic segregation to an extent 
dependent on differences between the densities of 
the phase. 

METHOD 

’-Al alloys close 


o Al 


induction-heated in a 


EXPERIMENTAL 
Most of the work was done with [ 
to the eutectic composition of about 14 w 
Melts about 4 in. 


graphite crucible supported ina Vycor tube, in which 


high were 


a flowing atmosphere of was maintained 


the 


argon 


For measurement and control of temperature, 
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140 Eutectic 
Arrests temperature 


arrests 


Eutectic range 


Temperature 


eutectic range 


12 11 10 


Time of run 


Fic. 1. 14 w/o U-Al 


Record of part of run 11. 
3.5 min arrests. 


a Chromel-Alumel thermocouple was placed in an 
This 
thermocouple was connected to a Leeds and Northrup 
This 


could be set to turn on the high-frequency generator 


alumina tube which dipped into the metal. 


Micromax controller and recorder. controller 


at a predetermined temperature below the eutectic 


and to shut off the heat at a desired temperature above 
the eutectic. In this way, the alloys could be auto- 
matically cycled for various lengths of time in a 
temperature range at whose lower end the alloy 
was solid and whose upper end was 5 to 35°C above 
the The 
be used to obtain an automatic time-temperature 


eutectic. same Micromax recorder could 
record when the method of heating was modified 


to include, for example, a resistance furnace or 


manual control. Such a record is shown in Fig. 1. 

After thermal cycling and cooling to room tempera- 
ture, the alloys were cut into sections at various 
points along their heights. Samples were taken from 
chemical and metallographic 
the 


standard 


sections for 
After 
determined by a 
methods: U 
ranate; Ni (in Al-Ni) gravimetrically with dimethyl- 


these 


analysis. solution in acid, metals were 


variety of analytical 


(in U-Al) colorimetrically as the peru- 


glyoxime; Sn (in Sn-Zn) by titration with potassium 
after the state: Si 
(in Al-Si) colorimetrically as the silicomolybdate 


iodate reduction to stannous 
complex. Metallographic preparation was completed 
by an electrolytic etch for which the electrolyte was 
| part 60°, perchloric acid to 10 parts glacial acetic 
acid. These metallographic specimens were used 
for determination of particle size. 

The densities of liquid alloys were found by deter- 
mining the pressure-head on a water column equi- 
valent to the liquid-metal head on an argon inlet 
tube which dipped into the melt. The water-head 
equivalent was found by extrapolation to zero flow 
of the heads equivalent to various gas flow-rates. 

Appropriate modifications were made in the one 
run on the lead nitrate-water system. The 26 w/o 
solution, placed in a polyethylene container, was 
frozen by immersion in a dry ice-acetone mixture 
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and was melted in air at room temperature. Settling 
of the lead nitrate could be observed. The run was 
terminated by complete freezing of the solution 
followed by sectioning with a knife immersion-heater. 
The lead-nitrate content of the section was deter- 
mined as the white residue remaining after evaporation 
of the thawed solution. 
RESULTS 

Understanding of the terms used in the discussion 
of the thermal cycling will be helped by reference 
to Fig. 1, The 


relatively time 


a typical time-temperature record. 
represent the 
Each flat portion of a 


horizontal portions 
spent in the “eutectic range.”’ 

cycle is the time of the thermal arrest. The sum of 
these portions represents the total time spent by the 
the 
Above this range, the sample is heated briefly to 


system essentially at eutectic temperature. 
an arbitrary level (the ‘‘overshoot’’) above the eutectic 
range before being allowed to cool through the eutectic 
range and to freeze. 

The thermal cycling history is summarized in 
Table 1. 
from the bottom up to which evidence of settling of 


The next-to-last column gives the height 


the heavier phase could be seen. In the U-Al system, 
this height is readily delineated by the oxidation of 
Table 2 
provides data on the uranium content of sections 
billets. 
data for the other systems are in Table 3. 


uranium as a result of exposure to air. 
from various locations in the U-AIl Similar 
The loca- 
tions of the samples may be deduced from the abscissas 
in Figs. 2 and 3. These figures show respectively the 
segregation patterns resulting from different density 
differences and from varying times spent in the 
eutectic range. The extent of segregation is brought 
out by expressing the ordinate as concentration of 
the denser phase, e.g. UA],. 
The 

chemical 


the 
Fig. 4 shows the variation 


microstructures consistent with 
data. Thus. 


in UAI, content from top to bottom in the ingot 


are 


resulting from run 11, corresponding to the chemical 
The bottom 
of this ingot can be compared with the bottom of 


data shown in one of the curves in Fig. 3. 
ingots from runs 7, 8, and 10 shown in Fig. 5. These 
ingots spent less time in the eutectic range, leading 
to the analyses shown in Fig. 3. 

For the evaluation of the effect of variables in 
the thermal cycling, it was found helpful to define 
the settling effectiveness parameter J as 


I = 100 


(w/o denser phase in bottom after run) average 


100 — average 


Provided the thickness of the chemical analysis 
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TABLE 1. Thermal cycling history and visual observations 


Average time in Number Total 
eutectic range (min) of Average Length time in Height of 
Run Average composition heatings overshoot of run eutectic settlings 
number (wt.%) Each Each and (°C) (hr range (in.) 
heating cooling coolings (t° hi 


0.33 


11.5 Si, Al of 5. 

5.30 Ni, Al 3. 3.é : ) if 
13.6 Zn, Sn 2. 3.2 
26.0 Pb(NO,),, H,O 405 2 2 


* The liquid was superheated about 150°C, effectively destroying the settling effect of prior melting 
TABLE 2. Analyses (w/o U) of sections obtained after the thermal eveling of U-Al alloys. (For thermal history 


Run number 
Average 


Top 
Middle 
Bottom 


Run number 
Average 


Top 

Middle 
Middle-bottom 
Bottom 


Run number 
Average 


Very top 

Top (outer) 

Top (inner) 

Middle (outer) 

Middle (inner) 

Middle-bottom (outer) 
Middle-bottom (inner) 

Upper part of settlings 

Bottom (outer) 60.6 
Bottom (inner) 58.1 


* The alloy was made from an aluminum-uranium ingot whose average uranium analysis is indicated in the data 

+ To give a bottom section analysis as high as 46.4% uranium, the other sections should have analyses paralleling tho 
runs 9, 10, and 13. Since the upper sections of run 12 are relatively rich in uranium, the bottom section cannot be as 
46.4% 


uranium, 


daepti 
In 
14.0 U, Al 0.2 150 0.00 85 
2 14.0 U, Al O* 20 1* 150 
3 14.0 U, Al O* 35 1* 150 0.58 3.5 
4 14.0 U, Al 0O* 260 |* 150 1.33 3.5 
14.0 U, Al 34 26 10 15 | 4.24 0.7 3.5 
6 14.0 U, Al 34 26 28 10 25.5 13.0 0.7 3.5 
7 14.0 U, Al 3 4 14 15 1.00 0.82 3.5 
8 14.0 U, Al 2.5 3 74 10 4.4 3.39 0.4 aa 
9 13.8 U, Al 5 3.5 190 10 16.1 11.1 0.6 3.5 
10 14.0 U, Al 3 272 10 16.5 13.6 0.4 3.5 
ll 14.0 U, Al 5 3.5 360 10 27.5 21.0 0.4 25 
12 14.0 U, Al oD 3.0 50 35 4.8 2.92 0.4 3.5 
13 13.3 U, Al 5 3.5 168 35 16.0 9.8 0.4 3.0 
14 15.9 U, Al 5 0.5 80 15 1.50 0.66 0.5 3.2 
15 5.0 U, Al 5 3.5 170 10 16.6 12.1 0.6 3.1 
21 3.5 
22 0.4 3.0 
23 
24 5 0.5 6.0 
y sec lable | 
: l 2 3 4 5 6 
14.0 14.0* 14.0* 14.0* 14.0* 14,0* 
14.1 13.5 13.6 11.8 9.4 4 
14.1 13.4 14.9 [2.3 12.2 10.0 
13.9 14.9 17.2 28.2 30.7 36.0 
7 S 9 LO 13 14 
14.0* 14.0* 13.8 14.0* 13.3 15.9 
11.0 5.9 2.4 4.5 y 12.6 1.9 
12.3 10.2 2.2 5.2 5.3 12.9 3.4 
10.9 7.2 6.7 13.2 
23.4 35.6 54.5 54.9 $5.4 30.1 LOS 
1] 12 
14.0* 14.0* 
6.5 
) 6.6 
6.6 
11.8 
10.8 
$6.47 
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sample does not exceed the depth of the settled 100rsatom 
denser solid phase, J ranges from 0 to 100. Assuming 
the thermally cycled aggregate to be of eutectic 
composition, I is zero when the bottom section 
remains of the same overall composition as the other 


weight °lo UAl4 


sections, and is 100 when the denser solid packs 


to the exclusion of all liquid. In other words, J is 0 


WwW 


for no segregation and 100 for complete settling. 


3 
D = distance from crucible bottom in. 
Fic. 3. Segregation patterns of 14 per cent uranium- 
aluminum alloys after different total times spent in eutectic 


range. 2 


2.5—22.5 min thermal arrests were used. 


Total time in Run 
eutectic range (hr) number 


0.00 
0.82 
A 3.39 
13.60 
@ 21.00 


W= wt. °%/o denser eutectic solid 


D= distance from container bottom 
Scale doubled for run number 24 
TABLE 3. Analyses (w/o) of sections obtained after the 


‘gregation patterns of various eutectic binaries thermal cycling of specified substances 


after thermal cycling 


Density Run number : 22 23 24 
difference Total time 
Binary between in eutectic Run System Sn-Zn H,O Pb(NOs), 
system liquid and range number 
settling solid (hours) Component Si Ni : Pb(NO3), 


Average 


* U d 3.26 Top 
A S1 21 Middle-top 
Ni—: oabe yy Middle 
Sn 27 Middle-bottom 
H,O—Pb(NO,), 3.2! af y Bottom 


TABLE 4. Densities of components of eutectics 
Sn-Zn H,O—Pb(NO,). 


Eutectic temperature, °C j 577 199 2 54 
Eutectic composition, w/o 5.7 Ni 3.1 § 9.0 Zn 26.0 Pb(NO3). 
Density of eutectic solid at 25°C (g/c.c 2.8% 2.6: 7.28 

Density 


aft 


f eutectic liquids at the eutectic 
temperature (g/c.c.) 2.75 2.5! 2 6.98 1.28 
Density of denser solid phase at the eutectic 
temperature (g/c.c.) 
Density of the lighter solid at the eutectic 
temperature (g/c.c.) 2.56 (Al*) 2.56 (Al*®) 2.30 (Si*) 7.03 (Zn*) 0.917 (Iee*) 
Difference between heavier solid and liquid 
densities (g/c.c.) 3.26 1.33 0.14 0.21 3.25 
Action of lighter solid Lises Nil Rises Sinks Rises 


6.05 (UAI,) 3.88 (NiAl,) (Al*) 7.19 (Sn*) 4.53 (Pb(NQ,).,)* 


* A slight amount of the other component is in solid solution, but this fact does not alter the density values appreciably in 
the second decimal place. 


>, 1957 
Middle-bottom Middle 
| | pe 
— | 
= | 
20 
| 
7 
O 1 2 3 
Fic 2. 
(g/c.c.) 
| 11.5 5.30 86.42 26.0 
3.07 83.88 21.7 
11.6 24.1 
11.9 5.82 90.70 24.5 
LL.S 5.96 90.75 25.8 
7.8 9.67 91.04 50.3 
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. 4. Microstructures of eutectic U-Al alloy afte 


Total time in eutectic range 21.0 hr Electrolytic etcl 
Matrix, aluminum. Dark phase, UAI, 


(a) Top section 2.9 w/o UAI, b) Middle section 
(c) Middle-bottom section 8.7 w/o UAI, d) Bottom section 


169 
(a) b 
(ec) d 
360 3.5 min arrests (run 
4.7 w/o UAI, 
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e 


on’ 


Ul. 


(d) 
Fic. 5. Microstructures of bottom of eutectic U-Al alloy after increasing 
number of arrests lasting 2.5—4 min Electrolytic etch. 100 , bright light 
Matrix, aluminum. Dark phase, UAI, 
(a) Run 1—Before cycling: 20.3 w/o UAI, (ec) Run 8—74 arrests, 3.39 hr in eutectic range: 
UAI, 
(b) Run 7—14 arrests, 0.82 hr in eutectic range: 34.0 w/o (d) Run 10—272 arrests, 13.6 hr in eutectic range: 79. 


UAI, UAI, 


(a) (b) 
7 w/o 
7 w/o 
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(100- ave. wt. /e denser phase) 


@ 


(Wt. */ denser phase in bottom after run)-(ave) 


to = total time in eutectic range 


=100 


l 


Fic. 6. Plot of settling effectiveness vs. total time spent 
in eutectic range for various binary systems. 
Al, 10°C overshoot. 
Al, 35°C overshoot. 
Al. 
26% Pb(NO,),.—H,O. 
5.38% Ni—Al. 
A 86.4% Sn—Zn. 
11.5% Si—Al. 


(100-ave. wt. “fe UAI,s) 


> 
= 


100 


10 15 
to = total time in eutectic range 


I 


Fic. 7. The effect of length of thermal arrest on the 
settling of UAI, in eutectic aluminum-uranium alloys. 
A 0.5 min arrests. 
@ 2.5 4 min arrests. 
25 34 min arrests. 
Single arrest. 


Atomic °%/. Uranium 


5 10 20 
=" 159071 
7” Liquid+ UAI> 


1350° 


Liquid + 


Temperature 


730° 
Liquid + UAl4 
Al +UAl, 
@& 
Weight Uranium 


. Aluminum-rich portion of the aluminum-uranium 
equilibrium diagram. '®? 


Fig. 6 is a plot of this parameter as a function of 
time in the eutectic range for the various systems 
The benefit of shortening the cycles to obtain more 
cycles for the same total time in the eutectic rang 
is brought out in Fig. 7. 

Table 4 is a summary of the density data. With 
the exception of some of the measured densities for 
eutectic liquids, these densities were obtained from 
X-ray data and tabulated data, with reasonable 


corrections being applied for thermal expansion 


DISCUSSION 

The results are consistent with the postulate that 
segregation results from the separation of the com- 
ponents of a eutectic by a sink-float mechanism 
The magnitude of segregation can be correlated with 
the density differences, the phases in the U-AlI 
system having densities which make them unusually 
amenable to such segregation. The more detailed 
work on this system established that the effect could 
be magnified by repeated cycling through the eutecti: 
temperature. In a particular system, the density 
differences are set but the extent of segregation 
depends on the length of time spent in the eutectic 
range. The value of additional time in this range 
diminishes as the separation progresses (Fig 6) 
Separation is enhanced by the partial solution and 
precipitation accompanying heating and _ cooling 
above and below the eutectic temperature Such 
digestion and coarsening of the crystallizing phase 
can in fact be presumed to be effected by localtempera 
ture fluctuations even while the alloy seems to bi 
in the eutectic range. Heating the melt for short 
times to temperature exceeding the eutectic by as 
much as 35°C does not destroy the segregatio1 

Manifestation of the effect is not limited to system 
initially close to the eutectic composition Equi 
librium cooling of a non-eutectic composition genet 
ates the eutectic system after sufficient amounts of 
one solid crystallize and segregate 1n the Wwquid 
The resultant eutectic solution can then underg¢ 
eutectic segregation (run 15, Tables 1 and 2 

Auxiliary effects may complicate eutectic segre 
gation, but are not enough to account for the striking 
differences observed in this work. Watson'* found 
distinct gravity settling of the denser silver-rich 
phase in 50 per cent Ag-Cu and in Ag-Cu-Ni-Z1 
ingots on slow cooling. When the binary alloy was 
top-chilled, however, a concentration of the lighter 
copper-rich phase appeared at the bottom His 
suggestions of a capillary effect of liquid rejecting the 
lighter solid towards the hotter zone at the bottom 


was supported by C. 8. Smith™) In the cooling of 


| ail 
| 
80; 
60} 
S| ] 
B 
1500} 
Liquid 
| 4 
4 
500 
O 70 
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U-Al the 


particles of one of the solid phases and reject them 


alloys, eutectic liquid might envelop 


towards the portion of the crucible which is hotter 
at the The 
temperature addition, 


time, i.e. the center during cooling. 


gradients are small: in 
reversal of the mechanism would be expected during 
the other half of the cycle. 


diffusion as a 


Similar considerations 


eliminate thermal significant cause 
of segregation. 

The more detailed analyses of runs 1] and 12 
(Table 2) provided a comparison of compositions at 
the billets. The slightly 
lower values at the center are hardly surprising and 
affect the They 


may be due to aluminum-rich liquid which rushed 


center and the edge of 


do not conclusions drawn here. 
into the volume left by the removal of the thermo- 
couple well during the last cycle and also by con- 


The 


frictional 


traction of the solid, as indicated by piping. 
descent of UAl, may be hampered by 
forces near the crucible wall. 

An attempt to apply Stokes’ law to the settling 
Visual data in the lead 
Stokes’ 


process is of some interest. 
nitrate-water system were consistent with 
law. Thus, the average terminal velocity @ of the 
falling lead-nitrate particles was observed to be 


0.23 em/sec. This figure could be used with Stokes’ 


law. 
2KF* g(d, —d 
Qu 
the average radius of the settling 


Densities d, and d, of the 


eutectic liquid and the settling solid were available 


to determine 7, 
lead-nitrate particles. 
in tabulated compilations. The viscosity mu of the 
liquid was taken as 0.0196 poise, the value for pure 
2.54°C. The shape factor, K, 


as for spherical particles. The acceleration 


water at was set 
at unity, 
The calcu- 


due to gravity, g, was of course known. 


lations gave a mean radius 7 of 0.0025 cm or dia- 
meter of 0.005 cm, comparable with observed dia- 
meters of about 0.01 em. 

Application of similar considerations to metallic 
systems is seriously hampered by the uncertainty 
regarding the geometry of the settling particles. 
An attempt was made”) to apply Stokes’ law to 
of the time, f¢, 
the observed concentration by settling and packing 


last 


the calculation required to achieve 


into the observed height (next to column of 


Table 1). This calculation assumed the growth of 
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spherical particles according to 


for the deduction of r°, the particle radius after 


complete solidification, from the metallographically 
observed linear transverse | of the settling phase. 
the 


actually spent in the eutectic range gives a settling 


Division of the settling time ¢ by time f, 
efficiency. The low values of this quantity, ranging 
from about 0.02 to values below 0.005 for the U-AI 
system, do not necessarily eliminate the proposed 


separation mechanism. Various factors can be held 


responsible for the low efficiency, notably solidi- 


fication of the eutectic in such a way as to hamper 
independent movement of the solid phases. Thus, 
U-Al the UAI,-aluminum 

seen in the 
4) is not conducive to sink-float separation. 


in the alloy, pearlitic 


structure uranium-depleted regions 


(Fig. 
The study of systems permitting visual observation 
should help elucidate the mechanism of eutectic 
segregation. 
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LETTERS TO THE EDITOR 


Austenitic Cr-Fe-Ni Alloys Resistant to Stress 
Corrosion Cracking in Magnesium Chloride **+ 


In the course of our present investigations on the 


mechanism of _ stress-corrosion cracking, several 
interesting facts regarding failure, and also resistance 


of Cr-Ni-Fe 
42 per cent MgCl, test solution have been uncovered 


to failure, stainless steels in boiling 
which we are reporting at this time. We are now able 
to produce laboratory heats of austenitic or ferritic 
Cr-Ni-Fe compositions that do not crack within | 
week or more exposure to the test solution compared 
to a cracking time of about 1.5 hours for commercial- 
type 304 stainless steel. 

Our specimens are in the form of sheared strips, 
measuring 1? in. long by 7 in. wide by about 0.040 in. 
thick, stressed beyond the elastic limit to form a U 
insulated from the apparatus, spring loaded, and 
fully immersed in the boiling test solution, with 
electric recording of times to failure by cracking. 
Some specimens were used earlier that were larger, 


measuring 5 by 3 by } in.; these behaved qualitatively 


the same as do the present smaller specimens. Our 


choice of test specimen stressed beyond rather than 
below the elastic limit was based on the general 
observation by several investigators that specimens 
so stressed are more susceptible to cracking and fail 
in shorter times than those stressed to a lower level. 
Hence, any alteration of alloy composition which 
avoids cracking of plastically deformed specimens 
is the more significant. 

We found, first, that rate of deformation in which 
bending of the U was completed within a minimum 
of 10 sec, or up to a maximum of 10 min, had no 
effect of the 
specimens of commercial-type 304, 


on time of cracking larger-size test 


18-8 stainless 
steel. Second, stressing at temperatures above room 
temperature (up to 325°C, 620°F) had no effect on 
times. interest the 
that 


temperature ( 


cracking Of particular was 
18-8 stressed at 
196°C, —320°F), 


previously annealed at 1050°C (1920°F) and water- 


observation liquid-nitrogen 


using specimens 
quenched, did not crack at all within the maximum 
test period of 170 hours, compared with a cracking 


time of about 6 hours for similar specimens bent at 


+ This research was supported by the United States Air 
Force through the Air Force Office of Scientific Research of 
the Air Research and Development Command under contract 
No. AF 18(600)-1221. Reproduction in whole or in part is 
permitted for any purpose of the United States Government. 
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room temperature. Sheared specimens not annealed 
after shearing, but which were stressed similarly at 
liquid-nitrogen temperature, failed by cracking within 
the 


Specimens bent at room temperature, then 


3 hours, observed cracks initiating at sheared 
edges. 
immersed in liquid nitrogen for 10 to 15 min, and 
allowed to reach room temperature again, cracked 
within the normal time. 

Plastic 


more cold-worked ferrite than deformation 


deformation at 196°C produces much 
at higher 
temperatures, as was shown by magnetic tests and 
by x ray. Such cold-worked ferrite is more resistant 
For 
example, further deformation at room temperature 
that 


liquid-nitrogen temperature now 


to cracking than untransformed austenite 


deformed at 
the 


of specimens were prev iously 


cracked, but 


failures consistently occurred at removed 


places 


from maximum curvature where deformation pr 


dominated during low-temperature bending and 


where cracking otherwise usually occurs. In other 
words, for these specimens, cracks occurred in regions 
of the U bend that had not been previously deformed 
and work-hardened at liquid-nitrogen temperature 
But even minor distortion in the center of the speci 
men produced by shearing rendered such material 
susceptible when bent at 196°C 


A series of high-purity alloys were next made 


with controlled amounts of nitrogen and carbo 


Specimens from several relatively pure 18-8’s 


and 0.01 7 


taining less than 0.01 per cent C pe 


did 
test 


not crack within the maximum period 


(260 hours These pure alloys 


spontaneous transformation to practica 
when water-quenched from 1050°C, as was d 


by one of us 


several years ago When 0.15 p 


carbon is added to such an alloy, it is 


cracking time 


as-quenche d, and average 


specimens was 2.5 0.7 hours. Similarly 


0.15 per cent nitrogen is added, the alloy 
as-quenched, and average cracking time 
specimens was 1.2 0.3 hours 

The phase structure of the high-purity alloys di 
cracking, or 


not alone account fo1 


lack of it, 


sensitivity to 


auovs con 


as was shown DY 
nickel. An 
20 per cent Ni, low in nitrogen and carbon 
cent of 


making up 


taining more alloy of 19 per cent C1 


ipproxl- 
mately 0.01 austenitic 


X-ray 


examination. This alloy did not crack within the 


per each Is Tu L\ 


as-quenched, or after bending, as shown by 


Vin 
| 

> 


ACTA METALLURGICA, VOL. 5, 1957 
Effect of carbon, nitrogen and nickel on stress-corrosion cracking of Cr-Ni-Fe alloys in 42 per cent MgCl 
(specimens plastically deformed at room temperature except as noted) 


TABLE 


Time to failure (hours) 


Number of 


Per cent Per cent Per cent Per cent 
vi tested 


Alloy Cr Ni ( N* 


spec. 


Cold-rolled 
33 per cent 


Number of 
spec. tested 


Annealed and 
sheared 


0.012 
0.007 
0.015 
0.013 
0.007 
0.34 
0.15 
D ; 20.07 0.008 
BE .62 Q. 0.010 0.051 290+ 
G 21. 9. 0.23 , 250 
H ZU. O.17 7 45 
Com. (type 304) 0.08 2: : 


0.001 
0.009 
O.15 
0.24 


0.08 (Spec. bent into U at 


Com. (type 304) 
196 C)s 


* When not specified, nitrogen content is expected to be less than 0.01 per cent (except for commercial type 304). 
+ Signifies specimen did not crack within hours stated, which was maximum time of test. 


Edge cracks noted. 
§ Sheared specimen previously annealed 1050°C, water quenched. 


maximum time of test (70 hours). A similar alloy — or by incipient precipitates at localized concentrations 


containing 0.23°,, per of interstitial atoms. 


One of the factors known to markedly stimulate 


cent carbon also did not 


crack within maximum time of test, whether tested 


as sheared ( >250 hours) or severely worked ( >168 the corrosion rate of many metals is galvanic contact 


hours) by cold-rolling to a cross-sectional reduction with a finely divided second phase. The corrosion 


of 33 per cent. (Differences here in maximum time _ rates of aluminum, magnesium, or zinc, for example, 


of testing are arbitrary and do not have significance.) increase several-fold on small additions to the melt 


On the other hand, addition of 0.05 per cent nitrogen of various impurities, e.g. Fe, that precipitate out 


toa 19 per cent Cr, 20 per cent Ni alloy, produced on cooling. From the spectacular effect of cathodic 


in austenitic alloy resistant to total failure (290 hours — protection in stopping stress-corrosion cracking, and 


other evidence, there is reasonable basis for 
that the 
causing cracking is one of rapid and selective corrosion 


The 


marked effect of carbon or nitrogen on susceptibility 


exposure) but which cracked superficially along from 


sheared edges. This same alloy failed totally by believing influence of environment in 


cracking within 23 % hours when specimens were 
that 
both 


cent. It seems nitrogen is of metal near to or at the apex of the crack. 


cold-rolled 33 per 


more damaging than carbon, but can act, in 


18-8 at least. to cause stress-corrosion cracking where 
relative immumity exists in their absence. 
The 


precipitation 


above experiments demonstrate that a 


probably responsible for 


process is 
susceptibility to cracking and that the phase trans- 


formation from austenite to ferrite (or to quasi- 


martensite) during cold working plays a role but is 


not a necessary condition for susceptibility. It 


appears that carbides or nitrides precipitate along 


preferred paths as a result of, and during, plastic 


deformation. It is also possible that interstitial 


carbon or 


localized dislocations introduced by the cold-work 


process without true precipitation. In either case, 


crack direction is dictated by bona fide precipitates, 


nitrogen atoms first diffuse to regions of 


to cracking suggests, therefore, that a finely divided 
second phase, in which carbon or nitrogen parti- 
cipate, is formed by continuous plastic deformation 
of metal at the apex and whose formation directly 
or indirectly increases corrosive attack. 

The effect of 


increased stress-corrosion 


pronounced nickel in providing 


resistance to cracking is 
probably not accounted for by any large change in 
solubility of nitrogen or carbon in the f.c.c. lattice. 
Similarly, there is no evidence of a marked reduction 


Nickel, 


cementite in 


however, is known to 


the 


of diffusion rates. 


suppress nucleation of austenite- 


pearlite transformation, and it is likely that it acts 


similarly to suppress nucleation of carbides or 


nitrides during plastic deformation of high-nickel 


474 
140 
9 
1.7 
3 23 9 
4 168 
138 
ino 


austenitic alloys.* If nitrides or carbides do not 
precipitate, or they precipitate in lesser amount, 
susceptibility to stress-corrosion cracking is avoided 
or diminished. 

The 
to this 
sensitive paths through grains of the alloy because 


austenite-ferrite transformation, according 


viewpoint, hastens formation of crack- 
of decreasing solubility for carbon or nitrogen as 
the lattice Hence 


highly susceptible. But paths for cracking can also 


transforms. commercial 18-8 is 
occur through cold work alone of the higher-nickel 
austenitic alloys, whether commercial or prepared in 
the laboratory as described above, and these fail 
without phase transformation. For these compositions 
nitrogen, presumably, is the component mainly 
responsible. 

appears to be a 


Plastic deformation 


condition for establishing crack sensitivity, and, on 


necessary 


this viewpoint, any stress sufficient to cause creep 
is adequate in time to cause stress-corrosion cracking. 
This explains why a lower critical stress for 18-8 
stainless steel has never been clearly defined, because 
some creep always occurs. It also explains why 
specimens stressed elastically crack after in- 


Hoar 


whereas in our investigation cracks in specimens 


) 


duction period, according to and Hines, 


plastically deformed are found to initiate as rapidly 
as the specimen comes into contact with the test 
solution. 

The above mechanism of stress-corrosion cracking 
in the stainless steels, requiring continuous plastic 
deformation for initiation of crack-sensitive areas, 
is similar to the theory which Waber and McDonald 
earlier involving a_ strain-induced 


proposed pre- 


cipitate to account for stress-corrosion cracking of 


mild steel in caustic soda or nitrate solutions.” 


They supposed for 18-8 that the responsible con- 
did 1) 


Rocha, 


Edeleanu' 
the latter 
played by 


stituent is cold-worked ferrite, as 


(quasi-martensite) and also 


recognizing an additional special part 
Our data 


nitrogen and carbon are of prime importance, 


carbon. indicate instead, that interstitial 
and 
that the phase transformation of austenite to ferrite 
is secondary. Other ailoying components that may 
enter the mechanism of stress-corrosion cracking are 
now being investigated. 
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Effet d’un Gradient de Contrainte 
sur la Diffusion* 
Dans une récente “Lettre A | Editeur’ de ce méme 


Williams! est 


clusions relatives a l’effet d’un gradient de contraintes 


journal, arrivé a certaines con 


sur la diffusion des lacunes réticulaires 
Certains points soulevés par cette note méritent 


d’étre examinés de prés, car en réalité ils ne cor 


stituent qu’un cas particulier d’une théorie général 
que nous avions eu loccasion de développet i Vy a 


quelques années," et dappliquer a létude du 


(2 


mécanisme de ruptures par fluage 
Williams 


fait intervenir le volume propre des lacunes réticulaires 


Dans sa formule d’interaction, R. O 


V. En réalité, ce volume interviendrait s agissait 
de créer une lacune; mais dans le probleme considéré 
il s' agit seulement de transport de lacunes existantes 
aussi faut-il remplacer le volume V par la 


de volume Al 


limite au 


entre lacune et volume 


Si se domaine de lélasticit 


(restriction qui n/a pas été faite dans 


cénérale™)), on retrouve alors la formul 
de Cottrell 

On sait d’ailleurs qu’en plus du terme ¢ 
de leffet 


différences de compressibilité entre 


Cottrell il en 


existe un second 
atomes du 


et du soluté (ou lacunes)."*) Ce terme est pré] 


dans le cas des lacunes qui constituent 


ment des “‘points mous 
tures 


Dans l'application aux 


avions considéré 


pal 


que interaction entre 


de contrainte et une lacun 
due a leffet 
Williams 
faible que celui da a linteraction avec 


Friedel 


hydrostatique 


+ 


En réalité. ce terme est cert 


de cisaillement, ainsi que J 


qu on peut le déduire de la ‘orle 


peut done dire qu'une la 
attire 
fort 


a une contrainte de 


vers les re JiOnNS 


Dans le cas ofissure perpel! 
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attirées vers les extrémités de la fissure, ce qui 
explique sa croissance latérale. 

C. CRUSSARD 
Directeur des Laboratoires de 
UV’ Irsid 


a Saint Germain-en- Laye 
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Tracer Diffusion of Cd" in Cadmium*+ 


The self-diffusion was investigated by the radio- 
tracer method for pure cadmium in polycrystalline and 
monocrystalline states. The cadmium samples used in 
the diffusion runs were in the form of disks of dimen- 
One face 


of each disk was polished cleaned, etched, and then 


sions 3cm diameter and 0-3cem thickness. 


electroplated with a very thin layer (of the order of 
10-5em thickness) of radioactive cadmium-115 which 
is a p-y emitter. 

The measurement of the diffusion rates at different 
the 


activity decrease method.” This method is based on 


temperatures was accomplished by surface- 
the decrease in surface activity due to the absorption 
of radiation by the thickness of metal penetrated by 
The radiation 


G.M. 


the tracer as it diffuses into the metal. 


counting was performed by an end-window 


Percentage transmission 


40 60 
Thickness 


80 100 
microns 


. Radiation absorption curve for 


in cadmium. 
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Diffusion coefficient cm*/sec 


50 100 
Diffusion - annealing time hr 

Fic. 2. The decrease in the diffusion coefficient for a poly- 
crystalline sample with grain formation during the diffusion- 
annealing time. 
counter. A correction was made to allow for the decay 
of Cd15 (H.L.T. 43 days). 

For an isotope emitting # and y radiation the 
exponential absorption law does not necessarily hold 
true. Since the experimental method adopted here is 
valid only when the absorption curve for the radiation 
is exponential, an experimental verification was per- 
1). 
calculated and found to be 70 cm~ under the present 


formed (Fig. The absorption coefficient was 
experimental conditions. 

Results show that during the same diffusion run, the 
diffusion coefficient for a polycrystalline sample 
decreased as the diffusion-annealing time increased, 
while a single crystal specimen showed a regular 


(Fig. 2). 


crystalline sample was accompanied by observed 


behaviour 


This behaviour in the poly- 


formation of larger grains after each heating time. In 
view of the present results, the concept of a unique 
activation energy associated with grain-boundary 
The 
between our results and those of Wagpa et al. con- 


diffusion has little significance. contradiction 

cerning grain-boundary diffusion is under discussion. 
K. A. ManMouD 
R. KAMEL 

Physics Department, Faculty of Science 

University of Cairo, Egypt 
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X-RAY STUDY OF LOW-TEMPERATURE COLD WORK IN SILVER AND ALUMINUM*?+ 


Cc. N. J. WAGNER} 


Pure silver and aluminum were cold-worked by making filings under liquid nitrogen. These filings 
were maintained at 160°C throughout the measurements. Cold-worked silver shows a peak-shift and 
an asymmetric peak broadening which can be explained by the presence of deformation stacking faults 
and twin stacking faults on the (111) planes. An appreciable part of the small, anisotropic particle-size 
broadening results directly from stacking faults. These faults anneal out in the range of 0° to 100° 

Cold-worked aluminum filings, even made under liquid nitrogen, show no peak-shift or asymmetry 
indicating that the stacking-fault density must be very low in this material. However, there is a peak 
broadening indicating an appreciable particle size and strain broadening, both of which are isotropi: 


ETUDE A L’AIDE DES RAYONS X DE LA DEFORMATION A BASSE 
TEMPERATURE DE L’ARGENT ET DE L’ALUMINIUM 

L’auteur a étudié la déformation & basse température de l’argent et de l’aluminium pur, a l'aide de 
limailles obtenues sous azote liquide, et maintenues a la température de 160°C pendant la durée des 
mesures. L’argent écroui montre un déplacement de pic et un élargissement asymétrique de raie qui 
peuvent s’expliquer par la présence de défauts d’empilement de déformation ou de macles dans les 
plans (111). La majeure partie du petit élargissement anisotrope da a l’effet de taille résulte directment 
des défauts d’empilement. Ces défauts se restaurent entre 0° et 100°C. Des limailles d’aluminium 
écroul, méme obtenues sous azote liquide ne présentent pas de déplacement ou d’asymétrie de pic, 
montrant ainsi que la densité des défauts d’empilement doit étre trés faible. Cependant, il existe un 
élargissement de raie correspondant & un important accroissement isotrope de la taille des grains et de la 
déformation. 


EINE RONTGENUNTERSUCHUNG DER TIEFTEMPERATUR-VERFESTIGUNG 
VON SILBER UND ALUMINIUM 

eines Ag und Al wurden durch Feilen unter fliissigem Stickstoff verformt. Die Feilspane wurden 
wahrend der ganzen Untersuchung auf einer Temperatur von 160°C gehalten. Verfestigtes Ag zeigt 
eine Linienverschiebung und eine asymmetrische Linienverbreiterung, die durch das Auftreten von 
Verformungs-Stapelfehlern und Zwillingsgrenzen in (111)-Ebenen erklart werden kénnen. Ein met 
klicher Teil der kleinen, anisotropen Teilchengréssen-Verbreiterung stammt direkt von den Stapel 
fehlern. Diese verschwinden durch Erholung zwischen 0° und 100°C. Verfestigte Al-Feilspaine, ebenfalls 
unter fliissigem Stickstoff hergestellt, zeigen keine Linienverschiebung oder Asymmetrie, sodass die 
Stapelfehlerdichte hier sehr niedrig sein muss. Es tritt jedoch eine merkliche isotrope Linienvet 
breiterung auf, die auf geringe Teilchengrésse und Spannungen hinweist, welche beide eine isotrope 
Verbreiterung hervorrufen. 


1. INTRODUCTION powder pattern peaks as predicted bs 


Cold work in a metal broadens the X-ray powder due to deformation stacking faults. Thi 
pattern peaks. The broadening in f.c.c. metals results fault probability increased with increas 
from a reduction in size of the coherently diffracting content. The stacking faults produce als 
domains, from distortion within these coherent broadening which acts like a particle-sizé 
domains, and from stacking faults on the (111) Warren and Warekois™® found that the surprising 
planes. small sizes which they measured in « brass, could 
Experiments on copper alloys with a f.c.c. structure _ be partially explained by the presence of deformation 
first showed the presence of stacking faults due to — stacking faults. 
cold work. Barrett™ investigated the solid solution Shockley and later Seeger’ estimated the 
of Si in Cu and found that stacking faults are present  stacking-fault energies in pure metals by counting 
only in alloys with higher Si content. Warren and next-nearest-neighbor violations. In f.c.c. metals 
Warekois® investigated cold work in « brass with every sequence of the three atomic planes which is not 
varying Zn content. They found a shift of the in the 4 BC or CBA order is a violation. A deforma- 
tion stacking fault ABCABABC has two such 
* Received January 10, 1957. violations, ABA and BAB. A twin with the sequence 
+ Research sponsored by the U.S. Atomic Energy Com — ca 
mission and by the Scientists Research Project of the Inter ABCBA has one next-nearest-neighbor violation 
national Cooperation Administration. BC B, which is called a twin fault or a coherent twin 
+ Massachusetts Institute of Technology, Cambridge, 


ies: boundary. We can think of the deformation o1 
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intrinsic stacking fault as a twin of one atomic layer. 
fault ABCBABC is a 
Those faults 


The extrinsic stacking twin 


of two atomic layers. two have two 

twin boundaries and, therefore, should have approxi- 

mately twice the energy of a single twin boundary. 
the energy of the 


boundary on the (111) planes. He obtained for 


Fullman‘® measured twin 


copper a value of 19 ergs/em? and for aluminum 
a larger value, of the order of 100 to 200 ergs/em?. 
From the above considerations, it follows that the 
about 
400 


structure 


should be 
200 to 


stacking-fault energy in copper 


aluminum about 
the 


Seeger) concluded that 


40 ergs/em? and for 


ergs/em?. By considering electronic 
of the close-packed metals, 
the stacking-fault energies in Ag and Au are also 
small. 

Due to the low deformation and twin-fault energies 
in Cu, Ag, and Au, we should expect the formation 
of stacking faults in these materials by cold work, 
The Barrett Warren 


and Warekois™ indicate, however, that the presence 


measurements by and by 
of Si and Zn in Cu reduces the stacking-fault energies 


considerably, so that the effect is measurable in 


f.c.c. 
centrations. All the 


Cu alloys only at relatively high Si or Zn con- 
measurements were made at 
room temperature. But we know that the recovery 
at room temperature is important in the pure metals 
Cu, Ag, Au, and Al. Therefore, it seems possible 
that low-temperature cold work 
stacking faults in Cu, Ag, and Au. 
O.f.h.c. copper was first investigated by Greenough 
and Smith‘ at 
peak shift due to deformation stacking faults which 
The 


low-temperature cold work 


could produce 


room temperature. They found a 
corre sponds to one fault every 150 (111) layers. 
that 
could increase the deformation fault probability in 


author'®) showed 


o.f.h.c. copper and alpha-brass filings. In addition, 
an asymmetric line shape was observed, indicating 
the presence of twin faults on the (111) planes. 
Both types of faults could explain the small particle 
the Warren 


deformation 


measured with and Averbach 


The 


very 


S1Zes, 


method. '®? stacking faults in Cu 


annealed out fast, and after 5 hours at room 
temperature no peak-shift could be measured. 
Schoening and van Niekerk®® investigated pure 
silver, by making filings under liquid oxygen or at 
room temperature and measuring the peak shape 
and position at —30°C. They annealed the filings 
for 1 hour at room temperature. After this annealing, 
they did not observe any systematic shifts of the 
the 


presence of deformation stacking faults, but found 


powder pattern peaks which would indicate 


very small, anisotropic particle sizes. 
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Hirsch, could 


using the microbeam technique, that deformation 


Kelly, and show, by 
stacking faults are present in beaten gold foils. They 


found concentrations of deformation stacking faults, 


a hexagonal phase, and later evidence for twinning”. 


Since pure copper and gold show the presence of 
deformation and twin stacking faults, it was inter- 
esting to see if low-temperature experiments could 
prove the presence of both types of faults in cold- 
worked silver. Cold work in Al, even under liquid 
nitrogen, should not introduce more than a few 
faults into this metal, due to the high twin-boundary 
energy. A low-temperature study of Ag and Al was 
therefore made to give additional information about 
stacking faults in f.c.c. metals. 

2. EXPERIMENTAL RESULTS FOR SILVER 

AND ALUMINUM 

Pure silver (99.95 per cent) and pure aluminum 
(99.99 per cent) were cold-worked by making filings 
under liquid nitrogen. The filings were filled into a 
brass holder under liquid nitrogen and protected 
by a thin sheet of cellophane. The brass holder was 
of the 
Noreleo diffractometer. The filings could be kept at 

L60°C 


mounted in a Plexiglass goniometer head 
5°C by a stream of liquid or evaporated 
nitrogen passing through the holder and blown on 
top of the sample to keep its surface free from ice. 
In addition, a warm stream of dry nitrogen blown 
between two thin sheets of Mylar, one on top of the 
Plexiglass holder and the other above the sample 
holder, formed an insulating layer to prevent the 
direct contact of the surrounding air with the cold 
This set-up is similar to the one described 
Abrahams.) 


were annealed at room temperature or higher tem- 


sample. 


by Calhoun and The filings, which 


peratures, were filled into the same holder at room 
temperature, using as a binder a solution of Canada 
balsam in xylol or Duco in acetone. The peak shapes 
160°C with a Norelco 
diffractometer using filtered Cu-A« radiation for Ag 
and filtered Co-K« radiation for Al. 


Cold-worked 


and shifts were measured at 


silver shows a peak-shift and an 
asymmetric peak broadening which can be explained 
by the presence of deformation stacking faults and 
faults,'® 


cold-worked 


twin stacking small particle sizes and 


strains, whereas aluminum shows a 


symmetric peak broadening and no_ peak-shift, 


that 
faults in this material. The broadening is produced 


indicating there are no measurable stacking 
by small domain sizes and strains. 
The positions of the (111), (200), (220), and (311) 


powder pattern peaks were determined by taking 
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Fic. 1. The 26° separation between (111)-(200), (200)-(220), 


and (220)-(311) for silver. The values correspond to filings, 
prepared under liquid nitrogen, annealed for 5 min at the 
temperatures indicated and taken back to 160°C for the 
measurements. 


the peak center at various heights and extrapolating 
to the peak maximum. This method could be used 
for broad lines at lower 29 angles and for the annealed 
lines, where the maxima of Ka, and Ka, peaks 
The accuracy of 
0.01 20. 


could be determined separately. 
the position measurements was about in 


To all 


recorded in a single run. 


minimize positioning errors, peaks were 

Fig. 1 shows the measured change in separation 
between the (111)-(200), (200)-(220), and (220)-(311) 
peaks from silver filings made under liquid nitrogen 


of the All 


measurements were made at 160°C and the samples 


as a function annealing temperature. 
were annealed for 5 min at the temperatures indicated. 
Since the values at the right correspond to well- 
annealed samples, there is a decrease of the (111)-(200) 
and (220)-(311) peak separations and an increase 
of the (200)-(220) peak separation as a result of 


the cold work at low temperature. The changes in 


separation follow exactly the pattern predicted by 


Paterson) for random deformation stacking faults 
on one set of (111) planes. Most of the effect anneals 
out in the range of 0° to 100°C. If « is the probability 
of finding a deformation stacking fault between any 
two neighboring (111) layers, this probability can 
be determined from the change in separation between 
two neighboring peaks, by the following equation 


A(26 - 


The coefficient has been defined.'®) The measured 


D 
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stacking I 


at 


TABLE 1. Reciprocal 
cold-worked 


annealed at 


liquid-nitrog 
150°C and 


silver, 


in 


Annealing hkl hl nar 
temperature separation 


150°C 


change in separation between two neighboring peaks 


the appropriate values of #, and the calculated 


reciprocal stacking fault probabilities 1/x are given 
in Table 1. 

Since stacking faults produce a peak broadening 
Fourier analysis was made for the (111 
(400) These 
only pairs of multiple orders which would allow thi 
due to 


a 


(200), and silver reflections. were the 


separation of the broadening strains and 


particle sizes.) Corresponding peaks of well-annealed 
Al were used to correct for instrumental broadening 
the of The 


represented as |C,| versus 


coetticient 
L, L hi 


normal to the reflec ting 


by method Stokes. are 


where 


and Us 
the significance of a distance 
plane. 

The 


and 


measured effective particle sizes 


D(200) the 
Ll] 


ot 


and roo 


the 


in silver filings 


strain in and [100 


for 


shown in Fig 


square components 


\ 


te 


directions an averaging distance 50 ure 


2 as a function of the annealing m 


The parti le sizes are smal] 
The ratio 


at different 


very 
D100 


temperatures 


perature. 

anisotropic 
measurements 
explained by the presence of stacking fault 
The 
on the basis that only one set of 


faults. In 


theoretic al ratio 


(111) planes 


stacking addition, the 


3-1 for cold-worked silver 


innealed for 5 min 


160°¢ 


nitrogen, 


and measured at 


C.N. J. 179 
0-09°—> 
6-10} +—4 11] 200 0.09 1.59 
200 0.09 5.72 ( 
20°35}—] 220 | 311 0.06 3.65. 6 
4 \ 11] 200 0.04 1.59 1] 
20+ 30} 200 220 0.04 5.72 140 
0-09°—> 220 81] 0.04 265 90 
20-25, 200-220 | \ 
| 220-31 
0-06 —> 
| 
-2000. 4200 
T 
el/a 
/ 
7 
/ 
@ 
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4 


2@ 4 8 20 


50 A, (D), «-, 
prepared under 
for the 


of <e“)¥/2 for L and 
filings, 
temperature 
160°C. 


Fic. 3. Values 
for cold-worked 
nitrogen, annealed at 
indicated, and measured at 


liquid 
periods 


silver 
room 


reciprocal deformation stacking fault probability 


x1, computed from the peak shift, is shown in Fig. 2. 

From the asymmetric line shape which is due to 
twin stacking faults, the phase angle uw, was evaluated 
as a function of L. The theory of random deformation 
and twin stacking faults predicts an asymmetric 
line shape due to the twin stacking faults in the 
cold-worked material, whereas deformation stacking 
faults produce a peak-shift in agreement with the 
Paterson theory. If 6 is the probability of finding 
a twin fault between any two neighboring layers, 
the tangent of the phase angle is related to this 
p by the following equation, if we 


twin probability 
assume « and / to be small. 
tan My 
This equation is valid only for one point in reciprocal 
space. The (200) powder pattern peak is the only 
reflection which consists of reflections affected in the 
same way by stacking faults. Therefore, we used only 
this peak for the determination of the phase angle 


u,, Which should be a constant independent of L. 


For very broad reflections, a correction for the 


variation of the scattering factor f*, the polarization 
factor, and the angular factor (sin §)-? had to be 
made. The reciprocal twin-fault probabilities jp! 
were computed from the mean values of tan yw, 


for small J and are shown in Fig. 2. 


They correspond 
to an average of one twin fault every 25 (111) layers. 
3 shows the measured particle sizes, strains 
1 


Fig. 
and reciprocal stacking-fault probabilities «-! and 


6-1 for Ag as a function of the annealing time for 
The 


is again 1.7 for all measurements. 


an annealing at room ratio 
D(111))/¢D(100) 
The particle sizes do not increase very fast with 


18 hours. Since the 


temperat ure. 


time and are small even after 
variation of the reciprocal twin-fault probabilities 
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6 is the same as that of the particle sizes, we can 
say that for this temperature the remaining small 
particle sizes are largely produced by the twin 
faults. 

If we assume that the particle sizes are produced 
only by the stacking faults, we can calculate a 
fictitious particle size from the measured stacking- 
fault using the following relation 


2d ] 
3% 9 cosd 


probabilities 


Dep 111 
where d,,, is the spacing between neighboring(111) 
planes, d the angle between the normals to the (111) 
plane and the reflecting (hkl) plane, j the fraction 
of the (hkl) planes affected by stacking faults, and 
cos @) the average of cos ¢ for all affected (hkl) planes. 
The the the 
particle sizes D(111) in the [111] direction are given 


values for measured and fictitious 


for silver filings annealed at room temperature. 


D(ill) 
D(111))sr which would be produced 
by faulting 


TABLE 2. Comparison of the measured particle size 


with the fictitious size 


Time in 
minutes 


D(111))sp D(111) 


4 100 L70 A 160 A 
8 100 24 170 160 
20 200 200 170 
60 L000 210 200 
1000 4; 420 400 


For the cold-worked silver the effective particle 
sizes obtained from the initial slope of the Fourier 
coefficients are almost completely due to the effect 
Since the stacking-fault contri- 
the 


shapes, 


of stacking faults. 
measured 
the 


particle sizes determined from the broadening are 


butions come from peak-shifts and 


asymmetric line surprisingly small 
given a partial check. Due to the low accuracy of 
the of 


other sources of broadening, one should not place 


measured values and the possibility of 


too much significance on the numerical agreement. 

Aluminum filings, prepared under liquid nitrogen 
and measured at 160°C, do not show any peak- 
shifts, but only a symmetric peak broadening. The 
separations of neighboring Al peaks are given in 


Table 3. The values correspond to filings annealed 


TABLE 3. 24° separation of neighboring Al-peaks using Co-K« 


Temperature (200)—(111) (220)—(200) (311)—(220) | (222)-(311) 
I 


150°C 
75 
25 27.07 


27.06 


440 


27.05 17.05 


17.04 
17.06 


480 
500 0-005 
400 eo re 10:004 
oa” 
| 
= 300} 10-003 
D> (100 ~ 
(=) €. \ 
100} j0-001 
VB 
: 
a io 
io 
= 
5.64 
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8 11 12 
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Fic. 4. Values of In IC, | versus the order k? /? 
of aluminum reflections for different values of L. The values 
of In |C,| correspond to Al filings, prepared under liquid 
nitrogen, annealed for 5 min at 150°C, and 
at 160°C. 


measured 


Within 


the accuracy of the measurements there is no change 


for 5 min at the temperatures indicated. 


in the peak separation, indicating that the deformation 
stacking fault density in Al must be very low. 

A Fourier analysis was made for the (111), (200), 
(220), (311), (400) 


reflections. A 


(222), and 


plot 
for different 


All points lie on 


9 


In versus the order h? /? 


Fig. 4. 
approximated 


values of L is shown in 


can be by a 


10. The strong bending 


smooth curves. which 
straight line for h2 + k? 
of the curves at higher order could be due to a small 
anisotropy of Al or to the nature of the strain distri- 
bution. 

Fig. 5 shows the variation of the measured particle 
sizes and strains with the annealing temperature. 
The smallest particle size was 320 A at 150°C 
and increased to 650 A after a 5-min annealing at 
room temperature. These small domain sizes must 
be produced by a substructure in Al, such as small- 


angle grain boundaries or incoherent slip boundaries 


r 


od 


100 

Fic. 5. Values of e~ 1/2 for LL 50 A, 

cold-worked aluminum filings, prepared under liquid nitrogen, 

annealed for 5 min at the temperatures indicated, and 
measured at 160°C, 


O 
-200 


and of D) for 


COLD 


WORK IN Ag AND Al 


3. DISCUSSION 


These measurements show that low-temperature 


cold work produces stacking faults in Ag, but not 


in Al. 


cal considerations about 


The results are in agreement with the theoreti- 
the stacking-fault energies 


metals. Powder! peaks of silver 
shift 


reflections, 


in these pattern 


show a and an asymmetri line shape of the 
which can be explained by the presence 
The 


measured ci 


of deformation and twin stacking faults very 


small particle sizes which are 


interpreted as largely due to these two types 


faults. 
The powder pattern peaks of Al do not show 


peak-shift or asymmetric line shape, but show a 


which is only due to small particle 


broadening. 


sizes and strains. A substructure such as low-angle 
grain boundaries or incoherent slip boundaries may 
be responsible for the small particle S1ZeS 

The recovery of the stacking faults in Ag occurs 


The 


probabilities and particle sizes with 


in the range of 0° to LOO'C. variation of the 


stacking-fault 


time, for an annealing at room temperature, gives 


us an indication about the recovery of the stacking 


faults. The peak-shifts disappeared after 1 hour 


annealing. which means that the random deformation 


stacking faults anneal out very fast. But the particle 


sizes and reciprocal twin-fault probabilities increase 


slowly with time. Therefore the twin faults ar 


more stable, and produce most of the X-ray effect 


after the longer annealing times. The fast recovery 


faults can explain thi 
Niekerk,“® 


small particle sizes which they measured could 


of the deformation 


obtained by Schoening and van 
mostly due to twin faulting 
the 


indications that 


From recovery experiments in Ag 


strong most of the twins 


formed by a concentration of deformation 


other due 


Therefor 


which intersect each 


(111) 


faults should not 


faults 


possible slip planes 
unneal ¢ 


This 


electron-ml 


centrated 


random deformation faults interpret 


furthermore supported 
investigations on copper and nickel m: 


Made1 The \ 


of single crystals produced random 


and Seeger." found 

perature and low stresses, whereas at higher 
random 
and Bever 
Ag-Au alloys 


Investig 


or higher temperature, in addition to 


slip bands were formed Block, Cohen. 
concluded from the deformation of 
low temperature and from microscope 
of the polished surface, that the formation of 
may be possible in these alloys 


All these reported results indicate that cold work 


CoN, 181 
1-0 
| 
SSS 
win | 
O°3 NG be 560 
INN 
NJ 
\ | 
The 
| | | 
| > 
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produces deformation and twin stacking faults in 
Cu, Ag, and Au, but not in Al. This is in perfect 
igreement with the theoretical predictions about 


the formation of stacking faults in f.c.c metals. 
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A GENERAL METHOD FOR THE CALCULATION OF MADELUNG CONSTANTS 
FOR INTERMETALLIC COMPOUNDS* 


G. V. RAYNOR, P. NAOR, and C. TYZACK 


The crystal structures of many intermetallic compounds may be expressed by a simple notation 
based upon the sequence of hexagonal layers of atoms in some simple crystallographic direction. Using 
this notation, a general method for the calculation of Madelung constants for such structures has been 
developed, in which the electrostatic interaction of a central ion with various layers of ions above and 
below that in which the central ion lies is expressed in terms of six functions. These functions have 
been evaluated and tabulated. The use of the new method, which appears to be the simplest yet pro 
posed, is illustrated by reference to the wurtzite and nickel arsenide structures; it is suggested that, 
by means of such calculations, quantitative expression may be given to the qualitative concept of 


heteropolarity in the discussion of intermetallic compounds 


UNE METHODE GENERALE DE CALCUL DES CONSTANTES DE MADELUNG 
POUR LES COMPOSES INTERMETALLIQUES 


Les structures cristallines de nombreux composés intermétalliques peuvent s’exprimer pat 
simple reposant sur la succession des couches atomiques hexagonales dans une directio1 
graphique simple. 

En utilisant cette notation, les auteurs ont développé une méthode 
de Madelung pour des structures ot linteraction électrostatique entre un ion 
atomique et les ions des couches adjacentes est exprimee au moyen de six fonctions « 
et dressées en tableaux. L’emploi de cette nouvelle méthode QUI Sé mble étre la 
proposées jusqu’a présent, est illustré par des exemples se rapportant aux structures di 
de l’arseniure de nickel. Les auteurs pensent qu’a l'aide de tels calculs, on pourrait trouver 16 expression 
quantitative du concept qualitatif d’hétéropolarité dans les probleémes intéressant composés 
intermétalliques. 


EINE ALLGEMEINE METHODE ZUR BERECHNUNG DER MADELUNG-KONSTANTEN 
INTERMETALLISCHER VERBINDUNGEN 


Die Kristallstrukturen vieler intermetallischer Verbindungen lassen sich in einem 
beschreiben, welches auf der Folgeordnung hexagonaler Atomschichten in einfachen kri 
Richtungen beruht. Unter Benutzung dieses Schemas wurde eine allgemeine Methods 
nung der Madelung-Konstanten solcher Strukturen entwickelt, bei der 
wirkung eines Zentral-Ions mit verschiedenen Schichten von lonen oberhalb 
des Zentralions durch sechs Funktionen ausgedriickt wird. Diese Funktionen 
tabelliert. Der Gebrauch der neuen Methode, die zur Zeit die einfachst 
der Wurtzit- und NiAs-Struktur erlautert; es wird ferner darauf hingewi 
Berechnungen dem Begriff der Heteropolaritaét bei der Diskussion u 
eine quantitative Grundlage gegeben werden kann 


1. INTRODUCTION phases may be conside red as sl il; 


Binary compounds in the solid state may be pounds, in so far as the components differ consider- 


classified into the following general types: ably in electrochemical characteristics. Compounds 
(i) Homopolar compounds, of type (iv) are of interest, since the valency rules 
(ii) Ionic compounds, of inorganic chemistry aré tt fulfilled, and thei 
(iii) Normal valency intermetallic compounds, properties vary from those of the metallic phases 
(iv) Abnormal valency intermetallic compounds, to those exhibited by some compounds classified as 
including ‘electron compounds” and other normal valency compounds. At the metallic end 
structures of predominantly metallic type. of the range of properties electron compounds such 
The factors affecting the formation of types (i) and as y-brass occur; these are formed between com 
(ii) are well understood. Class (iii) includes such ponents which differ little in electrochemical 
compounds as Mg,Sn, in which the normal group and their stability at characteristic valency electron 


valencies of the components are satisfied; these atom ratios is understood in terms of Brillouin 


zone theories.” With increasing electrochemical 


* Received January 18, 1957. 74 ; difference between the components, compounds of 
+ Department of Physical Metallurgy, The University, 
Edgbaston, Birmingham 15. 
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more complex types occur, and it Is with the factors 


fiir die B 
tische Wecl 
| B 

Hilfe derart 

Verbindung 
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affecting their formation that we are concerned in 
this paper. On general grounds these phases appear 
to represent a transition between ionic and metallic 
binding. In a typical ionic structure the ions may be 
considered to be 


hard impenetrable spheres, the 


packing of which is determined by electrostatic 


The 


interaction between anions, other than electrostatic. 


energy considerations and ionic size factors. 
is generally limited to closed-shell repulsions and 
slight van der Waals attractions, while interaction 
between cations is, in general, negligible. Considering 
anions of Group VIB of the Periodic Table, the 
degree of polarizability increases in the order O, 8, 
Se, Te, thus increasing the possibility of van der 
Waals attractions between anions contributing to 
the lowering of the energy. For anions of earlier 
groups of the Periodic Table, these tendencies are 


Waals 


may 


enhanced, and relatively strong van der 


binding between large, polarizable anions 
transform gradually into metallic binding because 
of the redistribution of electron density more uni- 
formly over the volume occupied by the compound. 
the 


bonding. 


transitional between ionic and 
the 


tend to have large, easily polarizable ions. We may 


Thus, in range 


metallic electronegative components 


thus expect the energy of the structure to be lowest 


for the maximum number of anion-anion contacts, 


and that compounds typical of the transition between 


the ionic and the metallic states will crystallize so 
that the electronegative ions, viewed alone, constitute 
a close-packed structure. A survey of those structures 
in which the electronegative component is a metal 
or semi-metal of Groups IVB, VB, and VIB of 
the Periodic Table, and the electropositive component 
is a metal of Groups IB, ITB, IA, ILA, or a tran- 
sitional metal, shows that the great majority of the 
compounds included in the survey crystallize in 
structures in which the electronegative components 
are in close-packed arrangements. 

This tendency is lost for purely ionic or purely 
the 
structure the anions form a simple cubic arrangement. 


metallic structures. Thus, in caesium chloride 


No compound in the transition range should crys- 
this 


tunity for close-packing of electronegative components, 


tallize in structure, since there is no oppor- 
and in fact only one phase (BiT1) of the transition 


type does adopt this structure. All other known 
representatives 
NiAl) or ionic. 
the fluorine anions constitute a simple cubic lattice; 
the 
with this structure are of the purely metallic type 


(e.g., PtSn,, AuAl,, PtIn,). 


are either purely metallic 


(e.g. 


In the ionic calcium fluoride structure, 


intermetallic phases which are isomorphous 


In the transition range 
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(e.g. Mg,Sn, Mg,Pb) structures appear which are 
not isomorphous, but anti-isomorphous, with calcium 
fluoride, and it is the electronegative component 
which takes up a close-packed structure in agreement 
with the above generalization. 

For the compounds which fall into the transition 
classification, therefore, we may infer that electro- 
static binding forces are of considerable importance; 
it would be helpful to be able to assess the contri- 
The 


binary compound of equiatomic 


bution made by such forces. electrostatic 
energy E of a 


composition is given by the expression: 

E = —MNe?2?/r (1) 
where NV is the number of neutral groups of anions 
and cations, e is the electronic charge, and r the 


the 
is the Madelung constant, which is a function of the 


closest anion-cation distance in structure; .W 


geometry of the lattice, and z is the charge on a 
single ion. The lowest electrostatic potential energy 
is attained by a structure of maximum Madelung 
constant; any deviation from a structure satisfying 
this condition, for a given binary compound, is 
interpreted as due to the operation of forces of a 
different nature. The magnitude of the ionic contri- 
bution to binding may therefore be assessed from the 
The calculation of M, 


is laborious in all but the simplest cases. The obser- 


magnitude of JV. however, 
vation that in a large number of intermetallic com- 


pounds the electronegative components take up 
close-packed arrangements suggests the possibility 
of a the calculation. 


more general approach to 


2. THE “STRUCTURE 
As noted 


metallic compounds 


PLAN” NOTATION 


the structures of inter- 


with 


above, many 


properties intermediate 
between those of purely ionic and purely metallic 
materials contain close-packed planes of atoms in a 
hexagonal array. Such planes appear in the face- 
centred cubic, close-packed hexagonal, body-centred 
cubic, simple cubic, and rhombohedral structures. 
Some tetragonal or orthorhombic crystals also 
contain 
Such 


structures, therefore, contain a sequence of hexagonal 


exhibit pseudo-hexagonal symmetry and 


slightly distorted hexagonal planes of atoms. 


atomic layers along some crystal direction, and it is 
upon the existence of these layers that the “structure 
plan” notation, as outlined below, is based. 

A simple example is afforded by the face-centred 
structure (Fig. 1). If the atoms are projected onto 
the (111) plane, then atoms of the type I form a 
hexagonal arrangement; atoms marked II project 
into the centres of alternate triangles formed by 
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AND C. 


Fic. 1. Unit cell of the 
The mark octahedral interstices, 
black circles mark tetrahedral interstices. 


structure. 
and the 


face-centred cubic 


crosses small 


atoms of type I, while atoms marked III project 
The 
projection (Fig. 2) takes the form of a two-dimen- 
lattice, 
dimensional sublattices I, I], and III. 


into the centres of the remaining triangles. 


sional which is subdivided into three two- 


By reference 


to this projection or “plan,” the structure is defined 


by the well-known layer sequence 


Ay Arn 
This 


sequence does not uniquely define the face-centred 


in a direction normal to the (111) planes. 


cubic structure, since the same sequence is obtained, 
along the (111) direction, for body-centred cubic, 
simple cubic, and rhombohedral structures such as 
that of The 


structures lies in the spacing between the hexagonal 


mercury. difference between these 
layers, as may be appreciated from further con- 
Fig. 1, 


interstices (crosses) and tetrahedral interstices (small 


sideration of which contains octahedral 


black circles). If all these interstitial positions are 


occupied, in addition to the original face-centred 
cubic sites, then, denoting octahedral positions by 


the symbol O and tetrahedral positions by the 


symbol 7’, the sequence becomes: 


This structure is body-centred cubic. If now the 


atoms are removed from tetrahedral sites, the 


Il 
ul 


© 


I 


© 
Fic. 2. Projection of atoms in face-centred cubic 
structure on to (111) plane. 


ALCI 


LATION OF MADELUNG CONSTANTS 485 


structure becomes simple cubic: alternate hex wonal 
layers disappear, and, denoting these missing layers 


by dots, the layer sequence is 
Ay. Op Aq Onn 


Omitting the layers corresponding to octahedral 


sites, the face-centred cubic structure is regenerated 


If atoms in all possible positions are identical, the 
following sequences of layers in the [111] direction, 
may be written down 


-centred cubic: 


Simple cubic 
Face-centred cubic: 


Such sequences will be referred to as “‘structure 


plans,” and interpret the fact that the same sequence 
of hexagonal layers occurs in all 


the 


three crystal struc- 
along the 
denoted 


tures, relative heights of the 


by reference to Fig 


layers 


direction, considered vertical, being 


») 


2 by Roman 


the 


the subscriy t 


numerals. Assuming equal cell dimensions 


interlayer distances are in the proportions 


hac 


Structure plans of this type enable many 


geometrical relationships between simple lattices 


to be concisely expressed by addition or subtraction 
This is to be 


that 


described elsewhere Dut 1t ma De 


noted here where no 


ayers are 


subscripts for adjacent planes must diffe 


cal subscript fol adjacent planes would 


the atoms in one plane 


immediately above those 


which is forbidden by packing consideratio1 


restriction does not necessary 


are missing from the structure plan. Thus 


diamond structure (Fig. 3) is represented 


interpenetration ot two face-centred cubis 


lattices 


The hexagonal layers which approach closely are ol 
different type, while those with identical subscripts 


are well separated 


@) 
© 
(1) 
i 
ident 
Phi 
el 
I 
I I] ill 
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3. The diamond structure. 


Similar structure plans may be developed for 
hexagonal 
layers in the [000,]1] direction. The close-packed 


hexagonal structure has the following structure plan: 


A structure in which all octahedral and tetrahedral 


interstices are filled corresponds with the sequence: 


This type of notation is capable of revealing relation- 
ships between different structures which may be 
obscured by the more usual crystallographic notations, 
such as the Space Group notation. This is parti- 
cularly valuable in the case of complex structures, 
to which the structure plan notation is also applic- 
able. To describe structures such as that of MgZn,, 
structure plans may be referred to a two-dimensional 
which is subdivided into four 


hexagonal network 


sublattices. instead of three as in Fig. 2; the intimate 
relationship of this structure with those of MgCu, 
MgNi, is immediately apparent. For 
illustrating the Madelung 


outlined 


then 
method of 


and 
calculating 
however, the scheme 


constants, simple 


above suffices 


3. THE CALCULATION OF 
CONSTANTS 


MADELUNG 


In the discussion of intermetallic compounds it is 
of interest to know the contribution to the binding 
energy which may be regarded as arising from electro- 
We 


compound AB as an array of positive and negative 


static interactions. may consider a_ binary 


charges, which as a whole is ele ctrically neutral. 


The electrostatic interaction energy of the ith ion 


with all other ions is given by: 

E, (2) 
where z; and z,; are the charges on the ith and jth 
ions, € is the electronic charge, and p,,r is the distance 


between the interacting ions, r being the shortest 


structures, representing the sequence of 
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anion-cation distance. For the binary compound 


AB, 


is known as the Madelung constant, 
Pij 
M, and depends only on the geometry of the crystal 


The sum 


lattice. The total electrostatic energy of the crystal 
E is computed by summing over all pairs of ions, 
so that if there are N 


‘‘molecules’’ or neutral units, 


(4) 


the interaction 


E , of an A ion with all other ions is equal to the 


For the simpler structures, energy 
interaction energy E,, of a B ion with all other ions. 
For more complex structures this is not necessarily 
so, and the total electrostatic energy then becomes 


Ne*(z ,2p Ne*(z 


E 


from which we may write: 
M ;)/2 (6) 


where VM, and M, may be called partial Madelung 


constants. 
The Madelung 


the sum of the electrostatic interactions of a central 


constant, therefore, represents 
ion, bearing unit charge, with all other ions in the 
lattice, which also bear unit charges. The summation 
has been studied by Apell,) Madelung,“ Ewald, 
and Born;‘ their different types of solution involve 
advanced mathematics and much computational 
work even for structures of high symmetry. Slater‘ 
and Frank‘? have proposed simpler methods, but, 
as pointed out by Fisher,'® the Slater method does 
not lead to accurate results in several cases, while for 
certain lattice types the method of Frank requires the 
evaluation of a large number of terms. 

The principle of the Slater and the Frank methods 
the 


finite lattice, and to correct for the finite nature of 


is to sum interactions of a central ion with a 
the lattice by calculating the interaction of the central 
ion with certain artificial fractional charges placed 
the lattice. These 
are such as to preserve the 


of the finite lattice. The methods differ in the position- 


just outside fractional charges 


electrical neutrality 
ing of the fractional charges. Slater locates them on 
lattice sites, while Frank places them on central 
positions between lattice sites. In the development 
to be described, the technique adopted by Frank is 
retained, 


but the method is generalized, by using 
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the description of structures in terms of sequences of 


hexagonal layers. We may then specify the different 


the central 


ion and various layers of ions considered as a whole, 


interactions which may exist between 
and the calculation for a specific structure becomes 
a matter of choosing the correct types of interaction 
by reference to the structure plan. The finite lattice 
takes the form of a hexagonal prism, made up of a 
sequence of hexagonal layers. The central atom is 
defined as lying in a layer of type I. This may interact 
II, and III. Above 


and below each layer of positive ions we imagine 


with ions in layers of types I, 


a hexagonal layer of artificial fractional negative 


charges, at a normal distance of d/2, 


where d is the 
spacing between ionic layers. The charges lie at the 


centres of lines joining the ions in the real layers. 


Similarly, each layer of negative ions has layers of 


artificial positive charges above and below. Inside 
the lattice the fractional charges cancel, and only 
those outside the finite lattice need to be considered. 
The the 


a part of layers of fractional charges placed between 


central ion thus interacts with whole or 


ionic layers of types I and II, I and III, and II 
If the 


layers of type I, they fall completely within the finite 


and fractional charges are between 
lattice, unless they form an external layer at the top 
or bottom of the prism. We assume each ion to have 
unit charge, and for computational convenience each 
fractional charge is 1/3. 

The interaction of the chosen central ion in a layer 
of type I with another layer also of type I is expressed 
as a sum of simple functions (Fig. 4). First, inter- 
the that 
above it (atom x) is expressed as a term gq | 1/d) 
Let the the 
the six atoms surrounding x be 7,; interactions with 


the 


action of central ion with immediately 


interaction between central ion and 


successive hexagonal rings of atoms in upper 
layer, counting up to the mth ring, are then described 


by the functions 7, 7, Interaction 


of the central ion with the whole upper layer is 
represented by: 


Pm 3 “4 


Horizontal layer of type! 


Central ion 
Fic. 4. Diagram illustrating interaction of layer of 
type I with central ion in another type I layer 
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Sunilacly, interaction of the central ion with a whole 


layer of type II (or, by symmetry, with a layer of 


type III) is: 


the interactions of 
the central ion with successive rings of atoms in the 
For 


ion with layers of fractional charges between ionik 


where the terms p,, pos, etc. are 


layel considered. interaction of the central 
layers of types [ and II (or, by symmetry, I and ITI), 
two cases must be distinguished 

i) The lave! of fractional charges forms th 
Here the 


layer reacts with the central! ion, and the interaction 


top 


layer just outside the finite lattice whole 


is represented by the sum 
O»o 
ii) L iyers of ions exist above the laver of fractional 


charges. In this case all the fractional charges within 


the finite lattice are neutralized, and only those in 


fringe surrounding the finite lattice at 
This 


Interaction 


a hexagonal 
with the central ion 


the 


a certain height interact 


interaction is given by term ¢,,., 


of fractional charges 


and II] 


this type of inte! 


of the central ion with a layer 


between ionic layers of types II may he 


expre ssed by a similar function 


action encountered, and is only possible 


is rarely 


when the layer of fractional charges forms the top 


lave just above the finite lattice 


The possible interactions are summarized in Tal 


To evaluate the functions we must know 


central ion and the 1 


distances between the 


fractional charges in other layers 


is a trivial case and equals 1/d, where 
he xavyonal 


between layers In the 


2, the square of the distances of ions on 


from the central ion may be written 
0: O 


surroundy 


Thus for the six 
the 


1OnS 


unit of distance 


The 
| 
Phe funct 
being the interaton 
Ty 
Intera +1} 4 
\ \ / II and IU 
\ "VW 
| 
p,q 
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(1613) {(2) (18) 

— ~ — 

Fic. 5. Diagram representing the squares of the distance 
from central ion to ions in successive hexagonal shells. 


distance in the layer, while ions in the next hexagonal 
3, 1? = 4, 
function is thus: 


shell lie at distances /? 
5. The z, 


as shown in Fig. 


the addition of all 
which are produced 


indicates 
mk k= + d?*) 


when m takes one of the values 1, 2,3... 


where the summation 
values of 
, and k, for 
any given value oi m, takes the values 1, 2, 3 

The squares of the distances from a central ion 
on sublattice I to ions on sublattices II and III of 


Fic. 2 follow the sequence 


3, 20/3, 
The are 
represented by the 
3k(m k 1) l, the 
presented by the totality of 

3kim k 


half of 
totality of 


numerators numbers, which are 


numbers 3m? 


half 


numbers 


while other are re- 


3m? 3m 
Thus we derive: 


3km 


),,..9 
oli” 


3km 3k- 3m 3k 3d “) 
for interaction of the central ion with layers of type 
Il only, or with layers of type III only. Considering 
layers upon which fractional charges are placed, 
the fractional charges occur either between I- and 
II-type ions, or I- and III-type ions. By projection 
of both types of fractional charge onto Fig. 2, it may 
be shown that the following equations hold: 
Where m is odd 


6km 
12d?)-* 


3km 3k? 
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Where m is even 


(3m2 6km 12k? 


12d") 


(3m? 
k=] 


3km + 3k? 3k | 


For the ¢ function, the corresponding algebraical 
expression is complicated; this function is considered 
below in relation to a finite lattice. The remaining 


functions, may, however, be evaluated to any 
desired value of m by the expressions given. 

In the initial development of the method, some 
experiment was necessary to determine the size of 
the finite lattice required for accurate results. This 
exploratory work indicated that evaluations of the 
Madelung constant accurate to 0-001 were obtainable 
by considering the central ion to be surrounded, in 
its own plane, by two hexagonal shells of ions of 
its own type (Fig. 6); the finite lattice is then con- 
structed by erecting further layers above and below 
this plane, as dictated by the particular crystal 


structure considered. To this approximation, the 
functions take the following values, where d denotes 
the normal distance between the central plane and 


the particular layer involved: 


(1 


p(d) d*) 


} 


3V 3d?) 
3d?)-*] 

3(49 12d?) 

2(61 + 12d?)-*] 
12d?)-3 


3d”) 


r(d) 


o(d) = V12[2(43 + 12d?) 
12d?) 
2(13 


2(19 


2(31 


12d?) 
12d?) 
t(d) = V 4[2(1 


2(3 + 4d) 


2(13 


4(7 + 4d?)-? 
4d?)-*] 


Fic. 6. Central ion surrounded by two hexagonal shells 
of atoms, which forms basis of finite lattice. 
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TABLE 2 


Interplanar 
distance 
d 


-4641 
-4248 
-3098 
2-1270 
‘S879 
‘6052 
-2917 
9587 
6155 
*2694 
-9259 
“D889 
2611 
-6392 
-3468 
0672 
8002 


5457 


°7221 
‘6278 
+3645 
‘9797 
*5260 
‘0451 
‘0988 
8-2390 
“S484 
‘4835 
*1430 
5298 
*2539 
59965 
-7561 
55314 
3032 5°3212 
0724 51244 
6°8527 “9398 
6-6437 -7666 3283 4-7450 
6-4448 -6039 2723 4-5839 
6°2555 | 2-2179 4°4324 
6-0752 -3066 2-165] 4-2896 


-4282 
-424] 

-4117 
-3913 
*3635 
*3287 
2876 
2409 
1896 
1342 
0758 
0147 
9519 
S879 
8234 
7587 
‘6305 
‘5675 


“5056 


wwww 


ww 


-7960 
‘0957 
2159 
‘9613 
°7237 
SOLS 
5°2936 
445] ‘0989 
“3859 ‘9164 


77-7923 
7°4310 
7°0942 
6-7803 


5-9607 
5:7233 
5:5011 
5:2933 
50987 
4-9163 
4-7449 
4-5838 
4-4323 


bo bo bo bo bo bo bo 


bo 


bo bo bo bo bo 


Tables of the functions p, r, o, s, and ¢ as functions 
of d may now be constructed. In the tables prepared 
in the authors’ laboratory, the variable d was changed 
d<2-5. The 
figures in Table 2 show values for steps of 0-1 in d, 
Using this tabl 


in steps of 0-01 over a range 0: 


and may be used for interpolation. 
Madelung constants may now be derived for any 
structure which may be represented in terms of a 
structure plan of the type discussed above. 
4. APPLICATION TO SPECIFIC CASES 
The method of use of the functions discussed above 
may be illustrated by a calculation of the Madelung 


constant of wurtzite, for which a value of V7 1-641 


0-002 for cla V 8/3 is given in the literature. 


The “structure plan” for wurtzite is: 

3,;4,..By,Ay.. By, in the [000,1] direction 
The unit cell is chosen so that the top and bottom 
layers are A,, layers. Then ion layers occur at 
heights 0, 3¢/8, ¢/2, 
charges are placed at heights 3¢/16, 7¢/16, 1le/16, and 
15c/16. 
and 11c/16 are of types I or II, and cancel, with no 


7¢c/8, and c, and layers of fractional 
The layers of fractional charges at 

fringe charges; the layers of fractional charges at 
7c/16 and 15c/16 are of type III, and cancel within 
leave marginal charges round 
take the 


the finite lattice, but 
the outside. The fractional charges must 


value 1/4 to preserve the neutrality of the finite 
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lattice. The Madelung constant may now be written 
down in terms of p, q, r, o, and s functions, bearing 
in mind that the values of these functions tabulated 
in Table 2 refer to charges of unity on the ions, and 
ratio of the 


fractional charges of 1/3. If the axial 


structure is /, and the distance between ions in a 


given layer is unity:* 


M p(Y) 


Inserting the appropriate numerical values for the 
calculated functions, M 1-6399, in excellent agre 
ment with the value quoted above 

Another 


intermetallic compounds is that of nickel arsenide; 


structure of interest in the study of 


many compounds between transitional metals and 
electronegative metals or metalloids adopt this 
general structure type, but the axial ratio 

It is therefore of interest to know the v 
the Madelung 


the electrostatic 


variable 


tion of constant with axial ratio 


contribution to the binding 


The 


SO that 


forces may be assessed structure plan” for 
nickel arsenide is 
i) A,. By,.A,. By. A, 
(ii) 
From the point of view of electrostatic energ’ 
formulations are not quite equivalent 


to take the 


two 


it is necessary mean of calculations f 
the two sequences (see equation 5 For the inter 


actions between integral charges 


dow n 


(1) P(V) 


3 
* The symbols p| 
& 


q, ete. for interplanar spacings 


in the brackets 


= | | 
0-0 
0-1 
0-2 
0-3 l 
op \ 
0-6 ] 
0-7 3p 5B 198 
1-0 ) ) 
1-] p p ip D 
1-2 a r| } + fol 
1-3 
$4081 ral 72) — 
to| to 4 to| 16 | 
1-7 
,_ (178 , (178 
2-] 
2-4 
9.5 
— 2p(—) — 2p(8) — 
il) p(O) 2p(p 2q(p) 
+. 
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Adding and dividing by 2 gives: 


4 2pp 


Layers of fractional charge each equal to 1/6 


placed at heights //8, 3/8, 55/8, and 7//8. 


interactions therefore are: 


The Madelung constant J/’ relative to unit distance 


between two ions in a layer is therefore: 


M’ P(Y) 2p(p) 2q(/) 


In a structure of variable axial ratio we correct this 


value by multiplying by t ; the 
l6 


corrected 


constant .V then refers to the closest anion-cation 


distance taken as unity. Putting in numerical values 


from Table 2, the results summarized in 


are obtained. 


TABLE 3 


Axial ratio Axial ratio 


Table 3 


The maximum Madelung constant occurs, not at 
the ideal axial ratio of 1-633, but at an axial ratio of 
approximately 1-78; this interprets the observation 
that the axial ratios of nickel arsenide phases formed 
by components which differ widely in electrochemical 
character are greater than 1-633. In phases such as 
TiSe (pf 1-75) the binding forces must be predomi- 
nantly ionic, and it is unnecessary to postulate strong 
bonding between the cations in cation layers, as 
assumed by Ehrlich, to account for high axial 
ratios. As 6 decreases (Table 3) there is a decrease 
in the Madelung constant; this indicates that in 
nickel arsenide phases of low axial ratio forces other 
than electrostatic interactions play an increasingly 
important part. 

The crystallography of the nickel arsenide phases 


(10:11) and one of the 


has frequently been discussed, 
chief features is that atoms of the transitional metal 
(electropositive component) form chains parallel to 
the ¢ axis of the crystal: the decrease in axial ratio 
which occurs as the difference in the electrochemical 
character of the components decreases may be 
attributed to metallic forces, between the atoms in 
these chains, to which the partially filled d-shells of 
the transition metal probably contribute. The 
axial ratio of the nickel arsenide structure is variable 
not only from system to system, but also within a 
given system as a function of composition. A low 
axial ratio in a given nickel arsenide phase may be 
associated with departure from the composition 
AB towards A,B, where A represents the electro- 
positive (transitional metal) component. The extra 
A atoms are accommodated in voids in the close- 
packed arrangement of metalloid atoms; a calculation 
of the Madelung constant for the case of extra A 
atoms randomly distributed would be difficult, 
but the structure corresponding to complete filling 
of all available voids at A,B may be relatively 
simply treated. Completely ‘filled in” structures, 
such as that of Cu,In, have the extra A atoms in 
trigonal voids in the B atom layers. Considering 
the electrostatic interactions along the vertical rows 


of atoms only, the summation takes the form: 


| 2. 2. 29(8) | 


4 
The introduction of the extra A atoms thus tends 
to bring about a mutual cancellation of the repulsive 
and attractive electrostatic forces parallel to the 


hexagonal axis. The electrostatic repulsions present 


=q(P) 
4 
3) 
2r(— 
2 4 
7p 
1) o| o| o| 
+ 
Ss 
7p 
li) o| o| o| 
Adding and dividing by 2 gives 
3) Dp 7p 95 
o(£) + + + + 
38 3p 
arf} + + + 40(— 
+ of + of} +5(—) 
1-20 1-625 1-74 1-730 
1-28 1-659 1-76 1-731 
1-36 1-680 1-78 1-73] 
1-44 1-700 1-80 1-73] 
1-52 1-714 1-82 1-730 
1-60 1-723 1-84 1-729 
1-68 1-729 1-92 1-725 
1-70 1-730 2-00 1-717 
1-72 1-730 
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in the AB structure are relaxed, and the decrease of 
A.B 


may be understood in terms of metallic interactions 


axial ratio as the composition tends towards 
between A atoms. 

The examination of the Madelung constant of the 
nickel arsenide structure thus suggests that electro- 
static forces are important, since, where the com- 
differ the 


axial ratio corresponds to a maximum of the Madelung 


ponents appreciably electrochemically, 
constant. This cannot be the only important factor, 
the the 


structure, structure, 


cubic analogue of nickel 
the 


would be preferred on the grounds of electrostatic 


however, since 


arsenide sodium chloride 
energy considerations alone, as the Madelung constant 
(1-748) is larger than that of the hexagonal structure. 
From the geometry of the nickel arsenide structure 
and the nature of the A metal, it may be inferred 
that the structure represents a compromise between 
electrostatic forces and nonelectrostatic attractive 
forces operative along A atom chains. 
Madelung-constant calculations have also been 
carried out by the method described above for the 


Mg.Bi, and Ma,As The 
values for which the maximum values of W/ 


structures axial ratio 


were 
calculated were 1:55 and 1-75 respectively, in ex- 
cellent agreement with experimentally observed 
values. 


5. CONCLUSION 


A simple notation has been developed for the 


description of crystal structures which correspond to 
layers of hexagonally arranged atoms perpendicular 
This 


to a certain crystallographic direction. class 


of crystal structures includes a large proportion of 


those adopted by intermetallic compounds which 
the 
purely ionic to purely metallic bonding. 


may be classified as in transition range from 


By means 
of this notation it is possible to generalize the method 


described by Frank” so that the Madelung constant 
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for a given structure may be simply evaluated. Calcu- 
lations carried out emphasize the importance of the 
electrostatic contribution to the bonding in certain 
intermetallic the 
details of the 


and by Cc 
the 


with those to be expected from electrostatic energy 


compounds, ymparing 


structures, such as axial ratios, 


considerations the crystal chemistry of intermetallic 


compounds, and especially the development of 


forces of a metallic nature may be better understood 


The method of approach to the proble m adopted 
paper 


pretation to the qualitative concept of heteropolarity 


in the present gives a quantitative inter- 


which is frequently used in discussions on the nature 
of the bonding in intermetallic compounds and the 
use of “Structure Plans”’ is 


consistent an important 


aid in the necessary numerical evaluations. 
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ON THE MECHANISM OF THE OXIDATION OF METALS* 


D. A. 


the low temperature 


VERMILYEAt 


oxidation of a metal whose oxide is a cation conductor, it is assumed 


tal atoms enter the oxide only at lattice steps on the metal surface and that new oxide forms 


the oxide-atmosphere interface. 


It is shown that if these assumptions are valid there should 


ost no stress in oxide films in which cation conduction predominates, that the Pilling-Bedworth 


has no validity for such oxide films, and that no vacancies or voids should be produced in the under- 


netal. Some observations of anisotropy of oxidation rate on different crystal faces are discussed. 


oxides in which anion conduction predominates it is concluded that there may also be no stress in 


and that the Pilling-Bedworth rule may not apply. 


SUR LE MECANISME 


DOXYDATION 


DES METAUX 


\u cours de loxydation a basse température d’un métal dont loxyde est un conducteur cationique, 


admet que 


surface du métal et que le nouvel oxyde se forme uniquement a l’interface oxyde-atmospheére. 


les atomes du métal pénétrent dans oxyde uniquement aux seuils réticulaires de la 


Si ces 


hypothéses sont valables, auteur montre qu’il n’y aurait pratiquement pas de tensions dans les films 


d’oxvde 


ot la conduction cationique est prépondérante, que la régle de Pilling-Bedworth n’est pas 


applicable pour de tels films et que l'on ne peut produire dans le métal sous-jacent ni lacune, ni cavité. 


L’an ur discute encore de 


quelques observations d’anisotropie, de la vitesse d’oxydation sur dif- 


férentes faces cristallines et enfin conclut que pour les oxydes ot: la conduction anionique est prépon- 


dérante, 
étre appliqueée. 

ZUM MECHANISMUS DER 
“ir die 


dass 


und dass neues Oxyd sich nur an der Grenzflache Oxyd-Atmosphare bildet. 


diesen Annahmen in Oxydfilmen, in denen die 
auttreten 
und dass in der Metallunterlage keine 
liber die Anisotropie 
Kkutiert 


sein diirfte. 


Kationenleitung iiberwiegt, fast 
sollten, dass weiterhin bei solchen Oxydschichten die 
Leerstellen oder Poren entstehen sollten. 
der Oxydationsgeschwindigkeit 


il n’y aurait pas non plus de tension dans le films et que la régle de Pilling-Bedworth ne pourrait 


OXYDATION VON METALLEN 


Tieftemperatur-Oxydation eines Metalls, dessen Oxyd kationenleitend ist, wird angenommen, 
Metallatome nur an Stellen ins Oxyd eintreten, an denen die Metalloberflache eine Stufe aufweist, 


Es wird gezeigt, dass unter 
keine Spannungen 
Pilling-Bedworthsche Regel nicht gilt 
Einige Beobachtungen 
Kristallflachen 


auf verschiedenen werden dis- 


Ferner lasst sich fiir Oxyde, in denen die Anionleitung iiberwiegt, folgern, dass auch in ihnen 


keine Spannungen auftreten sollten und dass die Pilling-Bedworthsche auf sie ebenfalls nicht anwendbar 


There are several aspects of the oxidation of metal 
which have not previously been interpreted satis- 
factorily. First, the question of what happens to 
the lattice vacancies which are left at the metal-oxide 
interface when metal atoms jump into the oxide has 
not been satisfactorily answered. Second, sodium, 
calcium, and magnesium all form protective oxides 
upon oxidation in dry oxygen at low temperatures, 
of the Pilling-Bedworth 


the stresses produced in oxide films are far less than 


in violation rule. Finally, 
would be expected from an application of the volume- 
ratio concept of Pilling and Bedworth. It is the 
purpose of this paper to discuss a 
oxidation which clarifies these and other phenomena 
associated with oxidation and similar film-formation 
processes. 

and 


Cabrera Mott™ suggested that only those 


metal atoms which are located in especially favorable 
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mechanism of 


positions in the metal at the metal-oxide interface, 
such as in lattice steps, can jump into the film. This 
suggestion appears to have been entirely overlooked, 
and yet it has great merit, for in order to remove a 
metal atom from a kink in a lattice step only two- 
thirds as many nearest-neighbor bonds must be 
broken as to remove a metal atom from the center 
of a close-packed plane. According to dislocation 
theory, there are a great many lattice steps on the 
surfacesof nearly all crystals. It wouldseem, therefore, 
that at relatively low temperatures essentially all of 
the atoms which enter the film come from kinks in 
lattice steps, except perhaps during the formation 
of the first few layers of oxide. 

Consider now the interface between an oxide film 
in which only cations are mobile and the metal on 
which it is growing. At each lattice step on the 
misfit, 


similar in extent to that of an edge dislocation inside 


metal surface there will be a_ region of 


a crystal, between the oxide and the metal (Fig. 1). 


As oxidation proceeds, metal atoms enter the oxide 


Duin 
the fil 


VERMILYEA: 


Lattice step 


Kinks 


Region of misfit 


Schematic drawing of the metal-oxide interface in the 
vicinity of a lattice step on the metal surface. 


film at kinks in the step and migrate outwards 
step and its associated 


The 


motion of the step is analogous to dislocation climb 


through the film, while the 
region of misfit moves along the metal surface. 
inside crystals. The question of the fate of lattice 
vacancies at the metal-oxide interface can now be 
these 


answered, for vacancies are automatically 


destroyed by the motion of the step along the surface. 


In some instances, however, voids have been observed 


within metal specimens upon which thick oxide 


films have been formed. One interesting example of 


void formation has been reported by Ilschner and 
Pfeiffer, who observed that hollow oxide cylinders 
resulted from the complete oxidation of iron wires 
at temperatures above 700°C, while at lower tem- 
peratures a solid oxide cylinder was formed. Appar- 
ently at the higher temperatures, vacancies were 
formed by the oxidation process and condensed to 
form voids within the metal. There aretworeasons why 
higher temperatures favor void formation within the 
metal. First, the probability that atoms will jump 
the 
positions is increased at higher temperatures, so that 


into oxide film from other than lattice-step 


vacancies can be formed at the metal-oxide interface. 
the of diffusion of the 
metal is increased at higher temperatures, so that 


the the 
rapidly to the growing voids within the metal. 


Second, rate vacancies in 


vacancies formed at interface can migrate 

The absence of great stresses in oxide films is also 
readily explained. In the first place the new oxide, 
which is formed only at the oxide-atmosphere inter- 
face, is under no stress. Secondly, the oxide-metal 
interface maintains an average configuration of steps 
which is unchanged with time, and hence it cannot 
be the source of any great stress in the oxide film 
unless its radius of curvature is comparable in magni- 
tude with the oxide-film thickness. To a first approxi- 


mation the stress in an oxide film on a smooth, flat 
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metal surface should therefore be only that associated 


differential contraction on cooling from the 


The 


when metal films evaporated 


with 


oxidizing temperature. stresses observed by 


Dankov and Churaev“? 
onto mica were oxidized were possibly the result of 
oxidation within fine pores of the evaporated layer 


rather than of oxidation on the outer surface. In any 


case, these stresses were much smaller than those 


calculated from the ratio of the volume of the oxide 
to that of the metal. 


nickel-oxide films reported by 


The curling and cracking of 
difficult 


to interpret, because the process of removal of the 


Evans") is 


film from the metal may have changed the stresses 
originally present in the oxide. 
The the Pilling-Bedworth 


calcium,®) magnesium,'®) and 


failure of rule for 


sodium”) is to be 
expected, since new oxide is formed in contact with 
a free surface and is not constrained to fit the volume 
Thus, 


during oxidation. 


previously occupied by the metal protective 


oxides should always be formed 


Of course, under certain conditions calcium and 


magnesium do oxidize at a linear rate.'®.®) On the 


other hand, so do many other metals with volume 


ratios greater than 1, such as cerium,'?!® uranium,“ 


been shown 


that 


tungsten,“*) and aluminum.“* It has 
(9,11) Webb ef 


nium, and tungsten the 


by Loriers and by during 


the oxidation of cerium, ur 
outer layers of the initial protective film undergo a 
transformation and become porous, and that a linea 
the thick 


rate results when inner film has become 


enough so that its rate of growth equals the rate of 


transformation of its outer layers. It may be that 


the transformation of the aluminum-oxide film from 


the amorphous to the crystalline form at about 


450—500°C" is involved in the change from parabolic 


to linear oxidation of aluminum at about 500° 


1 
opserved 


Perhaps the linear rates of oxidation 


calcium and magnesium after long periods of oxida 


tion also result from transformations of the protect 


films which are initially present. Such a hypothes 


is in accord with the fact that the activation energ, 


for the linear oxidation of magnesium is 5 


Such a large activation energy is probably 


with a diffusion process in a solid, and 


the hypothesis given here would be the activation 


energy for diffusion of magnesium in the inner dense 


magnesium-oxide film which is presumed to be 


present between the observed porous oxid ind 


metal 


The hypothesis that metal atoms can enter the 


yxide film only at kinks in lattice steps should alsé 


be helpful in understanding the anisotropy of oxida- 


tion rate on different crystal faces, although at 


| 
Oxide 
Metal 
associated 
Dee according to 
the 
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present an interpretation of all the observations 


uppears difficult. It is expected that a surface which 


contains lattice would oxidize at a 


higher rate than one with few steps whenever the 


many steps 
oxidation rate is great enough so that equilibrium is 


not established at the oxide-metal interface. An 
indication of such anisotropy of oxidation rate has 
Bénard.“» Bénard Moreau"® 


have observed striae on the surfaces of 18-8 stainless- 


been noted by and 


steel specimens which have been heated at high 


temperatures in an atmosphere containing less 
oxygen then that in equilibrium with the oxide film 
on the metal. The striae have different appearances 
thought to 


facets of the metal crystal. 


on each grain of the metal, and are 
consist of low-energy 
When a specimen containing these striae was heated 
that oxide films exhibiting 
formed it found that 


it oxidized at a slower rate than did a specimen 


under conditions such 


interference colors were was 


with smooth surfaces. It is supposed that the smooth 
surfaces would be mainly high-index faces containing 
many steps and kinks, and hence would have many 
points from which atoms could easily be removed, 
while the facets would be relatively perfect low-index 
faces with fewer steps, and hence have few points 
from which atoms could be removed. 

Other observations of oxidation-rate anisotropy 
are not as easy to interpret. According to Cabrera,“” 


oxidation-rate anisotropy is to be expected because 


of differences in the equilibrium concentration of 


metal ions in the oxide at the oxide-metal interface 
on different effect of this 


would probably oniy be observed at high temperatures 


crystal faces. An sort 
where thermodynamic equilibrium is nearly achieved 
The different 
on 


it the oxide-metal interface. 


oxidation observed by Bénard and 


different faces of copper crystals at 900°C may be 
this difference in 


1 result of equilibrium ionic con- 


anisotropy at inter- 
that 


Young et al., and even 


centrations. Oxidation-rate 


mediate such as observed by 
Lustman and by 


that discussed in the preceding paragraph, is com- 


temperatures, 


plicated by the possibility of crystallization or 


recrystallization of the oxide film. Crystallization 


phenomena have been observed at elevated tem- 


peratures and reduced oxygen pressures by Gronlund 
and Bénard"! 


and Ball**) have shown that these phenomena occur 


and Gulbransen ef al.."**) while Harris 


in copper-oxide at 150°C and atmospheric pressure. 
All of the above considerations apply to reaction 
For 


films in which only the anion is mobile the situation 


films in which cation mobility predominates. 


is less simple, since in this case the new oxide is 


rates of 
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the metal-oxide interface. It might 


therefore be expected that large stresses would be 
observed in such films and that the Pilling-Bedworth 


formed at 


rule would apply. However, it seems possible that 
new oxide may be added only at lattice steps on 
the the 


metal atoms would still be removed primarily from 


inner surface of oxide film. Presumably 
lattice steps on the metal, and although the steps 
on the contacting metal and oxide surfaces would 
not be adjacent to each other, it is conceivable that 
metal atoms could migrate rapidly along the steps 
on the metal surface to intersecting steps on the inner 
oxide surface and then combine with the oxygen which 
has diffused in through the oxide film. This diffusion 


of metal atoms along steps would be similar to 


diffusion along dislocation channels in metals. 
There are several interesting experiments which 


could be performed in order to test the ideas presented 


in this paper. First, a comparison of low-temperature 
oxidation rates on individual faces of single crystals 
before and after cold-working to introduce additional 
The conditions of 
oxidation should be chosen so that no crystallization 
the structure 


dislocations appears possible. 


or recrystallization occurs. Second, 
and composition of oxide layers formed on metals 
with volume ratios less than 1 should be determined 
to see whether any transformations do occur when 
the rate law changes from parabolic or logarithmic 
to linear. Finally, stresses should be measured in 


oxide films formed on metals which are known to 


be dense and of normal crystal structure. 
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STATISTICAL THERMODYNAMICS OF LIQUID METALLIC SOLUTIONS* 
MITSUO SHIMOJI+ and KICHIZO NIWA? 


A cell model with a generalized potential field is applied to the liquid metallic solutions, since the 
interatomic energy in liquid metal does not obey the inverse sixth-power law. First, a model of a rigid 
sphere with attractive force is used, and second, a model of repulsive and attractive forces which is 
assumed to be Morse type. The bond energy between unlike atoms is explained in terms of the electro- 
negativities. The result of calculations shows that the excess quantity depends upon the differences 
of the electronegativities and of the interaction energies of pure liquid metals, as well as upon the 
disparity of atomic radi. 

The examples of the observed excess heat of liquid copper alloys agree qualitatively with the pre 
diction of the present theory, in spite of the crude approximation. Finally, some comparisons with other 


theories of liquid metallic solution are offered. 


THERMODYNAMIQUE STATISTIQUE DE SOLUTIONS LIQUIDES METALLIQUES 

Un modéle a cellule avee un champ de potentiel généralisé est appliqué aux solutions liquides métal- 
liques, étant donné que l’énergie interatomique dans le métal liquide n’obéit pas a la loi de inverse de la 
sixiéme puissance. On utilise d’abord un modéle d'une sphere rigide avec force attractive et ensuite un 
modéle de forces répulsives et attractives supposé du type Morse. L’énergie de liaison entre atomes 
dissemblables est expliquée en fonction des électronégativités. Le résultat des caleuls montre que la 
quantité en excés dépend des différences des électronégativités et des énergies d’interaction des métaux 
liquides purs, aussi bien que de la différence des rayons atomiques. Les exemples de la chaleur en excés 
observée dans les alliages de cuivre liquide s’accordent qualitativement avec les prévisions de la présente 
théorie, malgré lapproximation grossiére. Finalement, quelques comparaisons avec d’autres théories 


des solutions liquides métalliques sont présentées. 


STATISTISCHE THERMODYNAMIK FLUSSIGER METALLISCHER LOSUNGEN 

Ein Zellenmodell mit verallgemeinertem Potential wird auf fliissige metallische Lésungen angewandat. 
da die Wechselwirkungsenergie der Atome in fliissigen Metallen nicht das r-*-Gesetz befolgt. Zuerst 
wird ein Modell starrer, sich anziehender Kugeln benutzt und danach ein Modell mit abstoBenden und 
anziehenden Kraften nach Morse. Die Bindungsenergie zwischen ungleichen Atomen wird auf der 
Grundlage der Elektronegativitaét erklart. Das Resultat der Rechnungen zeigt, daB die Mischungs 
groBen von der Differenz in Elektronegativitat und Wechselwirkungsenergie reiner fliissiger Metalle 
abhangen, und auch von den Unterschieden in den Atomradien. 

Die angefiihrten Beispiele fiir beobachtete Mischungswarmen fliissiger Kupferlegierungen stimmen 
qualitativ trotz der rohen Naherung mit den Voraussagen dieser Theorie iiberein. SchlieBlich werden 


Vergleiche mit anderen Theorien fliissiger metallischer Lésungen angestellt. 


1, INTRODUCTION diameters lies between 1 and 1,26. Prigogine and 
Thermodynamic investigations"~* show that the Bellemans have discussed the property of mixing 
theory of a simple non-electrolyte solution is roughly in a solution of components having slightly different 
applicable for liquid metallic solutions. However, atomic sizes and of so-called 6-12 interaction 
further improvements in understanding of detailed energies.“) They derived explicit formulae for 
behaviour are required for a satisfactory interpretation excess quantities of mixing after the approximation 
of the experimental! results just as in non-electrolyte of series expansion of the relative differences due to 
solutions. The writers will attempt to obtain a molecular radii and potential energies. 
theory of liquid alloys by introducing explicit ex- In a liquid metallic solution it is necessary to use 
pressions into the cell model. Furthermore, the case a more generalized potential between atoms, since 
of slightly different radii with different potential the inverse sixth-power law for the attraction energy 


fields, such that a mixture of the two atoms can be _ is not adequate for liquid metals.) In this paper the 


packed in the same way as in the pure liquid, is cell theory of the generalized potential will be applied 


considered. This condition may be satisfied in the — to liquid metallic solutions. 


usual liquid alloy systems, where the ratio of atomic 
2. FUNDAMENTAL EQUATION 


* Received July 9, 1956. The valence bond theory of metals proposed by 
+ Department of Chemistry, Faculty of Science, Hokkaido 
University, Sapporo, Japan. Pauling’ may be suitable in discussing the potential 
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energy in liquid metals and alloys, because to discuss 
the dependence of interatomic forces on the inter- 
atomic distances in alloys is more convenient from 
the viewpoint of the valence bond theory than from 
that of the band theory, which is chiefly suited to a 
description of conductivity. It is very difficult in 
the present stage to express accurately the dependence 
of the potential energy on the interatomic distance. 
Therefore, the Morse empirical formula, which is 
convenient for representing a relation between the 
bond the 
It will be further 
assumed that the potential energies in metals and 


potential energy of covalent type and 


interatomic distance, will be used. 


alloys are additive with respect to all pairs of atoms, 
effects 
which 


shows saturation 
This 


has been used in the previous studies on the nearest- 


though covalent energy 


in case of non-metals. assumption, 
neighbours theory of alloys,‘® may not be strictly 
correct. However, this concept will be adequate to 
describe the thermodynamic properties of liquid 
alloys in a qualitative but clear way. At least, this 
the 


essential featuring, since, for example, simple theories 


mathematical simplification may not mask 


of bond pairs are fully applicable in the explanation 
of superlattice formations. 

First, let the most simplified model be considered, 
namely, that of rigid spheres of diameter D with 


attractive forces between atoms. This model is 


defined here by 
« 


exp | a(r — D). (1) 


Usually the attractive force is represented by some 


high inverse power of the distance (frequently 


inverse sixth-power), but the exponential form of 


the attraction will represent its essential character 
in case of any central force, if the parameter o@ is 
chosen properly. 

Secondly, the potential energy of two point centres 
i and j at a distance apart, r;,, can be represented 
by a Morse equation 


fexp [—2a(r r*)] 


€(7;;) ij 


2 exp [—oa(r,; 


where r* is the distance at which e(r,;) reaches its 


minimum value le*|, o an empirical constant. 

It is assumed that the system can be represented 
lattice 
The average distance between nearest 


by a quasi-crystalline with co-ordination 
number z. 
neighbours is R. Consequently, the volume per atom, 
V, can be defined by V = R°/y, y being a geometrical 


factor which depends upon the crystal structure. 


NIWA: 
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Then one obtains the average potential energy in 
the cell with the size R 


2 Rr cos sin 6 dO. (3) 


wr) 
This means that an atom is moved about a sphere 
of radius 7, whose centre is at a distance R from the 
fixed at the 


the 


nearest neighbours, which are kept 


equilibrium positions respectively. In limit 


r— 0 this becomes w(0), i.e. 


Let it also be assumed that the mean field in the cell 
is 


& 
This equation seems to be adequate to discuss a mean 
field of the 


model of liquid, for Prigogine and his co-workers 


cell in terms of a harmonic oscillator 


have found that the cell partition function in thei 


6-12 model theories is not significantly influenced 


by the potential form. Disregarding the internal 


degrees of freedom. the use of the cell method gives 
the following partition functions. 


For pure liquid A, one has 


exp 
W 2k7 


and a similar equation, for pure B. For A-£B binary 


solution, one has 
W (0) J 


27 R kT) 


exp 


2kT 


where g is the combinatory factor, V represent 


i 
numbers of the 4A atoms. Np those of B con ponen 
The cell size, R,, will be influenced by the additic 
of different 


dition, this effect can be estimated as fo 


sized atom B&B. From a re 


lj p 
R 4 CAR 


| 


which means that the size of 


is the arithmetic mean of pure 


average cell size of the solution 


when L4 and Up show mole 


for B cell 
Ry (Rep 


> 


No size-change of mixing will be found here 


exactly 


2 ) > 
x R, 1) Ry, Rep) 


| 
| 
(r D), 

th 

+ 
) 

(10 


ACTA 


WITH ATTRACTIVE 
FIELD 


3. RIGID SPHERE 
FORCE 
From (1), one has 

D ,)] 
D , Dy 
J 
(11) 
contact distance between A and B atoms 
of these 


\ 4p exp O4B Ry 


where the 


ma\ be the arithmetic mean two atomic 


diameters, and, on the other hand, for pure A liquid 


W,,(0) (12) 


D 


\ 44 exp | 
By the use of (11) and (12), one obtains 


Up exp 


Similarly, one has 


W (0) 


B (QO) 


BB 


a exp 


Rep) 


it is possible to expand (13) and (14). Consequently, 


When in liquid alloy systems o(R,, 


the change of the molar energy due to mixing at 


constant volume. 
AE 


W (15) 


) 


is the Avogadro number, is calculated as 


pp(9)| 


TapW 4p(9)) 
ppl0))x 


PW (x4? 
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where 


W 


O4AB 
(R 


> 
A 4p exp U44 Rep 
L 


The first group of the right-hand side is the same 
as in the strictly regular solutions, and the others 
are the correction terms due to the difference in sizes 
The signs and the magnitudes of the latter 
R,,) and by the 


of atoms. 
groups are determined by (Rp, 
difference of the energies. The energy formula (16) 
is not a symmetrical function of mole fractions, owing 


to the first-order term of (Rp R 44): 


4. ATTRACTIVE AND REPULSIVE 
FORCE FIELD 

(4), (9), 

*)/2. the molar excess energy is 


Using the conditions of (S), and 


"AB ("44 - “BB 


given by 


AE,,°/N ot = LW pp(9)] 


R 1) 


4 4(0) 


(Rep 


(Rep R,.)* 


(Wiss 


where 


W’ = oA [exp | exp [—o(R 


A[2 exp [—2o0(R 


o(R (19) 


right-hand side of equation (17) is composed 


exp | 

The 
of the 
of the 
to the 
a positive quantity, i.e. heat absorption on mixing, 
This last 


while 


term of strictly regular solution theory, and 
new terms determined by the difference due 
the 


atomic sizes, in which final term gives 


term seems to be 


this effect 


since usually W” 0. 


significant in solid solutions, will 


be comparatively small in liquid solutions. 
5. EXCESS ENTROPY AND FREE ENERGY 
If random mixing is assumed in equation (10), 
the molar excess entropy due to the change of cell 
fields, 
Asv Nk 3[ 2 4 In (R, R 44) 
W 4(9) 
W 4(0) 


tp In (Rp/Rp»)| 


W pp(0) 


(20 
W (0) 


498 
W 44(9) XP [—O44( Ry D 
| O44 
CAB (R R D = 
1p ©XP B | 
[ Ops ] > 
‘ 
5 (Rep — (13) 
> > | 
\ exp (R, D 
iB 5) AA BB { B 
L (17) 
0) — W,,(0)| 
(0) 4(9) 
| 
Where \, 
follows 
AE, “(No = — 30440) 
Rep Ras 
iW { 
ppl) 
(Pp > 2 
Rep ki 14 
(0 { 1.4\¥) 
16 
(16) 
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is given by the equation: 
R 44)" 

W 4(0) 
2W Wp 


2W , (0) (0) 


W pp(0)) 


21) 


Some attention is necessary to the fact that (21) 
is caleulated under the condition of random mixing. 
This restriction can be removed by the well-known 
quasi-chemical approach.‘® Although the number of 
A-B pairs is given by ZN ,N,/(N 


mixing, 


at random 


one gets in case of non-random mixing 


| 


AT BURT’ 


where the “interchange energy,” #, must be related 


to the excess energy formula (17), i.e. 
AE, 

Hence, @ is supposed to be a function of the con- 

centrations, provided the atomic radii have different 

This effect in 

explanation of the dependence of 


will give an 


the 


values. solid solution 
transition 
temperatures from ordered to disordered state upon 
Thus, it 


calculate the excess free energy of mixing at a con- 


concentration.'” becomes possible to 
stant temperature and volume. 
The 


0 


») 


AE,,¢ — — x (2 


As the pV term can be neglected in the condensed 
phase, the Helmholtz and the Gibbs free energies 
are nearly equal. The corresponding formulae for the 


excess heat and excess entropy are 


-9 


"2kT’ 


(P6) 


tem- 


and AS’ on 


perature through the thermal expansion is excluded 


where the dependence of 


This simplification will not 
the 


for the sake of brevity. 


exert any serious influence upon conclusion 


because of their comparatively minor quantities. 
6. ELECTRONEGATIVITY AND BOND ENERGY 
As in the theory of valence bond of molecules, 
the ionic character of a bond is of predominant 
influence in some alloys. Varley‘ has considered this 


effect of metallic solution from the viewpoint of the 
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h und 


formation of 


On the other another evaluation 


the 


zone theory 
of the heats of 


solutions is presented 


liquid metallic 


9) | 


pointed out empirically that the energy 


Pauling 


of a bond A is expressed by 


A 


where A is a measure of the character of a bond 


the 


LOnLC 


In some amended relation postulate 


Cases, 


of the geometric mean’ may be better for obtaining 


When an electronegativity value 


A in (27) is given by 


satisfactory results. 


X. belongs to atom i, 


A 23-05 (X , 


Though e.. in (27) refers to the dissociation energy 


of diatomic molecule, bond energy in metals has not 
vet been estimated. Let it be roughly assumed that 
the energy of metallic bond is nearly one-half « 
that of molecular bond. This assumption may be 
Heats of 


found to be a 


examined in alkali metals vaporization 


of metals, Z€4,/2, are little less than 


twice heats ot dissociation ot diatomi molecules 


e,,, Accordingly, one obtains €,, ~ €,,/2, since 2 Ss 


G 


in alkali metals 


7. SIMPLIFIED FORMULAE 

Using the foregoing derivation, the excess heat and 
entropy are calculated in terms of pure liquid metals 
needed 


However, more simplified formulae will be 


Let it assumed that 
Fo 


has ( ilculated th 


to examine the theory easily 
o is nearly constant for all pairs 
ol pure metal, Slater“ 
or*™® in (2) ata temperature of approximatel 


zero from the compressibility of the solid 
2-4 for 
and 4-0 fo 


definite 


lithium, 2-5 
silver, et¢ 
Values are aval 


liquid 


pressibility ot the 
compared with that of th 
associated with the 


than in solid state 


seems to contribute t 
alloys.4*) Provisional) 
liquid metal 


According to 


Hildebrand’s 


of liquid mercury 


the internal energy 


\ iporization varies with the 


That means, in th 


verse one-third 


of the volum« equation of 


n 0-33, where FR, is the closest approa 


between atoms. The corresponding formula 


€4p| = + 27) 
| 
ZNANp |, 99 
zk] = 
and 
37 2Y 
| 
dlistanc 
th: 
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TABLE l. 


The difference of 
Goldschmidt 
atomic diameter 


Ry Rou 


The difference of 
elect ronegat ivities 


Xcu 


System 


* Taken from Oriani. 


+ From reference 14. 


The value of the electronegativity"®) has been used for the valency state in the periodic chart, i.e. 
\ is taken from the heat of vaporization at 25°C (F. D. Rossini et al., Selected Values of 
Nat. Bur. of Standards 1952); z 


Al; 4 for Pb, Sn; 5 for Bi, Sb): 
Chemical Thermodynamic Properties Series III. 


present theory may originate from (7), i.e. 


w(0) (30) 


atomic diameter be 
the 
energy of the pair of atoms becomes zero. 


(2) it follows that 


On the other hand, let the 


regarded as the distance at which interaction 


From 


D In 2. 


0 


(31) 


Then, 


assumption, or* 


oD = 1-31 is obtained from the provisional 


1-31 


The agreement with 


~ 2. The substitution of cD = 
~ 0-4 in (29). 


observed 


into (30) gives n 
Hildebrand’s 


cood. 


0-33, is 
But, the inverse sixth-power law, usually 
This 
Thus 


suitable in 


value, n& fairly 
called van der Waals attraction, gives n 2. 


agreement is very poor, as is well known. 


the assumption, or* = 2, seems to be 
liquid metal. 

In liquid solution the repulsion term makes a 
the 


than in solid solution, as shown by 


less dominant contribution to internal energy 
the well-known 
formulae of regular solution theory of Hildebrand.” 
Consequently, (16), based on the assumption of a 
rigid sphere with attractive force, is very useful in 
some cases. Practically, (16) is expressed at equi-mole 
fraction by 

AE, 


fl 
0-25.N + Age) 


A 4p] 


A 44) App): 


(16’) 


App (Aga 


where p = — 


Calculated excess 
heat (kcal/mol) 
by (16’) 
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Comparison of the calculated excess heat with observed value at equi-atomic liquid metallic solution 


Observed Varley’s 
value") calculated 
(keal/mol) value (keal/mol) 


Caleulated excess 
heat (keal/mol) 
by (17%) 


w 


(1 for Cu, Ag, Au; 3 for 


12 is used. 


On the other hand, equation (17) gives at equi-mole 
fraction 


AE,,°/0-25N 9 [3(A4y4 + Age) A 4p] 


p> 
(Ags 


App). (17’) 


The second term of (16’) shows that there may be a 
negative contribution to the heat of mixing when the 
larger atom the stronger force 
(p(App — Agu) > 9). The (17’), 


which is caused by the disparity of atom sizes, always 


has attractive 


second term of 
indicates the positive contribution to the excess 
heat. 


8. COMPARISONS WITH OTHER THEORIES 

An example of a comparison between calculated 
and experimentally measured heats of mixing for 
equi-atomic binary liquid copper solutions is given 
in Table 1. Qualitatively, 


the crude approximation, the agreement is satis- 


taking into account 
factory, since the calculated heats of mixing have 
the same signs as the observed values respectively. 
8) calculated on the basis of the band 
But the 
agreement is poor in Cu-Au and Cu-Sn alloys, though 
good in those of Cu-Pb, Cu-Ag, and Cu-Zn. 


sumsden“* has derived a free-energy formula for 
Lumsden) l laf y f la f 


Varley’s values, 


theory, are shown in the last column. 


liquid metallic solutions by using three parameters. 
Of those parameters, ¢€ is related directly to the 
ao to the present AS,,,, 
describes the contribution due to the non-adjacent 


present @, but which 
atoms, has no corresponding quantity in our theory. 
The latter effect 
conclusion of the present theory, though it 


will not essentially change the 
may 


yield some changes in the numerical results. It 


500 
| 
Cu—Ag 0-0 0-33 0-2 0-5 1-0 1-3 
Cu—Au 0-4 0°33 5:7 5 1-7* 1-6 
Cu—Al 0-2 0-31 1-3 | 5-0 
Cu Bi 1-09 1-6 2 
Cu—Sb 0-2 0-68 0-6 iT) 0-9 
Cu—Sn 0-2 0-61 1-4 0 1-1 4:7 
Cu—Pb 0-1 0-94 1-8 1-9 7-2 
Cu—Zn 0-2 0-20 0-4 l 1-24 2-4 
R D 
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2. Factors of excess entropy in liquid metallic 


solutions 


Difference of 
electro- 
negativities 


X u X Au 


Difference of 
atomic 
diameter 
(Ry Rou) 


Observed excess 
entropy at 
equi-fraction 
(S,,° cal/deg) 


System 


Au—Bi 0-5 -76 
Au—TI 0-2 ‘54 
Au—Pb 0-3 ‘61 
Au—Cu 0-4 -33 
Au—Ag 0-4 -00 


1-11* 
0-53* 
0-75* 
0-45+ 


0-29F 


a 


aken from reference 14. 
Taken from the work of Oriani.'!?) 


should be noted that the work of Lumsden cannot 
be used in terms of pure liquid metals, but in those 
of the empirically determined parameters which are 
the 
liquid metals. Thus, Lumsden’s work has not been 


deduced from experiments with mixture of 
noted in Table 1. 

Excess entropy, which is calculable from equation 
(21), qualitatively predicts the positive 
entropies of Au-Bi, Au-TI, and Au-Pb liquid alloys,“ 


etc., and the negative excess entropies of Au-Cu 


excess 


and Au-Ag alloys,“” ete. That is to say, as shown in 
Table 2, 


between atomic radii, while the latter group shows 


the former group has large disparities 


large differences of electronegativities. However, 
the quantitative agreement is not very good. 

In the present paper the writers have calculated 
the thermodynamic functions at a fixed temperature 
and volume. Consequently, the excess volume which 
the heat 


been neglected. It is interesting to 


has 
the 
result of the generalized potential for the excess 
that of the 6-12 potential.” This 


effect will be discussed elsewhere. Since the experi- 


contributes to eXcess and entropy 


compare 


volume with 


ments on the excess volumes of liquid alloys have 


yielded only unreliable values at present, more 


accurate measurements are required in order to 


test the validity of the theory. 
Oriani," in his recent work gives 


H,,? = Ngle*|(—0 (32) 


4-50 p*)x 


by using the approximation in Prigogine and Belle- 
If it 


man’s theory. is assumed that w” and o are 
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nearly constant for all pairs in (17) of the present 


work, one has 


the substitution of or* 6, which 
sponds to 6-12 potential, gives (32), excepting a 
1-435. 


of the attractions of atoms 


In (33) 


corrTre- 
factor This factor is due to the contribution 
which are not nearest 
neighbours. Then, from the viewpoint of the nearest- 
with (33). Oriani 


neighbour theory, (32) 


finds that 


agrees 
(32) is not adequate for Cuy.-Auy.. liquid 
the 
by the change of or* in (33 

QQ-7 0-O124. 


alloy. However, agreement can improved 


); namely, using Nzje*|/2 


keal/mol, p= and 0-O176 


one has 
1-7 keal/mol 


0-5 keal/mol 


(fe 
(for or* 


The latter equation is much nearer to the observed 


value (—I1-7 kcal/mol) than the former equation. 


This fact may show that 6-12 potential is not adequate 


for liquid metals, but or* 2 is reasonable. Of 


course, a more appropriate value of or* may improve 


the agreement. 
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POSSIBLE ROLE OF INCLUSIONS IN THE FORMATION OF CRYSTAL 
REORIENTATION NUCLEI* 


D. TURNBULLTt 


conditions for the stability of reorientation domains (i.e. small crystallites x having orientations 


nt trom the 


lindrical cavities of inclusions f are stable, even in well annealed ~’, 


1g xf interface in «’ is negative. 
‘onditions ar 
vstallization or cellular precipitation. 


chanism. 


SUR L°’ACTION POSSIBLE 
DES GERMES DE 


DES 


crystal x’ in which they are embedded) are defined. 


INCLUSIONS 
REORIENTATION CRISTALLINE 


Reorientation domains contained 
provided the net work of 


e specified whereby inclusions or « crystallites retained in them can generate nuclei 
It is not proved that nuclei in the actual processes form 


DANS LA FORMATION 


définit les conditions de stabilité des domaines réorientés, c’est-a-dire des petits cristallites 


entation différe de celle du cristal «’ qui les contient. 


Les domaines de réorientation situés 


és cylindriques d‘inclusions f/f sont stables, méme dans «’ parfaitement recuit, si l’énergie 


1 de linterface « 
ndique 


stituer des germes de 


> dans «’ est négative. 


recristallisation ou de 


dans quelles conditions les inclusions ou les cristallites « qu’elles contiennent, 


précipitation cellulaire. On n’a cependant 


que les germes de ces deux processus soient formés par le mécanisme décrit. 


DIE MOGLICHE BEDEUTUNG VON 


UMORDNUNGSKEIMEN IN 


Bedingungen fiir di 


Orientierung von dem sie umgebenden « 


zvlindrischen Hohlraumen von 
isgesetzt, dass die 


lingungen werden angegeben, unter 


ben sind, Keime fiir die 
bewiesen, dass die 


Es t allerdings nicht 


Mechanismus verlauft 


EINSCHLUSSEN 


}-Einschliissen liegen, 


bei der Bildung der «$-Grenzflache in ¢’ 
denen 


Keimbildung in den 


BEI DER VON 


KRISTALLEN 


BILDUNG 


Stabilitat von Umordnungs-Bezirken (d.h. kleinen «-Kristalliten, die eine 


Kristall haben) werden definiert. Umordnungs- 
sind stabil selbst in gut erholtem 


zu leistende Arbeit negativ 


Einschliisse oder x-Kristallite, die in ihnen 


Rekristallisation oder zellenhafte Ausscheidung bilden kénnen. 


wirklichen Vorgangen nach diesem 


1. INTRODUCTION 
In the recrystallization of cold-worked crystals the 


new x) grains sometimes have crystallographic 


orientations very different from those of the strained 


grains («% ) in which they form. In this case the 


energy o,,, of the boundary between the new and 


cold-worked crystal will be very large and there is a 


l 


negligible probabilitv™ that the new grain nucleated 


homogeneously at normal values of the average 


strain-energy 


Therefore it is supposed that the 


new grains grow and take their orientation from 


minute « ry stals reorientation domains’’) in the cold- 


worked matrix which have either largely escaped 
from it. 


plastic deformation or recovered 


In cellular or discontinuous precipitation the cells of 


depleted solution which contain the lamellar precipi- 


tate often have an orientation very different from that 
of the supersaturated solution which they consume. 


In polycrystalline materials, cells usually nucleate at 


feceived January 
+ General Electric 
New York. 
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grain boundaries: 4: >) and take the orientation of the 


grain on the side of the boundary opposite to that into 


which they grow. Occasionally, however, cells 


nucleate within grains;‘*»*) presumably from reorien- 
tation domains. 
There 


origin of reorientation domains, but no generally 


has been much speculation” about the 


satisfactory theory has been developed. 

The object of this paper is to define the conditions (1) 
for the stability of reorientation domains and (2) 
whereby crystalline inclusions, or crystallites of the 
external phase embedded in them, can serve as 
reorientation domains. No proof will be given that 
actual reorientation domains generally stem from 
inclusions. 

2. THEORY 

The results will be derived from Gibbs’ theory of 

surfaces. The applicability of this theory to solid- 


solid interfaces has been discussed elsewhere. ® 


It will 


boundary between two crystals is dependent upon the 


be assumed that the surface tension of the 


crystal but not the boundary orientation. 


502 


differ¢ 
in 
by this 
L’auteu 
peuvent 
Die 
x’-Material. vor 
ist 
Die ber 
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Let « denote a reorientation domain and x’ the 


matrix; then the chemical potential mw, of matter 
within a reorientation domain bounded by a spherical 


aa interface is: 
(1) 


where I/r the curvature of the interface, y, u 


x 


at r= ®, o,, is the free energy of the xx’ interface, 


well-annealed single crystal, its chemical potential 


and V = the gram atomic volume of the «. is a 


u 


x 


would 


and naturally the reorientation domain 
If the «’ is cold- 
worked or if it contains internal boundaries, we may 


shrink out of existence. 


suppose that the chemical potential of its material is 
increased by some amount ¢ per gram-atom to 


(2) 


-» W ill be in a state of unstable 
When r 


it naturally 


corresponding to 
equilibrium with the matrix. the « 
domain naturally shrinks, but if r > r, 
LTOWS. 

Equation (3) is valid only if the shrinking of the 
domain boundary regenerates «’ in its original state. 
Usually, recrystallization occurs under conditions such 
that the state of the cold-worked metal probably is 
describable as a dislocation array (i.e. the concen- 
tration of point defects is expected to be near the 
equilibrium value). The ends of line dislocations in an 
incoherent boundary should be carried along in the 
boundary during either its forward or reverse motion 
In this case, therefore, cold-worked material should be 
In fact, 


have observed that small-angle 


recreated by the shrinking of the « domain. 
Dunn and Daniels‘® 
grain boundaries, which presumably consist of dis- 
location arrays, are propagated by the motion of an 
incoherent boundary upon which they terminate. 

It is difficult to decide on the appropriate value for 
e; probably it is near the excess energy AU due to 
dislocations. In the calculations to follow it is assumed 
that e = AU and that AU corresponds to the energy 
stored in cold working. 


of the high-angle 


For copper the free energy ¢,, 
grain boundaries” is of the order of 500 ergs/cm*, and 
a typical value of the energy stored in cold working is 5 


cal/g atom. In this case r,~ 3500 A and, as already 


pointed out by Burke and the w riter,“) homogeneous 


nucleation of the « domain is a virtual impossibility. 


CRYSTAL 


REORIENTATION NUCLEI 


2 1. Inclusions as reorientation domains 


Suppose that an « domain forms as a spherical cap, 


making a contact angle 9’ on the surface of an 


inclusion / embedded in the cold-worked « matrix 


For «fx junction equilibrium the contact angle 6’ 


takes the value: 
arcos| 


where W. (0,2 and are the 


x 


specific free energies of the x, ) interfaces, 


respectively. 


Consider an « skin of negligible thickness coating a / 


inclusion of radius r,. The skin thickness naturally 


decreases when r r, but increases at the expense of 


if 7 A spherical cap of « on an inclusion will 


1] 


grow, providing the cap radius 7’ exceeds a value 


V sin 


The probability that an « cap will nucleate is appreci- 


able if 4 is very small (i.e W.~a,,,) and the tem- 


perature is sufficiently high for sensible «x boundary 


diffusion. According to the dislocation theory of inter- 


least, at the 


(12 


phase boundaries, 3) g_, should be 
same cohesive energy, when there Is pertect continuity 


Hence, re- 


form o in 


in crystal structure across the «/ interface 


orientation domains are most likely to 


clusions most similar to them in arrangement and 


spacing. 


elained in wnclusion 


Re Ore ntation domain 


microcavilies 


It is a consequence of Gibbs theory 


under certain conditions, sma qaomaims ol 


which is metastable in bulk should bi 


microcavities of inclusions conditions 


defined for the stability of « reorientation d 
contained in such microcavities 


If « 0 


cally 


reorientation domains wit 
shaped cavities natural] 
existence when 


interface configuration sho. 
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This result is independent of the cavity radius. When 
e > 0 and VW, - 
at the expense of «’ if the cavity and inclusion radii 


0, the x domain naturally will grow 


exceed the critical values given by equations (2) and 
(3), respectively. 
3. DISCUSSION 

Some possible applications of the results derived in 
the preceding sections will be considered now. 
3.1. Reerystallization nuclei from inclusions 

Burke and the writer” already have pointed out 
that crystallites of the external phase «’ retained in 
microcavities of inclusions, which are hard enough 
to largely escape deformation, might serve as recrystal- 


lization nuclei. However, we considered only the case 


in which the included crystal has the orientation of 


x prior to deformation. Then there would be little 
orientation difference between included crystals and 
but 


differences might result from heavy deformation. 


x after small deformation, large orientation 

[It is here proposed that recrystallization nuclei may 
stem from included crystallites « having an orien- 
tation different from the external x’ prior to defor- 
mation. The conditions for the stability of these 
crystallites in an annealed matrix and for their growth 
into a cold-worked matrix are defined in the preceding 
section (2.2). 

Suppose, for example, that, in the case of copper, 
é 5 cal/g atom, 6 = 30°, and a,, 500 ergs/cm?. 
Then crystallites included in cylindrical mirocavities 
or radius greater than 1750 A would become recrystal- 
lization nuclei, provided the inclusion radius exceeds 
3500 A. 


times larger and the corresponding critical radii of the 


For very heavy deformation, ¢ might be five 
included crystallites five times smaller. 

The probability that a reorientation domain will 
nucleate by a thermal fluctuation at the surface of an 
inclusion can be calculated from the nucleation theory 
for condensed systems," 
Turnbull.” 


nucleation probability is appreciable if sin @ - 


as applied by Burke and 
This calculation shows that the thermal 
0.01 
and the temperature is high enough for sensible grain- 
boundary diffusion. 

Thus, 


inclusions having the specifications defined above. 


recrystallization nuclei can stem from 


Whether or not such inclusions are generally present in 


cold-worked specimens is not known. It is well 


established that ordinary materials contains a sub- 


stantial number and variety of foreign particles, 


inadvertently introduced in processing, and that 


crystallization nuclei in fluids usually form on such 


particles.7® It is probable that quite a number of 


foreign substances meet the condition W,< 0 for 
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How- 


ever, it seems that very few foreign substances will 


retaining « crystallites in their microcavities. 


satisfy the requirement, sin # <= 0.01, for thermal 
nucleation of « on their surface; as noted in section 
2.1, this requirement probably is fulfilled only when 
the structure of / is such that there can be nearly per- 
fect structural continuity across the «/ interface. 
Microcavities in crystals can form in a variety of ways; 
for example, by the partial dissolution of the crystal 
by a screw dislocation mechanism. 

Consider now the orientation relations between the 
cold-worked crystal and recrystallized grains nucleated 
by « crystallites embedded in inclusion cavities. Let 
n(R,g~) dR dg be the number of crystallites/volume 
having an a’ orientation relation in the range @ to 
gy + dy retained in cavities whose radii fall between 
Rand R 


example, in some cases it might be the misorientation 


dR. gis a misorientation parameter; for 


angle between « and «’ around a crystallographic 
axis common to both. If o,,,(g) is the corresponding 
interfacial tension and it is assumed that the radius of 
R/sin 6, it 
follows that the number \(g) dg of recrystallization 


the inclusion is always greater than 


nuclei in the orientation range around @ is: 
“R= 
N(q) dq n(R,p)dR dq (6) 

where r’, = sin 6/e. 

When the distribution of inclusions with respect to 
orientation is uniform, N(g) dg should be greater the 
less is o,,(y) (ie. the less is the critical size r’,). 
6 ,(P) is least when the « and x’ orientations are nearly 
identical or are in a relation corresponding to a cusp 
(minimum) in the o,,, the 


fraction of the recrystallized specimen in orientations 


function. However, 
near « may be very small, despite the high propor- 


tion of near «’ nuclei, because the grain-boundary 
mobility probably is less the smaller is q. 

If the impedance of inclusions is neglected, the 
driving free energy AG for movement of the ax’ boun- 


dary is, from equations (1) and (2): 
(7) 


and the corresponding velocity u of the boundary is:”” 


u = AGf (3) 


where 


exp (—AG'(q)/RT), (9) 


hy 


the distance across the boundary, 

the jump frequency of atoms in 
the boundary, 

the free energy to activate the atoms 


for crossing the boundary. 


AG'(g) 


D. TURNBULL: FORMATION OF 
As the radius of curvature, r, of the « crystallite in- 
creases, the driving free energy and rate of boundary 
migration increase to the limiting values AG = e and 
u = ef. The period, 7, during which this occurs was 
calculated formally by Burke and the writer(p. 261), 
and may correspond to the nucleation period. In this 
interpretation, 1/7 is directly proportional”? to f and 
the activation energy for nucleation is the same as for 
growth. 
Thus 
which recrystallization nuclei may be generated by 
that a 
significant number of actual reorientation domains for 


some conditions have been defined under 


inclusions. However, it is not established 
recrystallization from by this mechanism. The actual 
importance of the mechanism might be tested by 
observing (1) whether or not recrystallized grains 


stem from inclusions of the specified characteristics 


and (2) if the spacing of recrystallized grains, of 


different from that of the cold- 


worked parent, is equal to or greater than the spacing 


orientations very 


of inclusions of supercritical (r > r,) size. 


3.2. Cell nuclei from inclusions 

Smith has suggested that the free energy driving 
the reorientation of the solid solution during cellulat 
precipitation is equivalent to an assumed decrease 
in the specific energy of the lamellae-solution inter- 
Thus the net 


molar free energy increase due to reorientation it 


faces accompanying reorientation. 


the growth of a cell (Fig. 2) of radius r would be: 


AG = 2] 


(10) 


| 
r | 


where / = the spacing of the lamellae of precipitate 
y within a cell. 

ing interfaces where « denotes the solid solution in the 


the free energy of the correspond- 
cell, y the precipitate, and « the supersaturated 
solution into which the cell grows. Then the condi- 


tion that a cell grows naturally is: 


and 


Cell consisting of lamellar precipitate # in 


depleted solid solution «. 


CRYSTAL 


REORIENTATION NUCLEI 


An « crystallite retained in the microcavity of 


inclusion, /, will become a cell nucleus, provided 


its radius exceeds r, sin 9, (2) it contains a y nucleus, 
(3) the inclusion radius exceeds r, 

Assuming again that the inclusion radius always 
R/sin 6, it that the cell 


nuclei in the orientation range around p is 


exceeds follows number of 


N(q) dq n dq 12) 
where p is the fraction of inclusions which contain 


nuclei. Just as in the case of recrystallization, for a 


uniform with 


Nig ) dq should be 


distribution of inclusions respect to 


orientation, greatest when the « 
and «’ orientations are nearly identical or in an energy 
cusp relation. However, the cell growth-rate probably 
increases with m (excepting near energy cusp orien- 
tations) so that the greatest part of a transformed 
specimen may sometimes be in orientations character- 
ized by large m values 

Experience shows") that the interlamellar spacing 
decreases with increasing supersaturation of the « 
and 12), the 


orientation variety of cell nuclei should increase with 


Therefore (equations 1] number and 


supersaturation. In agreement with this, Tiedema and 
Burgers'® found that the orientations of cells (consist 
ing of tin lamellae interspersed in depleted 
formed in single crystals « of lead-tin were neat 

of « at low and nearly random at hig! 


trations. At intermediate tin concentration 


lation, ¢ 


observed a sharp orientation r 


to a 30° misorientation around 100] pole 


close to one of the cusp re¢ lations (28° rotation 

[100]) predicted by Read and Shockley.“ 
DeSorbo and the writer°) found very little 

precipitation in a collection of single-crysta 


sphe res of about 30 to 40 micron diamete1 
concentration was even higher than in Tie: 


Burgers This 


minimum spacing of potential cell nuclei in 


crystals result indicates 
single crystals is at least as large as that expected 


inclusions 
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PLASTIC DEFORMATION OF SINGLE CRYSTALS OF SAPPHIRE: 
BASAL SLIP AND TWINNING* 


M. L. KRONBERG? 


Structural background has been presented in the form of a odel based on 
ions in hexagonal closest packing, with aluminum ions in octahedral intersticé 
have then been used for interpreting the significance of the crystallographii 
{0001}, and comparisons have been made with the structurally related hexagonal metal 
vector of a total dislocation has been discussed in terms of the structure of the crystal. 
been given for questioning whether slip occurs by a total dislocation mechanism. Alternat 
dislocation models have been deduced; the simplest one is based on quarter partials 
vectors identical to those for half partials in the hexagonal metals. In order to mo 
partials in question require co-operative displacements of the tw f ions 
pinning occurs if either kind of ion is unable to move 

In addition, it has been shown that the experimentally observed crystallographic elements of 
tion twinning can be fully understood only if one assumes that the twinning shears correspond to the 


chronized displacements of a quarter partial. Moreover, the classically predicted structure of the 


twinning interface cannot be achieved by any shear mechanism which also satisfies the experimental] 
observed shear. On the other hand, the synchronized shear model leads to a classically unpredicted 


but nevertheless entirely satisfactory kind of twinning interface, which contain rlide plane rather 


lane of 


than a true mirror. Consequently, the twinned crystal possesses only a macroscopi irror 
symmetry. 
The concept ot partial slips involving synchronized shears of both kinds of ions sh 


understanding plastic flow in ionic crystals in general. 


DEFORMATION PLASTIQUE DE MONOCRISTAUX DE SAPHIR 
GLISSEMENT BASAL ET MACLAGE 


La structure est représentée sous la forme d’un modéle basé sur une o 
d’ions oxyde, avec des ions aluminium dans les interstices octahédriques 

La théorie des dislocations a été alors utilisée pour interpréter la signification 
graphiques du glissement: (1120), {0001}, et des comparaisons ont « effectuées 
gonaux présentant une structure analogue 

Le vecteur de Burgers d’une dislocation entiére e s en relation 
l’on discute le point de savoir si le glissement se fait par un mécanism« disloca 


modéles variés de dislocations multiples ont été déduits: le plus simple est bas 


tio 


partielles dont les vecteurs de Burgers sont identiques a ceux des demi-dislox 


les métaux hexagonaux. 

Pour se mouvoir, les dislocations partielles en question nécessitent des déplace 
deux sortes d’ions. En conséquence, un bloquage apparait si une des deux 
mouvolir. 

De plus, il a été démontré que les éléments cristallographiques 
expérimentalement, peuvent étre complétement élucidés dans | 
de macles correspondent aux déplacements synchronisés des disk 

En outre, la structure classique prévue, de linterface du 
mécanisme de cisaillement en accord avec celul observe « X pe 
de cisaillement synchronisé conduit a une sorte d interface 
cependant totalement satisfaisante. 

La conception de glissements partiels entrainant des 


d’ions pourrait étre utile pour la compréhension de la déformat 


PLASTISCHE VERFORMUNG VON SAPHIR-EINKRISTALLEN 
BASISGLEITUNG UND ZWILLINGSBILDUNG 


Als Ausgangspunkt der Untersuchungen werden die strukt 


erortert, wonach die Sauerstoffionen ein Grundgitter 1 
dessen Oktaederliicken die Aluminiumionen eingebaut sit 
Gesichtspunkte zur Interpretation der kristallographischer 
und Vergleiche mit den strukturell verwandten hexagona 
struktur wird die Frage des Burgers-Vektors vollstandige: 
Argumenten angegeben, die es fraglich erscheinen lassen, 
Versetzungen erfolgt. Als Alternative werden Modelle, 
beschrieben. Das einfachste dieser Modelle beruht 


* Received December 26, 1956. 
+ General Electric Research Laboratory, Schenectady, New York 
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Zur Bewegung dieser 
Daher tritt 


identisch ist mit demjenigen der Halbversetzungen in hexagonalen Metallen. 
Viertelversetzungen sind gekoppelte Verriickungen beider Ionenarten erforderlich. eine 
Selbstverankerung auf, wenn eine Ionenart unbeweglich ist. 

Fernerhin wird gezeigt, dass die bei der mechanischen Zwillingsbildung experimentell beobachteten 
kristallographischen Zwillingselemente nur dann vollstandig zu verstehen sind, wenn man annimmt, 
dass die auftretende Scherung den synchronisierten Verriickungen bei der Bewegung einer Viertel- 
versetzung entspricht. Die mit klassischen Vorstellungen vorausgesagte Struktur der Zwillingsgrenze 
kann mit keinem Schermechnismus zustande gebracht werden, der mit der experimentell beobachteten 
Gitterscherung vertraglich ist. Das Modell einer synchronisierten Scherung fiihrt auf eine klassisch 
nicht vorhergesagte, aber trotzdem vollkommen zufriedenstellende Zwillingsgrenze. 

Der Vorschlag von Teilversetzungen mit synchronisierter Scherung beider Ionenarten sollte auch 
fiir das Verstandnis der plastischen Verformung von Lonenkristallen im allgemeinen von Nutzen sein. 


1, INTRODUCTION figure then illustrates the normal distribution of 


Recent studies have shown that sapphire (AI,O,) 


and zine single crystals can undergo plastic basal 
bending and subsequent polygonization by closely 
related dislocation mechanisms.";*) In this report we 
shall present the results of an investigation of the slip 
process in sapphire from the point of view of the 
crystallography and structure of the crystal as well as 
the character of the dislocations determined by the 
structure. Comparisons will be made with the struc- 
hexagonal metals. In addition, the 


turally related 


results will be used for a structural interpretation of 


the determined 


elements of plastic basal twinning.) 


experimentally crystallographic 

In essence, the underlying reason for the similarity 
between the mechanisms of slip and polygonization in 
the two types of crystals is simply that each is based on 
a hexagonal closest packing of atoms. It has long 
been known that crystals of sapphire have oxide ions 
very nearly in hexagonal closest packing with alumi- 
num ions tucked into the octahedral interstices of the 
oxygen framework.":°) On the other hand, a com- 
plete and explicit description of the packing features 
is not available in the literature. Thus, we shall first 
describe the detailed structure from a packing point 


of view. 


2. STRUCTURAL BACKGROUND 


It is helpful to consider an idealized model based on 
a perfect packing of spheres, and then to point out 
the small deviations existing in the real structure.* 

The number of octahedral interstices in a hexagonal 
closest packed structure or framework is equal to the 
the 
Fig. l(a) shows that the interstices lie on planes mid- 


number of spheres which define framework. 


way between contiguous closest packed planes of the 
framework, and that the positions within such a plane 


define a simple hexagonal mesh. Part (b) of the 


* The reader is referred to Appendix A for the conventional 
formal specifications of the crystal structure. The model to 
be described in this report has been developed with the use of 
these specifications. 


aluminum ions on the mesh, and furthermore shows 
that the arrangement of filled and empty interstices is 
an ordered one. 

We shall now 
the 


hexagonal lattice. 


show that in three dimensions the 


positions of interstices determine a_ simple 
The third layer of a hexagonal 
closest packed framework lies directly above the first 
the aid of Fig. la). Accordingly, 


between the second and 


(visualize with 
the 


third layers must be directly above those between the 


octahedral interstices 
first and second layers. By the same token, all of the 
hexagonal meshes of interstices must be directly above 
or below one another. Or in other words, the inter- 
stices must lie on the points of a simple hexagonal 
lattice. 

Fig. 2 then shows the normal distribution of cations 


on this simple lattice. Two-thirds of the octahedral 


interstices are seen to be occupied, and one-third 


remain vacant.t 


Fic. l(a). A view normal to two layers of a closest packed 
structure, showing the positions and relative sizes of the 
octahedral interstices. 


+ In this report a vacant or unoccupied octahedral interstice 
in the stoichiometric structure will be called a hole. 
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Fic. l(b). Arrangement of 
aluminum and 
between two layers of oxide 
ions. Large open circles repre- 
sent underlying oxide ions, 
small open circles represent 
holes, and small filled circles 


ions holes 


represent aluminum ions. The 
upper layer of oxide ions is 
not shown. Basal hexagonal 
cell and directions 
are shown. 


vectors 


[io10} 
[2110] 


[T100] 


fi2To] 
Fic. 2. Distribution of aluminum ions and holes on the 


simple hexagonal lattice. The rhombohedral cell 
which correctly describes the positions of the cations Is shown 


smallest 


along with the corresponding hexagonal cell vectors. 


2 


DEFORMATION OF SAPPHIRE 


[7100] 


In a formal sense, a hole is a region of localized 


by outel 
Thus the 


within 


negative charge, for it is bounded solely 


electrons of the surrounding oxide ions 


aluminum ions and holes are arranged the 


framework so as to give a maximum separation of like 
charges and a minimum separation of unlike charges 


consistent ot course with the bonding 


necessary 
between oxygen and aluminum and the maintenance 
of gross electrical neutrality 

For present purposes it is quite useful to deseri 
the structure in terms 


the lattice ot 


positions of the holes.* Figs. 1(b) 


gTOSS 
and 2 show t 
hexagonal lattice vectors in the base plans 

the C 


hexagonal cell which correctly describes the 


latter shows in addition axis of the 


of the cations alone.* 


It is pertinent to note Fig. 1(b)] that the ordered 


positions of the holes define a hexagonal mesh hicl 


¢ one determined by 


is a multiple of the correspondi: 


the oxide ions. In addition, the two meshes diffe 


in orientation by a rotation of 30° about the mesh 


*In Pauling’s 
ordinates was not 


determin 


Rather, 1 


original 
a hole 
hexagonal axis of our simple hexagonal 
a pair of alummum 


+t The 
crystallographic description 


reader is referred to the 
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closest 


LOLO). 


directions of 
the 
the 

1120). 


metallic 


normals. Consequently, the 


packing of oxide ions have indices 


hexagonal metal closest packed 


the 


whereas in a 
form Similarly, 


the 


directions are of 


the 1010) directions of structure 


become (1120) in the sapphire structure. 

Although the mesh arrangement of aluminum ions 
and holes between every pair of oxide layers is 
identical, the individual meshes are translated with 
respect to each other along lines which are parallel 
to the closest packed directions of the framework. 
The magnitude of the translation, in going from layer 
one contact 


to laver, is always 


Note that the translation can be described 


oxygen-oxygen 
distance. 
in terms of any one of the three equivalent directions 
L010}, [OL1O], and [1100], but not in the reverse ones. 
This condition holds only if the bottom layer is held 
stationary, and upper layers are then translated. 
Such a convention will be used throughout the paper. 

Thus, 


designated by the letter . 


if the position in any arbitrary layer be 
{ [see Figs. 1(b) and 2] then 
the hole is shifted to site B in the layer above, thence 
to site C in the third layer and back to site A in the 
fourth layer. In fact, it is convenient to describe the 
entire structure with this formalized kind of short- 
hand notation. 

Let us represent the positions of the oxygen layers 


by the numbers | and 3, and the octahedral inter- 


stitial positions by the number 2. Accordingly, the 
positions of the holes will be given by the symbols 
2A, 2B, and 2¢ 


the gross structure is given in Fig. 3. One sees that the 


The appropriate sequence describing 


structural hexagonal C, repeat distance is determined 


0 
by six layers of oxygens with six intervening sheets 
of aluminums and holes. (See Appendix C.) 

The deviations giving rise to the real structure are 
apparently related to electrostatic interactions between 
the charges in the structure. Fora pertect packing of 


spheres the packing ratio would be 1.63; whereas in 


Ki 3 Projection view along 
1210 Open circles represent oxide 
ions and filled 
octahedral sites. C, for the structural 


\ shorthand notation 


ones designate 


cell is shown. 
Is given for the packing. 
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the real structure this ratio is 1.58. Evidently, the 
attractive forces between the aluminum and oxygen 
ions are sufficiently strong to pull the oxygen layers 
closer together than would be the case for perfect 
packing, despite the fact that the like charged oxide 
ions are in contact. 

Expressed in terms of the structural rhombohedral 
unit cell (see the Appendices), the rhombohedral angle 
would be 53°47’ for perfect packing; whereas the 
observed angle is 55°17’. 

In the 
nearest aluminum ions lying on lines parallel to 


idealized structure the distance between 
C,(Fig.2) is approximately 18 percent shorter than the 


the 


corresponding distance normal to C,. In real 
structure, the two distances become nearly equal by 
having the former pairs of ions move apart along Cy 
toward neighboring holes. As a consequence, the 
aluminum ions lying in basal planes in the ideal 
structure become non-coplanar in the real structure, 
although the oxide sheets remain flat. 

The idealized model will be assumed for this report, 
but attention will be called to the real structure on 


occasions when it is believed that the deviations have 


particular significance for the specific matter at hand. 


3. PLASTIC DEFORMATION 
3.1. The Slip Process 
3.4.2. 


Single crystals have been observed to slip on basal 


( ‘rystallographic and structural elements 


planes—{O001'. The observation was first made on 
cylindrical samples having these planes at angles of 
30° to 75° to the cylinder axis.'®) The rods could be 
1400°C, 


vided the axis of bending was normal to the hexagonal 


bent at temperatures as low as 1300 pro- 
axis. 

Wachtman subsequently found that similar samples 
would creep by basal slip under static tensile loading, 
at temperatures as low as approximately 900°C at 
resolved shear stresses of the order of 10.000 Ib per 
sq. in. Tests at 1000°C on samples having the basal 
planes parallel to the rod axis showed that creep 
could not be induced for this special orientation.* 

From studies of orientation changes in his tensile 
creep Wachtman determined the slip 
direction at 1300°C to be (1120). 

Both the slip plane and direction have been con- 


specimens, 


firmed by the author for dynamical tensile loading in 


the temperature range of 1300°—2000°C.+ 


the time of this writing, Wachtman has informed the 
higher tem- 


* At 
author that 
but that a successful analysis of the crystallo- 


deformation has been observed at 
peratures, 
graphic features had not been accomplished. 

+ The experiments will be deseribed in a separate paper on 
dynamical flow properties. 
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Thus, for the orientations studied, the observed 
L120). 


are identical with those for a hexagonal crystal like 


crystallographic elements slip, 
zine. 
each type of crystal can be considered to involve an 
effective net translation of contiguous closest packed 
basal sheets. For the metallic crystal the plane in 
question simply shears over an underlying one. On the 
other hand, for the oxide crystal the shearing plane 
moves over the intervening interstitial ions as well. 
Although the slip directions are identical in a 
crystallographic sense, i.e. net flow is parallel to the 
vector which correctly describes the smallest structural 
repeat translation, it is important to note that they are 
For 
closest 
1120 


to a row of closest packed oxygens. 


quite different in a structural zine a 
1120 
row of atoms, but in sapphire a 


at 30 


sense. 


direction is parallel to a packed 
direction is 
Formal 


comparisons of the slip directions are made in Fig. 4. 


It is significant to recall that all previous studies of 


slip directions in crystals containing directions of 


closest packing have shown that flow is always in the 
direction of closest packing, regardless of whether the 
crystal be metallic or nonmetallic. Some examples 
are the various metals, the alkali halides, the silver 
halides, and magnesium oxide.‘’.®) The same is true 
of the triclinic crystal kyanite, Al,O.° si0,.0 

Thus, in a structural sense alone, the observed slip 
direction in sapphire is decidely anomalous. On the 
other hand, when interpreted from the point of view 


of dislocation theory, the anomaly disappears readily. 


Fig. 4. Formal comparison of 


<11 20> 
Ko 


zine 


circles atoms in an underlying 


(a) Filled 


basal plane and open circles represent the atoms in the plane 


represent 
above. The vector describes the smallest displacement that 
each atom in a given plane must undergo in order to restore 
the normal structure. It is equal to A 


0° 


In a strictly formal sense, the slip process for 


1120 
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In fact, as we shall see, dislocation theory implicit] 


predicts the experimentally observed direction 


3.1.2. 


Total dislocations 


Dislocations 
According T » dislocation theory 
the self-energy of a dislocation is proportional! to the 
12) Thus for 


the direction ol 


square of its Burgers vector, 


given plane, slip should be in the 
Burgers vector of that total dislocation which has the 
shortest possible Burgers vector. Since the Burgers 
vector of a total dislocation must correspond to a 
structural repeat translation, one can conclude that 
slip on the base plane of a hexagonal closest packed 
crystal should always be along A», as is observed for 
both zine and sapphire. 

the total 
along 1120 
respectively For (1120 
LOLO), B Thus 
B* criterion for self-energy, a 


1120 
fol 


shows Burgers vectors of the 
for 
and directions, 


B= 4, for 
the basis of the 


Fig. 5 
dislocations flow 


LOLO 


hypothetical 


and 


0 


total 


dislocation fol flow along should hye 


favored by a facto ol 3 over one flow along i 


direction of close packing. 
For the case of each of the othe cryst ils referred to 


earlier as ones which flow along directions of clos 


packing, the shortest structural repeat distance for 


the particular planes involved is in every case parall 


toa close-packed direction Thu we see th ul il] the 


* The slip direction was correctly predicted prio1 
mental determination by J. C. Fisher, E. W. Har 


author during joint discussions of the nature of the 


slip directions In zinc and sapphire 


<i010> 


(b) Large filled circles represent 
basal plane and large open circk 
lled 
holes, respectively, 


Phe 


plane above. Small f and ope 


ions and 
oxide sheets 


of the figure 


between the 


as for part (a 
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<|0i0> 
. @ 
\ O O / 
0 O 
O O 


ACTA METALLURGICA, 


<||20> 


LVN 


e \ + 
e |/e 


Comparison of the Burgers vectors for total dis- 
1120 1010) directions. 


Fic. 5. 


locations for slip in and 


close-packed crystals studied thus far have slip 
directions in accord with the B? criterion. 

Extended dislocations. A total dislocation lying in a 
close-packed plane can lower its energy by dissociating 
into an extended dislocation composed of partials 
(with Burgers vectors shorter than that of the parent 
faulted 


Dissociation will occur only if the 


total dislocation) separated by ribbons of 


structure. 
energy gained by going to the shorter Burgers vectors 
is not overbalanced by the increase in energy of the 
faulted strip in comparison with the normal structure 
and/or an excessive increase in the strain energies 
of the partial dislocations. 

In considering the subject of dislocation dissociation 
in sapphire, we shall adopt the useful procedure of 
considering the dislocations first in terms of the oxide 
framework alone. Then, at a later stage, attention will 
be devoted to the interstitial cations. 
total 
sapphire can dissociate is a particularly interesting 


The question of whether a dislocation in 


and important one. There are several reasons for 


asking the question. In the first place, the Burgers 


greater 


vector of the total dislocation is considerably 
than those of 
readily suggested simply by the nature of the structure. 


several kinds of partials that are 
In the second place, it is known that dissociation does 
in fact occur in the structurally related close-packed 
metals. Moreover, examination of the path defined by 
the total slip (or Burgers) vector shows that the total 
dislocation in motion must cause the moving oxygens 
of any given layer to climb directly over those below 
and thus disrupt the close-packed character of the 
l and 4). 


should be unfavorable because of the like charges on 


structure (see Figs. Likewise, such climbing 


the oxide ions. 
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We shall consider first the partials alone, and then at 
a later stage the faulted structures associated with 
the corresponding extended dislocations. 


Dissociation 


3.1.3. 


Half and quarter partials. The nature of the 
structure suggests two kinds of hypothetical dis- 
sociation. As shown in Fig. 6, a first splitting can 
be accomplished formally by choosing pairs of half 
with B 1/3 


this vector corresponds to a single oxygen-oxygen 


partials A,//3. Since 
distance in a direction of closest packing, we recognize 
that it is identical with the Burgers vector of a total 
dislocation in a close-packed metal. Obviously, 
therefore, the second kind of splitting that is suggested 
is simply additional subdivision of each of these 
partials, as done for a total dislocation in zine, to give 
a resultant of four quarter partials with B e 
1120 1/3A, (Fig. 6). 

Accordingly, we reach the interesting conclusion 
that for both zine and sapphire, the same kinds of 
partials can be used as components for achieving the 
The 


distinguishing feature for the two types of structures 


specific net flow directions for each crystal. 


is simply the number of component partials and the 
manner of combining them. 

From an energy standpoint, each quarter partial 
would have but one-ninth the self-energy of the total 
the 
In addition, there would be the additional decrease in 


dislocation on basis of the B? criterion alone. 
strain energy associated with the elimination of the 
climbing of oxide ion over oxide ion, as required for the 
total dislocation. 

Synchro-shear partials. Fig. 7 shows the positions of 


a group of oxide ions before and after the hypothetical 
<\0io> 


\ 


~*~ / \ \ j \ 


Fic. 6. Illustration of the Burgers vectors of half and quarter 
partials for component displacements along (1010) and 
1120) directions, respectively, of the framework. 
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passage of a quarter partial, and in addition shows 
the corresponding relocation of an octahedral inter- 
stice. Thus, if an aluminum ion is to have its normal 
octahedral co-ordination after partial slip of the oxide 
ions, it must move in a [2110] direction across the 
saddle determined by atoms 2 and 3 in synchronism 
with a [1210] displacement of atom 7 across the saddle 
defined by atoms | and 2. 

The structure of a partial dislocation which 
accomplishes the synchronized displacements is shown 
schematically in Fig. 8. For the sake of simplicity, 
the construction has been made on the assumption 
that the shear stress is accommodated entirely on the 
upper moving plane. This condition is in accordance Fic. 7. Representation of the positions of two layers of 

oxide ions and an intervening octahedral site before and after 
with the formalized displacements shown in Fig. 7. quarter partial slip. Solid arrows represent the { 

In any event, the relative positions of the interstitial displacements of the upper layer, and the dotted arroy 

ions within the framework dislocation would be ‘°° ‘he Telocated position of the octahedral sit 
essentially unchanged by other arbitrary ways of 
accommodating the stress, for example by resolving it 
equally on both planes of the framework. 

The orientation of the dislocation is shown as being 
pure screw, for this orientation best shows the co- 
operative movements of the two kinds of ions. On 
the other hand, for the general case there is no restric- 
tion on the possible orientation in the sense that it can 


e 


range from pure screw to pure edge. Regardless of 
orientation, the co-operative movements of both types 


of ions would be of the kind shown in Fig. 8. 


The continuous change in structure across the line 


SLIPPED 
O 


of the dislocation can be seen readily with the aid of 


DISLOCATION 


the figure. Note that the numbered atoms at the 


bottom of the figure have the “before” positions 
of Fig. 7, and that the numbers at the top designate 


60808 


the “after” positions. Thus, if we imagine that the 
individual interstitial positions along the length of the 


O 


figure represent successive locations of a single 


O 


aluminum ion A with respect to its environment of 
oxygens, we see that the cation always remains in 
direct contact with atoms 2 and 3 as well as 7 and 8. 
Or in other words, the aluminum ion effectively flows 


@) 


€ 


over the underlying saddle of atoms 2 and 3 as 
the upper identical saddle of atoms 7 and 8 flows 
over it. 


The original octahedral configuration gradually 


becomes distorted, and the interstitial ion concomi- 


UNSLIPPED 


tantly loses contact with atoms | and 6 of the original 


octahedron. As it leaves these atoms behind, however, 


O 
= 


it concurrently approaches atoms 4 and 9, as shown at 


the halfway point, and then gradually reforms a new 
octahedron. At the halfway point the original octa- 
Fic. 8. Illustration of the structure of a quarter partial 
hedral interstice is no longer recognizable. Rather, the dislocation, showing both the framework and_ interstitial 
aluminum ion is in fourfold first-neighbor co- positions. The distribution of aluminum ions of the interstitial 
sites is not shown. It is simply the normal one of Fig. 
ordination, at the center of a transition interstice Designated positions correspond to those of Fig. 7 
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NAA 


FAULTED -F2 


FAULTED -F3 


EXTENDED 
DISLOCATION 


PARTIAL 
DISLOCATIONS 


SLIPPED 
MATERIAL 


Fic. 9. 


Schematic representation of an extended dislocation 
composed ot quarter partials separated by strips of faulted 


structure. 


formed by the super-positioning of the two saddle 
points of the atom pairs 2-3 and 7-8. 

It is known experimentally that the Al-O distance 
for octahedral co-ordination is of the order of 1.90 A, 
1.70 A.3) 


Simply on the basis of a hard-sphere model, the 


whereas for tetrahedral it is around 
maximum AI-O distance that could be accommodated 
in the transition void at the middle of the dislocation 
is approximately 1.80 A. Thus, to a first approxima- 
tion at least, the transition void in question is large 
enough to pass an aluminum ion, without requiring 
any dimensional changes in the framework. 

An additional and critically significant structural 
property of the dislocation is that it provides the 
necessary ionic bonding for holding the oxide sheets 
in contact with each other. Or in other words, as the 
dislocation in motion causes the oxide sheets to flow 


overeach other, they are held together by the aluminum 


[1210] 


Fie. 10. Displacement vectors for a synchro-shear, quarter 
partial, extended dislocation. Solid and dashed 
represent framework and interstitial displacements respect- 


arrows 


similarly numbered arrows represent the 


vectors needed to specify each of the four 


ively. Pairs of 
required pairs of 


nchro-shears. 
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ions moving in synchronism through the interstices of 


the dislocation. It follows, therefore, that the dislo- 


cation possesses the inherent property of being self- 


pinning and thus immobile unless the two kinds of ions 
are able to move co-operatively with respect to each 
other. 

the dislocation causes the framework and 
interstitial ions to be displaced in different directions, 
120 


1120) directions, it cannot be described by a single 


Since 


specifically at to each other along a pair of 
slip vector as is the case for a hexagonal metal. 
Slip vectors for both kinds of ions must be specified. 

Because of the 


features of the dislocation in question, it now becomes 


unusually attractive structural 
particularly worthwhile to investigate the natures of 
the faulted structures required for a hypothetical 
extended dislocation model. For the sake of deserip- 
tion, we shall henceforth refer to dislocations involving 
the discussed synchronized shearing of both kinds of 
ions as synchro-shear dislocations.* 

Faulted structures. 
of the structure of an extended dislocation based on 


Fig. 9 is a schematic illustration 


four quarter partials and three associated faulted 
structures. A vectorial description for the case of four 
Fig. 10. 
similar but non-equivalent descriptions are shown. 
Each, based on combinations of dis- 
placement the form 1/3 (1120). The 


faults encountered along the two routes indicated in 


synchro-shear partials is given in Two 
however, is 


vectors of 


the figure will be described for the two cases at hand, 
starting with the route of part (a). 

For the first partial, the sheared portion of the 
framework is displaced through 1/3 [1210] to introduce 
a conventional stacking fault into the oxygen matrix. 
Simultaneously the interstitial cations are displaced 
through 1/3 [2110] to occupy octahedral interstices of 
the faulted The 
packing, as well as the arrangement of cations within 


framework. associated change in 
the altered framework, is shown in Fig. 11. 

For the second partial, the sheared portion of the 
framework is displaced through 1/3 [2110], giving a 
total net displacement thus far of 1/3 [1100]. Since 
the net displacement is equivalent to a single oxygen- 
oxygen spacing in a direction of closest packing, the 
stacking fault is therefore removed, and the normal 
thus The 
interstitial ions are concomitantly dispaced through 
1/3 [1210] to fill octahedral interstices of the normal 
On the other hand, the interstitials are of 


structure of the framework is restored. 


framework. 


* From the point of view of the formal displacements alone, 
without regard to mechanism, the synchro-shear model is an 
outgrowth of the classical congruent shear model of Mathew- 
son."*) From the dislocation point of view, it is an extension 
of the partial dislocation model of Heidenreich and Shockley.' 
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F’, is identical with F,, except that it is rotated 60 


about C.. For present | urposes the tional 


reorientation is inconsequential and we Gi assume 
the faults to be identical 


The fourth and _ final partial then removs th 


stacking fault and produces completely normal 


INTERSTITIAL SHEAR structure that has bee slipped through a 
| spacing 
2 
B An analogous description « in be given Io! he 
oA delineated in Fig. I1(b The stacking fau 
| identical with those described, if we ignore thi 
tional differences in orientation, but 
Fig. Ll(a). Packing change induced by a synchro-shear of 
1/3 1210}, 1/3 [2] 10} for the framework and interstitial atoms ol eli ctrostatic fault Is encounters d 
respectively. The numbers have their usual significance. shows the structures of the t 
Singly primed letters refer to the positions of the octahedral 


WO Cl 

holes in the interface and doubly primed ones to the holes in the question. 

upper portion of the structure that has been given a bodily For route (a) the net disp! icement 

displacement of 1/3 [1210]. . 
electrostatic fault is 1/3 [1100], and for 


1/3 [0110]. Note that for the route (a 
necessity disordered across the shear interface, since 


[lio] [oi 10] 


the net translation of 1/3 [1100] thus far accomplished 
is not a structural repeat distance. Thus the implied 
fault is not a stacking fault in the usual sense. Rather, 


it represents an error in the positive charge distri- 


bution within a normal framework. For descriptive 


purposes we shall therefore call such a disturbed 


structure an electrostatic fault. For the moment, we [te 

. . 3 
particular electrostatic fault in question. 


The third partial again generates a stacking fault : e| |! 
in the framework, similar to the one produced by the 


first partial. In fact, the over-all faulted structure, 


shall defer describing the explicit structure of the 


ELECTROSTATIC FAULT 
SYMMETRIC 


earing throug 


shearing produces 
interface, and the 
pa king changes are 


arrangement of 
whereas for the 1 
unsymmetrical. For purposs 


therefore ca | the forme! Tal 


latter one “unsymmetri 

SHEAR The symmetric configuratio1 

2 PLANE 

possible way of arranging al 
gives rise to an adverse ch 
bond distribution across thi 
unsymmetric structure, howeve 
interfacial deviations; rather the 
confined to next-nearest 
co-ordination figures for the norma 
structures are shown in Fig. 13. The id 


structure thus has each oxygen surroun 


cations and two holes at the corners ol i.trigonal } 
Fie. 11l(b). Spatial distribution of cations within the 


faulted framework. All cations are in octahedral co-ordination. the holes being located so as to pive 


15 
3 
2 
= 3 
| =< 
4 ¥ 2A a 
UNSYMMETR 
[1210] Fr 12. Electrostatic f produced | 
2 
3 Oot distincti 
} | 1 
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ACTA 


UNSYMMETRIC 
FAULT 


Fic. 13. Trigonal prism co-ordination figures for an oxide 
ion in the normal and electrostatically faulted structures. 
The filled and open circles represent the aluminum ions and 
holes, respectively, surrounding an oxide ion. 


NORMAL SYMMETRIC 


FAULT 


them. In the 


structure an equivalent but permuted distribution 


separation between unsymmetric 


prevails; whereas for the symmetric one the holes 
achieve the closest possible distance of approach. 
It is that the 


deviation 


conclude 
the 


reasonable, therefore, to 


unsymmetric fault represents lesser 
from normality. 
the faulted 


structures are shown in Fig. 12 in the form of abnormal 


Next-nearest-neighbor deviations in 


arrangements along rows parallel to Cy. It will be 
recalled that in the real structure the pairs of alumi- 
nums along C, are actually spread approximately 
18 per cent from the idealized positions. Accordingly, 
the strings of three and four, as found in the symmetric 
and unsymmetric structures respectively, should be 
successively poorer arrangements. On the other hand, 
in the unsymmetric structure there is an equal number 
of adjacent abnormal strings containing alternating 
Indeed, when considering the real 
ideal for 
helping relieve the confinement of the members of the 
Normal 


at least be simulated closely by 


cations and holes. 


structure, such an arrangement should be 


contiguous strings of four cations. real 


separations might 
separations, as 


separations or combinations of 


illustrated for example in Fig. 14. In any event, for 


Fic. 14. Displacements for expanding 
the distances between a string of four 
aluminum ions in an unsymmetric 
electrostatically faulted structure. 
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Fic. 15. An alternative combination of displacement 


vectors for a synchro-shear, quarter partial, extended dislo- 
cation. Compare with Fig. 10. 


present purposes, no further distinction need be made 
between the two kinds of electrostatic faults. 

It is true of course that the vector combinations of 
Fig. 10 are not unique for accomplishing hypothetical 
net flow along Ay. For example, another pair of 
combinations is shown in Fig. 15. On the other hand, 
if the structures of the electrostatic faults associated 
with these combinations are determined, it will be 
found that they represent far more serious pertur- 
bations than those already discussed. Accordingly, for 
present purposes any such new combinations will 
receive no further consideration. 


In brief summary, we have deduced a relatively 


simple extended dislocation model, merely on the basis 


of determining the shortest Burgers vectors for the 
partials and the slightest structural alterations for the 
faults the The 
extended model thus involves four synchro-shear 


and dislocations themselves. best 
partials, two framework stacking faults, and an 
unsymmetric electrostatic fault.* Although the model 
appears to be a serious contender in opposition to a 
total dislocation model, the absence of any direct 
theoretical or experimental evaluation of the total 
energies of the two kinds of models rules out any 
unambiguous choice. In particular, we should like 
to have more factual knowledge about the relative 
energies of the faulted structures. 

A fruitful area in which to search for such infor- 
mation is the field of deformation twinning, for it is 
known that twinning dislocations are closely related 
to partial dislocations, and twin interfaces are 
closely related to the faults encountered in extended 
dislocations. Or, looking at the problem in another way, 


what use can be made of the knowledge thus far 


* Similar models can be derived for all of the host of 
structures based on close packing, regardless of the manner or 


degree of filling of the octahedral and tetrahedral interstices. 
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(e) (f) 

16. 
It is a twinned one. 
C= 


Indices of the 


are as follows: ‘OOO1', {111}; a = 


faces marked 


derived in understanding the mechanism of deforma- 
tion twinning? 
3.2. Twinning 
3.2.1. Introduction 
Our 
sapphire comes exclusively from observations and 
Mineralo- 


gists have long known that natural sapphire can 


current knowledge of basal twinning in 


experiments on natural mineral crystals. 


develop as a basal twin crystal during growth, and 
moreover that it is possible to induce such twinning 
by mechanical deformation.“® 

Fig. 16 illustrates the external morphology of some 


normal and twinned crystals as found in nature.“” 


The rhombohedral character is self-evident. Notice in 


Fic. 17. Hypothetically 
twinned lattice. 


Drawings of some naturally occurring crystals. 
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All but (g) are normal single erystals 


various faces, in both hexagonal and rhombohedral co ordinates 
{1120}, {110}; 
are parallel to the faces of the unit morphological rhombohedral cell of Fig. 2 


{1011 100}; = {2243}, {113}. The 


particular that the normal crystal with full facial 


development, (f), does not have a mirror plane of 


symmetry parallel to the base plane, but that the 
The 


packed framework of oxygens does of course have a 


twinned crystal, ) does hexagonal close 


basal plane of svinmetry it is the arrangement of the 
aluminum ions within the framework which removes 
this element of symmetry from the total structur 

Thus, 


formally 


without disturbing the framework. we « 


construct a twinned 


structure simpli) 
arranging the holes, i.e. the lattice points, so as t 


across a basa 


Not 


an unhsy! 


them a mirror arrangement 
plane, as shown in Fig 17 
the 


electrostatic type of fault 


in particul 
twinning interface is 
QWuite significa 
del 


f lattice 


gross structure of the twinned m¢ is in 


accord with the classical rules « 


( rystalloqraphic and Slructiural el 


Mechanically 
studied 


induced basal twinning ha 
Veit 


piston mechanism for applying combined hyd 
The pre 


in detail by utilizing a 


cedure consi 


and compressi\ e stresses 


*A 
model can be 
back to those of 
equivalent of translating our lattic« 


somewhat more 
obtained 
Pauling 


plane of the lattice coincides with 


of the oxygen framework. 
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Fic. 18. The component twinning shears for the framework. The bottom layer is held 
stationary and the upper ones are sheared bodily through 1/3[2110]. The third layer 


is then sheared through 1/3 [1120 


twinning. His results are as follows:* 


K, (0001) = (111) x, = [(0001), (1210)| = [112] 


K, = (2021) (111) G6, = [(2021), (1210)] = [112] 
0.635. 


In terms of the current structural description, the 


Fic. 19. The sequence of twinning shears for the framework. observed shear direction. 0}; corresponds to any of the 
successive vectors represent the individual shears of li f 
successive lavers above the initial shear interface. The three equivalent directions of closest packing oO 
f displacements corresponds to the traverse of the oxygens: {L100}, [OLLO}, [1010]. In no case was flow 


oscopic structure being transported above the zone of on 

observed for the reverse directions. The magnitude 

of the shear, S, corresponds formally to a displacement 

embedding a crystal, with well developed faces, in of a single oxygen-oxygen spacing, i.e. 1/3 [1100], for 


finely powdered sulfur and then applying pressure in every two successive planes that have been sheared. 


the range of 13,000 to 18,000 atmospheres. After 
deformation. sample s were observed to contain twin * Veit has used the conventional hexagonal and rhombo- 
hedral indices based on the morphological unit cells. Note that 
: ; ; his work was done in 1921 prior to the X-ray diffraction 
cry stal faces. From an analysis of the angles between determination of the crystal structure in 1925. 


lamellae. visible to the naked eye, with well developed 
the faces on the deformed and undeformed portions, 


Veit was able to make a complete and unambiguous 


determination of the crystallographic elements of 


FAULTED 


r FAULTED 


OXYGEN — 3 
OCT. SITE — 
OXYGEN — | 


Fic. 20(a) Packing number diagrams showing the changes Fic. 20(b) The final configuration of part (a), with the 
positions of the octahedral voids added. Note that the shearing 


» 


that would be caused by successive shears of a stack of 
process interchanges the number 2 and 3 positions. 


layers above the original shear interface. 
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3.2.3. Interpretation 


A literal interpretation of the data suggests a 


flow process based on successive displacements of 


sandwiched pairs of oxygen sheets (with a layer of 


cations in the sandwich). On the other hand, such a 


mechanism cannot possibly generate a twinned 


structure. Rather, it can only change the crystal 
structure of the sheared portion. Although the oxygen 
framework would be normal after deformation, the 
of 


abnormal reordering of the sheets of aluminums and 


gross structure would be incorrect because an 


holes. This condition would be true 
whether one considers the formal shearing process to 
carry the sandwiched oxygen layers directly over the 
cations lying in the interface between sandwiches, or 
Thus, 


reach the significant conclusion that the classically 


to induce them to flow along in unison. we 
predicted twinned structure cannot be achieved by a 
shearing mechanism which would be in accord with 
the experimentally observed shear requirements. 

On the other hand, an unpredicted but nevertheless 
entirely satisfactory structure can be derived on the 
basis of an alternative interpretation of the shear data 
Let us assume that none of the actual displacements 
need be in the observed shear direction, [1100], and 
thus not within the observed plane of shear. Rather, 
only the projected contributions need satisfy the shear 
requirements. Or in terms of the framework, each 
oxygen layer need only contribute a flow component 
whose projection on [1100] is half an oxygen-oxygen 
spacing. 
dislocations, 


of extended 


readily recognise that half an oxygen-oxygen spacing 


From our studies we 
along [1100] is simply the projected magnitude of the 
slip (or Burgers) vector of a quarter partial dislocation, 
B 1/3 (1120 of 


layers of the framework, the shear requirements can 


Thus, in terms successive 
be satisfied uniquely if the first layer to be sheared 
3 [2110], the second 


layer an additional displacement of 1/3 [1120], and 


produces a displacement of | 
so on in sequential repetition. The sequence holds, 
however, only if the first shear is on a number 3 layer. 
If the shearing starts on a number | layer, then the 
order of the two component displacements must be 
inverted. Figs. 18 and 19 illustrate the operations for 
the former case. 

The packing alterations induced in the framework 
by such a sequence of shears are illustrated in Fig. 20(a). 
The 


normal hexagonal packing but are not in 


sheared and unsheared portions are each in 
mirror 
imagery. Rather, the gross framework simply contains 
In fact, the 


central five layers are in double hexagonal closest 


a stacking fault at the shear interface. 


regardless of 
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packing, which is the normal arrangement 

in brookite (TiO,) and topaz Al,F SiO, 
Study of the figure shows that the oxy 


maintain a number | packing position th 
but the number 3 type of layer has moved into } 


2 in the sheared portion. 


In other words, the 
3 oxygen positions and the number 2 octahed: 
positions have simply interchanged, as shown 
Fig. 20(b) of the figure. 

Because of the hexagonal] symmetry of the fi 
work. it is of course possible to develop the she ed 
trans 


configuration for the framework alone by net 


lations in either direction of a close-packed roy 
Consideration, however, of the associated synchro 
shear displacements of the aluminum ions provides 
an unambiguous answer to why the observed direction 


At 


how the concomitantly reordered 


only can be achieved experimentally the same 
time, we shall see 
positions of the holes (the lattice points) converts the 
faulted framework into a_ satisfactorily twinned 
structure 

Fig. 21] 


SUCCESSIVE 


shows the total traverses of each of the 


layers of the sheared framework for net 
LOLO the 


flow along both senses of a direction, and at 


same time indicates the associated traverses of 
intervening layers of octahedral interstices 
latter traverses are then shown in Fig. 22 for the 


Notice that 


develop strings of holes exclusively along lines } 


alone net flow along 


to Such a rearrangement would be comp 


untenable: according] flow in this direction 
not occul experiment lly 
part b) of the fig 


However, we see from 


flow in the observed [1010] direction simply reg 


und 


rt 


the normal structure. On the other h 
simultaneously iny 


Note in 


reconstructed portion of lattice 


sequence is 
detail in Fig. 23 addition 
from the undeformed portio1 

1/3 {1120 As a ¢@ 


aluminum ions 


mseq ue4»ne 


und holes at the itertace 


altered from the normal prismatic config 


octahedral The resulting 
Fig. 24 


Evidently, the shearing process has introduce 


gement 


a macroscopic plane ol symmetry 
interface, for there is of necessity 


The 


a glide plane rather than a 


nuity across the interface two portions ar 


related true 


by 


* As demonstrated 
displace ments, the 
Strictly 


denote 


the traverse 


speaking, 
the 


successive 


positions 


| 
d 
| 

the | 
- 

LO ( } 

| 
ail 

n the ear r sect n 
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(a) OF 18 OXIDE LAYER AND UNDERLYING 
OCTAHEDRAL SITE 


WAA/SZ\ 


(b) 2" LAYERS AND INTERVENING 


3°¢ LAYERS AND INTERVENING VOIDS 


th 


LAYERS AND INTERVENING VOIDS 


& 5*® LAYERS AND INTERVENING VOIDS 


Fic. 21. 
(a) Co-operative displacements of a layer of oxide ions and 
the contiguous octahedral below. All 
a displacement identical to that of the first oxygen 


sites layers above 
undergo 
translation. Filled circles represent a stationary underlying 
layer, open circles represent the upper layer to be sheared, and 
triangles represent the intervening octahedral voids. 

(b) Total traverse of first and second sheared oxide layers 
and intervening octahedral sites. Filled circles represent the 
second layer to be sheared. 

c) Same for second and third layers and intervening sites. 
Filled circles represent the second layer to be sheared. 

d) Same for third and fourth layer and intervening sites. 
Filled circles represent the fourth layer to be sheared. 

e) Same for fourth and fifth layer and intervening sites. 
Filled circles represent the fourth layer to be sheared. 

\ll displacements prior to the final one for each figure are 
induced by the prece ding shears of underly ing layers. 


as would be required by the classical lattice rules for 
twinning. In a formal sense, therefore, the sheared 
mirror 
reflection across (0001) plus a translation of 1/3 [1120]. 


In terms of the structure, however, both portions 


portion is related to the unsheared by a 


are continuously joined; they simply share a faulted 
Although the 


produced a twinned crystal which is in accord with the 


segment. shearing process has not 
classical lattice rules for twinning, it has nevertheless 
produced a structure which is in complete accordance 


with all the experimentally observed requirements. 
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above the shear 
flow: (a) [1010], 


traverses of the holes 
two net directions of 


(See Fig. 21.) 


Total 
interface for the 
(b) {1010}. 


Fic. 23. Lattice reorientation produced by synchro- 
shearing of successive layers of structure. The upper part 
has been sheared, and primed letters indicate the relocated 
position of the holes. 


In the absence of any alternative possibilities, the 
structure in question can be accepted as the correct 


one for the twinned configuration.* 


* In a very comprehensive paper on the general subject of 
twinning, Cahn”* has recently reviewed other 
unconventionally twinned structures. 


cases of 


| | om 
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Fic. 24. Octahedral arrangement of aluminum ions and holes 
surrounding the number | oxygens in the interfacial region of 
the synchro-sheared structure. (See Fig. 23.) 

AND IMPLICATIONS 
4.1. Slip 


4. DISCUSSION 


The success of the synchro-shear model in providing 
a unique interpretation of the experimental obser- 
significant 
In the first 


place, we now have good reason to believe that the 


vations on deformation twinning has 


implications regarding the slip process. 


co-operative shear, with displacement vectors of the 
form 1/3 (1120), By the 


same token, the energy of the stacking fault produced 


can occur in real crystals. 


by such a shear must be sufficiently low to allow the 
fault to be produced by plastic deformation. 
Recalling that the synchro-shear extended disloca- 
tion model for slip involves two equivalent stacking 
faults and an electrostatic fault, we see that a remain- 
ing unknown is the relative energy of an electrostatic 
fault. 
the detour part of the extended flow route, which 


In essence, the latter fault is encountered along 


avoids having oxide ions flow directly over each other 
as would be required by the unit dislocation route. 
weigh the structural dis- 
fault the 
disadvantages of a disruption of the close packing of 
the In this light, it is 
hypothesize that the by-pass route should be 


In other words, we must 


advantages of an _ electrostatic against 
reasonable to 


the 


oxide ions. 


preferred one. The argument, however, cannot be 
pursued further simply with the structural approach 


used in this report. 


4.2. 


It is important to realize that the current work on 


Twinning 


deformation twinning does not discredit the classical 
structure as being a “‘bad”’ one. It shows only that the 
structure cannot be formed by a mechanism which 


satisfies the experimentally determined shear require- 
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ments. One can readily envisage two hypothetical 
shearing processes which would lead to the classical 
structure. 

In one case, each layer of oxygen would require a 
shear of 1/3 [1010], and the interstitial aluminum ions 
below would not move. In the other ease, each oxygen 
layer would have a net shear of 1/3 [1010], but would 
occur by successive displacements of 1/3 [2110] and 1/3 
[1120] for the number 3 layers, and 1/3 [1120] and 1/3 
[2110] for the number | The 


aluminum ions would undergo the required synchro 


layers intervening 


shear displacements For each model however. the 
net shear would be twice the experimental value 
On the other hand, 


ated by a growth process. 


either structure could be 


vener- 


The classical one could 
develop by having an error made in the filling of the 
octahedral interstices; whereas the current one could 
having an error made in the packing of 


The 


would be related to the currently unknown relative 


form by 
oxygens. relative probabilities of formation 
energies of the individual twinning interfaces 

Thus, we conclude that the kinetics of the process 
leading to twin formation are the critical factors which 
determine whether any particular twin structure will 
form. Conventional lattice theory only predicts the 
formal crystallographic planes that are hypothetically 
possible for twinning, but does not necessarily predict 
the structure of the twinning interface 

These conclusions have significant implications in 


Num rOous 


during twinning have 


the general field of deformation twinning 
analy ses of “‘atom movements’ 


been made on the implicit assumption that lattice 


theory correctly predicts the structure of a twin.%,?° 
For the simplest structures having complete ¢ 
cidence between lattice points and atomic positi 


the assumption is valid. In the general 


necessarily so 


Likewise, in the general usage 
diagram representations of it has 


displacements 


assumed frequently that the atomic 
leading to twinning lie in the experimentally observed 
plane of shear. Such a condition is not necessarily so 
only the projected flow must satisfy the requirements 
of the experimentally determined shear specifications 


the 


Accordingly, we reach conclusion that the 
conventional shear diagram approach, based on an 
a priori assumption of the structure of the twin, must 
be used with considerable caution. In particular 
adequate attention must be devoted to the nature of 
the itself, the 


structural properties which either endow it 


structure and especially inherent 


with, o1 
deprive it of, the capacity to react to a stress by 


flowing along any of its specific crystallographic 


NAN 

ABALALA 
“CGA ~ 
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planes. The subject will be developed further in 
separate publications on rhombohedral twinning in 
sapphire and the various forms of pyramidal twinning 


in the hexagonal metals. 
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APPENDIX A 
Formal ( ‘rystallograph ic Spe cifications 
Space group: R3C 
Cell:* Rhombohedral-hexagonal 
Lattice parameters: 
5.12 A, « 


4.75 A, C 12.97 A, n 


2 (rhombohedral!) 


0 0 6 (hexagonal). 


Atomic positions (rhombohedral co-ordinates): 
Al: WWW. WWW. 3} 
W 


HOU. 


0.3038 0.008 


0.1050 O.001L0 


APPENDIX B 
Rhombohedral and Hexagonal Cell Re lationships 


Two types of transformation are given below. 


Figure B-1 shows the relationship between a singly 


primitive rhombohedral cell and its derivative, the 


triply primitive hexagonal cell. Figure B-2 shows the 


relationship for the reverse kind of transformation, 


* \ppendix B describes the relationships between rhombo- 
hedral and hexagonal cells. 
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~~ 


Primitive hexagonal to rhombohedral. 


Fic. B-2 


namely a singly primitive hexagonal cell to a triply 
Figure B-1 


sapphire, whereas Fig. B-2 holds for the hexagonal 


primitive rhombohedral one. holds for 
metals. 
APPENDIX C 
Morphological and Structural Unit Cells 


Prior to the determination of the structures of 
crystals by the methods of X-ray diffraction, mineral- 


had 


morphology of numerous natural minerals. 


ogists made exhaustive studies of the external 
From 
analyses of the occurrence and absence of specific 


growth faces they were able to describe the external 


morphology in terms of unit cells of structure and 


corresponding crystallographic indices. Of course, 
absolute values for the magnitudes of the cell vectors 
but it 


evaluate axial ratios as well as the angles between the 


could not be determined, was possible to 
unit cell vectors. 

The relatively recent determinations of the arrange- 
ments of atoms within crystals have shown that the 
morphological cell is either identical with the structural 
unit cell or is simply related to it. For sapphire there 
is no identity, but the relationship between the two 
can be deduced readily. 

For the morphological hexagonal unit cell, the C/A 
ratio has been determined to be 1.365, whereas the 
value for the true structural cell is 2.730. Thus, if we 
equate A, for the two cells, it follows that the morpho- 
logical cell is only half as high as the structural one. 
Or in other words, the morphological C, translation 
is accomplished by three layers of oxygens with three 
sheets of contiguous aluminums and holes [see Fig. 2 
of the text}. 
vectors of the various cells is illustrated in Fig. C-1, 


Finally, the relationship between the 
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Fic. B-1 Primitive rhombohedral to hexagonal. 
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and the full rhombohedral cells are shown in Fig. C-2. 
As checks on these deductions, the calculated value 

for the morphological rhombohedral angle, x, corre- 

sponds in fact to the observed value of 85°45’. 

It is particularly interesting to note that the 
morphological rhombohedral unit cell is the smallest 
one which correctly describes the arrangement of the 
cations alone. On considering both types of ions, how- 
ever, the larger rhombohedral cell is the smallest 
one which correctly describes the over-all structure. 

Although in a basic sense it might seem that usage 
of the morphological cells should be abandoned in 
favor of the structural unit cells, there are compelling 
reasons for not doing so, at least for studies of mecha- 
nical properties. Morphological cells naturally have 
their surfaces parallel to well-developed growth faces, 
which in turn are generally defined by atomic surfaces 
of relatively high atomic density. Since mechanical 
properties are frequently described in terms of the 
most densely populated planes, one can readily use 
the very simple indices and well-known names of the 
morphological faces without running counter to the 
terminology and nomenclature of a_ self-consistent 
body of literature and thought that is several centuries 
old. 

Although the mineralogists and X-ray crystallo- 
graphers are currently in conflict over which cell and 
nomenclature should be used, it would seem that the 
basic need is not one of distinction (or extinction) 


but rather of understanding the relationships between 


Co(M) 
Co/2 (S) 


vectors for the morphological and 
letters structural 


Fic. C—l Unit cell 
structural unit 
vectors. In hexagonal 


morphological cell is half that of the structural one. 


Primed indicate 


coordinates, the C, 


cells. 
vector of the 
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STRUCTURAL 


and 


MORPHOLOGICAL 
Fig. C-2 The 


rhombohedral 


morphological structural 


unit 


the two kinds of cells. It would then be in order for 


an investigator to utilize whichever is simpler or mor¢ 
useful for the matter at hand 
For studying those properties of sapphire which ar 


determined by the structure of the basal plane there 


is no a priort advantage to selecting one cell mn 
preference to the other, since the basal plane ure 


parallel and identical except for the conventions 


regarding indices. For studies of rhombohed: 


twinning, however, the morphological cel 


to be preferred.* Accordingly, in these 


used is given 


morphological] indices will be 


l(b) and 2 unless specific mention is otherv 


f the structural indices or cell 
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ANOMALOUS BEHAVIOUR OF Ag-Pd ALLOYS ON PLASTIC DEFORMATION * 


W. H. AARTS}+ and A. S. HOUSTON-MacMILLAN? 


An investigation was made of the change in resistivity of Ag—Pd allovs when plastically deformed at 
the nitrogen point. For certain alloys a decrease of resistivity was found. For a 10 per cent deformation 
the greatest reduction in resistivity occurred for an alloy of 60 per cent Ag—40 per cent Pd 

COMPORTEMENT ANORMAL DES ALLIAGES Ag-Pd A LA DEFORMATION 
PLASTIQUE 


Les auteurs ont étudié la variation de la résistivité d’alliages Ag 


Pd déformés plastiquement a la 
température de l’azote liquide. Pour certains d’entre eux, ils ont observé une diminution de la résistivit 
Pour une déformation plastique de 10%, le minimum de résistivité a été obtenu pour l’alliage compost 


de 60% d'argent et 40% de paladium. 


ANOMALES VERHALTEN VON Ag-Pd-LEGIERUNGEN BEI PLASTISCHER 
VERFORMUNG 


Es wurde die Anderung des elektrischen Widerstandes von Ag-Pd-Legierungen infolge 


plastische 
Verformung bei der Temperatur des fliissigen Stickstoffs untersucht. Dabei wurde bei 
Legierungen eine Abnahme des Widerstands gefunden. Bei 10 Prozent Verformung trat die 
Widerstandsabhahme en einer Legierung mit 60 Atomprozent Ag und 40 Atomprozent Pd auf. 


During an investigation of the change of resistivity 
on deformation of silver-palladium alloys it was 
found that the 50 per cent alloy showed the expected 
increase of resistivity (Fig. 1) as was also the case 
for the pure metals (Figs. 2 and 3). The 75Ag—25Pd 
alloy, however, showed a decrease (Fig. 7)..) A 


systematic investigation of the various alloys in the 


12 


1-O}- 


These wires were stretched 


measured when there was n 


the wires being kept all the 
20 
ALA % nitrogen. For extensions 


Fic. 1. 50 atomic per cent silver-palladium alloy extended there was a considerabl 


10 


at the liquid nitrogen point. The percentage change of 


resistivity is plotted against the percentage change in length. ™easureni nts for differ 


range 95Ag—-5Pd to 55Ag—45Pd was then carried 
out (Figs. 4 to 11). It will be observed that there is 
a steady change in the behaviour of the alloys as th 
percentage of palladium is increased. The alloys 


») 


consisted of wires of approximately 0-3 mm diameter 


* Received January 30, 1957. 
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AARTS HOUSTON 


AND 


Ap at 10 % ext. 


~40 #60 £80 
Atomic % Palladium 


100 


Fic. 12. The variation of the change in resistivity for 
a 10 per cent extension is shown plotted against the com 
position of the alloy. 


alloy. For large extensions the resistivity again 
increased, eventually surpassing the initial value, 
as can be seen clearly in Fig. 6. 

To show the variation of Ap with composition 
for a standard deformation, the actual value of Ap 
for a 10 
extension. This is plotted against the composition 
in Fig. 12. Table 1 the 
with the standard deviations for each case. 

It is clear that 


of resistivity due to lattice defects we 


was determined for these cases cent 


per 


shows numerical values, 


in addition to the usual increase 


also have 


another process occurring, producing a reduction of 


The magnitude of this decrease can be 
that 
resistivity due to lattice defects of the same order 
This 
assumption is based on the ground that the crystal 


X-ray 


resistivity. 


estimated, assuming there is an increase in 


of magnitude as in the case of Ag—Au alloys. 


structure is the same, viz. face-centred cubic. 


analysis after extension showed no change in the 
crystal structure of the 75Ag—25Pd and 50Ag—50Pd 


alloys. 


The order of magnitude of this increase of 
resistivity for a 10 per cent extension of the 60-40 


TABLE l. and 


extension of 
point. 


Resistivity resistivity change for a 10 per 
silver-palladium alloys at the 


Standard deviations are given 


cent nitrogen 


: . Change of resistivity for an 
Percentage tesistivity 


1 (10 extension of LO pe r cent 
sliver 


* £2 cm) 10-8 em) 
2-70 0-0] 
30-2 1-9 

22-45 O-17 
19-22 1-13 
15-60 0-24 
13-25 0-04 
11-48 0-28 
8-61 0-08 
4°43 0-04 
2-46 0-01 


0-14 


0-09 


MacMILLAN: 
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The 
60Ag—-40Pd i 5-6 10-5 em. 
effect 


cm 


alloy of silver-gold is 8 


OTOSS 


decrease in and 


we therefore must have a new producing a 


decrease in resistivity of 24 LO 
due to 


The increased conductivity can only be 


a change in the regularity of the structure or due 


to an increase in the number of electrons available 
the 
a state of high elastic 


for carrying the current As material 


deformation is in strain, it is 
suggested that the last-mentioned effect is operating, 
viz. that due to distortion of the Brillouin zones in 
ivailable 
the 
that 


certain directions more electrons become 


for carrying the current. At large extensions 


normal lattice-defect effect becomes so 
the increased conductivity is submerged the 
5O per cent alloy we could have a local ordering 
effect which introduces further complications 

that 


possibly produce either an 


Damask has shown short-range order could 


increase or a decrease of 
the 50Ag—50Pd 
change due to either of these 
the 


However, as the magnitude of the change of resistance 


resistivity. If in alloy we have a 


effects it is too small 


to show up in measurements of resistivity 


due to local ordering is expected theoreti uly 


of the order of 10-8 Q em, this could « sil 
submerged in the experimental error in 

mination of p, whic of the order of 
decrease of 
in 50Ag—50Pd 


the 


Assuming that we have a 


due to short-range orde1 


deformation would produce 


nere 
in Fig. 1. 


Jaumot and Sawatzky 


alloys, but 


their effect is 10 


palladium 
with a complex phase 
quite different effects Certainly 
in our work produced the not 
tivity 
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DIFFUSION CENTRALE DES RAYONS X PAR LES DISLOCATIONS * 
J. BLIN+ 


On analyse dans cet article la forme dans l’espace réciproque de la trainée de diffusion die & une boucle 
de dislocation. On étend le résultat a la diffusion par un métal peu déformé. Ceci peut expliquer les 
résultats expérimentaux de Franks obtenus sur un métal fatigué. L’anisotropie trés prononcée de la 
diffusion permet d’interpréter les résultats dispersés ou contradictoires obtenus lorsqu’on se limite a 
l’étude de l’intensité moyenne diffusée par un métal écroui. 


X-RAY LOW ANGLE SCATTERING FROM DISLOCATIONS 


The shape in the reciprocal lattice of the anomalous scattering streak due to a dislocation loop has 
been investigated. This result is extended to the scattering by a metal which is slightly deformed. This 
can explain the experimental results obtained by Frank on a metal subjected to fatigue. The important 
anisotropy of the scattering gives the possibility to explain the contradictory results obtained when one 
only studies the average intensity scattered by a cold worked metal. 


KLEINWINKELSTREUUNG VON RONTGENSTRAHLEN DURCH VERSETZUNGEN 
In der vorliegenden Arbeit wird der Intensitatsverlauf im reziproken Gitter analysiert, der von der 
Streuung an einer Versetzungsschleife herrihrt. Das Ergebnis wird auf die Streuung an einem schwach 
verformten Metall ausgedehnt. Auf diese Weise kann man die von Franks bei Ermiidungsversuchen 
erhaltene experimentelle Resultatie erklaren. Die sehr ausgepragte Anisotropie der Streuung gestattet 
es, die verschiedenartigen und widersprechenden Ergebnisse zu interpretieren, die man erhalt, wenn 
man sich auf das Studium der mittleren Streuintensitat eines kaltverformten Metalls beschrankt. 


1. INTRODUCTION dilatation cubique D(.M), M définissant un point, une 


L’analyse de la diffusion des rayons X par un bonne approximation pour l’amplitude de l’onde 
cristal déformé plastiquement ne permet pas de diffusée A est donnée par la formule: 
déterminer la nature des défauts que l’on a créé. Le 


mieux que l’on puisse faire est de comparer la diffusion 20 J8-M Dy MM) dv 


observée a celle que donnerait un modeéle de défaut. Uz /D 


[] serait en particulier important de montrer que les 
sree: : ou § désigne le vecteur de l’espace réciproque, F le 
dislocations peuvent rendre compte de la diffusion d’un j 
facteur de structure des atomes tous identiques, v, le 
volume du polyédre atomique, et D le domaine dans 
S’il est difficile de déterminer de facon générale la (3) 
lequel s’étend le cristal.“ Cette approximation 
diffusion des rayons X par les dislocations, il existe 
, : , suppose que les déplacements que l’on a fait sont 
néanmoins un cas ott on peut effectuer compléetement 
: é cera 4 conservatifs, c'est a dire que l’on ne crée ni vide, ni 
les caleuls, c’est celui de la diffusion aux petits 
matiere a lintérieur du cristal. 
angles. Des expériences récentes et remarquables 
faites pat Franks ont redonné de l'interét a ce sujet; 3. APPLICATION AU CAS D’UNE BOUCLE 
avant d’en discuter nous établirons la formule donnant DE DISLOCATION 
la diffusion due A une boucle de dislocation. ‘ 
Expre ssion de la dilatation cubique 
Nous commencerons par donner une formule 
2. FORMULE DONNANT LA DIFFUSION | par donner une formul 
CENTRALE D’UN CGRISTAL PERTURBE exprimant la dilatation cubique pour une boucle de 
Cette formule repose sur l’assimilation des déplace- dislocation située dans un milieu infini. On a d’aprés 
ments dans le cristal a ceux d’un milieu continu doué Burgers: 
des mémes propriétés élastiques et soumis aux mémes 
conditions aux limites. C’est sur cette approximation 
que repose l’essentiel de la théorie des dislocations. ?? 


Si la déformation du milieu continu donne une 


* Received November 19, 1956. 
+ Commissariat & |l’Energie Atomique, Saclay 
Metallurgie Appliquée. élastique suppose isotrope, b le vecteur de Burgers de 
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intervient pour la dilatation cubique. Pour plus dé 
simplicité dans les caleuls qui vont suivre nous 
envisageons un élement linéaire de dislocation 

hypothése ne limite guére l’utilité des caleuls cat 
souvent les dislocations sont rectilignes, soit pour des 
raisons de tension de ligne, soit parce que les barrieres 
qui les retiennent ont une origine cristallographique 
Soit b, la composante coin de cet élement, 2¢ sa 
longueur, l’origine o étant en son milieu. On obtient 


ainsi pour D l’expression 


D 


(dé,,d,,0) 


l,, désignant la distance WP et / 


i 


(Fig. 2). Si maintenant nous désignons pat 


les coordonnées polaires de la projec tion du pom|t 


Fie. 1. sur le plan 2,0x,, on obtient la formule 


la dislocation, £ définit un point courant sur la boucle : sin 4 
q D 
(CC) et r la distance de ce point au point repere par M. 


p 


On obtient ainsi la formule: 


l 2 
D ( orad 
Si nous considérons une boucle située dans le plan 


v,0x, (Fig. 1) ayant un vecteur de Burgers situé 


suivant ox, (b, 0, o) cette formule devient: 


#1, désignent les coordonnées de d= ayant 
ainsi ici pour composantes dé,, d&,. 0. On remarque 
sur cette formule que seule la composante coin d& 


(» représentant 

On remarque que Sl 
nent a Vinfini, sur on retrouve bie! 
classique de la dilatation cubique pour une d 


Calcul de la diffusion 


L’expression de D étan naintenant connue 


reste a effectuer le calcul de 4 Ce caleul peut 


tuer completement sans avol i faire d’approxu 


ce qui ne manque pas d’intér 
Nous adopterons comme dan 

les coordonnées cylindriques 

l’axe de la dislocation, pour repérer le \ 

projections sur le plan w,0x, seront 

polaires r, a: ¢ désignera la projection sur 


paralléle a ox, (Fig. 3 [] est également utile de 


29 
x 
3 
> 
M (X,.X, X,) 
r 
b 
hor A vy Ve Q 
‘ 
eT j 
x 
r | 
> 
Q a P As 
hor 2u 2) 
| 
1 
3 
x, QJ 
Xo M elt 
/ 
/ 
/ lg lp 
/ 
(6) 
b, 
rdonn 
x, ul 
2. pose 


ACTA 
pour la suite des calculs s* ¢*. Cela dit l’expres- 


sion de 4 s écrit: 


Nous poserons 


[| est alors logique de décomposer A en deux termes 
relatifs aux extrémités P et Q de l’élément de dislo- 
cation. Cela fait apparaitre, du point de vue de la 
diffusion des rayons X, la distorsion comme due a 
deux pdéles de signes opposés plutét qu’a une ligne. 

Nous supposerons que le domaine D est constituée 
par une sphere de rayon FR grand par rapport au 
segment PQ: nous prendrons par exemple: 

R= 100.000 et PQ 3000 A 

Dans ces conditions A est affecté par la position de 
PQ dans la sphére seulement pour des valeurs des 
voisines de zéro et équivalentes a 1/R. 

I] n’est pas utile d’effectuer le calcul pour de si 
petites valeurs de s car celles-ci ne sont pas accessibles 
De plus, la valeur de D(M) a été 


calculée pour un milieu infini et serait 4 revoir si l’on 


a lexpérience. 


devait tenir compte du caractére limité du milieu. On 
décomposera done A en deux termes relatifs a P et Q, 


mais en conservant le méme domaine. On écrira ainsi: 


) 


é 


dv. 
Nous rejetons en appendice le calcul de l’intégrale 


et nous indiquons seulement le résultat: 


dans le quel rappelons le s2 


Valeur approchée de Vintensité de la diffusion 


L’amplitude de l’onde diffusée est une fonction tres 
rapidement oscillante de { et s. La période de ces 
oscillations est de l’ordre de 1/R et par conséquent 
impossible a discerner expérimentalement. Ce qui 


peut se mesurer, c’est la valeur moyenne de | ’intensité 
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diffusée dans un domaine dont les dimensions sont 
grandes par rapport a21/R. Ona 


cos 27 RL 


On peut distinguer dans ce carré les termes a variation 
monotone des termes oscillants. I] est indispensable de 
tenir compte de ces derniers quand on consideére les 
valeurs de pour et trés petits; par contre on 
peut les négliger dés qu’on s’éloigne des axes de co- 


ordonnées. Nous ne retiendrons done que ce terme: 


M 


Ceci s’appuie sur un calcul qui montre que |’erreur 
ainsi commise décroit quand, par exemple, ¢ croit 
comme sin 27RC/27RC. L’angle le plus petit observé 
par l'appareil correspond a ~ 3000 A; done 
ts ~ 30. Par conséquent on vérifie bien que sauf tres 
pres des axes, (C ou petits) représente bien |A[?. 


Al? a Vaide de M 
| 


r 
ct” 
E L2R] 


qui sont les limites ol cette approximation a un sens. 


Nous avons done représenté 


jusque et y compris pour € 


Afin d’évaluer le maximum de l’erreur que |’on peut 
commettre dans cette représentation nous indiquons 
dans le tableau ci-dessous les valeurs de / pour ces 


limites et la valeur moyenne de |A} pour ¢ compris 


dans l’intervalle (0, | r étant quelconque, et pour 
t 


, € étant quelconque. 


r compris entre o et | 


On voit que dans le cas le plus défavorable qui est 
celui de € compris entre 0 et 1/2R, l’erreur est de 50°,,. 
En fait on observe expérimentalement un domaine 
dont les deux dimensions sont beaucoup plus grandes 
que 1/R et par conséquent l’erreur est bien plus faible 


d’apres la remarque initiale. 


Forme de la trainée de diffusion dans le rést au réci- 

proque 
La Fig. 4(a) représente des sections d’une surface 
d’égale intensité de diffusion. Pour le plan x,0x, qui 
M/C? 


Valeur moyenne de |A|?/C? 


Sin? — [2 cos 27 Rs — 7)? 
p2n ier cos (0—a) |A/? 2,272 | 
4 TT 4 s 
Vv, 477 A D 
sin {x, Cc Lo c| 
~ dv 
p \ Lp lo } 
F b, 
4 
9 ) 
sin* 2 
| | 
2.272 1 
Ss 
[2s]! 
R 
sin % cos 27Rs 
A, 
l cos 27 RC] 
| 
2 
6R? sin® « R? sin? « 
awe = 0 Se * 
2R sin?« R sin? « 
axe r 0 = ; 
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L’intérét de l’expérience de Franks est qu'elle se 
rapproche de ces conditions idéales. Franks aconsidéré 
un cristal d’aluminium fatigué. On sait que dans un 
tel cristal, les sources de Frank-Read ont déja donné 
un grand nombre de boucles. Une preuve peu dis- 
cutable en est donnée par |’augmentation de la limite 
élastique du cristal fatigué.“’ On se trouve done en 
présence d’empilements de dislocations. De plus, dans 
un tel cristal, si les barriéres qui retiennent les dis- 
locations ont une origine cristallographique, elles sont 
paralléles 4 des directions telles que [110 on se 


trouve donc en présence d’un ensemble de réseaux de 


dislocation distribués sur des plans (111) du cristal 


chacun d’eux répondant au schéma de la Fig. 5. On 
remarquera sur cette figure que les points tels que 
C', et D; sont situés sur des courbes du fait de l’inégalité 
des forces de répulsion entre des dislocations de 


vecteurs de Burgers différents. 


Fic. 4(b). Courbes d’égale intensité diffusée, facteur 4 entre chaque niveau 


Pour comparer les résultats des calculs précédents 


7 
correspond aux coordonnées (r, > C) utilisées précé- 


et cette expérience, il faut effectuer la somm« 

demment, les sections d’égale intensité sont repro- 

duites de fagon plus précise par la Fig. 4(b). Enfin - 

pour la section par le plan 2x,0x, il s’agit simplement pour chacun des éléments rectilignes paralleles 

de cercles tangents 4 ox, (C,). Les sections par des_ dislocation; O’ étant une origine queleonque. C 

plans paralléles voisins donnent des courbes qui sont somme est difficile 4 calculer simplement pout 

des cercles un peu déformés (C,). Il ne faut pas bien configuration telle que celle de la Fig. 5. Apres 

entendu oublier les courbes symétriques par rapport 4 ques tentatives nous pensons que le plus simpli 

x 0x, et l'ensemble des deux premiéres par rapport a Xs 

5. h 
Done la trainée de diffusion peut se caractériser par /\ 

deux disques perpendiculaires a la direction de la er 

dislocation et tangents 4 la composante coin du 

vecteur de Burgers (Fig. 4c). L’intensité de ces 

trainées croit comme le carré de cette composante. 


Dislocation 


3. COMPARISON AVEC LES RESULTATS 
EXPERIMENTAUX 
Expérience de Franks 
Si on pouvait réaliser dans un cristal des dislo- 
cations paralléles entre elles avec une répartition con- 
nue de leurs distances on pourrait essayer de prouver 
par cette comparaison |’existence des dislocations (s'il 


en était encore besoin). 


C, 
g 
> 
Fic. 4(a). 
2 
32 
128 
512 
ry 
} 
YA 
x, 
7 
Fic. 4( 
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Fic. 5. Schéma d’un empilement de dislocations sur 
des barriéres cristallographiques type Lomer-Cottrell. 


caleuler. En 


de la 
fait la loi de distribution des dislocations d’un empile- 


faire a l'aide d’une machine a 
ment exige que les distances entre les points tels que 
(’, ne présentent pas de valeurs plus fréquemment 
réalisées, 

I] semble done normal d’admettre que pour s > 8», 
t~ 500 A ces points seront répartis au hasard 


avec So 


du point de vue des rayons X. De méme, si nous con- 
sidérons l'ensemble des réseaux (Fig. 5) situés sur des 
plans (111) et une droite oz qui leur est perpendiculaire, 
les coordonnées Z, des différents plans qui les portent 
formeront une suite de nombres au hasard méme s'il 
existe grossiérement une fréquence de répétition dans 
réseau de Mott Si V est 


le nombre total d’éléments tels que CD; nous aurons 


les dimensions du initial. 


done: 


Ce que nous venons de dire revient donc simple ment a 
supposer que la répartition des dislocations ninflue 
pas beaucoup Sur la forme des courbe Ss dé diffusion 
centrale du fait de lVinexistence de périodicités. 

Si done ce sont des barriéres de Lomer-Cottrell qui 
retiennent les dislocations, on devrait trouver pour 
chacune des directions telles que [111], 6 disques per- 
pendiculaires & des directions telles que [110] c’est a 
dire trois fois la Fig. 4(c) avec le méme plan de glisse- 
ment. Ceci se traduira évidemment par des trainées 
plus fortes sur les normales aux plans tels que (111) 
reliées entre elles par des zones planes de moindre 
intensité puisque le plan défini par deux de ces nor- 
males est justement perpendiculaire a une direction 
telle que [110] c’est a dire coincide avec celui des 


disques. 


Mesures d’intensité diffusée prés du centre par un métal 
écrour 

Ces mesures ne prendront évidemment tout leur 
sens que si on a déja déterminé expérimentalement la 
forme des trainées de diffusion pour un monocristal 
légerement écroui. Elles ont été faites parplusieurs 


auteurs et en particulier par Schmoluchowski"™ et 


VOL. 5, 1957 

nous-mémes.'?) Nous avions déduit de ces mesures 
que la diffusion du métal écroui devait étre attribuée 
non a des dislocations. Franks a 


a des ecavités et 


d’ailleurs conclu, lui aussi, A l’existence de cavités. 
Cela tient 4 ce que pour les rayons X qui sont en l’oc- 
curence un moyen trés imparfait d’observation, toute 
fluctuation de densité est assimilable 4 des trous. Nous 
avions cru précedemment ‘*) (p. 64) étayer lhypothése 
des cavités par un calcul ot lon considérait des dislo- 
On trou- 


vait ainsi pour intensité diffusée 7 en faisant la méme 


cations rectilignes traversant tout le cristal. 


hypothése sur l’effet de la distribution au hasard des 


dislocations: 


N étant le nombre des dislocations. L’intensité obser- 


vée était environ 1000 fois trop forte. Le calcul de 
l’intensité moyenne diffusée a l'aide des formules du 
paragraphe précédent conduit 4 la méme formule mais 
N désigne maintenant le nombre d’élements tels que 
CD. Dans lancien calcul nous avions R ~ 3-108 A; 
l’intensité donnée par l’ancienne formule devant étre 
multipliée par un facteur 1000, c’est que la dimension 
moyenne des élements CD est de Vordre de 3000 A, done 
de la taille des mailles du réseau de Mott. 

l’effet 


métal écroui sur la diffusion et montré que les courbes 


Schmoluchowski a étudié du recuit d’un 
d’intensité diffusées étaient fortement affectées par ce 
recuit. Ces résultats montrent |’influence de la distri- 
bution des dislocations sur la diffusion, ils ne peuvent 
étre interprétés de fagon quantitative que si l’on 
la forme des 


vérifie d’abord qualitativement que 


taches de diffusion est correcte. 
APPENDICE 
Calcul de Vintégral 


Le domaine D étant sphérique nous poserons (Fig. 3) 


p q usin 


L’intégrale s’écrit alors: 


. < 


dq | + sin udu 
2 «WV 


En changeant 4 en 4, y on observe immédiatement 


queaintervient seulement par le facteur sin x. De méme 
le changement de [ en 


et de en —q@ montre que 


l’intégrale est une fonction impaire de (. On étudiera 


done seulement le cas € > 0. On pose alors: 


asin yp a>. 


r cos 9, a COS C 


L’intégrale s’écrit avec ces notations: 


2a + 2/2 *R 
do, dd | sin du. 
) J—n/2 J0 
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NY 
= 
I = NC? — 
I=N-|AP 
— 
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L’intégrale effectuée par rapport a u entre les limites 
0 et R donne: 


| cos (g y) 


cos (q y) | 


yp) cos y)) 


l 
cos (¢ 


(R 

Dans la suite du texte, la quantité entre parenthéses 
On continue le calcul en décom- 
y) cos p 
On décompose ainsi l’intégrale en deux parties; la 


sera désignée par { }. 


posant sin ~ en sin (q sin y cos (¢ y). 


premiére qui correspond au terme en cos y, S'accom- 
plit aisément car on observe que: 

| | sin cos (y—y) 
cos y) 


) l 
dq d- - 
2ajaR cos (¢ y) 


On effectue donc l’intégrale par rapport 4 g immédiate- 
ment et pour §, des calculs simples donnent le résultat: 


s 


La seconde intégrale s’écrit, en se rappelant que 


asin yp = ¢: 


9 


COs 6, do, | | 
7/2 


9 


J0 2ma* . 


On pose alors: a cos (¢ y) 


correspondance entre x et y n'est pas biunivoque. 


x et on observe que la 


Suivant que @ est plus grand ou plus petit que 7/2, on 
aura pour x en fonction de m passage par un maxi- 


mum ou un minimum. En tenant compte de cette 


CENTRAL 


DES RAYONS X 


remarque on arrive aisément a |’intégrale 
aos “a 


cos 277 Ra Rex sin 27 Rx 


En prenant @ comme variable a la place de 
trouve l’intégrale double: 


da 


cos 27 Ra 27 Re sin 27 Rx 


») 


Kn permutant l’ordre des variables dans cetté 
effectuer 


mte 


grale double, il reste a des sommations 


élementaires qui donnent comme résultat 


27Rs COS Ri 


Tr > C 


d’oti finalement en faisant la somme des deux inté- 


grales résultant de la décomposition de sin ¢ 


sina[l 1 cos 27 Rs cos 27 RC 
| 


Tr Ls 
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LETTERS TO 


On the Rate of Formation of Guinier-Preston 
Zones in Al-Ag Alloys* 

Jagodzinski and Laves™ pointed out that at low 

300° K) 

per cent Cu) alloys into Guinier- 


temperatures (e.g. segregates from 
Al-Cu (1-2 at. 


Preston zonest at rates many orders of magnitude 


ypper 


greater than calculated from the high-temperature 
I(T) the 


coefficients D,,, and temperature. 


relation De, between copper diffusion 
Recently it was 
shown':®) (in reference 2 read ~ for mw) that the 
rates in the temperature range 230 to 300°K are even 
greater than previously supposed. Several qualitative 
explanations for this rate anomaly have been offered 
as follows: 


enveloped by a 


been supposed” that the are 
field (e.g. 


greatly 


has zones 


stress or chemical) of 


sufficient magnitude to enhance copper 
diffusion. 

2. Seitz’ suggested that the diffusion is enhanced 
by lattice vacancies either retained during quenching 
or generated by plastic deformation which he assumed 
might accompany zone formation. 

3. One of us’) proposed that copper might drain 
to zones by diffusion along gliding dislocation chan- 
Hollomon‘® 


explanation for the motivation of such glide. 


nels: Fisher and have offered an 

Until now it had been assumed that the rates of 
segregation of silver from Al-Ag (2-10 at. per cent 
Ag) alloys into zones are in accord with those pre- 
dicted the high-temperature-silver diffusion 
coefficient relation, D,, = f(T). 


found a very rapid isothermal resistivity decrease, at 


from 


However, we have 


temperatures 210-300°K, in quickly quenched alu- 


minum alloys containing 2.5 = 0.025) and 


5 (z,, 0.085) at. per cent silver. We assume that 
the 


this is due to formation of silver-rich clusters 
which must be supposed to occur at an anomalously 


high rate. 

Zone formation was followed by a resistometric 
technique described elsewhere.'?) In this procedure 
the electrical leads are on the specimen at all times, 
including the homogenization period, so that the 
recording of resistance is begun immediately after 
the reaches bath The 


specimen temperatures. 


+ The term Guinier-Preston zones usually means solute- 
rich clusters which produce certain diffraction effects. In 
this paper the term is applied to solute-rich clusters whose 
existence is inferred from isothermal resistivity changes. 
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dimensions of the specimens were about 0-01 
3cm. 
Borelius'®) 

confirmed that the resistivity of Al-Ag alloys at 

300°K is much less (40 per cent less for x, 0.075) 

than that obtained by linear extrapolation of the 

the 


low 


noted and Kdéster and Knédler‘®) 


relation from above 
They attributed this 


state (presumably silver 


resistivity-temperature 
solution temperature. 
300°K resistivity to an e’ 
clusters plus solution) which was assumed to form 
during quenching. Walker and Guinier™® concluded 
from their X-ray investigation that in Al-Ag alloy 
quenched to 300°K most of the silver is in the form 
of small spherical clusters of nearly pure silver which 
are perfectly coherent with the matrix. They assumed 
that this segregation occurred during cooling. 
Apparently it has been supposed that the formation 


of Borelius’ e’ state, in alloys containing 2.5 or more 


at. per cent silver, is insuppressible by the available 


find that after 
quenching thin specimens (0.01-em thickness) from 


quenching methods. However, we 
above the solution temperature into a brine bath at 
228°K the 
linear extrapolation of the resistivity-temperature 
This result 


resistivity is slightly higher than the 


relation for the homogeneous solution. 
is shown in Fig. 1 for alloys containing 2.5 and 8.5 
at. per cent silver; the points at low temperature are 
immediately after Thus it 
appears that the formation of e’ was virtually sup- 


obtained quenching. 


pressed in these experiments. 


+02°5 at%o Ag 
Ag 


600 


400 


100 200 300 


Fic. 1. Dependence of relative resistance of Al-Ag solid 
solutions on temperature 7’, Ry, and R,,, are the resistances 
at 7’ and 800°K respectively. 
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At temperatures between 210 and 300°K the 
resistance of the alloys decreases, to as little as 0.85 
times the initial value, with increasing time. Figs. 
2 and 3 show the resistance-time relations at various 


temperatures for the x 0.025 and x,, = 0.085 


Ag 
alloy respectively. Here AR is the isothermal 


resistance change after time ¢ and f° is the 273°K 
resistance at t 0. (The specimens were homogenized 
at 823°K, quenched in brine at 228°K, and 
immediately transferred to an alcohol bath.) The rate 
of change of resistivity Ap with time, at constant 
T and x,,, is satisfactorily described by: 


d(Ap)/dt = k(t + 


where k and b are constants. It appears that, for a 
given temperature, k is nearly proportional to and 


is independent of Fic. 3. Dependence 
various temperatures ft y of 8.5 at pel 
aluminum. See Fig fo ition of AR and R 


clusters may be different in nature from Borelius 
e’, since in our experiments the resistivity falls to a 
value considerably higher than reported by Borelius 
for the e’ state. 


Jeerwald’s(! high-temperature diffusion co 
efficients of silver, pe in dilute (a 0.0126 


alloy are described by 


D 1.1 exp [—32.600/RT 


Ag 


At 228°K this relation gives D,, 
which is about 10!° times too small to account for the 
inferred rate of zone formation 
between calculated and measured 
+40-1°C in magnitude to that found for the AI- 

- lhe lattice parameters of pure silver and aluminun 
2 3 4 ° crystals are nearly equal There is little change 


Time min 
parameter upon formation of silver-ricl 


Fic. 2. Dependence of isothermal resistance on time 
various temperatures for alloy of 2.5 at. per cent silver in but we have no information on 
aluminum. AR R, R,, where R, and R, are the aluminum-rich allovs. However 
resistances at time ¢ and time zero respectively. F,° is the ; 

resistance of the specimen at 273°K and ¢ 0. 1.5, 


For a given silver concentration the isotherms 
differ only in their characteristic time-scale factor, 
f. As shown by Fig. 4, In (1/f) varies linearly with 
1/7' for both concentrations. (f was taken to be unity 
at 7 273°K for z,, 0.025 and dtT 237°K 
for 2,, 0.085.) These lines correspond to the 
apparent activation energies 12.0 + 2 keal/g atom 
for x,,=90.025 and 11.2+ 2 keal/g atom for 
x ,, = 0.085, which are very near the value 1) + 2 
keal/g atom found” for the low-temperature process 
in Al-Cu (x, = 0.02) alloy. 


It seems probable that the resistivity decrease is Fic. 4. Dependence 


“or upon temperature 7’ for 
due to the clustering of silver atoms. However, the activation energy. 
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that an appreciable stress field would be generated 
by cluster formation in the alloy. Also, the chemical 
energy (less than 9.5 keal/g atom of silver) seems 
the 
anomaly. There remain the more likely possibilities 


much too small to account for observed rate 


that the enhanced diffusion is brought about by 
dislocation glide or by defects either retained in 
quenching or generated by a type of field other than 
The spherical clusters inferred 


or chemical. 
by Walker and Guinier®® hardly could have formed 


stress 


by dislocation glide. However, clusters formed at 
lower temperatures, as in our experiments, may have 


a nonspherical shape formable by dislocation glide. 


D. TURNBULL 
N. TREAFTIS 


General Electric 
Research Laboratory, H. 
Schenectady, New York 
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A Re-examination of the Growth of Martensite 
in a 15 per cent Carbon, 5 per cent Nickel Steel* 


It was shown by Ko" that the tempering of a 
quenched 1-5 carbon—5 per cent nickel steel led to the 
appearance, on subsequent microscopic examination 
at room temperature, of light-etching rims around 
the previously formed dark-etching martensite plates. 
This was construed to mean that a coherent growth 
The 


differing 


tempering. 
the 


etching characteristics of the original martensite and 


of martensite occurred during 


explanation advanced to reconcile 
the lighter rims was that the latter formed towards 
the end of the tempering period and were thus 
exposed to the tempering treatment for a shorter 


time. As variations between 1 hr and 10 days in 
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the time of tempering at 100°C caused no significant 
variation in the number or size of the rims observed, 
nor in their etching characteristics, such an explana- 
tion would seem to be untenable. It was suspected, 
therefore, that either the rims were not martensitic, 
or that they did not form during tempering. With 
the object of removing these uncertainties we have 
repeated and extended Ko’s metallographic work, on 
a remnant of the same material. 

Following essentially Ko’s experimental procedure, 
specimens were austenitized in vacuo for 30 min at 
The 
very shallow decarburized layer which resulted from 
this 
by grinding on coarse emery-paper under a constant 


1200°C and then quenched into water at O°C. 


treatment was removed, prior to tempering, 


stream of water. Metallographic surfaces were 


obtained by electropolishing with an_ electrolyte 
consisting of ethyl alcohol, perchloric acid (sp. gr. 

1-4), and glycerine in the proportions by volume 
wey 


the electropolishing proved ideal in revealing 


The delicate etching which accompanied 
the 
existence of rims. 

After first verifying that the formation of rims 
could be promoted by ageing treatments between 
100°C and 350°C, experiments were directed to the 
investigation of their tempering behaviour. For 
this, a double ageing treatment was invoked; speci- 
mens were first aged so as to ensure the observation 
of white rims upon examination at room temperature 
and then subjected to a second treatment such that 
untempered martensite would be 
Fig. | 


martensite 


any previously 


rendered dark-etching. shows white rims 


formed on dark-etching plates in a 
specimen aged for 30 sec at 320°C and then cooled to 
1o°-C. After further for 1 hr at 100°C, a 


thin surface-layer was removed by electropolishing 


agelng 


and the field of Fig. 1 relocated. As shown by Fig. 2, 


1. White rim on tempered martensite plate after ageing 
for 30 sec at 320°C and then cooling to 10°C. 3300 


= 
é 
> 


TO 


after further ageing for 


3300 


Fig. | 


field as 
l hr at 


Fic. 2. The same 
the initially white rims have now darkened appreci- 
ably, though still remaining a lighter tone than the 
3 and 4 represent 
this 


however, the second ageing treatment was chosen to 


original martensite plates. Figs. 
the results of a similar experiment. In case, 
be more severe than the first, with the result that the 
rims became comparable in appearance with the 
original martensite plate. 

Numerous observations of the kind illustrated by 
these examples show that the rims are undoubtedly 
darkened during ageing. It was therefore concluded 
that they are, in fact, martensitic and that they 
cannot have formed at the ageing temperature. The 
the 


ascertained by experiments typified by the following 


temperature range in which rims form was 


example. A specimen was aged for 14 hr at 
100°C, cooled to 15°C, electropolished, and examined 
for white rims. Cooling was continued in steps of 


2°C; after each step the specimen was returned to 


room temperature, electropolished, and examined. 


White rims after ageing for 1 hr at 100°C and then 
cooling to 10°C. 2600 


Fic. 3. 


THE 


EDITOR 


Fic. 4. The field as Fig. 3 


5 min at 200°C, 


alter further ageing for 


2600 


same 


The first rims were formed between 12°C and 10°C 
and the number and size increased as the temperature 
was progressively lowered. After cooling to near the 
original quenching temperature (0°C), small bursts 
of white martensite were observed, these apparently 
being initiated by pre-existing rims (Fig. 5). Clearly, 
the appearance of the martensitic rims is a prelude to 
the formation of martensite in the usual morphology. 

These results confute Ko’s assertion that the rims 
formed at the tempering temperature. The formation 
of dark-etching bainitic rims upon the white mar- 
tensitic rims, cited by Ko in support of his contention, 
could not be reproduced. When, during the present 


investigation, bainite was formed by ageing at 


300-350°C, it was always recognized by the develop- 
ment of dark-etching rims directly upon the original 
martensite; white rims would then form elsewhere on 
cooling to near the original temperature of quenching 
It is thought that Ko’s illustration of bainite growth 
white rim (Fig. 4) is a 


upon a 


a white rim 
L700 


Burst of fresh martensite initiated from 
Aged for 1} hr at 100°C, cooled to 0°C, 


Fic. 5. 
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uncharacteristic observation and is probably due to 
some freak of etching or sectioning. 

As a the 
formation of martensitic rims after ageing at moderate 


consequence of present findings, the 


temperatures assumes a new significance in that it 
constitutes an enhancement of the normal athermal 


formation of martensite, transformation recom- 
mencing at a temperature above that to which the 
steel was initially quenched. This is in remarkable 
contrast to the usual effect of ageing a steel after 
partial transformation to martensite, which is to 
the 


further martensitic transformation. 


stabilize remaining austenite with respect to 


R. PRIESTNER 
Department of Physical Metallurgy Ss. G. 
University of Birmingham, England 


GLOVER 
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Force d’attraction exercée par une cavité 
sphérique sur une boucle de dislocation* 
Une 


durant 


étude sur la formation possible de cavités 


irradiation ou la trempe d’un cristal” 


nous a amené a considérer l’attraction qu’exer- 
ceraient de telles cavités sur les lignes de dislocation. 
Le calcul approché suivant montre cavité 
boucle de 
dislocation circulaire concentrique de rayon PX, 
une force moyenne F qui tend vers 0,4(ub?/P)X~4 
quand X tend vers l’infini, et vers 0,3 wb?/rP [1/(X — 1) 

0.355 In (X | 1.39 | tend 
La figure 4 
asymptotiques représentent assez bien la variation 


F(X), de d’autre de X 1 25 


(Les valeurs numériques des co- 


sphérique de rayon P exerce sur une 


quand X 


vers lunité. montre que ces valeurs 


exacte de part et 
respectivement. 
efficients sont données pour un coefficient de Poisson 
de 0,29.) 

1. Principe du calcul 

méthode des nous avons 


Il] utilise la images: 


caleulé la force exercée par la boucle de rayon. gt @ 


supposée dans un milieu homogéne, sur une sphere 
P. Nous 


de la boucle coplanaire, concentrique 


concentrique de rayon avons cherché 


le rayon Pa 


et de méme vecteur de Burgers, qui compense 


exactement cette force dans le boucle. 


plan de la 
Nous avons trouvé que l’ensemble des deux boucles 


exerce des forces faibles sur toute la surface de la 
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sphére. I] constitue done une approximation satis- 
faisante pour le probleme de la boucle de rayon PX 
en présence de la cavité de rayon P. La force exercée 
par la cavité peut alors étre remplacée par celle de la 
figure 4 


boucle de dislocation, ou sur 


dislocation image. La donne sa valeur 


moyenne sur toute la 


toutes les orientations possibles du vecteur de Burgers. 


2. Contraintes exercées par une dislocation circulaire 
sur la surface d’une sphére concentrique 

Nous calculons les contraintes exercées au point 

M du grand cercle du plan Oxz; ceci ne restreint pas 

la généralité, car nous prenons un vecteur de Burgers 


Les notations sont données par la figure 1. 


plan Oxy de la boucle. 
Soient 


queleonque dans le 


COS gq sin g 


rz 


, COS T,, 5M g 


z COS , Sin g 


les composantes de la contrainte sur le plan tangent 
ala sphere. Elles se calculent 4 partir des formules de 
Peach et 

dislocation 


Koehler.*?) Une intégration le long de la 


(intégrales en 4) permet ainsi de les 


exprimer en fonction des intégrales  elliptiques 


completes BE. K, B, et C dont on trouvera des tables 


dans le livre de Jahnke et Emde‘*): 


sin 


\(L 


2P cos” 


6 cos? — 4u(1 + 


6 cos” g ) 


4x? cos" ) E 
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Sphére 
M 
y 
PX Dislocation 
D 
x Vecteur de Burgers 
Fic. 1. 
EE 
— 
An 
Y2 
An 
ct 7, 
2L(x4 1) (a? 2 cos? 


"ERS TO 


b, sin g 


‘ 
2P cos” q 


9 


| 2?) 


7x 2 cos? 


3 


2 cos? ) 


L)E, 


3 sin? — 2(1 + 2?) 


L)x4 (2u(1 2 cos? 


6L sin? (u 


x*) sin* 


Dans ces formules 2 et uw sont coefficients de 


Lamé, et l’on a posé L enfin 


2x cos 
2x cos 


2x COS 


x") 


Cos 


2k?(3 


k2) 
2) B(k*) 


4x COS 


2x cos q 


Ces expressions ne sont pas valables pour g¢ r/2, 
mais dans ce cas les intégrales entrant en jeu sont 


élémentaires: 


Nous avons fait des caleuls numériques dans le cas 
1.4 


Les courbes I et II de la figure 2 montrent la variation 


ott le coefficient de Poisson vaut 0,29, soit L 


de la contrainte sur le plan tangent a la sphére pou 
change 

Nous 
avons done porté en abscisse et en ordonnée x | 
X et Ws moy(X) 


Nous pouvons éliminer exactement les 


q Dans ce Wo y) 


73 
de signe pour x | l’infini. 


en passant par 


et Ws moy(*) d’une 


d’autre part. 


part, 


THE EDITOR 


trainte/ 


Con 


0-1 0-4 
1 
x (courbelI), (courbeII),ys 


[= 


Fig. 2. Courbes Let II: Variation de la « 
(2/m - contrainte maximum) sur le paralléle ¢ 
du rayon Px ou PX (a l X ) de 
glokales Wa5° Ct Wooo, Sul les paralle les q 45° « 

dislocation PX et a son image. 


ontrainte 1 


en tonctior 
la dislocation ( 


ontraintes 


t 90°, 


contraintes en tout point de ce grand cercle, en 


associant a la dislocation extérieure une dislocation 


image de méme vecteur de Burgers intérieure A la 


la relation entre l’inverse 


Px de 


parties 


La figure 3 montre 
PX de la 


la dislocation 


sphere. 
dislocation et le 


La 


permet d’écrire x 


du rayon rayon 


des 
> 2/V 3X 


image. considération 


principales de y 


+3 poul 


On a reporté sur la figure 2 les conti 


moyennes exercées, le long des paralléles 


ensemble de la dislocatio 


Px. Les 


orientations pr 


et g pal 


de son imag 


moyennes ont 


toutes les ssibles, 


sur 
Oxy, du vecteur de Burgers 
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90° 
a+ ap 
= (1-4 + K(k), 
] 
l k2 | X — ©, et 
1+ —>(X 1) 0,43 (X 1)? In (X 
1.46 1)- pour X ] 
+ = 
3(1 3(1 k?) 
£5 
avec 
/ | 
Ws 0. 6 
ee Fic. 3. Relation entre le 1 n PX d | , 
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la courbe II montre que ces contraintes sont souvent 
plus faibles, et au plus du méme ordre, que les 
contraintes sur le cercle g 0 avant l’introduction 


de la 
pour ¢g 45> et 90 


image. Comme les contraintes 


portent sur des paralléles de 


dislocation 


rayon plus faible que celles pour ¢ 0”, elles peuvent 


étre raisonnablement négligées. On peut ainsi 


remplacer l’action de la cavité sphérique par celle 
de la dislocation image de rayon Px. 
3. Force exercée sur une dislocation par son image 
La force exercée en un point VW de la dislocation 
br 


encore au moyen des intégrales elliptiques B et K, 


exprime 


par la dislocation image, soit 5,7,., 
grace aux formules de Peach et Koehler pour 7,, 


(3 ~~ 


4a PX | 
(0,4¢4 


F 0.4 (1 t) E(k?) K(k?) 


2,8¢? + 2,4) BU 
(k2 3( 
t)3 


0,8(1 t)E(k*) + 0,8 K(k?) 


9 
COS* 


t)t? 


)|! 
A(A | 


(1 + t)* 
ou P, XP, et tXP sont respectivement les rayons 
de la sphére, de la dislocation et de son image; on 
4t/(1 + t)? et appelé « l’angle 


Burgers avec le 


a en outre posé k2 
du vecteur de rayon vecteur OW. 
La variation de la force lorsque cet angle varie, 
c’est a dire lorsque l’on se déplace le long de la dislo- 
cation, n’est pas tres considérable: par exemple 
pour X 1,25, F/(ub?/P) varie de 0,156 a 0,318. 
Une intégration en x donne une moyenne sur toute 


la boucle de la force image: 
ub? 
P t)?L1 


VOL. 


exercée sur la 
valeurs 


force moyenne 
tireté les 


Fic. 4. Variation de la 
dislocation PX par son 
asymptotiques. 


image; en 


Le coefficient de Poisson vaut ici encore 0,29. Prenant 
pour ¢X la valeur x de la figure 3, on trouve la force 
F(X) représentée sur la figure 4. Ses valeurs asympto- 


>a et X —1 ont été données plus 


tiques pour X 
haut. 

Je tiens a remercier Monsieur J. Friedel de m’avoir 
suggéré ce calcul et d’en avoir suivi le développement 
et la rédaction. 

P. CoULOMB 


Centre de recherches métallurgiques de 


l’ Ecole de s Mines de 


Paris 
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THE LATTICE SPACINGS OF CLOSE-PACKED HEXAGONAL 
Au-In, Au-Cd, AND Au-Hé ALLOYS? 


T. B. MASSALSKI 


The lattice spacings of close packed hexagonal gold-rich pl 
Au-Hg have been determined as a function of 
alloys, X-ray powder methods, and Geiger 
in the number of electrons per atom does not aff 
decrease of axial ratio in Au-Cd alloys and a consideral 
The changes in Au-In alloys have been verified at 
These phenomena may be interpreted in terms of inté 
Brillouin Zone faces both before contact with ther 


DISTANCES RETICULAIRES DES ALLIAGES HEXAGONAUX COMPACTS 
ET Au-Hg 

Les distances réticulaires des phases hexagonales « 
Au-Cd et Au-Hg ont été déterminées en fonction d 

Des alliages trempés ont été étudiés a l'aide de la diff 
et avec enregistrement au compte ur de Gelge! 

Les résultats montrent qu'un accroissement du nom! 
axial des alliages au-Hg; diminue légérement celu 
Au-In (avec changement de pente) 

Les modifications dans les alliages Au-In ont ¢ 
liquides. 

Ces phénoménes peuvent étre interprétésen fonctior 


adéquates de la zone de Brillouin avant cont 


DIE GITTERKONSTANTEN HEXAGONAL DIN 
Au-Hg-LEGIER 
Die Gitterkonstanten der hexagonal dicht« 
Au-Cd und Au-Hg wurden in Anhangigkeit 
bestimmt. Dabei wurden abfeschreckte 
Spektrometer benutzt. Die Ergebnisse zeig 
Achsenverhaltnis von Au-Hg nicht verandert, 
verhaltnisses fiihrt und in Au-In sogar 
Die Veranderung bei den Au-In-Leg 
fliissigen Helium bestatigt. Diese Effekte lasse1 


mit entsprechenden Flachen der Brillouin-Zone dé 


nach dem Uberlappen 


1, INTRODUCTION 

Many intermediate phases of the electron compound 
type (Hume-Rothery phases) crystallize in the close- 
packed hexagonal structure. The stability of such 
phases is known to depend primarily upon the elec 
tron concentration, but is also influenced by the tem- 
perature and by the size-factor relationships between 
solute and solvent atoms. The term electron con- — stabl 
centration (hereinafter called e/a) denotes the ratio in the systen 
of all valency electrons to the number of atoms in the — interrupted 
alloy. phase, at \ 

Phases with the close-packed hexagonal structure 
(hereinafter called the c.p.hex. structure) are stable in difference between 
the systems of copper and silver with elements of change of properti 


content and altered 


* Leceived September 9, 1956. Studies ol lattice 
Institute for the Study of Metals, University of Chicago axial itio of the e.p 
Now at the Department of Physical Metallurgy, the University, , 
sirmingham 15, England. depend upon the range o 
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phase is stable.-® Alloys in which e/a is approxi- 


mately greater than 1.4 have axial ratios that de- 


crease with further increases in e/a. This behavior 
has been interpreted qualitatively in terms of the 
Brillouin Zone overlap mechanism of Jones.©:7.®) It 
is significant, however, that in alloys where e/a does 
not change with composition, as for example along 
certain lines in a ternary system or 
equal valency in some binary systems, the axial ratio 
also does not change.‘*9:1) 

It has been suggested recently that interaction 
between the Fermi sphere and the Brillouin Zone 
discontinuities may occur before zone overlaps take 
place.{Y) In c.p.hex. alloys, this kind of interaction 
may be possible at low concentration of solute atoms, 


1.4. There 


exist only a few phases with c.p.hex. structure in 


i.e. for e/a values below approximately 


this range of e/a: a series of Li-based, Li-Mg primary 


solid solutions. which undergo a martensitic trans- 


formation into a c.p.hex. structure at low tem- 


peratures,”*) and intermediate phases in 
Au-Cd.44:15 and Au-He.6.17 
lished experimental data for these phases appeared 


systems 


The pub- 


contradictory and insufficient to be used as a test of 
For 


this reason the lattice parameters of these phases 


possible influences of the Brillouin zone and e/a. 


have been redetermined by precision X-ray powder 


methods and Geiger counter diffractometry. 


2. EXPERIMENTAL 
2.1. Casting and heat treatment of alloys 
The purity of metals employed is shown in Table 1. 
All alloys were cast in small ingots, of 1-3 g in 
melting carefully weighed amounts of 
tubes of 


weight. by 


metals in sealed, thin-walled 


‘Vy cor,” 


Details of this technique have been pub- 


component 


fused quartz or under reduced pressure of 


helium. 


18 


ished earlier A few alloys were analysed chemi- 


cally, the obtained values being in agreement with 


TABLE 1. Purity of metals used 


Purity 


Nominal pl 
impurities detected 
0-005 per cent, Ag 
0-02 pel cent. 


irity 99.99 wt. per cent Au. Principal 
spectroscopically; Cu 


0-01 per cent, Pb 


Cd, with 
Afterwards 


Nominal 


principal 


purity 99.96 wt. per cent 
impurities Zn and Pb. 
zone refined by forty-two passes. 
Nominal. purity 
impurities Pb and Cu. 


Indium 99.97 wt. per cent In. Principal 


Spectroscopically standardized high-purity Hg, 
supplied by Johnson, Matthey and Co. Limited. 


Mercury 
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with metals of 
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the intended compositions within the errors of 
chemical analysis. 

In casting of Au-Hg alloys, certain difficulties were 
encountered, because on quenching or slow-cooling, 
the solidifying alloy suddenly erupts, filling the whole 
space of the sealed-off quartz tube with a sponge-like 
segregated mixture of non-equilibrium gold-rich and 
mercury-rich phases.* This could be prevented, how- 
ever, if after melting and vigorous shaking of the alloy 
the quartz tube was held vertically and cooled in 
air while the empty end was maintained very hot 
(~1000°C) by an applied torch flame. Some loss of 
mercury was unavoidable in the use of this procedure 
and the alloys obtained were sometimes segregated. 
However, X-ray filings taken from different portions 
of each alloy showed that true equilibrium was 
reached after prolonged homogenization of 3-6 weeks 
at 379°C cold 


crystallization. All alloys 


intermediate working and re- 


Au-Hg 


with 
were analysed 
chemically. 

Annealing was performed in tubular resistance 
controlled to Ldac 


individually in Pyrex tubing that shattered on quench- 


furnaces alloys being sealed 


ing in iced brine at the end of each anneal. 


9° 


moms X-ray work 

Au-In alloys were investigated mainly by powder 
Debye-Scherrer method, using a 11 cm camera with 
the Straumanis film arrangement and CuK, filtered 
radiation. Specimens in the powder form were 
quenched from the same temperature as the annealed 
lump alloy. 

In order to study line shapes, most Au-Cd alloys 
and some Au-Hg alloys were investigated by means 
of a G.E. 


counter, monochromatized Cu, radiation, and a 


X-ray diffraction unit, using a Geiger 


flat powder specimen. 

The parameters of Au-In alloys were also measured 
at temperatures of liquid nitrogen and liquid helium. 
This was done in a low-temperature X-ray spectro- 
meter designed by Barrett, Long, Meyer, and Walker, 
at the University of Chicago.*) 

The 
alloy were evaluated by straight-line extrapolation 
of the last high-angle reflections against the 
Nelson and The “c”’ 


values were then calculated from the evaluated ‘‘a”’ 


lattice parameter and axial ratio of each 


eight 


(22) 


Xiley function.‘?? parameter 
and c/a values. All parameter values are reported in 
the 
assumed for the CuX, radiation 

Cuk,, = 15405006 A 
1-5443412 A 


angstrom units based upon following values 


* Similar difficulties are reported by other workers.'1%?° 


Metal 
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2.3. Metallographic work 
All alloys were examined metallographically after 
the final homogenizing treatment, using polarized 


light and special etching techniques. 


3. EXPERIMENTAL RESULTS 
Fae system gold-indium 

Nine alloys studied in this system consisted of a 
single c.p.hex. phase after homogenizing for 8 days 
at temperatures between 398 and 500°C according 
to composition. This agrees with the work of Kubas- 
chewski and Weibke.“*®) who suggested that the 
width of the phase extends between 15.7 and 20.2 at 
per cent In, at room temperature. 

The lattice parameters, at room temperature, and 
composition of alloys are plotted in Fig. 1. The axial 
ratio decreases throughout the whole width of the 
c.p.hex. phase, the decrease being more rapid when 
e/a reaches values above approximately 1.36. 

The most striking feature in this system is the 
change of the ‘“c’’ parameter. As indium content is 
increased, the “‘c’ parameter at first increases and 
then shows a decrease, a maximum occurring in the 


region of e/a > 
Electron concentration 
1-4 


ch 
Au-in 


binary system 


2.9200 
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Fic. 1. Variation of lattice parameters of Au-In c.p.hex 
alloys at room temperature, as a function of composition 
and e/a. 
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The parameters of alloys A2, A5, A7, and A9 
were re-examined at temperatures of liquid nitrogen 
~77°K) and liquid helium (~4°K). The results are 
plotted in Fig. 2, together with the room-temperature 
values for compariscn. It is striking to note that no 
of 
alloy A2, at gold-rich end of the c.p.hex. phase, 


change axial ratio with temperature occurs in 
while a gradual rise with temperature is observed 
in alloys A5, A7, and A9. The general trend in the 
parameter changes observed at room temperature is, 
however, maintained. 

The present results differ considerably from those 
the of 


Weibke,“*) based upon two alloys, of which one, at 


predicted by work Kubaschewski and 
composition of 11.45 at. per cent In, must have con- 
sisted of a mixture of two phases, c.p.hex. and f.c.c. 
According to these authors there should be a very 
steep increase in the axial ratio across the c.p.hex. 


phase, and this was not observed. 


3.2 The syste m gold-cadmium 


The composition and lattice parameters of all 
alloys are plotted in Fig. 4. Alloys BI—B5 were homo- 
genized for 8 days at 439°C, and B6 and B7 for 
8 days at 591°C. Gold-rich alloys cast within the 
composition region previously reported as consisting 


(14,15) were found to consist 


of a single c.p.hex. phase 
Fic. 3 shows a 
This 


resembles similar microstructures obtained when the 


of two phases after homogenizing. 


typical microstructure observed in alloy BI. 


ACTA METALLURGICA, 


VOL. 5, 1957 
Electron concertration 
1-23 1:30 
Au- Cd binary system | 
ofa | 


1:37 


Two phase field 


> 


| 
| 
| 
| 


Two phase field 
? 


Parameter 


oq 2:9200 


‘a’ Parameter 


Atomic ‘/e cadmium 


Fic. 4. 
alloys at 
and 
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two precipitating structures, ¢.p.hex. and f.c.c., had 
nearly identical lattice spacings in the closest-packed 
planes.'*8) Only a trace of precipitated second phase 
could be observed in alloy B2, and alloys B3, B4, and 


B5 were single phase. 


110 
28 


diffraction patterns of alloys Bl, B2, 


and B3 in the system Au-Cd at room temperature. 
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The present results differ from those of previous 
investigators,“4;15) who report an increase of the axial 
ratio in c.p.hex. alloys with the rise of cadmium 
content. 

Both the metallographic and X-ray work indicate 
that gold-rich alloys, Bl and B2, were not single- 
phase after annealing and quenching from 439°C. 
In fact, X-ray diffraction patterns obtained from these 
alloys show progressive broadening and_ splitting 
of certain lines indexed as c.p.hex. Thus lines 10.1, 
10.2, 10.3, 10.4,* 10.5,* 20.1, 20.2,* 20.3, 20.4, 21.1, 
21.2,* 21.3 are broad in alloy B2 and possess side- 
lines in alloy B1, and lines 00.2, 00.4, 00.6, 11.0, 11.2, 
11.4, and 30.2 show relatively unchanged intensity 
and sharpness, apart from 00.2, which has increased 
in intensity. Bystrom and Almin"® also observed 
broadening of certain lines in Debye-Scherrer films 
of gold-rich alloys and decided that this was due to 
the faults. When, 
the X-ray diffraction is studied in the form of a 


presence of stacking however, 
continuous pattern, as shown in Fig. 5, finer details 
are revealed. These will be discussed below. 

The system gold-mercury 
The axial ratio values reported in this system by 
1.638 to 1.645, with an 


“ec” parameter from 


Pabst"® show a rise from 
accompanying rapid rise of the 
4.758 A to 4.801 A. 


by Stenbeck,“” who found an almost constant axial 


These results are not confirmed 
1.647) within the homogeneous region, 


ratio (c/a 


Electron concentration 


Au- Hg 
Binary system 


arameter 


od 2:9180; 


| 


"a" parameter 


| 
| 


30 


2-910) 


° 


Atomic mercury 

Fia. 6. 
alloys at 
and e/a. 


Variation of lattice parameters of Au-Hg c.p.hex. 


room temperature, as a function of composition 


* Reflections marked with an asterisk are too 


decide if they possess side-lines. 


axial ratio. 
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and only a very slight rise in the ‘“‘c’’ parameter 


Of seven alloys studied in this system, four (C4, C5, 
C6, and C7) consisted of a single ec p hex ph use altel 
annealing for over 30 days, at 379° 
X-ray 
three alloys Cl, C2, 


after this long annealing. 


Met ulographic 


and investigation showed that the remaining 


and C3—consisted of two phases 
sured in 
Fig. 6. The 


Stenbeck but the 


The composition and lattice parameters m¢ 


homogeneous alloys are plotted in 


present results confirm those of 


ixial ratio is found to be slightly 


higher, 1.6485 instead of 1.647 


actual value of the 


ixial 
broad 
the 


In all cases in this work calculations of the 


ratio from patterns in which some lines were 


or divided were not reproducible, even if only 


sharp lines were used 

4. DISCUSSION 
‘3. Measure Vile nt of the axial ratio in two-phase alloys 
or single phase alloys that show ce rtain hroad eflections 


In order to achieve high precision, it was necessary 
X-ray 


an extrapolation 


to use as Many reflections and to 


possible 


employ procedure. The problem 


of selecting reflections for calculation of the axial 


] 


ratio becomes important the measured alloy 


consists of two phases or when certain lines are broa 


The two phases concerned in the present 
Cc p.hex and f.c.c. Since the high axial ratio 
c.p.hex. 
the ‘‘c’’ 


respective 


phase results chiefly from the expansi 


parameter, the difference petweel 
spaciigs ot | 


30.0 reflect 


small, and the c.p.hex 
nearly overlap with the f.c.c. 333 and 422 reflect 


impossible 


For this reason it appears 


l 


accurately the parameters of the c.p.hex 
a two-phase alloy of this kind 

The inspection of Fig 
Au-Cd alloys, Bl 


cannot be interpreted solely 


and the diftract 


is resulting 


ture of two phases i.c.c. and p.nex 


The observed line broadening satisfies 


relation (h K) on 


that it is associated with 


faults in the « p hex ph ise 


present in a structure with 


ideal, i.e approximately 1.65, 
not only in an altered sequence o 
packed planes, but also in a chai 


tenamg tt 


within the produced fault 

Hence the resulting measured 

may depend upon the amount of faults present 
The 


broadened c.p.hex. reflections, seen in Fig 


gradually developing side-bands in 


= 
1*6500} 
5 ‘7a Di 
5 } a I 
oO Se 
48100 od 
| tne r 
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The Brillouin zone for the 

-p.nex. structure 
at diffraction angles corresponding to neither the 
f.¢.¢. 


the e.p.hex. reflections. 


nor ¢.p.hex. phase and are associated only with 
effects 
The 


specimen oscillating technique showed in that case 


Somewhat. similar 


were observed by Barrett’? in Cu-Si alloys. 
that such symmetrical maxima occurred along streaks 
10:1, 10:2, 


such streaks having been previously identified as 


through certain reflections. 


characteristic of stacking faults in the closest-packed 
planes 
The 


in alloys where changes of solute distribution within 


above effects resemble side-bands observed 


the matrix occur before the 


second phase. It is therefore possible that in 
some alloys of the present investigation the c.p.hex 
phase ol both single- and two-phase alloys undergoes 
further incomplete matrix segregation on quenching. 
Such a non-equilibrium condition would then cer- 
tainly affect the measured values of the lattice para- 
meters and the axial ratio. In the subsequent dis- 
cussion only axial ratios obtained from homogeneous 
considered. 


c.p.hex. alloys will be 


4.2. Influence of the Brillouin lattice 


paramete rs of C.p hex. alloys 


ZONE upon 


The Brilloum zone for the c.p.hex. structure is 
shown in Fig. 7 


the 


Overlaps of occupied quantum 
of this 
neen dis« USSE d In the lite rature., for the case of € and 


u-Zn phases, 7 


states across different faces have 


Zone 


9) 


magnesium alloys," >? and. close- 


packed hexagonal electron compounds. In general. 
it is believed that an onset of an overlap can result 
in the expansion of the lattice parameter in the 
direction affected by the overlap. 

for the metals con- 


one for Au, Ag. Cu. 
three for Ga. In. etce.. 


If the conventional valencies 


cerned are employed two 


Zn, Cd, Hg. 


hanism can be used to interpret the decrease of the 


the overlap mec- 


axial ratio with e/a in phases where e/a lies approxi- 
mately between 1.4 and 1.8. In that region the de- 
crease is probably connected mainly with a gradual 


increase of overlap of occupied quantum states across 


onset of precipitation of 
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the A (or 100) faces of the Brillouin zone, and the 
accompanying expansion of the ‘“‘a’’ parameter. The 
lowest axial ratio reached is approximately 1.55. 
Onset of the overlap across the B (or 002) faces of 
the zone results in an initial high axial ratio, about 
1.8, in the 7 phases based on Zn or Cd, and a con- 
tinued increase of axial ratio with further rise of e/a 
in these phases.'*.»” This is achieved mainly by the 
expansion of the ‘‘c’” parameter of the structure. 
Judging by the relative magnitude of the axial ratio 
distortion, B overlap is more effective in producing 
distortion than is A overlap. 

Goodenough" suggests that an interaction between 
the Fermi sphere and Brillouin zone faces may also 
of e/a, before zone faces are 


occur at low values 


touched. The effect of such an interaction would tend 
to expand the c.p.hex. lattice in the direction affected 
by the interaction, similarly to the overlap effect 
proposed by Jones. 

If one assumes that the Fermi sphere retains a 
spherical shape as e/a is increased, then for an ideally 
close-packed structure, the three important faces of 
the zone, A, B, and C, will be reached at e/a values 
near 1.14, 1.36, and 1.67 respectively.“!:3)) Therefore, 
interaction ot the kind prop sed by Gocdenough may 
be expected to occur at values somewhat smaller than 
1.14 in the case of A faces, and 1.36 in the case of B 
faces. In the first case one would expect a slight 
decrease of the axial ratio due to expansion of the 
“a” parameter, and in the second case an increase, 
due to expansion of the “‘c’’ parameter. 

The axial ratio values in the three systems reported 
in this paper, together with the results obtained by 
Stenbeck and Westgren for Au-Sn‘?)) 


The general trend indicated is that the initial 


are shown In 
Fic. 8. 
observed axial ratio in the region studied is distorted 


from the ideal value to about 1.648 and remains 


fairly constant afterwards until e/a 1.3 is reached. 


| 
Au-Hg 


fe) 


axial ratio 


(Ya) electron concentration 


Fic. 8. Variation of axial ratio with e/a at room tem- 
perature in systems Au-Hg, Au-Cd, Au-In, and Au-Sn 
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Then it begins to decrease, at first slowly and after- W. Hume-RorHery 

und H. K. PACKER 
wards rapidly, the largest change occurring in the 3. A. WESTGRE? 
vicinity of e/a 1.36. Near this value, the homo- 1928 


J. SMITHELLS 


geneity of the Au-Cd phase terminates, that of Au- 5 TB 


and 
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Sn begins, while Au-In alloys show a definite change 1955); Cleveland (1956 

ae K. LOuBEeRG Z. Metallk. 40, 68 (1949 
in lattice parameters and axial ratio, both at room 7. H. Jones Proc. Roy. Soc. A147. 396 
temperature and at very low temperatures. It is Phil. Mag. 41, 663 (1950 

G. V. Raynor and T. B. Massa 
1955 

the ‘“‘c”’ parameters increase in both Au-Cd and Au-In 9. G. V. Raynor = Prov 

1940 
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Goodenough is responsible for the initial rise of Min Metall.) Engr 


axial ratio to 1.648 in the low e/a region, it may be 44, 870 
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If, as seems likely, the mechanism proposed by 


1938 
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COMPARISON OF DISLOCATION DENSITIES OF PRIMARY AND 
SECONDARY RECRYSTALLIZATION GRAINS OF Si-Fe* 


G. DUNN? and E. F. KOCH? 


Single crystals o “e (31 per cent Si) were cold-rolled and annealed to obtain both primary and 
secondary crystallization structures. The dislocation densities of the primary and secondary recrystal 
lization gri 3; were measured by an etch pit method, which also disclosed considerable variation in etch 
pit density among the primaries and in many instances within individual primaries. The average 
dislocation densities were 2 107 lines/em? for primaries and 2 10° lines/em? for secondaries, which 
indicates that primaries on the average are less perfect than secondaries. 

The effects of the observed difference in dislocation density on the driving force for growth in the 
initial and also in the later stages of secondary recrystallization were considered. Calculations indicate 

critical size for growth of a grain in deviating orientation which is substantially above the average size 
of primaries. The difference in dislocation density contributes approximately 8 per cent to the driving 
force of a large secondary in the Si-Fe studied. 


COMPARISON DES DENSITES DE DISLOCATIONS AU COURS DE LA 
RECRISTALLISATION PRIMAIRE ET SECONDAIRE DE GRAINS DE Fe-Si 


Des monocristaux de Fe-Si (3,25°, Si) ont été laminés a froid puis recuits pour provoquer & la fois les 
structures de recristallisation primaire et secondaire. Les densités de dislocations des grains de recristal 
lisation primaire et secondaire ont été mesurées par la méthode des piqtres de corrosion, qui par ailleurs 
montre de ariations importantes de la densité des piqures entre les grains de recristallisation primaire et 
souvent aussi au sein d'un méme 

vennes de dislocati 2.107 lignes/em? pour les grains primaires et 2. 10° lignes 

es, ce qui permet de conclure a | imperfection moyenne plus grande des cristaux 
1uteurs ont observé les effets de la différence en densité de dislocations sur la valeur de la 


stades initiaux et finaux de la recristallisation secondaire. 


ille critique de croissance d’un grain dont lorientation différe de la 

a la taille moyenne des grains primaires. 
érence de densité de dislocations intervient approximativement pout 


ire & la croissance d’un grain secondaire important. 


VERGLEICH DER VERSETZUNGSDICHTEN PRIMAR UND SEKUNDAR 
REKRISTALLISIERTER KORNER IN SILIZIUM-EISEN 


Eisen (34 Si) wurden kaltgewalzt und geeigneten Gliihbehandlungen unte1 
ch sekundar rekristallisiertes Gefiige zu erhalten. Die Versetzungs 
sekundir rekristallisierten K6rner wurden mit einem Atzgriibchen-Verfahren 
} . daB die Atzgriibchendichte zeischen verschiedenen primar kris 
Fallen selbst innerhalb ein und desselben Korns betrachtlich 
1 wurden 2.107 Linien/cm- fiir primar und 2. 10° Linien/cm- fiu 
woraus hervorgeht, daB die primar rekristallisierten im 

ekundar rekristallisierten. 
nterschiede in der Versetzungsdichte auf die treibende Kraft des 
den spateren Stadien der sekundaren Rekristallisation werden 
n ergeben eine kritische GréBe fiir das Washstum eines Korns mit abweichende1 
g, die wesentlich gréBer als der mittlere Durchmesser der primaren Korner ist. Der Unter- 
Versetzungsdichte liefert einen Beitrag von etwa 8% zur treibenden Kraft eines groBen 

ersuchten Silizium-Eisen. 


INTRODUCTION they recrystallize again, but to coarse-grained 


suitable conditions, certain polycrystalline structures. These phenomena are called primary and 


alloys and also single crystal materials can secondary recrystallization respectively, and the 
be cold-rolled and recrystallized to obtain sharp 


grains produced are called primaries and secondaries. 
textures and fine-grained structures.“: 2) When such Theories on secondary recrystallization have been 


materials are annealed further at high temperatures, advanced;": 3: 1,5) that of Rathenau and Custers‘® 


considers that the internal state of secondaries is more 


pra perfect than the internal state of primaries. Guinier 
1 Laporatory, Sc es 
and Tennevin’” examined Ni-Fe samples used by 
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Rathenau and Custers and found, however, no 
difference in the perfection of primaries and secon- 
daries, their method of focusing X-rays at a large 
distance providing an accuracy of 15 sec of are in the 
orientation spread of reflecting plane normals. 

In the present investigation an etch-pit technique, 
Hibbard 


revealing the sites of individual edge dislocations, was 


which and Dunn‘) found satisfactory for 


used to obtain data on the density of dislocations within 
The 


results to be described show that primaries have the 


primaries and secondaries of Si-Fe samples. 


higher dislocation density and, therefore, are the less 
perfect of the two kinds of grains. Calculations are 
also made to determine the effect of the imperfections 


on secondary recrystallization. 


EXPERIMENTAL PROCEDURE 

Original stock for obtaining primary and secondary 
recrystallization structures consisted of suitably 
oriented single crystals of silicon-iron (3.25 per cent Si). 
The crystals were grown to predetermined orientations 
by the strain-anneal method, using a hydrogen-atmo- 
sphere high-temperature-gradient furnace of 1200°C 
maximum temperature. The orientations of the five 
crystals used in the present work are listed in Table 1. 
All crystals were cold-rolled to a reduction in thick- 
ness of 70 per cent. 

In a number of separate experiments it had been 
that the 
crystals was probably under 0.001 per cent and was 


found carbon concentration in as-grown 


too low, based on tests and the work of Suits and 
Low,” for the proper application of the etch-pit 
method. Suits and Low found that a certain amount of 
carbon is required if etch pits are to form at the sites 
of edge dislocations during electroetching in a chrome 


acetic acid bath. A suitable level of carbon, namely 


about 0.004 per cent, was introduced into each 


specimen by heating to 770°C or to a higher tempera- 


TABLE 


Crystal Initial orientation 


Rolling 


Rolling plane 
direction 


COMPARISON 


Initial crystal orientation, ma 
treatment to obtain the prima 
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ture 1n a measure d quantity oT low pressure acetyl 
had 
pri- 


the manner of 


In order to determine whether the carbon addition 


any significant effect on the perfection of the 
studied 
Table | 


duced either before the cold-rolling or at a subsequent 


m and secondaries being 
adding the carbon was varied being intro- 
The treatment for crystal No. 5 was 30 min in 


after the 


point. 
low-pressure acetylene at primary 
recrystallization structure had formed at 980°C 


Although the 


wi irked 


annealing treatments changed the 


single-crystal structures into fine-grained 
a separate confirmation ol 
X ray 
method also showed a complete change in the texture 


Table |] 


recrystallization. 


polycrystalline structures 
recrystallization was made using X-rays 
lists the annealing treatments for primary 


Secondary recrystallization was 
obtained by annealing at 980°C for prolonged periods 
of time. 

RESULTS 
| to 7 show a number of microstructures after 
Th 


defined boundaries and, according to ASTM grain-size 


Figs 


primary recrystallization. primaries have well 


standards, have an average diameter of ipproxl 


mately 30 u. There are etch pits within the primaries 
ot edge 


Also considerable variation in etch pit 


and these are taken to indicate the presence 


dislocations. 


density within individual primaries; so the 


observed 


occurs 


dislocation density of any given primary 
must be viewed only as part of the three-dimensional 
structure. 

The 
provided the following information 


3 tol crystal No l 


temperature ol recrystallization 


manner of adding the carbon to obtain etch 
The series show 


reveals no due to 


Fig. 4 for crysta 


in Figs. |] 


No. 2 shows substantially the same structure 
erystal No. 


-carbon crystal the carbon elng 


but here the c olling is done 


low added during 


anneal Figs. 1, 5, and 6 differently 


uring anneal 


tore 
tore 


Subse quent 


»anneailn 


1957 
oriented 
t tion structur 
l L110 LOO Before cold-rolling min 1u 
l L110 LOO Before cold-rolling 1 min 90 1u 
110 Before cold-rolling min 77 
2 110 LOO treatment min t 
3 332 113 Be min 980°C 
5 332 113 treatment min 980°C 
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Fic. 1. Microstructure of crystal No. 1 after Fic. 4. Microstructure of crystal No. 2 after 
a l min anneal at 980°C. Chrome acetic acid a 1 min anneal at 980°C. Carbon added during 
electroetch. 500 anneal. 500. 


Microstructure 


icrostructure 
min anneal 


min anneal at 900°C, 


Microstructure of crystal No. 1 afte “1a. 6. Microstructure of crystal No. 4 after a 
a 35 min anneal at 770°( 500 1 min anneal at 980°C. 500. 
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Microstructure of crystal No. 5 after : 
980°C and a carbon addition tre 
500. 


Fic. 7. 
anneal at 


effect due to 


Finally, Fig. 7 shows that the carbon 


original crystals, show no marked 
orientation. 
may be added after the primary recrystallization 
structure has formed, with essentially the same result. 

In some areas of crystal No. 1 secondary recrystal- 
lization had begun during the 1 min anneal, and Fig. 8 
shows such an area. The secondary shown in the 
micrograph is clearly more perfect than most of the 
(That 


deviating orientation from the strong-textured matrix 


surrounding primaries. the secondary is in 
of primaries may also be inferred from the very large 
angles opposite junctions with boundaries of the 
primary structure.) 

Fig. 9 illustrates a structure selected for a deter- 
mination of the dislocation density of the primaries 
of crystal No. | after a 1 min anneal at 980°C. In an 
area of 100 cm? at 1000 


therefore, an average dislocation density of 2.0 LO? 


, there were 2038 pits, giving, 


lines/em*. One area of 36 mm? contained 32 pits, and 


thus a density of 9 x 10% lines/em*; this density may 


be taken as the upper level found in the present work 


8. Microstructure of crystal No 


anneal at 980°C. Different area from 


COMPARISON 


OF DISLOCATION DENSITIES 


Fig. 10 illustrates the structure of a secondary in 


crystal No. | after a 30 min vacuum anneal at 980°C 


which completed secondary recrystallization The 


measured density of dislocations in secondaries was 


10° lines/em*: this density is an order of magnitude 


l 


ind is about the sam«e 


Hibbard and 


less than that in the primaries 


is the dislocation density fo 


Dunn‘® in undeformed silicon vstals 


DISCUSSION 


Grain rlection 


bin pe 


subgrains 


If a distribution with half- 


assumed 


Gaussian 
for the orientati of the 
following relationship between and 


density, p, is obtained 


h Is Bure rs vector and 


where 


subgrain boundaries. The formu] 
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it nt at | ‘ i 
I allizs nm ¢ LOOO 
5 
Sul rams the 
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by Gay et al.,2® except for a correction involving the 


average disorientation which is clarified in the 


Appendix. 
If a the 
represents the subgrains reasonably well, the above 


random distribution of dislocations 


equation can be transformed to give 


p (2b? In 2)= (4.3557) 


This relationship is to be contrasted with p = p 
(967), which Kurtz et al.“” obtained from the equation 
of Gay et al. 

Solving for f in seconds of are gives 


Bp = 4.3b V p x 10° 


Substituting the values of the dislocation densities 


found in the present work and using 2.47 10-5 em 


for Burgers vector gives 48 sec for the half-width of 


primaries and 15 sec for the half-width of secondaries. 


Energy density due to grain imperfections 

An energy density, €,, can be calculated if the energy 
per unit length of dislocation line is known. Dunn 
and Aust ") obtained a value of 14 « 10-4 ergs/em 
for the energy of a single edge dislocation in Si-Fe 
when the dislocation density averaged approximately 
107 lines/em*?; so 14 x 10-4 may be used here provided 
a volume correction factor of 2 is also used (see ref. 12). 
The value of ¢,”, for primaries, with a measured density 
104 ergs/ 


10° ergs/em?. 


of 2 x 10% lines/em?, accordingly is 5.6 
while for secondaries, is 5.6 
The difference in energy density, which would be 
available as a driving force for growth of a secondary 
104 ergs/cm?. 


is «,” — e,* and this is approximately 5 


Energy density due to boundaries of primaries 

If r is the average radius of primaries and if y is the 
average specific grain-boundary energy, then the 
energy density, €,, due to boundaries is k y/r, where k 
is a geometrical factor near the value 2 (the value 2 
will be used hereafter). When, as in the present case, 
the texture is strong, y is appreciably below the speci- 
fic energy of a high-angle boundary, so it becomes 
necessary to find some reliable estimate of the proper 
value to take. Following Dunn and Aust.) a value of 
Y» Of 10° ergs/em? will be taken as the specific energy 
of a high-angle boundary, and, according to the 
Shockley-Read dependence of energy with angle of 
misfit, y,, may be taken as the maximum value reached 
when the disorientation is 25°. 

Dunn"*; 14) has reported a normal, but bivariate, 
distribution, for the (110) poles in each isolated pole 
concentration of the texture. In one instance of a sharp 
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as-recrystallized texture (which corresponds to the 
texture of crystal No. 1 of the present work after the 
| min anneal at 980°C), the standard deviations o, 
and o, found were 3.2° and 2.3°, respectively. What 
is needed here, of course, is the distribution of pairs of 
poles, since two poles per grain are required to deter- 
mine each orientation. Lacking this information, let 
us assume, as Gay et al.“ do, a Gaussian distribution 
of the orientations so that each orientation can be 
referred to a mean position. Thus the probability 
that the orientation of a given grain will be at an angle 
@ to the mean orientation will be proportional to 


exp (— 6?/2o07) d@ and that the orientation of a neigh- 


boring grain will be at an angle ¢ will be proportional 
¢*/20*) df. The probability that both grains 
will be simultaneously at the angles 9 and ¢ is, there- 
/207] dQ dd: this 
product can be used to obtain an average of the 
disorientation ( 4 d ) 

provided o is known. Based on experimental values 


to exp ( 
fore, the product exp [—(# 
or an average value of y, 


of o, and a, near 3° and 2”, respectively, we estimate o 
to be approximately 4°. Such a standard deviation 
corresponds to a half-width of the Gaussian distribu- 


tion curve of # equal to oV 8ln 2, or 


=20/V 
the Appendix (see equation 2), the average disorien- 


Since 


according to results obtained in 


tation is 4.5°. 

The variation of the specific energy of a grain 
the 
Shockley-Read equation™® and the present termi- 


boundary with disorientation, according to 


nology, would be 


(y 


bd Ined/( — 


where e is the base of natural logarithms and 64 is the 
value of 4 d 
0.49 y 


angle, and 6 on. 


when y 
m at db 
A direct calculation of 


equation 
reduces to y 4.5°, the average 
gives 
the following (see derivation of equation 5 in the 
Appendix). 


2al(dv 77) (ed/2c) 


fm 


0-289} 
and this reduces to 


y=044y, for o=—4 and 6 = 25°. 


(When a is sufficiently small, as for example 4°, it can 
be shown that there is only a negligible contribution 
to the integral of equation 4 of the appendix for 
4—¢ It follows that the Shockley- 
Read equation can be used here despite the infinite 
limits of 9 and ¢.) 


The energy density due to grain boundaries becomes 


beyond 20°. 


2(0.44)y,, 5.9 10° ergs/em? 


for grains of 15 radius and y,, at 1000 ergs/em?. 
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Comparison of energy densities from imperfections and 


grain boundaries 


The total energy-density change that occurs when 


primaries are replaced by one very large secondary is 


Dp 8 


e,, or 6.4 « 10° ergs/em*. The fraction of 
the energy density supplied by primaries, therefore, is 
S per cent*. Consequently, the imperfections within 
primaries, as found here, provide only a small contri- 
bution to the driving force for growth of a very large 
secondary. The situation may, however, be entirely 
different when secondaries are still small, as they have 
to be early in the secondary recrystallization process. 
The 


omitting any restraining effect due to inclusions, may 


driving force for growth of a secondary, 


be written as follows for the general case: 


driving force 2( 


im 


vif a) 
Dp 


where y may be taken as 0.44 y,,. The contribution 
from imperfections, therefore, will always be positive 
provided ¢€,” > €,°; it becomes the main term when r, is 
near 2r,. If the grain that grows into a secondary 
should have the relatively low density of 2 « 10° 
lines/em? when it is still one of the primaries (a primary 
in deviating orientation”™®), then the contribution 
from imperfections can be very important. Using the 


average density, for example, corresponding to 


104, 1000 for y,,, 440 for y, and 


10~4 for r,,, we find that the grain-boundary term 


7 —€,° equal to 5 


is zero at r, equal to 34 uw and only becomes equal to 
the imperfection term at r, equal to 37 uw. The imper- 
fection term becomes even more important, of course, 
in small regions where the density of dislocations is 
appreciably above the average; this term could play 
an important role in getting the primary (nucleus for 
secondary recrystallization) up to or substantially 
beyond the average critical size for growth. In the 
present example the average critical size would be 
3lu, because the average driving force would then be 
Zero. 

that regions surrounding the 


nucleus for secondary recrystallization would have an 


It seems doubtful 


average dislocation density as high as our measured 


upper value of 9 107 lines/em?, If this does occur, 


however, due to local variations, a net driving force 
for growth arises, according to the above equation, 
only for potential nuclei above 24 uw radius. Such 
variations would have an even greater effect, however, 
on initiating growth of the larger nuclei for secondary 
the 
reached by 


results 
16 


recrystallization. In any case, present 


indicate that the conclusion Dunn 


* In this calculation it is clear that the per cent contribution 


value taken for y,,, because y,, cancels 


is independent of the 
out in the ratio. 
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(namely, that the size of the primaries, which become 
secondaries, must be two to three times the average size 
of primaries) is still essentially correct for structures 


of the type encountered in the present work. 


Origin of imperfections within primarve 


No serious effort has been made in the present work 
the 


primaries or even to determine whether or not certain 


to determine origin of the dislocations within 


primaries are more perfect than others this 
effort 


structure. The single-section view of the present work, 


since 
would involve obtaining the three-dimensional| 


for example, indicates that some primaries have 
relatively low dislocation densities (edge-type but 
other sections taken through the same primaries 


might reveal higher-density regions. If early-forming 
primaries become strained‘® due to release of internal 
stresses during recrystallization in the manner sugges- 


ted by Polanyi and Sachs,“” then such primaries could 
be expected to have higher dislocation densities than 
later-forming primaries. If the nucleus for primary 
recrystallization is rather imperfect,'® as suggested 
by Snoek,'* then one might expect most of the 
primaries to be imperfect. Further experiments are 


expected to throw light on this subject. 
CONCLUSION 

Based on dislocation 

the 


measured differences in 


densities, grains in fine-grained structures 
silicon-iron obtained by primary recrystallization 
less perfect than the secondary recrystallization grains 


The 


providing in 


that replace them on further annealing 


impel 


fections are considered capable of 
important driving force during the early stag 
secondary recrystallization, while the contributio1 
the driving force tends to be negligible wher 


secondaries become larg 
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equation (5) given in th 


Appendix 
Ave rade disorientation 


The method of Gay et al 


age disorientation is given in ¢ 


\ \\ | 
DX 
n | \ 
h eXD } l dd 


554 MET: 
The denominator has the value 270°. 
Pry,"® the 
using the following method. 
d f and 2’ 4 for d > 6. 


According to 


numerator can be integrated explicitly 
Let 2 equal ff d for 
Substitution 


The 


‘,may be dropped because 


equal 
gives two terms with limits 0 and o0 for x and 2”. 
distinction between x and x 


of the infinite limits and the terms collected to 


fexp [— (6? — 26a 


exp x?)/207] dO dx 


According to standard forms, this integral has the 


value 40° \V 7. Equation (1), therefore, reduces to 


ff 20 T. (2) 


The relationship between the standard deviation, o, 


and the half-width, f, of the Gaussian distribution 


curve is 
) » >) 
Zin 2). 
Therefore 


p \ 27 In 2 


The 


instead of 


average angle is, therefore, approximately 


4B, as found by Gay et al 0 
An alternate explicit solution can be obtained by 
noting that the integration of the numerator over the 


four quadrants in # and ¢@ gives 


exp df dd 


dé dd 


The first term has the value 20° 27. and from it one 


obtains the numerical integration value of Gay et al.. 


. 9 >» . 
since 27/270° =: 27 3/(2V wIn2) 0.34). 


The second term can also be evaluated explicitly 


changing from rectangular to cylindrical 


-ordinates. The transformation gives 


Dis 2 
cos w sin w ) exp 2 dw rd? 


eV 


which reduces to 40°V z 2a°V 27. 


two results gives 4o0°V 


Combining the 
which is the result obtained 


above. 
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T he average grain-boundary energy 

Using the Shockley-Read equation to define y in 
terms of 
for the average value of y. 


one obtains the following equation 


In (ed/ 64 ) 


207] dé dd 


f 


. exp 


pe x 


| exp | (6 


x 


d6 dd 


(4) 


Omitting the factor y,,/6, Pry’s method applied to the 
numerator gives the following: 


x exp (—2?/407) . In dx. 


With a change in variable this becomes 


x 


| y exp (—y”) . Iny dy. 


z In (ed/20) 


How ever, 


y exp (—y*). In y dy 
4 


the number (—0.5772 ....) being Euler’s constant Z. 


Equation (4), therefore, reduces to 
,20/(OV {ln (e0/20) 
REFERENCES 

Burcers' Rekristallisation, Verformter Zustand 


In MASING Handbook der Metallphysik Vol. 
Edward Brothers, Ann 


W. G. 

und Erholung. 

ILI. p. 2 Leipzig (1941); 

Arbor, Michigan (1944). 

C. S. BARRETT The Structure of 

McGraw-Hill, New York (1952). 

J. E. BurKE and D. TURNBULL 

(1952). 

W. G. Burcers L’état solide p. 73. 

International de Physique (1951). 

P. A. Beck Adv. Phys. 3, 245 (1954). 

G. W. RatHenav and J. F. H. CustTers 

Rep. 4, 241 (1949). 

A. GUINIER and J. TENNEVIN 

(1949). 

W. R. IR. 

(1956). 

J.C. Surts and J. R. Low 

P. Gay, P. B. Hrrscn, and A. 

(1953). 

A. D. Kurtz, 8. A. Kuxin, and B. L. AVERBACH 

Rev. 101, 1285 (1956). 

C. G. Dunn and K. T. Aust Acta Met. 
3. C.G. Dunn Acta Met. 2, 173 (1954). 

. C.G. Dunn J. Appl. Phys. 25, 233 (1954). 
W.SHockitey andW.T. Reap Phys. Rev. 78, 275 (1950). 
C.G. Dunn Acta Met. 1, 163 (1953). 

M. Poranyt and G. Sacus Z. Metallk. 17, 227 (1925). 
J. L. SNoEK See reference 1. page 246. 
R. H. Pry 


also 
Metals (2nd edition) 
Progr. Metal Phys. 3, 220 


Brussels, Institute 


Philips Res. 
Philips Res. Rep. 4, 318 


and C. G. DUNN Acta Met 4, 306 


Acta Met. 5, 285 (1957). 
Ketty Acta Met. 1, 315, 


Phys. 


In press. 


Private communication. 


| | 
| | vexp( 22)/20?] 
- 
8) 
2] exp|—(? + 
l 
l 
— 
] 


WORK-HARDENING IN FCC METAL CRYSTALS* 
P. FELTHAM and J. D. MEAKIN’ 


Work-hardening and slip-band formation have been studied in lead single crystals at 
The metal was expected to show homogeneous glide on theoretical grounds. This 


slip bands resembled those characteristic of aluminium. Easy glide was not 


observe 


of hardening was linear, and was identified as being of the type treated 
Evidence of the broadening ot slip bands and of cross slip was not resolvable 
at stresses significantly below the temperature-dependent critical stress at 
ends, but only in the subsequent stage. This was also found to be linear, 
low. The results show that manifestations of glide as observed on the surfa 
of the mode of slip within the metal. Mechanisms of slip-band formation are proposed 


DURCISSEMENT PAR ECROUISSAGE DANS LES CRISTAUX METALLIQUES CUBIQUES 
A FACES CENTREES AVEC REFERENCE SPECIALE AU PLOMB 


bandes de lisse) 


Les auteurs ont étudié le durcissement par écrouissage et la formation dé 


monocristaux de plomb a 77, 194, et 295°K. A partir de considérations théoriques, on pouv: 


a ce que le métal manifeste un glissement homogéne. L’expérience le confirme et les ba 


ment ressemblent a celles qui sont caractéristiques de l’aluminium. Un glissement 
observe. 

L’étape initiale du durcissement est linéaire et du type traité théoriquement par Friede 
ment des bandes de glissement et le glissement croisé ne sont pas observés au microscope optiqut 
des tensions sensiblement inférieures a la tension critique (qui depend de la températur¢ laquell 
Ce durcissement est égal ent linéaire 


étape du durcissement finit, mais seulement & un stade ultérieut 
mais sa vitesse est faible. 

Les résultats montrent que des manifestations du glissement observées a la surface n¢ 
sairement représentatives du mode de glissement 4 l’intérieur du métal. Des mécanismes de formation 


de bandes de glissement sont proposés. 


ZUR VERFESTIGUNG KUBISCH-FLACHENZENTRIERTER METALLKI 
Die Verfestigung und Gleitbandbildung von Bleikristallen wurde bei 77°, 194 
Dieses Metall sollte aus theoretischen Griinden homogene Gleitung zeigen, was auc 


y ne Gleitung 


Die Gleitbander sind denen von Aluminium @ahnlich. Verfestigungsar1 
nicht gefunden. Das erste Stadium der Verfestigung war linear und w 


theoretisch behandelten identifiziert. Eine Verbreiterung der Gleitbander 
oberhalb der krit 


urde mit 


und Q 


in diesem Bereich lichtoptisch nicht aufgel6st werden, sondern nur 
3 ist per 


bei der dieser Verfestigungsbereich endet. Der folgende Bereich ist « 


fal 


t r Gleitur 


geringen Verfestigungsanstieg. Die resultate zeigen, daB Oberflacheneffekte de 
die Gleitvorgange im Metallinneren zu sein brauchen. Mechanismen der Gleitbandl 


chlagen worden. 


1. INTRODUCTION which. by contrast with thi 


In the theoretical treatment of linear hardening as’ very high stacking-fault energy 


observed in face-centred cubic metals after the stage of | graphs obtained by Thomas 


easy glide, Friedel” assumes that hardening takes by Diehl, Mader, and Seeger 


place as the result of the progressive accumulation of such slip-bands. The latter work 
differences in the 


dislocations in small rectangular zones of active slip explain som: 
planes, each zone being locked on all four sides by lines in aluminium on the one 
Cottrell-Lomer barriers. The linear stage should then having low stacking-fault energi¢ 


be characterized by short slip-bands measuring about perature of deformation) on thx 


10-3 em, randomly distributed throughout the crystal, of the relative ease with which c 
iccoun 


their number and lengths remaining constant during in aluminium in which, on 
+ vt 


deformation. Evidence of short slip-bands has been fault energy, the widths of exte: 


obtained by Blewitt and co-workers®) in copper de- small. 
formed at low temperatures, and by Lozinskii® in Further, in some face-centred 

face-centred cubic cobalt at 713°K. In aluminium, — bands observed towards the end of 
hardening consist of narrow adjacent glide 


the sti 


* Received December 4, 1956. 
+ The University, Leeds, England. 
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for example in aluminium 4,6,7) while 


77. 194, and 295° K 
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e.g. alpha-brass, heterogeneous glide characterized by 


single glide steps about 2000 A high, has been ob- 


served.'®) 
In view of these differences it was desirable to 
study the mode of hardening and slip-band formation 
in at least one other metal having a high stacking- 
fault energy apart from aluminium; the latter appears 
to be the only one from this class in which hardening 
has so far been studied in some detail. The present 


work was designed with this object in view. 


2. MATERIAL AND METHOD 


) (10) 


According to Seeger and Schceck and Seeger, 
the separation of conjugate partial dislocations in the 
(111)-plane is small, as in aluminium at room tem- 
perature, and almost independent of the stacking- 
fault energy E., if 

E, > 10-? (b?/s,,c), (1) 


where 6 is the Burgers vector of the whole, undis- 
the 
shear in the glide plane, and ¢ the spacing between 
glide planes. The 
metal which would satisfy this inequality was com- 


sociated, dislocation, s,, elastic coefficient for 


search for a face-centred cubic 


plicated by the scarcity of measured values of stack- 


ing-fault energies. Cobalt, copper, gold, silver, and 


Fic. 1. 


Orientation of the cry stals. 
nickel were ruled out. and, on account of the relation 


the 
stacking-fault energies of face-centred cubic metals, 


and 
(10) 


between surface energy of growth twins 
those known to form annealing twins readily were 
also disqualified. Lead was eventually chosen, for, 


although its stacking-fault energy had not been 
measured, it was expected to be high because of 
(a) its compliance with certain criteria related to 
the electronic structure, discussed in detail by 
Seeger,” and 
(b) the virtual absence of annealing twins in poly- 
crystalline lead. 
The very low value of the right-hand side of inequality 
(1), ie. 25 erg/em?, although not as such conclusive, 
also tended to support the choice of lead. 
Crystals were grown by Bridgman’s method from 
lead rods sealed into evacuated Pyrex precision tubes 
of 0.35 cm bore which had been coated internally 


with a thin film of graphite. The rate of growth of the 
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Growth-mosaic in crystal No. 4. Section 
perpendicular to the cry stal axis. 


crystals was 3 ecm/hr, and the thermal gradient 
approximately 25°C/em. The crystals so obtained 
were carefully sawn into three parts measuring 6.5 em 
each, leaving a small spare piece from the last solidi- 
fied part which was utilized for determining the 
orientation by the Laue back-reflection method (Fig. | ). 
The purity of the lead was greater than 99.99 per cent; 
the principal impurities were, in parts per million: 
Cu < 30, Sb < 20, Bi < 50, Fe < 30, Ag < 20, Zn < 
20, Ni + Co < 10, Sn, Cd, As, and § traces. 

The slightly “broken-up” appearance of the X-ray 
spots was indicative of a lineage structure. A rough 
estimate made by means of a Greninger chart gave 


about 1’ of are as the mutual inclination between 


adjacent elements. Metallographic examination of a 
section cut perpendicular to the growth direction did, 
in fact, reveal a growth mosaic (Fig. 2), with elements 
closely similar in size and shape to those found by 
Rutter and Chalmers” in crystals of Chempur tin, 
and discussed in some detail by Ursula Martius,“?) 
Chalmers“* and Frank.) 

The crystals were cleaned by dipping into a chemical 
polishing mixture consisting of acetic acid and hy- 
drogen peroxide, and were then extended in air, 


Microstructure on the crystal surface as 
revealed by electrolytic etching. 
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powdered carbon dioxide, or liquid nitrogen by means 


of a vertically mounted Hounsfield tensometer at a 
tensile strain rate of sec~!. The specimens were 
held in long self-aligning solder grips, the free gauge- 
length being 5 em. Although lead tarnishes com- 
paratively rapidly in air, no special precautions were 
taken to eliminate surface films, as surface effects were 
not expected to be very important in view of the 
fairly large strains to which the crystals were ulti- 
mately subjected, and the comparatively large dia- 
meter of the crystals. 

A metallographic examination of the electrolytically 
etched surface of a crystal revealed a ‘‘micro-mosaic,”’ 
with elements about an order of magnitude smaller 
than those of the lineage structure, i.e. having linear 
dimension of a few microns (Fig. 3). The appearance 
of this substructure was strongly reminiscent of the 
of dislocations observed in 


pattern chromium by 


Fraser, Caplan, and Burr.“4) 


3. EXPERIMENTAL RESULTS 
The true tensile stress-strain curves of the crystals 
7a, 7b, and 7c, which are characteristic also of the 


corresponding curves of the other crystals, show two 


HARDENING IN 


kg/c 


True tensile stress 


16 2:4 3°2 
Natural tensile strain 
Fia. 4. and 7 


Stress-strain relations for crystals 7a, 7h, 


stages (Fig. 4). Easy glide was not observed, but a 
the such as 
glide,“ the 


curves obtained with crystals extended at room tem 


slight curvature early in deformation, 


sometimes precedes easy was seen in 


Easy glide is known to be suppressed in 


the 


perature. 


crystals of large diameter; its absence in 


crystals used in the present work was probably due to 


similar causes 


TABLE | 


Orientation 


Crystal 


690 
1390 


1116 
2064 


7O} — 
ZA 194°K 
| > 
| 
LAA 
al 
30 
ay. 
ot 
Temp. ells )e l(a), 
(°K) 
‘ j VA 
cos £4 kg m-* 
la 295 L5 5.6 20) 1408 73 36 
Lb 194 28 37 0.37 30 11.1 64 23 905 133 715 108 
le 77 2g 10.7 LO9 1] 1547 22) 
2a 295 2] 8.2 54 21 1240 140 P| Si 
2b 194 31 +] 0.39 5] 20 96 38 1055 122 lf 
2c 77 38 14.8 LOS 12 2944 278 2000 23 
3a 295 21 9.4 16 2] 10] 196 145 ~ 
3b 194 10 16 0.45 18 8.1 55 25 2492 ) 
3c 77 28 12.6 97 13 9525 187 175! 364 
40 POD 17 7.6 62 26 200 17 
4h 194 37 54 0.43 21 9.] 65 27 77 Li 
4c 77 L103 44 2155 
5a 295 24 10.7 17 21 552 115 17] 
5b 194 $3 56 0.45 33 14.7 a4 24 2500 190 156! 
5e 77 32 14.2 85 38 3167 608 LTO 
6a 295 LS 7.4 38 19 793 148 
6b 194 33 14 0.49 15 7.4 50 25 1617 312 O4 14 
6c 77 23 11.3 72 35 1664 32 1250 . 
7a 295 
7b 295 36 38 0.47 16 1.5 950 204 
7c 295 15 7.1 950 34 
14 5.5 10 1150 
8b 295 32 33 0.45 15 6.8 
Sc 295 16 42 15 20 
9a 77 32 110 2320 
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The tensile stress o, at the end of the quasi-elastic 
stage could not be determined with great accuracy. 
In general, its room-temperature values gave corre- 
in the (111)-[110] 
system which were two to three times larger than the 
Neurath 
Koehler“® with lead crystals of rather greater purity 
(Table 1). 
sought in differences in the growth conditions and the 
the the 


It is known that the yield-stress of single 


sponding resolved shear stresses 7, 


elastic limits in shear obtained by and 


Part of the discrepancy is probably to be 


associated differences in substructures of 
crystals. 
crystals can be reduced by prolonged annealing; this, 
however, was not attempted. The tensile stress o,, 
and the corresponding resolved shear stress 7,, at 
which the first stage of linear hardening ceased, as 
well as the values of the tensile and resolved shear 
hardening rates in this, initial, stage, denoted respec- 
tively by (do de), and (dr dy) 
Table 1. Fig. 5 shows the temperature-dependence 
of T. and (dr dy) 
the 
The temperature-dependence of 7, in 


are also shown in 


the averages of these parameters, 
are 


the 


obtained by use of all measured values, 


plotted. 


194°K indicated in Fig. 


than one would expect on theoretical grounds.” 


5 is rather greater 


range 77 
However, as can be seen from Table 1, the values of 
7, showed considerable scatter, and the position of 
the point in Fig. 5 corresponding to 7, at 194°K is 
particularly uncertain. 

Sections of the specimens perpendicular to the 
tensile axis became distinctly elliptical in the process 
of extension, due to the operation of only one slip 


Deformation bands, which do not in general 
(16,24) 


System. 
appear if more than one slip system operates, 
were also observed (Fig. 6). Micrographs were taken 
of several crystals at various stages of the deformation 
at points on the surface such as EE’ and S,S’ (inset 
in Fig. 7). Slip-bands on a second slip system were 
seen on the surface of crystal 8 at a tensile stress above 
95 kg/em* at room temperature. As the orientation 
of this approached the [100]-{111] great 


circle on being extended, activity on a second system 


crystal 


> 


> 
e 


10 kg/cm* 


200 


K 


Fic. 5. Temperature-dependence of 7, and (d7z/dy) ,». 


Averages obtained by the use of all measured values are plotted. 
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. 6. Deformation bands in cryst 

77°K, e = 3.5 per cent, o = 

was to be expected. The orientation-dependence of 
the hardening rates of the crystals, to be discussed 
later indicates that some form of conjugate or cross- 
slip took place to a lesser degree also at stresses at 
which no evidence of the process was obtainable by 
means of the optical microscope. 

Except in specimens deformed at room tempera- 
ture, no evidence of slip resolvable with the optical 
microscope was found at stresses significantly below 
the the 
linear hardening ends. (These points are denoted by 


critical stress o, at which initial stage of 


arrows in Fig. 4.) At higher stresses, the most evident 
features of the deformation were the drop in the 
the 
closely similar to those observed by Chen and Pond@” 


hardening rate, and appearance of slip-bands 


in their study of slip-propagation of aluminium 


crystals. The most important characteristics of the 
bands were as follows: 

(a) Near the ends of the long axes of the ellipses 
(Fig. 7), ie. at points such as F and E’, where the 
edge-components of dislocation loops could be expected 
to intersect the surface, the bands were shorter than 
They also appeared to be 

than the S-bands. On 


at points such as S and S’. 


less numerous 


thicker and 
multiplying the thickness of the #-bands by sin 7 


(Table 1), to allow for the inclination of the slip 


bh wo 5 


20 60. 80 100 
kg/cm? 


Fig. 7. Upper curve: crystal 7b, 
measurements made at points of S and S’-type. Lower curve: 
crystal 8b, measurements taken at E-type points. 7’ = 295°K. 
The number of slip bands cut by a line of unit length drawn 
perpendicularly across the slip markings is given by d-}. 


Broadening of slip bands. 
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4 


4 


Fic. 8-17. Crystal 7c. T = 295°K. Total and “visible” tensile strains 
are given in per cent., tensile stresses in kg/em*. Edge and screw typ¢ 
bands are denoted by # and S respectively 
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94.2, = 1.8, Ae = 1.5, 
Fic. 8:0 = 24.2, 
24.2, e = 1.8, Ac = 
Fic. 9:0 = 24.2, 
31.9, ¢ = 3.0, Ae = 
Fig. 10: 6 = 31.9, 


83.4, « = 13.6, As a . 15. 


Pes, 


4.0, Note cross-slip. . 6 = 92 kg/em? E-band. 


o = 98kg/cm? E- and S-bands. 


Fics. 18-20. Crystal 7b. 
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E- 
to 


those of the S-bands, but the accuracy of the measure- 


plane to the tension axis, the true widths of the 
bands were found. These appeared to be close 
ments involved did not preclude the possibility of a 
true difference in the widths of the two types of band. 
Slip-bands typical of crystals deformed at room 
temperature are shown in Figs. 8-17. The bands visible 
to the the 


the preceding slip 


shown in 
had 


The appearance 


are due incremental strains 


legends; markings been 
removed by electrolytic polishing. 
of the bands on the surface of crystal 7b, in which no 
bands had been polished away, is shown in Figs. 18—20. 

(b) The the 


uniformly with the applied stress (Fig. 21), while the 


thickness of slip-bands increased 
average apparent spacing, d, between adjacent bands 


decreased approximately linearly with increasing 
stresses up to a certain level of stress above which no 
significant increase occurred in the inter-band spacings 
or in the lengths of the bands as seen on the surface, 
though they continued to grow thicker. 

(c) The stress at which this occurred, i.e. at which 
new slip-bands virtually ceased to reach the surface 


of the crystal, increased as the temperature decreased. 


Apparent thickness of bands 
microns 


J 
O 


kg/cm* 


80 100 


nN 


40 


21. Apparent thickness of bands as function 
of the tensile stress o. 
= 


=s (Cio). 


= 7c(£); 
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While the 


at room temperature 


bands are comparatively short and thick 


with an av Tage 


spacing as 


visible on the surface, of not less than 10 uw, the bands 


observed at 77° K (Fig 2?) are longei and thinner, the 


limiting apparent spacing being of order 1-2 yw. It 
is probable that the bands from most of the active 
sources in the crystal have cut the crystal surface 
over an appreciable fraction of its circumference when 
spacings of this order are reached. Similar observations 
made on aluminium have been discussed by Leibfried 
Thomas and Nutting,“ 


and Haasen. who studied 


slip-band formation in aluminium by electron micro- 


graphy, using aluminium oxide replicas, also found a 


limiting slip-band spacing of about | uw; they found 


no evidence of slip between the bands, confirming 


earlier observations of Brown 7”) and others 
(d) Cross-slip between ScCTeW dislocations ot neigh- 
bouring bands, which appears in the micrographs as 


faint lines joining edges of neighbouring bands, was 


apparent in crystal 7 stresses, and ] 


Fig The 


cross-slip appr is TO be 


cularly in crystal 8 mechanism « 


that descril 


by Mott. 


per cent. Showing /-bands and 


from adjacent bands. 


FCC CRYSTALS 6] 
. 20. o = 92 kg/em? S-bands. 
l 77°K 
= — stal of 295° 1K 86 
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(e) The apparent slip-band spacing due to incre- 
mental strains in crystal 7c are given in Table 2. 
If it that 


associated with the formation of new slip- bands only 


were assumed each strain increment is 


(as visible on the surface), the average slip-band 


spacing, d, would have had to reach as low a value as 


2 uw at room temperature, i.e. about five times less than 


the measured spacings (crystal 76, Fig. 7). It is in 


fact clear from a comparison of the d-!-values for 


crystal 7b (Fig. 7) and 7c (Table 2), that at least one- 
half of the slip bands observed at any stage of the 
deformation in cry stal 7c had been operative in the 
preceding stage of deformation, emerging anew on the 


polished surface during a further increment of strain. 


TABLI 


erse ot apparent spacing 


Tensile strain between slip lines 


Tensile stress (d-1 103 em-?) 


(kg/em?) 


Visible 


Slip line spacing due to incremental strains in crystal 7c. 


4. THEORY 
4.1. The initial linear harde ning 


If hardening in this stage occurs by the mechanism 


essentially as proposed by Friedel, it should 


terminate at a critical resolved shear stress 7, at 


which Cottrell-Lomer barriers give way to the pile-ups 
of dislocations confined by them. In the case of 
aluminium the calculations of Stroh" indicate that 
at a temperature 37’; K, say, the break-down of 
the barrier should take place if n7/G lies in the range 
10-3_10-*, + being the resolved shear stress in the 
slip plane and in the slip direction, n the number of 
dislocations piled up against the barrier, and G the 
Due to the 


energy in lead, thesame criterion would approximately 


shear modulus. high stacking-fault 


apply also in this metal, in this case at room tempera- 
ture (T 600°K). 


On putting +t equal to 7 


one finds that n should not exceed about 30 at any of 
the three temperatures used in the present experi- 
ments. The actual values are likely to be rather less 
in all cases. Nevertheless, even slip ledges 100 A high 


could not be resolved by the optical microscope, and 
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evidence of slip was not in fact detected even at 77°K, 
except at stresses exceeding 7,, i.e. outside the stage 
of hardening under consideration. 

If, then, the hardening in this stage takes place by 
the 
expect compliance with the following criteria: 

(a) The 
should be 


mechanism suggested by Friedel, one would 


rate of hardening at low temperatures 


approximately 10-°G, i.e. close to 
600 kg/cm? in lead; 
The 7,°T 
independent, and 

(c) 7,27/(Gb)> should be 
2 


product should be temperature- 
approximately equal to 
K/kg em. 

fulfilled, and 
that (b) is satisfied. The value of 7,27'/(@b)% 


°K /kg cm, also in satisfactory agreement 


Fig. 5 shows condition 
Table 3 
is 1.4 


with Friedel’s estimate. 


(a) to be 


TABLE 3 


Mean value of r+ Temperature (7.)* x T x 10-4 
(kg/em2) K (kg/em?)? °K 


20.8 
25.0 


41.0 


4.2. Work-hardening above r, 


Because of secondary effects, such as long-range 


interactions between pile-ups rect- 
Cottrell-Lomer the 


four segments of such an enclosure will experience 


contained by 
angular enclosures of barriers, 
stresses varying slightly from segment to segment. 
The weakest of these will therefore give way when the 
The 


dislocations piled up against it will instantly expand 


shear stress acting on it reaches the value 7.. 
through the freed side of the rectangle, and allow the 
source to throw off further loops. 

Now in a metal such as x-brass in which cross-slip 
is difficult, the 
continue to travel on the slip plane containing their 


dislocations of such an array will 
source until the leading members are stopped by the 
resistance of the forest* and the elastic interaction 
with other groups of dislocations. As the forest is a 


) 


weak impediment.‘**) many hundreds of dislocations 
may be produced per source in this manner, giving 
rise to slip-steps several thousand A high, as observed, 
for example, by Wilsdorf and Towrie.‘® 

On the other hand, in metals with high stacking- 


fault energies the screw components of the leading 


copper, in which at room temperature 
a parabolic stage of hardening is found to follow linear 
hardening of the type treated by Friedel, the former has in 
fact been interpreted in terms of dislocation arrays piled up at 


* In polycrystalline 


20 


grain boundaries at stresses above 7,. 


Total Edges Screws 
24 1.8 1.5 0.53 0.83 12.8 
32 3.0 1.3 0.63 0.71 = oe on 
‘ 
40 4.4 1.4 0.53 0.63 
47 5.9 1.5 0.64 0.67 
63 S.4 2.5 0.67 0.83 
75 11.5 5.6 0.71 
83 13.6 7.7 0.77 1.2 
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dislocations of such an array may be deflected from 
the initial slip-plane by cross-slip, and band-formation 
may thus be initiated. This would result in shorter 
slip distances and thicker bands at high temperatures, 
and agrees with the present observations on lead. 

That slip bands in aluminium contain lamellar steps 
about 200 A high has been shown by Heidenreich and 
Shockley,“® and that those appearing early in the 
process of formation of a slip band may appear at the 
surface suddenly and fully formed has been observed 
by Kuhlmann. 

The present results show that at low temperatures 
the slip-bands observed in lead (above 7,) extend over 
distances comparable with the crystal diameter. 
Characteristic values of the slip-distance of dis- 
locations are L,~10-'cm for edge dislocations, 
and L.~5 10-* for 
temperatures; the distance between bands is approxi- 
mately 1 uw. The shape of the bands is determined by 


screw dislocations at low 


the back-tension acting on the screw parts of the 
dislocation rings as a consequence of the formation of 
point defects at jogs, as a result of which the rings are 
elliptical with an axial ratio of approximately 2 : 1,‘*! 
the long axis joining the pure edge components. 

In view of the comparatively large area of the 
bands, it is no longer permissible to neglect their 
mutual interaction as a source of hardening, though 
this may be justified with the smaller zones before 
the breaking of the Cottrell-Lomer barriers, as then 
the positive and negative sections of the various zones 
can be paired into small dipoles with negligible long- 
range fields.“ 
bands should therefore be determined primarily by 


stress The equilibrium size of the 
their mutual interaction; the effect of jogs on thei 
size, as opposed to the shape, is probably negligible.) 
The mode of hardening should therefore be of the 
interaction type, due to the non-dynamic operation 
of a fixed number of sources. Mott's) theory of 
such a type of hardening gives the linear hardening 
rate 


(dr/dy)y = G/2rL (NL,)’, 


of active sources per unit 
(LL one obtains, with 
2 x 10° 


where NV is the number 


volume. On writing V 
the characteristic values given above, 
em-%, and (dr/dy),, ~ 300 kg/cm?, the latter being 
in good agreement with the low-temperature values 
given in Table 1. 

The low values of (dz/dy),, recorded at room tem- 
perature appear to be due to relaxation in the slip 
type.) 


bands due to cross-slip of the “‘intimate”’ 


Cross-slip of this type, if favoured by comparatively 


high temperatures, results in the growth of the bands in 
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thickness rather than in ar resulting in short and 
thick bands as described above 


4.3. Orientation effects 


Table 1 shows that the shear hardening rates in both 


stages are somewhat orientation dependent; crystals 
in which slip on the conjugate slip system is favoured 
harden less rapidly than others. In copper, aluminium 


metals'*,*4,25,26 the has been 


The data 


however sufficient 


and other converse 


established obtained in the present work 


were not a detailed study ol 


these phenomena. It is clear nonetheless that at least 


one glide system other than the principal one is 


participating in the deformation, if only to a small 


both stages, and that a refinement of 


extent, in 


Friedel’s model allowing for effects of this kind is 
required, as has already been indicated by Dihl and 
(27) It that T 


should be noted, however, 


does not seem to depend upon the cry stal orientation, 
24) 


> 
Rosi 


in agreement with the observations made by 
on copper and silver. A critical shear-stress criterion 


therefore applies, as for tr, 
5. DISCUSSION 
Concerning the first stage of linear hardening, it is 
clear that evidence of slip should not be resolvable 
The 


Blewitt and co-workers? in 


by the ordinary optical microscope in any meta! 
short bands observed by 
copper must, therefore, have been due to slip above 7 
Diehl, Mader 


Ele cetron 


Their data, in fact, confirm this view 


and Seeger'®) reached similar conclusions 


micrographic evidence of slip in this stage 


unreliable, the m 


as the suriace-preparation ol 


the 


observation of artetacts 


interference with Cottrell-Lom 


the 


may result in 


barriers, resulting in 


except perhaps in the case of alloys when precipi 


tation methods*) can be used to preserve evidenc 


of internal structures 


appe 


The present results indicate that ther 


be no principal difference in the mechanisn 


early stages of hardening in f.c.c. metal single c1 


irrespective of stacking-fault energy, except perhaps 


in relation to the influence of secondary glide systems 
on the hardening rate. In the subsequent stage the 
differences are also primarily qualitative, « the slip 
steps formed early in the process of band-formation are 
higher in metals with low stacking-fault energies 
than in metals with high stacking-fault energies, while 
the tendencies to the broadening of slip bands and cross- 
slip are enhanced if the stacking-fault energy is high as, 
for example, in aluminium and lead at room tempera- 
ture. Nevertheless, both phenomena have also been 


observed in metals with low stacking-fault energies, 


= 
t 
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such as «-brass.° Also, as the stacking-fault energy 


is temperature-dependent, the manifestations of glide 


in aluminium at low temperatures may closely resemble 


those of copper deformed at elevated temperatures. 
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RELATIONSHIP BETWEEN GROWTH FORMS AND 
THE PREFERRED DIRECTION OF GROWTH* 


A. ROSENBERG? and W. A. TILLER 


The morphologies of the growth forms associated with the various modes solidification of Pb 
crystals are observed to be related to the crystal habit planes of Pb, and the preferred orientation 
exhibited in the columnar zone of an ingot of Pb is observed to related to the mode of solidification. In 
zone-refined lead, the mode of solidification is such as to produce a (111) preferred orientation. With 
the addition of 5 10-4 wt. per cent Ag, the mode of solidification changes and a (100 preferred 


orientation is produced, 


LA RELATION ENTRE LES FORMES ET LA DIRECTION PREFERENTIELLE 
DE CROISSANCE 

On observe que la morphologie des formes de croissance associée aux divers modes de solidification 
de cristaux de Pb est en relation avec les plans d’habitat cristallins de plomb et que le mode d'orientation 
préférentielle qui apparait dans la zone basaltique d’un lingot de plomb est en relation avec | 
solidification. Dans le plomb raffiné par la méthode de la zone fondue, le mode de solidific: 

qu’il se produit une orientation préférentielle en (111 Par addition de 5 1Q-4 
mode de solidification est modifié et une orientation préférentielle en (100) se produit 


DER ZUSAMMENHANG ZWISCHEN WACHSTUMSFORMEN UND DER 
BEVORZUGTEN WACHSTUMSRICHTUNG 
Es wurde beobachtet, dass die Morphologie der Wachstumsformen, wie sie bei den 
Arten der Kristallisation von Blei entstehen, mit den Habitus-Ebenen von Pb in Beziehung 
und weiterhin, dass die bevorzugte Richtung in der Zone der Stengelkristallisation eines Bk 
mit der Art der Erstarrung zusammenhangt. In zonengereinigtem Blei ist die Ersta 
dass sie eine (111)-Vorzugsorientierung hervorruft. Bei Zufiigen von 4 10-4 Gew 


sich die Ersterrungsart, sodass eine (100)-Vorzugsorientierung entsteht 


INTRODUCTION 

This article describes a series of experiments that 
relate the crystal habit planes of a metal to the 
preferred orientation exhibited by the columnar 
grains of an ingot of that metal. 

Crystal habit. Wranglen” has recently compared 
the Bravais and the Kossel-Stranski theories of crystal 
habit; he finds their predictions to be in good agree- parallel to the axis of g 
ment with each other and with experiment. According 8'°Wt of platelets 


to the Bravais theory, the smaller is the reticular 
structure, as illustrated i 


density of a surface, the faster will it grow normal to 


itself. The fastest growing surfaces will soon disappear Separating solid and liquid 


from the crystal and in the final crystal only the advancing normal to itself, but is a corruga 


surfaces of slowest perpendicular growth will persist. advancing in the direction of the edges of the 
These are the close-packed surfaces. The normals to The edges of the p! itelets ar composed 
the preferred crystal faces that are developed as a steps as shown in Fig. 2. This gives many 
result of solidification are tabulated in the second attachment of atoms, and accounts for 
column of Table 1 for the various crystal structures. component of growth in this direction 


Recent experiments by Rosenberg?’ on the solidi- the pl itelets appear to be fairly pe 
fication of lead crystals show that there is a relation- 
ship between the crystal habit of lead and the structure 
of the interface between the solid and the liquid. He 
has shown that the freezing of zone-refined lead occurs 


by the edgewise extension of a lamellar, or platelike, 
* Received December 10, 1956; in revised form February 
20, 1957. 
+ Westinghouse Research Laboratories, Pittsburgh 


Pennsylvania. 
+ Now at the H. H. Wills Physical Laboratory, University 
of Bristol, England. 
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structure seen on the decanted interface 
of a Pb bic ry stal. 


a negligible component of growth in the normal direc- 
tion. Fig. 3 shows the interface of a biery stal. In one 
crystal, the platelets are intersecting the surface at a 
angle, whereas in the other, they are 


very small 


interface and are 
The faces of the 


platelets are nearly always one of the {111} planes; 


making a steep angle with the 


difficult to see at this magnification. 
however, occasionally a different platelet system is 
observed The 
platelet systems is {111', {100!, {110', $311!. This is in 


order of observed occurrence of the 


agreement with the order of preference for cry stal 
planes in the habit theories. Therefore, one can say 
that the crystal habit theory, although meant to apply 
to equilibrium forms, gives the orientation of the face 
of the platelet which seems to be the basic crowth 
form in lead. A growth form may be defined as a unit 
of solid having a particular morphology which does not 
change its essential geometric features as it grows. 
The platelet will be referred to as the primary or 
basic growth form, rather than the basic growth unit, 
because it has been observed that it develops from the 
building up of layers of solid which are not necessarily 
parallel to the platelet face. Rosenberg") and Graf) 
have shown that this type of growth form may be 
observed in most metals, and that it appears to be the 
simplest type of growth form. 


Pre fe rred When a 


ntation. liquid metal 


TABLE 1. Preferred orientation 

Preferred 
habit 

orientation 


(1) Preferred (2) 
casting 
orientation 


Crystal structure 


Face-centered cubi 100 
30dy-centered cubic 100 
Hexagonal C.P. 1010 
Body-centered 

tetragonal 110 
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Direction of 


Boundary 
Formation 


rain 


Interface Step 


Fic. 4. Interface step between two crystals which leads 
to the encroachment of B by A. 
poured into a cold mold, a chill zone of very fine 
randomly oriented grains appears at the edge of the 
the 
survive, but most do not. The surviving grains become 


mold. Some of grains, on growing inwards, 
columnar in shape and exhibit a preferred orientation 
with respect to the long axis of the grain. The pre- 
ferred orientations of the columnar grains for several 
crystallographic structures are tabulated in column 
one of Table l. 

In general, the arguments used to account for the 
casting orientation have depended on the existence of 
an interface step between crystals of different orienta- 
tion as shown in Fig. 4. The grain in advance has 
a component of growth in the lateral direction, and is 
thus able to encroach on the retarded grain and crowd 


it out of the specimen. Tammann™? explained this 


phenomenon on the basis of the anisotropy of growth 


of the 
maximum ‘“‘linear velocity of growth” is parallel to 


material. Grains in which the direction of 
the direction of heat flow will grow faster, and hence 
farther, into the melt. However, in an ingot, the 
the 


difference in heat flow down the temperature gradients 


growth velocity of a grain is determined by 


in the liquid and solid at the interface. Therefore, if 
two grains of dissimilar orientation are growing side by 
side, one cannot grow faster than another unless it has 
a greater thermal conductivity in the direction of heat 
The 


depend essentially upon an anistropy of thermal 


flow. considerations of Tammann, therefore, 
conductivity with crystallographic direction. Although 


his considerations may account for the observa- 
tions made upon anisotropic materials, they do not 
adequately explain the phenomenon of preferred 
orientation in cubic materials. Chalmers‘) has tried to 
account for the preferred orientation of cubic materials 
by assuming that interfaces of different orientation are 
inequilibrium with the liquid at different temperatures. 
This allows one grain to be growing in advance of 
another of different orientation even though it is 


freezing at the same velocity. 
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Fic. 3. Platelet NRE 
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The preferred orientation of the columnar grains is 
always the same as the dendrite orientation in these 
materials, and therefore it has generally been con- 
sidered that the preferred direction of growth of the 
columnar grains is a fundamental characteristic of the 
pure metal. It will be shown later that the assumption 
is in error and that the (100) preferred orientation of 
lead, as a representative of the f.c.c. crystal structure, 
is due to the presence of solute in the melt. 

It can be seen from the platelet growth experiments 
that the crystal habit theories predict the orientation 
of the primary growth form. Since the preferred 
casting orientation must in some way be related to the 
growth of the platelets, one would expect some 
relationship between the plane of the primary growth 
form and the preferred casting direction. In fact, one 
should expect a relationship between the primary 
growth form and the growth of dendrites. Finally, 
one might ask, since a {111} platelet system is so 
prominent in the growth of lead, then why is it not 
prominent in the preferred orientation of pure lead? 

The present work was designed to shed some light on 
this problem by studying: 

(1) The preferred orientation of zone-refined lead 
and lead with alloy additions. 

(2) The relationship between the primary growth 
form and the “cellular” growth form caused by alloy 
additions. This growth form is shown in Fig. 10. 

(3) The relationship between the primary growth 
form and the “‘dendrite”’ growth form. 

The experimental techniques used in this investi- 


gation have all been described elsewhere," ® 7 and 
will be referred to as needed to discuss the experimental 
observations. Most of the observations were made on 
interfaces which were produced by rapidly decanting 


the liquid from the solid during growth. 
OBSERVATIONS 


Preferred orientation. A 
zone-refined lead was melted in a clean beaker in air 


quantity (250 em*) of 


under a reducing flame. The lead was then poured 
into a mold designed for unidirectional freezing (Fig. 5). 
The mold was first pre-heated by directing a flame 
against the upper part of the Cu; hot water was 
The lead 
superheated about 100°C, and as it was poured into the 


flowing through the water chamber. was 
mold, cold water was injected into the chamber to 
rapidly chill the Cu. 

On striking the cold Cu plate, Pb crystals nucleated 
After about 2 in. of 


solid had formed, the remaining liquid metal was 


and began to freeze upwards. 


rapidly decanted from the solid by an abrupt inverting 


of the crucible. It was observed that the interface was 


DIRECTION OF GROWTH 


Fic. 5 Mold design for unidirectional solidifi ation, 


flat over the entire 2 in. which 


that 


almost 


cross-section 


showed the growth was indeed unidirectional 

Optical inspection of the interface showed the grain 
size to range from 1 to 10 mm?. Of these grains, 90 
per cent showed strong platelet structure with the 
platelets intersecting the interface at small angles SO 
that their orientation was within a few degrees of a 
major platelet system. On etching the sample, the 
bottom surface showed ten times as many crystallites 
as the interface, and the outer walls showed many long 
crystallite boundaries extending from the bottom of 
Therefore, 


no grains existed in the ingot other than thos« 


the sample to the interface it appears that 
which 
nucleated on the lower surface, and of the original 
grains in this layer about 90 per cent had been crowded 


The 


small amount of 


out by the surviving grains appearance of the 
interface showed that only a 


lo determin 


X ray 


boundary migration had occurred 
orientation of the grains in the interface 
taker 


reflection Laue photographs were 


positions of the interface In all, 
large size were X-rayed and the result 


plotted on the stereographic triangle of 


6 Stereograpn 


orientation tron 


projection of crysti 


1 zone-refined Pb ingot 
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tation from Pb 0.0001 ingot. 


100) projection in Fig. 6. The preferred orientation 
of the grains in this ingot was found to be the (111 


orientation. 


A second test was carried out in an identical manner 


with the addition of 10-4 wt. per cent Ag present in 
the Pb. 


since it was not enough to change 


This particular amount of Ag was chosen 
the mode of solidi- 


fication to ‘‘cellular.”’ but it was enough to have some 


effect upon the solidification process. 
the interface showed that the crystallites were just 
beginning to become unstable with respect to the 
About 25 ery stallites were 


For this 


onset of cellular growth. 
X-rayed and the results plotted in Fig. 7. 
solute concentration, the grains exhibited an almost 
orientation, with a slight 


random distribution of 


preference {01 the (100) direction. 

A third test was carried out in an identical manner 
with the lead containing 5 10-4 wt. per cent Ag. 
This amount of Ag 


interface would be 


was added so that a cellular 


produced. The results confirmed 
this expectation all the cry stallites exhibited various 
stages ol cell development. Again 15 cry stallites were 
X-rayed and the results plotted in Fig. 8. 


100) orientation is preferred when the 


It can be 


seen that the 
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solute concentration is sufficient to produce a cellular 
interface. 

Development of the cellular growth form. Several 
photomicrographs were taken of the interfaces during 
various stages of cellular growth to show how the 


‘cellular 


complex pyramidal growth form of the 


interface” mode of growth, is developed from the basic 


growth form: i.e., a particular {111} platelet system of 
the ‘plane interface” mode of growth. 

Fig 9 shows that the elongated cell boundaries 
(A—-A) which form prior to the formation of the hexa- 
gonal cell boundaries, do so by a grooving of the edge 
of the individual platelets (B—B). 


these grooves produces the boundary A—A. 


The stacking of 
Fig. 10 
shows that when the elongated cells break down into 
regular cells, the cell boundaries are formed by a 
grooving of the edge of the platelets on four of the 
The 


formed by a retarding of a section of platelet edge. 


hexagonal sides. outer two boundaries are 
Fig. 11 shows the appearance of the platelets during 
cellular growth observed on the upper surface of a 
specimen grown in a horizontal boat. Some con- 
tinuity of platelet growth across the cell boundaries 
is visible. 

As the growth conditions were changed so that the 
cells projected farther into the liquid, it was observed 
that a second platelet system, which appears to be a 
'100! system, was also operating to provide growth. 
This is shown in Fig. 12. Fig. 13 shows a cellular inter- 
face exhibiting at least one major platelet system and 
several other platelet systems (indicated by arrows) 
which appear minor compared to the {111} system. 
The cells composing the interface of Fig. 14 contain 
two well-developed platelet systems and the begin- 
nings of another. Fig. 15 shows three {111} platelet 
systems on a cell. It was observed throughout the 
of these that the 


solute, and particularly the presence of cells had a large 


course observations presence of 
influence upon increasing the frequency of occurrence 
of the minor platelet systems. This is especially true 
for the {100} systems which appeared very frequently 
under these conditions. 

When crystals of lead containing higher alloy 
concentrations were grown using the thermal valve 
technique of Tiller and Rutter it became increas- 
ingly apparent to the unaided eye that certain regions 
were growing in advance of others on the interface. 
When the crystal was etched in 10 per cent nitric acid, 
it was observed that a single retarded region repre- 
sented a single grain. The boundary separating the 
elevated and the depressed regions coincided exactly 
A photo- 


micrograph of the specimen in the unetched state is 


with the grain boundaries of the grains. 
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Decanted interface showing platelet structure 


and elongated cell boundaries (A—A). 500». unted 
platelet s 


Decanted interface showing platelet structure 
on a cellular interface. 


Fic. 11. Upper surface of a crystal showing trace of the 
decanted interface. The platelets comprising the cells are 
clearly visible as they intersect the upper surface. 210 
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Yecanted cellular interface exhibiting 


11] platelet systems. 250 


three 


16. Decanted interface of Pb 0.75 wt. per cent 


Sn sample exhibiting a region depressed 0.03 em below 


the 


rest 


f 


yf sample 


Sample of Fig. 16 etched to show 


depressed region was a single grain. 


that 


the 


shown in Fig. 16. The specimen after etching is shown 
in Fig. 17. It can be seen that the orientation of the 
depressed region (light) differs from the main orien- 
tation (dark). 

This effect first became noticeable to the unaided 
eve at solute concentrations of 0.15 wt. per cent Sn in 
Pb and greatly increased as the solute concentration 
increased. The specimen shown in Fig. 16 contained 
0.75 wt. per cent Sn and the interface presented a 
depressed region which was 0-03 cm below the surface 
of the main crystal. The depressed crystallites were 


observed to always exhibit an enlarged cell size 


compared to the crystallites in advance which 


exhibited a much smaller cell size. X-rays showed that 
the depressed crystal always had orientations lying 
in the center of the stereographic triangle of a standard 
(100) projection, and the crystals in advance had 
orientations near a {100} pole. This would lead to a 
pronounced (100) preferred orientation in the columnar 
zone of an ingot of this alloy. 

Development of the dendritic growth form. A series 
of experiments were carried out to observe the relation- 
ship between the basic growth form and the dendritic 
growth form that develops when a solid is in contact 
with its supercooled melt. 

A crystal of zone-refined lead in which a {111} 
platelet system was intersecting the upper surface at a 
small angle was grown in a horizontal boat. The top 
surface of the melt ahead of the interface was super- 
cooled by lightly playing an air jet on the liquid just 
ahead of the interface and the development of the 
dendrites studied. It was observed that traces of 
other platelet systems began to appear (at A—A) as the 
interface was transformed from a plane to one 
containing dendritic projections. Fig. 18 shows the 
curving of the dendrite spine as the dendrite becomes 
fully developed. 

The actual dendrites which are growing into the 
supercooled melt are revealed as three-dimensional 
structures extending ahead of the interface by rapidly 
decanting the liquid from the solid. The relationship 
between the {111} platelets and the dendrites is clearly 
shown by the end-on view of a dendrite tip in Fig. 19. 
The four complementary {111} planes are clearly 
forming the bulk of the tip of the dendrite. Several 
features are worth noting. The platelets are being 
nucleated independently approximately in the center 
of each face. The platelets then spread out 
from this nucleation site in all directions. The 
boundaries of the faces are approximately triangular 
and an apex of the triangle in each case is directed 
towards the tip of the dendrite. This direction is, of 
course, a (211) direction. 
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The essential morphology of the dendrite is more 
completely illustrated with Figs. 20 and 21. These are 
extreme magnification photographs of the tips of 
dendrites. These figures show that the {111} platelets 
extend to the very tip of the dendrite and provide the 
bulk of the solid which forms the dendrites even in 
this region. Fig. 20 shows however, a few extremely 
faint platelets centered about a {100} pole and at least 
one other set of still fainter platelets about what is 
probably a {311} pole. The fact that under the 


Fic. 19. canted interface showing a dendrite 


which four symmetrically-located {111} platelet 
are operating. 60 


ending 
entri 


YOU 


Fic. 18. Uppersurface of a pure lead crystal, exhibiting 
the platelet traces during the development of a dendrite 
interface (Above A—A). 20 


circumstances of dendritic growth, the {100} platelets 
are approximately the same intensity as the {311} 
platelets is indicative of the minor role played by the 
{100} platelets in dendritic growth, if they play a role 
at all. It should be pointed out that the {100! platelets 
are extremely difficult to find, in fact in the early 
stages of dendritic growth or growth of dendrites under 


small supercoolings, a {100} platelet system is never Fie, 21. 1 hotomi ; 
Immersion reveais Only 
present. not the {100}. 1000 
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DISCUSSION 


Preferred orientation. It has been seen that when 
zone-refined lead is made to solidify, it does so by the 


The 


particular platelet system that operates appears to be 


extension of a single family of {111} platelets. 


the one most nearly normal to the axis of heat flow. 
This 


here as the “basic growth form,” leads to a preferred 


mode of solidfication, which has been defined 


casting orientation in the (111) direction. This serves 


to substantiate the hypothesis that the results of the 


previous work on the preferred direction of growth of 


Pb and probably all f.c.c. metals can be attributed to 
an impurity effect. 

The effect of adding impurities to the melt is such 
as to eliminate the (111) preferred orientation giving a 


completely random orientation if the level of solute 


is below that required for the formation of “‘cells.”’ If 


the concentration of impurities present is sufficient to 


cause constitutional supercooling, then the mode of 


solidification changes from the “basic growth form” 
to the 
the cellular interface is such as to give rise to a 


“cellular growth form.” 
LOO 
preferred casting orientation. 
The 
directions of growth has been treated by Tiller.‘® 
Cellular growth form. 


theoretical explanation of these preferred 
It has been observed that as 
the cell boundaries begin to form, they do so by a 
change in the contour of the particular platelet system 
of which they are composed. As the cells become more 
well developed, they project farther into the liquid. 
During this development, a contour of surface is 
reached at which other platelet systems begin to 
The that 


prominent in growth are other {111} platelet systems. 


appear. new platelet systems become 
[t can be hypothesised that the new platelet systems 
form because they provide a surface of lower energy 
than the same contour with only a single platelet 
then 2, 3, and 
The four 


platelet systems each have a (211 


system. The cell develops from l, 


{111} platelet systems. 


finally 4, conjugate 


axis pointing towards the peak of the tetrahedron 


conjugate 


which they form. 
De ndritic growth form. When 


development of dendrites in pure metals, it appears to 


one considers the 
occur by a similar process to that already outlined for 
For Pb it 


growing into an absolutely 


the development of corrugations. would 
appear that a dendrite 
supercooled liquid must develop from a one platelet 
type substrate (interface) to the fully developed 
dendrite by the successive operation of two, then three, 
and finally four conjugate {111} platelet systems. A 
preferential growth direction in the (111) plane is a 


[211] direction, so that the growth form developed by 


The development of 
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the simultaneous operation of these four platelet 

systems will be such that for each of the platelet planes 

a (211 


lendrite. 


direction will point towards the peak of the 


From these considerations one may conclude that 
the dendrite axis, in Pb, as a representative of all f.c.c. 
metals, is the result of enclosing a certain direction by 
the four symmetrically located {111} platelet systems 
the The 
dendrite axis is in the (100) direction only because this 


which are fundamental growth forms. 
is the direction bounded by four {111} platelet systems 
having a (211) axis pointing towards the peak of the 


dendrite. 
CONCLUSIONS 


Pb, a 
between the crystal habit plane and the preferred 


For zone-refined relationship does exist 
They are the {111} plane and the (111 
This 


exists because the mode of solidification is the edge- 


orientation. 


direction respectively. preferred orientation 
wise extension of a single platelet system which pro- 


The 


addition of a small amount of solute can eliminate this 


duces a plane (corrugated) solidification front. 


preferred orientation. With a further increase of solute 


content, the growth form is modified to the cellular 
3. or 4 
Under 


these conditions, a (100) preferred orientation develops. 


growth form which may be composed of 1, 2, 


families of conjugate {111} platelet systems. 


Under conditions of dendritic growth in pure Pb, 
a growth form develops which is much like the 
“cellular” growth form. The tip of the dendrite is a 
compound growth form made up from four conjugate 
{111} platelet 
tetrahedral faces of the dendrite tip. The dendrite is 


systems, each growing on separate 


growing in the (100) direction only because this is the 
direction bounded by the four {111} platelet systems 
which have their preferred axis of growth pointing 
towards the peak of the dendrite. 

[It seems very likely that the possible platelet 
systems and their order of occurrence for a particular 
crystal structure will be those predicted by the crystal 
habit theories for equilibrium growth forms. It is also 
very likely that any observed growth form of these 
systems is merely a complex structure composed of, and 
The number of 


bound by. the basic growth forms. 


srowth forms observed as a result of solidification from 
the melt is small compared to vapor deposition, or 
electrolytic deposition. This is probably related to the 
different kinetics of formation of the growth forms for 
the different processes. It seems very likely also, that 
the preferred casting orientation of the various crystal 
structures tabulated in Table 1 will be given by column 


2 if the metals are very pure. 
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THE STRUCTURE OF OXIDE FILMS FORMED ON SMOOTH FACES 
OF A SINGLE CRYSTAL OF COPPER*+=§ 


W. W. HARRIS, F. L. BALL, and A. T. GWATHM EY‘ 


Oxide films, which were formed on the (311), (111), and (100) faces of a single crystal of copper heated 
at 150°C, were removed electrolytically from the copper and examined with an electron microscope. 

The structure of the oxide was found to be related to crystal face of the copper, and three types of 
(1) small nuclei from less than 20 to 80 A 


in diameter, (2) regularly shaped masses of oxide from 80 to 3000 A in diameter, and (3) a crystalline base 


structure were observed. On each face the film consisted of: 


film initially unresolvable with the electron microscope. 


FORMES SUR CERTAINES FACES 


DE CUIVRE 


FILMS D’OXYDES 
MONOCRISTAL 


LA STRUCTURE DES 

Les auteurs ont examiné au microscope électronique des films d’oxydes détachés électrolytiquement. 
Ces films avaient été formés sur les faces (311), (111) et (100) d’un monocristal de cuivre chauffé a 150°C. 
La structure de l’oxyde est en relation avec la face cristalline sur laquelle il se forme et trois types de 
structure ont ainsi été mis en évidence. Sur chaque face, le film est formé de: 

(1) petits noyaux de diamétre inférieur a4 20—80 A 

2) d’amas d’oxydes de forme réguliére, dont les dimensions varient entre 80 et 3000 A 

(3) d’un film de base a structure cristalline que lon peut résoudre au microscope électronique. 
VON OXYDHAUTEN AUF GLATTEN FLACHEN EINES 
KUPFER-EINKRISTALLS 


(111)- und (100)-Flachen eines Kupfer-Einkristalls beim Erhitzen 


DIE STRUKTUR 
Oxydhaute, die sich auf (311 
auf 150°C bildeten, wurden elektrolytisch abgelést und elektronenmikroskopisch untersucht. 
Die Struktur des Oxydes stand in Beziehung zur Kristallflache von Kupfer, und zwar wurden drei 
Typen von Strukturen gefunden. Auf jeder Flache bestand die Haut 1) aus kleinen Keimen von einem 
Durchmesser von weniger als 20-80 A, (2) aus regelmassig geformten Oxydkérpern von 80-3000 A 


Durchmesser und (3) aus einer kristallinen Grundhaut, die anfanglich elektronenmikroskopisch nicht 


aufgelést werden konnte. 


INTRODUCTION 

In this investigation an electron microscope has 
been used to characterize thin oxide films formed on 
different faces of electropolished single crystals of 
copper. Although electron microscopy has been used 
previously to study oxide films, most of the work has 
been with polycrystalline metals and for oxidation 
temperatures above 250°C. Bardolle and Benard”) 
McMillan‘? observed 
large oxide nuclei in films formed on iron, nickel, and 
These 


related to the orientation of the underlying metal. 


and Gulbransen and have 


copper at high temperatures. nuclei were 


The present study was concerned with oxide films 
of less than 80 A up to 250 A in thickness, as estimated 


from interference colors. The oxidations were carried 
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out using electropolished copper single-crystal surfaces 
from which the oxide films were removed by electro- 
lysis. The films were examined with a transmission 
electron microscope. Three crystal faces were studied, 
the (311), (111), and (100). The oxidation experiments 
were performed at atmospheric pressure and at a 
temperature of 150°C for times ranging from 20 to 
5000 see. 
EXPERIMENTAL METHOD 
The single crystals* were prepared in the form of 
spheres, 2 in. in diameter, with a shaft 5%; in. } in. 
long, extending from one side. Some of the spheres 
were carefully machined from single-crystal rods, } in. 
in diameter by 6 in. long, which were grown by the 
Bridgman method from copper of 99.99 per cent 
purity. Others were grown in the form of spheres of 
99 per cent purity. Flat faces were cut on the 
spheres parallel to the (311), (111), and (100) planes. 
The general method of surface preparation pre- 


viously described consisted essentially of mechanical 


* Crystals were obtained from the Virginia Institute for 
Scientific Research, Richmond, Virginia, and from J. V. 
Cathcart and T. H. Blewitt, Oak Ridge National Laboratory. 
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Fic. 1(a). Replica of electropolished crystal face. 84,000 


polishing followed by electrolytic polishing in ortho- 
phosphoric acid. Electron micrographs of. silicon 
monoxide positive replicas of the surface, such as 
shown in Fig. l(a), revealed no structure other than 
A micrograph of a 
l(b). 


rinsed 


that inherent in the replica. 
replica of an oxidized surface is shown in Fig. 

After electropolishing, the 
thoroughly in distilled water, dried, and placed 


crystal was 
immediately in the oxidation chamber. This chamber 


consisted of a Pyrex bulb, 2 in. 


in diameter, in the 
center of which the crystal was supported on a Pyrex 
hook at the end of a thermocouple well. The crystal 
was heated at 550°C for an hour in dry hydrogen 
which was purified by passing over hot copper and then 
through a drying train of magnesium perchlorate. The 


crystal was cooled in hydrogen to the temperature of 


the reaction; the reactor was evacuated to a pressure 
of about 0.1 mm Hg, and dry oxygen purified by 
passing over hot copper oxide was admitted for a 
given time. The crystal was cooled to room tempera- 
ture in vacuum and removed. Prolonged evacuation 


prior to oxidation did not affect the results appreciably. 


. l(b). Replica of same surface after oxidation. 20,000 » 


STRUCTURE OF OXIDE FILMS 

The approximate thickness of the oxide films was 
determined from a table of film thicknesses for various 
interference colors as prepared by Young," using 
elliptically polarized light as a reference. 

The technique for removing thin oxide films from 
iron, copper, and nickel has been described by Evans 
and Stockdale,“ and by Phelps, Gulbransen, and 
Hickman,‘® and consisted of electrolytically etching 
the underlying copper in saturated potassium chloride 
solution. 

The thin 


Parlodion film which was then scored through to the 


oxidized surface was covered with a 
metal surface with a sharp needle. The crystal was 
made the anode, and a piece of copper foil the 
cathode, in a cell containing the chloride solution. 
Electrolysis in an oxygen-free nitrogen atmosphere 
for 5 to 10 min with a direct current of 30 to 50 mA at 5 
to 10 V etched the underlying copper and allowed the 
Parlodion-oxide film to float free on the surface of the 
electrolyte. The film was transferred to a standard 
electron microscope screen,* washed dropwise with 
distilled water, and then with amyl acetate to remove 
the Parlodion. 

The film was then examined with an RCA EMU 2D 
electron microscope equipped for selected area and for 
standard electron diffraction. For standard diffraction 
a 40-micron aperture was used, and diffraction patterns 
the diffraction The 
electron wavelength was determined from measure- 
~ MgO reflection 


were obtained without lens. 
ments of the diameter of (200),,., 
(d = 2.106). 

Except for the oxide films removed from the (100) 
face of the copper crystals, oxide orientation was 
deduced from the transmission diffraction patterns, 
i.e. from patterns obtained with the electron beam 
normal to the plane of the film. Oxide removed from 
the (100) face usually produced a diffraction pattern 
from which the orientation of the oxide was not easily 
Therefore, diffraction were also 


deduced. patterns 


made with the stripped oxide film parallel to th 


electron beam. 

Evidence that electrolytic stripping had no detec- 
table effect on the composition or structure of the 
oxide films is as follows: 

(1) Micrographs of replicas of oxidized faces com- 

pared with transmission micrographs of the 
stripped oxide showed the same structural 


features. 


* Early in this investigation the oxide films were placed on 
uncoated microscope screens to make certain there was a self- 
supporting film. Once this was established, the thin films were 
placed on Formvar-coated screens, since unsupported films 
were very fragile, requiring extreme care during examination 
in the electron microscope. 
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Strippe d oxide films of copper, 150°C—45 min. 


311 face. 20.000 


diffraction made 


before stripping the oxide were compatible with 


teflection electron patterns 


transmission patterns obtained from the stripped 
film. 
agreement 


Similar was obtained using poly- 


crystalline copper and nickel foils instead of 


single crystals. 
The only experimental variables which syste- 
matically affected the diffraction patterns were 


No addi- 


time and temperature of oxidation 
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tional oxide was formed during the stripping 
process. 

The effect of strain on the oxide film structure was 
shown in the following way. Two crystals were grown 
simultaneously in a double mold. One of the pair was 
The 


strained and unstrained crystals were then oxidized 


strained at the temperature of Jiquid helium. 


and the oxide films were compared. 


RESULTS AND DISCUSSION OF RESULTS 
The of the 
varied with crystal face, as shown in Fig. 2 for a 
crystal oxidized for 45 min at 150°C. Comparison of 
the micrographs 2(a), (b), and (c) shows that the oxide 


structure and thickness oxide films 


on the (311) face was much thinner than that on the 


(111) or (100) face. Allowing for differences in 


100 face. 20,000 


structure, the oxide on the (100) face was the thickest. 
On the basis of interference colors, the films had the 
following approximate thicknesses: 80 A on the (311), 
190 A on the (111), and 250 A on the (100). 

Within 


observed. These are shown in more detail in Figs. 3(b), 


each face, variations in structure were 


+, 5, and 6, as well as in 2(a). Oxide films less than 80 


A were made up of: (a) small, dense, circular particles 


in the same size range of 20 to 80 A as the copper 
nuclei described by Newman and Pashley, referred 
(b) dense masses, often rect- 
(c) a 
crystalline continuum of cuprous oxide, the structure 


to hereafter as nuclei: 


angular, called polyhedra; and base film or 


of which was not resolved although the film was 
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HARRIS, BALL, ann GWATHMEY 


£ 


Fig. 3(a). Electron micrographs of stripped film fror 
(311) face of copper Bright field. 20,000 


visible both in bright- and dark-field electron micro- the initial stages of 


ranged from less than SO to about 


graphs, Fig. 3. 


By varying the time of oxidation it was possible to The results given in Tabk for the (311) fa 


20 to ser 


follow the development of the nuclei, polyhedra, and was oxidized over the range of 


base films which formed on the (311) and (100) faces 


For the (311) face this was done fo periods of time 
Because of the much ilm varied with time, while 


show that the nuclei and polyhedra gr 


rates. Moreover, the number of nuclei per u 


the number ol 


ranging from 20 to 5000 sec. 
faster oxidation rate of the (100) face, oxidations for was ind pendent of time. The electron 1 


shown in Fig. 4 of a film fr 


only 20, 60, and 180 sec were suitable for observing 


STRUCTURE OF OXID 
oxidation. Film thickness 
| 
| 
JOL. the (311) face is typ 
* 
& 
~ * 
Fic. 4. Stripped film from (311) face of } 150% 80,006 
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Stripped film from (111) face of copper, 150°C 
45 min. 100,000 


of the results obtained. It shows nuclei, polyhedra, 
and, in the original photograph, a visible but unre- 
solved continuum which supported the nuclei and 
polyhedra. 
TaBLE 1. Growth of nuclei and polyhedra 
(atmospheric pressure, 150°C) 


Nuclei Polyhedra 


Diameter Number/cm? Time Diameter Number/cm? 


(A) (sec) (A) 


1011 20 
10u 180 
360 
104 900 
101 1800 
102 2400 
190u 4980 


* Crystals machined into spheres. 

+ Crystals grown as spheres. 

In these experiments with the (311) face, thickening 
of the base film became appreciable only after the 
nuclei and polyhedra had ceased to grow. The base 
film appeared to develop by a process of lateral 


VOL. 5, 1957 


spreading of oxide crystals from the stable nuclei. 


This phenomenon was also observed on the (111) and 


(100) faces and is illustrated by the sequences of 
electron micrographs and electron diffraction patterns, 
in Fig 7, of films from the (100) face of a crystal 
oxidized for 20, 60, and 180 see. 

The oxide films shown in Fig. 7 consisted of nuclei 
and base films. Twenty-seconds exposure to oxygen 
produced the film in Fig. 7(a). The film was made up 
of a few isolated nuclei, and nuclei apparently 
After a 
oxidation, as shown in Fig. 7(b), the number of oxide 


surrounded by platelets of oxide. 60 sec 
patches decreased, the mean diameter tripled, and the 
mean diameter of individual nuclei outside the clusters 
After a 180 sec oxidation (Fig. 7c), little 
This film appeared to be 


doubled. 
film 
equivalent to that which would be obtained if the 


base was visible. 
structures shown in Figs. (7a) and 7(b) were super- 
imposed. Thus, the areas surrounding the dense 
clusters of Fig. 7(b) appear to have been filled in with 


oxide patches such as in Fig. 7(a). 


Fic. 6. Stripped film from (100) face of copper, 150°C 


45 min. 20,000 > 
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See 
25 : 10 x 108* 


150°C for 20 see. 72.000 


(b). 150°C for 60 see 


(c). 150°C for 180 see. 72.000 


Fic. 7. Electron micrographs and electron diffraction patt 
thicknesses stripped from the (100 


‘ * ge Ne a 
» 
2 
erns of oxide films of increasing 
t ) coppel 
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The electron diffraction patterns in Fig. 7 provide 


additional information about these films. In parti- 


cular, the oxide from the 20-sec oxidation was less 
the 60- 


Results for the (311) and (111) faces were 


oriented than the oxide from and 180-see 
exposures. 
similar to those for the (100) face, i.e. the thinnest 
films were least oriented. Pinsker and Tatrinova also 
observed that polycrystalline oxide was formed on 
that 


8) 


electropolished monocrystals of copper and 
orientation increased with increasing film-thickness.' 

This polycrystalline oxide from the thin films was 
composed of small oxide crystals having particular 
planes parallel to particular planes of the copper and 
This 


The oriented 


random orientation about the plane normal. 
orientation is designated as type II. 
of the 


crystals with particular planes parallel to particular 


oxide thicker films was made up of oxide 
planes of the copper but with a common zone axis 
lying in the plane. This orientation is designated as 
type III. The common planes were: (110) Cu,O//(311) 
Cu, (111) Cu,O//(111) Cu, and (111) Cu,O//(100)Cu. 
The common zone axis was [110]. Similar orientations 
have been reported by several workers, ‘9-10 

From comparisons of standard electron diffraction 
patterns, selected area diffraction patternsand electron 
micrographs, it appeared that the nuclei and poly- 
hedra had type III orientation and that the base films 
showed type II orientation. For the film thicknesses 


considered here, monocrystalline films were not 
observed. The nearly single-crystal diffraction patterns 
which were observed for thick films were produced by 
large numbers of monocrystals which deviated by 
small amounts from a common orientation. 

Despite the apparently identical orientations of the 


nuclei and polyhedra, evidence was obtained that they 


were not of common origin. For example, the 
different growth rates given in Table 1 suggest that 
the nuclei were not very small polyhedra. This is 


different 


dependence shown in the table and by the larger 


also indicated by the frequency—time- 
number of polyhedra obtained on crystals which had 
been machined from rods. 

In an experiment in which one of a pair of crystals 
was strained at liquid-helium temperature and then 
oxidized, the number per unit area and the rate of 
growth of the nuclei were unchanged, but the number 
and the rate of growth of the polyhedra increased. 
Relative to the oxide film removed from the unstrained 
crystal of the above pair, the film from the strained 
crystal contained ten times as many polyhedra and 
their rate of growth had increased by a factor greater 


than 2. The distribution of the polyhedra in the 


film from the strained crystal was along definite 
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boundary lines resulting from the strain. These 
observations tend to show that the polyhedra observed 
in these experiments were directly associated with the 
The 
number of polyhedra per unit area is in accord with 
(11) 


copper, while the nuclei may not have been. 
the number of dislocations suggested by Koehlet 
for annealed copper crystals. 

Throughout this investigation variations in oxid- 
ation time and temperature affected the number and 
size of the nuclei more than other experimental 
variables. Oxide films grown on copper single crystals, 
on nickel single crystals, on polycrystalline copper, and 
polycrystalline nickel all contained nuclei during an 
early stage of oxidation. 

It is impossible at present to decide whether the 
nuclei resulted from impurities or were related to the 
structure of the metal or the oxide. Recent examina- 
tion of electropolished copper crystals after annealing 
in hydrogen at 550°C or after heating in ultra high 
vacua have revealed appreciable surface roughening. 
Additional 


establish the nature of the surfaces which underwent 


experiments are needed in order to 
oxidation and to account for the nuclei. 

Except for the more random orientation of the base 
films, little is known about them. For oxide films of 
less than 8O A no measure of the base film thickness 
was possible. The probable thickness of the visible 
but unresolved films was estimated using the approxi- 
mate relation”) for the minimum detectable thickness 
For 50 kV electrons a 10 A 
Considering 15 to 20 A as the 


of a cuprous oxide film. 
film should be visible. 
resolution achieved in electron micrographs, such as 
Fig. 4, the base film thickness could have been 15 to 
20 A and the diameters of the constituent crystals 
somewhat less. Estimates of the mean size of the 
crystals in the base film calculated from half-breadth 
measurements of the diffuse rings in electron diffrac- 
tion patterns were in agreement with the above 
estimate. 

The foregoing observations emphasize the discon- 


The 


rates of growth of the nuclei, polyhedra, and base 


tinuous character of the oxide films studied. 


films cannot be adequately defined by a single rate law 
nor can the first stages of film growth as a whole be 
accurately described by one rate relation. 

Young, Cathcart, and Gwathmey"* have suggested 
that imperfections and grain boundaries in oxide 
films may influence the oxidation rate of specific 


Lawless’s® 


crystal faces. This follows from obser- 
vation that for faces of minimum oxidation rate there 
is an unique direction for which minimum mismatch 


exists between one atom row of the oxide and of the 


High-rate faces are those for which more than 


metal. 


HARRIS, BALL, ann GWATHMEY 
one energetically equivalent orientation of the oxide is 
possible. 

With respect to the crystals and surfaces used in 
this study, electron micrographs of stripped copper 
oxide films have shown that the first-formed oxide 
layers contained many boundaries or small discon- 
tinuities. The number of boundaries varied as oxida- 
tion progressed and was determined by the number 
of nuclei and polyhedra, the orientation of the nuclei 
and polyhedra, and the number of intersecting oxide 
patches. It seems likely that in the oxide films des- 
cribed here, the primary transport of matter occurred 
at or through the oxide boundaries rather than 
through the oxide monocrystals of the film. 

In summary, these studies with large single crystals 
have shown that not only are there large differences in 
rate of oxidation between faces, but that within any 
one face there are large differences in rate, as shown by 
the existence of nuclei, polyhedra, and a base film. 
The distribution or relative amounts of these three 
structural features also varies with face. The rates of 
growth of the nuclei, polyhedra, and base films cannot 
be described by a single rate law. These several types 
of oxide appear to be related to imperfections in the 
crystal, but their exact relationships to the structure 


of the metal or oxide have not yet been established. 
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THE DRIVING FORCE FOR RECRYSTALLIZATION IN 
BENT SINGLE CRYSTALS OF SILVER* 


J. W. SEMMEL, Jr.t and E. S. MACHLIN? 


During an experimental study of recrystallization of bent single crystals of silver, in which measure- 
ments of dislocation density were made, it was found that the energy associated with the dislocations com- 
prised but a small fraction of the driving energy for recrystallization. Experimental evidence was obtained 
to support the theory that excess point defects produced by the bend deformation, in particular vacancies, 
provide the major source of the driving energy for recrystallization under the present experimental condi- 
tions. Two annealing stages were found during which the driving energy for recrystallization decreased 
to values below that necessary to achieve recrystallization on subsequent heating to high temperatures. 
Specimens bent to 12° outer fiber strain or less degraded much 


This process is called ‘‘degradation.”’ 
It is postulated that the vacancy sinks are 


more rapidly than specimens bent to 23°% outer fiber strain. 
not infinite and that the longer degradation time is a measure of the time required for the excess vacancies 


to diffuse to the specimen surface. 


LE FACTEUR DETERMINANT DANS LA RECRISTALLISATION DE MONOCRISTAUX 
COURBES D’ARGENT 

Au cours d’une étude expérimentale de la recristallisation de monocristaux courbés d'argent ot l'on 
avait opéreé des mesures de densité de dislocations, on a trouvé que énergie d’association aux dis- 
cations ne comprenait qu’une faible partie de celle mise en jeu dans la recristallisation. Les auteurs ont 
obtenu une confirmation expérimentale appuyant la théorie qui considére l’excés de défauts ponctuels 
en particulier les lacunes) produits par la flexion, comme la source principale de l’énergie de recristalli- 
sation dans les conditions envisagées. Ils ont trouvé deux stades de revenu ot: cette énergie décroit 
a recristallisation au cours 


jusqu a atteindre des valeurs inférieures a celles nécessaires pour terminer 
Des échantillons 


d’un chauffage subséquent a haute température. Ce processus est appelé dégradation. 
courbés jusqu’a déformation maximum de 12% de la fibre externe se dégradent beaucoup plus rapide 
ment que des échantillons courbés jusqu’a 23° 


Les auteurs proposent d’admettre que les “piéges a lacunes sont en nombre limité et qu'une augmen- 
tation du temps de dégradation est une mesure de celui requis par l°excés de lacunes pour diffuser jusqu’a 


la surface de l’échantillon. 


DIE TREIBENDE KRAFT FUR DIE REKRISTALLISATION IN GEBOGENEN 
SILBER-EINKRISTALLEN 
3ei einer experimentellen Untersuchung der Rekristallisation gebogener Silber-Einkristalle, bei der 
Messungen der Versetzungsdichte angestellt wurden, ergab sich, dass die Energie der Versetzungen nur 
einen kleinen Beitrag zur treibenden Kraft fiir die Rekristallisation Liefert. Vielmehr stiitzen die 
experimentellen Befunde die Theorie, derzufolge iiberschiissige atomare Fehlstellen, insbesondere 
Leerstellen, die bei der Biegung erzeugt werden, unter den verwendeten experimentellen Bedingungen 
die hauptsachliche Energiequelle fiir die Rekristallisation darstellen. Zwei Anlasstufen wurden gefunden, 
bei denen die Energie unter die zur Erzielung einer Rekristallisation bei nachfolgender Erwarmung zu 
hohen Temperaturen notwendigen Werte absinkt. Dieser Prozess wird ‘Degradation’ genannt. Bei 
Proben die bis zu einer Randfaser-Dehnung von 12%, oder weniger gebogen wurden, verlauft die **Degra- 
dation wesentlich rascher als bei solchen mit einer Randfaser-Dehnung von 23%. Es wird angenommen, 
dass die Aufnahmefahigkeit der Leerstellen-Senden nicht beliebig gross ist und somit die langere degra- 
dations—Dauer ein Mass fiir die Zeit darstellt, die iiberschiissigen Leerstellen benétigen, um an die 


Probenoberflace zu diffundieren. 


INTRODUCTION picture of the lattice defects accompanying plastic 


A full understanding of recrystallization and deformation is available. Recently, several investi- 


recovery may not be expected until a detailed gators have developed techniques for etching 


dislocations, and deformation in bending has received 


> ider: i (1—3) ‘ ‘Or 
* Received June 20, 1956; in revised form December 21, Considerable attention. Thus, a method for 


1956. a somewhat detailed study of the role of dislocations 
Formerly General Electric Research Fellow, Columbia ' 

University, New York 27, N.Y. Present address: General 

Electric Research Laboratory, Schenectady, N.Y. Other investigators“4-” have studied changes 
se Associate Professor of Metallurgy, Columbia University, 

New York 27, N.Y. This paper is based on a thesis submitted 

in partial fulfillment of the requirements for the degree of energy as dependent upon deformation and _ sub- 

Doctor of Engineering Science, Columbia University, New ; 

York 27, 
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in deformation is now available. 
in density, electrical conductivity, and _ stored 


sequent annealing. In essence their work has shown 
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AND 


that, in addition to the generation of dislocations, 
large numbers of point defects are generated during 
deformation, and that their significant contribution 
is recoverable at low temperatures. 

after the 


discovery™ of a technique for etching dislocations 


This investigation was begun shortly 


in silver, with the purpose of studying the influence 
arrangement of dislocations 
recrystallization. the 

that defects 


important in recrystallization and their influence has 


of the density and 


upon During research it 


became apparent point were also 


been considered in detail. 


EXPERIMENTAL 


Single crystals of 99.9%, 


PROCEDURES 
grown in 
10+ mm of Hg 


by a modified Bridgman technique: The crystals 


silver were 


a dynamic vacuum of less than 


were 6 in. long and 0.75 in. in diameter, and were 


) 


sectioned into 


desired orientation with a slow-feed, water-cooled 


radial saw and a jeweler’s saw. The specimens 


were subsequently electropolished to remove cold 
work. 

Dislocation etch pits were revealed by electro- 
polishing and thermal etching according to Hendrick- 
son’s technique” with the following exception 
Cyanide solutions, previously treated with activated 
charcoal and filtered, were used as they yielded 
a better polish. 

After 


specimens 


deformation and _ before annealing, all 


were electropolished so as to remove 
0.003. in. the 


performed in a tube furnace in an atmosphere of 


about from surface. Annealing was 


purified argon. The specimens were laid flat on 
a porcelain boat that 
the 
back into the furnace. The temperature was controlled 
of the 


required for recrystallization at 850°C and the re- 


was rapidly removed from 


furnace. The boat was then rapidly inserted 


within For the determination time 


crystallization temperature at elevated temperatures, 
a molten-salt bath was used to obtain rapid heating 
This temperature was controlled within +5°C 


Tu 


eSA) 
oor Ou 
Fic. 1. SA, refers to the 
SA, for multiple glide, and BA refers to the bend axis in each 


case. 


specimen axis for simple glide, 


DRIVING 


specimens 0.25 in® by 0.75 in. of 


FORCE FOR RE STALLIZATION 


Recrystallization and recovery phenomena were 


the two orienta 


the 


studied for specimens within 3° of 
Fig. 1. In 


deformed at 


tions shown in general, specimens 


were room temperature in bending, 
and in addition some experiments were conducted 
in tension. 


The 


adjacent 


orientation was selected so ; to obtain 


specimens from the having 


112 


selected to obtain predominantly ingle 


Same crystal 


the same bend axis, neat 


The specimen axXIs 


was then 


glide (case 1) or multiple glide (case 2). In this 


way, specimens having different orientations and 


identical composition were obtained, and dislocations 
of the 4112! 
has the 


were observed on a face within 
This 
advantage 


little of the 


face 


in each case choice of orientations 


additional that bending takes place 


with very rotation which 


act OMmpanie 
Thus, 


pressing 


specimens of less symmetrical orientation 


bending could be accomplished by merely 


by hand over a rubber-covered mandrel, obviating 
the need for rigid clamps to prevent rotation, 
Frequently it was necessary to determine whether 


had 


etch accompanying annealing in 


specimen recrystallized, and the therma 


argon Was 
W hen 
X-ray 


solut ion of} 5 


usually 


sufficient to establish the fact recrystalli 


absent, 


fresh 


zation believed examination 


immersion into a KCN 


NH,).8,0g, 


performed in 


and 


and 5° which is a_ very 


micro-etch, confirmati 


the 


were 


term recrystallization, it is meant that 


original single crystal is completely converted t 

polycrystalline array of differently oriented crystals 
All the back-reflection Lau 

this papel taken at 3 


pinhole 


gTams accomMmpanyihn 


} 


were cm, usin U.o-mn 


RESULTS AND DISCUSSION 


Ambue nt dislocati di de 
The 


is 


average density 


cm on a 
A typical pattern 

112 2 
the same density was ilso observed on a /110 
These 


gators, 


of the entire surface is shown in Fig 


values agree with the work of othe 


theories 


l-3) jndicating that 
N 10° em-* for 


undeformed crys 


in need of revision 


Dislocation de nsity atte be 


Observed values of \, for a variety 


mens are presented in Table | As in the 


other investigations,“~* the observed vi 


83 
‘I 
“i 
disiocations \ 
+ 
sBA I } 
f heant 
ol 


METALLURGICA, 


Fic. 2. Etch pits on a (112) face of an 


as-grown crystal. 500 


in good agreement with the expectation that 


(9) 
N, 
: cos 
angle between the Burger’s 


where the 


the 
35° for multiple glide. 


and neutral axis, is 45° for single glide and 
The observed values of NV, 
are consistently smaller than the calculated values, 
but never more than a factor of 2. 


The 


polygonization 


show 
850 


arrays appear random and do not 


after hour anneals_ at 


consistent with Hendrickson’s observation”) that 


volygonization occurs only after long holding at 
pol 


850°C and with the lack of sharpening of the Laue 


streaks. This confirms Seeger’s prediction®® that 


polygonization should be slow in silver because 


of the prohibitively high activation energy required 
to form jogs. 
Recrystallization lower 


reduced N, to a much 


value, on the order of 10® dislocations /cm? in these 
bent crystals. A typical example illustrating this 


result is shown in Fig. 3. 


Another example of this 
phenomenon was shown by Hendrickson.” 
As a consequence of this work, that of Hendrickson 


and a separate study of grain-boundary migration, 


TABLE 


¥, Strain, max. 23 33 

Glide Simple Simple 
Thickness (in. 0.065 0.050 
Radius of curvature (in.) 0.14 0.075 
N, (107 em-?) 


eale. 
N, (107 em-*) obs. 
N,, (10'* calc. 


Recrystal. temp. (°C) 


* Determined in a salt bath. 


vector 


§.5 
Mult. 
0.086 
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Fic. 3. Etch pits ona partially recry stallized specimen bent 
to a 0.28 in. radius of curvature in multiple glide. The 
recrystallized region is at the left. 1500 


it can be concluded that each etch pit corresponds 
to one dislocation and that the dislocation density 
thus determined is correct to within a factor of 2. 


The deformation to induce recrystallization at 850 

The strain at the outside fiber required to induce 
recrystallization in specimens oriented for simple 
glide bending (SA,) at 850°C was between 23 and 
33%, as determined with two specimens at each 
strain. Specimen characteristics are given in Table 1. 
The cycle of deformation, etc., used in these ex- 
periments is outlined in Table 2. The specimens 
strained 23°, and less were scratched with a razor- 
blade prior to annealing at 850°C. Therefore, the 
lack of recrystallization at and below an outer fiber 
strain of 23°, was not due to the possible absence 
of nuclei. These specimens were oriented for simple 
glide, but other slip systems were operative to a 
However, 
the 
unidirectional extension of the Laue spots shown in 


lesser extent at strains as low as 6% 


from the slip-line characteristics and from 


Fig. 4, it was concluded that slip occurred predomi- 


nantly on one system. Fig. 4 may be compared with 


Figs. 5 and 6. The latter patterns were taken from 


] 


6.0 6.5 12 12 
Mult. Mult. Mult. Mult. 
0.065 0.065 0.030 

0.2 0.125 
6.5 15 


28 
800-50 


| 
23 
Mult. 
0.065 
0.79 0.14 
2.4 14 
1.9 4.2 8.8 
1.2 1.3 6.0 7.2 8.8 28 | | 110 
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Fic. 4. X-ray of a specimen strained 23% in simple-glide 
bending, beam perpendicular to the tensile face. 


specimens in which the slip was complex and, as 
shown, the Laue spots are distorted in more than one 


direction. X-ray photographs of specimens deformed 
Fic. 6. X-ray of specimen strained 


to an outer fiber strain of 33° indicated that this 
glide bending, beam perpendicular to 1 


large deformation couldno longer be considered simple. 


Therefore, these specimens may be more representative 5-5 and 6.0% strain. Two specimens were used 
of the sufficient departure from simple glide than at 6% strain and an additional specimen at 4 
of a critical value for the strain required to induce ‘strain. It was unnecessary to scratch the specimens 
recrvstallization. strained 6°, to induce recrystallization. These 
After annealing a specimen for 1 hr at 850°C, specimens would recrystallize without prior scratchi 


of the Also, grains are nucleated away from as well 


subsequent to a strain of 23%, N, was 
expected value (9.1 < 107 em-2) and the dislocations at the scratched region in those crystals 


appeared randomly distributed as shown in Fig. 7. were scratched and recrystallized. A 
Under similar conditions, specimens oriented for specimen dimensions were used to obtain 
multiple-glide bending (SA,) recrystallized between ®@ value of V, as would support recrys 
at a strain of about 6 The lowest 
obtained was 1.1 107 em~* in a random 


This is not necessarily the lower limi 


Fic. 5. X-ray of a specimen strained 6° in multiple 


glide bending, beam perpendicular to the tensile face. radius of curvature and 


- : 
- 
4 
| 
( 
ributis 
; 
‘ 
4 
; 
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TABLE 2. 

Specimens were bent to desired strain. 

Specimens were electropolished to remove 0.003 in. from 
the surface. 

Bent 
furnace at 850°C for 1 hr. 

Specimens were cooled to room temperature in argon blast 


were placed into argon-atmosphere 


specimens 


and observed. 


the limit which could be obtained experimentally 
with short specimens. 

It was not possible to determine N, prior to 
recrystallization for the above specimens, because 
the thermal etch required to reveal the dislocations 
(600°C) is sufficient to prevent recrystallization upon 
This effect of low- 


subsequent 


subsequent annealing at 850°C. 


temperature annealing in preventing 
recrystallization will be called degradation, inasmuch 
as the primary effect of this anneal is to degrade 
the driving energy for recrystallization. Therefore, 
duplicate specimens were used, one to determine JN, 
and the other to test for recrystallization. At larger 


(920 


strains (2% ) it was possible to observe the dis- 


locations both before and after an insufficient degra- 
dation anneal and still induce recrystallization in 
the 


850°C. In 


same specimen upon subsequent heating to 


the latter case, N, was 8.8 107 em-? 
and the distribution was random. 
Specimens of square cross-section (edge 0.065 in.) 
and orientation SA, were deformed in simple glide 
tension. Here, unlike bending, the absence of mark- 
ings on a second slip plane indicated conditions 


Before 


removed 


annealing 
the 


closer to ideally simple 


slip. 


at 850°C the clamp ends were from 
specimen electrolytically, and the specimens were 
scratched with a razor blade to insure the presence 
of nuclei. (It should be noted that when recrystalli- 
zation occurred, grains nucleated equally well at 
regions distant from the scratches as at the scratches. 
Thus, nuclei were always present in these experiments. 
When recrystallization occurred these nuclei grew 
out to form macroscopic grains. When recrystalli- 
zation did not occur there was concomitantly no 
The critical strain for recrystal- 


nucleus growth.) 


lization was between 26 and 27°. NV, in a specimen 
was 4 107 


the distribution was random (Fig. 8). This specimen 


strained in tension em-* and 
was recrystallized at 850°C, after thermal etching 
at 600°C and observation of the etch pits. 

It is well known and apparent from the observations 
that the 
recrystallization. It is 
the the 


the specimens deformed in simple glide were scratched 


strain alone is not critical factor causing 


also necessary to specify 


orientation or geometry of slip. Because 
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Fic. 8. 
33°, in simple-glide tension. 


Etch pits ona specimen extended 


low 


prior to annealing and did not recrystallize at 


strain, it is concluded that the explanation is not 
to be found in the possible absence of nuclei in simple 
glide. Rather, it appears that there is insufficient 
driving energy to cause nucleus growth. 

Dislocations serve as a source of driving energy. 
However, the gross N, does not appear to be the 
critical factor, because bending in multiple glide 
results in recrystallization where = 1.1 « 107 em-?, 
and bending in simple glide does not cause recrystal- 
lization when NV, = 9.1 10’ em-?. This is a diffe- 
rence of a factor of 8, which is by no means an upper 
limit. Furthermore, tensile simple-glide specimens 


with NV. 4 


107 cm~? are not readily degraded, 
while bent multiple-glide specimens with a slightly 
greater N, easily undergo degradation, which pre- 
The degradation 


detail 


vents recrystallization at 850°C. 


of specimens will be discussed in greater 


later. 


Theoretically, the dislocations do not supply 


a large driving energy when in a random array, 
as observed. As shown in Appendix 1, nuclei with 
radii larger than 0.67 mm would be required for 


N 5 107 


d 


srowth when in a random 


distribution. This is confirmed by the experimental 


results, inasmuch as nuclei from scratches smaller 


than the corresponding critical size do not grow 
to completion. It will be shown later that the energy 
attributed to the dislocations is of the correct order 
of magnitude. 

concluded that 


From the above results it can be 


straight dislocations do not provide the driving 


force responsible for the recrystallization of the bent 
What 


specimens used in this investigation. then 
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is responsible for the large magnitude of the driving 
force for recrystallization? It is known that besides 
dislocation arrays, deformation produces dislocation 
jogs, point defects, and clusters of the latter. Dis- 
location jogs may be removed as a possible source 
of the driving energy by a simple calculation which 
reveals that the energy associated with the dislocation 
jogs is of the same order as that associated with 
the dislocation segments themselves. Another cal- 
culation (Appendix 2) reveals that point defects 
are capable of accounting for the magnitude of 
the driving energy. Point defects, as a source of 


excess energy when in supersaturation, are consistent 


(MINUTES ) 


with the observation that the critical strain for 
recrystallization in multiple glide is less than for 
simple glide. Many more dislocation jogs are created 
by dislocation intersections in multiple than in 


simple glide. The nonconservative motion of these 
(4,8) 


RECOVERY TIME 


jogs will lead to the generation of point defects. 

Equations derived in Appendix 2 describe the 
maximum number of point defects per unit volume 
(V,) that arise if each jog forms one defect per 
atom step-motion of dislocation, and calculated 


values are presented in Table 1. 


Calculated values of N,, are a more satisfactory 


criterion for recrystallization than the strain or JN. 3 1-8 

At recrystallization in multiple-glide bending, 

-7.2 In simple-glide bending N, — 

vecovery time to prevent recrystallization 

10! em-* (in this case it is believed that if recovery temperature, 12 maximum strain in 1 
glide 

multiple glide had not started to occur, the critical °" 


strain for recrystallization would have been greater 
than 33°). In simple-glide tension JN, 4.9 For these reasons, it is believed that 
10" em-3. Furthermore. point defects in these are dominant in the recrystallization of these speci 
quantities are capable of providing about twothousand = "'©"* Because the point-defect concept offers 
times more driving energy than the dislocations “ reasonable explanation of all the observations 
present. A random dislocation density of 5 < 107 em-? the discussion will be developed from this point 
corresponds to an excess volume free energy of ot view 
9.0 10 ergs/em* (see Appendix 1). <A_ point- 
defect concentration of 7.2 corresponds gradation at 12 strain 0 
to an excess free energy of 1.6 10° ergs/cm? at Recrystallization of specimens strained 12 
the recrystallization temperature, 725°C (see equation a radius of curvature of 0.28 in. was pre 
A-8). by prior low-temperature annealing Aft 

It will be shown in the section to follow, entitled anneal each specimen was placed in 
“A Model for Degradation and Recrystallization,” 850°C for 1 hr without the occurrence 
that it is quite conceivable that a vacancy con- lization. Some specimens were then 
centration of 10'% per cubic centimeter can exist to develop nuclei and held for 1 hr 
at 850°C over a sufficiently short but finite time _ still without recrystallization. After deg 
to enable recrystallization nuclei to grow out to  neals, the dislocations were present in 
a sufficiently large size so that the energy of the numbers and random appearance. The limiting time 


dislocation array can provide the surface energy at the degradation anneal temperature to prevent 


required for further growth of the recrystallized recrystallization upon subsequent heating to 850°C 


grains. was determined as a function of the degradation 
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time at 


shown in 


that 


anneal temperature, as 


limiting time to degrade is 


degradation temperature below which recrystal- 
lization is obtained on subsequent heating to 850°C 
and above which time recrystallization is not obtained 
on the subsequent 850°C anneal. 
the 


was near the critical value, recrystallization nuclei 


In three cases, when degradation anneal 
formed at 850°C. They were usually on the compres- 
farther into the matrix 
(Ac- 
the compression side should 
The 
A typical 


sion face and did not 
after 


cording to Appendix 2, 


annealing for many hours at 850°C. 


have the higher defect concentration.) nuclei 
consisted of a patch of several grains. 
patch was 1.6 mm in diameter on the compression 
face, and a cross-section of the specimen showed 
that the patch extended 0.32 mm from the surface 
Four grains of the patch 


Use 


be made of this observation later to obtain an estimate 


toward the neutral axis. 


were intersected by the cross-section. will 


of the energy of a dislocation in a random array. 


Degradation obeys an Arrhenius equation with 


an activation energy of 28.2 2.8 keal/mole, as 
shown in Fig. 9. This 


Buffington and Cohen’s estimate”! of 29.4 kcal/mole 


value is in agreement with 


fortheactivation energy of vacancy jump in silver (0.64 
of the activation energy of diffusion). It is similar 
to 27.5 keal/mole (about 0.6 of the activation energy 
of diffusion) determined for the recovery of electrical 
(6) 


conductivity in cold-drawn copper by Bowen et al. 


which was analyzed as a process by 


et 


Vacancy 
srinkman It is also similar to Nowick’s 
value of 20.4 kcal/mole (about 0.6 of the activation 
energy of diffusion) from anelastic measurements of 
silver-zine alloy (12 

It is larger than Boas’ estimate‘) of 23 kcal/mole, 


the stored in 


(13) 


determined from release of energy 


and Kauffman and Koehler’s 


15.7 


measurements of recovery in quenched 


deformed nickel, 


measurement of kcal/mole, determined by 
resistivity 
gold. 
Undoubtedly there are a number of point-defect 
relaxation processes involving interstitials, vacancies 
and groups of vacancies, all with their own activation 
energy and detailed kinetics. While it is not possible 
to establish the exact nature of the point defect 
in question here, it is considered to be a single vacancy. 


This choice is made because the point defect does 


* The 250°C differed from the 


imen was placed into a 


annealing procedure at 
remainder of the tests in that the spe 
cold tube and flushed with argon prior to being placed into the 
from the time 


hot furnace. Half a minute was subtracted 


at 390°C, to allow for the specimen to come to temperature. 
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not appear to be either an interstitial or a divacancy, 
which are believed to migrate with a considerably 
smaller activation 
With the known activation energy (Q;) and N,, 
the vacancy lifetime equation shown in Appendix 3 
has been used to calculate the jump activation 
1 to 11 eal 
mole/“K at the extremes of Q; and is 5.1 cal/mole/"K 
at 
with Buffington and Cohen’s estimate“ of 4.72 


entropy (AS,). The value ranges from 


28.2. kcal/mole, which is in agreement 


cal/mole/“K. In deriving the lifetime equation, it 
has been assumed that a vacancy is quickly captured 


by a jog once it reaches a dislocation. 


A model for degradation and recrystallization 


the above observations and analysis the 


model is 


From 
Driving 
that 


following proposed. energy is 


associated with 
that 


dislocations. In 


available from two sources, 


the supersaturation of vacancies and smaller 


fraction associated with order 
for recrystallization to proceed, nuclei of sufficient 
size (R..) must be available to grow under the vacancy 
driving force, which supplies the energy to form 


When 


sufficiently large radius (R,), 


interfacial area. nuclei have grown to a 
growth may proceed 
with the driving energy supplied by dislocations 
alone. 


The 


lization is that the vacancy lifetime (7’*) must be 


critical condition for complete recrystal- 
greater than the time (¢,) required for a nucleus 
That 


excess 


to size R.. is, the driving force asso- 
the 


must not disappear before the nucleus grows out 


to grow 


ciated with vacancy concentration 


to size R,. If nuclei larger than R, are unavailable, 


recrystallization does not occur. With nuclei greater 


than R less than R,, recrystallization will 


and 


tg, REPRESENTS A GREATER VACANCY 
CONCENTRATION THAN tgo 


"92 
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occur for 7'* and complete degradation will 
occur when 7*<¢,. On the other hand, recrystal- 
lization will not be prevented if nuclei are larger 
than 


Therefore, the recrystallization temperature will 


be approximated by the condition 7'* = t,, 


where 
both 7* and ¢t, are dependent upon temperature 
through an Arrhenius equation: t, = t,° exp (Q,/RT); 
7° T*® exp (Q,/R7). If Q, is greater than Q,, 
as is expected, a plot of log time versus the reciprocal 
The 


recrystallization temperature and its variation with 


of temperature appears as shown in Fig. 10. 


N,, is shown schematically. Complete degradation 


occurs at low temperatures, and _ recrystallization 


On 


if (@; were greater than Q,, complete degradation 


occurs at high temperatures. the other hand, 
would occur at high temperatures and_recrystal- 
lization at low temperatures. 

The reader to this paper asked the question ‘“How 


can an excess of 10!® vacancies per cubic centimeter 


survive at temperatures as high as 850°C in order 


to serve as the driving force for recrystallization?” 
He also desired that this question be not ignored. 
like to 
at this point that the vacancies need only exist 
at the 
the recrystallization nuclei to grow out to the critical 


Consequently, the authors would remark 


high temperature long enough to 
size corresponding to the driving force associated 
the field. Actually, if the 


of grain-boundary migration is sufficiently 


with dislocation 
high, 
the vacancy survival time need be very short indeed. 
In principle, and experiment, there exists no basis 
the 
it explains our experimental results much _ better 


for discarding above concept. Inasmuch as 
than any other concept we have been able to devise 
or recognize, it has been chosen as the basis of a 
model for recrystallization in bent single crystals 
and their equivalents. 
Predictions of the model 

There are a number of predictions of the model 
One that the 


recrystallization temperature should be a 


just described. such prediction is 
unique 
function for a given material of the ratio of the speci- 
men thickness to the bend radius (see equation A-17). 
Insufficient specimens were available to test this 
prediction. However, as the data in Table | reveal, the 
recrystallization temperature is nearly constant for 
constant values of this ratio, while it varies widely for 

Further 
this 


constant values of the dislocation density. 
data are required to quantitatively test pre- 
diction. 

Another prediction of this model is that recrystal- 


4—(12pp.) 
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lization must be very rapid at elevated temperatures, 
because the grains must grow to critical size before 
the The 


(S50°C) in 


vacancies disappear. shortest time to 


reach temperature these experiments 


was 6 sec. It was found that recrystallization was 
completed in this time with grains as large as 2.5 mm 
diameter. The predicted recrystallization time for 
this experiment is 0.02 sec at 850°C for 


0.065 in. thick 


a specimen 


bent to a radius of 0.28 in. Unfortu- 
nately, it was not possible with the equipment avail- 
However, 


the 


able to check this prediction quantitatively 


the experiment served to show that theory 


was not inconsistent with experiment even though 
it was inadequate to prove consistency. 


Degradation at 23 strain in multiple glide 


Recrystallization could be prevented in specimens 
fiber of 23° 


time at elevated 


bent to an outer strain However, 


considerably more temperature 
was required forthese specimens than for the specimens 
The annealing 


the 


bent to an outer fiber strain of 12° 


cycle was begun at 400°C, and temperature 
was slowly increased to 470°C over a period of | 
475°C. 10 


600°C 


hour. This was followed by 10 hours at 


hours at 550°C, and additional time at 


Annealing was started at low temperatures becaust 


the recrystallization temperature is in the vicinity 


of 500°C. On the other hand, annealing had to be 


performed at 600°C so that degradation would 


occur in a reasonable length time 


quite variable 
With 


orientation 


for complete degradation was 


strain and between specimens 


matched group of specimens und strain 


10 hours at 600°C was insufficient for complet 


After 30 


were developed within 1 hour at 


degradation hours at 


not grow upon further annealing at 850" 


60 hours at 600°C, complete degradation 


taken place. One specimen which was defor 
a little less, was completely degraded after only U 


The 


the 600°C degradation anni 


hours at 600°C observed dislocatior irl 


was unchanged by 


That is there was no apparent change in the thermal! 


etch-pit counts and distribution taken 


prior to 


the degradation anneal at 600°C and after sufficient 


degradation anneal to prevent recrystallization at 


If the degradation process 1n specimens bent to 


23°, outer fiber strain is still to depend on the annihi- 


lation of vacancies, then either the vacancies 


must travel farther to sink in these specimens, or the 


vacancies must live longer in travelling to the same 


with 

| 
ud 

4 
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sinks. Because thermal generation of jogs is improb- 


able in silver,“® the only jogs (sinks) available are 


those formed mechanically by dislocation inter- 


sections. Because dislocations in the bent cry stals 


ultimately assume primarily edge character, the 
number of sinks closely equals the number of vacancies 
formed, providing no dislocations are annihilated 


Under 


rior multiple clide. dislocation climb and migration 
] 


or pass out of the crystal. 


will be hindered by dis- 


the 


during thermal treatment 


location intersection and formation of jogs. 


Consequently, an increase in prior strain which 
increases dislocation density and the ratio of vacancies 
to sinks should lead to the development of a residue 
of vacancies which can only be annihilated by diffusion 
to the The the latter 
leads to the prediction of a lifetime of 5] 
with the 

The factor 0.7 


concentration 


surface. kinetics of process 


hours 
observ ed 


sood agreement 


0.7w)?/D.26,17 


at 600°C. in 
time-limits, 


arises because the vacancy must 


be reduced to the ratio its initial value 


The 


2.8 107° vacancies 


recrystallization.) objection 
that 


em? at 6.9 107 


to prevent may 


be raised annihilation of 
length 
10 3 


However, 


per dislocations of unit 
should cause the dislocations to climb about 3 
em and lead to observable poly gonization 
it may be argued that polygonization requires both 
dislocation climb and glide, and although the driving 
to overcome the 


that 


force for climb may be sufficient 


resistance of jog formation at dislocations 


glide can be less than this resistance. 


intersect, that for 
Consequently, although the dislocations may climb, 
because of the high jog energy in silver, their glide 
into walls may be prevented. 

The second explanation which asks the vacancies 
the 


clustering in 


to acquire a longer lifetime in travelling to 


same sinks might involve vacancy 
the early stages of the degradation anneals to result 
in an increase in the vacancy lifetime. It is not 
apparent how this increase will occur, because once 
the matrix is depleted of vacancy supersaturation 
there is a driv ing force to take vacancies into solution 
from the clusters. 

[It should be possible to determine whether either 
of the above mechanisms operates. The first predicts 
that the degradation time will depend upon specimen 
Also it 


of curvature which is completed in a 
total 


size squared predicts a limited recovery 
short 
The 


second predicts the formation of vacancy clusters 


time 


with respect to the degradation time. 


which are capable of detection by small-angle X-ray 


scattering, density, and resistivity measurements. 
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Also, the recovery of curvature should occur continu- 


ously throughout the degradation period. 


Recrystallization of single crystals deformed in tension 


For a silver crystal oriented for ideal simple 
slide in tension, it was found that the critical strain 
for recrystallization at 950°C is about 27%. 
of the 
crystals so deformed to a maximum of 30% 
the 


over to the long-time process in specimens strained 


Rapid 


degradation driving force was observed in 


strain. 
However, kinetics of degradation changed 
to 33° 
in the 33° strained cry stal before a sufficient degra- 


The density of dislocations was measured 


dation anneal at 606°C to prevent subsequent recrys- 
tallization at 850°C, and after sufficient degradation 
anneal. In all cases, the dislocation density was 
107 em-2, 
the 
first 
in tension, it is worth while noting that opposite- 
after the 


observ able in 
the 
pulled 


and no change was 


dislocation morphology. Because this is 


observation of dislocations in silver 


sign dislocations must be (even 


present 
thermal etch) and that the strain could have been 
achieved by the observed dislocations having moved 
IN bw 


~ 0.2. It is also probable that some dislocations 


into the specimen from the surface, i.e., ¢ & 


have passed out of the specimen in the course of 


deformation. From the above it appears that the 


recrystallization behaviour of single crystals pulled 


in tension is equivalent to that observed in bent 
crystals. 
The ene rgy of a dislocation array 


As already 


consisting of a patch of small grains, are frequently 


mentioned, recrystallization nuclei, 


found at 850°C when there has been an insufficient 
anneal for complete degradation. The nucleus patch 
does not grow upon subsequent annealing at 850°C. 
This is interpreted as a case where there are enough 
vacancies present after partial degradation to initiate 
nucleus growth, but not enough (within their lifetime) 
to permit the nucleus to grow to the size necessary for 
continued growth into the dislocation array. This is 
very important, for it permits an estimation of the 
energy of the dislocation array. 

When a nuclei patch has ceased to grow, it is 
because the energy increase accompanying growth, 
due to the increase in interfacial area, exceeds the 
energy associated with the dislocations in the deformed 
matrix. A typical stable nuclei patch in a specimen 
strained 12°, in multiple-glide bending was 1.6 mm 
in diameter on the compression surface, and a cross- 
had 


maximum distance of 0.32 mm toward the neutral axis. 


section revealed four grains which grown a 
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Considering the nuclei patch as a slice from a sphere of 
radius, 


(0.8)? (0.32)? 


the increase in interfacial energy per unit volume of 
forward growth may be expressed as 


R + 0.32 


0.32R 


G 104 ergs/em? 


where the interfacial energy, o, is taken 


as 
ergs/em?.“®8) G, the internal grain-boundary 

the grains forming the patch, is given by 2N/L,"% 
where N is the number of intersections a line of length 
N 3, 
L =0.8 mm). Then the stored energy in the deformed 
to the 


4 104 ergs/em?. 


L makes with the internal grain boundaries 


matrix due dislocations must be less than 

In order to determine the lower limit of the energy 
of the dislocation array, the following experiments 
were performed: Nuclei were introduced in bent and 
degraded specimens by pinching one end. In one case 
out of eight attempts, two grains were obtained which 


In 


the other seven attempts many grains formed the 


grew out and consumed the unpinched matrix. 


interface between the pinched and unpinched region, 
than 


less 


having an average grain diameter much 
0.1 mm, and growth into the nonpinched volume did 
not occur. The case in which growth did occur, which 


was with a specimen strained 12°, in multiple-glide 


bending, may be used as a lower estimate of the energy 
of the dislocation array. The increase in interfacial 
energy per unit volume is given by o/2w where w is 


The n 


the energy of the dislocation array in these similar 


0.825 mm, the half-thickness of the specimen 


specimens is between 2 10° and 4 10? ergs/em? 


This is in good agreement with Nye’s™ theoretical 
value of 9 10° ergs/cm*, when V 5 107 em 


see Appendix 1). It also confirms the estimation of 


the free energy of a dislocation from elasticity theory 


which is implicit in Nye’s derivation. On the other 


hand, if one accepts the results of elasticity theory, 
this reconfirms the evidence that etch pits represent 
ot 


single dislocations and not clusters many dis- 


locations. 


Dislocation concentrations as an alternate explanation 


While the concept that vacancies supply driving 
energy permits an understanding of all the obser- 
vations, one other possibility will be considered 
briefly. 
than 


The density of dislocations can be large 
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same decrease as occurs in the process of degradation 
after a 23°, outer fiber strain in bending or after a 
strain of 33°, in tension. Similarly, it does seem likely 
that degradation in the other specimens corresponds 
to dislocation randomization. If it did, it would be 
expected that the activation energy for degradation 
The 


activation energy for degradation is about 0.6 that for 


would be equal to that for dislocation climb. 
dislocation climb. Also, the excess energy associated 


with dislocation concentrations, such as_ pile-ups 
along slip planes, would be expected to be larger for 
total number of the 

that stuffed into a 


Actually, the reverse is found to be true: namely, that 


the same dislocations more 


dislocations can be pile-up. 
more dislocations are required in the single-glide 
orientation to achieve recrystallization than in the 
multiple-glide orientation. 


Vacancies and recrystallization 

The deformation of a single crystal in bending is 
different from that of fine-grain polycrystals in two 
ways. Far fewer dislocations are trapped within the 
material and the mean free path of dislocations is 
longer in single crystals. This has the effect of making 
vacancies a more important contribution to strain- 
energy and more resistant to degradation. For 
example, about half of the strain-energy is contri- 
vacancies in deformed 


buted by polycrystalline 


) 


nickel,“’ whereas it is expected that the fractional 
contribution in bent single crystals is much larger. 
The importance of vacancies in the recrystallization 
of commercial materials is unknown at present, but it 
might be expected that dislocations would be present 
in larger quantities and that vacancies would be less 
that 


vacancies may make a contribution,'@!) especially if 


important. However, there are indications 


22) 


they combine with solute atoms.‘ 


Prior work on bent single crystals 


Beck*) has studied recrystallization in bent single 
The 


results on 


aluminum. relation between his 
the 


One very surprising difference was that the 


crystals of 


results and present silver is not 


obvious. 


recrystallization of bent silver crystals was complete, 


while the recrystallization of Beck’s aluminum crystals 


was confined to regions of high strain away from the 
neutral axis. 
Summary and conclusions 

(1) As determined by the etch-pit technique, the 
density of dislocations in as-grown silver crystals (on 
the order of 108 


dislocations accompanying bending is in agreement 


em~*) and the number of excess 
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with theory. Polygonization in silver is slow, as 
predicted by Seeger. These observations have been 
confirmed by other investigators. 

(2) The 
850°C was determined for multiple- and simple-glide 


critical strain for recrystallization at 


bending and _ simple-glide tension. Comparison 
of these values indicates that point defects, not the 
density of dislocations nor the strain alone, are the 
controlling factor. Furthermore, theory indicates 
that vacancies and not dislocations, in their expected 
quantities, could be a sufficient source of driving 
energy to initiate recrystallization. 

(3) By measuring the size of nuclei which would 
and would not grow into an array of dislocations, 
an estimate of the energy of the dislocation array 
factor of 20. 


was found with Nye’s formulation of the energy 


was obtained within a Agreement 


stored in a random array of dislocations, which 
implies agreement with the energy of a single dis- 
location, as determined from elasticity theory. 


On the other hand, if Nye’s formulation is considered 
valid, the observations offer additional proof that 
the etch pits represent single dislocations and not 
clusters of dislocations. 

(4) Specimens strained 12°, in multiple-glide bend- 
during annealing below 


ing undergo “degradation” 


the recrystallization temperature. After complete 
degradation, specimens do not recrystallize at 850°C, 
which is normally above the recrystallization tempera- 
ture. Degradation 


obeys an Arrhenius equation 


with an activation energy of 28.2 + 2.8 kcal/mole, 
that 


sponds to the relaxation of vacancy supersaturation. 


which strongly indicates degradation corre- 

(5) It is proposed that vacanciesare quickly removed 
at jogs when they reach a dislocation. Upon this 
model, a reasonable jump activation entropy for 
vacancies is obtained. 

(6) The following model for recrystallization is 
proposed. Vacancies, within the period of their 
lifetime, supply the initially large driving energy 
required for a nucleus to grow to a sufficient size 
the 
energy associated with the dislocations. 

(7) The 
within the vacancy lifetime at elevated temperatures. 
This 


(8) Degradation 


for continued growth under smaller driving 


model predicts rapid recrystallization, 


was confirmed within experimental limits. 


requiring long annealing was 
observed at high strains in multiple-glide bending 


The 
insufficient 


and simple-glide tension. model 
is that there 
that 


to the surface. 


proposed 


are sinks for vacancies 


and degradation occurs by their migration 


SEMMEL, JR. ann MACHLIN: 

(9) The dislocation density in simple-glide tension 
is much larger than that expected from the possible 
existence of a continuous strain gradient, indicating 
that dislocations of opposite sign remain within 
the crystal. 

(10) It is suggested that vacancies may play an 
important role in the recrystallization of commercial 
metals, if they combine with solute atoms rather 
than migrating to dislocations. 

(11) Whenever the had 
power to completely recrystallize, it formed new 


deformed crystal the 


also 


not only near scratched regions but 
Whenever 
the deformed crystal did not recrystallize, micro- 
at the 
region only, which did not grow out into the crystal. 
this 


growth 


grains 
at regions far from the scratched area. 


scopic-size nuclei were formed scratched 


Consequently, the experiments described in 


paper measured the capacity for nucleus 


or, what is the same thing, the driving force for 


recrystallization. 
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APPENDIX 
1 


sec/erg. 


grain-boundary mobility, cm 


grain-boundary mobility constant, cm*/sec 


erg. 


Burgers vector, 2.9 10-8 em for (110) dis- 


locations in silver. 
free energy per unit length of dislocation. 
Planck’s constant. 
Boltzmann’s constant. 


ambient number of dislocations intersecting 


a glide plane per unit area which produce 
jogs. 
number of moving dislocations per unit area. 
number of vacancies per unit volume at 
equilibrium. 
vacancies per unit 


maximum number of 


volume due to deformation. 

instantaneous number of vacancies per unit 
volume. 

activation energy for vacancy jump. 

for grain-boundary mi- 


activation energy 


gration. 


DRIVING 


FORCE 


R, 


The 


disk 


When 


With 


the growth-rate of : 


_ tor crowth the 


FOR RECRYSTALLIZATION 


gas constant. 
radius of growing grain 


radius of curvature of bent specimen. 


critical radius of nucleus for growth with 


dislocations supplying driving energy 
of 


vacancies supplying driving energy 


critical radius nucleus for growth with 


activation entropy for vacancy jump. 
temperature. 
recrystallization temperature 


average vacancy lifetime. 


time. 
to size R 


time for a nucleus to grow 


vacancies supplying driving energy 
half-thickness of a specimen. 
interfacial unit area, 


energy per 


ergs/em?2.8 

atom vibrational frequency 
rigidity modulus. 

Poisson’s ratio. 

dislocation at which stress- 


radius about 


field of dislocation becomes Zero 


radius ot inelastic core of dislocation 


NUCLEATION WITH A DISLOCATION 
DRIVING FORCE 


major portion of the free energy of an edgs 


ition in a random array is 


ub* 


r, is taken and 7 


107) 
ol dislox ition 


LO ergs/cem length 


energy 


driving 
24 


dislocations supplying the 


recry stallized grain is 


dR 
dt 


nuclei radius must be 


R 
10 


U.0/ mn 


2, CONCENTRATION OF VACANCIES 


A. Simple -glide be nding 


The 
unit 
that « 


and 


volume (N,) 


that 


maximum concentration of 


will be calculated assuming 


produces a point defect 


the 


dislocation jog 


dislocations are generated at tension 


593 
AS 
with 
S00 
\.] 
E, | 
EN 1-2 
R 
N ,° 
wo 
V 0 = 
A-3 
N, 
N,, 
0 
vj 
4A 


Fic. 


Simple-glide bending. 


and compression surfaces and move no farther 


than the neutral axis. Referring to Fig. 11 


ds 
n, dz) ) (N(s) dz) 
bh sin @ 
dz ds dz 


where the svmbols are as follows: 


n number of vacancies per unit volume a 


an arbitrary distance from the surface, 
dz increment of length in the 


the dislocation singular line. 


ds increment of length in the _ direction 
normal to the tensile surface. 

dx increment of length along the circum- 
ference of the bent specimen. 

s the distance measured from the tensile 
surface toward the neutral axis in the 


direction of the radius of curvature. 
n, number of jogs per unit length of dislocation. 


number of jogs per dislocation passing 


through the volume dz ds dz. 


ds number of vacancies produced per jog 
bsin9 ona dislocation passing through the volume 
dz ds dx. 
f angle between the Burgers vector and 
the neutral axis. 
Nis) number of dislocations cutting unit length 
of are concentric with the neutral axis. 


Nis)dx number of dislocations through 


passing 


the volume dz ds dx. 


Then 
b sin 4 


N(s) 


area on 


obtained by computing the radial 
to the 


May be 


the surface normal bend axis from 


a distance s to the neutral axis, dividing by the 
length of arc at s, and multiplying by NV ,, the number 
of dislocations per unit area introduced by bending. 
Then the number of dislocations which pass through 


the volume dz ds dz is 


y 2R, w S)(w s)N, dx 
N(s) dx 
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where R, is the radius of curvature of the bent speci- 
the 


half-thickness of the specimen. 1”, 


men, measured to neutral axis, and w is the 


may be deter- 
mined from 

dn, = N dy, 
where N° is the ambient density of dislocations 
intersected by the dislocations formed in bending, 
and y is the distance along the slip plane which 


a dislocation moves to reach position s. Then 
V 0s 
sin 
Therefore, 
N PN (2R w S) (w 8) 
2b sin? (R, W S) 
Assuming Ff, w—s 
N YN (w Ss) 
b sin* 
In order to find the maximum value of n, set 
dn 
0 
ds 
from which s* w/2, hence, 
N ON 
N, Minax 9 
4h sin? 
and taking 4 45°, 
N ON 
(A-4) 


B. Multiple-glide bending 
This derivation is similar to the 


that 


preceding one, 


except reference is made to Fig. 12, and it 


Fic. 12. Multiple-glide bending. 


is assumed that equal densities of dislocations are 


generated on two slip planes. Then the majority 


of jogs arise from the mutual intersection of the 


dislocations formed by bending, rather than from 


intersection with ambient dislocations. Again it is 


= 


SEMMEL, JR. MACHLIN: 


AND 


assumed that the motion of each jog by b produces 


a point defect. Therefore, 


N, dy 


dn; 


and taking 6, 


C. Simple-glide tension 
This the 


bending case, except that it is assumed that the 


derivation is similar to simple-glide 
dislocations are generated on the surface and proceed 


entirely through the specimen. Then 


n,;N(s) 
sin 


In this case N(s) is independent of s and is given 


by the strain: 


N(s)b cos 0, 


N ,% 


sin 


where s is a length from the surface into the specimen, 


parallel to the thickness dimension. Therefore, 


b? sin? cos 


It should be considered that one-half of the dis- 
locations will be generated at each surface. Summing 
up the contribution from each group, » is independent 
of s. Taking 45", 

2V 2 N 


b? 


A-6 


In the that dislocations are generated at 


the center of the specimen and proceed to the surface, 


event 


contrary to the above assumption, NV, would have 


a maximum value at the surface given by (A-6). 


DRIVING 


FORCE FOR RECRYSTALLIZATION 


because 


A-6) is 


dislocations 


derivation of not entirely correct, 


some remain trapped in the 


specimen, instead of passing entirely through, as 
assumed. 
A correction may be made for this which reduces 


N by Then, at 


recrystallization (27°), 


about the critical strain fo 


is determined as 


£.9) 109 cm 


3. RECRYSTALLIZATION 
VERSUS RADIUS OF 


TEMPERATURE 
CURVATURE 


The excess free energy asso lated with super- 


saturation of vacancies may he expressed as 
A-8 


in which case the general rowth 


equation 


rate becomes 23 


dR 
dt 


The rate of annihilation of vacancies 


dN 
dt 


where 7'*, the average vacancy lifetime. is 


dislos iTIONS 


fraction of lattice 


exp AS R / RT 


by | 


sites on 


vN exp 


\-10 


Integration of 


Substituting 


crowth unde a 


dk 


akT 


Integrating 


R aktN..7 


as ¢ approaches infinity, & 


R akTN,,7 


Che 
|_| 
and 
nN; 
2 sin 
Then A 5.4—0.5)< 
N 2w? 
N. 
0, = 45°, 
N 
N, . (A-5) 
4h 
A 0 
a kT'N In KLAN \.9 
L A R 
- \-10 
ind — — Q,/ RT 
i 
\-12) int \-9 ind 
Dee 
| A 0 
(A-13 
A \ 
approche: 
A 
| | \-15 
v0 
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Recrystallization will occur when R, where 


To solve for the recrystallization temperature, 


set R, R, 


and substitute, using equations (A-11), 


a, exp (—Q,/RT), 
l 
bR, cos @ 


and 
kT 
h 


Then 


aE AN, 


In — 


Q Q (A-16) 


RI 


al 


In 
exp (A S,/R) 


The temperature-dependence of N,° may be 


neglected in comparison with the other terms. 


In the case of multiple-glide bending 


a,E ,hw* | In 
N 0 
In 2In R, 
Sab? exp | A R) 


(A-17) 
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LETTERS TO THE EDITOR 


On the Role of Dislocations in Bulk Diffusion* 


that there is 


preferential diffusion of atoms along dislocation lines 


Since it is well established now 
in low-angle boundaries,":?;3) a question may arise 
as to the extent and manner in which randomly 
distributed dislocations may enhance the apparent 
diffusivity. In 
the 
describable in terms of a single volumetric diffusivity, 


particular, one 


self-diffusion 


volumetric may 


wonder whether net process is 
since this is clearly not the case where an ordered 
array of dislocations is present. 

It is the purpose of the present note to state some 
which a single diffusivity will 


conditions under 


describe the process. A crude estimate is also pre- 
sented for the enhancement of diffusivity produced 
by a reasonable dislocation content. 

The model adopted for the diffusion is as follows. 
An atom diffuses randomly in the matrix until it 
encounters a dislocation. It remains in the vicinity 
of a dislocation for a mean time 7, during which time 
it migrates over a mean-square projected distance /?. 
It then returns to the matrix and repeats the pro- 
cedure. We consider then the mean-square migration 


distance in the composite material, S*, to be the 


simple sum of the mean-square migration distances 
in the matrix, X?, and those along dislocations. 
Thus for the average of many migration paths each 
taken over a long time 7’, 

nl? (1) 
where » is the number of encounters of the diffusing 
atom with dislocations in the time 7’. Correlations 
between successive /’s, and between dislocation and 
matrix diffusion steps, are expected to be small 
and in any case should produce only minor numeri- 
cal modifications. They are therefore ignored in 
equation (1). 

For the temperature range for which the mean 
migration time of atoms between dislocations is 
short compared to 7’, the fraction of the time which 
a diffusing atom spends in the matrix is (1 —/), 
where f is the fraction of all the atoms which are 
“in dislocations.’’ Correspondingly, f is the fraction 
of the time spent in dislocations. Then 


nr =fT (2) 

Furthermore, if D, is the matrix diffusion coefficient, 
x? (3) 
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Combining the three equations yields the result that 


S? = 2D,T D,(1 — f)|T (4) 
where D, is the effective volumetric diffusion co- 


efficient. Or, finally, 
f) (5) 


The derivation of equation 5) demonstrates the 


existence of a homogeneous volumetric diffusion 
coefficient. The only requirement for its experimental 
that for the 


concentrations of 


manifestation is distance intervals in 


the sample for which diffusing 


tracer are measured the diffusing atoms encounter 


a fair number of dislocations. This insures that there 
be small dispersion in the value of D, and corre- 
determination 


the 


definiteness in its 
of the 


sponding good 


A crude 


term of the second member of equation (5) can be 


estimate magnitude of first 
made by noting that the quantity /*/27 is probably 
different the 


of the material in dislocations in low-angle boundaries 


not much from diffusion coefficient 


At about 600°C this number is about 5 10° times 
the coefficient in Ag. A 


servative 


bulk diffusion con 


estimate of f is about 10 Then 


5 pel cent 


term under consideration is about 
bulk diffusion contribution and is of the right 


of magnitude to explain small 


excesses 
temperatures over the expected self-diffusion 
efficients as extrapolated from higher temperatures 
It may be expected that at somewhat lower tempe1 
the 


may be even larger than that from 


tures. dislocation contribution to 


| wish to acknowledge valuable discu 
Drs. D. Turnbull, R. E. Hoffmann 


all of this laboratory : 


and 


(jené ral Electric Re search Labo atory 
Sche ctady. N. 
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ACTA 


Orientation Habits of Metal Whiskers* 


A survey of the growth directions of metal whiskers 


is being conducted, using the oscillating crystal 


method to determine the axes of straight whiskers and 
a Weissenberg technique” to determine complete 
orientation relationships between successive segments 
of crystals kinked in the course of crowth or aS a 
result of plastic deformation. The specimens include 
both those which grow spontaneously from metal 
surfaces.'*) and those produced by vapor deposition.) 
Table 


growth directions of the whiskers studied. 


lists the materials, and observed 


sources. 

Growth-kinked germanium whiskers are of interest, 
because of the inclination of this material to twin. 
change of 


the 


However, in one example in which the 


direction was the appropriate 10° a2 . two 


segments were found to constitute a single crystal, 
the growth direction having changed from [111] to 
111}. In a doubly kinked germanium whisker, the 
first two segments were found to constitute a similar 
single crystal of similar change of growth direction; 
but the third segment was a second crystal twinned 
rotation about the growth 


as to the first by a 180 


of the second segment and having still a 


direction 
different (111) growth direction.” All three segments 


lay in a common {110} plane. Silicon whiskers not 


infrequently show dendrite-like offshoots or attach- 


ments: in one case studied, such an offshoot was 


found to bear a second-order twin relationship to 
the parent crystal, both having (111) growth directions. 

Orientation relationships have been derived for 
but 


yet too scant to indicate a significant crystallographic 


deformation-kinked specimens, the data are as 


aspect to the deformation mechanism. 
The habit 


kinking are 


observations on growth and growth 


significant to the operation of a screw 
The fact 
that of the growth directions found for spontaneously 


the (100) for Sn is not a 


dislocation mechanism in whisker growth. 


growing filaments only 


Growth 


airections 


ngie 


ctively before method 
of growing. A fourth iron whisker of the former type had a 
crystallographically onal growth directio 


irrat 
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reported slip direction” is substantially consistent 


In vapor-deposited 


with the theory of Frank. 
whiskers, growth often takes place in other directions 
If the 


pure 


than the slip direction (Table 1 and ref. 6). 


dislocation in these cases is to be axial and 
screw, its Burgers vector is not a minimum lattice 
translation vector. If the dislocation were not pure 
screw, its Burgers vector would not lie in the growth 
direction, and the step-height would be correspondingly 
reduced. The step-height may be established by that 
of a substrate site of nucleation. Sears has postulated 
such sites.'” 


We should like to express our 
C. Ellis, J. N. Hobstetter, and W. T. 


their helpful discussions and encouragement. 


indebtedness to 
Read for 
The 
germanium whiskers were grown by Mrs. J. F. Breidt, 
Fuller and J. A. 


iron by E. S. 


Ditzenberger, 
Breidt, Jr. 


the silicon by C. BS. 


and the Greiner and P. 
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On the Plasticity of Germanium and 
Indium Antimonide* 


The transition of Ge and similar 


crystals with diamond structure at about 60 percent 


brittle-ductile 


of their melting temperatures can be interpreted in 
different One of these follows Seitz,” 
concluded Gallagher’s® 
to 600°C that 


locations in this structure are locked by impurities, 


ways. who 


observations of a 
the dis- 


from 
delayed yield in Ge at 500 
at low enough temperatures, according to Cottrell’s 
mechanism. Patel® has presented new data on the 
of Ge 


stress of 4.3 kg/mm? in the form 


delay time, f, crystals under a compressive 


t = t, exp (Q/kT), (1) 


with ¢ (J = 39 kcal/mole. He 
the 


in Ge and that 


0 


states that @Q is 
diffusion of Cu 


about activation energy for 


therefore Cu atoms 


2 
5. 
6 
‘ 
Nu 
Met Derivatior 
13 is growtl LOO). 4101). 100] 
( ? tans is growt}l LOO 
PI | Spontaneous g1 vt! 110)¢ 
S 3 Vapor deposit 11] 
8 Vapor deposition 111), (112 
Fe 3 Vapor depositi 11] LOO 


5. 


are probably locking the dislocations. Since, however, 
1 
to 


a dislocation string between two pinning points, the 


is of the order of a typical vibration frequency of 


process underlying equation (1) appears to be the 
breaking loose of a dislocation from impurities to which 
it was bound with an energy Q. An electric type of 
interaction must then account for the unusually high 
value of Y. Recently, a pronounced upper yield-point 
has actually been found™ in Ge crystals pulled in 
tension at 550° and 600°C which could be attributed 
to such an unlocking process. 

The lower yield stress, or just the critical shear 
stress (extrapolated from linear stress-strain curves" 
to strain zero) corresponding to the motion of un- 
pinned dislocations, we should like to consider from 
a different point of view, as follows; It appears 
likely that there is a crack of atomic dimensions in 
the core of a 60° dislocation of the diamond structure, 
i.e. a crack on the edge of the extra half-planes 
introduced (Fig. 1). This description is equivalent to 
the assumption of a high Peierls-Nabarro force for 
this to 
dislocations also. 


of Fig. 1, the crack has to diffuse with it, assisted by 


dislocation, which should pertain screw 


In order to move the dislocation 


Fic. 1. A60 dislocation in the diamond lattice (schemati 
Slip on (111) planes probably occurs between those n 
A and B (not B and C). The 


the dislocation. 


triangle marks the rack 


the applied stress. This gives the common velocity 

exp 

kT er 


where velocity of the dislocation, 
applied stress, 
force on the dislocation, 
D diffusion constant of the crack, 


b Burgers vector of the dislocation. 


We obtain from (2) the stress as a function of tem 


to the dislocation with a 


the 


perature necessary move 


constant velocity corresponding to strain rat 
prescribe d experimentally 


okT 
b? Ds 


en) 


THE EDITOR 


stress-strain curves measured in compression 


From 
on Ge cry stals of identical 
and the 


usual linear extrapolation to strain zero, a critical shear 


by Patel and Alexander 


orientation between 550 we DV 


which resultst 
We 


mole and with dD, ~ 1 m* sec 


stress o as a function of temperature 7' 


in a straight line if plotted as log o/T7' vs. 1/T' 
obtain thus U 


a value v~ 10 m/sec, which is not unreasonable. 


As one would expect U’ is smaller than the activation 
cal 


22 | 


energy of motion of an isolated vacancy in Ge (23 


mole!® In our model, the dislocation breaks loos« 


has to 


cracked 


the but 


vield-stress, 


form of a 


from impurities at uppel 


carry along its broken bonds in the 
core. 


In the case of 


interesting anisotropy 


InSb we should like to point out an 
chang In 


An 


upied 


expected for the 


electrical conductivity after plastic bending 


plane Ss Oct 


InSb crystal is composed of (111 


alternatingly by In or Sb atoms, tively. Slip 


respec 


widely spaced 


B, 


Accordingly, the extra half 


most probably occurs between the 


(between planes | and 


pairs of (111) planes’ 
Fig. 1, not B and ¢ 


plane of a positive dislocation ends with a row 


In atoms, the one of a negative dislocation with 


row of Sb. or vice versa One has the fo! 


possibility of producing dislocations of on¢ 
depending on the 


On 


the other in excess, 


bending of the crysti the basis 


one would expect In! and Sn! 


tol 


theory 
different tendencies 
Th 


InSb 


to show 


tipping 


electrons. chang In electri vl COIL 


bending of should ther 
direction of bending 
ink 


I wish to tl 


discussions 


Institute tor the Study 


rot Chia 


University 
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SUPERLATTICE STRUCTURES AND THEIR RELATIONSHIP TO THE CONSTITUTION 


DIAGRAM IN THE MAGNESIUM-CADMIUM SYSTEM* 
A. MOORE? and G. V. RAYNOR 
The order-disorder transformation has been studied for alloys within the range 50—22 


cadmium and related to the constitution diagram. Precision high temperature X-ray diffract: 


film techniques have been used. Two superlattice structures exist: MgCd (orthorhor 


at 


ymeter 


ind Mg 


(close packed hexagonal, c.p.h.). Ordered alloys of intermediate composition have orthorhombi 


c.p.h. symmetry or are duplex containing both structures. Certain alloys, most notic 
a duplex structure (ordered c.p.h. and disordered c.p.h.) over a wide temperature range 
case the ordering process is athermal; co-existing structures do not differ in composit 
tution cannot be interpreted on the basis of a first or higher order transformation; 
energy factors are believed to have a significant effect on the constitution 


LES STRUCTURES DES SUR-RESEAUX ET LEUR RELATION AVEC LE DIAC 
D’EQUILIBRE DANS LE SYSTEME MAGNESIUM-CADMIUM 


Les auteurs ont étudié la transformation ordre-désordre pour des alliages contenant 22 a 


cadmium et l’ont interprétée en fonction du diagramme d’équilibre. Ils ont utilisé un diffi 


précis a rayons X, travaillant a haute température, et des techniques photographiques 
structures de sur-réseaux: MgCd (orthorhombique et Mg 4 d (hexagonal compact, h.« 
ordonnés de composition intermédiaire présentent une symétrie orthorhombique ou h.c. ou 
combinaison de ces deux structures. Certains alliages, et plus particuliérement Mg,Cd, ont ur 
double (hexagonal compact ordonné et hexagonal compact désordonné) dans une large zo 
pérature (17°C). Dans chaque cas, le mécanisme d’ordre est athermique; les structures ¢ 
ne different pas en composition. La constitution ne peut étre interprétée sur la base d’une t 
tion du premier ordre ou d’un ordre supérieur. Les facteurs de surface et d’énergie de défor 
vraisemblablement un effet appréciable sur la constitution. 


UBERSTRUKTUREN UND IHR ZUSAMMENHANG MIT DEM ZUSTANDS-DIA( 
IM SYSTEM MAGNESIUM-CADMIUM 


An Legierungen im Bereich von 50-22 Atom-Prozent Cadmium wurde die Ordnungs-l 


Umwandlung untersucht und zum Zustands-Diagramm in Beziehung gebracht. Die Messung: 


mit einer Prazisions-Hochtemperatur-Réntgenkammer unter Verwendung von Filmen dui 


Es existieren zwei Uberstrukturen: MgCd (orthorhombisch) und Mg,Cd (hexagonal dic 
packung). Geordnete Legierungen mit einer dazwischen liegenden Konzentration 
bische oder hexagonale Symmetrie auf, oder aber sie enthalten beide Strukturen 
ungen, am auffallendsten Mg.,Cd, haben iiber einen weiten Temperaturbereich 


Doppelstruktur (geordnet hexag. dichtest gepackt und ungeordnet hexag. dichtest ge 


have 
In eve 


const 


rRAMME 


50 at. de 


actometre 


encore une 
1e structure 
ne de ter 
oexistant 
ranstorma 


mation ont 


nordnungs 
n wurden 


rchgefiihrt 


Fall ist der Ordnungsvorgang athermisch: koexistente Strukturen unterscheiden sich nicht 


Zusammensetzung. Die Verhaltnisse kénnen nicht auf der Grundlage einer Umwandlung 


zweiter Ordnung interpretiert werden; es ist anzunehmen, dass Oberflachen- und 


Spann 


Einfliisse dabei eine wesentliche Rolle spielen. 


INTRODUCTION i the thermodynamic ordel 


The general characteristics of ordering in alloys have tion 


ot the 


already been reviewed."?) Certain aspects, however, ) the significance of the co-existence 


have not been discussed critically, using available and disordered regions in s 
experimental evidence: consequently some recent (ce) the mechanism of the de 
experimental work?) has lacked the precision needed ordered structure. i.e. whet 


for rigorous theoretical treatments and the develop- homogeneous and_ diffusior 


olid soluti 

velopment 

ner it 


ment of the earlier hypotheses has continued without process involving the diffusion 


modifications which may prove desirable. This relativelv large distances 


criticism applies particularly to This paper reports and discu 


investigation of ordering over the 


* Received January 3l, 1957. 50 to 22 at. per cent cadmium 1 
+ Research Student, University of Birmingham, now at 
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composit 
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Atomic Weapons Research Establishment, Aldermaston, cadmium system high temperatul 
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* Professor of Physical Metallurgy, University of Birming 
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factors affecting the development of order. It is, 
however, difficult to correlate all the constitutional 
aspects with the accepted theories for first or higher 
order transformations. These apparent anomalies will 
be discussed more fully in a later paper where the 
general thermodynamic classification of phase equili- 


bria is reviewed. 


PREVIOUS WORK 


The phase diagram for the magnesium-cadmium 


system, originally proposed by Grube and Schiedt‘*) 


on the basis of electrical conductivity measurements, 


slight modifications have resulted 
(6) 


is shown in Fig. 1: 
from the 
Except for a superficial X-ray examination of quenched 
has 


work of Hume-Rothery and Raynor. 


alloys at 20°C by Reiderer™ no investigation 
been made of the phase equilibria between the super- 
lattices MgCd,, MgCd and Mg,Cd proposed earlier. 
Reiderer claimed that there was a continuous transi- 
tion in the solid solution range from Mg,Cd, with a 
close-packed hexagonal (c.p.h.) superlattice, through 
MgCd, which was orthorhombic, to MgCd, which was 
This 


reached after observing a systematic broadening of 


again a c.p.h. superlattice. conclusion was 


certain diffraction maxima with varying solute 


700 


Temperatur 


Mg 


Magnesium Atom ‘le 


Magnesium-cadmium system, after Grube and 
Schiedt. 
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Fic. 2. Diagrammatic representation of a possible 
thermodynamic interpretation of the constitution 
near Mg,Cd. 
concentration. The stages intermediate between the 
hexagonal and orthorhombic lattices were assumed to 
have monoclinic symmetry. 
Two features, however, have not been discussed: 
(a) the significance of the lines in the phase diagram 
bounding the with the three 
“compounds” MgCd,, MgCd, Mg.,Cd, and 
(b) the termination of these lines in the phase 


areas associated 


diagram. 

The simple interpretation of these lines is that 
they define ranges where two structures of different 
compositions co-exist. If this is true it is difficult to 
explain the intersection of the lines at a_ single 
25 at. 


the 


point, as at per cent and 75 at. per cent 


magnesium, on basis of a classical first order 


transformation. 

Fig. 2(a) shows diagrammatically the assumed 
equilibrium state near 75 at. per cent magnesium as 
interpreted from the phase diagram proposed by Grube 
and Schiedt: Figures 2(b) and (c) show possible forms 
curves” at two 


of the free 


temperatures 7’, and 7’,, respectively greater and less 


respective energy 
than 7',, which are consistent with a first order trans- 
formation in a two component system. At 7’, no two 
phase region exists. This is not consistent with the 
assumed free energy curves, for at a temperature 
T, and T, 


If this is so a common tangent can always 


between the free energy curves must 
intersect. 
be drawn to touch each curve as in Figs. 2(b) and (ce): 
consequently a two phase region must exist at all 
temperatures between 7’, and 7',. Notwo phase region 


would exist, however, if at the point of intersection 
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the curves have the same slope.* In this case the 
mathematical conditions for a higher order transfor- 
mation would be fulfilled but it may be shown that the 
probability of such transformations is remote. It may 
be concluded, therefore, that either the simple inter- 
pretation of the lines drawn in the phase diagram, Fig. 
2(a), or the original conclusions by Grube and Schiedt, 
are in error. 

In contrast with the work of Grube and Schiedt 
recent specific heat measurements made on Mg,Cd 
at the temperatures through the ordering range“) have 
shown the existence of two anomalies. The first corre- 
sponds with that found by Grube and Schiedt at the 
onset of long-range order but the anomaly at the lower 
temperatures cannot be interpreted from the phase 
diagram. Previously it has been proposed that this 
second anomaly is a consequence of non-equilibrium? 
but neither this possibility nor the effect of a possible 
variation in solute concentration have been syste- 
matically investigated. 

The purpose of the present work was, therefore, to 
determine the phase relationships between two of the 
MgCd, 
definite change in crystal structure and Mg,Cd, which 


superlattice structures: which involves a 
involves only a change in size of the unit cell. In 


particular it was necessary to examine the equilibria 


near the stoichiometric composition at the temperature 


of formation of long-range order of the type Mg,Cd 
The thermodynamic significance of these results is of 
general interest; there is a possibility that the order- 
disorder transition may be better represented as a first 
order transformation which is markedly affected by 
surface and strain energy factors,t than as a transfor- 


mation of the second order. Further, it was hoped 


that information could be obtained with regard to the 


nature of the development of order in a disordered 
matrix when there is no change in crystal structure, 
i.e. Whether order develops homogeneously or hetero- 
geneously. 
EXPERIMENTAL DETAILS 
The alloys which were used contained 21-43, 24-54, 
40-84, and 48-8 at. per cent cadmium. 


These alloys are referred to by their cadmium contents 


25°75, 26°72, 29-27, 32-78, 35°10, 35-93. 


in atomic per cent. Alloys were melted and cast in an 


* This is mathematically possible and is a consequence 
the theory governing osculating curves. The significance of 
the concept of osculating curves with respect to the 
thermodynamic classification of phase transformations will 
be discussed in the later paper referred to above. 

+t This concept is not unrelated to the hypothesis regarding 
“unsharp” phase transformations proposed by Ubbelohde 

* These alloys have not been analysed, but their compositions 
have been assessed from an empirical relation which corrects 


current 


for casting losses.‘* 


RAYNOR: 


SUPERLATTICE 603 
inert atmosphere: spectrographically pure magnesium, 
total impurity 0-01 wt. per cent and cadmium, total 
impurity 0-02 wt. per cent were used in each charge. In 
general, an isothermal diffractometer study was made 
of the low angle spectra, with copper K« radiation, of 
specimens cooled discontinuously through the trans- 
formation range in steps varying from 1°C near the 


onset of ordering, to 20°C at lower temperatures 
Annealing times were varied within the range 1 min 
to 30 hr but in all cases the ordering process appeared 
to be independent of time. These studies were supple- 
24-54, by 


parameters of 


mented for two alloys, 33-2 


the lattice 


ordering structure at temperatures throughout the 


and precise 


determinations of the 
transformation range. The diffractometer technique 
ensures that alloy specimens in the form of partially 
sintered dises, | in. dia. 0-020 in-, may be automati 
cally maintained at uniform (within 1°C) and accur- 
0-5°C) temperatures W ithin the 
10) Accurate 


O-0002 kX 


were made using the Unicam high temperature camera, 


ately known (within 


range 20°-600°C indefinitely. para- 


meter measurements (within units) 


S 150, with a modified temperature control system 
specimen temperatures were controlled and measured 
Od C: 


within uniformity of specimen temperature 


assumed to be within 2°C. 
the 


discontinuous cooling with those of previous specific 


may be 


To correlate present observations made on 


heat studies’) which involve continuous heating and 
the 


25°75 has also been followed with the 


cooling, order-disorder transformation in alloy 


diftractomete1 
for various heating and cooling rates 


Diffractometer observations have be 


the I 
(101), ~ 18-5° from the disordered c.p.h 1-6 
110), 


OOZ2) +, j ne 20] 


nh ; 
contined 


100), 16 O02), 17° and 


reflections 


structures; the reflections (10] 


~ 200) f~ 16 
from Mg.Cd type supé 
and the reflections (10] 0 
110), 


ind (200 


the 


fj) ~ 
Ga Oll), 16 002), 
17-5°, (111) 


the MgCd orthorhombic superlattice The 


=~ 7 18 fron 


reflections 


which are common to both the disordered and ordered 


hexagonal structures for a particular alloy are funda 


the 


emntal reflections and their indices are related in 


two structures, i.e. (hkl), 2h, 2k, l)p 


The development of ordet with decreasing tem- 


perature, was followed from measurements of the inte 


crated intensity of either the LO] yy (CO! the LO] 


reflections. For certain alloys, however, which were 


observed to order on both a hexagonal and an ortho 


there 


rhombic superlattice and where spective (10] 


reflections partially overlap, the ordering process has 
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been followed from a study of the integrated intensity 
of the combined (101), and (101), reflections. 7',, the 
temperature above which there is no long-range order, 
has been defined as the intercept with the abscissa of 


the tangent drawn to the curve of integrated inten- 


sity (II) of {(101),, (101),} against temperature, at 


the point of maximum slope. 

For the observations made with continuous cooling 
the width of the counter entrance slit was increased to 
enable all the diffracted intensity in the (101), 
reflection to be detected simultaneously throughout 


the transformation range. 


OBSERVATIONS 


The effects on the order = disorder 
continuous heating and cooling at rates comparable 
with those used in previous specific heat studies 
2°-4°C/min) are illustrated in Fig. 3, clearly equilib- 
rium is not readily established. For comparative pur- 
poses the form of the I1(101),,—v—temperature curve 
the Bragg-Williams 


theory" for alloys of the type A,B is shown inset in 


predicted by an extension of 
Fig. 3. Only curve 1, obtained on cooling at 1-3°C/min 
approximates to theory, but even in this case the 
spontaneous increase in long-range order at 7’, was not 


observed. The general form of curve 1 was retraced on 


Counts/min 


Temperature 
Theoretical variation 


of s with temperature 
for an alloy AsB 


Curve 1 cooling at 1*3°C/min 
Curve 2 cooling at 2°5 C/min 
Curve 3 -heating at 3*O °C/min 


Temperature 


Fic. 3. The effect of the rate of cooling on the develop- 


ment of order in alloy 25-75. 
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1-3°C/min. but showed an 


hysteresis of ~2°C. Cooling at 2-5°C/min (curve 2) re- 


subsequent heating at 
sulted in the retention of 10 per cent disorder at 20°C, 
depressed 7’, by 3°C, and altered the general nature of 
the I1(101),,-v-temperature relation in a manner 
which implied that equilibrium was never attained, 
20°C. 


supported by observations made after resting thespeci- 


particularly in the range 110 This view was 


men at 20°C for 48 hr and re-heating at 3-0°C/min 
(curve 3, Fig.3). No change was observed in the degree 
of order on heating until 70°C, although order continu- 
ously increased on cooling throughout the range 110 
20°C, further, 7, 
that 


observed on 
alloys which were cooled at rates 


increased markedly by 17°C with 


respect to cooling. If, however, 
2-5°C/min were 
subsequently annealed at temperatures in the range 
70°-100°C for periods of 2-6 hr, the integrated inten- 
sity of the (101),, reflection increased to values corre- 
sponding to those observed on continuous cooling at 
1-3°C/min. 

It is concluded, therefore, that as cooling rates in 
excess of 1°C/min do not permit the establishment of 
equilibrium the value of specific heat measurements 
previously reported is limited. In particular, the 
secondary peak on the specific heat—v—temperature 
curve at ~90°C which has previously been observed? 
may very probably be due to the rapid development of 
order in metastable alloys which had originally been 
cooled at rates 1°C/min through the transformation 
range. 

Even for specimens which were cooled discontinu- 
ously over a period of 3 days, it has been found that 
the form of the II(101),;,-v-temperature relation and 
the apparent value of 7’, are markedly dependent upon 
the cooling rate at the beginning of the ordering pro- 
cess. These effects are illustrated in Fig. 4. The signi- 
ficance of the various discontinuities (arrowed in Fig. 
4) are not discussed at this stage, but it is emphasized 
that to obtain consistent values for 7’, on heating and 
cooling, the temperature must be decreased at the rate 
of ~1°C/15 min prior to the development of order. 
T. has been obtained reproducibly only in conditions 
168°C), Fig. 4, where the 


specimen was annealed at 167°C 


indicated by curve | (7, 
examination after | 
hr at this temperature showed a state which per- 
17 hr. Curve 2, Fig. 4, effect 
of cooling a specimen at 10°C/min to a temperature 
only 12°C below 7, 
this 
annealed for periods varying from 4-16 hr throughout 


sisted for shows the 


as defined by curve 1. In parti- 


cular, although specimen was subsequently 


the ordering range, it was not until ~95°C that the 
hysteresis in the development of order, with respect to 
It is significant that. as in 


curve 1, was eliminated. 
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A. MOORE awnp G. V. 
curve 1, there was no observable change in the degree 
of order at any temperature after the first hour. It is 
to be noted that curve 2 gives 7, as 158°C. Curve 3 
shows the progress of the disordering process in the 
specimen cooled as detailed in curve 2 and indicates 7’, 
to be 163°C. The significance of the various changes 
of slope exhibited by these curves will be developed in 
a separate paper and shown to support the view that 
order develops heterogeneously in a disordered matrix 
by a nucleation and growth process. 

This preliminary study indicated, therefore, the 
experimental conditions that would give reproducible 
results on both heating and cooling but it could not be 
assumed that even these conditions permitted the 
establishment of equilibrium.* Furthermore, the 
preliminary study gave no information with regard to 
the structural changes which are known to accompany 
the ordering process. These changes have been investi- 
gated and the observations for the various alloys may 
be conveniently classed into three groups A, B, and C, 
Groups A and B refer to alloys which order with 
hexagonal and orthorhombic symmetry respectively; 
group C refers to alloys where a hexagonal and an 
orthorhombic structure co-exist in the ordered alloy. 
Alloys 21-48, 24-54, 
29-27 ordered on a c.p.h. lattice c/a ~ 0-8. Examina- 


Group A. 25°75, 26-72, and 
tion at 20°C of powder specimens cooled at 1°C/min 
through the ordering range, (see Fig. 5(a) and (b)) gave 
no evidence to suggest that the ordered hexagonal 
structure for alloys containing more than 25 at. pet 
cent cadmium was distorted and possessed monoclinic 


* The equilibrium state of any system is normally defined as 
that for which G = f(p7'’) is a minimum: cf. Ubbelohde’s 
proposal'®) which suggests that strain and surface energy 
factors play a significant part in defining the equilibrium state 
in macroscopic systems. 
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The effect of the rate of cooling near 7'. on the 
development of order in alloy 25-75. 


symmetry as claimed in previous work.'?  Sub- 


sequent line breadth measurements of the (LOO) », 


(O02) p, and (101), reflections in the disordered and 
fully ordered alloys showed no significant variation 
and it was concluded, therefore, that ordering occurred 
only on a ¢.p.h. lattice 


The structural changes accompanying the develop 


IQP7 


ment of order for all the alloys quoted except 


are illustrated in Fig. 6 which records the observations 


peen 


made on alloy 21-43: all the measurements have 


made on the diffractometer. Fig. 6 shows the half peak 
breadth (() of the (002), and 


pared with the lattice parameters ata series of tempera 
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The ¢c and a parameters have been calculated from the 
angular position of the (002), and (100), reflections: 
the vertical lines attached to the plotted points 
denote the estimated limits of experimental error. For 
the a of the 
structure is plotted on a scale twice that on which the 


convenience parameter disordered 
corresponding parameter for the ordered structure is 
plotted. 

The most striking observation is the marked increase 
in the half peak breadth of the (002), reflection in a 
below 7 


narrow temperature range . for all alloys 


except 29-27 (see Fig. 7). The broadening was consist- 
ent with the presence of two components in the (002) 
reflection: the integrated intensity remained approxi- 
mately constant and the observed profile showed a 
point of inflexion which moved from the low to the 


It 
was concluded, therefore, that the broadening of the 


high angle (9) side with decreasing temperature. 


(002) » reflection was due to the co-existence of ordered 
and disordered regions within the specimen. Similar 


broadening was not, however, observed for the super- 
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lattice reflections; in general only fundamental 


reflections with 1 > 0 were broadened significantly. 
In consequence of the broadening of the (002), 
reflection it proved difficult to measure the ¢ para- 
meter for either the ordered or the disordered structure. 
The values shown for the c parameter in the “two-phase 
region” have been obtained from a geometrical analysis 
of the (002) profile. For this purpose the component 
reflections have been assumed to have the same half 
peak breadth as in the disordered and the fully ordered 
Except for alloy 21-43 the 
(100), reflection showed no significant broadening in 


structures respectively. 
the “two-phase” region and the a parameter of the 
ordered structure was assumed to be exactly twice that 
of the co-existing disordered structure. 

Group B. A preliminary film study at 20°C, with 
specimens cooled at ~1°C/min from above the dis- 
ordering temperature, has shown alloys 48-8, 44:8 and 
40-84 to have an orthorhombic crystal structure. In 
each case the diffraction maxima were sharp, see 
Fig. 5(d) and it was concluded that the orthorhombic 
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structure was undistorted in the range 48-8—40.84 at. on the (101),, (002), and (002), reflections. The 

per centcadmium: noevidence was obtained to suggest three alloys behaved similarly; the most significant 

that the orthorhombic structure, corresponding to the — results are reproduced in Fig. 8 for alloy 40°54 

stoichiometric composition MgCd, distorted continu- only distinctive feature between thi 

ously with decreasing cadmium content towards a the extent of the temperature rang 

c.p.h. structure as claimed previously. 002), and (002), reflections were cl 
The process of the transformation, disordered c¢.p.h where the integrated intensity 

cla ~ 1-6 — orthorhombic has been followed on the increased markedly. These 


diffractometer for the three alloys from observations two structures, orthorhombi 
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Fig. 9. Structural changes in alloy 


co-exist in a finite temperature range; the upper and 


lower limits of this range have been defined as 7’, and 


that temperature, 7’, below which there is no observ- 
able refinement of the half peak breadth of the (002), 
reflection, respectively. The absence of an ordered 
hexagonal lattice. similar to that observed for Mg. ‘d 
has been clearly demonstrated from measurements 
of 6(101), which remained substantially constant 
throughout the range 7’, to 20°C (ef. group C), from the 
continuous decay ot (LOO); and reflections 
through the range 7’, to 7” 
these reflections at temperatures below 7’ 

The 


profiles reproduced in Fig. 8 were attained in a period 


. and from the absence of 


structural states, as indicated by the line 
of Jess than 15 min after cooling over each tempera- 

interval and remained unchanged for periods 
xceeding 30 hr. 


The 


illoys of composition in the range 29-27—40-84 at. per 


Group C. order-disorder transformation for 
ent cadmium has been investigated critically, as the 
initial film study at 20°C on alloy 35-93 cooled at 
~1°C/min from the disordered state, clearly showed 
the co-existence of an orthorhombic and a c.p.h., 
(see Fig. 5(c)). 


cja ~ 0-8 structure, A similar study on 


the diffractometer has shown that the alloys 32-78, 


34:2, 


duplex structure at 20°C. The development of these 


35-10, 35-93 and 38-0 also have the same 


crystal structures has been followed in the three alloys 


32-78, 35-93 and 38-0: the other alloys have been 


studied to establish the respective values of 7’. 
Initially the structural changes accompanying the 


development of order in the alloys 32-78 are analogous 


150 


N 
O 


32-78 observed on discontinuous cooling. 


to those described for alloy 29-27 (group A). At ~109°C, 
the 
reflection shows a marked rate of increase with further 


however, integrated intensity of the (LOL), 


decrease of temperature, see Fig. 9. This effect was 
accompanied by an increase in (101), which ulti- 
mately, at 80°C, manifested itself as a point of 
inflexion on the high angle side of the observed (101 da 
profile. By a comparison with the relations I1(200),, 
IT(111),, (011), and I1(110),—-v-temperature it has 
been concluded that the anomalous broadening of the 
observed (101 lay profile below 109°C is due to the pre- 
sence of the (101), reflection. It is significant that, in 
the breadth of the (002), 


reflection remains constant throughout the ordering 


common with alloy 29-27, 
range. This implies that the c parameters for the 
orthorhombic and c.p.h. structures which co-exist 
at any specific temperature, are equal. 

The general behaviour of alloy 35-93, on cooling, 
was similar to that observed for alloy 32-78 except 
over the temperature range 50°-18°C, (see Fig. 10). 
In this range the hexagonal superlattice which had 
formed together with the orthorhombic structure at 
higher temperatures, partially transformed to the 
orthorhombic structure. Within the limits of experi- 
ment (7 min) the transformation c.p.h. c/a ~ 0-8 > 
orthorhombic was athermal, and again there was no 
significant broadening of the (002), reflection. 

In contrast with alloys 32-78 and 35-93 alloy 38-0 
initially began, at 197°C, to order on an orthorhombic 
lattice in a manner analogous to that observed for 
alloys 48-8, 44:8, and 40-84; 


lattice formed as the secondary product on cooling 


the hexagonal super- 
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at 186°C* (see Fig. 11). The (002) 7 reflection broad- 


ened with the formation of the orthorhombic structure 


but two clearly resolved peaks were not observed, as in 
the case of alloys 48-8, 44:8 and 40-84 (cf. Fig. 8): 


the broadening was, however, significant and attained 


a maximum at 186°C. As the half peak breadths of 


the (101), and (010), reflections were constant in the 


range 197°-186°C it was concluded that the (101), 


reflection was absent and therefore the observed 


broadening of the (002), reflection was an extreme case 


* This temperature has been assessed as that corresponding 
to the point of inflexion on the curve of {II(101)o I1(101)z 
-—v-temperature, Fig. 11. 
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of that illustrated in 
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structures, 


Fig. S for alloys LS-S 


orthorhombic and disordered c.p.h. c/a 
~1-6 co-exist in the range 197°-186°C 
On decreasing the temperature below 186°C there 
was a marked increase both in the peak intensity and 
in the half peak breadth of the (101), 


the latter effect ultimately manifested itself, at 153°¢ 


reflection 
in a point of inflexion on the low angle, 4, side of th 
observed (10] profile the (OLO profile _examined at 


These 


co-existence of 


18°C, showed a similar effect observations ar 


consistent with the an orthorhombi 


and an ordered ¢.p.h.c/a ~ 0.8 structure. The 
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Fig. 12 
solid solutions throughout their ordering range. 
of the (002), decreased to the value observed for the 
completely disorderd alloy within the range 186 
179°C and remained constant with further decrease of 
Fig. 11. 


existing orthorhombic and ordered hexagonal struc- 


temperature, see This implies that the co- 


tures, at temperatures in the range 179°-18°C have a 
common ¢ In common with alloys 48-8, 
44-8 and 
panied the development of order in alloys 32°78, 35°93 
40°C 


occurred within 15 min and remained unchanged on 


parameter. 


10-84. the structural changes which accom- 
and 38-0 on cooling over temperature intervals 


annealing at constant temperature for periods 

exceeding 30 hr. 
The temperatures at which the various crystallo- 

graphic transformations began in all the alloys that 


No attempt is 


were examined are shown in Fig. 12. 
made to represent the development of order in any 
particular structure but only to show the temperature 
ranges over which the three crystal structures c.p.h., 

a~1-6 (disordered), ¢.p.h., c/a ~ 0-8 (ordered) 
and orthorhomic exist. 

DISCUSSION 

It has been shown experimentally that there are 

ext ranges of over which two 


nsive temperature 
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structures co-exist in alloys cast over wide composition 
ranges (see Fig. 12). To be consistent with first order 
equilibria the structures which co-exist in any alloy 
at a particular temperature, must differ in composi- 
tion. The athermal behaviour of alloys cooled through 
the various two-phase regions, however, implies that 
diffusion does not take place and the co-existing 
structures have substantially the same composition. 
If the brackets which define the temperature range 
where disordered and ordered hexagonal structures co- 
exist are assumed to be consistent with first order 
equilibria and, therefore, to define the limiting composi- 
tions of co-existing structures, then it follows that as 
alloy 24-54 cools from 163° to 146°C the composition 
A to B, ice. 


from 24-54 to 22-0 at. per cent cadmium (see Fig. 12). 


of the disordered structure varies from 


Previous work‘® has shown that at 310°C this decrease 
in cadmium would correspond to an increase of 0-006 
kX units in both the a and ¢ parameters. Before such 
increases, however, could be applied as criteria for 
diffusion, it was necessary to investigate both the 
inherent effect of decreasing the temperature from 
310° to 163°C (7, for alloy 24-54) and the effect of 
short range order*. 

Fig. 13 shows the effect of decreasing temperature 
on the lattice parameters of the disordered structure 
~146°C. T, has 


been assessed as 160°C, the highest temperature at 


in the temperature range 330° to 


which the (101),, reflection could be detected by eye, 


determined in the 


which compares favourably with 7’ 
diffractometer study. As the ¢ and a parameter-—v 
temperature curves are linear over a wide temperature 
range above 7'., it has been concluded that short- 
range order does not appreciably affect the parameters 
There is no reason to 
of the c¢ 
parameter—v—temperature curves in the composition 
24-54 to 
different at temperatures just above 7’, than at 310°C. 
It now follows that the expected increase of 0-006 kX 


units in both a and ¢ parameters can be used as criteria 


of the disordered structure. 


suppose, therefore, that the form and a 


range 22-0 at. per cent cadmium is any 


for diffusion and the consequent dilution of cadmium 
in the disordered structure as alloy 24-54 is cooled from 
163° to 146°C. 

The parameters of the disordered structure have 
been determined at four temperatures within the 
160 157°C 


angle (9) diffraction maxima were intense and the 


“two-phase region”. At and the high 


parameters have been determined within +-0-0002 kX 


* A detailed study of short range order has not been made in 
the present study but a subsequent specific heat study?) has 
shown that short range order exists in alloys approximating to 
Mg,Cd over the range 7’, to 7’, 50°C. 
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at 155° and 151°C, however, the high angle 


diffraction maxima were considerably weaker and in 


units: 


some cases were not clearly resolved. For these latter 
the 
L()-QO? 


therefore, parameters could be 
kX Within 
the limits of experimental error the c and a@ parameters 
at 160°, 157°, 155° and 151°C, 
polation of the respective parameter curves deter- 
13. 


the limits of the experimental parameters are less by a 


temperatures, 
determined only within units. 
lie on the linear extra- 


mined at temperatures see Fig. As even 
factor of two than those calculated on the basis that 
the disordered structure changes in composition from 
24-54 to 22-0 at. per cent cadmium in the range 163° to 
146°C, it this that if 


diffusion does occur it is not the only factor which 


may be concluded, at stage, 
determines the range where two structures co-exist 

It is now of interest to consider the significance of the 
lower temperature boundary of the two-phase region 
for alloys approximating in composition to Mg,Cd 
The form of this boundary with respect to the higher 
temperature boundary suggests that if diffusion is the 
predominant factor in defining the two-phase region 
then the hexagonal superlattice would be founded on 


It may be shown conclusively, however, that this is 


the stoichiometric composition Mg,Cd, (see Fig 


not the case as such a superlattice would not be close 
but 
structure, which in turn could easily be detected by 


packed degenerates to a simple hexagonal 


X-ray diffraction techniques. Further, as there is no 
stoichiometric ¢.p.h. superlattice with a unit cell 
¢ X 2a possible for compositions in the range Mg;Cd, 


to Mg,Cd, it can only be concluded that the observed 


Unit cell dimensions 


temperature in alloy 25-75. 
¢.p.h. superlattice for alloys 38-0, 35°93, 35-10, 34-2. 


2-78, 29-27, 26-72, and 25-75 is based on Mg.Cd 

It is now possible to re-consider the possibility of 
diffusion in alloys approximating in composition to 
Mg. ‘d over a finite temperature range below 7', such 


that at a particular temperature the ordered and 
structures different 
As Mg.Cd is the fundamental stoichio 


supe I 


disordered which co-exist have 


compositions 
metric composition on which the hexagonal 


lattice is based it would be expected that diffusion 


would occur in allovs with 25 3 recent cadmiun 


such that the ordered structure 


position nearer to 25 at 
mean composition of thi 
observed 


1? 


first order equilibria in 


behaviour to that 


illustrated in Fig 


ure 


Further, the region where an 01 


hexagonal structure co-exist 


small with increasing idmium 


implies that at least, over thi 


to 35°93 pel vamiul 


cent Cc 
is therefore unlikely, especially in view of 


clusions from the lattice dimensions of the disordered 
structure in alloy 24-54, that diffusion does occur and 
that the 
Mg..Cd over 


of different compositions 


allovs 


helow 


structures which co-exist in 


a finite temperature 


12? 


hexag nal 


The form of the two phase region (Fig where an 


orthorhombic and a disordered structure 


co-exist, is consistent with first order equilibria and an 


orthorhombic structure based on the stoichiometric 
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composition MgCd. It follows on the basis of first- 
order equilibria that the structures which co-exist 
must necessarily differ in composition by 3-4 at. 
per cent cadmium. In view, however, of the athermal 
behaviour of alloys 48-8, 44:8 and 40-84 when cooled 
through the two-phase region, it is unlikely that 


diffusion occurs to a significant degree. The possi- 
bility of diffusion is even more remote at lower 
temperatures, 174° to 20°C where alloys 35-93 and 
32-2 partially transform athermally from the hexa- 
gonal superlattice to an orthorhombic structure which, 
to be consistent with first order equilibria must differ 
in composition by 4-8 at. cadmium 
Fig. 12). 


There 1s, 


per cent (see 


therefore, considerable circumstantial 
evidence to show that diffusion is not involved in the 
order-disorder transformations in the composition 


range 50-20 at. per cent cadmium. 


Finally attention may be focused in the vicinity of 


») 


point X in Fig. 12. A critical study of alloys 35-93, 
35°10, 34-2 and 33-2 based on the breadth of diffraction 
maxima and the precision measurement of lattice 


Fig. 14) that 


there is no evidence for a two phase 


parameters, (alloy 33 has shown 


within 
region between the disordered and ordered (hexagonal) 
structures. A single line has been drawn, therefore 


separating these two structures. This line must inter- 
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sect the orthorhombic-disordered hexagonal boundary 
at X if, as has been observed, alloy 38-0 begins to 
2°C. The 


cannot be 


develop an hexagonal superlattice at 187° 


point of intersection X, although real 
correlated with first or higher order equilibria, and 
can only be assumed to be a consequence of meta- 
stability. Fig. 12 cannot be interpreted, therefore, as 
an equilibrium phase diagram: it only shows the 
structures to be found at any temperature in alloys 
cooled slowly from above the respective critical 
temperatures, 7',. The composition of any alloy is 
likely to remain homogeneous throughout the order- 
disorder transformation. 

A clue to the significance of the two phase region 
may be obtained from the fact that in such regions the 
co-existing disordered and order structures have 
different ¢ and a parameters. This is in contrast to 
alloys which do not show a duplex structure and in 
which the c and a parameters are continuous through- 
out the ordering range. It may be assumed that 
either a coherent or an incoherent boundary exists 
between physically distinct regions which in turn 
implies that surface and strain energy factors may well 
influence the transition. This aspect will be devel- 
oped in a later contribution in which evidence to show 
the effect of external stress in determining the con- 
stitution will be presented. 
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THE FORMATION OF STACKING FAULTS IN AUSTENITE 
AND ITS RELATION TO MARTENSITE* 


H. M. OTTET 

The occurrence of stacking faults (SFs) in FCC austenite has been investigated by X-ray and metallo- 
graphic techniques. Alloys in the austenitic field of the systems FeNi, FeNiCr, FeNiC and FeMnC were 
examined for SFs after quenching and after deformation at various temperatures. An assessment of the 
susceptibility to faulting of the various austenites in these systems as well as in the systems FeMn and 
FeCrC leads to the conclusion that Cr and Mn lower the SF energy of austenite appreciably and Ni less 
was difficult to evaluate. Brief considerations on the nucleation of (BCC) martensite suggest 


so: 


that SFs are not likely to be a source of nuclei. 


D’EMPILEMENT DANS L’AUSTENITE ET SA 
LA MARTENSITE 


LA FORMATION DE DEFAUTS 
RELATION AVEC 
La présence de défauts d’°empilement dans l’austénite FCC a été étudiée par des techniques de rayons X 
Des alliages des systemes FeNi, FeNiCr, FeNiC et FeMnC ont été examinés dans 


le domaine austénitique aprés trempe et déformation a diverses températures, afin d’établir la présence 


et de métallographie. 
de défauts d’empilement. La répartition des susceptibilités a l’apparition de défauts d’empilement dans 
les diverses austénites de ces systémes, ainsi que dans celle des systemes FeMn et FeCrC conduit a la 
conclusion que le Cr et le Mn abaissent sensiblement l’énergie de formation des défauts d’empilement 
de l’austénite; le nickel agit de méme a un degré moindre, |’ effet du carbone est difficile 4 évaluer. Des 
considérations bréves sur la germination de la martensite BCC suggérent qu’il est improbable que les 


défauts d’empilement soient une source de germes. 


VON STAPELFEHLERN IN AUSTENIT UND IHRE BEZIEHUNG 


ZU MARTENSIT 


DIE BILDUNG 


Austenit wurde 


Legierungen in den austenitischen Gebieten der Systeme 


Das Auftreten kubisch-flachen-zentriertem rontgeno- 
graphisch und metallographisch untersucht. 
FeNi, FeNiCr, FeNiC und FeMnC wurden auf SF gepriift sowohl nach dem Abschrecken als auch nach 


Eine Beurteilung der verschiedenen austenitischen Phasen 


von Stapelfehlern (SF) in 


Verformung bei verschiedener Temperatur. 
FeCr hinsichtlich ihrer Fahigkeit, SF zu bilden, fiihrt zu dem 
Der 
Eine kurze Diskussion der Keimbildung von kubisch-raum- 


dieser Systeme und der von FeMn und 
SchluB, daB Cr und Mn die SF-Energie in Austenit betrachtlich erniedrigen, Ni dagegen weniger. 
EinfluB von C war schwer zu beurteilen. 


zentrierten Martensit lasst vermuten, daB SF wahrscheinlich nicht als Keime dienen. 


intended to enlarge on these observations by examining 
the effects of the alloying elements C, Ni, Cr and Mn 
on the faulting tendency of the austenite and also the 
effects of SFs on the formation of the BCC (or BCT) 
martensite. Towards this end the systems FeNi, 
FeNiCr, FeNiC, FeMnC were investigated and will be 
the related FeMn 


The influence that specific imperfections in the 
BCC 


interest in 


austenite have on the transformation to 
or BCT) 
understanding the nucleation of martensite and the 
of the of the 


dislocation theory. In the present paper interest will 


may 
martensite is of considerable 


mechanism transformation in terms 


discussed together with 


and FeCrC. 


be centered around one type of imperfection only systems 


viz. a stacking fault (SF). A marked tendency for 
\ustenite to contain SFs after drastic quenching has 


EXPERIMENTAL METHODS 
Both 


been observed in a 9 per cent Cr, 1-0 per cent C alloy aoe 


but no such positive evidence could be detected in (a) Preparation of alloys. commercial and 


the austenite of an Fe-32°, Ni alloy; in fact, this 
found to defined 


as much as 1°) on growth from the 


alloy was show well sub-grains 


misoriented by 
melt'?)? and less well defined ones after strain anneal- 


ing.) The work reported in the present paper is 
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laboratory prepared alloys were used in the present 
investigation. Table 1 shows the chemical analyses 
of the commercial alloys and the heat treatments 
given to obtain them in the fully austenitic condition. 
The high carbon content of alloy 5-Ni- 150 was obtained 
by carburizing small sections (3/16 in. thick) of the 
commercial steel (containing 0-18 per cent C) for 5 
days at 900°C and then homogenizing in charcoal 
A 


powder for Shr at stainless steel 


— 
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TABLE l. 


Composition 


Mn Mo 


18/9 0-056 


(Ty pe 304) 


5 Ni 150 


H,Mn (0-40) 


(HADFIELD) 


Mn 


was also 


(composition: Cr 17-50, Ni 7-05, C 0-112, 1-18, 


Mo 0-13, Si 0-49), not included in Table 1, 
briefly investigated. 

No analyses of the pure FeNi and FeNiCr alloys 
were made since melting losses were negligible, and 
the nominal composition was assumed to be approxi- 
mately the actual composition. The alloys were 


austenitized by sealing them in a quartz tube, 
evacuating to about 10-*mm Hg pressure, heating 
for 30 min at 1050—1100°C and then cooling in the tube 
exposed to air, or submerging in water and releasing 
the vacuum for more rapid quenching. To cool below 
room temperature (RT) the specimens were removed 
from the tube and immersed directly in an appropriate 
Dry ice 


coolant at the desired sub-zero temperature. 
and pentane or acetone were used to obtain 
liquid nitrogen for —196°C and liquid helium for 4°K. 
The size of the specimens inspected was generally 
about 3 

(b) Deformation of the specimens. 
specimens were deformed in compression. This could 
be done at 196° or 
mixture of pentane plus solid carbon dioxide respec- 


In all cases the 


79° by pouring liquid N, or a 


tively into a thermally insulated metal can containing 
the specimen and compression blocks. Deformation 
near 4°K was tried by applying a few light hammer 
blows to a specimen cooled in liquid helium and placed 
in a steel block pre-cooled to 196°C. The operation 
was performed as quickly as possible, but the actual 
temperature of deformation could, of course, not be 
determined. 

The deformations quoted throughout the present 
work are in terms of true stress and true (or logarithmic) 
strain, the latter being determined from the initial and 
final height The 
cross-sectional areas were determined only to evaluate 


measurements of the specimen. 


the true stress and were not used as a measure of 


strain (or deformation). 


‘AULTS IN 


(0-06 


AUSTENITE 


Composition of commercial alloys investigated 


M Heat 


temp. treatment 


l hr 1060°C, WQ to 


in salt bath 


0-013 5 min L100°¢ 


WQ to 0°¢ 


0-014 


(c) Metallographic examinations. These consisted of 
observations of surtace relic I on polished faces as well 
as inspection of the polished and etched surfaces 
Table 2 lists the electrolytic polishing solutions and 


the etching reagents employed for the various alloys 


The surface relief method was used to establish 


The 


Was 


below 196 or not 


the M 


polished surface of an 


whether was 


undeformed specimen 
immersed in liquid N, and viewed at a magnification 


The 


absence of any surface relief was taken to indicate that 


of approximately 150 while immersed 


no martensite had formed and that the possibility of 


a reversible transformation between 96°C and 
.T was not being overlooked 

Unless otherwise stated. the surface ex 
the deformed alloys was always parallel 
of compression 

(d) X-ray examinations 


RT 


and a Debye or a cylindrical 


were obtained at 


diameter 


* Witl 


Steel 
1-89 0-32 O41 029 02] 
quenched into 10 per cent 
NaOH soln. at 15°¢ 
(sine tal) camer 
TABLE 2. Px ng solutio1 let 
Electr ; 
\ 
FeNiCr 6 { 
H»Mn 35% buty HNO 
78% | 10 H Mart 
11-46 and 10 cm: 
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The prepared surface of the specimen was set at an 
angle of 30° to the incident beam; with the cylindrical 
camera an oscillation of 5° was introduced so that 
faulted 
non-Laue streaks. Measurement of line displacements 


structures could be detected by means of 
was also made when possible and checked qualitatively 
with theory. 

RESULTS 

the occurrence, under suitable 
conditions, of faults in the austenite (y) was found in 
all the four The 
conditions for each of the four systems (FeNi, FeNiCr, 


FeNiC and FeMnC) will be dealt with separately below 


Evidence for 


systems examined. necessary 


under the appropriate heading of the system. 


(a) FeNi 
The least conclusive results were obtained in this 
system. Three alloys in the range 28 to 40 per cent 
Ni were examined and the structures present after 
All the 


specimens were fairly coarse grained and consequently 


various treatments are summarized in Table 3. 


the D-S rings were not very continuous even after 
that 


broadening or 


deformation, so the films were unsuitable for 


measuring line line displacements: 
no non-Laue streaks could be detected. 

The Fe-28 Ni after WQ 
to RT, seemed to show in the X-ray photograph, 
Fig. 1, 
corresponding approximately to the position of the 


HCP 


which had lattice parameters matching 


alloy from L200°C 


an intensity maximum at a diffraction angle 


10-1 line to be from a structure 
(labelled €) 


the spacing of the {111} planes and also the spacing 


expected 


of the atoms in these planes. For a HCP structure to be 
actually present, spots would have to be present also 
10-0 and 10-2 positions, but such spots were 


(faint 


in the 


not observed. Two extra lines and fairly 


continuous) were recorded (as noted in Table 3 and 
Fig. 1) at approximately d A and 
d 1-92 A: these did not fit into the HCP positions 


ind could not be identified. 


seen in 2.99. 


Similar extra lines were 


10-1e 
Fic. 1. 
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TABLE 3. Structure in the FeNi system 


Phases present at* 


196°C after defor- 
mation at 196°K 

4°K ° 

deformation in 
parentheses) 


196°C 


L0-Le(?) 
extra lines 


extra lines 

(9-7)¢ 
extra lines 
(28-7) 


extra lines 
(26-7)2 


* Observations made at RT 
+ 3 hr at 1200°C, WQ 
X-ray photograph taken 


also observed in the patterns from the 35 per cent and 
40 per cent Ni alloys after deformation at 196°C. 
In the latter alloy altogether four extra lines could be 
detected after 26-7 per cent (plastic) deformation, 
but no BCC («) or HCP (e) lines. Table 4 lists the 


approximate measurements on the films from the two 


alloys. The appearance of the extra lines remains 
unexplained. 

Though annealing twins were found to form in these 
alloys they were by no means as profuse as in the 
austenite of the stainless steels, thus suggesting that 


the SF energy was probably comparatively high. 


(b) FeNiCr 
Under suitable circumstances the presence of SFs 
was established quite easily. In addition, a number of 
the transfor- 
mation to BCC 
and a HCP martensite (¢), noted in the stainless steel 


relevant observations were made on 


martensite. The co-existence of a 


X-ray diffraction pattern from alloy Fe-28 per cent Ni, WQ from 1200°C, 


RT 
28 
BCC 110 200 211 220 
FCC 111. | 200 220 | 311 2227 
|| | | 
? 


TABLE 4. 
diffraction 


Approximate d-spacing of all lines observed in the 
pattern from deformed Fe-35 Ni and Fe-40 
Ni alloys 


d-spacing (A 


(hkl) 
(FCC) 


(HKL), 
(HCP) 


(hkl)x 
(BCC) 35 Ni 40% Ni 
(9:7% de- (26-7% de 


formation 
196°C) 


Theore- 
tical * formation 


at 196°C) at 


* For a, = 3-59 A; ‘$66 A 


range of composition, was first reported by Binder‘® 


and subsequently confirmed by Cina, but neither 


examined the austenite or the e-martensite for SFs. 
Such an examination was undertaken for the commer- 
cial alloys. Within limits, the HCP structre may be 
of SFs and 


thus the susceptibility to faulting is reflected in the 


considered as an ordered arrangement 


formation of a HCP structure. The relative (mechani- 
cal and thermodynamic) stability of the HCP structure 
was therefore briefly investigated (in the commercial 
alloy 18/9) and its stability with composition change 
determined using a series of pure alloys in the FeNiCr 


ternary. 


(i) Commercial alloys 


Fig. 2 shows non-Laue streaks due to faulting 


obtained from a specimen of 18/9 given 2-5 per cent 


deformation at 196°C (this caused also some 


Cr radiation mono- 
Many 


may 


transformation of the austenite). 
chromatized with pentaerythritol was used. 
streaks, particularly through the 10-lé 

LO-O: 


spots 


be seen clearly; streaks through spots lie 
along the D-S ring" and hence the 10-0¢ line appears 
sharp. With heavier deformation all diffraction lines 


become fairly continuous and the position of the 


200y line with respect to the other lines could be 


measured. A displacement towards lower Bragg angle 
with increasing deformation, indicative of faulting 


9 
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FAULTS IN AUSTENITE 


HCP 10:0 00:2 10:1 
BCC 110 
Fce 11 


Fic, 2. 18/8 deformed 2-5 


per cent at 


X-ray diffraction pattern from 
196°C. Cr-K 
pentaerythritol. 


adiation monochromated with 


(in the austenite) was found. The measurements are 
listed in Table 5 relative to a specimen in the unde- 
formed state of which a complete D-S pattern had 


been obtained and evaluated on a Nelson-Riley plot 


» 


as shown in Fig. 3. The lattice parameters of the 


austenite reported by Cina’) and others” are also 
indicated in the figure. After 40 per cent deformation 
the FCC lines were quite faint and after 77-6 per cent 
deformation the specimen was completely BCC with 
a microstructure as in Fig. 4 The effect of defor 
mation on the displacement of the diffraction lines 
obtained from specimens set at various fixed angles to 
the beam has been investigated to a limited extent 

The phenomenon appears to be fairly complex and 
may at times have been responsible for line shifts 


expected 


which were in a direction opposite to those 


from faulting. Furthermore, extreme cases of preferred 


orientation were observed in which the e lines and 


the 200v line were not observed when the directio1 
X-ray 


compression, but were observed when the beam was 


beam was parallel to the direction o 


of the 
perpendicular to this direction. An example is show! 
Fig. 5 (a and b) for 


a specimen deformed 19-6 per 


following a RT deformatior 


Nelson 


Riley plot Iron D-S 
received 


patt rm 


617 
200 2) 
0 220 
j 
10-0 2.199 j 
¢ 
11] 00-2 2.073 ?.O76 2-076 
110 2-027 2-034 
10-1] 1-942 } 
1-918 1-918 i 
200 1-795 / ; 
1-607 
10-2 1-508 
200 1-433 1-431 
1-327 
22() 11-0 1-269 1-265 1-265 
10-3 211 1-170 1-170 
20-0 1-099 
311 11-2 1-082 1-082 1-O88 
20>] 1-062 
220 1-014 
<4 3-593 
hen ~« 2.522 
| 
2 
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TABLE 5. 


Distance along film (cm) 


Description ot specimen 
treatment 


As received 
Fig. 3) 


deformn. 
deformn., 


106°C. 0-854, 
0-850 


0O-S4]1 


deformn. 


6-004 
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Effect of deformation on the relative position of the 200 diffraction line in the commercial stainless steel 


Phases present 


4-30 (4:31, § 


6-004 
6-004 
6-004 


6-004 


6-004 


+ Theoret. 10-90° (for a 


7: 0-OOL7TC, 0-009 N) 
15: 0-006 0-127 C. 0-000] 


§ calculated, 
Note. 
sion has 


assuming d, 


en performed perpendicular to beam. 


97-7 per cent. The preferred orientation existing after 


the 97-7 per cent deformation is referred to below. 
The effect 
deformation 
l4-4 per 


103-3 pel cent at RT. 


was observed also when the order of the 


was reversed, i.e. for a specimen given 


cent deformation at 196°C and then 
Near 4k faulting become very pronounced and in 
the early stages of deformation non-Laue streaks were 
readily visible on the X-ray photographs. 
Relative stability of the HCP e-phase. 
FeMn 


be completely transformed to e¢ by 


Unlike certain 


he inalogous 


system 10) the 


Fic. 4 


mation at 


Microstructure of 18/9 after 77-6 per cent defor- 


196°C (surface perpendicular to compression axis). 
Fully transformed to BCC martensite. 950 


00-0011 N) 


(trace) 


0-02 


In all except the first, specimen always stationary and at 30° to the X-ray beam and with direction in which compres- 


any method, nor did any eé (or «) form spontaneously 
RT of a 
previously quenched into liquid He or 
196°C of an 


on cooling. Observation of surface relief at 
specimen 
direct observation at undeformed 
specimen gave negative results. 

RT deformations up to about 100 per cent failed to 
produce any ¢. Initially only slip in the austenite 
occurred, but on heavier deformation BCC martensite 
formed as well. Even after 97-7 per cent deformation, 
however, complete transformation to (BCC) marten- 
site had not been achieved, though some preferred 
orientation was observed in the y as the diffraction 
both austenite 
The 


preferred orientation was also apparent in the micro- 


pattern of Fig. 6 shows. Lines from 


and %-martensite were present, but none from e. 
structure seen in Figs. 7a and b. 
At 79°C a faint and spotty 10-1 diffraction line 
from the ¢ phase could be detected already after only 
very light deformation (0-5 per cent), but no other 
After 


7-martensite 


lines in addition to those from the austenite. 
the 110 
diffraction line and others belonging to both « and ; 
the 10-1. 


Subsequently the progress of the trans- 


per cent deformation 


also appeared whilst line became more 
intense. 
formation showed the same general characteristics as 
at 196°C, 

During the initial stages of deformation at —196°C 
careful inspection of both the surface relief and the 
microstructure indicated that traces of the e-marten- 
site could be detected just ahead of the first appear- 
the The X-ray diffraction 


ance of x-martensite. 
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— Ginn 
; 
For Gin For /220 
lll 200 220 311 19:19° * 10°88° + 
‘ 0-09 ap x 
9 833 4-26 0-02 4-26 O-O2 é 
34 4-20 0-02 4-2] 0-02 
1)-0°, 0 3°3834, 
9.099 é 
196°C, 14:-4% | Total 0 0-859 3°832 
RT, 103-8 118:2% 
-23 0-2 4-19 é 
= 2 4-23 2 
—196°C. 19-6 Total 0 0-842 3-818 
RT, 97-7 117-3% 
2 3-593 A 
* Theoret 19-32°; 3993 
3°588 A (ref 
~ , A 
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HCP 10:0 10-1 

BCC \ | 10 

FCC / 20¢ 


(a) 


a). X-ray diffraction pattern of 18/9 deformed 97-7 per cent : , then 


19-6 per cent at 196°C. (b). Same as (a), but diffraction from surface perpendicular to axis of compression 


. 6. X-ray diffraction pattern from 18/9 deformed 97-7 per cent at RT 


(diffraction from surface perpendicular to c 


Fan 


b). Surface perpendicular 
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11-0 11-2 00-4 
200 211 
| 220 211 222 
(b) 
10 200 21 220 BCC 
111 | 200 220 311 222 FCC 
: Be 
2 
Fic. 7 (a). Microstructure of surface X-rayed (Fig. 5). 350 PO { ompression ax! same 
specimen 300 
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BCC 
FCC 


2 
201 00:4 


diffraction 18/9 deformed 


J-] per cent at 


X-ray pattern of 


196°C. 


after 


196°C the strongest «-line. 


pattern, reproduced in Fig. 8 showed that 
per cent deformation at 
110% was hardly visible, whereas the 10-le line was 
quite prominent, though very spotty. Microscopic 
examination also seemed to indicate that more ¢ than 
z% had formed. Areas showing what appeared to be 


clusters of long, thin, smooth rods were more in 
number than those showing plates with a rather jagged 
surface and edges: this can be seen in Fig. 9 where the 
areas to be identified with the e and the z are indicated. 
30th martensites seemed to delineate slip planes in the 
austenite which might indicate that the habit plane 
of both martensites may be the {111} y-plane. The 
appearance of the e-phase before the x-phase has also 
been reported by others.“ 

Below 10 per cent deformation the slip lines and the 
z-martensite could be easily distinguished in surface 


totally different features, as shown in 


relief by then 


. 9. Microstructure of surface X-rayed (Fig. 8). x 700 


Sul face relief of 18 g deformed 5-2 per cent : 

350 
Fig. 10. surface 
relief could be found associated with the e: it 


No specific characteristics in the 
was 
suspected that the relief produced by this phase 
would probably not be separable from the slip lines. 
Above 10 per cent deformation, the surface became 
very distorted and observation of the surface relief 
no longer possible. Even after 8-6 per cent defor- 
mation, relief effects were already most unclear as 
shown in Fig. 11. 

Since the e-phase, formed on deformation at sub- 
zero temperatures could be detected at RT, it followed 
that RT was below the temperature for the spontaneous 
reversal of ¢ to Y Deformation at RT, however, did 
not produce any ¢ from a fully austenitic structure, 


Same as Fig. 10, deformed 8-6 per cent at 196°C. 


350 
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so that RT was above the temperature of thermo- 
dynamic equilibrium between ¢ and y. Any ¢ formed 
by deformation at the low temperature should thus 
revert to y on deformation at RT. This was tested by 
deforming (14-4 per cent) a specimen at 196°C to 
produce ¢ (some « being also formed at the same time) 
and then at RT. 
at RT, e was still definitely present, and even after 


After 29-2 per cent deformation 


103-8 per cent deformation, some ¢ could be detected, 
though complications due to the preferred orientation 
mentioned above set in. The equilibrium temperature 
would thus appear to lie very close to RT. This 
method of determining the equilibrium temperature 
is essentially similar to that Hess 
Barrett“) for Co-Ni alloys. The stress-strain diagram 
of Fig. 12 
shows that a RT deformation of about 100 per cent 
196°C 


used by and 


summarizes some of the results. It also 


combined with a deformation at of about 
17-5 per cent to give a total deformation of 117-118 
per cent required a higher stress if the RT deformation 
preceded the low temperature deformation possibly 
because slightly more transformation occurred. 
Qualitatively similar results were obtained for the 
17/7 steel. Virtually complete transformation to the 
BCC 196°C by 


deformation, but only about 25 per cent deformation 


structure could be obtained at 
was required, whereas the 18/9 required about 75 per 


cent. Though the amount of transformation at a 
given temperature and fora given deformation differed, 
both steels showed the HCP martensite as well as the 
BCC martensite under similar conditions. Illustrative 


microstructures have been restricted in number 
chiefly because several articles have appeared 


recently showing very good examples. 
(ii) Pure alloys 

The approximate composition range over which the 
HCP ¢-phase was found on cooling and on deformation 


is given in the ternary diagrams of Figs. 13, 14 and 15. 


Atpre 


300 


+€ 
“20% 


y+a(trace) 


True stress 
oO 


20 °C 
50 100 
True (piastic)strain 


Fic. 12. Stress-strain for the commercial (18/9 


curves 
stainless steel. 


AUSTENITE 


py. austenite 
BCC 


HPC (e€-martensite 


(a- martensite) 


ten 
stem 


Fic. 13. Ternary diagram of FeNiCr sy 
structures at RT of alloys austenitic at higher 


showing 


mperatures. 


In this composition region also the austenite oTrains 
showed profuse annealing twins. Table 6 lists all the 
alloys examined. 

Alloys with approximately Ni + Cr < 28 per cent 
were partially or wholly transformed to « on cooling 
to RT (Fig. 13) 


This phase was, 


none of them showed any 


phase. 


however observed by (‘ina in i 


pure 18/8 alloy. That particular composition was not 
included in the alloys examined here, but the 
occurrence of the e-phase at this composition Is not 
The 


Transformation of the FeNiC1 


inconsistent with the present work 18/8 alloy 


TABLE. 6 


* Observations made at R1I 
Also quen hed to 
Metallographic 


SU 


observation onl 
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oy 
ony 
Dox Nw 
$ 
*. 
% 
AL 
Fe—Ni-C1 
S0—5—15 
75-10-15 
415-20—5 
oO | a 
x | "0-15-15 
-196 °C, 70-25-5 
pre ole, 65—10—25 
| on = 65—15—20 
20 =: prare(trace 
> 65-25-15 39.4 
140 x 65—25—-10 
65—30—5 
| 60-—15—25 
60—25—15 1 
60-30-10 
60—35—5 
150 


ACTA 


Nicke 


Fic. 14. Same 
lowered to 


as Fig. 13, except that reference temperature 
—196°C, and to 4°K for the points shown. 


falls near the border of the homogeneous austenitic 
field and thus on the outskirts of the composition 


range studied (Fig. 13). 


Fig. 16 shows the electron microscope replica* of 


the surface relief in alloy 70-10-20 after electro- 
polishing and quenching to —196°C. The relief pro- 
the (BCC that 


observed in FeCrC or FeNialloys.“®!” The upheavals 


duced by martensite is unlike 
tend to occur in bands running parallel and touching 


each other along their lengths: each band seems to 


consist of many small “‘tilted blocks.’’ These features 
are Clearly illustrated in the replica. The “blocks” join 
along a line more or less perpendicular (to within 
about +-20°) to the bands separating them. 


Alloys which had not transformed at —196°C, also 
failed to 4°K. 
70-15-15 was given a special treatment of 11 hr at 


He) 


and WQ, its transformation was completely inhibited 


transform at In fact, when alloy 


[320°C (in an atmosphere of 8 per cent H, 


down to 4K, although slip lines were observed in many 


13 but showing effect on the transfor- 
196°C. 


me as Fig. 


mation of austenite of deformation at 


Obtained by shadow-casting with an Au-20 per cent Cr 
alloy the carbon replica of surface relief of an electrolytically 
polished and transformed specimen. Surfaces in the shadow 
lighter on the photographs—thus show no detail. Contrast 
depends on the relative position of the replica with respect 
to the angle of shadow-casting. 
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Fic. 16. Electron microscope replica of surface relief in 
alloy 70-10-20. Large transformed, showing tilts 
clearly. 10,000 


blocks 


of the austenite grains already after quenching to 
196°C. 
observation’? that a lesser amount of transformation 


This is in general agreement with Cina’s 


is obtained in specimens quenched from the higher 
temperature. 

A few additional alloys which had not transformed 
on quenching showed the e-phase after deformation 
at —196°C. The given at each 


maximum strain 


composition varied from 20 to 75 per cent and is 


recorded, in Table 6 and in Fig. 15, together with 
the phase resulting from the transformation. Near 
the composition range of the FeNi binary, no ¢ was 


found in any of the alloys even after deformation. 


(Cc) FeNiC 


The only alloy (5-Ni-150) examined in this system 
the after 


though faulting appears to occur with 


evidence of SFs in austenite 


(1) 


gave no 
quenching, 
sufficient deformation. Light deformation produced 
only slip. This was verified by polishing off the slip 
lines and etching. Heavier deformation (of the order 
of 30 per cent or more) produced a microstructure 
showing strain markings which, after tempering, 
polishing and etching, bore a striking resemblance 
to those of deformed 70-30 «-brass, as had already 
>) evidence 
the 


position of the FCC (7) 200 line. The results are given 


been noted.“®) As in the case of x-brass, | 


for faulting was obtained by measurement of 
in Table 7 for a specimen deformed 26-2 per cent and 
121-5 Sufficient 
faulting had occurred between the two deformations 
X-rays 


indicated the presence of only a very small amount of 


per cent respectively. additional 


for the line shift to be readily measureable. 


martensite in the specimen deformed 121-5 per cent 
and none in the one deformed 26-2 per cent. 
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TABLE 7. Effect of deformation on the relative position of the 200 diffraction line 
Deformation at RT. Specimen stationary at 30° to X-ray beam. CoKy, radiation; 11-46 © 


Distance along film (cm) 
Deformation 


ct. 


26-2 0-858 3-809 5-966 
121-5 0-847 3-809 5-963 


* Theoretical values for a, 3-62 A (1-5 per cent C) 


Since the austenite could still undergo transfor- 
mation to martensite on further cooling after defor- 
mation, the effect of the strain markings, resulting 
from deformation, on the subsequent formation of 
martensite could be studied. As shown in Figs. 17-19. 
the martensite may frequently cross the strain 
markings. When it does, the direction of the marten- 


site plate is altered to the twin position (with respect 


to austenite). On crossing several strain markings, a 
single martensite plate takes on a zig-zag appearance 
(Fig. 18), strongly suggesting that the strain markings 
were twins in the austenite. This could be possible 
since mechanical twinning has been observed in FCC 
copper."% The twins are, however, probably very 
imperfect, i.e. they contain a large number of SFs. 
This implies that the faults present in the austenite 
become incorporated in the martensite on its formation. 
The resulting morphology of the martensite formed 
across the strain markings is recognizably different 
from that present before and therefore during defor- 
mation.“® Some martensite plates stop at the strain 
markings (Fig. 17) and this suggests that these 
markings can sometimes act as an effective barrier 


to the formation of martensite. 


(d) FeMn( 


The only alloy examined in this system, viz. 
Hadfield’s austenitic manganese (HyMn) steel, was 
selected for a number of reasons, chief among them 
being its high work hardening capacity and _ its 
interesting metallographic features developed on 
deformation. Even after cooling to 4°K the present 


alloy remained fully austenitic and at 196°C 


deformation to fracture (in compre ssion) showed only 
the FCC austenite lines when the fractured surface was 
X-rayed (Fig. 20). 

Near 4°K approximately 5:7 
was all that could be obtained with relative ease. 


per cent deformation 


This was, however, considered to be already in excess 

of that favourable for the observation of non-Laue 

streaks due to SFs. The X-ray oscillation photo- ) 
graph showed only the austenite lines (Fig. 21) so es ee - 


that the markings visible in the polished and etched 
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Fic. 18. Same as Fig. 17. Zig-zag formation of a martensite 
plate across strain markings. 2650 


microstructure of Fig. 22 could not be attributed to 
martensite. Though the X-ray method is less sensitive 
than the metallographic method for detecting very 
small quantities of a new phase, Fig. 22 suggests that 
if the markings were actually martensite, then 
martensite would be present in sufficient quantity to be 
readily detectable by X-rays. As no new phase had 
ipparently been formed, the metallographic features 


appeared to be strong evidence in favour of SFs. 


DISCUSSION 
Faulting of the austenite in this system 
is not An Fe-35 Ni alloy for 


example, shows no exceptionally high work-hardening 


(a) FeNi. 


very pronounced. 


capacity,” contrary to what would have been ex- 


18) 


pected if SFs were present to any extent.'@?; 


The possibility of faults occurring in the austenite 
iround 30 per cent Ni is of particular interest in 


connection with certain observations of Machlin and 


Same as Fig. 17. Deformation and transformation in 


grain and annealing twin. 1500 
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Fic. 20. (Top) X-ray diffraction pattern of HyMn steel 
deformed (to fracture) at —196°C. Diffraction from fractured 
surface. 

Fic. 21. (Bottom) X-ray diffraction pattern of HyMn steel 
after light hammering near 4°K. 


Cohen®® on the transformation behaviour of an 


austenitic Fe-31 Ni alloy. They observed that 


in addition to the usual type of martensite 
developed in this alloy on cooling, there appeared 
under suitable conditions, a second type of martensite 
which was smooth and narrow (almost needle shaped). 
To be noted here is the fact that its metallographic 


appearance resembled that of the SFs in the FeCrC 
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system, though unlike the SFs, it occurred only in 
traces. This suggests the possibility that they may 
actually have observed SFs and not another form of 
the BCC martensite. Further work, however, would 
be desirable. 
(b) FeNiCr. 
martensites with different crystal structures, which 


The simultaneous formation of two 


occurs (within a certain composition range) in this 
system has been observed also in other systems,'?*) 
but the closest analogy appears to exist with the FeMn 
binary system” as was noted by Cina.‘ 

the FeNiCr 


alloys on deformation and consequently the austenite 


Faulting occurs in the austenite of 


of the stainless steels shows an expected high work 
hardening capacity.'7.?) Attempts to obtain a relation- 
ship between the ductility and the amount of trans- 
formation in 18/8 austenite proved, not surprisingly, 
unsuccessful. '24) 

Since transformation to x can be virtually completed 
tem- 

the 


suitably low 
SFs 


deformation at a 
that 


austenite during deformation cannot act as a complete 


by sufficient 
perature, it follows any induced in 
barrier to the formation of x, though they may possibly 
hinder its formation. 

The existence of SFs in this system has recently 
been confirmed) with the electron microscope. 

(c) FeNiC. The metallographic features of the 
austenite examined in this system has many analogies 
with the HyMn steel. In particular is the impression 
of twins created by the manner in which a martensite 
plate crosses the strain markings. In «-brass Burke 
and Barrett? were unable to obtain any conclusive 
evidence that 
Consequently they did not endorse the observations 


similar strain markings were twins. 
of Samans*” who is the only one to have obtained 
any direct evidence of twins in deformed «-brass. 
Barrett'?®) later suggested that the strain markings 
may be a combination of slip and SFs. 

In this steel, as in the foregoing case of the FeNiCr 
alloys, the SFs (respectively, strain markings) could 
sometimes act as a barrier to the formation of marten- 
site (Fig. 17) but sometimes were ineffective (Figs. 18 
and 19). 

(d) FeMn. This sytem was not investigated here. 
An HCP phase forms on cooling to RT alloys in the 


composition range 10-29 per cent Mn.7°.2% Above 15 


per cent Mn no «-martensite accompanies the for- 
(10) 


mation of ¢, according to Troiano and McGuire, 
whereas Schmidt,'?” the first one to report the e-phase, 
observed x up to 20 Mn. 
Troiano and McGuire noted, the amount of phases 
present was quite sensitive to specimen preparation. 
Thus, within limits, more ¢ was produced when the 


per cent However, as 


IN AUSTENITE 

quenching temperature was raised and the specimen 
size increased. In stainless steels this effect can be so 
pronounced that no ¢ is formed at all when filings of a 
pure 18/8 alloy are used in place of a small sample 
However, no very satisfactory studies of this pheno 
menon in either the stainless steels or the FeMn alloys 
have appeared, 


The close analogy of the transformation behaviour 


of the stainless steels with that of the FeMn system 
suggests that the e-phase in this latter system is very 
probably faulted and that faulting in the austenite 
can also occur readily. It is thus not surprising to not 
that FeMn alloys, (in the range 21-23 per cent Mn 
showed a high work hardening capacity.” 


(e) FeMnC 
HyMn steel after light deformation near 4°K (and 


The absence of a new phase in the 
inspection at RT) is in support of those workers who 
obtained similarly negative results when deforming at 
RT. Such a result is of considerable significance 
HyMn 


composition range 1-15—1-50 per cent C, 11 


steel, which covers approximately the 


13 pel cent 
Mn, has mechanical and metallographic properties 
which for some time already have been classed as 
unique and have been the subject of several extensive 
investigations.“°-4)) In the fully austenitic condition 
the alloy has at RT a remarkably high work hardening 
capacity 9,82,34) which is not the result of transforma 
(BCC 
steels. At 


another remarkable property which is also 


martensite’?3>) as in the e 
alloy 


tion to 


stainless 252-:8°C the 


not 


of transformation to (BCC) martensite: it becomes 


{"4 


completely brittle.°® This behaviour has often 


heen 
attributed to the formation of martensite, even thoug! 


it seemed in direct Opposition to the high ductility 


observed in the stainless stec ls in whic h the format I 
of martensite was undisputed 
found no n 


L\ 


In spite of the fact that Goss 
in HyMn steel on examination by 
after nearly 90 per cent reduction in thi 
usual explanation given for the high wor! 
capacity of this steel is still frequently that n 
produced on deformation This contentir 


31.383 


on the observations by some workers 


by 33,39) that 


the steel he comes 


distinctly magnetic after appreciable 


The magnetic evidence in favour of tra 
is rather incomplete since the observ 
generally not supplemented by other observ: 

were 


X-rays or the microscope, or, in cases where the 


details of heat tre 
frequently omitted and the he 
Hall 


not 


composition and itment wer 


‘at treatment sometimes 


also inappropriate (e.g used a tempered 


specimen). Decarburization, if removed, may of 


fit 
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course give misleading results. Assuming, however, 
that the observations on the magnetic behaviour of 
HyMn steel are valid, then the correct interpretation 
of the BCC 


change in the Curie 


would be not in terms formation of 


martensite but in terms of a 


temperature of the austenite with deformation. 
The metallography of HyMn steel has also attracted 


) lines which appeared, upon 


attention. 1,32 Slip 


deformation. on the surface of a polished specimen 


of HyMn 


etching, 


polishing and 


(31) 


steel. reappeared after 


unlike similar slip lines in copper. 
Since they exhibited certain but not all the characteris- 
tics of true (mechanical) twins (analogous to Neumann 
bands in BCC iron) Howe and Levy” in 1915 were 
led to conclude through several arguments that these 
markings, could consist of a combination of slip and 
thin twins formed along some of the slip planes. 
were later made by 


Analogous observations 


others.?.34) Doepken*) suggested mechanical twin- 


ning rather than martensite formation since he was 
unable to detect any transformation. 

On the present ey idence therefore the correct inter- 
the strain markings in HyMn steel, 
11 


pretation of 


observed sometimes also on quenching®*: and 


invariably after deformation would appear to be in 
This 
the exceptionally 
21,34 


terms of a combination of slip and SFs. 


suggestion is also supported by 
high work hardening capacity of the alloy. 


f) FeCrC Evidence of SFs in the austenite of this 


system is fairly good.” In the alloy 9-Cr-100 (9 percent 


Cr. 1-00 per cent ( SFs were observed both in the 


ind absence of martensite (i.e. above and 


pre sence 
below 7.) after a suitable quench. The work of Klier 


ind Troiano™”? indicates that faulting also appears to 


13) 


occur in alloys 6-Cr-130 and 15-Cr-70. Monypenny' 


found that a 15-Cr-70 alloy (actually 14-1 per cent Cr, 
0-67 per cent C) after quenching from 1200°C to obtain 
austenitic at RT showed a work hardening 


ilogous to that of HyMn steel: 
the Brinell test, it 


it fully 

upacity an though 
was almost unmachinable. 
in effect would be expected if SFs were present. 


Effect of Ni. Cr. Mn and C 


The present work indicates 


on the susceptibility 
austenite to faulting. 
that Cr and Mn have a marked effect in promoting the 
formation of SFs in austenite whereas the effect of Ni 
much In the FeNi binary no HCP 

appears, the FeMn it 
Adding Cr to the FeNi alloys causes, however, a HCP 


less. 


is very 


structure whereas in does. 


structure to appear in the stainless steel composition 


range. Similarly, the addition of sufficient Cr to 


straight FeC alloys will cause the appearance of SFs 


on quenching, whereas the addition of Ni in place of 


Cr produces faulting only after deformation. 
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The influence of carbon is difficult to assess. It 
probably acts as a slight inhibitor. Thus the addition 
of sufficient carbon to an FeMn alloy eventually 
eliminates the formation of the HCP structure which 
occurs in the binary, so that at Hadfield’s composition 
only SFs can be detected. In the stainless steels the 
effect 
transformation, 


similar in so far as it inhibits 


about 0:1] 


of carbon is 
but up to per cent © 
(approximately the maximum found in the commer- 
cial alloys) the HCP structure may still be obtained 
by deformation. 


Use 


suggest 


can be made of the foregoing conclusions to 


austenitic steels with a very high work 
hardening capacity. Thus, for example, FeCr alloys 
with 21-33 per cent Cr can be obtained fully austenitic 
at RT by adding sufficient C and N (0-1 to 1-0 per cent 
C and 0 to 0-5 per cent N). These austenites should 
have a very high work hardening capacity, and a 


recent publication) has shown this to be so. 


may have a work hardening capacity possibly even 


higher than that of the 15-Cr-70 examined by Mony- 
penny.“ Alloys in the FeCrMn system might give 
even more striking results: there is, however, unfor- 
tunately little published work‘) on the mechanical 
properties of alloys in this system. 

(h) The nucleation of BCC martensite. 
(45) 


SFs in the 
as a “metastable 


BCC 


austenite have been suggested 


martensite source or nucleus’ for martensite 
since they can accommodate the first of a sequence of 
two shears proposed by Kurdjumov and Sachs“® for 
BCC the FCC 


This suggestion. to be 


the formation of martensite from 


austenite. reconcilable with 
the present work on the relation between SFs and 
martensite, would require that a dislocation in the FCC 
austenite could sometimes merely dissociate into two 
half dislocations with a SF between them and at other 


times under the same conditions generate (during its 


dissociation), together with some other dislocation 


(or dislocations) a BCC structure. In the absence of 
this dualistic behaviour is rather 
the K-S 


unsatisfactory because it fails to account for the habit 


further evidence, 
puzzling. Furthermore, mechanism is 
plane and relief effects” since it assumes homo- 
geneous shears for the 
The the formation of BCC 
from FCC austenite is thus probably not an SF in the 


formation of martensite. 


nucleus for martensite 
austenite. The problem would become easier once the 


nature of the imperfections (or alternately, the 
dislocation array) in the martensite itself has been 
established. 
CONCLUSIONS 
(1) The susceptibility of FCC austenite to faulting 


appears to increase in the presence of Cr and Mn and 


They 
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A QUANTITATIVE THEORY OF GRAIN-BOUNDARY MOTION AND 
RECRYSTALLIZATION IN METALS IN THE PRESENCE OF IMPURITIES* 


K. LUCKE? and K. DETERT?t 


The experimental facts concerning the influence of small amounts of impurities upon recrystal- 
lization are briefly reviewed and a quantitative atomistic theory of these phenomena has been developed. 

In this theory it is assumed that interaction forces exist between the foreign atoms in solid solution 
and the boundary, increasing the concentration of foreign atoms in the boundary. At high concentrations 
or low temperatures) the moving boundaries are held back by the foreign atoms and the speed of the 
boundary is controlled by the speed of the foreign atoms diffusing behind the boundary. At low concen- 
trations (or high temperatures) the boundary cannot be held by the foreign atoms, breakaway occurs, 
and the boundary moves much faster. Below the critical concentration for which breakaway just occurs 
the recrystallization temperature drops much faster with decreasing concentration than it does above this 
concentration. 

The quantitative formulation of these ideas leads to expressions for the absolute rate of boundary 
migration, its temperature-dependence, for the activation energy of recrystallization, etc. They agree 
rather well with the experimental results so far available. The fact that the influence of a foreign element 
upon the rate of recrystallization increases with increasing difference in atomic radius between the solute 
and the basic metal shows the interaction between boundary and foreign atoms is largely of elastic nature. 


UNE THEORIE QUANTITATIVE DE LA MIGRATION DES JOINTS INTERGRANULAIRES 
ET DE LA RECRISTALLISATION DANS LES METAUX CONTENANT DES IMPURETES 
\pres avoir résumé briévement les connaissance expérimentales relatives a linfluence des impuretés 

en faible teneur sur la recristallisation, les auteurs développent une théorie atomique quantitative de 

ces phénomenes. 

Dans cette théorie, on admet qu il existe des forces d’interaction entre le joint et les atomes étrangers 
en solution si +, ayant pour conséquence une augmentation de leur concentration au joint. Pour 
des teneurs élevées (ou auxbasses températures), les frontiéres en mouvement sont retenues par les 
atomes étrangers et la vitesse de leur déplacement est régie par celle des atomes diffusant derriére le 
joint. Aux faibles concentrations (ou aux températures élevées), le joint ne peut étre retenu par les 
atomes étrangers, une scission s’opere et la frontiére se déplace beaucoup plus rapidement. Pour une 
teneur inférieure a la concentration critique ol cette séparation apparait, la température de recristalli 
sation diminue beaucoup plus rapidement avec les teneurs décroissantes. 

L’expression quantitative de ces idées conduit a des relations pour la vitesse absolue de migration 
du joint et leffet de la température, pour l’énergie d’activation de la recristallisation, etc. Elles con- 
cordent bien avec les données expérimentales actuelles. 

Le fait que l’influence d’un élément étranger sur la vitesse de recristallisation s’accroit lorsque la 
différence des rayons atomiques entre le métal de base et l’élément dissous augmente, montre que 


interaction entre le joint et les atomes étrangers est principalement de nature élastique 


EINE QUANTITATIVE THEORIE DER KORNGRENZENWANDERUNG UND 
REKRISTALLISATION IN METALLEN, DIE VERUNREINIGUNGEN ENTHALTEN 

Die experimentellen Tatsachen zum Einfluss kleiner Verunreinigungen auf die Rekristallisation 
werden kurz Zusammengestellt, und eine quantitative atomistische Theorie dieser Erscheinungen wird 
entwickelt. 

In dieser Theorie wird angenommen, dass eine Wechselwirkung zwischen den gelésten Fremdatomen 
und einer Korngrenze besteht, die die Konzentration der Fremdatome in der Grenze erhéht. Bei 
grosser Konzentration (oder tiefen Temperaturen) wird die Bewegung der Grenze durch die Fremdatome 
gebremst, und die Geschwindigkeit der Grenze ist bestimmt durch die Diffusions geschwindigkeit von 
Fremdatomen hinter der Grenze. Bei kleiner Konzentration (oder hoher Temperatur) kann die Grenze 
nicht durch die Fremdatome gehalten werden und bricht los, wodurch sich die Grenze viel schnellet 
bewegen kann. Unterhalb der kritischen Konzentration fiir das Losbrechen sinkt die Rekristallisations 
temperatur viel schneller mit abnehmender Konzentration als oberhalb. 

Die quantitative Formulierung dieser Ideen fiihrt zu Ausdriicken fiir die Absolutgeschwindigkeit det 
Korngrenzenwanderung, ihrer Temperaturabhangigkeit, fiir die Aktivierungsenergie der Rekristalli 
sation etc. Diese stimmen ziemlich gut mit den zur Zeit bekannten experimentellen Daten iiberein. 
Die Tatsache, dass der Einfluss eines Fremdatoms auf die Rekristallisationsgeschwindigkeit mit 
wachsendem Unterschied im Radius zwischen ihm und einem Atom des Grundgitters zunimmt, weist 
auf die wesentlich elastische Natur der Wechselwirkung zwischen Korngrenze und Fremdatomen hin. 


* Received May 28, 1956: in revised form November 23. + Department of Physics and Metals Research Laboratory. 
1956. 
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K. 
1. INTRODUCTION 


It is well known that small amounts of impurities 
have an extremely strong influence upon the re- 
crystallization of metals. According to papers of 
Liicke, Masing, and Noélting™ and Detert and Liicke,‘” 
additions of the order of 0.01°, 


iron can decrease the rate of recrystallization of high- 


of manganese or 


purity aluminum by factors of 10! or 10!° respectively. 
The authors of the present paper believe, therefore, 
that the understanding of the role of impurities is 
the 


crystallization behaviour of commercially pure and 


absolutely essential for understanding of re- 
even high-purity metals and that the previous theories 
of recrystallization failed because they did not consider 
the influence of impurities adequately. In the present 
paper a quantitative theory of recrystallization is 
presented in which the interaction between the moving 
grain boundary and the foreign atoms is of primary 
concern. 

It is difficult to check the theory quantitatively, 
since most of the experimental work is only of a 
qualitative nature or not sufficiently systematic. 
Quantitative comparisons could be made only with 
the measurements of Liicke, Masing, and Nélting, and 
and to some extent 
with those of Smart and Smith™ on copper. In the 
first about the 


effect of the impurities have been drawn. 


Detert and Liicke, on aluminum 


two papers some clear conclusions 


their importance for the following, these conclusions 
will first briefly be reviewed. 
(1) The 


tremendous decrease of the rate of re- 


crystallization by factors reaching the size of 10!® as 


mentioned above is caused by foreign atonis in solid 
solution rather than by those in precipitated form 
(The role of precipitation will be discussed briefly 
in the last section of the paper.) 

(2) The rate of recry stallization seems to decrease 
slowly at first with increasing amounts of impurities; 
only after passing a certain critical concentration 
of the order of 0.01 °, does the rate drop fast, indicating 
This 


critical concentration is not connected to the solubility 


a change in the mechanism of recrystallization 


limits, but may lie within the range of solid solution 

(3) Both the rate of growth and the rate of nuclea- 
tion are diminished by the impurities, and for small 
additions the rate of diminution is nearly the same 
for both, 
elementary processes. 
the 
seems to be more easily understood, will be considered. 


indicating a certain relationship in the 
Therefore, in this paper only 
process of grain-boundary movement, which 
If one increases the concentrations to 0.1°, or more, 


the rate of nucleation decreases less than the rate of 


3ecause of 
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srowth, or even increases, as will be discussed in the 
last section of this paper 

(4) The effect of the impurities seems to become 
smaller with smaller deformation 

(5) In most cases the activation energy of recrystal 


lization seems to decrease with increasing impurity 


content (this seems to contradict a result of another 
author"). 

6) The effect of impurities is caused by direct 
interaction between the moving boundary and the 


dissolved foreign atoms, rather than by the difference 
in the deformed states of the pure and impure metals 
This is already evident by the fact that impurities 
delay also grain growth and secondary recrystalliza- 
tion, where the metal is in an undeformed conditio1 
2. INTERACTION BETWEEN GRAIN 
BOUNDARIES AND FOREIGN ATOMS 
In the previous section it has been noted that the 
inhibition of recrystallization by impurities is caused 
between the grain 
The 


simplest kind of interaction is the elastic interaction 


interaction 
the 


by direct moving 


boundary and foreign atoms in solution 


The energy of the elastic stress field surrounding the 


grain boundary and the foreign atoms can be lowered 


by putting the foreign atom into the grain bound: 


rather than into the undisturbed lattice regions 
the 


stress-field around foreign atom, and therefore 


also the grain in energy | ld increas« th the 


differences in atomic radius of the foreign 
that of the basic metal. It should be zero if bi 


radius and 


of atoms have the same atomi 
interaction should occur in this cast 
This conclusion has already been drawn 
Masing, and No6lting 
the measurements of Smart and Smith 
AT’ of 


coppel by 


+ 


who interpre ted 


the increase recrysta 


high-purity 
elements according to the measu 
itomiec radius 


Smith and he 


One sees that these two 


parallel with each othe 
considered to be serious 
questionable whether or no 

for this element is the righ 

copper. 

that the increase in re- 


C. S. Smith" mentioned 


crystallization temperature in the results of Smart and 


Smith goes parallel to the difference in valency 


The measurements described in this paper throw 
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ms and 
Kind 
This fact is mentioned 1 different ymnnect 
Wallbaum (Erzmetall IV (1951) 377 
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TABLE 
of high-purity copper by addition of 0.01 at. ° 
elements, compared with the atomic radius r of these elements, 
and the slope of the liquidus and solidus curve. (The recry- 
stallization data are taken from the paper of Smart and Smith;‘ 
the value for r in the first line is that for pure copper and 
the value for d(Cs C)/dT in this line is computed according 
to equation 6. 


of some foreign 


Added 


element 


light on the question of which one of these two 
parameters, atomic radius or valency, is the deciding 
one for the influence of recrystallization temperature. 
Table 2 shows the increase of recrystallization tempera- 

of aluminum due to 0.01°, 
40°, rolling. 


This Table is not yet complete and accurate enough 


of impurities after 


for final conclusions; it seems to indicate, however, 


that the difference in atomic radius has more pro- 
nounced influence than the difference of the valencies. 
On the other hand, it leads certainly to the impression 
that the atomic radius difference, and therefore, the 
gy, is not the only reason for the different 

‘es of different impurities. 
is not quite clear how to estimate accurately the 
ry V gained by putting a foreign atom in the grain 
wy, Inste id of in the undisturbed lattice region. 
rain boundaries to be built up by 


> assumes tne g 
me can use Cottrell’s formula’® and 


(1) 


(0.33 


the atomic radius of the basic metal. 


modulus, o Poisson’s ratio 
aluminum), 7 


and 7 is given by 


F 
2) 


with 7, as radius of the foreign atom. Another possible 
assumption is that the energy of the grain boundary 


will not be changed by putting in a foreign atom and 
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that only the energy of the stress-field surrounding 
the foreign atom in the undisturbed lattice region will 
disappear. Liicke, Masing, and Nélting obtained in 
this way for the gain in energy 

V (3) 
One can see that one finds the same value for V from 
equation (1) and (3) if 7 0.1, a value for 7 just of the 
right order of magnitude for the impurity elements 


used (see Tables 1 and 2). For 7 0.1, one obtains in 


this way, independently of the model used, in the case of 


1.43 


0.13 eV, which corresponds 


aluminum (G 
em) V 
to 3000 cal/mol. 


2.7 < 10" dyn/em?, r 
10-3 erg 

Formulae (1) and (3) give values that are too large, 
because the formulae are derived with the help of 
linear elastic theory, which is not strictly valid here. 
The stresses are so large that the nonlinear terms may 
On the other hand, the 


V may be too small because in 


not be neglected any more. 
estimated value for 
addition to the disappearance of the elastic energy 
around the foreign atom given by equation (3) the 
energy of the grain boundary itself may be lowered 
by building a foreign atom into the grain boundary. 
But this should not change the order of magnitude of 
V, as one can easily see. If one sets for the grain- 


boundary energy per unit area‘? 


0.45 ° G 


Anil (4) 
ral 


420 erg/em*) and 


(this gives for aluminum assumes 


that this energy will be distributed over two layers of 


TABLE 2. The increase AT of the 
ture of high-purity aluminum by addition of 0.01 at. 
foreign elements, compared with the atomic radius r of these 


recrystallization tempera 


of some 


elements, and the slope of the liquidus and the solidus curve. 
The recrystallization taken from the 
Nolting and Liicke™ and Detert and Liicke;‘?) the 
in the sixth line is that for pure aluminum and the value fot 
i(¢ CL)/dT in this line is 
6. 


data are papers ot 


value for r 


computed according to equation 


\dded AT 


element (°C) 


AT CL/dT Cy)/dT 
10-8 em ICs/dT (10~* per °C~*) 
Cu 124 
Ni 0 1.24 0.23 34 
Co 15 1.26 0.80 + 
Fe Ld 1.27 0.50 10 
As 70 1.40 5.8 
SO 1.40 18.0 
Ag SO 1.44 3.0 
140 1.40 10.0 
Se 160 1.60 18.0 9 
Sn L8O L.58 10.0 9 
Sh 180 1.61 
Te 240 1.70 5 
| ye G 
= wi Si 110 1.17 8 1.4 
Ni 230 1.24 130.2 1.3 
210 1.24 1.6 
Zn 20 1.33 2-6 1.3 
Ag 10 1.44 4.3 1.2 
Mn 220 1.60 3.8 1.5 
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atoms, one on each side of the boundary, one obtains 
the lattice 


constant) 


for energy per boundary atoms (a 


The decrease in grain-boundary energy by one foreign 
atom should be at least not very much higher than 
We 


may, therefore, conclude that the value for V given 


this value, which is somewhat smaller than V. 


above will have the right order of magnitude. 
Naturally there exists between the boundaries and 
the foreign atoms not only an elastic interaction due 
to the different atomic 1adius, but also an interaction 
due to the different electronic behaviour of the foreign 
atoms in the interior of the crystal and in the boundary. 
It seems, however, not possible to compute this 
interaction easily and to compare it with the elastic 
one, since nothing is known of the electronic state of a 
boundary. 
There 
for the total interaction, the elastic and the electronic 
together. A the fact, 
that the probability for a foreign atom to be in a 


may be, however, an indication available 


strong interaction results in 
boundary is much larger than that for it to be in an 
equal volume in the interior of the crystal. Since a 
boundary as a region of less order and smaller packing 
density has a certain similarity to a liquid, the 
probability of finding the foreign atom in the liquid 
related to the probability of finding it in the solid may 
be considered as a measure for the tendency of the 
foreign atom to stay at the boundary. Therefore, in 
Tables 1 and 2 the proportion between the initial slope 
of the liquidus curve dC,/d7T', and the solidus curve 
dC ,/dT, as taken from the equilibrium diagram, are 
listed for the pure metals and the impurities consid 
ered. Indeed, one finds generally a parallelism between 
the size of this proportion and the increase of recrystal 
lization temperature, but the agreement is certainly 
not better than that with increase in atomic radius 

It could be expected that this proportion of the two 
slopes is not a very good measure for the delay of 
recrystallization. Firstly, the slopes are difficult to 
measure, especially if the range of solid solution is 
In these cases the slope of dC/dT’ is 


very narrow. 


only very poorly known. A certain measure for the 


reliability of the equilibrium diagram can be obtained 
Ug) dT’, also listed in Tables | 


for the value of d(C, 
and 2. These values should be given by the formula‘® 


(6) 
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where q is the heat of melting of the basic metal and 


l'6 its melting-point If the slopes were correct, all 
the values for d(C, C'.)/dT in Table | 


the same size valid for copper, namely 8.5 


would have 


1-4 per 


C; in Table 2 one should obtain the value 1.47 LO-? 


per C valid for aluminum 


Moreover, one compares in Table 1 and 2 the slopes 


at temperatures neal the melting-point of the pure 


metal: this means at a temperature very much 


higher than those for the recrystallization experiments 


The tendency for a toreion atom to go into the melt 


may be quite different at the lower temperatures 


Because of these inaccuracies, the elastic interaction 


resulting in the value for V described above will be 


1 


used as quantitative basis for the further considera 


tions. It will be mentioned, that in the following the 


knowledge of the nature of the interaction forces is 


not of importance; only the quantity V will be used 


As a 


atoms in the grain boundary, their concentration will 


consequence of the lower energy of foreign 


be higher in the boundary than in the interior of the 
crystals. In thermal equilibrium one obtains for the 


boundary concentration C 


where C is the av concentration ot foreign atoms 


For V LO 


the values of 85 


] 
the exponential factor takes on 


15.5, or 6.4 for temperatures of 50 


250, 


Ol ik spective ly 


As mentioned above, the concent where 


recrystallization temperature suddenly drops (0.01 


is not connected with the solubilit mit Since 


\ 


cent 


the concentration of f atoms is 
boundary, Ore 

concentration the 

reach | But 


equation (4 


it these sm 
dary exists 
explanation th 


temperature will be give 


FOREIGN ATOMS WITH 
BOUNDARIES 


3. MOVEMENT OF 
THE GRAIN 


In order to obtain motion of grain boundaries 


during recrystallization, a driving force must act upon 


the boundaries. C source fo 


the driving force the 


S. Smith proposed as 
energy » sub-boundaries in 
snow much 


the deformed materials.” Since we do not 


W — | 
$ a 5) 
( 
v / 

Sinee the solubilit in the i t 

reer than that of the « 
sudden ot recryst 

d(C C's) q 
9 = 
d1 RT 2 
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about the details of the dislocation arrangement in a 
deformed body, we shall here quite simply assume that 
the of the the 


boundary is the driving force for the movement of the 
(10) 


line tension dislocations ending in 


boundary. Since the line tension of dislocations is 


E = (S) 


~ 
the tension on the boundary (force per cm?) is given by 


p \ A,)Gb* (9) 


the numbers of dislocation lines 


\ and A, are 


per cm? in the deformed and undeformed crystals, G 


where 
is the shear modulus, 
E is the energy 
this 


the dislocations having the size of 2r. 
the 


dislocation energy will be gained when the boundary 


per unit-length of dislocation line, and 


moves into the deformed crystal. If the dislocations 
are in special arrangements, a somewhat different 
value for E has to be chosen; if, for example, they 
have associated to sub-boundaries, as assumed by 
C. S. Smith. this value will be lower than the one given 
by equation (d). Most of the following considerations, 
however, are independent of the special assumptions 
about the nature of the driving force. 

[f a grain boundary loaded with foreign atoms starts 
behind the 


Because of the attraction forces between 


to move, the foreign atoms will be left 
boundary. 
the boundary and the foreign atoms, however, the 
foreign atoms preter to make their ditfusion jumps in 
the direction towards the boundary rather than away 
from it. This results in a net velocity towards the 
boundary, and SO the foreion atoms may be able to 
the 


Fig. 1 shows this schematically. 


follow boundary if it moves slowly enough. 


When a boundary 
moves with constant velocity, the total force acting 
must be zero: in absence of other 


upon boundary 


1 ~ Dislocation 
ines 


Undeformed Deformed 


boundary between deformed and 


Fic. 1. Moving 
indeformed crystal 
the influence of the higher density of dislocation lines in the 
deformed crystal in the direction of the arrow, leaving some- 


grailm 


(schematic). The boundary moves under 


what behind the atmosphere of foreign atoms. 


and b is the Burgers vector of 
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forces, the driving force will just be compensated by 
the pulling back of the foreign atoms behind the 
boundary.* If there are n foreign atoms per unit area 
of the boundary and if f is the attraction force between 
the boundary and a foreign atom, one obtains by use 


of equation (7) 
4V/2 


a~ 


Pp nf (10) 
(4V 2/a*) is the number of atoms per cm? of boundary 
(see equation 5). The net velocity of the foreign atom 
(and therefore also of the boundary in the case that 
both move together) will be given by 
D 
(11) 
kT 
M is the mobility which has, according to the Einstein 
the D/kT (D kT is the 
diffusion constant of the foreign atomst). 


relation, value 
Together 


with equation (10), one obtains finally 


P Dy Gat! 


(12) 


ET C 


Since V <Q,, formula (12) gives for the activation 
energy of the rate of growth the activation energy for 
equation (9), the pre-exponential factor takes the 
form 


Dy 


= (13) 
kT 


since Ne 


can be neglected in comparison with A. 
Since during a movement of a foreign atom from 
the 


energy V has to be brought up over a distance of only a 


the boundary into the interior of the crystal, 


few lattice spacings, the attraction force f is smaller 
than V/2r, so that 


(14) 
force. If the 


driving force p exceeds the value nf,. the driving force 


represents the order of a maximal 
cannot be balanced any longer by the retarding force 
of the foreign atoms so that the boundary will be 
accelerated and break away from the foreign atoms. 


Thus the velocity 


* It is here assumed that the rate of boundary motion is the 
rate determining process and that without foreign atoms the 
boundary would move very much faster. 

T Since the foreign atoms move behind the boundarv and 
across the boundary, the diffusion constant for bulk diffusion 
rather than for boundary diffusion is chosen. 


G(2r)"A an 
Yj Jo = J 2r 
_ 
Foreign. 
atoms 
e 
4 ) 


VAL 
2 and 3. 


Temperature-dependencé 


three different 


represents the limit velocity for the movement of 
foreign atoms, and if the boundary moves faster, it 
must have been broken away from the foreign atoms.’ 

Fig. 2 shows schematically these conditions for 
three different the 
three 


concentrations 


characterized by 
The 


parallel flat lines show for these three concentrations 


) 


subscripts 1, 2, and 


3 (Cy OF 
In » as a function of 1/7’. according to equation 12) 
With increasing temperature, the number of foreign 
atoms in the grain boundary decreases (the atmosphere 
evaporates), until a point is reached where nf, is 
smaller than the driving force p. Above this tempera- 
ture 7” 


move much faster than described by equation (12 


breakaway will occur, the boundaries will 


and the three parallel flat lines must then be replaced 
by the three steeper ones also schematically drawn 
in Fig. 2. So the three solid curves represent the rea 
temperature-dependence of the rate of grain-boundary 


The dotted 


to equation 15), 


motion, considering also the breakaway. 


line represents v,,,,, according 
separating the two regions. 

In order to know how the recrystallization tempera- 
ture changes with decreasing impurity content, one 
has to go in Fig. 2 parallel to the 1/7’-axis from the 
T’ decreases 
slowly, according to equation (12). until one crosses 
Then the 
temperature of recrystallization drops strongly. The 
(1, 2 


left to the right. At high concentrations, 


the dotted line and breakaway occurs. 


experiments show just such an abrupt drop. 
A similar behavior is obtained if one considers in Fig. | 
the change of the rate of boundary migration 


* In this broken-away state, the rate of boundary motion 
is determined by the rate of diffusion of foreign atoms across 
the boundary. Therefore the activation energy of recrystalliza 
tion for very pure materials or at high enough temperatures 
should be equal to the activation energy of 


diffusion. This has been observed by different authors 


grain boundary 


i 
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constant te mperature 
concentration. 


Since V is so this 


small 
small angle to the dashed lin 
tures 7” 


be rathe 


belonging to the three 


concen 
lifferent fron 
concentration ranges Is 
dashed lines lie close togeth« 
presented in Fig. 2). F 
therefore | 
dependence 

one so that 

the 

7 The three si 
Natur 


an abrupt 


only by 


this way 


mind that 
ictivation energ\ 
temperature-dey 


arrier whi 


With 
10-5 em, a 
and the 
\ 


350°C 


the 


constants 


£05 
estimated 


cm”, 


per 


the value : ] he concen 


recrystal 


tration where lization 
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temperature mentioned in the introduction is observed. 
This estimation is, therefore, an indication that the 


observed increase in boundary mobility at small 
concentration is caused indeed by the breakaway 


of the boundary from foreign atoms. 
4. COMPARISON WITH EXPERIMENTAL DATA 


the 


velocity of grain-boundary movement which can be 


Unfortunately, no direct measurements of 
compared with the theory have been made. Only very 
rough estimates are possible. At first the apparent 
activation energy as a function of the concentration 
will be considered. 

For the following semiquantitative considerations, 
we shall assume that In v also changes linearly with 
1/T also above the temperature of breakaway, but 
that the slope is larger than at lower temperature (see 
Fig. 3). Despite the fact that no true activation 
process may exist here, the slope may be characterized 
by an activation energy Q,, which is larger than Q,, the 
activation energy valid for the low-temperature part 
which, according to this theory, is equal to Qp. In 
this way, one can generally understand the fact that 
activation energies much larger than those for self- 
(11, 12, 13) 


diffusion are observed. 


The range of measurement of v is limited because of 


experimental reasons and given by the values of 


v and v Under these circumstances one 


in ma 


should find experimentally for very small concentra- 


tions only activation energies of the size Wo, for a 
medium range of C one piece of the curve with the 
with @Q,, 


activation energy @, and one and for 
sufficiently high concentrations only the activation Q, 
see Fig. 3). If the measurements are not very accu- 
rate, one is inclined to replace the two-piece curves in 
the medium range of C by an averaged one-piece curve 
especially since breakaway does not occur abruptly 
and the transition between the two pieces is therefore 
of Fig. 2, 


the dashed lines for the one-piece curves. 


gradual. In the case one may choose, for 
instance, 
In this way the activation energy seems to increase 
with decreasing impurity content and the curves for 
different concentrations seem to go 


one point roughly given by 2 


nearly through 
‘nine OF Somewhat lower 
value if the material is not too pure. 

Both facts are observed in the experiments of 
Detert and Liicke.’? They measured by means of an 


X-ray 


crystallization and obtained the rate of growth v, 


method. the time t of the beginning of re- 


very approximately with the help of the formula 


O/Kt 


G 


(17) 


which is derived in that paper. Here K is a dimension- 
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less constant with value between 2 and 3.5 and 6 is 
the average grain diameter after recrystallization has 
been completed. They plotted In ¢ as function of 1/7, 
and were able to connect the points of the (very rough) 
measurements by straight lines. They reported that 
these curves had a common intersection for different 
concentrations of a given impurity element and for a 
given degree of rolling, with the exception of specimens 
with too small concentrations, just as required by the 
theory. The intersection will be characterized by the 
, and the time ¢ 


m m 


where ¢,, has been 
The 


longest time of observation chosen in these experiments 


temperature 7’ 


found to be given by In ¢,, equal to 12-15. 


which corresponds by equation (17) to the minimal 
This 


means the rate corresponding to the intersection is 


observed rate was given by In ¢ equal to 11. 


only a little smaller than the chosen minimal speed 
Vnin> I agreement with the construction in Fig. 2. 

TABLE 3. Activation recrystallization of high- 
purity aluminum with additions of foreign elements according 
to Detert and Liicke,‘*) and the quantities Qp and D, deter- 
ming the diffusion of these elements. (Q, is the activation 
energy of recrystallization for the highest and Q, for the lowest 
investigated content of the foreign element. The diffusion 
of the foreign element in aluminum is given by 

D Dy exp (QD/RT).) 


energy ol 


constant 


Added Q Q QD D, 


‘ 
element (keal/mol) | (keal/mol) (keal/mol) | (em2?/sec) 


Ag 


Si 


Concerning the other point, the activation energies 
found by Detert and Liicke are in general smaller for 
larger additions of foreign elements than for smaller 
additions. Table 3 shows some examples. One sees 
that Q, agrees in order of magnitude with the activation 
energy for diffusion, while Q, may be even twice as 

These 
that in 
energies for the recrystallization of aluminum of the 


large. considerations make it understand- 


able older investigations activation 
order of that self-diffusion are reported, while acti- 
vation energies found more recently are mostly much 
higher. In the recent papers, much purer aluminum 
(99.99 per cent in most cases) was used. This means the 
measurements are made in the region of breakaway 
and show, therefore, a high apparent activation energy. 

There are some other con:parisons possible between 
this theory and the measurements of Detert and 


2) 


Liicke. One can compare their time ¢ measured for 


the beginning of recrystallization with the computed 
This is the time necessary for the progress 


time 


27 58 32.6 
Cu 38 64 34.9 2.3 

|| 45 68 30.6 0.9 

Mg 36 70 32.0 0.05 
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of recrystallization to reach a point where it can be 
observed by their experimental method, if the rate of 
growth v is equal to v,,,,, the largest which still allows 
the foreign atoms to follow the movement of the grain 
boundary. This time is given according to equation 
(17) by 


min max 


t (18) 


and plotted as dotted lines * together with the meas- 
ured times for the beginning of recrystallization in the 
paper of Detert and Liicke (Fig. 3 to 7). For comput- 


8 ) 


ing these lines, the value 2.85 10-§ em for 27 was 
used, a mean value of 0.02 em for 4, 2 10-8 erg 


for V, 
The values for the diffusion constant, for V, 


and for D the values given in Table 3. 

and for 
the recrystallization rate are too rough to justify an 
accurate comparison between the measured and the 
dotted curves. They show clearly, however, that at 
sufficiently high temperatures the rate of boundary 
but it is smaller than 


movement is larger than v,,,,, 


D at lower temperatures.t This is again an indica- 


max 
tion that at low temperatures the foreign atoms move 
together with the boundaries, but that above a certain 
temperature breakaway has occurred. 


Finally, one can compare the values of v, derived 


with the help of formula (17) from the measurements of 


Detert and Liicke with the values predicted by equa- 
tions (12) and (13). For the alloys with the largest 
investigated additions (0.14 at. per cent), the curves 
drawn in the paper of Detert and Liicke lead to values 
of vy between 10!° and 10!* by inserting into equation 
(13) the constants appropriate for aluminum and the 
approximate values A em, C 10-4, 
Dy (cf. Table 3), 


cm/sec. But the measurements are so rough that one 


and 


cm?2/see one obtains Vy & 


* Since equations (11) and (15) are only approximation 
for small values of f and f,, the more correct formula 


D/ V/2kT "/2k7 
Umax 
has been used for computing the dotted lines. In this formula 
the first term jumps in the 
direction of the force and the second term those in the opposite 
direction. Equation (l5a) goes over in (15) for V eT’ 
One sees that for V 0.13 eV, as given in the preceding 
section, and 7’ ~ 600°C, equations (11) and (15) give values 
which are about 30 per cent too small. It seems that this cor 
rection is more important for some considerations concerning 


characterizes the number of 


the behavior of carbon and nitrogen atoms in dislocations in 
iron. 

+ Liicke, Masing, and Nolting, studying the behavior of 
Al + 0.02 per cent Mn, were led to the conclusion that the atoms 
are not able to follow the boundary. It seems to be probable, 
however, that their conclusion was wrong, since the value 
used for the diffusion constant, the only one so far available in 
the literature,“ (D = 2.10° {exp 6400/RT} 
be bad. The activation energy for this diffusion constant and 
the pre-exponential factor is very much higher than for the 
diffusion of other elements in Al (Table 3). 


em?” sec) seems to 
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could easily draw the interpolation curves in such a 
that v 
For the alloys with smaller additions the 


way 9 would come out several powers of 10 
smaller. 
values of vg are, however, definitely several powers of 
that indicates 


10 larger than the theoretical value 


breakaway. The fact that even for the alloys with 
largest additions, Q and v, seem to be slightly larger 
than the values obtained from equation (12), may 
indicate a partial breakaway 

The degree of deformation enters the theory through 
the driving force p. A decreasing driving force should 
according to equation (12), diminish the recrystalliza- 
tion rate without changing the activation energy 
Since in equation (12) only the ratio p/c appears, and 
equation (15) is independent of p and c, a decrease in 
the degree of deformation has the same effect pon the 
rate of growth as an increase of concentration 

This may 


Masing, and Nolting,™ and Detert and Liicke,@ 


explain the fact observed by Liicke 


that 
the effect of the impurities becomes smaller for smallet 
degrees of rolling, since less breakaway will occu 
The activation energy should be that of diffusion fo: 
small enough deformation. That seems to contradict 
some of the experiments, where Q is found to | 

than @ p and to increase with decreasing degre 


deformation.“ 


In other experiments, no deper 


dence of the activation energy on the degree of rolling 
could be noticed. It is therefore questionable whe 
or not a real contradiction to the theory eXIsSts at 


this pr 


I 


point. Experiments to investigate int more 


thoroughly are presently in progress 


Despite the agreement between some experi 


mental results and the theory, it must be stated that 


the model used here is very crude and, withor 


doubt, very much over-simplified. For exam] 
orientation dependence of the boundary mo 
Beck" 
bmann, L 


which was recently measured by Liel 


importance of which was emph size 


and Masing,“® is left unexplained by the theory. It 
is hoped, however, that the the ory pres¢ nted her 
provide the framework for further developments 

The effect of impurities described here will be very 
often covered by changes in the state of prec ipitation 


If, for added 


solubility, only a part of the addition is, according to 


instance, the element has small 


the equilibrium diagram, in solid solution. The rest 
is precipitated so that the concentration one has to 
insert in the foregoing equation depends upon the 
temperature. Also nonequilibrium phenomena may 
play a role. After having heated the material to the 
desired temperature, a certain time is needed during 


which precipitations will be dissolved or formed until 


tne 
The 


ACTA 
equilibrium is reached. So the concentration is even a 


function of the heating time. If the material is as a 
consequence of a fast rolling in a supersaturated state, 
By an 


increase of the temperature the approach of the 


the phenomena may be still more confusing. 


equilibrium will be accelerated and precipitation may 


occur, so that instead of an increase, a decrease of the 


concentration in solid solution may occur. 
In many papers this disturbance of the basic effects 


ol foreign atoms upon recry stallization by dissolution 


and precipitation can be noticed. In some cases even 


a qualitative interpretation of experimental results 


can be given from this point of view. But in order to 


check the basic laws, these conditions have to be 


eliminated or at least more carefully defined than in 


most experiments so far available. 
The 


influence the grain-boundary mobility too much. 


precipitations themselves do not seem to 
This is quite contrary to the phenomena of grain 
growth and secondary recrystallization, which are 
strongly inhibited by precipitations, @)) The difference 
can be easily understood. For primary recrystalliza- 
tion, the driving forces are so large that boundaries 
curvature of rather small radius can be 


the 


with concave 
Thus 


between the precipitations and grow around them. 


formed. boundary can move forward 
This is not possible for the grain-growth phenomena, 
since the radii of curvature are larger by a factor of 
1000. The driving force for grain-growth phenomena 
is very small, by a factor of 1000 smaller than that 
TO! recrystallization. Therefore, also, breakaway from 
the precipitation is very difficult. 

It is sure now, that the rate of grain growth and 
also diminished by 
This 


as that for primary recrystallization. 


secondary recrystallization is 


foreign atoms in solution.‘*) seems to be a 


simular effect 
The 


naller than that for primary recr’y stallization. but 


effect for grain growth phenomena is somewhat 


ilso for primary recrystallization one obtains a small 
effect if the deformation, that is the drivine force, is 
small 

All considerations so far were concerned with the 
velocity of the moving grain boundary, that is the 
rate of growth. No attention has been paid to the 
factors the rate of 


quantitative atomistic model for it is so far available. 


determining nucleation. No 
Since, according to N6élting and Liicke and Detert and 
Liicke, for smal] additions the influence of the impu- 
rities upon the rate of nucleation is the same as the 
influence upon the rate of growth, one can perhaps 
that 


conclude the elementary processes for both 


quantities are the same. 
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In these cases the effect of 
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the 


characterizes the whole effect upon recrystallization. 


impurities upon grain-boundary mobility 

But this is certainly not generally true. Detert and 
Liicke showed that at concentrations of 0.1 percent the 
rate of nucleation even increases with the content of 
iron in aluminum. This effect seems to be true at higher 
concentrations also if the impurity is completely in 
solution. In this connection, Perryman‘* found that 
in highly pure aluminum with 1 per cent magnesium 
the rate of nucleation increases with the magnesium 
content while the rate of growth slightly decreases. 
Therefore, the application of the theory of grain- 
boundary motion presented here to the whole process 
of recrystallization is only allowed for extremely small 
impurity contents. 

Recrystallization, as it takes place normally is a 
very complex process and it can be observed easily. 
Attempts to the partial lead 
immediately to much larger experimental problems 


The authors of the 


separate processes 


believe. 


the 


and difficulties. 
that 
often observed apparent contradictions between the 


paper 


however, our lack of understanding and 
experiments are caused to a great extent by this 
complexity and by the great number of parameters 
involved. Therefore, much attention should be given 
to quantitative observations of the different partial 
processes separated and to a stricter separation of the 


The 


especially important: 


parameters. following points seem to be 


1. Care should be taken so that the recrystallization 
observations are not falsified by grain-growth pheno- 
mena occurring at the same time towards the end of 
the recrystallization process. 

2. The rate of nucleation and the rate of growth 
should be determined instead of the complex rate of 
recry stallization. 

3. The orientation-dependence of the rate of growth 
should be considered. This can best be done in single 
crystals. 

4. One specimen should contain only one kind of 
impurity. 

5. The state of precipitation of this impurity should 


be considered. 
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THE EQUILIBRIUM FORM OF CRYSTALLINE BODIES* 


R. L. FULLMAN?t 


Crystalline materials with anistropic surface free-energy may have lower total free-energy in particular 


polycrystalline configurations than in any single-crystal shape. Calculations are presented of the relative 


free-energies of two-dimensional and three-dimensional single crystals and polycrystals with radial or 


tangential intercrystalline boundaries. 


LA FORME 


D’EQUILIBRE 


DES CORPS CRISTALLINS 


Les corps cristallins possédant une énergie libre de surface anisotrope peuvent atteindre pour certaines 


configurations polycristallines particuliéres, un niveau d’énergie libre totale, inférieur a celui de toute 


forme monocristalline. 


L’auteur présente des calculs des énergies libres relatives de monocristaux 4 deux et trois dimensions 


et de polycristaux dont les joints intercristallins sont tangentiels ou radiaux. 


DIE GLEICHGEWICHTSFORM 


Kristalline 


Stoffe mit anisotroper Oberflachenenergie kénnen in speziellen polykristallinen 


KRISTALLINER KORPER 


Kon- 


figurationen insgesamt eine geringere freie Energie besitzen als in irgend einer Form als Einkristall. 


Berechnungen der relativen freien Energie von zweidimensionalen und dreidimensionalen Einkristallen 


und Polykristallen mit radialen oder tangentialen Korngrenzen werden hier behandelt. 


INTRODUCTION 


The equilibrium form of a erystal™ is that for 


has the smallest value for the 


which d, jo ds 
volume concerned. Here ¢, is the total surface free- 
energy, o is the specific surface free-energy of any 
surface element of area ds, and the integration is per- 
formed over all orientations. The equilibrium shape 
of a crystal is described more explicitly by Wulff’s 
theorem,’ which states that within a crystal with 


equilibrium shape there is a point such that the per- 


pendicular distance from the point to any surface 


element is proportional to the specific surface free- 
An alternate state- 
ment of the Wulff theorem is that the equilibrium form 


energy of that surface element. 


of a crystal is geometrically similar to the interior 
envelope of perpendiculars drawn at the outer ends 
of radius vectors of the polar plot of specific surface 
free-energy. 

[t does not appear that anyone has examined the 
question, “‘Is a single crystal of equilibrium shape the 
equilibrium form for a crystalline body?” On the 
contrary, it appears to have been assumed implicitly 
by many workers that a single crystal of equilibrium 
shape always has lower free-energy than a_poly- 
crystalline aggregate of identical volume. 

The possibility that a polycrystalline aggregate may 


have lower free-energy than a single crystal with 


equilibrium shape and equal volume arises from the 


possibility of bounding the polycrystalline aggregate 
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entirely with surfaces having low specific surface free- 
energy. Let the total surface free-energy of a crystal- 
line body (whether or not it is monocrystalline) be 
denoted by ¢, and let y be the total intercrystalline 
boundary free-energy. Then the equilibrium form of 
the body is that for which [ = ¢ + y has the smallest 
value. This paper presents a comparison of possible 
values of I’ for various polycrystalline geometries and 
for single crystals. 
PART I. TWO-DIMENSIONAL CRYSTALS 

The concept of a two-dimensional crystal is useful 
for the simplification of geometrical analysis that it 
permits. In addition, real crystals may simulate two- 
dimensional behavior when their maximum dimen- 
sion is limited in one direction, as with crystals in a 


thin film. 


Single crystals 


Consider first a single two-dimensional crystal 


with symmetry planes perpendicular to the plane of 
the crystal. Fig. 1 illustrates the equilibrium shape 
for such a crystal, with twofold symmetry of the 


0; 


Ro 


a; 


Fic. 1. 


crystal with twofold symmetry of 


Equilibrium shape of a two-dimensional 
surface with 
lowest specific surface free energy. 


6358 


i | 
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surface with lowest specific surface free-energy o,. The 
total surface free-energy for this crystal is 
d, 4R,o,, 

and its area is 

A, 
From the Wulff theorem, 

R, 0; 

Re GC 


9 


Combining equations (1) to (3), we may find the value 
of the dimensionless quantity [',/A,'/"o,, which is 
independent of the crystal size. 

The quantity ['/A’/*o, will be used as a measure of 
the stability of various geometrical arrangements. 
Small values correspond to low free-energy and hence 
the single two-dimensional 


to high stability. For 


crystal considered, 


(4) 


Conventional concepts put no upper limit on the 
permissible ratio of specific surface free-energies of 
different faces of a crystal, so the quantity I, A,’ “6; 


might take any value in excess of 4. 


Cylindrulites 

Consider next a polycrystalline arrangement of the 
same two-dimensional crystal, as shown in Fig. 2. 
The configuration consists of n, identical triangular 
crystals, so oriented that the aggregate is bounded 
completely by surfaces with specific surface free- 
energy o,. The crystals are joined by n, intercrystal- 
line boundaries with length R and specific interfacial 
This 
dimensional crystals will be called a cylindrulite. The 
total free 


energy is 


free-energy o,. tvpe of aggregate of two- 
b 


surface and intercrystalline boundary 


2n, sin Ro, 


n,Ro, 


0; 
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Single 
| crystals Cylindrulites 


18} 


» Unlimited 


Fic. 3. Relative stability 
polycrystalline 
Small values of the 
stability, Niand the 
of the lowest frees 
number 
of 6 indicates the 


boundaries forming composite surfaces 


connigurations, 

paramet 
subscript 

of 


energy surta single 


f crystals comprising a cylindrulite; 


svirmetry or tree-energy Cl 


hollow cylindrulite configurations, and 


hollow ecylindrulite is more stable th: 


and the area is 


Solutions of equation (7 


where 7 oO 0; 
in the central portion ol iD 3. as filled-in 


various values of n, and y. Clearly. for 


small values of o,, (o1 y) relat 


1 
geometry may have lowe1 
crystal. 

If Oo 


and 


sulmciently 


surface boundary free-e1 


may be decreased Dy making t hollow 


Fig. 4. 


with specific 


The central hole is bounded entir 


surtact ana 


energy 


density of intercrystalline boundary 


Open circles de 


639 
Composite 
surfaces 
< | 
} 0-2 
A~—e—e 
246 € 89 WS, 
ngle rysti ind riou 
tw en n t 
indicate tl eti 
¥ ¢.\"" isp minima for 
A, O71 i 
solid 01 
y Iho Iho 
¥ 
The dimensionless quantity ['/A*“o, is 
sin COS 
Iho 
7 in the con 
rr 
Op 
0; 
> 
0; “KX Lp 
0; oO 0 
Oy 
O, / 
0; 
Fig. 2. Schematic diagram of cylindrulite. Fi 4. Schematic diagi f holl ndrulite 
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of a solid cylindrulite is eliminated. The surface and 


boundary free-energy is 


R’) sin oO ny(R RP’) (dS) 


COS (R? (9) 


For a given crystal area, the smallest value of T, is 


obtained if the size of the hole is civen by 


(10) 


The condition for a hollow evlindrulite to have lower 
free-energy than a solid evlindrulite of identical area 


is that 
? sin (11) 


When this is so, the surface and boundary free-energy 


of a hollow cylindrulite containing a hole of the 
optimum size defined by equation (10) is 
Sn, sin Ryo, 
| | pre (12) 
2 sin 
My 
ind its I’ 11s 
Si, sin 
Ny 
i, sin COS Re - 13) 
7 
? sin 
Combining equations (12) and (13 


Solutions of equation (14) are plotted in the central 


portion of Fig. 3 as open circles, for values of n4 and 7 
that satisfy inequality (11). 
houndarie 8. As 


number of segments in a cylindrulite is increased and 


Cylindrulites with small-anal the 
the disorientation across each intercrystalline bound- 
ary correspondingly is decreased, the specific inter- 
facial free-energy of the boundaries decreases. While 
there data 


for 


are no concerning highly anisotropic 


materials, data metals (3-7) indicate that the 


specific interfacial free-energy is substantially constant 
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at disorientations greater than about 10° to 
this behavior is also characteristic of more anisotropic 
materials for which the stability of polycrystalline 
geometries is pertinent, then decrease of o, (and hence 
y) is not expected, unless n + 12. For values of n 
where a decrease in y would be expected, there is no 
longer any significant decrease in surface free-energy 
¢@ with increasing », since the cylindrulite already is 
nearly circular. Thus a decrease in total free-energy 
with increasing » could occur only if the specific 
interfacial free-energy pe a unit of disorve ntation. rather 
than per boundary, decreased with increasing x. 
According to the dislocation theory of small-angle 
houndaries®"™), the specific interfacial energy per unit 
of disorientation would increase with increasing 7. 
If it is assumed that the variation of specific inter- 
facial free-energy changes similarly, * then the total 
free-energy of cylindrulites will not decrease with the 
formation of small-angle boundaries at large values of 
n. It will be shown later that cylindrulites probably 
are stable only when at least some of the boundaries 
separate crystals that bear a twinned orientation 
I’ lationship to each other, another means of achieving 


a low value of specific interfacial free-energy. 


( omposite surlace Ss 


Another geometrical arrangement that permits the 
elimination of high free-energy surfaces has been 
suggested by C. 8S. Smith.“*) Here the surfaces with 
high specific surface free-energy are replaced by 
surfaces with low specific surface free-energy (a,) by 
intercrystalline boundaries a few atomic 
the 


Smith?” has suggested that a procedure analogous 


placing 


distances below surface, as shown in Fig. 5. 


to the Wulff construction may be used to define the 
lowest free-energy shape of a crystal aggregate with 


effect. the combination 


geometry. In 


this ty pe « 


0; 


Fic. 5. diagram of a two-dimen 


sional crystal with composite surfaces. 


Schematic 


* The configurational entropy of mixing of dislocations in 
boundaries may lead to a substantial difference between the 
specific interfacial energy and free-energy of two-dimensional 
cry stals at moderately elevated temperatures However, the 
two-dimensional crystal isa poor analog to a three-dimensional 
crystal in this respect. The requirement that 
form continuous lines without sharp curvatures in a three- 
dimensional structure greatly reduces the magnitude of the 
configurational entropy of mixing. Hence, it does not appear 
profitable to pursue a quantitative treatment of the entropy 
contribution in two-dimensional crystals. 


dislocations 


and the area is 
My 
? sin 
Ke 
R 
“4 
S10 
yi 
{ 1/2 (14) \ 
Ay "0; A 
COs € Op On 
Ny 
ok. 
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of intercrystalline boundary and adjacent parallel 
surface is considered as a single composite surface. 
The specific surface free-energy of the composite 
surface is equal to the sum of the specific surface free- 
energy o,, the specific interfacial free-energy o, of the 
intercrystalline boundary, and a (positive) free-energy 
of interaction between the two. The existence of a 
positive free-energy of interaction between the surface 
and the intererystalline boundary is required by the 
fact that the free-energy of the cry stal would other- 
wise decrease continually with approach of the bound- 
ary to the surface, and would increase discontinuously 
as coincidence of the boundary and surface caused a 
discontinuous change in the nature of the surface. 
In order to simplify the analysis, the interaction free- 
energy will be ignored in the following. 

At least one of the faces of the aggregate, and in 


non-polar crystals at least two, may be natural (non- 


composite) surfaces with low specific surface free- 


methods of investigation an 


With 


ageregate of this type would appear to be a single 


energy. most 
crystal, but the existence of composite surfaces might 
be detected by electron diffraction or epitaxy tech- 
The possibility of forming a crystal with 
the 


niques. 
composite surfaces places an upper limit on 
anisotropy of (apparent) specific surface free-energy, 
since the composite would act aS a single surface in 
any measurement of the specific surface free-energy. 
(15) 

At first glance it might appear that the configuration 
with composite boundaries always would have smaller 
intercrystalline boundary areas, and hence lower free- 
than 


However, there may be substantially lower values for 


energy, either a solid or hollow cylindrulite. 


the specific boundary free-energies in a cylindrulite 
than in a crystal with composite surfaces. In a 
evlindrulite the boundaries may be symmetry planes 


between the orientations that they separate, and 


hence all or some of the boundaries may be twin 


boundaries, with substantially smaller specific free- 
energy than normal intercrystalline boundaries. In a 
crystal with composite surfaces, the intercrystalline 
boundaries cannot be twin boundaries, since a twin 
relationship of the orientations would leave the atomic 
configuration in a surface lying parallel to the boundary 
unchanged from that produced in the absence of the 
boundary.* Hence it is profitable to investigate the 


twinning im polal 


* This statement is valid 
crystals. The reduction in specific surface free-energy attain 


able by reversing the surface polarity probably is always small, 


exce pt Tor 


even in comparison with the specific boundary free-energy of a 


twin boundary. 
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stability of crystals with composite surfaces relative to 
that of single crystals and cylindrulites 

Consider a crystal with twofold symmetry of the 
surface with lowest specific surface free-energy o, and 
perpendicular twofold symmetry of cusp minima in 
specific boundary free-energy. The lowest free-energ 


form of the crystal will be similar to that shown in 
Fig. 6, and from the Wulff theorem 


The total surface and interfacial free en rgy 1 
| 


and the area 


The symmetry assumed for the su 


specific lree-energ\ cusps tol this 


twofold) will be designated lutions 


equation (19) are plotted on the hand side of 


Fig. 3 above this designation 


Two other symmetry conditions of the cusp minim 
in specific boundary free-energy will be considered 
keeping twofold symmetry of the 


First, consider 


surtace 
fourfold 


free-energy 


{ 


symmetry of the boundal 


energy cusps the CUSDS |VINg 
tion of the surfaces with sn 


The 


that shown 1 


energy minimum 


simular 


Solutions of 

designation on 
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specific boundat 


concerned in thi 
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Fig. 7. Two-dimensional composite surface crystal with 
and uniform 


symmetry of surface free-energy 
present in 


over the orientations 


twofold 
boundary free-energy 
the composite surtace. 


as shown in Fig. 7. Neglecting the interfacial free- 
energy of the short boundaries separating the surface 
crystal segments from each other, this configuration 


leads to 


(21) 


Solutions of equation (21) are plotted in Fig. 3 over 


the designation 


( ‘rystals with High r Symmetry 


Sinale crystals 


Attention has been confined thus far to crystals 


with twofold symmetry of the surface with lowest 


specific surface free-energy. This symmetry permits 
indefinitely large anisotropy of specific surface free- 
energy of single crystals. For higher orders of sym- 
metry of the surface with smallest specific surface free- 
energy, it is always possible to enclose the crystal 
completely by these surfaces. For a single crystal with 
N-fold svmmetry of surfaces with specific surface free- 
energy 6,, the largest possible value of 4/A"?a, is that 
tor a cry stal completely bounded by those .V faces with 
This maximum value is 


specific free-energy oj. 


given by 


2./N tan 


The smallest possible value of ¢/A!/?a, is attained by 
a Cry sta] with uniform specific surface free-energy O71 
for all surface orientations. The quilibrium shape for 
such an isotropic two-dimensional crystal would be a 
circle, and 


2V 7. (23) 


This value is plotted as the lower limit of the ranges of 


¢/A‘*o, for crystals with various symmetries, on the 
left side of Fig. 3. The upper limits of the various 


ranges are given by equation (22). 
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Cylindrulites 

Crystal symmetry has no influence on the calculation 
of surface and boundary free-energy for cylindrulites. 


Composite surface Ss 

A crystal with fourfold symmetry of the lowest 
specific surface free-energy and fourfold symmetry of 
boundary specific free-energy cusps displaced by 45° 
may have a minimum free-energy configuration con- 
sisting of simple and composite surfaces arranged as 


shown in Fig. 8. For this configuration, 


2 —1) (1+ y%)— (24) 

For values of 7 greater than V 2 — 1, a square single 
crystal without composite surfaces is more stable than 
the configuration of Fig.8. Values of I'g/A,"*a, calcu- 
lated from equation (24) for 7 V 2— 1 are fictitious, 
corresponding to negative lengths of composite surface. 
Solutions of equation (24) for + 0 and 0.2 are 
plotted in Fig. 3 over the designation s 4). 


Two-Dimensional Crystals—Summary 


Comparison of the various sections of Fig. 3 permits 
evaluation of the conditions under which each type of 
crystalline geometry may have lowest free-energy. 
For crystals with greater than twofold symmetry, 
cylindrulites are less stable than single crystals unless 
7 is very small, probably less than 0.1. A polycrystal- 
line aggregate with composite surfaces may be more 
stable than a single crystal for somewhat larger 
values of 7. 

Two-dimensional crystals with twofold symmetry 
may be more stable with a polycrystalline geometry if 
surface free-energy is 


the anisotropy of specific 


sufficiently large. For example, Table 1 shows the 
value of [’,/A!*a, computed for single crystals from 
equation (4), for several values of the specific surface 
free-energy anisotropy 04/0). 


When a polycrystalline geometry can permit a 


smaller value of [/A‘?o, than a single crystal, the 


0: 


Twofold composite surface crystal with four- 
free-energy 


Fic. 8. 
fold symmetries of surface and boundary 
minima. 
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TABLE |] 


A! 


geometry with composite surfaces usually has lower 
free-energy, for a given value of 7, than the cylindru- 
lite gometry. However, the differences are small, and 
frequently might be reversed by small differences in 
the specific interfacial free-energies of the boundaries 
appropriate to the two geometries. Since the cylindru- 
lite geometry may utilize twin boundaries, it might be 
expected that a cylindrulite would be more stable than 
a crystal with composite surfaces whenever suitable 


twin orientation relationships are available. 
PART II. 
The 


geometries will be [ 


THREE DIMENSIONAL CRYSTALS 


measure of relative stabilities of various 


V*'5q,, where V is the crystal 
volume. The smaller the value of ['/V*'%o,, the smaller 
is the total surface and boundary free-energy for a 
given volume of crystalline material. The smallest 
value of this quantity applies when the specific surface 
free-energy o, is completely isotropic, and the equili- 
brium shape is a sphere. Then 47 R?o,, and 
~ 4.85. 


The value of [/V*'3a, has an upper limit for crystals 
which may be completely enclosed by equivalent faces, 
as in the cubic system. For a cubic crystal with 


distance R, from the center to any one of its six 


lowest free-energy surfaces, the total surface free- 
energy is 
(26) 


24 R.*c;, 
and its volume is 
> 3 


If no other surfaces are present than the cube faces, 
here assumed to be those of lowest free-energy, then 
the upper limit for the surface free-energy ratio for 


cubic crystals is 


The ratio will be smaller for crystals in which other 
than cube planes are the lowest free-energy surfaces, 
as well as for crystals having insufficient anisotropy of 


specific surface free-energy to cause the entire equili- 
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Fic. 9 
with 


ortnorho! 


Equilibrium shape fot 


minimum number CI ystallographic all 


faces. 


brium shape to be constituted from one type of 
crystal planes. 

Equations will be developed for a few important non 
cubic crystal systems, in order to show the upper limit 
V?3q, as a function of 


of the surface energy ratio [" 1 


the surface free-energy anisotropy Equations will be 
derived for crystals in which the number of different 
suriaces appearing In the equilibrium geometry is the 
minimum possible without increase of the symmetry 


Fig. 9 shows the equilibrium form of an ortho 


rhombic crystal with minimum number of crystal 
The 

the specifi 
R,/R, 


lographically different faces 
that 


notation follows 


used previously, 01 being lowest 


surtace free-energy Let be and 


} R./R, 0/0 


Then the total surface free-energy is 


and the volume is 


The surface free-energy ratio then is 


Tetragonal crystals form two special 


orthorhombic crystal Fig. 10 shows 


crystal with the lowest specific surface 


the « 


orthorhom| 


surface perpendicular to axis 


corresponds to an 


rit crysta 


) ) 


Hence 


Fig. 


lowest spec ific surface free-ens rey 


11 shows a tetragonal crystal with the 


parallel 


Fic. 10. Minimum-face 
gonal 


pendicular to ¢ axis 


crystal with lowest free-ene 
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> 
2 1 
2 5-66 2 
4 8-00 
6 9-80 | } 
8 11-31 | 
» » 2 » 
3] 
(27 — 
10 l 
6. (28 
V 20, > 
Oz = 


a tetra- 


parallel 


equilibriun 


shape Io! 


energy surtace 


axis, so that there are four lowest free-energy faces in 
the equilibrium shape rather than two. This crystal 
corresponds to an orthorhombic crystal in which 


a Hence 


6 3 


As in the tetragonal system, two configurations are 


possible for hexagonal cry stals. Fig. 12 illustrates an 


hexagonal crystal with the surface of lowest spec ific 


surface free-energy perpendicular to the c axis. The 


total surface free-energy is 
12 


and the volume is 


The surface free-energy ratio is 


(36) 


Fig. 13 illustrates an hexagonal crystal with the surface 
of lowest specific surface free-energy parallel to the 


axis. The total surface free-energy is 


volume is 
Vis 
For this type of crystal the dimensionless surface free- 


energy ratio is 


Solutions of equations (32), (33). (36). and (39) are 


given in Table 2 for several values of the specific sur- 


face free-energy anisotropy /5. 


02 
0> 


< 


Fic. 12. 


stal 


Minimum-face equilibrium shape for an hexa- 


gonal cry with lowest free-energy surface perpen- 


dicular to ¢ axis. 
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TABLE 2. Upper limits of I’/V?/%o, for tetragonal 
(7) and hexagonal (H) crystals with low-free-energy 
faces perpendicular (|) or parallel (|) to the c-axis 


Sphe r nlite s 


The term spherulite will be used for any poly- 
cry stalline configuration of py ramids in contact along 
their lateral faces, their bases forming the external 
surface of the body. It 


will be assumed that the 


pyramid bases coincide with the crystal face of lowest 


Fic. 13. 


crystal 


Minimum-face equilibrium shape for an hexa 
surface parallel 


gonal with lowest free 


to axis. 


energy 
specific surface free-energy. In accordance with the 
Wulff theorem, the equilibrium shape for a spherulite 
will be formed of pyramid bases at uniform distance 
the 


spherulite. Exact solutions for the surface and inter- 


from their vertices, which lie at center of the 
facial free-energy ratio will be obtained for regular 
polyhedra, and approximate solutions will be obtained 
for spherulites with a larger number of facets. 

The analysis of spherulites will be carried out in 
terms of R, the distance from the spherulite center to a 


face, and the parameters 


s/R*, y b/R?, and e 
where s is the surface area and 6 is the interfacial 
boundary area. Table 3 gives the values of «, y, and « 


for the regular polyhedra. 


TABLE 3 


Polyhedron Surface configuration 


Tetrahedron 
Cube 
Octahedron 
Dodecahedron 
Icosahedron 


4 equilateral triangles 
6 squares 

8 equilateral triangles 
12 pentagons 
20 equilateral triangles 
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l 6-0 6-0 5-7 5:7 
2 9-5 7-6 7.2 
4 15-1 9-5 14-4 
. 6 19-8 10-9 18-9 10-4 
gonal crystal with lows 
to ¢ axis 
99 
| (33) 
| 
| 
0; 0; 0; 
2P (34) | | 
p O1; ot) | 
\| — 
Vo = 4V3 (35) — 
\/3(6B.)2”. 
12? 3 (37) 
1 
V3(6)23 (39) 
| 
| 
41-6 | 25:5 | 5-77 
24-0) 17-0 1-00 
20-9 3-64 
204 
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Composite 
surfaces 


O 
+Solid Hollow 
XAs designated @ 


X reduced b 
equation 


Symmetry of low 
energy faces 


4 4 b 


Symmetry of 
boundary energy 
- cusps 


Ds by 


arious polycry stalline 


4 6 8 12 201001000 _ ‘5; 
n Dx. 

Kia. 
configurations, 
the 


stability. n 18 


14. Relative stability of \ 
for three-dimensional 
parameter 
the number of crystals comprising a 


crystals. Small 


values of correspond to high 


spherulite. 


The sum of the surface free-energy and the inter- 
facial free-energy for a spherulitic regular polyhedron 
is 


4 R*(x0, (40) 


p 


The surface free-energy ratio is 
(41) 


Solutions of equation (41) are plotted as solid circles 
on the left side of Fig. 
indicating the number of faces on the regular poly- 


14 above the designator n. 


hedron. 

If the intercrystalline boundary free-energy o, is 
sufficiently large relative to the surface energy o,. 
the total 
spherulite may be decreased by making it hollow. The 


surface and boundary free-energy of a 


central hole is bounded entirely by surfaces with 
specific surface free-energy o,, and the high density 
of intercrystalline boundary area in the center of a 
If R’ is the distance 
from the spherulite center to a face of the hole, the 


the 


solid spherulite is eliminated. 


free-energy is 


(42) 


boundary 


(R2 


sum of surface and 


[ 


and its volume is 


19 
hp R 


V ny = — (43) 


For a given crystal volume the smallest value of the 
surface and boundary free-energy is obtained if the 


size of the hole is given by 


M FORM OF CRYSTALLINE BODIES 


Hence the condition for a hollow spherulite to be more 


the olume Is 


same 


stable than a solid spherulite « 


that 


In other words, if the intercrystalline free 


energy of a solid spherulite is g surface 
free-energy, a hollow polyhedron will hay wer free- 
When this is so 


free-energy of a hollow spherulité 
1ation (44) Is 


energy. the surface and boundary 
hol ot 


containing 


the optimum size defined by eq 


and its volume i 


Combining equations (46 


energy ratio is 


Solutions of equation tS) are plotted on tn 
of Fig. 


inequality (45). 


ilues of 


l4 as open circles, for v 


In order to analyze spherulites with a 


of faces, it is necessary first to 


values for «. and e., 


decrease in inter ryst 


increasing number of fa 


number of edges per spherulit 


less than six, it will approa 


number of faces n increast 


analysis it will be 


issumea 


has 


large number of faces 
he xagonal tacets. 
pyramid of height FR \ 
The surface 
those for a 
The surface are 


areas 


center. 
to be 
(477/3)° 


the facet 


sphe 


where / is the length of a facet edg 


boundary area > is half the sum of th 


areas of the pyramids based on the hexa 


nl \ R= 


40} A 
\ | 
30) VA \ 
v4 
| 
| | 
4} 
| 
| 
¥ — 16 
R3(g2 +. By2y? 
While tl 
| 
eee 
v\ ») 
R’  yy—« 3 
(44) b 3/°/4 ~ —nlR 50 
R VX 2? 
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for large values of n. Eliminating / between equations 


(49) and (50), 


(51) 


In order to examine the probable dependence of 


interfacial free-energy o, on mn, it is necessary to 
estimate the relationship between » and the orientation 
difference 4 
spherulite. Consider each facet constituting a spheru- 


between adjacent crystallites of the 


lite surface to be roughly equivalent to a circle of 


radius r~ R6/2. Then the surface area of the spheru- 


lite may be considered either as the area of a sphere of 


radius R or as the sum of the areas of these circular 


facets. 


nal? 


Therefore the orientation difference between adjacent 
crystallites may be approximated as 
(53) 
In accordance with the Read-Shockley analysis"*~! 
of the specific interfacial free-energy of boundaries 
with small orientation difference, the ratio of boundary 
to surface free-energy 7 may be expected to depend on 
f as 
f 
Xo 0 


(54) 


where 7, is the maximum value of 7, and 4, is the 
orientation difference at which this maximum value of 
7 occurs. 

No information is available concerning actual values 
of 9 


9 for anisotropic materials, for which the analysis 
of spherulites is most pertinent. Table 4 summarizes 
the values of 4, experimentally determined in several 
investigations on metals. For the average value of iF 
observed on these metals, equation (53) indicates that 
n equals approximately 80. Hence no decrease in 
interfacial free-energy of boundaries would be expected 


until the number of crystallites in the spherulite is 
TABLE 4 


System 


0-46 radians (3, 4) 
Silicon iron 0-52 radians (4) 
Lead 0-45 radians (5) 
Tin 0-21 radians (6) 
Silver 0-64 radians (7) 


Silicon iron (110) series 


LOO) series 


Average 0-46 
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considerably greater than 80. The surface of a spheru- 
lite with 80 facets would already approximate very 
closely a sphere. Since the total interfacial free-energy 
the 
spherulites with a large number of facets will have 


increases as number of boundaries increases, 
higher free-energy than a polyhedral spherulite if the 
boundary free-energy depends on orientation differ- 
ences similarly to metals. 

It is conceivable that the orientation dependence of 
boundary free-energy in highly anisotropic crystals 
is quite different from that for metals. Hence it is 
pertinent to estimate a lower limit of the free-energy 
ratio ['/V?/%o, for spherulites with large n. The free- 
energy of these configurations will have its lowest 
value, relative to that for spherulites with a smaller 
number of faces, when the maximum value of specific 
interfacial free-energy occurs at large differences in 
orientation. It is unlikely that this maximum will be 
found to occur at greater values of # than 90°; this 
value of 4, will be used in order to estimate the lowest 
free-energy of spherulites with large n. Solutions for 
solid and hollow spherulites with 6, = 90° are plotted 
as solid and open triangles for 100 and 1000 on the 
left side of Fig. 14. 
spherical values for « and ¢€ and estimating y from 


These values were obtained using 


equation (51). Solutions were also obtained with the 
interfacial free-energy reduced in accordance with 
48-4’). 


These values are plotted on Fig. 14 as the closed and 


equation (54) for an icosahedron (# = 41 
open triangles for x 20. It may be seen that even 
with the very favorable assumptions taken here, the 
spherulite with many faces has lower free-energy than 
a spherulite based on a regular polyhedron only for 


very small values of 7. 


Composite surfaces 

For simplicity, the analysis of composite surface 
configurations will be restricted to crystals with two- 
fold symmetry of the lowest free-energy surface, and 
to polar crystals with onefold symmetry of the lowest 
free-energy surface. Again the free-energy of inter- 
action between the surface and the intercrystalline 
boundary just beneath it will be ignored. 

Consider a crystal with twofold symmetry of the 
surface with lowest specific surface free-energy o, and, 
in planes perpendicular to that surface, a threefold 
symmetry of boundary free-energy cusps. The lowest 
free-energy form of the crystal is similar to that shown 
Its surface and interfacial free-energy is 


and its volume is given by 


in Fig. 15. 


184/3 (1 + x)? R,?o,, (55) 


Vi5 = 6/3 (1 + 7)? (56) 


b 
V3 V 27 n. 
R? 
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Fie. 15. Crystal with twofold symmetry of lowest 


free-energy surfaces and three perpendicular com- 


posite surfaces. 
The dimensionless surface and boundary free-energy 

ratio is 
I 15 


2/3 
5 


(57) 
J 


Solutions of equation (57) are plotted in Fig. 14 over 


5. 97 
the designator 

If the symmetry of boundary free-energy cusp 
minima in planes perpendicular to the lowest free- 
energy surface is fourfold or sixfold, the equilibrium 
configurations are similar to those shown in Figs. 16 
and 17. For these conditions the dimensionless sur- 
face and boundary free-energy ratios are given by 


equations (58) and (59). 


6(1 (58) 


(3)1/2 (6)?3 (1 + x). (59) 


V 
Solutions of these equations are plotted in Fig. 14 
over the designators s,b, and syb¢. 
If a crystal with twofold symmetry of the lowest 
free-energy surface has a uniform value of specific 
boundary free-energy over the orientations concerned 


in the formation of a composite surface, its equilibrium 


shape is a sphere truncated by two parallel planes 
Fig. 18 


equidistant from the center. illustrates a 


crystal aggregate with this configuration. Its surface 
and boundary free-energy ratio is given by 
(187r)¥/3 (2 + 6y + (60) 
Solutions for equation (60) are plotted in Fig. 14 over 
the designator s,b, 
The 


crystals will be considered only for crystals in which 


composite surface configuration of polar 


the specific boundary free-energy is uniform over the 


Crystal with twofold symmetry of lowest free 
four perpendicular composite 


Fic. 16. 
energy surfaces 


surfaces. 


and 
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Crystal with twofold-symmetry of | 


Fig. 17. 


energy surfaces and six perpendicular composite surfaces 


Fie. 18. Crystal with twofold sym: 


energy surfaces and sphericall 


Fic. 19. Crystal with no 


surtace polar crys and spherical 


energy 


metrical composite surface 


concerned in formation of composit 


orientations 


surfaces. The equilibrium shape is then a spher 


truncated by asingle plane surface, as shown in Fig. 19 
The dimensionless surface and boundary free-energy 


ratio is given by equation (61), solutions of which ar 


plotted in Fig. 14 over the designator s,b 


DISCUSSION 


Comparison of the various sections 


permits evaluation of the conditions under whi 


type of crystalline geometry may have lowest 


energy. Reference to Table 2 permits a comp 


the polycrystalline configurations with sing] 
for various degrees of anisotropy in 


free-energy. For both two-dimensional 


dimensional crystals, composite surface co 
have in general lower free-energy than do spl 


with the same value of 7. The differences 


however, and the possibility of twin b 


constituting all or part of the interface area in 


suggests that they frequently may 


lites 
stable. 


There is almost no experimental 
specifi surtace tree- 


concerning the anisotropy of 
energy of crystals, or the ratio of boundary free-energy 


suriaces 


to the surface free-energy of particulai 
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Such information as is available for surface and bound- 


ary free-energies of crystals is confined almost entirely 


to metals, with cubic or near-cubic symmetry. For 


these the maximum boundary free-energy is about one- 
third the average surface free-energy in vacuum. In 
other media the surface free-energy is smaller, hence 


» 


the ratio 7 probably is larger than |] Spherulites 
consisting of a very large number of crystallites have 
higher free-energy than those with twenty crystallites 


or tewer. except when the 


maximum boundary free- 
energy is less than about 0-2 the minimum surface free- 
energy. 

Composite surface configurations may contribute to 
the formation of spherulites composed of a very large 
number of crystallites. Suppose that for the particular 


crystal and environment the lowest free-energy 


configuration is one with composite surfaces, and that 
boundary free-energy cusps are not important. When 
the crystal first comes into existence, by separation 
environment concerned, its nucleus 


from the very 


probably will have the equilibrium configuration. 
However, if growth occurs rapidly, the interface just 
beneath the composite surface may not advance as 


As a 


series of radial intererystalline boundaries 


rapidly as material joins the crystal surface. 
result. a 
must extend from the boundaries that initially were 
outer surface 


part of the composite surface to the 


of the body. A configuration of this sort, in which the 
interfacial ec mponent of the composite surface did not 
idvance significantly beyond its position in the original 
nucleus, would be almost indistinguishable experiment- 


uly from a true spherulite. 


SUMMARY 
The free-energy of several polycrystalline configur- 
red with that of single crystals, 


tions has 


been 
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both three-dimensional and two-dimensional. It is 


found that polycrystalline configurations may have 


lower free-energy than single crystals, for sufficiently 


large anisotropy of specific surface free-energy and 


sufficiently small specific boundary free-energy. 
Existing experimental values of surface and boundary 
free-energies are insufficient to demonstrate whether 
or not the requirements for polycrystalline equilibrium 
configurations are fulfilled in actual crystals. It is 
proposed that spherulitic crystalline configurations 
may occur as a result of their inherent stability relative 
to other configurations, or as an indirect result of the 


stability of a composite surface configuration. 
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DISLOCATION SPIRAL KINETICS OF CRYSTAL EVAPORATION* 
J. P. HIRTH+ and G. M. POUND? 


The effect of screw dislocations on the kinetics of evaporation of otherwise perfect metal crystals 


considered. A criterio: for departure from the limiting law of evaporation of perfect crystals in which th 


terms 


monatomic ledges emanate from crystal edges, i.e. evaporation coefficient «= 4 p/p,),18 given in 
of concentration of screw dislocations and temperatur« \t large undersaturations, high concentrations 
of screw dislocations and low temperatures tend to favor departure from the limiting law At smal 
undersaturations, the limiting law should apply regardless of temperature and concentration of scre\ 
dislocations. 

A criterion is given for the degree of undersaturation required to produce appreciable pittin 


dislocations. 


L°EFFET DES DISLOCATIONS EN SPIRALES SUR LA CINETIQUE DE 
L°EVAPORATION DES CRISTAUX 
Les auteurs considérent l’effet des dislocations-vis sur la cinétique d’évaporation de cristaux métalliques 
parfaits a d’autres points de vue. Ils donnent, en fonction de la concentration en dislocations-vis et 
de la température, un critére pour les écarts & la loi limitative d’évaporation des cristaux parfaits dans 
lesquels les saillies monoatomiques émanent des arétes du cristal, c’est-A-dire pour un coefficient 
d’évaporation 4 2(p/p,). Pour de trés faibles saturations, les concentrations élevées dé 
dislocations-vis et les basses températures, tendent 4 favoriser les écarts A la loi limitative Aux faibles 
sous-saturations, la loi limitative devrait étre applicable indépendamment de la températurs 


concentration en dislocations-vis. Ils donnent un critére pour le degré de sous-saturation nécessair 


pour que des piqtres appréciables dues a des dislocations-vis se produisent 


VERDAMPFUNGSKINETIK VON KRISTALLEN MIT VERSETZUNGSSPIRALEN 
Es wird der Einfluss von Versetzungsspiralen auf die Verdampfungskinetik sonst 


betrachtet. Fiir das Abweichen vom Grenzgesetz der Verdampfung 


perfekter Kristall 
fungskoeffizient « 4 3(p/p.)), bei denen die Ablésung monoatomare S« 

kanten ausgeht, wird ein Kriterium angegeben, das von der Dichte der Sx 

der Temperatur abhangt. Bei grosser Untersattigung wird dieses Abweichen \ 

hohe Konzentration der Schraubenversetzungen und tiefe Temperaturen begiinstigt 

sattigungen hingegen sollte das Grenzgesetz unabhangig von der Temperatur und dé 

anwendbar sein. Weiterhin wird ein Kriterium fiir den zur Erzeugung merklicher Griibchenbildung 


den Schraubenversetzungen erforderlichen Untersattigungsgrad genannt 
INTRODUCTION the treatment of growth mentioned aboy 


The induction that screw dislocations intersecting results of this treatment for the case in whi 


lected indicat 


from the vapor at very low supersaturations was rate ot evaporatio can be civen by 


a surface are responsible for the growth of crystals energy at the dislocation is ni 


made by Frank” and Burton and Cabrera"? in 1949. 
Since that time numerous experimental confirmations, 
in the form of observations of growth spirals emanating 


from screw dislocation intersections, have been found, : 

where J is the gross flux of evaporation, d ist 

as reviewed by Verma. The kinetics of spiral growth, 
: of the surface in atoms per cm*, 7 

and of other growth forms based on the motion of 

! advance of ledges far from the origin 

assumed monatomic ledges, was developed by Burton, led 

etween ledges 1s 

Cabrera and Frank, and Frank.) Later the presence 

19p 

of monatomic ledges on _ surfaces subjected to 


evaporation or growth was confirmed.‘®:*; p, being the critical radius « 
Cabrera and Levine) pointed out that the kinetics atomic disc-shaped nucleus 
of evaporation of spirals emanating from a surface- 2 will decrease with increasing 


screw dislocation intersection would be analogous to Hirth and Pound”® showed that evaporation could 


also take place by the adv: ; ol monatomi le dges 


* Received January 10, 1957. emanating from ervstal edges is treatment 
+ Metals Research Laboratory, Carnegie Institute ; 
Technology, Pittsburgh, Pennsylvania. 
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although the evaporation rate follows equation | 


4 


= ristalt 
Ty 17 
t 
re 
) 
i curvature of a mol 
nus it 1s indicated that 
undersaturatl 


ACTA 


4 approaches a value /, given by 


[D, exp (AF,JkT) 


y 


j 


where D. is the surface diffusion coefficient, AF’, the 
free energy of adsorption of an atom onto a surface, 
and v the lattice vibrational frequency of the crystal. 
It is apparent that A, is independent of undersaturation 
in this treatment. 


2) and (3), (11) 


Considering equations (1), (2 
that 


Frank 


pointed out evaporation kinetics should be 


controlled by the dynamics of screw dislocation spirals 


at large undersaturations and by the dynamics of 


edge-nucleated ledges at small undersaturations. It is 
the purpose of the following development to show that, 
except for a perturbed region near the origin, the 
terminal spacing of ledges emanating from a dis- 
location spiral at large undersaturations should 
approach the value A, for the terminal spacing of 
straight ledges emanating from edges as given by 


equation (3). Accordingly, for the case of reasonably 


low concentration of screw dislocations and high 
temperature (which produces a small /,), the limiting 
(10) should be 


case kinetic treatment of straight ledges 
applicable at all degrees of undersaturation. Further, 
a general criterion is presented for the applicability of 
(10) 


the limiting law of crystal evaporation which states 


that for perfect cry stals the evaporation coefticient 


IDEAL KINETICS, CASE OF UNBOUNDED 
CRYSTAL CONTAINING ONE SCREW 
DISLOCATION 
In the general treatment of spiral evaporation 


kinetics, the strain energy at a dislocation-surface 


intersection should be considered.‘?’ However, in the 
case of interest here, i.e. the evaporation of metals by 
the recession of steps with a height equal to a Burger’s 
vector of one or two angstr6ém units, this contribution 
to the evaporation rate can be neglected. As has been 


» the rate controlling mechanism of 


demonstrated,“ 
evaporation of metals with monatomic vapors is one 
of diffusion of atoms away from monatomic ledges and 
deadsorption into the vapor phase, 

The net evaporation rate from a crystal surface 


can be given as 


J n(s) vy exp AF./kT) pl 4) 


where n(s) is the concentration of homogeneously 


adsorbed atoms, p the vapor pressure over the surface, 


and m the atomic mass. By a material balance the 
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evaporation rate must also equal the divergence of the 
diffusion flux away from the advancing ledges: 
J. : D.“72n(s). (5) 
Equating (4) and (5) one obtains 
Q-n(s) (6) 
0p” p 0p 
AF,/kT) p 


y exp | 


where @Q? V 2amkT,, 


the radius of curvature of 


The solution to equation (6) is a Bessel function of 


imaginary argument of zero order:"?? 


and p is the spiral. 


n(s) C.K ,(z) C4; (7) 


where J, and K, are the Bessel functions of zero order 
of the first and second kind, z = Qp, C, and Cy are 

(AF,/kT) 
equilibrium 
the 


arbitrary constants, 
VV 2amkT n(S),(P/p,) 


concentration of 


and C,=p exp 


n(s), is the 


adsorbed atoms, and p, is 
equilibrium vapor pressure. 

In determining the boundary conditions for this 
case, the Gibbs-Thomson equation for undirectional 


curvature Is applicable: 


AF. —, (8) 


where y is the specific interfacial free energy, and 


AF, is the change in free energy of a ledge due to p, the 
curvature. Noting that 


negative of the radius of 


AF. 
where V is the atomic volume, and equating (8) and 


(9). one obtains 
ap V 


10) 
pkT 


n(s), exp | 


Since the ledge spacing of interest here is the spacing 


at large r, the approximation p =r can be inserted 


into equations (7) and (10). (10) becomes 


ns) exp | 


rkT 


Thus the boundary conditions on (7) are 


at z 


us), ex ~ 


n(S), exp | 


650 
(3) 
1 
i 
9 
» 


J. P. HIRTH anv G. M. POUND CRYSTAL EVAPORATION 


Inserting (12) and (13) in (7) one obtains (18) reduces to 


r , 

{| p \ | K 2D aQ 
n(S), Exp n(S), | K, (Qr,) 

| ryokT P, | ait n y) 

K 


K — 


yV p 
Cs || exp mS), Ty (Gre) Using the asymptotic expansions 


functions in (20) one obtains 


| 
| M8), exp | ns) ) | (Qr,)' 2D aQ 
p,/ J (15) n(s) | 


coth Fo 
nly) 


However, the contribution to the ledge free energy due 


to the curvature can be neglected when 


yvV As the argument of the hyperbolic functions 
OOLET proaches 3 the vel city approache S its terminal 
Employing this condition, (7) becomes 
2D aQ 
At this condition r, A, (c.f£.%) indepen 


K (2)\| dent of undersaturation as was noted above 
| K K Actually, that A) 2 approached /, at large 


could have been predicted by the similarity between 


n(s), 2 (17) two adjacent spiral ledges at large r and two parallel 
P, 


straight ledges at large distance from the origin of 


ledges. ' However. it is thought that inclusion of the 


As noted in equation (1) the relation between n(s) and above treatment for circular geometry is 
v is of interest: because, in conjunction with the relations| 
2Da dn(s) ] 

as 
niy) L dr 


where a is the ledge height and n(y) is the number of iad 
equatio 

atoms per unit length of ledge ee 
a function ot ? This more c 
From (17) problem ol spiral evaporation 


present papel because of the difficr 


Qn(s),( 1 a computation leading to numeri 
dr P, 


dn(s) 


be pointed out that it is possibl 


to fi er refine the derivation 
o(2z) further 1e 


( 

[A (Qr,) — Ko(@rs)| that it would be applicable at ver 
ee dK (2) by including the correction for « 


dz expressing p o(r.9), where @ is th 


K K -o-ordinate 


REAL KINETICS, CASE OF MANY SCREW 

DISLOCATIONS 

Invoking the formulae””? 
It is now appare nt that ev pol ition areas sulh 


ciently removed from screw dislocation sites is 


described by equations | ind (3) which indicate that 
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the gross evaporation rate varies linearly from the 


value J, 


at equilibrium pressure to }J, at zero 
pressure. That is, the vaporization coefficient « varies 
from 1 to 4 as the pressure over the surface varies 
from the equilibrium value to zero. However, 
perturbations arise near the centers of evaporation 
spirals which tend to decrease the ledge spacing and 
increase the evaporation rate. It is of interest to 
estimate the magnitude of these perturbations. 

When the spacing of ledges varies from some value, 
Z, near the center of the spiral to a greater value A, 
away from the spiral, as it does in cases where A, 
19p,, 


evaporation does not obtain over the entire surface. 


it follows from the above that steady state 


Rather, the evaporation rate is higher in the region of 


the spiral center, giving rise to cavities near these 
centers. In actuality, surface forces or strains arising 
from the presence of the dislocation may control the 
Although no 
steady state solution may be obtained, one can estimate 


the the 


limiting acuteness of such cavities. 


perturbed area around a dislocation in 
following way. 

First it is of interest to compute the radius of the 
area affected by capillarity around a dislocation from 
equation (16). Values of the radius r, of this area 
affected by capillarity in various metals are given in 
Table 1. 


of the order of Ap. 


These values are appreciable, being generally 
Accordingly, one would expect 
appreciable acceleration of the ledges in this region and 
accompanying increase in the ledge spacing Ar = A. 
This is particularly true in view of the fact that high 
curvature should enhance ledge acceleration due to 
both capillary and purely geometric considerations. 
As explained in the section on Ideal Kinetics, exact 
evaluation of Ar 
However, by analogy with the treat- 


2 as a function of r has not been 
accomplished. 
ment for edge nucleated ledges, it is estimated that 
/,, is of the order of 0-5A, at r,. 

The total area affected by capillarity on a given 
will be 
tration of screw dislocations intersecting the surface 
This 


depend on the prior history of the metal, and will not 


surface a function of +, and of the concen- 


in question. dislocation concentration will 
be thermodynamically stable. However, a reasonable 
this annealed 
Thus the 


fraction of the surface affected by capillarity will be 


concentration in well 
f (13,1 


estimate of 


crystals is taken as 10° per cm? (¢ 


A ur,” 10°. 


(24) 


This function is evaluated for representative metals in 
Table 1. 


The total perturbed area will include A and the 


a 


region where / increases from /, at 7, to Ag at 7p. 
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TABLE | 


1 


* 


Metal (ergs) 


em? 


250 
350 
1400 
2700 
1200 
1800 
350 
500 
800 
1300 
800 
1200 


30005, 


2530 

2040(15,16) “4! -62 
“0002 

165007) -76 | 
“0008 

113007 -96 -03 
-0003 


410 


Fraction of area affected by capillarity and total fraction 

of perturbed area, based on a screw dislocation concentration 
of 10° per em®. 
Again, the distance AR over which this takes place 
can be estimated by analogy with the treatment for 
edge nucleated ledges.“°) There the solution based on 
an expression similar to equation (23) leads to a total 
perturbed distance equal to about 10 A). Since in this 
case the spacing must vary from /, ~ /,/2 to Ag 
rather than from 0 to A), AR is estimated to be ~5/,. 
As explained above, exact evaluation of AR has not 
been accomplished. However, it is believed that the 
present approximation yields results correct to an 
order of magnitude in terms of affected area. Thus the 
total perturbed fraction will be 


A, = m(r, + 5d_)? 10°. (25) 


These values are given in Table 1 where values for 
A, are taken from Table 2, of ref. 10. 

(1 A,) now represents the fraction of the surface 
the wherein « A 


A(4) varying from } to 1, 


obeying law, and A, 


represents fraction B(p/p,), 
and A(A) varying from 
5 to zero. If the spacing near the dislocation center 
is of the order of A), evaporation from almost the 


A=}, B=}. 


This occasion arises when the spacing at small r is 


entire surface will be described by 
~ 19p, > A,.‘® Then the spacing of ledges emanating 
from dislocations will be greater than the spacing of 
ledges emanating from crystal edges, and the dynamics 


of the latter will govern the evaporation. 


CONCLUSIONS 
In evaporation of metal crystals at large under- 
saturations, the terminal spacing of monatomic ledges 
emanating from screw dislocations should equal the 
terminal spacing of ledges emanating from crystal 
edges. 
Considering the area of a perturbed region about a 


screw dislocation spiral at large undersaturations, 


10') 4, 
Na 3:44 3°46 l 
2-44 1-92 0-58 
Mo 
Fe 
Cd 
Cu 
Ag 
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such that A < A, in this region and the evaporation 
coefficient is greater than that given by the limiting 
law,?® together with the surface concentration of 
screw dislocations, a criterion is found for applicability 
of the limiting law in terms of the unperturbed fraction 
(1 —A,) of the surface. From Table | it is seen that for 
a reasonably low concentration of screw dislocations, 
10° per cm?, and higher temperatures, the fraction of 
perturbed area is sufficiently small that the limiting 
law applies. On the other hand, higher concentrations 
of screw dislocations and lower temperatures lead to 
large deviations from the limiting law. It is proposed 
that this criterion may explain why measured evapora- 
tion coefficients approach the limiting value of } at 
zero pressure in some experiments while in others the 
evaporation coefficient is found to be essentially unity. 

At small undersaturations such that 19p, > A», the 
limiting law should apply regardless of temperature 
and concentration of screw dislocations. 

The present considerations also provide a criterion 
for the degree of undersaturation which will lead to 
pitting at screw dislocations. At undersaturations 
sufficiently large that 19p, > A», and hence that steady 
state evaporation from screw dislocations cannot 
occur, the flux from the region near the screw dis- 


location will be higher than elsewhere on the surface 


and pronounced pitting will occur. 


It is emphasized that if the presence of stacking 
faults in the metal or other considerations lead to high 
values of strain energy near the dislocation-surface 


intersection, the refinements introduced by Cabrera 


POUND: 


CRYSTAL EVAPORATION 653 


and Levine” should be included in the kinetic treat 


ment. 
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VISCOUS CREEP OF ALUMINUM NEAR ITS MELTING TEMPERATURE* 


J. HARPER?t and J. E. DORN? 


The creep of pure polycrystalline aluminum was studied at low stresses, and temperatures near the 
melting point. It was found that at stresses between 3 and 13 Ib/in® the secondary creep rate varied 
linearly with the stress, whereas at slightly higher stresses, the creep rate increased with the fourth 
powel! of the stress. The activation energy for creep was determined to be about 35.500 calories per mole 
over the entire stress range. 

The low stress creep results in the range of ‘‘viscous’’ creep were analysed from the viewpoint of the 
Nabarro-Herring model for stress directed self-diffusion of vacancies, and it was found that the experi- 
mental creep rates were about one thousandfold greater than those predicted theoretically. This factor 
plus additional experimental observations on the displacements of markers at grain boundaries, and on 
creep recovery upon removal of the stress led to the conclusion that the Nabarro-Herring model does 
not apply to the case of aluminum, and that creep occurs by a dislocation climb mechanism at all 


stresses considered. 


FLUAGE VISQUEUX DE L°ALUMINIUM AU VOISINAGE DE SON POINT DE FUSION 

Les auteurs étudient le fluage sous faibles charges de l’aluminium pur polycristallin a des températures 
voisines du point de fusion. 

[ls trouvent que pour des tensions comprises entre 3 et 13 psi, la vitesse secondaire du fluage varie 
linéairement avec la tension, tandis que pour des tensions légérement supérieures la vitesse du fluage 
augmente avec la quatriéme puissance de la tension. L’énergie d’activation du fluage est égale a environ 
35.500 calories par mole pour tout le domaine des tensions. 

Les auteurs analysent les résultats obtenus sous faibles charges dans le domaine du fluage visqueux sur 
la base du modéle de Nabarro-Herring pour la diffusion propre des lacunes sous laction des tensions. Ils 
trouvent que les vitesses expérimentales du fluage sont environ mille fois supérieures a celles suggérées par 
la théorie. Ce facteur ainsi que des observations expérimentales sur les déplacements des traceurs aux 
joints des grains et sur la relaxation lors de la suppression de la charge appliquée, conduisent a la con 
clusion que le modéle de Nabarro-Herring n’est pas applicable dans le cas de l'aluminium et que le fluage 


a lieu par un mécanisme de montée des dislocations pour toutes les tensions considérées. 


VISKOSES KRIECHEN VON ALUMINIUM NAHE DER SCHMELZTEMPERATUR 

An reinem, vielkristallinem Aluminium wurde das Kriechen bei kleinen Spannungen und Tem- 
peraturen in der Nahe des Schmelzpunktes untersucht. Dabei wurde gefunden, dass die Geschwindigkeit 
des sekundaren Kriechens bei Spannungen zwischen 3 und 13 psi linear von der Spannung abhangt, 
wahrend bei etwas héheren Spannungen die Kriechgeschwindigkeit mit der vierten Potenz der Spannung 
ansteigt. Die Bestimmung der Aktivierungsenergie des Kriechens ergab fiir den gesamten Spannungs- 
bereich etwa 35.500 cal Mol. 

Die Ergebnisse iiber das viskose Kriechen bei niedrigen Spannungen wurden vom Standpunkt des 
Nabarro-Herringschen Modells der durch mechanische Spannungen ausgerichteten Selbstdiffusion von 
Leerstellen aus analysiert, wobei sich ergab, dass die experimentell ermittelten Kriechgeschwindigkeiten 
etwa tausendmal grésser sind also die theoretisch vorhergesagten. Diese Unstimmigkeit sowie zusatz- 
liche experimentelle Beobachtungen iiber die Verschiebung von Markierungen an den Korngrenzen und 
iber Riickkriechen nach Entlastung fiihrten zu dem Schluss, dass fiir den Fall des Aluminiums das 
Nabarro-Herringsche Modell nicht gilt und das Kriechen bei allen betrachteten Spannungen durch 
Klettern von Versetzungen erfolgt 


INTRODUCTION been proposed: The first, originally suggested 
‘he problem concerning the mechanism of creep by Nabarro” and subsequently elaborated upon 
at extremely high temperatures and at very low by Herring.“ is based on the concept of stress- 
stresses is interesting not only for its theoretical directed diffusional migration of vacancies. The 
significance but also because of its importance in _ second, originally suggested by Mott,“ subsequently 
the processes involved in sintering of powders."~!® strengthened by extensive experimental evidence'!4— 
Two distinctly different mechanisms for high- and more recently defined in greater detail by 
temperature creep of polycrystalline metals have Weertman,7) is based on a dislocation-climb model. 


Whereas the theoretical analysis for the Nabarro- 
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Research Engineer, Institute of Engineering Research, Herring mechanisms of creep 1s excellent, the dislo- 
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cation-climb theory for creep has not yet been fully 
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however, in support of the qualitative validity of 


the dislocation-climb model for creep over appropriate 
ranges of stress and temperature. As suggested by 
the dislocation-climb model, the activation energy 
for creep of many metals at high temperatures 
self- 


polygonization 


is equal to their activation energy for 


diffusion.46—18) the 


attending creep at moderate and high stresses‘ 


Furthermore, 


clearly reveals that dislocation-climb processes do 
occur during high-temperature creep. 


Weertman’s theoretical analysis“? of a  dislo- 


cation-climb model for creep is predicated exclusively 
on the climb of edge dislocations about sessile 
duplex slip 
of this 


the 


produced during 
The 


conforms to 


Lomer dislocations 


in face-centered cubic metals. virtue 
model resides in the fact that it 
experimental observations that the activation energy 
self- 
moderate 


the fourth 


for high-temperature creep equals that for 
that the 
stresses increases with approximately 
of the 


( verk ks 


diffusion, and creep rate at 
stress. The theory, however, com- 
the fact that 


body-centered as 


pow er 


pletely some hexagonal 


close-packed and well as face- 
centered cubic metals exhibit an activation energy 
for creep equal to that for self-diffusion, even though 
the contain sessile Lomer-type 
detailed 


for these metals. 


former not 
Undoubtedly 


invoked 


models 
Very 


valid for 


dislocations. other 
for climb must be 
also be 


models might 


Furthermore, Weert- 


likely such new 
face-centered cubic structures. 
man’s analysis was assumed to apply only to the 
secondary creep rate, since the change in subgrain 
structure during the progress of the primary stage 
of creep was not incorporated into the theoretical 
These uncertainties do not, 


model. quantitative 


however, disqualify the substantial experimental 
evidence in support of some dislocation-climb model 
for high-temperature creep. 

Whereas the 


temperature creep is supported by 


high- 


strong experi- 


dislocation-climb model for 
mental evidence and an incomplete and weak theory, 
the stress-directed diffusional migration of vacancies 
model for high-temperature creep has weak experi- 
strong sound 


and a 


confirmation theory. 


mental 
The activation energy for creep by the stress-directed 
migration of vacanices model is also equal to that 
the 


identical for 


for self-diffusion. 
of the 
therefore, it 


Consequently, temperature 


coefticient creep rate is both 


models: and, does not constitute a 


distinguishing characteristic for either model. 


A casual inspection of the problem suggests that 


the effect of stress on the creep rate might provide 


definitive identification of the operative _high- 
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MINUM 
temperature creep process According to the precepts 
of dislocation theory, slip will occur if a sufficiently 
high stress is applied to nucleate Frank-Read sources 
Dislocations released from the sources might then 
pile up against various types of barriers, among which 
Lomer dislocations are representative examples 
Consequently, for creep to continue at high tempera- 
tures, the piled-up dislocations at the barriers might 
escape by a dislocation-climb process, thereby lower- 
back the 
the generation of additional dislocations, and account- 


If the 
the longest 


ing the local stress at source, permitting 


than 
Frank-Read 


Since the 


ing for continued creep. stress is lowe1 
that 


source, however. slip would not occu 


necessary to nucleate 


activation energy to nucleate such understressed 


Frank-Read sources is extremely high, the proba 


Her omes 


bility of creep by migration of dislocations 


negligibly small. In such low-stress ranges, therefore 


creep could only take place D\ the non-crystallo 


graphic process of stress-directed diffusion of vacancies 


If the above analysis could be accepted without 


qualificat ion, the dislocation-climb might 


pre cess 


predominate at stresses sufficiently high to cause 


] 


vielding, whereas at ‘sses below the yield strength 


creep should occur exclusively by the stress-directed 


diffusion of vacancies process. But current knowledge 


concerning the initiation of slip is yet too obscure 


to accept the above analysis without qualifications 
Fo example, it is known that creep occurs 


stresses tha 


dislocation-climb process ut 


19 


sufficiently high to cause initial yielding 


more, Gilman'®.?2) has recently demonstrat 


dislocations can be generated in the 
Frank-Read 


unaly SIS 


sources Consequent 


based on the nucleatioi 


sources ve reliable 


Nabarro Herring hay 


rate obtained tol 


and 
creep stress-qcurect 
increases linearly wit! 


Weertman's 


with 


the 


vacancles 
In contrast 


creep rate increases 


powel ol the STTess fol hi 


But differentiation betwee 


basis 1S heclouded with 


cerning the validity of thi 
man’s model For these 

identity of the appropriat« 

cannot be based o1 POSSIDI 


of the effect of stress on the 


ture creep 


cre rate 


two possible models 


An attempt will be made in the followimg report 


which of 


for high-temperature 


the two proposed mechanisms 


to identify 


cree} etuall predominates 


= 

Furth 

that the 

tempel 
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during creep of Al in the low-stress range. It will be 
shown that the observed creep rate is more than one 
thousand times greater than that predicted on the 
the Nabarro-Herring 
data 
disqualifies the stress-directed diffusion of vacancies 


basis of theory. Auxiliary 


definitive will be presented which equally 


model for creep. By inference, therefore, high- 


temperature creep of high-purity aluminum will 


be ascribed to a dislocation-climb process. At low 
stresses, however, the operative dislocation-climb 
process will be shown to differ from the deductions 


based on Weertman’s model. 


EXPERIMENTAL TECHNIQUES 
High-purity Al (99-99 per cent) was selected for 
this investigation for the following reasons: Exten- 
(14,1618) has shown that the activation 
the 


climb mechanism is known to predominate is about 


sive research 


energy creep in the range where dislocation- 


35,900 cal/mole; the effect of stress on the creep 


rate for intermediate stresses and high stresses is 


firmly established; high-purity aluminum does 
not exhibit integranular fracturing during creep at 
high temperatures and low stresses. 
Tensile-creep specimens shown in Fig. 1 were 
0.100 in. thick cold-rolled 


annealed for 


machined from sheet. 
Before 
| hr at 923°K in order to produce a fairly stable 


The 


iverage grain diameter in the plane of the sheet 


testing, all specimens were 


uniform equiaxed recrystallized grain size. 


was 3.3 mm, which is slightly greater than the sheet 
thickness; most of the grains extended completely 
through the thickness of the sheet. 

Since creep was to be determined for extremely 


low stresses, no extensometer could be mounted on 


Grip | 
section| O 
! 


Fie. 1. 


Design of creep specimen. 
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Fic. 2. Experimental equipment showing Andrade-type 


weights, loading mechanism, furnace, and microscope-dial 
extensometer. 

was therefore calculated 
the 


the specimen. Each grip section of the specimen was 


the specimen. The strain 


from external measurements of elongation of 
firmly secured by bolting two knurled stainless-steel 
plates, containing a central hole for pin-mounting, 
into position. Differential thermal expansion between 
the aluminum and the stainless steel further tightened 
the grip plates into position upon heating to tempera- 
ture. Careful gaging following a number of the creep 
tests revealed that no detectable straining had occur- 
red in the grip sections of the specimen. 

As shown in Fig. 2, the total elongation of the 
specimen under tensile creep was obtained by the 
simple expedient of following, with a microscope 
having a cross-hair eyepiece, a fiduciary mark placed 
on the lower pulling tab just outside the furnace zone. 
The 


parallel to the axis of the specimen and its displace- 


microscope was carefully aligned to travel 
ment was measured by means of a dial-gage having 
a least-count of 0.0001 in. 
of preliminary tests it was shown that the effective 


0.035 in. 


By means of a series 


gage length of the specimen was 3.978 
The equipment was believed to be sensitive to strains 
of less than 0.00001. 

The load was applied to the specimen by a screw- 
operated device that avoided impact loading. A 
series of specially contoured Andrade?! type of 
weights were used for most loads in order to maintain 


> 
j 
— 
te 
- 
~<—] 
a 
Grip 
section 
Y 
/ 
i 
4% 
3% a 
74 
| Y 
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constant stress throughout the test. 
the 


reduction in cross-section area during creep by the 


stress was preserved by compensating for 
buoyancy of the displaced water into which the 
weights submerged. In order to avoid the difficulties 
arising from surface-tension effect, a small amount 
of Aresol B, a wetting agent, was added to the water. 
Stresses calculated for the midsection of the specimen 
are known to be correct to better than 2 per cent. 
The tests at 2.80, 3.75, 4.00, 13.00, and 22.00 Ib/in.2 
at 
contoured weights could not be used for the lower 


were conducted constant load, since special 


stresses and were unavailable for these two higher 
the 
the data obtained by these tests are deemed to be 


stresses. Since strains small, however, 


were 
very close to constant-stress data. 
All specimens were tested in air in a furnace having 
three independently controlled resistance heating 
Three 


attached to each specimen, one to each grip section, 


elements. recording thermocouples were 


and one touching the center of the gage section. 
The temperature was maintained within +1°K 
the mean reported value over the gage length in all 
tests. 

Each specimen was carefully gaged, mounted in 
the furnace, and held at the test temperature for 
20 hr before the test was started. A number of the 


etched. No 


changes in grain size were detected as a result of the 


specimens were electropolished and 
preliminary soaking period or as a result of creep. 
A few electropolished and etched specimens were 


gridded by means of a diffraction-grating ruling 


True creep strain 


0-004} 


£22.00 


€ 


0-002 


0-001 


Constancy of 


of 


Vv 
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machine in order to study localized deformations. 


Such gridding did not affect the creep behavior 
EXPERIMENTAL RESULTS 

Typical examples of the creep curves obtained in 
high-purity Al for low stresses at 920°K are shown 
in Fig. a Even at stresses as low as 6.55 lb in.” 
a typical creep curve was obtained in which there is 
evidence of initial creep straining, a short period of 
transient creep followed by the conventional secondary 
tested at 

had to 


The 


tempera 


steady-state creep rate. 
of 4 


to temperature 


or Specimens 


stresses Ib/in.2 and less 


applied 


heated first 


stress, 


2 hr at 


be under 


readings were taken after about 
ture. Consequently, the primary rate of creep was 


Although 


some experimental scatter was observed in the values 


not measured for these low stresses 


of the initial creep strain and for the primary portion 
vide the 10.65 


that 


of some of the creepe urves lb/in.* 
be little 


correct Since a 


curve), there can doubt the 


general trends are stress-directed 
diffusion of vacancies model for creep would exhibit 
a constant or possibly an increasing creep rate over 
the initial portion of the test, it must be presumed 
that sufficient to 


nucleate slip by some mechanism 


are 
And, 


as the stresses necessarv to cause initial straining are 


low applied stresses 


these 
inasmuch 


much lower than those deemed necessary to nucleate 

a Frank-Read source, some alternate mechanism fol 

initiating slip appears to be involved 

The 
applied 


negative secondary rate obtained at 


of 


cre¢ p 


an stress 2-80 Ib/in.® is typical for 


— 


Of 
- 0-001 
SOO 


1000 


Fic. 3. 


Creep curves 


for high-purity aluminum 


(min) 


at low stresses and at 920°K. 


0-013} 
0-012} 36-55 ps. t 
0-011} 
0-010 
0-009 | 
ac 
Time 


ACT ST: sURGICA, 


TABLE 1. Effect 


Net stress 


rest no. (Ib per sq. in. 


low-stress tests because of surface-tension effects. In 


these however, the surface tension 
that is involved 


the Al-Al,O. and 


actual effective stress, o, 


experiments, 
concerns grain-boundary effects 
Al,O,-air interfaces. The 


acting on the specimen is 


and 
equal to the applied stress, o,, minus the stress 
required to balance the effect of surface tension Og: 
In order to estimate the stress due to surface tension, 
the secondary creep rate was plotted as a function 
Fig. 4. These 


at very low stresses the secondary 


of the applied stress, as shown in 


data reveal that 


creep rate increases linearly with the applied stress, 


the surface-tension effect being balanced by an 


applied stress of about 3 |b/in.* 

The observed linear dependence of the creep rate 
at high temperatures and low stresses is in harmony 
with the requirements of the stress-directed diffusion 
of vacancies model for creep as was described in the 


introduction to this report. Furthermore, these 


data deny the validity of Weertman’s dislocation 


climb model for stresses below about 16 Ib/in.*. 


since his model demands that the creep rate increase 
If, there- 


subsequently be 


with about the fourth power of the stress. 


fore, such low-stress creep can 


ascribed to a dislocation-climb process, new models 


for dislocation-climb processes will have to be deve- 
loped to supplement Weertman’s specialized example. 

As shown in Fig. 4, when the applied stress exceeds 
Ib/in.? the rate increases much 


about 16 creep 


more rapidly than linearly with the stress. Con- 
sequently, the possibility of a transition at about 
13 lb/in.* applied stress from a low-stress Nabarro- 


Herring model to a slightly higher-stress Weertman 


type of dislocation-climb model] for creep should 


be considered. This possibility, however, will be 


effectively disqualified in the following sections of 


this report. 
According to both types of models for high-tempera- 


ture and low-stress creep being considered here, 


the activation energy for creep should equal that 
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of a change in temperature on the secondary creep rate 


AH (cal/mole) 


€, (hr)-?} (hr) 


9-9?(10 33.300 


2-33(10-5) 36,600 


3-48(10-°) 36.400 


3:°5(10-* 33.900 


6-3(10-4) 36.600 


34,300 


2-85(10-3) 


for self-diffusion. 18) have 
shown that in the realm of stresses and tempera- 
the 


dominates, this activation energy for Al is equal to 


Previous investigations 


tures where dislocation-climb mechanism pre- 


35,500 cal/mole. Since the experiments from which 
this value of the activation energy for self-diffusion 
was obtained were performed at higher stresses and 
lower temperatures than those under consideration 
here, it was considered advisable to ascertain 
whether the same value is applicable to the present 
experiments. Furthermore, in view of the transition 
from the linear dependence of the secondary creep 
rate on the stress below about 16 Ib/in.2 to a 
more rapidly increasing effect of stress on the creep 
the 


the low 


rate above |b/in.?, activation energy 


was determined in both and intermediate- 
stress ranges. The technique that was used paralleled 
that developed by Tietz and Dorn,'?*) which depends 
on the effect of a small change in temperature on the 
secondary creep rate. The essential, experimentally 
obtained data for calculating the activation energies 
are given in Table 1. 

Since the stress was held constant and the structure 


Secondary creep rate,¢ 


j 


12 16 20 24 28 32 36 
Ib/in? 


> 
Applied stress, g, 


Effect of low stresses on the secondary creep rate 
of high-purity aluminum at 920°K. 


658 
\ 799 920 850 
B 7-55 $50 885 
C 7:99 885 920 
D 33-55 920 850 
F 33-55 920 850 | 6-2(10-4) 
0:00 25) | 
0-003C 
0-0025} 
00-0020) + 
0-0015 
0-0010 
o} 
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was also the same just before and immediately 


following the rapid change in temperature from 7’ 


1 
to 7',, the change in the creep rate from é, to é, 
must be ascribed to the change in temperature alone 
And inasmuch as creep must be due to a thermally 


activated process, it follows that 


AH/RT,) 
AH|RT,) 


exp | 1) 


& exp | 


where AH is the activation energy for creep and R 
is the gas constant. The values of AH, obtained by 
applying equation (1) to the data for the effect of 
rapid changes in temperature on the creep rate, are 
the of Table 1. 
the same activation energy is applicable to the low- 


given in final column Evidently 
and intermediate-stress regions, indicating that the 
same controlling mechanism is operative over both 
ranges of stress in spite of differences in the depen- 
dence of the creep rate on stress in the two regions 
the 


reported in Table 1 agreed well with those previously 


Inasmuch as activation energies for 


creep 


announced for creep at lower temperatures and higher 


strains, no additional tests were deemed necessary 
[t is interesting, however, to compare the present 
data, shown by open circles in Fig. 5, with previously 
reported activation energies, shown by solid circles 
There can be no doubt concerning the validity of 


that 


(18) 


previously announced deductions the acti- 
vation energy for high-temperature creep is indepen- 
dent of the The best for the 


activation energy for high-temperature creep of Al 


stress. value 


mean 
is about 35,500 cal/mole. In view of the preceding 


arguments it will be assumed that this is the acti- 
vation energy for self-diffusion in Al. 

As will be demonstrated later, the Nabarro- Herring 
model of creep due to stress-directed diffusion of 


vacancies can be formalized by the equation: 


Z = é exp (AH/RT) = Ao 


where Z is the Zener-Holloman parameter and A is a 
constant. 
the 


cess(14,15,16) have been shown to be 


The empirically established formulation 


for creep laws for a dislocation-climb pro- 


Z = exp (AH/RT) = F(o) 


where es is the secondary creep rate and F(a) is 


some function of the stress which not only incor- 
porates the effect of stress on the creep rate but also 
the effect of the structural changes that attend creep. 
Consequently, the present data can be studied from 
the viewpoint of either mechanism simply by plotting 
Z as a function of the net stress o, as shown in Fig 
6. These data reveal that Z increases linearly with 
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Fic. 5. Effect 


OI Stress ¢ 


high-temperature 


13 

the of Nabarro 
Above L3 lb/in.*, Z 
increases almost linearly with the fourth power of the 
Weertman’s 
ol 


stress to a net stress of about 


up 


in conformity with dictates the 


Herring theory ibout 


stress, in nominal with 


agreement 
The 
he 


dislocation-climb model separation these 


two regions, however, may more apparent than 


real. For example, the single relationship 


B sinh fo 


Z 
B 3°29 
the data 
the solid 


104 hero! 


the 


stress 


where and agrees 


entire 
Fic. 6 


well with over range, as 


shown by line in Therefore, it is 


not possible from this experimental evidence alone 
that Nabarro-Herring theory 
that the Weertman 


Other 


inter the 


13 


qecomes 


to upplies 


I 


helow Ib/in.= and theory 


valid above 13. I|b/in.* 


TO he presented inh this discussion h We 


favor some dislocation-climb mec 


strongly 
for 


stresses under consideration 


creep at ill 
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DISCUSSION 


Since the temperature-dependence of the creep 


rate is the same for the stress-directed diffusion of 


and the dislocation-climb model 


for high-temperature creep, and since the stress- 


vacancies model 
dependence of the creep rate for the special dislo- 
cation-climb model suggested by Weertman has not 


yet been established as the only possible relationship, 


neither the effect of temperature nor the effect of 


stress on the creep rate can be employed to dis- 


tinguish between the two possible mechanisms. 


It is feasible, however, to check the possible validity 
of the stress-directed diffusion of vacancies model 
for high-temperature creep at low stresses in view 
of the of the 


on which it is based. A brief review of the Nabarro- 


excellence theoretical considerations 


Herring theory for stress-directed self-diffusion of 


vacancies model will therefore be presented to 
facilitate comparison with the experimental facts 
observed in this investigation. 

Fig. 7 represents a single grain of a polycrystalline 
aggregate subjected to a pure shear stress 7. After 
test 


the 


steady-state conditions are established at the 


temperature, the number of vacancies along 
boundary CD will exceed the unstressed equilibrium 
number by a factor exp (7Q,/k7’) 

where + applied stress, 

(2, = volume per atom in the crystal, 
742, = work done by the applied stress to assist 
in the creation of a vacancy (free energy 
due to the stress), 

Boltzmann’s constant, 
ii absolute temperature. 
Similarly, along boundary AB the 


vacancies under steady-state conditions is less than 


T 


Grain under a pure shear stress r. 


Fic. 7. 


number of 
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the equilibrium number in the absence of a stress 
by a factor exp (—7Q,/k7') because the creation of a 
vacancy along this boundary requires that work be 
done against the applied stress. As a result of such 


concentration differences, vacancies will migrate 


along the paths shown schematically by the broken 
arrows of Fig. 7. Since the vacancies migrate by 
exchanging positions with atoms, a counter-flow 
of atoms occurs causing the grains to grow in the 
vertical direction and shrink in the horizontal 
direction. 

If the surface of the grain depicted in Fig. 7 were 
gridded with markers as shown by a, b, c... ete., 
in Fig. 7, the distances between the markers within 
a single grain should be unchanged during creep 
by the stress-directed diffusion of vacancies process, 
that straddle 


Evidence 


whereas the markers, such as } and ce, 
a grain boundary should move apart. 
of this type should therefore be definitive in identifying 
whether high-temperature creep at low stresses 
vacancies 


this 


occurs by a stress-directed diffusion of 


model or by dislocation-climb process; 
distinction is possible because the straining that results 
from a dislocation-climb process should be more or 
less uniform and isotropic over the entire grain for 
metals that exhibit many slip mechanisms. 

Another 


can be based on a comparison of the calculated creep 


distinction between the two processes 


rate for stress-directed self-diffusion of vacancies 
with the 
The latter will be reviewed first. 

Under 


relaxation, 


experimentally determined creep rate. 


conditions of grain-boundary 
that the 


stresses, should be 


complete 


Herring has shown tensile 


creep rate ¢, at low-tensile 


given by 


T 


3/\3V, RT 
where V, = the mean volume of a grain, 
D = D, exp (—AH/RT) 
D, = the diffusivity constant for self-diffusion, 
(2, = the atomic volume, 
R gas constant, 
T = the absolute temperature, 
AH : 
N = Avogadro’s number. 

Equation (5) differs from Herring’s by a factor 
of 1/3 which was introduced to convert from shear 
strains and stresses to tensile strains and stresses. 

With the exception of the self-diffusivity constant 
D,, all of the quantities in equation (5) are uni- 
versal constants or experimentally known quantities. 


activation energy for self-diffusion, 


The evidence obtained in this investigation, and 


b— D 
B) e— 
| 
JA he, 
| / 
/ | 
. | 
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from other creep investigations where dislocation- 
climb processes are known to occur, clearly demands 
that the for self-diffusion of Al 
be taken to be about 35,500 cal/mole. Therefore it is 


activation energy 
only necessary to find D, of equation (6) in order to 
estimate the predicted theoretical value of the creep 
rate as calculated from the stress-directed diffusion 
of vacancies mechanism. 
analysis®® of Dy will be adopted. 
Zener,"**) the entropy of activation AS can be given 


For this purpose, Zener’s 
According to 


by 
AH 
3 


(7) 


AS = Af 


where / 0-55 for face-centered cubic metals, and 


d(G Go) 


0°35 (3) 


the shear 


modulus at 


where G is modulus at temperature 7’, 
G, the the I'v 
is the melting temperature, 933°K, and AH is 35,500 
for self-diffusion. 


Introducing these values into equation (7) 


shear absolute zero. 
cal/mole, the activation energy 
gives 
a value of AS of 7-3 cal/mole per degree centigrade. 


Furthermore 


Dy = a*yv exp (AS/R) (9) 

y 1 for Al, 

a 4-109 10-8 
of aluminum estimated at 920°C, 
6°42 
frequency of 


em, the lattice parameter 
1012 vib/sec, taken from the natural 
vibration of an atom on 
Kinstein’s model for specific heats when 


applied to high temperatures. 
Using these values, D, = 0-402 em?/sec. 
The volume of a grain can be estimated by con- 


sidering each grain to be a right-circular cylinder of 


radius R and length ¢, the thickness of the sheet. 
Thus the mean grain diameter, d, on the face of the 
4R 


sheet can be shown to bed and consequently 


(72/4) — 0-0682 em? 


Therefore the creep rate given by equation (5) at 
920°K = 154 X 10-*% 
whereas the experimentally determined secondary 


becomes per hr, 


creep rate in the linear low-stress range was observed 


to be = 2:2 x per hr, where o is now 


expressed in dyn/cm?. 

Consequently the observed secondary creep rate 
in aluminum at low stresses and high temperatures is 
about 1425 times as fast as that estimated for the 


stress-directed diffusion of vacancies process in a 


specimen where the grain boundaries are completely 
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relaxed. As shown by Herring, if the grain boun- 
daries were not completely relaxed, this difference 
would be yet greater. Furthermore, if the comparison 
could have been made in terms of the initial primary 
creep rates, the discrepancy between theory and fact 


would also have been greater. It is indeed unlikely 


that the large differences between theory and fact 


could be attributed to the approximations employed 


in adopting Zener’s method for calculating D, and 
the assumptions made in estimating the grain size. 
The that 


high-purity Al at low stresses takes place by a 


conclusion high-temperature creep of 


more 


facile mechanism than stress-directed diffusion of 


the 
and the 
with the 


inevitable, though 


that for 


vacancies appears even 


activation energy is self-diffusion 


secondary creep rate increases linearly 


stress. 
The fact 


temperature creep is that for self-diffusion suggests 


that the activation energy for high 


that the operative mechanism of high-temperature 
Although 


the observed creep rate depends on the fourth power 


creep might be a dislocation-climb process, 
of the stresses at intermediate stress levels in agree 
ment with Weertman’s model, the linear dependence 


ests 


of the creep rate on stress at low stresses sug; 


that some alternate dislocation-climb model 


ipplies 
in this range. 

Having thus obtained preliminary evidence con 
cerning the failure of the stress-directed diffusion 
aluminum at high 


deemed ad 


of vacancies model for creep of 
temperatures and low stresses, it was 


visable to seek additional more definitive knowledg¢ 


of this likely potentiality. Since it has been shov 
by McLean" that the 
shearing to total creep strain increases 


that the low 


ratio of grain-b 


decreases, it might be thought 


creep results might have be en due almost exclusi\ 
shearing mechanis! 


to a viscous grain-boundary 


To study this possibility, a test was rul 
920°K 


specimen 


creep 
I 


under a net stress of 10 I|b/in* 


containing transversely ruled 


Such grid lines were applied by n 


The ere 


reea vel 


on its surface 
of a 


curve obtained for the ruled specimen ag 


diffraction-grating ruling machine 


well with that for an unruled specimen tested unde 


otherwise identical conditions. After a tota cree] 


strain of 0.0170 the specimen was removed and the 
vertical components of the shear displa ements ol 
boundaries measured and averaged 


200 grain were 


By multiplying the averagt vertical ¢ ymponent ot 
the grain-boundary shear displacement by the numbet 
of grain boundaries intercepted per in. length of 


specimen, the contribution of grain-boundary shearing 


B 
cr 
— 
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to the total creep strain was determined. For the 
example selected, the ratio of the strain due to 
grain-boundary shearing to the total creep strain 
Was Eg = 0.12. 
ing accounted for only 12 per cent of the total de- 


Obviously, grain-boundary shear- 


formation. It is therefore unlikely that the total 


creep rate that was observed could be due to the sum 


of the caleulated contributions arising from stress- 
directed diffusion and the contribution arising from 
the observed grain-boundary shearing. 

Careful microscopic observations failed to reveal 
the presence of slip lines in the grains of the crept 
Such however, are not 


specimen. observations, 


deemed reliable in this case and cannot be used to 
disqualify a dislocation-climb mechanism for creep. 
The 


for high-temperature creep” of Al at low stresses 


validity of a dislocation-climb mechanism 


would indeed be strengthened by the observation of 


polygonized subgrains in specimens crept at the 


stresses. Unfortunately, Debye-Scherrer and 
failed to 
reveal the usual subgrain formation known to attend 
(15) 


lower 


Laue back-reflection diffraction studies 
creep at higher stresses and lower temperature. 
Since the polygonized subgrain size is known to 
increase with decreasing stress, it was possible that it 
the the 


employed in 


grain size for 
this 


It is also possible that the boundaries of the subgrains 


might coincide with actual 


low-stress tests investigation. 
might be unstable at the high-test temperatures that 
were employed and would therefore migrate rapidly 
to the actual grain boundaries. 

The Laue back-reflection radiogram of a specimen 
tested at 920°K in the low-stress range is shown in 
Fig. SA. 


In order to test the concept that the subgrains anneal 


The absence of asterism should be noted. 
out at 920°K, a specimen was crept at 530°K and 


a stress of 1000 Ib/in to a strain of 0-050. 
The extensive asterism obtained following creep at 
Fig. 8B, illustrates extensive sub- 
920° K 


for 4 hr, however, the Laue diagram shown in Fig. 


530°K, shown in 


orain formation. Following an anneal at 
SC was obtained. Obviously, the freedom from aster- 
that 


produced under the previous conditions of creep are 


ism so obtained illustrates those subgrains 


rapidly annealed out of the specimen at 920°K. 
It is that 
sufficiently facile at 920°K to preclude the possibilities 


therefore judged dislocation climb is 
of retaining subgrains. 

The observations recorded in Fig. 3 clearly illustrate 
that steady-state creep is preceded by the usual 
primary stage over which the creep rate decreases. 
These observations apply not only to the intermediate 


range of stresses but also to the low-stress range over 
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which the secondary creep rate increases linearly 


with the applied stress. According to the stress- 


directed diffusion of vacancy model for creep, the 
opposite trend would have been expected, because 
the concentration gradient of vacancies immediately 
upon stressing could not have exceeded the steady- 


state value. Therefore the observation of the usual 


primary stage of creep contraindicates the stress- 


directed diffusion of vacancies model for  high- 


temperature creep of aluminum at low stresses. 


Following creep occurring exclusively by a diffusion 
process, no evidence of crystal recovery should be 


obtained because of the absence of dislocation 


mechanisms of deformation. As shown by the data 


given in Fig. 9 however, an Al specimen crept at 


a stress of 7 Ib/in.2 at 920°K up to a strain of 


0-00096 and then held at temperature under zero 
stress for 23-5 hr again exhibits the usual primary 


stage of creep upon restressing to 7 Ib/in.? 


Obviously, some recoverable change in structure 
attends annealing, following primary creep which is 
extraneous to the problem of stress-directed diffusion. 

As also shown in Fig. 9, the removal of the stress 
results in an appreciable amount of creep recovery. 
If creep exclusively due to stress-directed 


were 


diffusion of vacancies, no creep recovery should 


Fic. 8A. Crept at 920°K and 10 Ib/in*. 


; 
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Fic. 8B. Crept at 530°K and 1000 Ib/in.? “te. 8C. Crept at 530°K and 1000 Ib/in.* and 
annealed for 4 hr at 920°K. 
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occur. In fact, a small amount of positive creep 


should continue for a short time following removal of 


the stress until the vacancy concentration gradient 


becomes zero. Obviously, the observed creep re- 


covery is just opposite to the effects expected if 


took stress-directed 


diffusion mechanism. 


creep ylace exclusively by a 
| | 


As shown in Fig. 7, the strain between markers 


within a grain should be zero and all of the extension 
of the terms of 


should be accountable in 


the 


orains 


strains across transverse grain boundaries, if 


creep occurs exclusively by a stress-directed diffusion 
0.003937 in. 


array on a 


mechanism. <A series of grid lines 


apart were placed in a_ longitudinal 
specimen as shown in Fig. 7. 
crept at 920°K 


to a strain of 0.0170. 


The specimen was then 


under a net stress of 10 Ib/in.? 
After removal it was found that 
boundaries such as 


the 


the average strain across grain 
CD of 0.01695 


strain 


about and 


was 0.01682. 


Fig. 7 was average 


within a grain Obviously, the 


contribution of  stress-directed diffusion to the 
measured strain is negligibly small. 

In addition, the creep of a single crystal of aluminum 
920°K 


single 


was investigated at under a net stress of 


9 Ib/in?. Since a crystal exhibits no 
boundaries of discontinuity essential for the genera- 
tion and absorption of vacancies, creep could not 
occur by a stress-directed diffusion mechanism. 
The observed creep must be ascribed to some alter- 
good agreement between the single 


data 


nate process; the 


and polycrystalline creep shown in Fig. 7 
suggests that the creep in the single cry stal may have 
been controlled by a dislocation-climb process. 


The 


convincingly that high-temperature creep of Al at 


evidence reviewed thus far proves rather 


low stresses does not take place by a stress-directed 


diffusion mechanism. This evidence, however, does 


not disqualify the stress-directed diffusion mechanism 


of creep for other metals. It is quite possible that 


metals which have wide stacking-fault regions 


between sets of partial dislocations might exhibit 


much slower dislocation-climb processes than alu- 


minum, which has a narrow stacking fault. 


the 


small wires and thin foils@*-° of gold, copper, and 


very 


Several investigators have studied creep of 


silver. In general, their observed creep rates are 


only slightly greater than those obtained by the 
application of Herring’s theory. In view of possible 
inaccuracies in estimating their values for the self- 
diffusivity and other estimations, and in view of 
possible experimental errors, the observed agreement 
have been 


between theory and experiment might 


somewhat fortuitous. Undoubtedly, additional more 
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100-0 1000-0 
Net stress, 7 


Fic. 10. Summary of low-stress creep data 


definitive experiments will be required in order to 
resolve any questions concerning these earlier studies. 
It is nevertheless interesting to note that when all 
of the available data is plotted on a single graph of z 
versus the net stress o, as shown in Fig. 10, some of 
the results for the different metals coincide reasonably 
the 


high-temperature low-stress creep might apply for 


well. This suggests that same mechanisms of 
all reported examples. 

CONCLUSIONS 
activation 


(1) The 


creep of 


high-temperature 
35.500 


energy for 


high-purity aluminum is about 
cal/mole over wide ranges of stress. 

(2) At temperatures near its melting temperature, 
the secondary creep rate increases linearly with the 
the low-stress 


Ib/in.2 At 


over 
about 13 


stress range extending 


up to 


intermediate stresses slightly 


above 13 lb/in.* the creep rate increases with the fourth 


power of the stress. 

(3) Several observations prove that the low-stress 
creep process cannot be ascribed to a stress-directed 
diffusion of vacancies model for creep: 

The observed creep rate is about 1400 times 
the 
calculated for a stress-directed diffusion model. 


greater than theoretical creep rate, as 
A primary stage of creep was observed. 
Grain-boundary shearing contributed to the 
creep rate. 
Crystal recovery was observed. 
Creep recovery took place. 
Single crystals exhibited creep. 
(g) Marker experiments definitely disqualified the 
stress-directed diffusion model for creep. 
(4) By inference, high-temperature creep of alu- 
minum occurs by a dislocation-climb mechanism. 
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THE MECHANISM OF SINTERING OF COPPER** 


B. H. ALEXANDER? and R. W. BALLUFFIS§ 


A study of the sintering of copper has been made using specimens prepared by winding 0-0128 or 0-00526 
cm dia. copper wires around copper spools. Changes in the size and shape of the voids between wires were 
observed as a function of sintering time and temperature. By these means it was possible to investigate 


both bonding and shrinkage in all stages of sintering. It is concluded that shrinkage in all stages is 


primarily due to the volume diffusion of atoms from grain boundary sources to the voids. During the 
initial stages of sintering bonding occurs by the above mechanism and also by volume diffusion between 
differently curved free surfaces of the voids. These conclusions are consistent with the follow ing results: 
(1) shrinkage stops when the grain boundaries disappear: (2) shrinkage rates calculated on the basis of the 
volume diffusion mechanism agree reasonably well with observed rates: (3) the temperature dependence 


agrees with the volume diffusion mechanism: (4) the sintering scaling law for volume diffusion is found 


to hold for the wires of different sizes. 
CUIVRE 


LE MECANISME DU FRITTAGE DU 


L’étude du frittage du cuivre a été faite en utilisant des échantillons préparés en enroulant des fils de 


cuivre de diamétre 0.0128 ou 0.00526 cm sur des enrouleurs en cuivre. Les changements de la dimension 
et de la forme des vides entre les fils ont été observés en fonction de la durée et de la température du 
frittage. De cette 


maniére, il est possible d’étudier le retrait et lagglomération pendant tous les stages 


du frittage. Les auteurs concluent que le retrait & tous les stades est di, en premier lieu, a la diffusion en 


volume des atomes a partir de sources des limites des grains vers les vides. Pendant les stades initiaux 


du frittage, l'agglomération a lieu suivant le mécanisme ci-dessus et aussi par diffusion en volume entre 
surfaces libres des vides différemment incurvées. Ces conclusions sont en concordance avec les résultats 
sulvants: 

1) La contraction s’arréte lorsque les limites des grains disparaissent. 


2) Les vitesses de contraction, calculées sur la base du mécanisme de la diffusion en volume, con- 
cordent avec les v itesses observées. 
3) L’influence de la température est en accord avec le mécanisme de la diffusion en volume. 
4) On trouve que la loi d’écaillage du frittage pour la diffusion en volume est valable pour des fils 
de diamétres différents. 
DER MECHANISMUS DES SINTERNS VON KUPFER 
Das Sintern von Kupfer wurde an Proben untersucht, die durch Aufwickeln von Kupferdrahten mit 
Ander- 
ungen der Grésse und Form der Hohlraume zwischen den Drahten wurden in Abhangigkeit von Sinterzeit 
Auf diese 
Es wurde geschlossen, daB die Verdichtung in allen Stadien primar 
Wahrend der Anfangs- 
Bindung sowohl nach obigem Mechanismus als auch durch Volumen- 


einem Durchmesser von 0,0128 bzw. 0,00526 cm auf Kupferspulen hergestellt worden waren. 


und -Temperatur beobachtet. Weise konnten Bindung und Verdichtung in allen Stadien 
der Sinterung untersucht werden. 
eine Folge der Volumdiffusion von Atomen von Korngrenzen zu Hohlraumen ist. 
stadien des Sinterns erfolgt die 
diffus schen freien Oberflachen verschiedener Kriimmung von den Hohlraumen. 

Die hliisse 


rdichtung hért auf, wenn die Korngrenzen verschwinden. 


sind in Ubereinstimmung mit folgenden Ergebnissen: 


Grund einer Volumendiffusion berechnete Verdichtungsgeschwindigkeit stimmt ziemlich 
der beobachteten iiberein. 

lasst sich mit einem Volumendiffusions-Mechanismus verstehen. 
Drahte 


peraturabhangigkeit 


Probenmakstabs-Gesetz fiir durch Volumendiffusion erweist sich fiir 


Dicke 


Sinterung 


dener als giiltig. 


1. INTRODUCTION flow; volume diffusion: plastic flow; evaporation- 


condensation; surface diffusion. Only the first three 


Upon heating a mass of small metal particles, the 
the 


resulting in a decrease of surface 


individual particles are bonded together and mechanisms are capable of producing shrinkage, i.e., a 


aggregate shrinks”) movement of the particles together, while all of these 


area and energy.” Mechanisms which have been cited mechanisms may produce bonding, i.e., an increase 


in the past to account for these processes are: viscous 


* Received December 3, 1956, in revised form March 6, 1957. 

+ This work was carried out at the Sylvania Electric Co. 
Laboratories, Bayside, New York, under A.E.C. Contract AT- 
30-1 GEN 367. 

* Now at CBS-Hytron, Lowell, Massachusetts. 

§ Now at Department of Mining and Metallurgical Engi- 
neering, University of Ilinois, Urbana, Illinois. 
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in the area of contact between particles. In the case of 
a metal such as copper it seems that viscous flow may 
be more properly considered as a diffusion process 
since metals may exhibit quasi-viscous behavior as 
described by Nabarro and and Herring: if stress 
motivated volume diffusion currents occur between 
suitable sources and sinks.‘ 


|) Dic 
(2) Die Ter 
4) Das 
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Most of the 


mechanisms by experiment has resulted from work em- 


progress in determining sintering 


ploying specimens of simple geometry. Kuczynski‘® 
measured the rate of bonding of small particles and 
wires to surfaces of the same metal and interpreted the 
results on the basis of a volume diffusion of atoms from 
the wire and metal surfaces to the sharply curved 
surface of the bonded neck region. This mechanism 
produces bonding since material is transferred to the 
necked region but does not allow for movement of the 
More recently, Kingery 


wire and base metal together. 


and Berg studied both the bonding and movement 
together of small copper spheres and concluded that 
the primary mechanism during the initial stages of 
sintering is one of volume diffusion of atoms from the 
grain boundary between adjacent particles to the 
of the 


removes material from between the bonded particles 


surface bonded neck region. This mechanism 


causing them to move together meanwhile increasing 
the area of the bonded neck region. 
In this paper we describe experiments carried out 


with specimens consisting of a multi-layered winding 


of fine copper wires on a larger copper spool where 


changes in the size and shape of the voids could 
observed. 
both 
stages of sintering were present ranging from the early 


By these means it was possible to investi- 


gate bonding and shrinkage. In addition, all 


stages when the particles were barely bonded to the 


late stages where isolated cylindrical voids 


present. The results indicate that shrinkage is pri- 
marily due to a volume diffusion of atoms from grain 
boundaries between adjacent wires to the sharply 


curved surfaces of the voids. The results also show 
that in the initial stages of sintering smoothing of the 
voids and a contribution to bond formation is made by 
volume diffusion between free surfaces in the manner 
described by Kuczynski.‘® These experiments were 
carried out in the Sylvania Metallurgy 
(1949-1952) and 
several A.E.C. reports."® In addition, part of the work 


has been briefly cited in other places'?:!® 


Laboratories 


have been partially described in 
as evidence 


that sintering occurs by volume diffusion. 


2. EXPERIMENTAL METHOD 
The method used in this work has been described 
in a Jones." One 


specimens was made by winding 0-0128 cm dia. copper 


note by Geach and 
wires on copper spools which were approximately 1-9 


em dia. From twelve to twenty layers of wire were 
wound over a 1-9 cm length of the spool as seen in 


Fig. 1. Each laver was wound starting from the same 


side of the spool so that all the layers would be the 
left-handed. The 


same, Le.. either right o1 wire and 


BALI 


were 


group of 


OPPER 


all made 
lytic copper (QO-9OS per cent Cu 


the spools were from the same lot of electro- 
and they were hydrogen 


A slight 


winding. 


annealed before winding the specimens. 


tension (100 g) was applied to the wire during 


Immediately before winding the wire was rinsed in 


dilute hydrochloric acid, water, and acetone in that 


After winding, the samples were stored in an 
sintering All the 


order. 

desiccator 
heat 
atmosphere for the times and temperatures listed 
Table 1. The 


controlled to within 2°C 


evacuated prior to 


sintering treatments were done in a hydrogen 


temperatures during sintering was 

were mounted in methy! 
methacrylate and were cut to expose the cross-section 
They then 


and more 


of the wire winding. were placed in an 


evacuated vessel methyl methacrylate was 


poured in to fill the 
After the plastic had set the samples were polished and 
Photomicro 


shown in Figs. 2-4 


small voids between the wires 


etched for metallographic examination 
graphs of these samples are 


The average cross-section area ol the Vola 


determined by making enlarged tracings 


ground glass of a metallog iph which were 


with a planimeter. A minimum of 40 
were measured for each specimen and 
was used. In a typical series of 40 measur 
one specimen, the mean value wa 

and the standard deviation wa 

spread tended to be greater at the long 
after 196 hr at 15 Cc mean value 
ments was 3-14 em? and the standard de 
was (0-62 6 cm*. T 1 value 
ments made on duplicate samples agreed within 5 per 
another 

ol the 
between adjacent wires were also 


Table 1. The 


was determined from the same tracings that were 


cent of one 


Measurements width formed 


made and these are 


listed in uverage perimeter of the voids 


d 


for the area measurements. The measured perimeter 


ar 
> 
/ 
/ J x 
| 
s 
\ 
\ 
< 
= 
inh 
(from th 
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TABLE 1. Sintering data for 0-0128 cm dia. wire 


Rugosity Mean void area Width of neck % Shrinkage of 


coefficient (em? 10°) (em 10%) winding thickness I 


O00 2.98 . 0-00 
O00 25 5: 2-6 0-52 
900 50 5: OF 2-15 0-47 
900 100 1-37 
». 


GOO 300 


900 600 3°25 7 3 


1000 
LOOO 


LOOOU 


LO50 
LO50 
L050 


L050 


9-31 
7-15 
6-89 
| () 4-62 
S 1-48 4-80 2-62 1-17 6°83 
20) 1-26 $-90 3°36 6-96 
10 1-15 4-30 3-58 L-S7 6-11 
SO 1-0] 4-24 4-24 2-10 6-04 
160 3-48 4-44 3°28 
| 328 2-O5 5-08 5-24 2-92 
4 1-46 5-80 2-86 0-82 8-25 
S 1-28 4°85 3°33 1-52 6-90 
16 1-12 5:25 3-86 2-10 7°46 
4-05 4-38 2-43 5°76 
76 3°06 4-63 3°38 4°35 
144 2-26 3°22 
192 9-55 4-89 $-54 3-63 
1050 108 2-49 5-20 1-62 3-44 
LO75 1-29 5-00 3°38 1-50 
LOTS 1-13 4-66 4-05 1-49 6-63 
LOTS 16 1-05 4-5] 4-15 1-63 6-41 
LOTS 32 1-00 4-45 5:46 
64 3°73 5-00 3-13 5:30 
LOTS 3-18 3-20 4-52 
LOTS 192 3-14 4-92 3°25 $-46 
LO75 LOS 3-69 5:02 3°28 c 
A I Y Xx v yt a a» 
I. a\ I AY vA\* a “Y A 
8hr 20hr 40hr 
80hr 160hr 320hr 
Fig. 2. Cross-section of winding of 0-0128 em dia. wires after sintering at 1000°C. 50 
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@ 
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| 
a» a 


300hr 


Fie. 3. 


divided by the circumference of a circle of equal area 
was taken as the rugosity coefficient and is listed in 
Table 1. 
of the specimen were made before and after sintering. 


Micrometer readings of the overall diameter 


From these readings the per cent shrinkage of the 
winding thickness was obtained (Table 1). 

Another group of specimens was made in the manner 
described above except that the wires used were 
0-00526 cm dia. These samples were sintered under 
the Table 2 the 


sectional area of the voids is given after each annealing 


conditions shown in where cross 


treatment. 


a 
96 hr 


. Cross-section of winding of 0-0128 em 


BAL 


Cross-section of winding of 0-0128 cm 
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AS 


4 
a 


v 


a 


q 


A 


600hr 


dia. wires after sintering at 900° 200 


TABLE 2. Sintering data for 0-00526 « 


9-65 


10 


¥ 


Several inherent disadvantages of these spec 


should be mentioned here. The as-prepared 


Spe 


were already at 90 per cent of the maximum po 


density and, therefore, the shrinkage during 


dia. wires after sintering 
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A 
7 
: A A A A a 
25hr 50hr 100hr 
| 
a a -®- 
Mean void area (cn 10 
Time (hr 
2 10-38 8-55 8-55 6-05 
8-82 8-35 6-45 
42 
A 
4hr Shr 
32 hr 408 hr 
Fic. 1075" 50 
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was comparatively small. In addition, it was extremely 
difficult to prepare samples possessing uniform wind- 
ings free of faults. 
3. RESULTS 

(a) Isothermal sinte ring and me tallographic structure : 
The sintering process at constant temperature can be 
followed in the photomicrographs of Figs. 2-4. As 
sintering progressed the area of the initially sharply 
cusped voids decreased and the voids became more 
rounded, and a stage was finally reached where the 
voids became completely smoothed and existed as 
small cylindrical tubes. 

The 


interesting 


winding exhibited 
Before the 


earliest observation grain growth occurred throughout 


the 


sintering. 


grain structure in 


changes during 
each wire producing a bamboo-like grain structure in 
which single grains of a length about equal to the wire 
diameter occupied the entire cross-section of each wire. 
At all times annealing twins remained in these struc- 
tures. Grain boundaries also became trapped at each 
bonded 
sintering progressed, therefore, each tubular void was 


interface between adjacent wires, and as 


connected to its three nearest neighbors by three longi- 
tudinal grain boundaries (Fig. 5). This grain structure 
which represents a rather stable configuration 
remained stable until the voids became quite small. 
Eventually the tubes became small enough to allow 
the grain boundaries to break free of their minimum 
energy traps and rapid grain growth occurred. In a 
comparatively short time the windings were then 
almost single crystals. An _ inter- 


converted into 


mediate stage is seen after 320 hr at 1000°C (Fig. 2). 
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Wire axis 


Transverse 


Longitudinal 
boundary 


boundary 


Fic. 5. Schematic view of grain boundary 


configuration during sintering. 

The cross-sectional area of the voids as a function of 
time of sintering is plotted in Fig. 6 for the different 
temperatures used. In all cases the shrinkage rate is a 
maximum at the beginning and rapidly decreases. 
At 1050 and 1075°C the shrinkage essentially stopped 
at relatively short times and it was found that the 
cessation of shrinkage corresponded to the elimination 


of the grain boundaries throughout the specimens. 


The approximate time at which the boundaries were 


eliminated at each temperature is indicated by the 
arrows in Fig. 6. It is interesting to note that even 
though the initial rate of shrinkage is greater at the 
higher temperatures the final total shrinkage is less. 


This effect occurred since elimination of the grain 


ef ficient 


Fic. 6. 


Time (hr) 


Void area and rugosity coefficient during isothermal sintering of 0-0128 cm dia. wires. 


Arrows indicate the approximate time when grain growth occurred. 
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Preferential elimination of voids in the vicinity of i 


the higher 


coefficients 


took earlier at 


The 
plotted in Fig. 6 and show that the voids at all 


boundaries place 


temperatures. rugosity are also 
temperatures became practically cylindrical (rugosity 

1) when the area reached about 4 10-§em?. Grain 
growth occurred rather soon after this at 1075°C and 
shrinkage ceased. At 1050°C grain growth occurred at 
a somewhat later time after the tubes had decreased 
further in cross-section and sintering again ceased. 


At 


became almost constant at longer times. 


1000 and 900°C sintering continued and the rate 


The observation that sintering essentially stops 
when the longitudinal grain boundaries connecting the 
voids are eliminated constitutes strong evidence that 
shrinkage must occur by a mechanism of diffusion of 
atoms from grain boundary sources into the voids. 
Further metallographic evidence that grain boundaries 
are necessary for shrinkage during sintering was 
obtained in several cases where isolated grain boun- 
daries remained trapped in the winding. Two such 
examples are shown in Fig. 7 where the boundaries are 
obviously responsible for the preferred elimination of 
the voids in their immediate vicinity. 

(b) Geometrical aspects of sintering in the winding. 
Schematic views of the volume diffusion fluxes at 
different stages of sintering which could primarily 
account for the previous observations are shown in 
Fig. 8. In the early stages when the void is sharply 
cusped (view b) two main diffusion fluxes should exist; 


one flux originating at the grain boundary and the 


solated grain boundaries 
1075°C. 


SINTERING OF COPPER 


0-0128 em 


Fic. 8. Schemat 


diffusion fluxes at 
distance 


a) befor 


between 
sint 
is shown 
b) cusped void 
spheroidizatio 


other originating at the com 


The thermodyn basis { 


] 


extensively discussed elsewh 


shrinkage and 


results in 


causes a smoothing of the intern urface. Of cé 


other smoothing mechanisms such : rface diffusion 


and evaporation-condensation 
the following sectio 


However. it will be shown in 


mecha must be quite 


diffusion 


the contributions of thes¢ 
that the 


small and volume mechanisms 


1 


shown in Fig. 8 are predominant. During the later 


stages (view c) smoothing is completed and diffusion 


occurs only between the grain boundary and the void 


have considered the winding as two 


dimensional and it becomes necessary to consider 


The 


nature of the winding acts as a restraint on shrinkage 


the curvature around the spool axis evlindrical 


B. H. ALEXANDER anv R. W. BALLUFF!: ee 671 
dia. sintered 408 hr at 
(a) : (c) 
ee ire centers ar nd 
| I 1a l 
So far we 
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since two flows must enter the tubular voids: (a) the 
flow causing wires to move together which has been 
described above: (b) a flow allow ing the length of each 
circular loop to decrease. When flow (a) occurs and 
the wires tend to move together a compressive hoop 
stress will be present tending to shorten the wire 
lengths producing flow (b). Flow (5) is most probably 
a stress motivated diffusional flow where atoms leave 
the transverse grain boundaries (Fig. 5) allowing them 
to shorten in the manner described by Herring." 


An ideal 


sintering bundles of straight wires free to contract in all 


experiment might have 


directions. Unfortunately, such an experiment was 
impractical and it 
the restraints in the present work. We may analyze the 
flows in a volume element consisting of a thin cylind- 
rical shell of thickness Ar containing a representative 
amount of porosity (Fig. 1). The radial contraction 
of the winding must be zero at the spool surface and if 
we assume at first that contraction along the spool 
leneth is completely restrained by adhesion to the 
collars the fractional volume decrease during sintering 
is 

SAv SAr_ Sr 

Av Ar 


(1) 


The first and second terms represent flows (a) and (b) 

respectively. During the microscopic examination of 

the specimens it was found that the void shrinkage was 

essentially the same everywhere within the experi- 
SAv 

mental accuracy, and proceeding on this basis is 

Av 


equal to the overall shrinkage of the specimen, 


Expressing the radial strain as ¢ we 
Ar dr 
Av dSr 


v dr 


find This relation integrates under 


the condition that Sr 0 when r R, to give 


R 2 Av 


The radial strain, « 


D2 
R, 
9 


decrease by about 14 per cent between the inner and 


outer radii. Flow (a) constitutes the entire flow into 


the voids at the spool surface and about 86 per cent of 


the flow at R,. These results suggest that the restraints 
due to the cylindrical nature of the winding are small 
in these specimens where the winding thickness is 
small compared to the overall diameter. The behavior 


of the cylindrical winding, therefore, approximates that 


consisted of 


remains to estimate the effects of 
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L957 


5} + 
Radial and 
longitudinal 

4 (shrinkage 


Radia! 
shrinkage 
only 


Volume shrinkage 


e900 °C 
1000 °C 
+1050 °C 
1075°C 


1 2 3 4 
Shrinkage of winding thickness % 


Relation between per cent linear shrinkage of the 
radial direction and the percent 


Fic. 9. 
winding thickness in the 
volume shrinkage. 
of a corresponding bundle of straight parallel wires 
discussion to 
The 
relation between the expected linear shrinkage of the 
and the volume 

SR, (R,? R,?) Av 
(R, R,) Rk, 


pared with the experimental points in Fig. 9 along with 


and it seems reasonable in further 


ignore the curvature around the spool axis. 
shrinkage is 


winding thickness 


This curve is com- 


the approximate curve to be expected if shrinkage was 
not restrained in the longitudinal direction. Since the 
points fall in between these extremes it appears that 
shrinkage was not completely restricted to the radial 
direction. 

(c) Rate of bonding during the initial stages of sinter- 
ing. Previous workers'®:” have concluded that bond 
formation in the early stages of sintering occurs by 
volume diffusion. The volume diffusion mechanisms 
which could account for this process are shown in Fig. 
Sb. Direct experimental evidence that material is 
transported from void surfaces to the sharply curved 
neck surfaces was obtained from observation of the 
void diameter when smoothing was just completed and 
the void became cylindrical as shown in Fig. 8c. The 
actual void was found to be about 14 per cent larger 
in diameter than the imaginary cylindrical void that 
could be inscribed in the original interstice, thereby 
that 
ported from the convex void surfaces to the cusps. 


indicating material must have been trans- 

In Fig. 10 the half width of the neck, x, is shown as a 
function of time during the early stages of sintering 
and it appears that the relation x°«f is approximately 
obeyed. This relation has been found to hold experi- 
mentally in other sintering experiments'®.” and has 


been predicted analytically on the basis of various 


672 
6| + 
S dSr 
2r 
Av . 
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Fic. 10. Relation between the neck half width, x, and time 
during initial stages of sintering at different temperatures. 


volume diffusion mechanisms." Schwed"?) also 


predicts this relationship for a surface diffusion 


mechanism under certain conditions. However, none 
of these treatments have taken account of the fact that 
material enters the neck from both the free surfaces 
and the grain boundary. In addition, rather extensive 
simplifications in the boundary conditions have been 
made in the different analytical treatments. It would 
appear, therefore, that observance of the x°xt relation 
conclusive evidence of a 


cannot be taken as 


volume diffusion mechanism. In view of the com- 
plexities of this problem it seems more profitable to 
consider the temperature dependence of the process. 


In Fig. 11 the time to reach a constant neck width has 


been plotted logarithmically versus — and the points 


are in reasonable agreement with a curve having the 
temperature dependence of self diffusion in copper 


(Q ~ 47,000 cal/mole).% These results, therefore, 


agree with the previous conclusion that bonding 


T (°K) 
:. 11. Logarithm of the time to reach constant neck width 
versus 1/7’ during initial stages of sintering. 
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occurs by a volume diffusion mechanism. However, 
the that fluxes 


the 


present work indicates diffusion 
originating at both the nearby surfaces and at 
orain boundary in the neck are operative : 

The diffusion 


fluxes from the grain boundaries which appear to be 


(d) Rate of shrinkage during sinte ring 


primarily responsible for shrinkage during the later 


stages of sintering are shown in Fig. 8c. In this 


section the rate of shrinkage based on this model is 
calculated and reasonable agreement is obtained with 


the Additional 


shrinkage 


experimentally observed values 


calculations are made which indicate that 
during the initial stages of sintering is primarily due 
diffusion from the boundaries as 


to volume orain 


shown in Fig. 8b. 

We shall employ the thermodynamic formulation 
used by Herring™ in order to solve the steady state 
conditions 


diffusion problem under the geometrical 


of Fig. 8e where the voids are cylindrical 


diffusion flux in any region is given by 


dD 
— Vf 
kT Q2 


where f is a chemical potential representing the work 


per atom required for the reversible addition of a small 
quantity of material to the given region, Q is the 
atomic volume, and D is the self diffusion coefficient 
the and 


SOUTCeES 


If local equilibrium is assumed at 
sinks (i.e. the grain boundary and void surface) we 
require the solution of V*/ 0 subject to the boundary 


conditions: 


at the void 
tension 


where the integral is tak 


(1i) i) f dx 


along 


2yQ), 


the width, 2x, of a grain boundary 


connecting two voids 
(iii) the flux entering each grain boundary 


be constant everyw here 


Condition (i) gives the value of f at a curved eylindri: 
The 
since a unit length of grain boundary betweer 


total 


surface of radius p. integral condition 


subjected to a normal compressive fo 
2y as a result of the surface tension of the voids 
This value may be obtained by considering the insid 


surface of each void to be under a radial traction equal 


to —~- asaresult of surface tension. Ifa corrugated cut 

is made through the winding along the grain boundaries 

that the total 


required to maintain mechanical equilibrium in 


it is seen normal compressive force 


the 
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Fic. 12. Calculated rate of shrinkage of cylindrical voids of 
different size in winding of 0-0128 cm dia. wires; p void 
radius; x = neck half width (half of the grain boundary 
length between nearest neighbor voids). 


absence of a net shearing force in each boundary is 

2y. Herring has shown that f at an interface under 
is given by p82 and, 
The 


removed 


a normal traction, Des; 
therefore, the integral condition (ii) must hold. 
condition (iii) requires that material be 
uniformly along each grain boundary so that co- 
herency will be maintained as the wires move together. 
A solution to this potential problem by a Fourier 
The 


equations developed in the appendix were next used 


expansion method is given in the appendix.* 


to calculate the rate at which evlindrical voids of 
different size should shrink in the winding composed of 
0-0128 em dia. wires, and the results are given in Fig. 
12. In these calculations copper self diffusion coeffi- 
43) and the 
2x 


cients were obtained from Kuper ef al. 
1-67 10° ergs/em*? and Q l- 
The 
compared to the experimental values at different 
Fig. 13 


hecome evlindrical (void area 


values y 


ce were used. calculated shrinkage rates are 
for voids which have just 
4-00 
The agreement appears reasonably good and consti- 
further that 
diffusion the 


iddition the temperature dependence is consistent 


temperatures in 

9 
cm*). 
evidence 


tutes shrinkage occurs by 


volume from grain boundaries. In 
with the diffusion mechanism. 
In order to caleulate the rate of shrinkage in the 


ly 
early 


stages of sintering (Fig. Sb) it was convenient to 
make approximations because of the more complicated 
diffusion fluxes and the irregular shape of the void 
reasonable to assume that the 


the three 


surfaces. It seemed 
the 


sharply curved tips of each void from the three grain 


sum of diffusion currents entering 
boundaries was about the same as the current which 
would enter a cylindrical void having the same radius 
of curvature as the curved tips, the cylindrical voids 


being arranged on the grain boundary network at a 


* The would like to thank Dr. W. M. 
pointing out the procedures used in the appendix to solve such 
potential problems in periodic structures. 
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spacing equal to the width of the neck between the 
cusped voids. With this assumption the shrinkage 
rate was easily obtained since the rate of shrinkage of 
eyvlindrical voids having a wide range of sizes and 
the 
Fig. 12 and the scaling laws for sintering of geometric- 
ally similar aggregates described by Herring.“*) The 
first Fig. 12. 
This value, however, corresponded to an aggregate of 
0-0128 The 


aggregate of different size having the same ratio of 


spacings could be calculated using results in 


sintering rate was obtained from 


em dia. wires. sintering rate for an 


void radius to separation distance was then obtained 
by use of the scaling laws. If the linear dimensions of 


(aggregate), are just A times the linear dimensions of 


(aggregate), then (flux), 


l 
(flux), . | . Since (area), 
Ae 


(A) in the present case the shrinkage rates 


dv 
2 ) 
Values of 


(area), 


dv 
must be related by | : 


volume of the void. 


l 
: {- where v is the 
A 
x during the initial 
stages were obtained from Fig. 10 and values of — were 


calculated from the relation — ~ where ais the wire 
x a 


radius. Assuming that material merely fills the crack 

at the cusp a simple analysis shows that ~~ — for 
x =a 


How- 


ever, it was found experimentally that the tips of the 


either diffusion mechanism shown in Fig. Sb. 


due to 
that 


predicted analytically. The shrinkage rates calculated 


triangular cusps become rather bulbous 


smoothing effects with a radius about twice 


in this way are compared with the experimental 
1000°C in Figs. 13 and 14. In Fig. 14 the 


calculated curve has the same general shape as the 


values at 


experimental curve where the rapid initial sintering 
rate decreases rapidly and becomes practically con- 
the The 


diffusion mechanism, therefore, is capable of explaining 


stant when voids become cylindrical. 
rapid sintering at the early stages when the voids are 
sharply cusped. The calculated rates at short times, 
however, are lower than the experimental values by a 
factor of about two. This discrepancy may be due to 
the approximations described above. In addition, 
difficulties were encountered in accurately determin- 
ing the sintering rates at short times. This is apparent 
in Fig. 13 where the early stage data shows appreciable 
scatter. 

Another 


method that can be used to confirm the sintering 


(e) Effect of change of scale on sintering. 


mechanism is to observe the effect of changing scale 


(14) 


on the sintering rate. If the linear dimensions of 
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Fic. 13. Rate of void shrinkage as a function of tempera 
ture. The lower curves, **B,”’ compare calculated and exper! 
mental values when the voids have just become cylindrical 
(area 4-00 10-* em?). The upper curves, “‘A,” compare 
values when the voids are in the early stages of sintering and 


6 


are sharply cusped (area 5-5 10 


(aggregate), are / times those of (aggregate), and if the 
process occurs by volume diffusion the times necessary 


to reach identical stages of sintering are related by 


This relation may be tested using the present data 
for the 0-00526 cm and 0-0128 em dia. wires since it 
was found that the specimens made from these wires 
were geometrically similar during comparable stages of 


sintering. Values of 2? which were calculated using 


Calculated 


yE xperimental 
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Time (hr) 
Fic. 14. Experimental and calculated rate of void shrinkage 
function of time at 1000°C for 0-0128 cm dia. wires. 
On the calculated curve the transition between the 
cusped and cylindrical voids is shown dashed. 


as a 


region 
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TABLE 3. Times to reach thi volume shrinkage 


for 0-0128 en 


same 


and 0-00526 cm dia. wires 


At 


Porosit\ 


Temperature 
0-00526 em 


0-O128 em 


dia. wire dia. wire 


900 
L050 


900 
L000 
1050 


data from the smoothed curves in Figs. 6 and 15 are 
listed in Table 3. These values show an appreciable 


variation but nevertheless have an average value of 
14 which is in agreement with the expected value of 


14-5 for volume diffusion. 


4. DISCUSSION 
The previous results indicate that both the bonding 
and shrinkage processes during the high temperature 
sintering of copper occur primarily by the volume 


Apparently 


diffusion mechanisms illustrated in Fig. 8 


Volume porosity 


Fie. 15. Ce al 
the 0-00526 cm and 


and 10 hr : 


free surfaces and grain boundaries ope! 


9 sinks) which support the diffusion currents 


sources 


] ] ] 
sinks) such as dislo within 


whereas sources (01 


] 


the volume of the material are relatively ineffective 


The 
absence of 
There 


this behavio1 (1 


stability of isolated cvlindrical voids in the 


boundaries Is good evide nee ol this 


point are two factors which may account for 
in the case of coppel the extended 


dislocations climb with difficulty. Since the chemical 


potentials causing climb are comparatively small 


during sintering we may expect the climb process to be 


negligibly slow: (2) the number of sources at 
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dislocations in the nearby grains is probably small 


compared to the number operating in the directly 


adjacent grain boundaries. During the early stages of 


sintering the curvatures are greater and the potentials 
are higher, but it is still doubtful whether the dis- 
locations in the grains make an appreciable contri- 
bution to the total shrinkage, since it is found that the 
void curvatures at a very early stage of shrinkage 
become of the same order as the curvatures of the 
final cylindrical voids. In the Kirkendall effect during 
the 
but 


diffusion vacancy currents diverge in single 


crystals, in this case the potentials causing 


dislocation climb are considerably higher.“°) 


The present results offer an explanation of many of 
the observations made in the practical applications of 


powder metallurgy. For instance, it has long been 
recognized that sintering does not cause the complete 
This 


eventual 


porosity. result may be 


the 


elimination of all 
grain 
The effect 


of oxide films on increasing sintering rates may be 


readily explained by loss of 


boundaries and the cessation of shrinkage. 


explained by their tendency to inhibit grain growth. 
The increase in the rate of sintering as a result of 
repressing is also in agreement with the present work 
since this process increases the rugosity coefficient and 
also produces more grain boundary area as a result 
of recrystallization. 

It should be emphasized that the sintering mechan- 
isms found under the present experimental conditions 
different 


If smaller particles were used at lower temperatures 


may not be dominant under conditions. 


surface diffusion could be important. EK vaporation- 
condensation could also be important during vacuum 
These 


ippreciably effect shrinkage rates since they contribute 


sintering. smoothing mechansisms would 
to changes in the void curvature. It is apparent that 
sintering is a complicated process that can only be 
analyzed in each case by paying close attention to 


experimental conditions. 
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APPENDIX 
A solution to the potential problem outlined in 
section III D may be obtained by a Fourier expansion 
method. Briefly, the method used is to express 
V"f everywhere and then expand it in a Fourier series. 
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f may then be found by integration and the boundary 
conditions (4) satisfied. We first express the condition 
4(iii) in terms of V?f by writing .dw =A 
constant everywhere along the grain boundaries. The 
integral is taken over the grain boundary width, w, and 
requires that the source strength (or number of atoms 
leaving the grain boundary) is constant everywhere. 
We next assume that the sink strength, B, around the 
void surface is constant everywhere. Fortunately, 
calculations proved later that this assumption is 
compatible with an almost constant potential (-+-12 
the 
condition 4(i) may be satisfied to a sufficient degree of 


per cent) around void surface and, therefore, 


accuracy. Since all of the atoms coming from sources 
at the grain boundaries are added to sinks at the void 


surface and sink strengths must be related by 


a y 
A| : (6) 
\ 3 


a in this case is one half the separation of the parallel 
boundaries of the hexagonal grain boundary network 
which is practically equal to the original wire radius. 
V?f is, therefore, known everywhere in terms of A 
since it is known at the interfaces and is zero elsewhere 
and it can be expanded in the following series which 
has all the symmetry properties of the periodic 


structure of the winding. 


where 


(1, 


u, and uw, are the co-ordinates in the system shown 
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in Fig. 8a. The coefficients are obtained in the usual expressions is sufficient to determine A. Having A, 
way by integrating over the unit cell and are the diffusion current, 7, entering a unit length of each 
ae void may be calculated using. 


V?f cos 27 


~ “unit cell 
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LETTERS TO THE EDITOR 


Spiral etch pits on a-brass* 
Shockley and Read” suggested that etch pits 
at sub-grain boundaries form preferentially at the 
Proof of this 


postulate for screw dislocations has been provided 


points of emergence of dislocations. 


by the experiments of Horn,’ Gevers, Amelinckx, 
and Dekeyser,“) and Gevers.“) These experiments, 
however, only showed that etch pits were formed at 
the points of emergence of the screw dislocations, 


Unlike 


but the pits themselves were not spiralled. 


+. 1. An optical micrograph of spiral etch pits 


on 72/28 «-brass 


examples of spiral growth, which are fairly common, 
cases where etch pits take on a clearly recognizable 
spiralled structure are rare. Direct evidence of this 
nature of the presence of screw dislocations in etch 
pits has been provided by Amelinckx and Votava, 
who obtained spiralled etch pits on NaCl by thermal 


etching. Spiral etch pits with relatively large step 


Fia. 4. 


Fics. 2-4. Electron micrographs of etch pits on the same grain as for Fig. 1. 
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Us 
Fic. 3. 
Fic. 2. 


LETTERS TO 


heights have also been produced on germanium 
(Ellis). We have recently succeeded in producing 
spiral etch pits by chemically etching the surface 
of a polycrystalline cast of 72/28 «-brass. These show 
in a direct manner the association of screw dislocations 
with etch pits in this alloy. Optical and electron 


micrographs have been taken of this pheno- 


menon. 
The 


positive replicas prepared by 


electron were obtained from 


the 


The replicas were 


micrographs 
formvar-carbon 
replica technique of Bradley.‘ 
shadowed with tungsten oxide at an angle of about 
45°. 

Fig. | 
density of etch pits in the areas photographed, 


is an optical micrograph indicating the 


although the mean density over the whole grain was 
considerably smaller. The stepped structure is already 
evident at this low magnification. Figs. 2, 3, and 4 
are electron micrographs of etch pits on the same 
grain as for Fig. 1. Fig. 4 shows an etch pit formed 
by two co-operating screw dislocations. This phe- 
nomenon was very common in the etch pits on this 
particular grain. From the lengths of the shadows 
cast by the edges of these pits, their depths are 
estimated to be about 2.6 microns. Similar reasoning 
indicates that the smallest step heights are of the 
order of 500 A. 
different orientation. On this grain there were only 
a few isolated cases of spiralled etch pits, while on 
other grains in the same sample none of the etch pits 
exhibited a spiral structure. A more detailed investi- 
gation of these spiral etch pits, using single crystals, 
in the near future. 


will be carried out 


5. An electron micrograph of an etch pit 
on a differently orientated grain. 


Fic. 


THE 


Fig. 5 is an etch pit on a grain of 
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Infiuence of interstitials on the grain size of 
z-iron obtained by « transformation* 


iron, 


Fast 


In the course of 
obtained through the courtesy of Professor J 


the 


experiments on pure 


(Eindhoven), it was found that grain size of 


x-grains obtained by transformation was reduced 
materially by small amounts of carbon and nitrogen 
absorbed in the y-phase. This influence of carbon and 
nitrogen has been signalized long ago." # eems 


worth-while however to make . few additional 
remarks. 


and 


Our 


claimed that besides 


Wassermann') 
nitrogen also hydrogen decreases the g 


experiments indicate that this is only true for impure 


interstitials Into the iron 


materia! 


hydrogen which introduces 


specimen. Carbon from carbon-containing 
within the furnace is easily transported to the sample 
probably are the 


The 


grained sample (e) has been obtained by processing 1n 


and absorbed. Hydrocarbons 


carriers. This is seen in Fig. 1, (b) and (ce) fine 


the same hydrogen used for the samples (b) and (c) 
However in this case heating did not occur in a closed 
vessel but in a current. So larger amounts of carbon 
have become available from the apparently not pure 
enough hydrogen. 

A grain size equal to that obtained in vacuo is found 


if water vapour is added to the current of hydrogen 


l. 
9 
9 
5 trey 
6 inical 
CKX 
| 
é 
4. 
+ 4 3 
‘ $ 
‘ 
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Samples of pure iron (40 x 4 = 0.1mm), purified 1} hr by (Fig. 1d). This can be understood by considering the 
heating in moist purified hydrogen at 890°C, subsequently (4. 5. 6) 

heated for $ hr at 920°C and cooled from this temperature oe 
(2.5°C/min) in the following atmospheres: The amount of carbon which must be held respon- 


equilibrium in the mixture of gases. 


sible for the small grain size of specimen I(e) can be 
estimated by resistivity measurements’ on rings 
(thickness 0.1 mm) which were air quenched from the 
y-phase after having been heat-treated near strips 
like (e). This turns out to be about 0.004 wt. % 


corresponding to about 5 10-8 vol. °, CH, in the 
1 


hydrogen. 

Experiments done in atmospheres of different 
nitrogen content are represented in Fig. 2. According 
to resistivity measurements the nitrogen content of 
(b) in the y-phase just before transformation was 
0.008 wt. °,, that of (d) 0.015 wt. °,, values in approxi- 
mate agreement with those to be expected ® for iron 
in equilibrium with nitrogen gas at 920°C. 

The large influence of rather small quantities of 
interstitials upon grain growth may be connected with 
Zener’s'®) considerations. Because of the difference in 
solubility for C and N of the two phases involved the 
growing x-grain is surrounded by an envelope rich 

in solute,$-® which forms a barrier for grain growth’ 
tube (Latm at 923°C) equilibrium the velocity of phase boundary motion 
within hydrogen filled furnace. Tank hydrogen passed is proportional to the diffusion coefficient of the solute 
ove icagel cooled with liquid air, then heated with 


copper filings and dried by passing the gas over KOH, 
P.O, and once more over silicagel cooled with liquid air. such that this velocitv is no longer large compared to 
As (b) but with addition of a small piece of Fe 0.03 . ‘ : TT 

the velocity at which the transition temperature moves 
vt c), not in contact with the sample. : 

Current of hydrogen (1}$1./min), processed as_ the over the specimen the probability increases that a new 


hvdrogen i b passed over water at room tem- 


in the dissappearing phase. If cooling conditions are 


perature. Gradient as measured on the sample during nucleus is formed behind the barrier. | 
This work is part of the research program of the 
Research Group ‘‘Metalen F.O.M.-T.NO” of the 


“Stichting voor Fundamenteel Onderzoek der 


transfor! 


Materie.”’ 

M. DE JONG 
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der Universiteit van Amsterdam 


Netherlands 
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Some Observations on Grain Boundary 
Melting * 


Investigations of grain boundary melting have 
so far failed to indicate whether the preferential 
melting visible at grain boundaries is an intrinsic 
property of the grain boundary or is the result of 
solute segregation. 

During a study of grain growth in zone-refined 
lead and dilute alloys, some observations on grain 
boundary melting were made which are in general 
agreement with the recent work of Weinberg and 
Teghtsoonian™), 

Twenty-gram buttons of zone-refined lead or 
dilute alloys of tin, silver or gold in lead were deformed 
to a coin shape by severe deformation under a drop 
hammer. After deformation, the samples which were 
approximately 3mm thick and 30mm in diameter 


the melting point, and then quenched in water. The 


were given an annealing treatment at below 
time of annealing was adjusted to obtain various 
grain sizes. The samples were then placed on an 
open hot plate at 5°C below the melting point, and 
the temperature was slowly raised to the melting 

After had the hot 


plate was turned off and a jet of air was directed 


point. some melting occurred, 


towards the sample to promote solidification. 
Different 
whether the sample was in the centre of the hot 


events could be seen, depending upon 


plate, and thus had a uniform temperature, or whether 


the sample was on the side of the hot plate, and 
When 


non-directional melting occurred in doped samples, 


thus experienced a temperature gradient. 


it proceeded from grain boundaries into the grains. 
This preferential melting of the boundary was not 
lead. If an 


was applied, such as a slight squeeze by laboratory 


obvious in zone-refined external force 


150 showing an advancing liquid- 
cent 


Fic. 1. Photograph 
solid interface in a 
The lower field shows the “‘once liquid” portion. 


sample containing 0.05 per 
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tongs, beads of liquid could be extruded from the 
molten boundary region and fissures would develop 
Under 


the grain boundaries of the zone- 


at the boundaries of the doped samples. 
similar conditions. 
refined lead samples would also show some melting 
i.e. When a force was applied. 

When directional melting occurred under a tempera 
ture gradient, a pure sample exhibited no anomalies 
at the when a 


interface However, 


melted 


liquid-solid 


doped sample was under a temperature 


gradient, the grain boundary region could be seen 
to melt Kig. | 


lowel 


in advance of the general interface. 
The 


field, which is out of focus, is the once liquid region 


is representative of the phenomenon 
the upper portion, which was always solid, exhibits 
coherent twin 


the 


several grain boundaries and one 


boundary. It can be seen that liquid-solid 


interface has advanced preferentially at the 


not at the 


grain 
The 
advance corresponds to a melting point depression 
ahead of the 
0.02°C., 


boundaries, but twin boundary 


general interface of approximately 
lead 
low 


high 


effect Was 


This effect was readily seen in zone-refined 


doped with certain concentrations of tin. At 


concentrations, below 0.005 per cent, and at 


concentrations, above 0.05 per cent, the 


not sufficiently pronounced to be visible. Somewhat 


comparable observations were made on specimens 


containing small amounts of gold or silver 
These observations emphasize the differen 


tween the grain boundaries of zone-refined le: 


those of doped specimens. It is interesting 
that the coherent twin boundary shows no e\ 


From 


concluded that 


melting these quali 


ol preferential 
observations, it may be 
a small amount of a second element 
metal enhances or e\ 
melting. 


Dept. of Metallurgical Engine 
University of Toronto 
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Evidence for the occurrence of surface 


diffusion during 
grain-boundary 


the experiments on 


segregation of Thomas 


and Chalmers 


In their autoradiographic investigation of segreg 
tion in lead-bismuth alloys, Thomas and Chalmers" 
the additional blackening 


210Po 


attributed the whole of 


at the grain boundaries to the segregation of 


the pres 
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the boundaries. Re-examination of their 


data has shown that this interpretation is incorrect. 


within 


If an autoradiograph is made of a surface normal 
to the plane of a grain boundary in which 7!°Po 
atoms are preferentially segregated, the maximum 
width of the photographic blackening is calculable 
from the energy of the «-particles emitted by the 
210Po, The maximum range of the «-particles in an 
emulsion containing 80 wt. per cent of silver bromide 
grains is found to be 21.4 uw and the range in the 
lead-bismuth alloy is 13.8 uw, thus radioactive disin- 
tegrations at the line of intersection of the grain 
boundary and the surface will give rise to a maximum 
width of blackening in the emulsion of 42.8 4. All 
other x-particles moving in the emulsion at an angle 
to the metal surface and those entering the emulsion 
from disintegrations in the boundary below the 
surface will contribute to a shorter width of blackening. 

Measurement of track lengths in an autoradiograph 
reproduced in Fig. | of Thomas and Chalmers”? 
confirms that the range of 72°Po 4-particles is about 
20 uw in this emulsion, but the maximum width of 
blackening over the grain boundary trace is about 
and 4 


i.e. approximately 


in Thomas and Chalmers") 
than that 


300 


(Figs. 2 


seven times wider 


expected from a boundary of negligible thickness. 


The exceptional width of the autoradiographic 


blackening obtained in Thomas and Chalmers”) 


could be explained by assuming that the segregation 
of Po extends into a region about 130 m4 in width 
on either side of the grain boundary. This is incom- 


patible with the present theories of equilibrium 


segregation which envisage the segregation as occurr- 


ing within the region less than 10-7? u thick affected 


by the stress field of the boundary,’*) and wider 


segregations may be disregarded. Alternatively 


the blackening could be concentration 


of 2Po 


caused by a 
on the surface extending 130 u on each 
side of the boundary trace. This could occur if 7!°Po 
atoms diffuse preferentially to the surface at the 
grain boundary where they are fixed by oxidation 
diffuse far the This 


mechanism would probably occur both at the anneal- 


before they along surface. 


ing temperature, as suggested by Maroun ef al.) and 


at room temperature. It is noteworthy that the 
surface diffusion of polonium on silver has been noted 
Schwartz, 


at temperatures as low as 0.3 Tm by 


whereas lead at room temperature is close to the 
Tamman temperature of 0.5 Tm at which considerable 
diffusion might be expected to occur, and the oxi- 
dation of polonium at room temperature has been 
reported by Martin.© 


The evidence of Thomas and Chalmers™) (Fig. 3) 
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that a rapid increase in the concentration of 7!°Po 
occurs at the specimen surface over grain boundaries 
with a tilt angle greater than 16°, may be taken to 
indicate that a rapid increase in grain boundary 
diffusion normal to the dislocation lines (normal to 
the surface) only occurs when they are close enough 
to interact strongly, ie. in this case closer than 4 
lattice spacings. 

Whatever the mechanism of the spread of activity 
along the surface away from the grain boundary, 
the autoradiographs of Thomas and Chalmers show 
that this does in fact occur. Their results therefore 
do not represent solely the grain boundary segregation 
of °Po atoms, and the extent to which this occurs, 
if at all, cannot be determined. 

R. G. Warp 
Department of MetaHurgy 
University of Sheffield 
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Determination of precipitate particle shape 
by ferromagnetic resonance* 
The existence of demagnetizing fields causes the 


conditions for ferromagnetic resonance absorption 


to depend upon the shape of the specimen.” Thus 


the shape of ferromagnetic precipitate particles in 
suitable alloys may be determined by ferromagnetic 
resonance experiments, even when the particles are 
submicroscopic in size. 

This effect has been observed in an alloy of 2 
cobalt. The cobalt 
solution in annealing 30 


balance was 


the 


per cent copper. 


put into copper by 


min at and quenching into iced brine. 


Subsequent aging of these polycrystalline samples 
at elevated temperatures allows the precipitation of 
f.c.¢. 


can be 


cobalt-rich particles, whose average volume 


determined from magnetization measure- 


ments. 

The ferromagnetic resonance experiments were 
conducted with standard techniques at a frequency 
9000 Me/s, of the rf. 
being recorded as a of the d.c. 
field. 1A shows schematically the 


results to be expected for spherical cobalt particles, 


of ~ the derivative power 


absorbed function 
magnetic Fig. 


for oblate spheroids (plates) with a/c 1.1 oriented 


1957 
+. 
5. 


TO THE EDITOR 


Spheres 
Plates 


3°05 k-oersteds 


Fic. 1. All curves show the derivative of the r.f. power absorbed as : 
(A) To be expected from a random assembly of plates 1.1), 
(B) Empty cavity. (C) Copper-cobalt specimen a quenched 
(D) Aged 30 min at 600°C (average particle radius 25 A). { re > hr at 600°C ( 
(F) Aged 20 min at 800°C (est , ticle radius 300 
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s, and of rods l.] 
Dalit In solutLor 
st. average particle radius 65 A), 
\ 


684 ACTA 


at random, and for prolate spheroids (rods) with 
c/a 
we assumed g, the spectroscopic splitting factor, to 
With 


1B) and an as-quenched sample 


oriented at random. (In this calculation 
be 2.07 and the line width to be 400 oersteds.) 


1 blank run (Fig 


Fig. 1C) for reference, Figs. 1D—F show samples at 
different states of aging. 

The results indicate that the precipitate particles 
ire initially nearly spherical but become more plate- 
Optical 


copper-cobalt alloys in a much later state of aging 


like as they grow. micrographs®:* of 


(much larger particles) show distinctly plate-like 


precipitates. A more complete and detailed study 
with this technique is in progress. 

C. P. Bran 

J. D. Livincston 
D. S. RoDBELL 


General Electric Research 
Laboratory 
Schenectady, N.Y. 
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Activation energy for creep of aluminium 
at sub-atmospheric temperatures * 


In a recent paper, Sherby ef al. describe work 
the 
creep of high purity aluminium over a wide range of 
They that 
energy, H, is independent of stress, 


on the determination of activation energy for 
activation 
the 


of the specimen, but depends 


temperatures. conclude the 
strain or 
mechanical history 
solely on the instantaneous value of temperature. 
Their results indicate that H increases continuously 
from about 5 kcal/mole at 80°K to about 27 kcal/mole 
it 250°K followed by two plateaus of 27 
and 380 


respectively. To explain this temperature variation, 


and 35 
keal/mole between 250 and about 600°K 
the authors postulate Six independent parallel creep 


processes having different activation energies with 
the maximum difference in their weight 
about 1028. 
the 


stress and strain seriously questions the validity 


Since invariance of activation energy with 
of existing theories of creep, it may be of some use 
to examine the bases of the conclusion. In this note 
we shall limit ourselves to the discussion of creep 
of aluminium at 


where the effect 


sub-atmospheric temperatures, 
of annealing and the contribution 


of dislocation climb should be negligible. 
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It is generally believed:*) that the resistance to 
the Peierls-Nabarro 
force is small, arises both from the elastic interaction 
the 


due to other dislocations, and 


deformation in metals where 


of the glide dislocations with internal stress 


field of the lattice, o, 


from the forces resulting from glide dislocations 


cutting through a forest of other dislocations threading 
the 


varies is comparatively 


the glide plane, producing jogs, etc. Since 
“wavelength” over which o, 
large, it is expected that thermal activation cannot 
play any significant role in helping the dislocations 
over the stress field, thus, no deformation will take 
place until the externally applied stress is larger 
The the 


forest dislocations are on the other hand, short range, 


than o;. forces introduced by cutting of 


extending over only a few interatomic distances, 
we may, therefore, expect that such obstacles can 
be overcome with the help of thermal fluctuations 
at stresses lower than would be necessary at absolute 
zero. 

We must recognize here that the value of activation 
energy will be determined by the force with which 
the portion of the dislocation presses against an 
obstacle, i.e. with the difference between the advancing 
force due to the applied stress and the retarding 
the lattice the itself. 
Obviously the forward force will be proportional 


influence of and obstacle 
to the length of the dislocation segment suspended 
between the obstacles, and will, therefore, depend 
both on the applied stress, and the obstacle density, 
which varies with strain. To determine the influence 
of applied stress on the magnitude of the activation 
energy for this process, we must compare the values 
obtained at different stresses for specimens having 
the same density of obstacles. Comparison at widely 
different 
change of this density with strain. 

The the 
obstacle on the glide dislocation must depend on the 
is difficult to 
decide whether the short range force will be propor- 


strains would require knowledge of the 


force exerted by internal stress at the 


elastic modulus of the material. It 
tional to the modulus: however, evidence available:® 
the 


hardening is due to long range elastic stresses; it 


strongly suggests that about 70 per cent of 
thus seems plausible to assume that the total retarding 
force will vary linearly with elastic modulus, and 
that to a first approximation the activation energy 
will be constant for a constant ratio of applied stress 
to the modulus at any strain. 


Sherby et al.“) measured the change of creep rate 


resulting from the small rapid change of specimen 


temperature. The external stress was kept constant 


during a series of such temperature changes. It 


(1953). 
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appears from the description of their experimental 
method that a relatively narrow range of creep rates 
was employed. The ratio of largest to smallest rate 
immediately preceding the change of temperature 
4). 


the creep rate became inconveniently small, the 


did not exceed 10? (Figs. 2, Presumably when 
stress on the specimen was increased by an amount 
just sufficient to bring the creep rate back to a 
convenient value. 

At any dislocation distribution in the specimen, 
the rate of thermally activated plastic flow may be 
written 


(1) 
where S and H are entropy and energy of activation 
respectively, and A is effectively a product of the 
rate at which attempts to overcome the barriers are 
made and the strain produced by a_ successful 
attempt. 

If the stress on the specimen is suddenly changed 
at some particular strain and temperature, the 
relation between strain rates preceding and following 
the change will be given by 


(H, 


where H, and H, correspond to two stresses. 


H,)|RT 2) 


In 


10-*, we get 


AH = 


Putting 


4.6RT 


(3) 


This is well within the scatter of experimental 
values of activation energy reproduced in Fig. 6 of 
reference 1. 

It thus appears that the changes of stress employed 
by Sherby et al.“ were too small to illustrate the 
stress dependence of activation energy. It may be 
argued that the overall range of applied stress on 
the 


higher 


each specimen was large. However, higher 


stresses were invariably applied at strains 
where the increased number of obstacles cancelled 
the effect of the increase in stress. It may be signifi- 
cant that the activation energy obtained from a set 
of temperature cycles at the same applied stress 
(Fig. 2) 
the 
obstacle 
support rather than contradict the theories requiring 


increase with increasing strain, i.e. when 


force with which a dislocation bears upon an 


decreases. The data presented seem to 
stress dependent activation energy. 

The variation of the activation energy with tempera- 
ture observed in this type of experiment follows 
naturally from its dependence on stress. To keep 
the strain rate within manageable limits the load 


on the specimen must be adjusted for a given value 


of strain in such a way as to keep the factor H/ RT 


at some particular value. It is thus possible to 
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interpret the smooth variation of activation energy 


with temperature in terms of one simple process 
and avoid the difficulties associated with postulating 
a series of independent creep mechanisms with widely 
hard to 


physical processes responsible for creep which could 


differing weight factors. It is envisage 
have the values of Ae*/* differing by 1077 or more.* 

If we accept the conclusion that activation energy 
then the 
employed by Sherby et al.” to obtain its value will 
The 


energy on elastic modulus suggests that the variation 


depends on stress, procedure 


applied 


become invalid. dependence of activation 
of strain rate with temperature at constant applied 
stress results from both the change of probability of 
the 


Before equation 1 can be used in the deter- 


thermal fluctuations and change of activation 


energy. 


mination of activation energy, these two factors 


must be separated. Let us write equation (1) in the 


form 


H RT (S/R In (4) 


differentiating with respect to 7' at constant € and é 


at constant 7’ we obtain 


R(S/R In (A/é)) 


(0H/OT), 


(OH/d Ine), RT 


from (4), (5) and (6) 


H RT? ((@H/OT); |(@H/d In é)y). 


the activation function of both 


stress and elastic modulus, which in turn depend 


Since energy is a 


on temperature and strain rate, and strain rate 


respectively 
0H 


(oH (da/aT’ 


and 
Now 
(da0/0T 
and since g is approximately li 


(0H 


Therefore 


H In 


the 


that em 


changes in iture 


the 


small tempel 


R.H.S. is 


For 


of the same as 


* Thermally activated 
down t l 


these tel 


observed 
analysis down to 
additional processes with the 


least another factor of 10 


= 
( 
near with 
In 6 
first term 
ployed 
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Sherby et al.:") however, the value of the activation 


energy obtained is reduced by the amount corres- 


ponding to the second term. This correction would 


be trivial at temperatures below liquid nitrogen, but 
above this point it cannot be neglected. Using the 
value of the fractional rate of change with tempera- 
ture of the modulus corresponding to a mixed 
dislocation calculated from the data of Overton and 
the 


value of 


equation given by 
(1/o)(é In €) 
equation (5) we obtain 0.45 kcal/mole at 80°K and 
11-0 keal/mole at The 


correction is thus, at higher temperature of the same 


Gaffney,’® by applying 


Foreman,'*) and the from 
200°K for the second term. 


order of magnitude as the value of activation energy 


obtained from the uncorrected equation, and is 
therefore not negligible. 

It may be concluded that activation energy for 
creep cannot be determined using only the change 
in strain rate with temperature: variation in elastic 
modulus and either strain rate, or the temperature 
dependence of flow stress, must also be taken into 
consideration. 


In the present discussion, the possible change 
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in activation energy due to the lattice parameter 
was neglected. This should not introduce a significant 
error since the temperature dependence of lattice 
parameter is small compared with that of elastic 
constants. 


The author is indebted to members of the Low 


Temperature and Solid State Physics Group of the 

National Research Council and especially to Dr. T. H. 

K. Barron for many helpful discussions. 
Z. S. BASINSKI 

Division of Pure Physics 

National Research Council 


Ottawa, Canada 
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ROLL TEXTURES OF 
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Evidence from two different approaches is shown from which it is concluded that a 


and (112)[111] textures describes the roll texture 
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Les résultats de deux travaux différents permettent aux auteurs de conclure q 


textures (1L00)/112 
centrées que la texture (123)/412]}. 
DIE VON WALZTEXTUREN 
Der Vorschlag, dass eine Mischung von (110){11 
flachenzentrierter Metalle besser als (123)/412 


DEUTUNG 


aus begriindet. 


et (112), 111] décrit mieux les textures de laminage 
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H-FLACHENZENTRIERTER METALLI 
(l12y 111 Walztextur 


wird von zwei verschiedenen Gesichtspr 


ind Texturen dic kubiscl 


inkten 


INTRODUCTION 

The textures produced in f.c.c. metals have been 
interpreted for many years in terms of the major 
and minor roll textures (110)[112] and (112)[111].™ 
With the advent of counter spectrometers it has 
that all the the 
figures do not coincide with the theoretical positions 
of either of the 
it has been found that in the (111) pole figure there 


been found “peaks” in pole 


classical textures. In particular, 


is a single maximum in the rolling direction and 
the 


reverse rolling direction about 23° away from 


sheet normal. 

More complicated textures have been proposed 
which fit the observed (111) figures more closely 
and of these that due to Hu, Sperry and Beck has 


oO 


been quite widely used, e.g. by Smallman™ and 


Calnan. This description fits the [111] pole figure 
quite well apart from the fact that the maxima 


from the sheet normal but is quite 
(0) 


should be at 2 
=). 


inadequate for describing the (200) and the (2 
pole figures. 

As long as the symbol for the texture is merely 
used as a label it matters little whether it is accurate 
or not. However, if it is necessary to calculate from 
the texture the modes of deformation operating or 
the way in which anisotropic properties such as 
elastic moduli or magnetic properties vary with 
direction in the sheet, the accuracy of the description 


becomes extremely important because a description 


which is the average of two others for X-ray reflections 


is in general not the average for other properties 


* Received February 1, 1957. 
+ The Mond Nickel Company 
Wigan Street, Birmingham 16. 


ACTA METALLURGICA, VOL. 


> 
\ 


Ltd., D & R Division, 


5, DECEMBER 


L957 


From this point of view then, a means of deciding 
between various descriptions is very necessary, and 


two methods have been used in the present work 


DISTINGUISHING 
TEXTURES 


AN X-RAY METHOD OF 
BETWEEN POSSIBLE 


The first approach used is as follows 


If a narrow strip be cut from a rolled sheet parallel 
the 


X-ray camera and revolved about its longitudinal 


to rolling direction it can be mounted in an 


axis. The resulting diffraction pattern will be that 
ot fibre the fibre 


direction. 


a texture, axis being the rolling 


the trans 


A similar strip cut parallel to 


verse direction will give the indices for this direction 
detined 


defined 


and, from the two, the texture is completely 


This technique thus enables the texture t 


though ol 


with two photographs only, 


give the pole figures. Such 


does not 
has been done on nickel sheet 
had cold rolled pel 
of the analysis are given in Table 

It that th 


[223 with 


0.004 in 


cent and 


rolling directio1 


been 


will e seen T ippears 


{ 


pel 


as which agrees none the theoretical 


+ 


textures given and which is not pendicular to 


Description 


Major roll 
Minor roll 
texture 


Found in fibre axis determina 


tions 


ture (110)[112 
| 
elange ce 
be 
E ] 
Rollit Rollir rai 
11] 110 
193 119 13] 
l 
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the observed transverse directions. This value is 
based on the centre of a very dense 111 reflection on 
the X-ray diffraction photograph which spreads over 
some 40 


the 200 and 220 reflections. 


in comparison with the value of 25° for 
This suggests that it is 
probably due to overlapping of reflections from 
11] 112 The 


derived for the transverse direction agree with those 


and fibre axis materials. axes 
of the major and minor roll textures and neither 
the roll direction nor the transverse direction agrees 


with the axes of the ‘‘Beck” texture. 


VARIATION OF YOUNG’S MODULUS 
Another way of distinguishing between the textures 
is to study the variation of elastic modulus with 
the sheet. It 
in a cubic crystal the Young’s modulus £ in any 


orientation in can be shown that 
direction is given by 
l 


bf x) 


where f(x) is a function of the direction cosines of 
It will be 


E arises from a maximum in f(z). 


the stress axis. noted that a maximum in 

In the case of a sheet with perfect texture this 
function f(x) depends solely on the angle the stress 
The 


equations are given below, @ in each 


axis makes with the roll direction. relevant 


case being 


measured from the rolling direction. 
] 


cos 44 
96 6) 2 


f(a) 


sin 44 
2 


(110)[112] 
cos 44 


(112)[11T] 


cos 24 


cos 44 
7: 


168 6 


sin 49 
14 


sin 24 
42V/ 14 


(123)[412] 


The presence of the sine terms means that there 
is asymmetry about the rolling direction. This is 


not appropriate in rolled sheet where the rolling 
process imposes symmetry about the roll direction 
similar 
9) must 


This is equivalent to 


in addition to the crystal symmetry. A 
expression, in which @§ is replaced by ( 
therefore be superimposed. 
discarding the sine terms. The amended equations 
are plotted in Fig. 1. 

The difference between the curves is obviously 


sufficiently marked for the variation of Young’s 
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f( ox) for(112)[117] 


4 Young’s 


“ modulus cold 
SX rolled Cu Sheet. 
<x Experi- 
mental. @—@ Calculated 


assuming equal mixture 
(110)[112] and (112){111) 
(after Weerts) 


modulus to be used as a criterion for choosing between 
descriptions of textures. The fourth quadrant of 
Fig. | shows the variation in Young’s modulus in 
cold rolled copper sheet as measured by Weerts.‘® 
It is obvious that the experimental results are much 
better fitted by a mixture of the major and minor 
roll textures than by the (123)[412] texture. In fact 
since Weerts obtained the same value for Young’s 
modulus in the 
it is clear that a mixture of (123)[412] and (110)[112] 
will not fit the experimental facts since both textures 


transverse and rolling directions 


give higher values for (fx) in the transverse direction. 
There must therefore be present some texture like 
(112)[111] which has its greater f(x) in the rolling 
direction. 
DISCUSSION 

On the evidence so far advanced it would appear 
therefore that the sole merit of the (123)[412] des- 
cription is that it explains the (111) pole figure in 
terms of a single texture. It is inconsistent with the 
fibre axis work on nickel and the Young’s modulus 
both of 
mixture of 


work on which must apparently 


like 


copper, 


be explained by some textures 
(110)[112] and (112)[111]. 
It will be noted that Weerts’ 


vary less widely than would have been expected. 


observed results 
It seems probable that this is due to scatter of the 
textures about their ideal positions which would 
smear the peaks out. Such a scatter has previously 
been invoked by one of us‘”) in producing a calculated 
pole figure, Fig. 2, which is strongly reminiscent 


> 


S30 
| 
/ + \ 
34 |-30 | -26f] -22 
| 
x + e 
\ 
\ 
f( ot) for (12 3) (412) \_ 
4 
Fic. 1. 
cos 20 
24 
sin 24 
7 ] 
cos 
‘ 32 24 
7 5 
32 


R. W. JONES anv E. A. FELL: 


RD 


©) 


£0 


305 ox 


2. Calculated (111) pole figure (1 10)[ 112}. 
texture. 
Standard deviation about RD 10 
Standard deviation about TD 5 


of the texture of silver given by Smallman. The 
calculated pole figure was derived from the ideal 
texture by a Gaussian distribution with standard 
about the transverse and 


deviations of 5° and 10 
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rolling directions. These values are in surprisingly 


close agreement with the spreads found in the fibre 


axis work, which may be regarded as support for 


the hypothesis that a pole figure can be described 


in terms of the proportions of ideal textures and 
interesting to have the 


their spreads. It would be 


an experiment in which a set of pole 


different 


results of 


figures was obtained for crystallographic 
planes, and an attempt made to calculate all but one 
of them from parameters obtained from that one 
The analy sis might well be extended to a prediction 
of the variation of the elastic properties with direction 


in the sheet. 
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THE EFFECTS OF AGING 


L. C. WEINERT 


It has been found that aging 


AND STRAINING 
HYDROGEN CHARGED 1020 STEEL 


and M. 


ON THE INTERNAL FRICTION OF 


AT LOW TEMPERATURES * 


GENSAMER* 


at room temperature or previous straining of hydrogen charged 1020 steel 


causes an internal friction peak at 105°K to appear, reach a maximum, decrease and finally disappear. 


This peak has been explained by a model which involves the dragging along of hydrogen atmospheres 


by oscillating dislocations. 


In addition another peak at 50°K has been observed which is apparently due to stress-induced diffusion 


of interstitial hydrogen. 


VIEILLISSEMENT ET DE 
VALEURS DE 


LES EFFETS DU 
TURES SUR LES 


sA DEFORMATION AUX 
FRICTION 


BASSES TEMPERA. 


INTERNE D’'UN ACIER 1020 CHARGE EN 


HYDROGENE 


Pour un acier 1020 chargé en hydrogéne, les auteurs ont trouvé que le vieillissement a température 


ambiante, 
atteint un maximum décroit, puis disparait. 


d*hydrogeéne sont attirées par des dislocations oscillantes. 


ou une déformation préalable, provoque a 105°K un pic de 


friction interne qui apparait, 


Ce pic est expliqué par un modéle ot les atmospheres 


En outre, ils ont observé un autre pic a 50°K, 


provoqué vraisemblablement par la diffusion de Vhydrogéne interstitiel sous l’effet des tensions. 


DER EINFLUSS VON ALTERUNG UND VERFORMUNG AUF DIE INNERE REIBUNG VON 


WASSERSTOFFBELADENEN 


1020 STAHL BEI TIEFEN TEMPERATUREN 


Es wurde gefunden, dass eine Alterung bei Raumtemperatur oder eine vorherige Verformung von 


wasserstoffbeladenem 1020 Stahl ein Maximum der inneren Reibung entstehen und wieder verschwinden 


lasst. Das Maximum wurde in einem 


Wasserstoffatmospharen mitnehmen. 
anderes 


\usserdem wurde ein 


Modell 


erklart, in 


Maximum bei 


dem oszillierende Versetzungen ihre 


50°K beobachtet, das anscheinend von einer 


spannungserzwungenen Diffusion von Wasserstoff auf Zwischengitterplatzen herriihrt. 


INTRODUCTION 

An internal friction peak had been observed”) at 
about 105°K, in 1020 steel that had been pickled or 
had been annealed in hydrogen at high temperature 
and pressure. An internal friction peak in hydrogen 
charged iron and steel in this temperature range has 
Marsh 


hydrogen 


also been Maringer, and 


observed bv 
Manning.” Another peak at 50°K in 
charged steel has been observed in this laboratory, 


Heller. 


interstitial 


which has also been observed by It seems 
likely that the 
peak is this lower one rather than that observed at 
LOS’ K. 
study was to learn more about the 105°K peak. 


stress-induced diffusion 


The objective of the continuation of this 


EXPERIMENTAL PROCEDURE 


The low frequency, vibrating reed type of internal 


friction apparatus used was described in the initial 


investigation:”) it has been modified to permit 


measurements to be made down to liquid helium 
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temperature, as well as to improve mechanical 
stability and versatility. The bell jar was replaced by 
a double walled, evacuated stainless-steel jacket which 
was sealed to the base with an O-ring. Either liquid 
nitrogen or liquid helium was used as a coolant, 
introduced into the system through a transfer tube 
and flushed directly on the specimen. For tempera- 
tures below that of liquid nitrogen an outer jacket was 
also used so that the double walled evacuated jacket 
and the base of the apparatus were immersed in liquid 
nitrogen. Temperature measurements were made with 
a copper-constant thermocouple, with each wire 
welded individually to the specimen approximately 
1 


ig in. from the point of least thickness. 


The specimens were the same as those used and 
described previously.”’ The steel was annealed at 
850°C for one half-hour, then air cooled. The machined 
specimens were subsequently annealed at 500°C for 
Hydrogen charging was carried out by two 
(a) at 600 Ib/in? at 500°C for 20 hr, followed 


2 hr. 
methods: 
by 2 hr at 600°C, and (b) cathodically, using an electro- 
lyte consisting of 4 per cent H,SO, with one or two 
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* 19 days aging at 300 *% | 

*16 days aging at 300 °K 


10, 
ee 


. 


| 
v* 5 days aging at 300 *K 


4 4 days aging at 300 °K 


417 


friction 


110 


Internal friction 
Internal 


17 


days 


* aging at 300 °K} 


| 
1 day aging 

at 300 K 

7 


The 


O days 


* aging at 300 *% 
100 No 120 130 
Temperature 


Fic. 1. Internal friction of hydrogen charged 1020 steel 


aged for various times at room temperature (frequency of 


20 c/s). 


drops of CS,, a current density of 2 mA/in® and a time 
of 24 hr. 
the same results: 


It was established that both methods gave 
the majority of observations were 
made with specimens charged at high temperature and 
pressure. Immediately after charging, the specimens 
were copper plated to help retain the hydrogen, and 
within one half-hour the internal friction measure- 
ments were started. Copper plating blank specimens 


produced no measureable effect on internal friction. 


RESULTS 

Fig. | shows a sequence of internal friction runs at 

a frequency of 20 c/s of a charged specimen that had 
been aged for various times at room temperature. No 
peak is present immediately after charging but with 
aging at room temperature, 300°K, a peak appears 
100 and 110°K and 


after 4 days aging time. Further aging causes the 


between reaches its maximum 
peak to disappear. The width of the peak indicates 
that it is not associated with a single time of relaxa- 
tion. Other specimens gave peaks at slightly different 
temperatures, all lying between 95 and 115°K. 
Internal friction measurements were made on other 
specimens that were strained in tension after charging 
and plating. Because of the shape of the specimens it 
was difficult to estimate the actual amount of strain. 
Fig. 2 presents the internal friction of a strained 
after 
Straining 


specimen upon immediate testing as well as 


aging | and 2 days at room temperature. 


FRICTION OF 


friction 


Internal 


14} 
O days aging at 300 °K 


80 90 100 lo 120 130 140 
Temperature °K 
Fic. 2. Internal friction of hydrogen charged and strained 


1020 steel aged for various times at room temperature 


(freque nev of 20 e/s) 


causes the peak to appear immediately at about 115° K 
and, as expected, the background is also increased, 
Aging at 300°K. for only | day caused the peak to 
disappear, with a decrease in background. Clearly, 
straining accelerates the entire process 

Another peak at about 50°K has been observed in 
this laboratory (Fig. 3). referred to by 


Hatfield Heller 


50°K on the initial measurement of internal friction 


Lecture found a peak at about 


which decreased with aging, while another at about 
With 
temperature peak disappeared entirely, leaving only 


LOO? K appeared. further aging lowe! 


the peak. sehavio1 similar to this 


with cold worked iron by Ke¢ 


Hahn 
of thi 


been observed 
Koster, Bangert and in whicl 
the 


diffusion of interstitial nitrogen 


rises at expense 20°C 


peak 


x10 


Internal friction 


Temperature 
3. Internal friction of hydroge 


unaged 1020 steel (frequency 
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DISCUSSION 


According to Wert’s empirical relationship,” the 


relaxation processes associated with the 50 and 105 K 


peaks should have an activation energy of about 
3000 cal/mole and 6000 cal/mole, respectively. Stross 
and Tompkins'‘®) and Geller and Sun‘®) found that the 


activation energy at higher temperatures for the 


interstitial diffusion of hydrogen in iron was 3050 
100 and 2900 cal/mole, respectively. 
the diffusion rate. D, from internal friction measure- 
(10) 10-17 em?/sec. This is in excellent 


ments gives 2.8 


agreement with 4.9 10-17 em2/see at 50°K obtained 
by extrapolation from Stross and Tompkins’ observa- 
tions using an activation energy of 3050 100 
with 


Geller 


reasonable agreement 


at 50°K 


cal/mole.'® and = in 


5.6 10-16 em?/sec obtained from 


and Sun’s observations using an activation energy of 


(9) this value of D from 


observations is off by 


2900 cal/mole. However. 


the internal friction seven 


orders of compared with an 


105° 


magnitude when 
43 10-9 em?/sec at 


em?/sec at 105°K. 


expected D and 
Poa 10 


tions strongly indicate that the 50°K peak is due to the 


These observa- 


stress-induced diffusion of interstitial hydrogen, but 
that the 105°K peak has its origin in another process. 

Ké and Koster et al.‘® attribute the 250°C peak 
to the dragging along of nitrogen and perhaps carbon 
atoms with oscillating dislocations. Similarly it may 
be assumed that the 105°K peak results from the 
dragging along of hydrogen atmospheres by oscillating 
dislocations. In charged and unaged specimens, the 


dislocation density is comparatively small, and 
because of the large distances between the dislocations 
it is possible that it takes some time for hydrogen to 
diffuse start 


Hydrogen atmospheres around dislocations would be 


to and saturation of the dislocations. 
virtually non-existent and the 105°K peak would not 
With 


diffusion of hydrogen can take place, resulting in 


ippear as yet. aging at room temperature, 
partial saturation of the dislocations by hydrogen and 
the This 


decrease the amount of hydrogen available for stress- 


appearance of the 105°K peak. should 
interstitial diffusion and a decrease of the 
These 


continue until the 50°K peak disappears and the 


induced 


50°K peak. concomitant processes should 


L05°K peak reaches a maximum. The 105°K peak 
would decrease with further aging and finally dis- 


appear upon achieving a sufficient degree of saturation 


Caleulation of 
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to immobilize the dislocations at a given stress level. 
Straining a charged specimen not only increases the 
dislocation density so that the distances necessary for 
hydrogen diffusion to the dislocations become quite 
small, but also increases the rate of that diffusion. 
Therefore partial saturation should be accomplished 
quickly and the peak should be observable immedi- 
ately. Apparently an aging time of only 1 day at 
room temperature is enough to bring about the 
disappearance of the peak through saturation. 

It is possible, of course, to imagine that these effects 
could be produced by such a process as strain-induced 
solution and dissolution of hydrides, but there is no 


evidence to support this. 


CONCLUSIONS 
the 105°K internal 


friction peak in hydrogen charged 1020 steel to appear, 


Aging or straining causes 
reach a maximum, decrease and finally disappear. In 
addition, another peak, at 50°K, apparently due to 
stress-induced diffusion of interstitial hydrogen, has 
The 105°K 


explained by a model similar to one proposed for 


also been observed. peak has been 


peaks associated with nitrogen and carbon in cold 


worked iron. and involves the dragging along of 


hydrogen atmospheres by oscillating dislocations. 
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UBER EINIGE GRUNDFRAGEN DER BILDUNG UND DER HAFTUNG 
VON ZUNDER AUF EISEN* 
H. ENGELL? und F. WEVER 


Bei bevorzugter Diffusion des Metalls oder des Sauerstoffs in der Oxvyds 
Verzunderung von Metallen eine Art Kirkendall-Effekt auf. Bei iiberwiegender Metalldiffusion kénnen 
Hohlraume zwischen Zunder und Metall entstehen, oder es kann eine Oxydschicht mit teilweise poriger 
Aufbau gebildet werden. Beides beeinflusst die mechanische Haftung des Zunders auf dem Metall und di 
Kinetik der Oxydation. Bei bevorzugter Sauerstoff-Diffusion muss es zu Druckspannungen zwischen 
Metall und Oxydschicht und als Folge davon zu einem Abplatzen des Zunders vom Metall kommen, wen: 
das gebildete Oxyd ein grésseres Molvolumen als das Metall hat. 


; 


In der Wiistitschicht, die bei der Oxydation von Eisen gebildet wird, ist im Temperaturbereich von 


600 bis 850°C fast ausschliesslich das Eisen diffusionsfahig. Trotzdem treten bei Proben mit ebenen 
Oberflachen nur in Sonderfallen Spalten zwischen Oxyd und Metall oder Hohlriume im Eisen auf, und 
die Zunderschicht ist dicht und porenfrei. Experimentell lasst sich zeigen, dass in diese1 
zwischen Zunder und Metall durch einen Fliessvorgang der Zunderschicht aufrechterhalten wird 
Hohlraum, der wegen der Auswartsdiffusion des Metalls im Innern der Probe gebildet werden mii 
wird durch diesen Fliessvorgang geschlossen. An den Kanten von Proben mit ebenen Oberflachen 
bei Drahten ist der Fliessvorgang wegen der Kriimmung der Oxydschicht behindert. Daher treten hie 
besondere Erscheinungen auf. Spiralen aus diinnem Ejisenband wickeln sich bei der Oxydatio 
zusammen. Auch diese Erscheinung lasst sich auf den Fliessvorgang zuriickfiihren 

An Proben mit Platindraht-Markierungen auf der Metalloberflache durchgefiihrte Oxydations 
versuche zeigen, dass oberhalb 850°C bei langeren Versuchszeiten auch eine Einwartsdiffusion 


Sauerstoff durch die Oxydschicht erfolgt 


SOME BASIC PROBLEMS OF THE FORMATION AND ADHERENCE OF 
SCALE ON IRON 


Some kind of Kirkendall effect occurs due to preferential diffusion of either m« 


oxide layer during the scaling of metals. If the metal diffusion predominates voids 


scale and metal, or the oxide layer is porous 


of scale on the metal and the kinetics of oxidation. 


th 


Both these phenome na influence the 


In the case of preferen 


will be a compressed region at the boundary metal to oxide (if the oxide has a la 
the metal) which facilitates the peeling-off of the scal 
In the Wuestit layer formed during the oxidation of iron only 
850°C. Despite this there are rarely gaps between oxide and meta 
dense and free of pores. It can be shown experimentally that in this cas 
and oxide is maintained by plastic flow in the scaling layer which ¢ 
diffused outward. Near the edges of plane specimen and on wit 
hinders flow which makes for complications. Spirals of thin 
the flow process. 
It could be shown on specimen marked with platinu 


above 850°C an inbound oxygen diffusion occurs through t} 


QUELQUES PROBLEMES FONDAMENTAI 
ET L’ADHERENCE DE L’OXYDI 
Pendant l’oxvdation des métaux, une sorte d’effet Kirkendal 
soit du métal, soit de loxvgéne dans une couche d 
Si la diffusion du métal prédomine, des vides se fort 
est poreuse. Ces deux phénomeénes influencent [adhe 
la cmetique de loxydation. Dans le cas d'une diffusior 
métal—-oxyde, une région comprimée (si oxyde a un 
qui facilite l’écaillage de oxyde. 
Dans la couche de Wustite formée pendant loxy¢ 
850°C. Malgré cela, rares sont les lacunes entre ox 
dense et exempt de pores. 
On peut démontrer expérimentalement que dans ce 
par écoulement plastique dans la couche d’oxyde qui form 
vers lextérieur. 
Prés des bords d’un échantillon plan et sur les fils, la courbure de la cou 


l’écoulement, ce qui donne lieu a des complications. Des spirales de minces lamelles « 


a cause du processus d’écoulement. 


On peut montrer sur un échantillon marqué avec des fils de platine 


de longue durée au-dessus de 850°C une diffusion d’oxygene apparait 


* Received November 7, 1956; in revised form April + Mitteilung aus den 
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liftu between 600 
nt rol | 
e petweel 


MET 


1. EINLEITUNG UND PROBLEMSTELLUNG 

Bei der Oxydation des Eisens und vieler anderer 
Metalle bildet sich nach sehr kurzer Zeit eine deckende, 
Metalloberflache 


aus. Ein Fortschreiten der Oxydation ist nur méglich, 


porenfreie Oxvdschicht auf der 


wenn die Reaktionspartner, also Metall und Sauerstoff, 
hindurch miteinander in 
Hierfiir ist erforderlich, 


durch diese Oxyschicht 
Bertthrung kommen kénnen. 
dass wenigstens einer der Reaktionsteilnehmer durch 
die Schicht 


Oxydation des 


kann. Bei der 
570°C 


hindurch diffundieren 


EKisens oberhalb entstehen, 
vom Eisen ausgehend, die Oxyde Wiistit (Fe, _,Q), 
Magnetit (Fe,0,) und Hamatit (Fe,QO,) in Schichten 
auf Der Wiistit bildet den _ itiber- 
Zunderschicht. Nach Unter- 
Mehl, Birchenall™ 


ist im Wiistit fast ausschliesslich das Eisen diffusions- 


Eisen. 
Teil 


von 


dem 
wiegenden der 


suchungen Himmel, und 
fahig. 

Im Verlaufe der Oxydation des Eisens diffundiert 
demnach stindig Eisen durch den Wiistit hindurch 
nach aussen. Wegen der fehlenden Sauerstoffdiffusion 
kann der damit verbundene Materialverlust im 
Probe 


Phasengrenze 


durch Bildung von Oxyd 


Wiistit/Eisen 


Innern der nicht 


an der ausgeglichen 


werden. Es miisste daher zur Ausbildung von 


Hohlriumen an dieser Phasengrenze oder im Inneren 
des Eisens kommen.'*-*) Die Bildung einer pordsen 


Oxydschicht nahe der Phasengrenze zum Eisen, 


von Dravnicks und McDonald‘? 


Schliessung 


wie sie angenommen 


wird, kann keine vollstandige dieser 


Hohlriume bewirken. 


2. DER AUFBAU DER PHASENGRENZE 
WUSTIT/EISEN BEI DER OXYDATION VON 
PROBEN MIT EBENEN OBERFLACHEN 
ZWISCHEN 600 und 850°C 
Fliessvorginge in de r Oxydschicht. Bei der Oxydation 
von Eisenproben, die dick sind im Vergleich mit der 
Zunderschicht, 


der 


konnten bisher niemals 
Zunder/ Metall 
Dunnington, Beck, und Fontana‘? 

1090°C die 


gebildeten 


Spalten an Phasengrenze beo- 


bachtet werden. 


beobachteten bei Bildung einzelner 
Phasengrenze. 
bildeten 
dichte, 


Zunderschichten aus, die fest auf dem Eisen hafteten. 


Hohlraume an dieser sei Tempe- 


raturen zwischen 600 und 850°C sich bei 


unseren Untersuchungen voOllig porenfreie 


Hohlraume an der Phasengrenze konnten nicht 


beobachtet werden. 
Befund 


den hier eingehaltenen Bedingungen keine Hohlraume 


Dieser wirft die Frage auf, warum unter 


welchen Mechanismus sie 
Zur 
eines im 
Luft 


auftreten oder durch 


wieder geschlossen werden. Klarung dieses 


Vakuum ersch- 


Sauerstoff 


Problems wurden Proben 


molzenen Reineisens an oder in 
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Ass. 1. Schematische Darstellung der Ausmessung einer 
bei 750°C 8 Stunden an Luft oxydierten Eisenprobe. 


oxydiert, bis Zunderschichten zwischen 0,1 und 


0.5 mm Dicke gebildet waren. Anschliessend wurde 
mit dem Metallmikroskop der Aufbau der Zunder- 
schicht, besonders der Phasengrenze Zunder/Metall, 
untersucht und die Dicke der Oxydschichten und 
des verbliebenen Eisens ausgemessen. Ein typisches 
Ergebnis dieser Versuche ist in Abb. 1 schematisch 
dargestellt. 
wurde 8 Stunden bei 750°C an Luft oxydiert. 


Eine Eisenprobe von 1,78 mm _ Dicke 
Nach 

Die 
Oxydschicht war in den Flaichenmitten 0,257 mm, 
1,51 Die 


Phasengrenze Oxyd/Eisen hatte sich also im Verlauf 


dem Versuch wurde die Probe angeschliffen. 


) 


der verbliebene Eisenkern mm dick. 


des Versuchs um 0,135 mm nach innen verschoben. 
Hohlraume waren nicht zu beobachten. 

Diese Verschiebung der Phasengrenze nach innen 
bei kompaktem Aufbau aller Phasen kann nur auf 
der Einwirtsdiffusion einzelner Gitterbausteine der 
Oxydschicht, also des Sauerstoffs, oder auf einer 
Bewegung, also einer Art Fliessvorgang, der ganzen 
ihrer Langsausdehnung 


Oxydschicht senkrecht zu 


beruhen. Eine Unterscheidung zwischen diesen 


beiden Moéglichkeiten kann erfolgen, wenn man auf 


der Oberfliche des Eisens vor der Oxydation Marken 


aus einem unangreifbaren Material anbringt. Diese 
Marken 


sie nach dem Versuch im Schliff mit dem Mikroskop 


miissen solche Abmessungen haben, dass 
zu erkennen, jedoch klein gegeniiber der Dicke der 
Oxydschicht sind. In der vorliegenden Untersuchung 
wurden die Proben mit einem Platindraht von 30 4 
Durch ein angehingtes 
Draht 


gedriickt. Bei 


Durchmesser umschlungen. 


Gewicht von etwa 1 g wurde der egen die 


schwach gewdlbte Probenoberseite 


einigen Versuchen wurden Platinkristallechen durch 
Platinschwarz 
Wenn 
findet 


Innern 


elektrolytisches Niederschlagen von 


auf die Eisenoberfliche au‘gebracht. eine 


Diffusion von Sauerstoff erfolgt, so man 
Versuch im 
Sauerstoff 


und unter der Markierung 


die Platinmarke nach dem 


der Oxydschicht vor, da um das 
Platin 
mit Metall zu Oxyd reagiert. Durch einen Fliessvor- 
gang wird das Platin dagegen mitbewegt. Wenn 
keine Sauerstoffdiffusion stattfindet, bleibt die Markie- 


rung also an der Phasengrenze Oxyd/Metall. 


herumdiffundiert 


Vor Nach 
versuch versuch 
| 
| 
| | 4. 
eee 


niedergeschlagenen 
600°C in 123 


ABB. 2. Lage einer’ elektrolytisch 


Platinmarkierung in einer auf Reineisen bei 
Stunden an Luft gebildeten Zunderschicht. 500 : 1. 


Die Abb. 2 und 3 zeigen, dass bei der Oxydation 
Platinmarken an 
Die 


also 


von Eisen bei 600 und 800°C die 
der Phasengrenze Wiistit/Eisen geblieben sind. 
Mocglichkeit einer Sauerstoffdiffusion 


Zur Erklarung der bisher beschriebenen Erschei- 


scheidet 


aus. 


nungen muss man daher annehmen, dass in diesem 


Temperaturgebiet die Haftung zwischen Eisen und 
Zunder bei der Oxydation durch einen Fliessvorgang 


der Zunderschicht aufrechterhalten wird. 


Der Kanteneffekt. Das Fliessen des Zunders im 


Verlaufe der Oxydation ist an den Ecken und Kanten 


FeO+ Fe,0, 


Pt—draht 


Platindrahtmarke in einer bei 800°C in 25 Stunden 
Zunderschicht auf Reineisen. 200: lL. 


ABB. 3. 


an Luft gebildeten 


ND HAFTUNG VON ZUNDER 


Kanteneffekt bei einer 24 Stund 


Sauerstoff oxydierten Reineisenprobe 


ben nicht ungehindert 
die 


gegenseltig 


von ebenflachig begrenzten Pro 
Hier 


einanderstossenden 


rechtwinklig auf- 


VW egen 


moglich. stiitzen sich 
Schichten 
der Behinderung des Fliessens lésen sich die Zunde1 
Metall ab. Hier 


Eisen in 


schichten an diesen Stellen vom 


weitere Ubergang von 


| lest 


durch wird det 
Zunderschicht 


dass. die 


bleibt 


gehemmt Hemmung 


Zunderschicht an 
Magnetit 


Flachenmitten 


die 
wirkt. diesel Stellen 


diinnet und aus und wenigel 


Wiistit 
Wegen 
wird an den 
Die 


aufgebaut ist als an den 


der geringeren Oxydationsgeschwindigkeit 


und Ecken weniger Eisen vet 


Oxvd Me tall 


Kanten 


braucht. Phasengrenze wandert 


innen als ar 


Ke! 


an diesen Stellen also langsame! nach 


] 


und die Kanten und 


den Flachenmitten 
ragen nach der Oxydation tiber die F 
In Abb. 4 ist 
Probe 


Bei 600 und 700°C wurd 


dieser Kanteneffekt 


einel zu erkennen, die be 


wurde. 
heobachtet 


De r Spirale n-E ff kt Be i de r xvd 


aus diimnen  Eisenblechstreifen 


heobachteten wir, dass sich die Spiralen 


der Oxydation um ihre Achse drehen. 


nung wurde naher untersucht Es wurden 


aus 0.3 mm dickem und 3 mm breitem Eisenb 


derart gewickelt, dass sie einen inneren Durchme 
Windungen hatten Det 
An beiden 


von 3 
Abstand der Windungen 
Enden der Spirale blieb ein etwa 30 


mm und 6 bis 10 


betrug 2 mm 


cm 


nicht aufgewickelter Blechstreifen, der in Richtung 


der Achse der Spirale zeigte Blech 


An dem einen 


streifen wurde die Spirale in einem Quarzroh 
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Nach 
versucn 


Darstellung 


stiindiger Oxydation bei 700°C in Sauerstoff. 


Schematische eine! Eisenbandspirale 


ABB. 5. 
vor und nach 34 
des anderen Blechstreifens 


Am Ende 


wurde ein Zeiger angebracht. 


iufgehanet. 
Die ganze Anordnung 
hing frei in einem 75 cm langen Quarzrohr, das am 
Ende Am 


war das Quarzrohr mit einer Hochvakuumpumpe 


unteren verschlossen war. oberen Ende 


verbunden. Der mittlere Teil des Rohres wurde in 


senkrecht stehenden elektrischen R6hrenofen 


Vor Rohr 


evakuiert und die Spirale auf 900°C erwirmt, um 


einen 


gebracht. dem Versuche wurde das 


durch das Aufwickeln entstandene Spannungen in 
Metallband 


Spirale 


Eine Drehung der 


festgestellt 


dem abzubauen. 


konnte hierbei nicht werden. 
Dann wurde der Ofen langsam auf 700°C abgekiihlt und 
nach Einstellung dieser Temperatur Sauerstoff einge- 
lassen. Nach etwa 2 Minuten konnte an dem aus dem 
Ofen herausragenden Zeiger der Beginn des Drehens 
Abb. 5 ist eine Spirale vor 
dargestellt. Sie hatte 
Versuch 9 Windungen. 


in der Versuchsdauer 


werden. In 
Versuch 


dem 


festgestellt 
nach dem vor 


Versuch 7. 


Durchmesser hat 


und 
nach 
hr 
von 34 Stunden von 3.8 mm auf 2.4 mm abgenommen. 

Gleichartige Ergebnisse wurden erhalten, wenn 
Spiralen an Luft in den 700°C heissen Ofen eingesetzt 
wurden. Die zahlenmassige Reproduzierbarkeit war 


allerdings nicht gut: es traten Abweichungen von 


20°, auf. 
Qualitativ 


beobachten, wenn man eine Spirale in einer Gas- 


lasst sich diese Erscheinung auch 


flamme erhitzt. 
Auf 


lasst 


innere Spannungen in den Oxydschichten 


der Spiraleneffekt 


Wenn namlich Druckspannungen in den Schichten 


sich nicht zuriickfiihren. 


auftreten, miissen sie an der Innenfliche der Spirale 


mit wachsender Schichtdicke stirker zunehmen 


r. 


Oxyd 


Verhaltnisse bei der Oxydation 
Bleches. Erlauterungen 


6. Geometrische 
eines halbkreisf6rmig gebogenen 
im Text. 


als an der Aussenflache, da sich die Oberflache des 
Oxyds innen mit wachsender Schichtdicke verringert. 
Fiir Zugspannungen gilt das Entgegengesetzte. Also 


miissten derartige Spannungen, unabhangig von 


ihrem Vorzeichen, immer zu einem Aufwickeln 


der Spiralen, also einer Verminderung det Windungs- 


zahl, fiihren. 
Das 


der Oxydation lisst sich jedoch aus der Tendenz der 


Zusammenwickeln der Spiralen im Laufe 


Oxydschichten erkliren, den Zusammenhang mit 
dem Eisen nicht zu verlieren, also den Zwischenraum 
zwischen Zunder und Metall aufzufiillen, der wegen 
der Auswirtsdiffusion des Eisens auftreten miisste. 
Die Schliessung des Spaltes kann durch Zusammen- 


Abb. 


schematisch 


biegen der Probe erfolgen. wie in 6 fiir eine 


halbkreisférmig gebogene Blechprobe 
gezeigt ist. Auf der Oberfliche des Bleches mit der 
Dicke d lo ry 
der Langen /, und /, gebildet. Gibt man den Krim- 


haben sich zwei Zunderschichten 


mungswinkel g im Bogenmass an, so gilt 
] 


Nimmt man an, dass die Langen der beiden Oxyd- 
Lingendifferenz Al 


muss die 


schichten und also auch die 


wihrend des Versuchs gleich bleiben, so 
durch das Wachstum der Oxvdschichten bedingte 
Abnahme der Blechdicke d durch eine Zunahme des 


Kriimmungswinkels ausgeglichen werden. 


OXYDATION DES EISENS 
OBERHALB 850°C 


3. DIE 


Bei der Oxydation von Eisen oberhalb von 850°C 
und bei langeren Versuchszeiten wurde beobachtet, 
dass die Platinmarken nach dem Versuch innerhalb 
der Wiistitschicht lagen. Abb. 7 zeigt den Anschliff 
Probe, die 21 1000°C an Luft 
oxydiert wurde. Die Platinmarke liegt mitten in der 
Wiistitschicht. Das 
beobachtet, die 455 min bei 1000°C und 20 Stunden 


einer Stunden bei 


gleiche wurde bei Proben 
lagen 


LOOO 


bei 900°C oxvdiert worden waren. Dagegen 
die Marken bei Versuchen, die bei 900 bzw. 
nur iiber 50 bzw. 30 min fortgefiihrt worden waren, 


noch an der Phasengrenze Eisen/Wiistit. 
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Ass. 7. Platindrahtmarkierung in einer bei 1O00°C in 
21 Stunden an Luft gebildeten Zunderschicht auf 


Reineisen 


Versuchserge bniss¢ 
der 


Temperaturen 


Auf Grund der geschilderten 


muss Bildung sehr 
dicker Oxydschichten bei oberhalb 


850°C auch eine Diffusion von Sauerstoff im Wiistit 


man annehmen, bei 


moglich ist. Allerdings ist diese Annahme nicht im 
Einklang mit den Ergebnissen von Himmel, Birchenall 


und Mehl.”) Wie diese Diskrepanz zu erklaren ist, 


NG UND HAFTUNG VON ZUNDER 


muss noch dahingestellt bleiben Der 


Aufbau der Zunderschicht ist 


ausreichende 


allein nfalls 


Erklarungsmoglichkeit fiir das 
Platinmarkierungen in den Wiistit 


wachsen der 


4. DIE OXYDATION VON EISENDRAHTEN 
Haft 


Oxydatiol 


In Kapitel 2 wurde gezeigt, dass di 


Metall 


Temperaturbereich 


zwischen und Oxyd bei det 


Eisen in zwischen 600 


850°C durch ein Fliessen der Oxydschichtau 
bleibt. An 


hegrenzte1 


erhalten Kanten und Ecken 


Proben behindert di 


senkrecht aufeinander stehenden Oxydschi 


diesen Fliessvorgang. Ahnliche Erscheinungen 


erwarten, wenn man Proben mit gewodlbten 


Aucl 


Fliessvorgang der Oxydschicht durch di 


flachen, also z.B Drahte oxydlert 
muss det 
zvlindrische Form der Schicht erschwert oder verhit 
dert Annahm«e 
Driahte 


Durchmesser im 


werden. Um diese zu priifer 


aus Reineisen von 0,36 und | 


Temperaturbereich von 600 
850°C in Sauerstoff oxydiert. Diese Versuche w 


in einer bereits friiher beschriebenen'® Appa 


durchgefiihrt, die durch Messung der bei 
Druck aufgenommenen Sauerstoffmenge 
der Reaktion zu verfolgen gestattet« 
Kinetik der Oxydatior vo? Drdht 
der Kinetik der Oxydation ebenflichig 
Proben kann der Reaktionsverlauf bei der Ox 
von Drahten durch drei Urs 
(1) Wegen de 
inden Schichten ein zylindersy1 
feld Vol 
2) Dic 
der Oxydation 


3) Bei 


bel de 


ichen 


verandel 
Obert 


hes Dit 


Kriimmung adel 


me;trist 
Oberfliel 


bevorzugtel Vetal 
Oxydation in 
auitreten, di 

dureh 
werden kénnen. Wie s 
diese Hohh 
Spaiten an der Ph 


Ube 


Oxydschicht nicht eine! 
lossen 
wurde treten 
isengrenze 
dass det 
behindert 
Det 
Drahte 
die Dicke dei 


ordnung wie det 


wird 
erste Einfluss 
weitgehend durchox\y 
Oxvdschich 
Drahtradius 
Versuchen wut 
Auch del 

den Drahten nur rel 


gebildet Durch Ausn 


Drahtdurchmessers im Schliffbild nach der Oxy: 


vorli genden 
vermieden 
solange auf 


schichten werden 
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50 100 150 


Minutes 


ABB. 8. 
Der Punkt 
korrigierten Endwert dieser Kurve. 


iiber der obersten Drahtkurve gibt 


kann dieser Faktor bei der Auswertung  beriick- 


sichtigt werden. 
Abb. 8 zeigt die Oxydationsgeschwindigkeit 
Blechen 


einem 


von 


aus dem gleichen Reineisen 


Sauerstoffdruck 
Die Proben wurden vor den Versuchen entfettet 


Draihten und 
bei 700°C 
Hg. 
und in einer Salzsiure-Phosphorséure-Schwefelsaure- 
Wahrend Blechen 
gemessenen Kurven in der parabolischen Darstellung 
Verlauf 


und 


und von 300 mm 


Mischung gebeizt. die an den 


einen linearen haben, sind die Kurven der 
Drahte 
Oxydationsgeschwindigkeit. Der Endpunkt der Oxy- 
Drahtes ist unter Beritick- 
der Oberflache des Drahtes 


Abbildung 


gekriimmt zeigen eine verminderte 


dationskurve des einen 


sichtigung der Abnahme 
eingezeichnet. 


korrigiert und in die 


den 


200 250 


Kinetik der Oxydation von Blechen und Drahten aus dem gleichen Reineisen bei 700°C. 


fiir die Oberflachenabnahme des Drahtes 


Man erkennt, dass der Unterschied zwischen den 


Versuchen an 
auf diese Verringerung der Oberflaiche zuriickfiihrt 


Blechen und an Drahten nicht allein 


werden kann. 
Die metallographische Untersuchung der Drahte 


nach der Oxydation ergab erwartungsgemiss, dass 


sich der Draht teilweise von der Oxydschicht abgelost 
hatte. 
des Ubergangs des Eisens vom Metall in das Oxyd. 
Auf Grund der behinderten Eisennachlieferung bleibt 
die Oxydschicht tiber dem Spalt diinner und wird 
Magnetit 


hauptsachliche 


Diese Spaltbildung bewirkt eine Hemmung 


zum grossen Teil zu aufoxydiert. Die 


Spalt bildung ist die Ursache fiir 
die Abweichung vom parabolischen Zeitgesetz bei 


der Oxydation von Drahten. 


50 100 


Minutes 


ABB. 9. 


150 


Kinetik der Oxydation von Reineisendrahten, 0,36 und 0,48 mm 


Durchmesser, zwischen 650 und 800°C. 
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Ass. 10. Querschliff durch einen bei 750°C 266 min in 
Sauerstoff oxydierten Reineisendraht. 120 : 1. 


Abb. 


Reineisendrahten 


die Kinetik von 


Man 


sieht, dass bei Temperaturen iiber 715°C bei langeren 


der 
650 


9 zeigt Oxydation 


zwischen und 800°C. 
Oxydationszeiten ein Umbiegen der Kurven nach 
oben erfolgt. Diese Zunahme der Oxydation beruht 
Oberflache 


gebildet 


darauf, dass auf der freiliegenden des 
Drahtes Wiistitschicht 


sobald die aussere Oxydschale véllig zu Magnetit und 


eine neue wird, 
Hamatit aufoxydiert ist. Abb. 10 zeigt diese Erschei- 
nung an einem Draht, der 266 min bei 750°C oxydiert 
Ob der Sauerstoff durch Diffusion durch den 


Magnetit gelangt oder aus einer teilweisen Zersetzung 


wurde. 


dieses Oxyds an der Oberfliche zum Spalt herriihrt. 


ist nicht zu entscheiden. Die neu gebildete Wiistit- 


10781000; T 
Reineisendraht 0-48mm 


100 1000 

Time 
ABB. 
0,48 
stellung 
suchszeiten. 


ll. Kinetik der Oxydation eines Reineisendrahtes, 
Durchmesser, bei 715°C, und Dat 
Drahtquerschnittes zu Ver 


mm schematische 


des verschiedenen 


NG UND HAFTUNG VON ZUNDER 


Wachstums 


11 ist diese 


schicht lést sich im Verlauf ihres auch 
wieder vom Metall ab. In Abb 


und ihre Zuordnung zu den veschiedenen Abschnitten 


Erscheinung 
einer bei 715°C gemessenen Oxydationskurve sche 
Zeitabschnitten In 
det 


Reaktion 


matisch dargestellt In den 


denen die ganze Drahtoberfliche an innersten 


Oxydschicht haftet, gehorcht die dem 


para bolischen Zeitgesetz. das durch clie gestri helten 
Geraden in Abb. 25 angedeutet ist. Die Ablésung der 
Metalloberfliche 


ist jeweils mit 


von der innersten Oxydschicht 


Abnahme der Oxydationsge- 


Wegen 


Oxydschichten 


einer 
standige n 


Drahto- 


schwindigkeit verbunden dieses 
Auf baus 
berflache zeigen durchoxydierte Driaihte einen schaligen 
Aufbau der Zunderschicht. Die Folge 


ist um hoher die Versuchstemperatur 


neuer auf det 


der Schalen 


so dichter, je 


Querschliff dur 


1 Sauerstoft durchg 


ist. In Abb. 12 


bei SdS0°C 


ist als Beispiel det (Juerst 


einen durchoxydierten Reineisendraht 
wiedergegeben 
5. SCHLUSSBETRACHTUNG 
Die durchgefiihrten Untersuchungen der Oxydation 
von rechteckigen Eisenproben, Eisenbandspiralet 
Ubereinstimmung 


fiir dic 


und Eisendraihten sind in gute1 


miteinander und ergeben folgendes Abbildung 


Oxydation des Eisens im Temperaturbereich von 


600 bis 850°C 


(1) Versuche mit Platinmarkierungen zeigen, dass 


fast aus- 


in diesem Temperaturbereich im Wiistit 


schliesslich das Eisen diffusionstfahig ist 


H. J. ENGELL unp F. WEVER: BILDU RII 701 
fs 
‘ 
F 
100 
| | | Zuncderten Meine 
| 
= 
| 4 | 
0-1 


702 ACTA M 
(2) Bei ebenflaichig begrenzten Eisenproben, die 

Zunderschicht sind, 
treten der Metalls 
keine Spalten, Poren oder Hohlriume im Metall oder 


dick gegeniiber der gebildeten 


trotz Auswiartsdiffusion des 


in der Zunderschicht auf. Der Zusammenhalt von 


Zunder 


Oxydschicht 


Eisen und wird durch einen Fliessvorgang 


der senkrecht zur Probenoberfliche 


aufrechterhalten. 
den Ecken und 


(3) Dieser Fliessvorgang ist an 


Kanten der Proben behindert, so dass sich hier 
Spalten zwischen Metall und Oxyd ausbilden, die 
das Fortschreiten der Oxydation an diesen Stellen 
hemmen. 

(4) Bei der Oxydation von Spiralen aus Eisenband 
bewirkt der Fliessvorgang ein Zusammenwickeln 
der Spiralen im Verlauf der Oxydation, da sich der 
Abstand zwischen den Oxydschichten auf der Innen- 

des Bandes 
Metallbandes 
Schichten annahernd konstante Lange haben. 


Drahten 


und Aussenseite wegen der Dicken- 


abnahme_ des verringert und die 


(5) Bei der Oxydation von aus Eisen 
gebildeten 
Deshalb 


treten hier Hohlraume zwischen Metall und Zunder 


verhindert die zylindrische Form der 


Oxydschichten ein Fliessen des Zunders. 


ETALLURGICA, 


6. 
chem. 58, 478/82 (1954). 


L957 


VOL. 5, 
auf. Diese Hohlriume hemmen den Ubergang von 
Eisen vom Metall in das Oxyd und _beeinflussen 
dadurch die Kinetik des Vorgangs und die Anteile 
der drei Eisenoxyde am Aufbau der Zunderschicht. 

Bei Temperaturen tiber 850°C und bei dicken 
Zunderschichten scheint, wie Versuche mit Platindraht- 
Diffusion 
Der bei 


nahe der 


ergeben, auch eine von 
Wiistit aufzutreten. 
gebildete Zunder 
Phasengrenze Eisen/Wiistit 
Aufbau. Die Kinetik der Oxydation und die Anteile 


der einzelnen Oxydphasen am Aufbau der Zunder- 


markierungen 
Sauerstoff im diesen 
Temperaturen zeigt 


einen stark blasigen 


schicht werden dadurch beeinflusst. 
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DAMPFUNGSMESSUNGEN AN SCHWACH GERECKTEN 
EISEN-KOHLENSTOFF-LEGIERUNGEN* 


W. WEPNER? 
An Reinsteisenproben, die auf weniger als 0,02 Kohlenstoff aufgekohlt waren, 
der Ausscheidung ohne oder nach einer geringen Kaltverformung aufsteigend bis 
sucht. Wahrend die unverformten Proben das bekannte Zeitgesetz der Karbidausscheid 
um 5% gereckten Proben das Cottrell’sche Zeitgesetz fiir die Kohlenstoffaufnahm« 
zeigten, bestand die Ausscheidungskurve der schwach 


urct 

gereckten Proben aus zwei Abschnitt 
zeitlich vorangehende entsprach dem zuletzt genannten Zeitgesetz, der darauf folgende den 
der Karbidausscheidung. Bei einer Auslagerungstemperatur von 38°C setzte d 


er zwelté« 
Beendigung des ersten ein, bei 80°C hingegen waren beide Abschnitt« 


durch einen Zeitab 
Ergebnisse lassen sic] 
von Kohlenstoffwanderung zu Versetzungen und Karbidausscheidung deuten 

Aus der Zeitkonstanten des ersten Abschnittes 
verschiedenen Reckgrade berechnet und mit 


wahrend dessen die Ausscheidung nicht merklich zunahm. Diese 


wurden die Versetzungskonzentrationen fiir di 
Angaben aus dem Schrifttum verglichen. Di 
Zeitgesetzen zum Ausdruck kommenden Unterschiede zwischen Kohlenstoffbindung an eine Ver 


und an ein Karbidteilchen werden zur Deutung einiger Versuche 


in den beids 


setzung 


he rangezongen, denen die Probe 
im Ausgangszustand einen geringen Anteil des Kohlenstoffs als Karbid enthielten 


MEASUREMENTS OF INTERNAL FRICTION ON SLIGHTLY STRAINED 

IRON CARBON ALLOYS 
The time dependence of precipitation was investigated in a specimen of pure iron t« 
0.02 per cent carbon was added, with or without previous slight deformation up to 5 per cent strain 


The undeformed specimen showed the well-known time law of the precipitation of 


strained 5 per cent followed Cottrell’s relation for the movement of carbon to dislocations. The 
tation curve of the intermediate strained specimen consisted of two stages; \ 


relation was followed by the time law of carbide precipitation \t 


carbide, the specimen 
precipi 
first, Cottrell type 
an ageing temperature ¢ < © the 
order of the time laws was reversed, at 80°C the two stages were separated by a period in which pr 


ipi 
tation did not increase much. These results can be 


interpreted in terms of a superposition 
movement of carbon to dislocations and of the precipitation of carbide 
From the time constants of the first stage, dislocation densities for 


different strains were alculated 
and compared with values taken from the literature 


The differences in binding of a carbon atom to 


f 
) 


dislocation and a carbide particle, evident in the two time relations, were used in the interpretation « 


some experiments in which the specimen initially contained little carbon in form of carbid: 


MESURES DE FRICTION INTERNE SUR DES ALLIA( 

FER-CARBONE FAIBLEMENT DEFORMES 
L’auteur a étudié l’évolution au cours du temps de la précipitation dans un 
auquel on avait ajouté moins de 0,02% de carbone, soit sans déformation 
préalable (jusqu’a 5%). Sur léchantillon non déformé, on a 
précipitation des carbures tandis que lalliage déformé a 
la diffusion du carbone vers les dislocations. 


ou 
observé lévolutio 

5°, suit la relation 

La courbe de précipitation de l’échant 1 défor: 
de 5% se décompose en deux parties: la premiére s’identifie 4 une relation « ve Cottrell et 
suivie par une seconde représentant la loi d’évolution au cours du temps de la précipit 
Pour un vieillissement & 38°C, l’ordre des lois de précipitation est inversé tandis 
stades sont séparés par une période ot: la précipitation ne s’accroit guére. | 
interprétés en fonction de lhypothése de la diffusion du carbone vers 
précipitation des carbures. 


les dislocations suivies de 


En fonction des constantes de temps du premier stade, les densités de dislocations pour différents 
degrés de déformation ont été calculées et comparées avec les valeurs trouvées dans la li 

En partant des différences de liaison d’un atome de carbone associé 4 une dislocation ou inclus dans 
un carbure, ona pu donner une interprétation de certains essais ou Véchantillon ne contenait initialement 
qu’une faible proportion de carbone précipité. 


Die Karbidausscheidung in Eisen-Kohlenstoff- ergeben, worin W 
Legierungen ist in ihrem zeitlichen Ablauf schon Normierung 
mehrfach untersucht worden.":?;3,4 Als Zeitgesetz hat 
sich dabei die Gleichung 


den Ausscheidungsbetrag 


W exp | (1) 
t die Zeit bedeutet: 7 ‘in von der Versuchstem- 


peratur abhingiger Beiwert und eine Konstante 

t+ Max-Planck-Institut fiir Eisenforschung, Diisseldorf. fiir die die Versuche Werte zwischen 1,2 und 1] 
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aas 


Nach 


verstehen, 


Wert) 


wenn 


Zeitgesetz 
Konzentra- 


ergaben. lasst sich 


theoretisch man den 


tionsgradienten zwischen ausgeschiedenen Teilchen 


umgebenden iibersittigten L6sung als 
betrachtet. 


steckt 


und der sie 


treibende Kraft Der temperaturabhan- 
dann in der Grdésse 
Die 
Werte fiir 
Wertes 


[ischner™ auf die Uberlappung der Diffusionshdfe 


Diffusionskoeftizient 


gige 
+. wahrend sich » zu 1.5 ergibt. Tatsache, dass 


die versuchsmissig gefundenen meist 


unterhalb dieses theoretischen liegen, hat 


zuruckgefiihrt, die sich um die ausgeschiedenen 
Karbidteilchen bilden. 

Die 
Proben erhalten, die weniger als 0,02°,, ( 


700 


wurden an 


‘ 


genannten Versuchsergebnisse 
enthielten, 
und Abschreckung zu 


Falls 


man die Proben nach dem Abschrecken vor Beginn 


der durch Glihung bei 
Beginn des Versuches vollstandig gelést war. 
der Messungen kalt verformt, erfolgt die Ausscheidung 
Zeitgesetz. 
Gleichung (1) hat, aber mit dem wesentlichen Unter- 


nach einem das dieselbe Form wie 


chied, dass der Exponent n jetzt einen Wert um 
2/3 hat., 4, © 


bei nicht kaltverformten Proben derselben Versuchs- 


Ferner hat 7 einen anderen Wert als 


Das Zeitgesetz mit n 2/3 lasst sich, 


(6) 


temperatur. 


wie Harper zeigte, aus der Annahme ableiten, 
dass bei gereckten Proben der zu Beginn des Versuches 
geloste Kohlenstoff in die Versetzungen einwandert, 
die nach der Reckung in wesentlich héherer Konzen- 
tration vorhanden sind als vorher. Es findet demnach 
keine Ausscheidung, sondern eine Entmischung statt. 
Harper wandte bei seinen Versuchen Reckgrade von 
5 bis 15°, an. 


Null 


dass die 


angefangen 
Zeit- 


ineinander tibergehen. 


Lasst man den Reckgrad von 


wachsen, so ist zu erwarten, beiden 


gesetze in irgendeiner Form 


Nach den vorstehend erwahnten Versuchsergebnissen 
muss der Ubergang im Bereich zwischen 0 und 5°, 
Reckung erfolgen. Es war der Zweck der vorliegenden 


Untersuchung, diesen Ubergang und die dabei 


auftretenden Erscheinungen zu studieren. 


VERSUCHSDURCHFUHRUNG 
Fir die Versuche wurden Drahtproben aus Reinst- 
Durchmesser und 400 Mess- 


Die Proben wurden zunichst 40 min 


eisen von 2 


mm mm 
lange verwandt. 
bei 950° in Wasserstoff spannungsfrei gegliiht und bei 
in feuchtem Wasserstoff behandelt, um die vor- 


Stickstoffgehalte 


S30 


handenen kleinen Kohlenstoff-und 
weitgehend zu beseitigen. Durch eine Gliihung bei 830 
in einem Gemisch aus trockenem Wasserstoff und To- 
luoldampf wurden die Proben auf verschiedene Gehalte 
aufgekohlt. Schliesslich erfolete noch eine Gliihung bei 


700°, um den Kohlenstoff in Lésung zu bringen und 
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gleichmassig tiber den Probenquerschnitt zu verteilen- 
Dabei wurde Argon als Schutzgas benutzt, da sich 


herausstellte, dass bei Wasserstoff gelegentlich eine 


Versprodung auftrat, die bei der Reckung zum Bruch 


Probe fiihrte. Nach Beendigung dieser letzten 


Gliihung wurden die Proben in Wasser abgeschreckt 


der 


und anschliessend in einer Zerreissmaschine mit einer 
Geschwindigkeit von ungefaihr 0,05 mm/sec gereckt. 
Zur Bestimmung des Reckgrades war die Messlinge 
vor der letzten Warmebehandlung mit eingeritzten 
Markierungen in 50 mm Abstand versehen worden. 
Es war daher moglich, den Reckgrad fiir jeden dieser 
Abschnitte 
Gleichmissigkeit der Reckung zu priifen. Proben, bei 


einzeln zu bestimmen und damit die 


denen sich starkere Unterschiede zwischen den 


Abschnitten ergaben, wurden verworfen. Der kleinste 
Reckgrad, der noch geniigend gleichmiassig gereckte 
Proben ergab, betrug 0,25°,. 

Der zeitliche Verlauf der Ausscheidung wurde durch 
Dimpfungsmessung bestimmt. Dazu wurden die 
Proben im Torsionspendel auf die Temperatur des 
Kohlenstoffmaximums der Dampfung gebracht, die 
bei der benutzten Schwingungsfrequenz bei 38° lag. 
Die erste Messung erfolgte moéglichst rasch nach dem 
Der Zeitpunkt 


Nullpunkt der Zeitzihlung genommen. 


wurde als 
Falls die 


Versuche bei einer Auslagerungstemperatur von 38 


Recken. der Reckung 


durchgefiihrt werden sollten, blieb die Probe waihrend 
der gesamten Versuchsdauer im Torsionspendel. Bei 
hdéherer Auslagerungstemperatur wurde die Probe 
zwischen den Messungen in ein Oelbad gebracht. Falls 
Messreihe sich tiber mehrere Tage erstreckte, 
Probe Nacht Luft 

Der letzte Daimpfungswert vor Eintau- 
Luft 


stimmten 


eine 


wurde die iiber unter fliissiger 
auf bewahrt. 
und der erste nach dem 
stets Mess- 


Diimpfungs-Zeit-Kurven 


chen in die fliissige 


Herausnehmen innerhalb der 
genauigkeit itiberein: die 
zeigten auch sonst keine Unregelmissigkeit, so dass 
diese Art der Versuchsunterbrechung keine St6érung 


der Messungen ergibt. 


VERSUCHSERGEBNISSE 

In den Abb. 1 und 2 ist der zeitliche Verlauf der 
Ausscheidung fiir die Auslagerungstemperaturen von 
38 und 80°C und fiir verschiedene Reckgrade zwischen 
Die Abszisse 
Ordinate 
Verlustwinkel 6 


OQ und 5°, dargestellt. gibt den 
Zeit, die 


W, der aus dem 


Logarithmus der den Ausschei- 


dungsbetrag » der 


Dimpfung zu Beginn des Versuches und dem Verlust- 


winkel 6 zur Zeit ¢ nach 


errechnet wurde. Das_ wichtigste Merkmal der 


Oo 


W. WEPNER: 


ABB. 1. Ausscheidungskurven fiir Reckgrade von 0 bis 
4,9% bei einer Auslagerungstemperatur von 38°C. 
Auslagerungstemperatur: 38°C 


Reckgrad 


0,014 
0.017 
0,015 


Ausscheidungsbetrag W 


Ausscheidungskurven schwach gereckter Proben geht 
bereits aus Abb. 1 fiir 38° Auslagerungstemperatur 
hervor. Die Kurven steigen nach einer gewissen 
Anlaufzeit zunachst flach an, biegen dann um, um 
mit stairkerer Neigung weiterzulaufen und nahern 
Bei der 


folgt auf den ersten, 


sich schliesslich asymptotisch dem Endwert. 
hdheren Temperatur von 80 
schwach geneigten Abschnitt der Kurve eine Zeit, in 
der die Ausscheidung nahezu zum Stillstand kommt; 
darauf folgt der zweite, starker geneigte Abschnitt. 
Man hat 
zeitlich nacheinander ablaufen. Bei héherer Tempera- 


es also mit zwei Vorgingen zu tun, die 
tur setzt der nachfolgende Vorgang erst einige Zeit 
nach dem Ende des vorhergehenden ein, wahrend bei 
tieferer Temperatur der zweite Vorgang vor dem Ende 
des ersten beginnt. 

Die 


Vorgang das Einwandern von Kohlenstoffatomen in 


naheliegende Vermutung, dass der erste 
Versetzungen, der zweite die Karbidausscheidung ist, 
wird durch Bestimmung des Exponenten vn fiir die 
beiden Kurvenabschnitte bestatigt. Man erhalt n in 


Weise, 


zweimal logarithmiert, was auf 


bekannter indem man die Gleichung (1) 


log In nlogr nlogt 


Ww 


gegen log ¢ auftrigt. Man 


W 


dann n als Steigung der geradlinigen 


fiihrt und log In 
Teile 


Die gefundenen Werte fiir n miissen 


erhalt 
dieser Kurve. 


@ 


° 


Ausscheidungsbetrag W 


EISEN-KOHLENSTOFF-LEGIERUNGEN 


noch einer Berichtigung unterzogen werden, um sie 


auf den Endwert des betreffenden Abschnittes zu 


beziehen. Diese Auswertung ergab fiir den ersten 


Abschnitt Zahlenwerte fiir » um 0.7, fiir den zweiten 


Die Ausscheidungskurven fiir 0 und 5 


Reckgrad 
in den Abb. 1 
Abschnitt. 
1.4, man hat also die reine Karbidausscheidung vor 
0.64, 


und 2 bestehen je aus nur einem 


Bei 0°, (ungereckt) ist n im Mittel gleich 


sich. Fir 5°, Reckgrad ist der sich 


abspielende Vorgang also die Diffusion des Kohlen- 
stoffs zu den Versetzungen. Diese beiden Grenzfall 
stimmen mit den einleitend genannten Versuchsergeb- 
nissen anderer Verfasser iiberein. 

Jetrachtet 


man die Verdanderungen, die die 


Ausscheidungskurve bei Steigerung des Reckgrades 


dass schon fiir 0,25 


Abschnitt 


erleidet, so ist bemerkenswert 
(Abb. 1) 


Erscheinung tritt, und die Kurve gegeniiber der fiu 


Reckung der erste deutlich in 
0°, erhaltenen zu kiirzeren Zeiten hin verschoben ist 
Bei weiterer Steigerung des Reckgrades verkiirzt sicl 


die Zeit 


beiden 


weiterhin und der Ubergang zwischen den 


Abschnitten verschiebt sich zu hédheren 


Ausscheidungsbetrag W hin, bis bei 5°,, Reckgrad det 


Ubergang verschwunden ist 
Abb. 2? bei det 


das Ende des Einwanderungsvorganges von Kohlen- 


stoff in dis 


Auslagerungstemperatul 


Versetzungen zu beobachten ist, gibt der 


dann erreichte Ausscheidungsbetrag W, in Verbindung 


mit dem Gesamtkohl nstoffgehalt der Probe ein Mass 


\usscheidungskurven fiir Reckgrad 


bei einer Auslagerungstemperatul 


\uslagerungstemp 


( 


0.016 
O12 
OLS 
O17 


O16 


0.0138 
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TABELLE 1. Ergebnis der Versuche 


Versetzungskon 
zentration L 


des erst« 


itkonstante 7, 
n Abschnitts 


min) 


Ree kgrad 


450) 
SOU 
$000 
2 750 


1 400 


fiir die Menge des von den Versetzungen aufgenom- 


menen Kohlenstoffs. Kennt man ausserdem die 


Versetzungskonzentration L (em/cm*) der Probe, so 
lasst sich daraus die Anzahl m der Kohlenstoffatome 


je 
Ist A 2,28 


Netzebene auf eine Versetzungs- 
Mittelwert 


bestimmen, die 


linie entfallen. 1O-§ ein 
fiir den Netzebenenabstand lings einer Versetzungs- 
linie, so ist die Anzahl der Kohlenstoffatome, die im 
em® in den Versetzungen untergebracht werden 
Die im cm® Fe bei p°®, Kohlenstoff- 
Anzahl 
wenn p die Dichte des Eisens, A, das 


Kohlenstofts, L Lo- 


Damit wird 


k6nnen, mL/2. 
gehalt 
pp LOO A 


vorhandene Kohlenstoffatome ist 


Atomgewicht des und L, die 


schmidt’sche Zahl bezeichnet. 


100A L 


(>) 


Die L sich aus der 
Zeitkonstanten 7, des Ausscheidungsgesetzes fiir den 
Abschnitt 


Nach Cottrell 


Versetzungskonzentration lasst 


ersten (Exponent 2/3) bestimmen. 


ist nimlich 
(4) 


Darin bedeutet k die Boltzmann’sche Konstante, 7’ 


die absolute Temperatur, D den Diffusionskoeffizienten 


und A eine Konstante fiir die Wechselwirkung 


TABELLE 2. Ergebnis der Versuche 


Vert 


LeZungsKoOon 


L 


Versetzungskon 


Reckgrad zentration zentration L 


101 
10" 
10 
10" 
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» bei 38°C Auslagerungstemperatur 


Kohlenstoffgehalt 

Zahl m der 
C-Atome je 
Versetzung 
u. Netzebene 


von d Versetzungen aufgenommen 


Gesamit ‘ 
Bruchteil des Gesamt- 


kohlenstoffgehalt 


) 


oO 
{ ) 
oO 


0.0063 
0.0080 
0.0092 
0,0121 
O.O15 


0,018 
O.OL7 
0.014 
0,017 
O.OL5 


und einer Verset- 
Der 
effizient D wurde nach Wert und Zener‘® angenom- 


LO a) 


zwischen einem Kohlenstoffatom 


zung, A 1510-79 dyn/em?. Diffusionsko- 


men, Dy = 8 3 em?/sec; 19,800 cal/grad. 


Die Zeitkonstante 7, kann aus der Auftragung der 
(2) 
Ein einfacher Weg ergibt sich, falls der erste 


Ausscheidungskurve nach Gleichung ermittelt 
werden. 
Abschnitt 


erreicht, 


Endwert 


der Ausscheidungskurve seinen 


ehe der zweite beginnt, wie das bei 


Auslagerungstemperatur oder bei 5 Reckgrad der 


Fall ist. 


Oo 


Nach Gleichung (1) ist niémlich 


0.6321; 


W (7) 
Ty ist also gleich der Zeit ¢. fiir die W diesen Betrag 
erreicht, worin W(7,) jetzt auf das Ende des ersten 
Abschnitts bezogen werden muss. 

In den Tabellen 1 und 2 sind die auf diesem Wege 
bestimmten Werte fiir die Zeitkonstante + 
Abschnitts fiir 38 
stoffgehalte 
Weise berechneten Versetzungskonzentrationen LZ und 


1 des ersten 


und 80° und die Gesamtkohlen. 


sowie die daraus in der angegebenen 


die Besetzungszahlen m der Versetzungslinien mit 
Kohlenstoffatomen aufgefiihrt. 

Die fiir die Versetzungskonzentration angegebenen 
Werte selbst 


der Diffusionskoeffizient D und besonders die Grésse 


sind wegen der Ungenauigkeit, mit 


bei 80°C Auslagerungstemperatur 


Kohlenstoffgehalt 


Zahl m der 
C-Atome je 
Versetzung 
u. Netzebene 


von d Versetzungen aufgenommen 
Gesamt 
Bruchteil des Gesamt- 
kohlenstoffgehalt 
o) 


0,012 
0,015 
0.017 
0,016 
0,013 


0.0029 
0,0038 
0.0092 
0,0128 
0,013 
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0,25 0,43 104 35 13 

1.2 0.62 104 47 12 

9.5 0.70 Lo 66 12 

3,1 0,91 108 71 12 

4.9 | 1,41 « 10" LOO 10 

= 

0 min em/em?) 

0,9 78.6 0.83 24 3 

2,6 24,8 1,79 25 2 

3,0 24,7 1,80 54 5 

4,0 23,5 1,86 80 6 
‘ 5,2 20,9 2,01 100 6 
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A behaftet sind, nur unsicher zu erhalten. Um den 
Vergleich mit dem Schrifttum zu erméglichen, wurden 
fir D und A dieselben Zahlenwerte zugrunde gelegt, 
die auch Harper und Pitsch und Liicke verwendet 
haben. Gréssere Aufmerksamkeit verdienen die 
Unterschiede in den Versetzungskonzentrationen L 

Nach Tabellen 1 und 2 
veckgrad, wie auch von 
Harper und von Késter und Mitarbeitern beobachtet 
Das 


Erwartung. 


fiir verschiedene Reckgrade. 
steigt L mit wachsendem 

wurde. entspricht auch der theoretischen 
Bei 80 
erhaltenen Werten. 
Werkstoff 


moglichst gleich gehalten war, ist es zweifelhaft, ob 


lag L etwas iiber den bei 38 
Obwohl die Proben dem gleichen 
entstammten und die Vorbehandlung 
dieser Unterschied als reell anzusehen ist. 

Bemerkenswert ist die Héhe der Versetzungskon- 
zentration von 0,36> 
38°, 


104 bei 0,25°, Reckgrad und 
108 bis 10° 


vergleicht, die fiir ungereckten Werkstoff angenom- 


wenn man sie mit der Grésse von 


men wird. Proben, deren Gesamtreckgrad unter 


lag, waren, wie schon erwahnt, ungleichmiassig 
stets Zonen 


lasst dem 


enthielten unverformte 
Das 


angegebenen 


gereckt: sie 


neben verformten. sich 


Frank 


verstehen. 


aus von 


und Read‘® Mechanismus 
Danach treten die Versetzungsquellen 
Widertandes 


Tatigkeit und fiihren zu einer ziemlich plétzlichen 


erst nach Uberwindung eines ins 
Erhohung der Versetzungsdichte: diese wichst dann 
bei weiterer Verformung wesentlich schwiacher weiter. 

Die 


sind zusammen 


hier erhaltenen Versetzungskonzentrationen 


mit den von anderen Verfassern 


gefundenen Werten in Abb. 3 im doppeltlogarith- 


Dahl 


Liicke, sowie die von Pitsch und Liicke gefundenen 


mischen Mass-stab aufgetragen. Die von und 


5. 


cm/cm* 


t 
| 


OS 10 SO 10 5O 100 
Reckgrad *le 


Versetzungskonzentration 


Ass. 3. Abhangigkeit der Versetzungskonzentration 
vom Reckgrad nach verschiedenen Verfassern. 

Harper 
Koster u. Mitarb. 

@ Dahl u. Liicke 
Pitsch u. Liicke 
38°C | vorliegende 
80°C) Arbeit 


KOHLENSTOFF-LI 


IGIERUNGEN 


Werte 


heraus. 


Art 


den 


fallen bei dieser der Darstellung stark 


Fiir die aus iibrigen Messpunkten 


bestimmte Ausgleichsgerade ergibt sich, wenn man 


von den Logarithmen zu den Zahlenwerten tibergeht, 
0.76 0.2 50. 


Die Abwei- 


chungen sind ausser auf Messfehler und Unsicherheiten 


wenn den Reckgrad in hezeichnet. 


in den benutzten Konstanten sicher auch auf echte 


Unterschiede zwischen den Proben zuriickzufiihren, 
bedingt durch verschiedene thermische und mechan- 
ische Vorgeschichte der Versuchswerkstoffe. 

Kohlen- 
dei 
- Versuchen 
Die gefundenen Zahlen- 


werte finden sich in den Tabellen 1 und 2 zusammen mit 


Der von den Versetzungen abgebundene 
stoffanteil 


Zeitkonstanten 7, berechnet 


wurde bei den 38°-Versuchen aus 


bel den st) 


ergab er sich unmittelbar. 


Kohlenstofta- 
Versetzungslinie je Netzebene 
Auch diese Zahl ist mit erheblichen Unsicher- 
Die Zahlenwerte 


sind ungefaihr um den Faktor 6 kleiner als die von 


der daraus berechneten Anzahl m det 


tome, die auf eine 


entfallt. 
heiten cefundenen 


belastet. hier 


Pitsch und Liicke angegebenen, was mit den Unter- 


schieden in der Versetzungskonzentration JL zusam- 
Die fiir 4.9 und 5.2° 


sind durch den Gesamtkohlen- 


menhianegt. Reckgrad gefundenen 
Zahlenwerte 
stoffgehalt 
fiir das Fassungsvermégen der Versetzungen dat 

Nach 
nehmen die Versetzungen in gereckten 


Setzt 


von 


bedinet und stellen daher keine Grenze 


den vorstehend beschriebenen Ergebnissen 


Proben elne 


gewisse Kohlenstoffmenge auf. man den 


Gesamtkohlenstoffgehalt bis auf diese Grenze herab 


so ist zu erwarten, dass dann nur noch der erst¢ 


Abschnitt det Ausscheidungskurve ZU beobachten ist 


Versuche an Proben mit 0.003 und 


i 


Es wurden dahet 


Ausscheidungsbetrag W 


\BB 4 Aussch 
Kohlenstoffgehalt 


idungsk 
bei 
Reckung 


\uslag 


Reckgrad 


W he I 


rungst¢ 


0.008 


0.006 
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Ausscheidungsbetrag 


Anteil W, 


Gesamtkurwe 
(W,+ 


> ‘Kohlenstoffaufnahme | 
in Versetzungen | 
Karbid- 
Ausscheidung 


Additive 
niedriger 
schematisch). 


ABB. 5 


kurve bei 


Wie aus Abb. { 


zeigte sich bei Reckgraden von 0.75 und 


hervorgeht., 


bestehende Ausscheidungs- 


0.006°,, C ausgefiihrt. 


eine 
nur aus einem Abschnitt 
kurve. Durch Auftragung nach Gleichung (2) wurde 
der Exponent » zu 0,64 und 0,59 bestimmt, woraus 
Abschnitt 


berechneten 


sich ergibt, dass es sich um den ersten 


handelt. Die aus den Zeitkonstanten 7, 


Versetzungskonzentrationen, die in Abb. 3 eingetragen 
sind, fiigen sich in die Reihe der vorher bestimmten 
ein. 


Die Gestalt der Ausscheidungskurven legt, wie schon 


angedeutet, die Annahme nahe, dass sich Kohlen- 


stoffdiffusion zu den Versetzungen und Karbidaus- 


scheidung iibe rlagern. Die einfachste Form einer 


solchen Uberlagerung ist die additive Zusammenset- 


zung det Kurve aus den Kurven der 


yemessenen 


beiden Vorgiinge. Bezeichnet man den auf den 


Gesamtkohlenstoffgehalt hezogenen sruchteil des 
Kohlenstoffs, der von den Versetzungen aufgenommen 
mit % SO hat das Ausscheidungsgesetz unter 


Annahme die 


wird, 


diesel Form 


wenn man fiir x in den beiden Ausscheidungsgesetzen 


lie theoretischen Werte einsetzt. Diese Zusammen- 


setzung der Ausscheidungskurve schwach gereckter 


Gesamt kurwe 
(Ww, +W,) 
Kohlenstoffaufnahme 
in Versetzungen W, 


7 Karbid- 
Ausscheidung W, 


Ausscheidungsbetrag W 


= 


> 


Ass. 6. Additive Zusammensetzung der Ausscheidungs- 
kurve bei héherer Temperatur aus zwei Zeitgesetzen (schema- 
tisch). 


Zusammensetzung der 
Temperatur aus 


Ausscheidungs- 


zwei Zeitgesetzen 


Proben aus den Kurven der Teilvorginge ist in den 
Abb. 5 6 dargestellt. In Abb. 


Ausscheidung, Kohlenstoffaufnahme der 


und 5 beginnt die 
ehe die 
Versetzungen beendet ist: die Summenkurve zeigt das 
Umbiegen von geringerer zu groésserer Steilheit, wie 
Abb. 6 ist die 


beendet, ehe die Aus- 


es bei 38 heobachtet wurde. In 
Kohlenstoffaufnahme nahezu 
scheidung merklich wird: es ergibt sich ein Absatz in 
der Kurve entsprechend den Messungen bei 80 

Mit Hilfe dieser Zerlegung in die beiden Teilkurven 
sich die Zeitkonstante 
bestimmen Die so gefundenen Werte sind in Tabelle 3 
Reck- 
orad Proben gefundenen 
Wert Vorstel- 


lungen™, die Zeitkonstante des Auscheidungs- 


lasst T, fiir die Ausscheidung 


zusammengestellt. 7, nimmt mit steigendem 


2 


von dem ftir unverformte 


aus ab. Da nach den theoretischen 
gvesetzes mit dem mittleren Radius der ausgeschiedenen 
Zusammenhang steht, folgt. 
Werkstoff die Teilchengrésse 
Zustand. 


entspricht dabei eine Vermin- 


Teilchen in dass in 


schwach gerecktem 


anders ist, als im unverformten Einer 


Verkleinerung von 7 


2 


derung der Teilchenabmessung und damit eine 


Vergroésserung der Teilchenzahl in der Volumeneinheit. 


Die additive Zusammensetzung der Gesamtaus- 


scheidungskurve aus Versetzungs- und Karbidbil- 


dungsanteil, die nach Ausweis der Versuche wenigstens 


niherungsweise giiltig ist, bedeutet physikalisch, dass 


Zeitkonstante +r, des zweiten Abschnitts der 


Ausscheidungskurven 


TABELLE 3. 


Auslagerung bei 38 C Auslagerung bei 80°C 


Reckgrad Zeitkonstante +, Reckgrad Zeitkonstante 7, 
(%) des zweiten (%) des zweiten 


Abschnitts (min) Abschnitts (min) 


21 000 680 
11 900 960 
9 250 260 
9 250 250 


6 600 300 
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SISEN-KOHI 


die Karbidbildung unabhingig von der Kohlen- 


stoffaufnahme durch Versetzungen erfolgt. Die in den 


Versetzungen angesammelten Kohlenstoffatome kén- 


nen nicht als Keime fiir die Karbidausscheidung 


betrachtet werden, die durch hinzudiffundierenden 


Kohlenstoff weiter wachsen; in diesem Falle erhielte 
man, wie Pitsch und Liicke gezeigt haben, einen iibe1 
2 liegenden Exponenten im Ausscheidungsgesetz, was 
nicht Die 
Moglichkeit, dass die Bildung der Karbidkeime in den 


Versetzungen erst dann einsetzt, wenn der Einwander- 


beobachtet wurde. weiter denkbare 


ungsvorgang praktisch beendet ist, wird durch das 
Ergebnis der 38°-Versuche ausgeschlossen, denn bei 
dieser Temperatur beginnt die Karbidausscheidung 
deutlich vor dem Ende der Einwanderung, ohne dass 
dabei eine Vergrésserung des Exponenten festzustellen 
Es bleibt jedoch die Méglichkeit offen, dass sich 


der in den Versetzungen gebundene Kohlenstoff zu 


Ist. 


Karbid umformt, denn da sowohl in Versetzungen als 


auch in Karbidteilchen gebundener Kohlenstoff 
keinen Beitrag zur Diimpfung liefert, wiirde sich det 
Umformungsvorgang nicht bei der Dampfungsmes- 
sung bemerkbar machen. Diese Umformung miisste 
allerdings erst nach Beendigung des davon unabhian- 
gigen Karbidausscheidungsvorganges erfolgen, da man 
einer waihrend des Ausscheidungs- 


sonst wieder zu 


vorganges wachsenden Teilchenanzahl und damit zu 
einer Vergrésserung des Exponenten kame. 

Der Grund fiir den Unterschied der beiden Zeitkon- 
stanten 7, und 7, diirfte in der stairkeren Bindungs- 


energie eines Kohlenstoffatoms an eine Versetzung 


gegentiber derjenigen an ein Karbidteilchen zu suchen 


sein, wie das u.a. von Cottrell hervorgehoben wurde 


Man kann daraus folgern, dass die kritische Teilchen- 


Verlustwinkel 


10° 


ABB. 7. 


zu Beginn der Versuche e 


Auslagerungst« 


sAENSTOFF-LEG 


Ausscheidungskurven schwach gereckte1 
twas Karbid enthielten 


mperatur: 


LE 


die ein Karbidteilchen haben muss. um 


CTOsse, 


bestindig zu sein, in den gestérten Gitterbereichen 


Versetzung kleiner ist als im 


ich 


ell 


in der Umgebung eine 
Mit dieser Vorst« 


denen 


ungestorten Gitter llung lassen 


einige Versuche deuten, bei zu Beginn 


kleiner Rest Karbid in den Proben vorhanden wat 
Die Proben 


stoffgehalt 


wurden zunidichst auf einen Koh 


0.022 bis 0.024 


Tage 


von 


anschliessend 4 ber 


diese Warmebehandlung 


Kohlenstoff 


ist praktisch det 


hieden, was durch Dim 


ausvgest 


messung nachgeprift wurde Dic 


hei 680 gegliiht und aba schrecl 


hierauf 


Loslichkeit bei der eutektischen Temperatur 


0.020 


C betragt, war nach dem Abschrecken 


Teil 
heidungsk. 


] 


aqaer so vorp 


Von 


wurden 


vorhanden einem 
Proben 
bestimmt, die 
Zeitgesetz mit 7 

Andere 


schwach cereckt 


Karbid 
delten die 


den Diampfungsabfall nacl 


lgten. 
Proben nach 


Aus! 


he 


ber 

Luss 

Stunde 
cle 


Die d 
aufgenommenen 
det 
Dampfung 


temperatul 
ersten 


Lui 


zeigten wahrend 


Anstieg 
erfolgte 


der 


Diese pestand 


sie sich be 


schnitten 

Versuchen 
\usg% 
C:; das ist 


wie 


l 
hye 3S 


Diampfi entsprach d 
gerade die hei 
sich i Is Mitte vert aus Vie 


( 


ingswert de ing 


Loslichkeit 680 
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38 


Reckgrad 
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und ungestérte Gitterbereiche folzendermassen ver- 
Nach dem Probe 


kleine Karbidteilchen vorhanden, von denen ein Teil 


stehen. Abschrecken sind in der 
im Bereich von Versetzungen liegt. Durch die Reckung 
findet eine Verlagerung und Vermehrung der Verset- 
statt, 
einer Versetzung lagen, aus ihrem Bereich herausge- 


zungen wobei Karbidteilchen, die vorher in 
langen. Ein solches Teilchen braucht aber wegen des 
Unterschiedes der kritischen Teilchengréssen ausser- 
halb der Versetzung nicht mehr stabil zu sein und 
kann sich auflésen. Die dadurch frei werdenden 
Kohlenstoffatome erh6hen die Dampfung. Durch die 
dann anlaufende Ausscheidung wird dieser Vorgang 
nach einiger Zeit iiberdeckt. 

Der beobachtete langsame Dimpfungsanstieg lasst 
sich nicht durch die Annahme deuten, dass bei der 
Reckung atomarer Kohlenstoff aus den Versetzungen 
frei wird. Denn in diesem Fall muss die Dimpfung 
unmittelbar nach der Reckung erhdht sein. Wegen der 


TALLURGICA, 
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verhaltnismiassig geringen Versetzungskonzentration 
unverformter Proben ist der Effekt aber zu klein, um 
messbar zu sein. Lasst man gereckte Proben lagern 
W. Kunz? 


eine sofortige Dampfungserhéhung tatsichlich fest- 


und reckt dann nochmals, so ist nach F. 


zustellen: ein weiterer Anstieg der Dimpfung wurde 


bei diesen Versuchen nicht beobachtet. 
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ANOMALIES IN THE GROWTH OF ANODIC OXIDE FILMS ON ROUGH SURFACES* 
L. YOUNG 


During the growth of anodic oxide films, surface irregularities of the s« 
film are believed to be flattened. The original inner layers of the oxide (new lay 
outside, since metal ions move) are, therefore, constrained to cover a progressive L\ 
sultant compressive stresses will produce failure if the original metal surface is roug! 
confirmed that with such surfaces progressively less charge is r¢ quired to form oxide t 
at a fixed current density. It had been suggested that this is due to the shielding 
bubbles of oxygen. A.C. impedance measurements have been made to test this theo 
is smaller, and the dielectric losses are increased, as expected. The capacity increases with time 
k log t/t,) after stopping the current. An increase would be expected as the bubbles dissol\ 
with the removal of the bubbles, the series equivalent capacitance should increase to a 
than normal (since thinner oxide is exposed, and the leakage conductance is great 


This is not observed. A new theory is proposed 


ANOMALIES DANS LA CROISSANCE DE FILMS ANODIQUES D’OXYDI 
SUR SURFACES RUGUEUSES 


Il est admis que, pendant la croissance de films d’oxydes anodiques, | 
aplanies. Les couches initiales d’oxydes (de nouvelles couches se forment a lextériet yuisque 
métalliques se déplacent) sont par conséquent forcées de couvrir progressivement des surfa 


petites. Les efforts de compression qui en résultent produiront une rupture du film si la surface 

du métal est suffisamment rugueuse. Il est confirmé que pour de telles surfaces, une 

ment moindre est nécessaire pour former un oxyde jusqu’a un potentiel donne 

courant déterminée. On a suggéré que ce phénoméne est da a une protection de 

bulles minuscules d’oxygéne. L’auteur effectue des mesures d’impédance dans le but dé 

théorie. Comme on pouvait le prévoir, la capacité est plus petite et les pertes diélectriques 
temps (¢ ( ] 


Apres la coupure du courant, la capacité augmente avec le 


s attendre a une augmentation avec la dissolution des bulles anmoins, la 


en série devrait augmenter avec la dissolution des bulles, 4 une valeur plus 
(puisque le film d’oxyde devient plus mince et que la conductance de fuite 


normale). L’auteur n’observe pas un tel phénomeéne. Il propose une nouvelle 


ANOMALIEN BEIM WACHSTUM ANODISCHER OXYDFILM 
AUF RAUHEN OBERFLACHEN 

Es wird angenommen, dass waihrend des Wachstums anodis 
massigkeiten von der Gréssenordnung der Dicke des Oxydfilmes eingeet 
inneren Oxydschichten (neue Schichten werden aussen gebildet 
daher unter dem Zwang, eine zunehmend kleinere Flache 
Druckspannungen fiihren zum Reissen, wenn die urspriinglichs 
wurde bestatigt, dass bei solchen Oberflachen fortlaufend wenigs 
einem gegebenen Potential bei fester Stromdichte zu bilden. Es ist y 
mung der Oberflache durch Sauerstoff blasen hierfiir verantwortlic} 
gen wurden unternommen, um diese Theorie zu priifen. Die Kay 
Verluste sind grésser als erwartet. Die Kapazitat nimmt mit de 
Abschalten des Stromes. Eine Zunahme wiirde im Falle der Auflésun 
Jedoch sollte mit dem Verschwinden der Blasen der kapazitive Widers 
schaltung auf einen iibernormal grossen Wert ansteigen (da 
und die Leckleitfahigkeit grésser als normal ist Das wird nicht 


vorgeschlagen. 


INTRODUCTION 100 per cent.“) This is also true for mechanically 

During the anodic polarization of a chemically polished surfaces below 100 V.“~’ At constant current 
polished tantalum surface at a sufficiently high density the thickness, therefore, increases linearly 
current density, the current is carried through the with time if any change in surface area with the 
oxide almost entirely by ions, so that the current thickness of film due to surface roughness may be 
efficiency for the production of oxide is effectively neglected The electrode potential aiso increases 
linearly with time during oxidation of a smooth 


* Received March 3, 1957; in revised form May 6, 1957. surface, showing that the electrostatic field in the 
+ British Columbia Research Council, University of 
British Columbia, Vancouver 8, Canada. 
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oxide remains constant, independent of thickness 
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that. with an etched 


“as-received” rolled surface, a mechani- 


Vermilyea®) found, however, 
surface, an 
cally polished surface, or with a chemically polished 
that had 
the rate of rise of potential increased with time 


surface been scratched with a diamond, 


above a certain potential. The interference colours 
indicated that the 
normal, 


thickness of oxide at a given 
but 


“spherical 


potential was electron microscope 


photographs showed pits’. Vermilyea 
concluded that the effect 


of the effective area of the specimens by 


was due to the reduction 
minute 
bubbles of oxygen. The pits were supposed to be 
produced by the continued growth of oxide round 
the bubbles so that these became embedded in the 
oxide. This theory presents some difficulties. For 
example, with the normal type of leaky specimen 
(say an abraded specimen) which exhibits low 
current efficiency from the start of polarization, the 
bubbles escape freely from the surface. Also, it is 
difficult to see 
(4) 


how the requirements of contact 


angle are to be met by a bubble as the oxide 


grows up around its base. Finally, no such shielding 
effect has been observed with hydrogen bubbles in 
cathodic polarization (the overpotential decreases 
with time) though, admittedly, shielding can occur 
during the electrodeposition of metals. Further 
to be indicated. 
test 


investigation, therefore, seemed 


Impedance measurements proved a_ suitable 


of the theory. 


EXPERIMENTAL 


Specimens 2 cm by 0.5 cm were made (using a die) 


from Fansteel tantalum sheet 0.005 in. thickness 


of greater than 99.9 per cent purity. They were 


either chemically polished® or buffed using tripoli 


wax with a calico wheel mounted on a grinding 


wheel motor. Connexion was made to a narrow 


tab by spot welding a copper lead. The area was 


defined with Edward’s picien wax, polyethylene, 


“Teflon” 


described. '® 


or polyethylene enamel. 
The cell The 
solution was circulated rapidly in order to prevent 
The cell was 
25°C. The a.c. 
bridge had the same circuit as previously described,‘®) 
but Radio Co. 
including the type 1231-B amplifier and the type 
1231—P5 filter. 
current density with the automatic electronic control 


(6,7) 


over Dupont 


was that previously 


any local rise in temperature.‘ 


immersed in a water thermostat at 
General! 


employed components, 


Oxide films were made at constant 


device described previously, which displays the 
times to traverse successive intervals of potential, 
and terminates formation at a pre-set potential with 


respect to a reference electrode. 


1957 


5, 


RESULTS 
Plots of total charge passed per cm* of apparent 
area against potential during formation in 0.2 N 
H,SO, at 
1mAcm~ are given in the lower part of Fig. 1. 
The plot for a 
chemically polished specimen is linear, but the plot 


a constant current density of about 


Vermilyea’s result is confirmed. 
for the buffed specimen is exactly linear only up to 
50 V and at higher potentials progressively less charge 
is required to form through a given increment of 
potential. At 100 V the total charge passed is only 
about 2 per cent less than is required with a chemically 
polished specimen, but at 150 V the charge required 
to form through 10 V is down to 66 per cent of the 
50 V. 


decrease in the rate of rise of potential occurs earlier 


value below The expected) pre-breakdown 
than with chemically polished surfaces. This might be 
expected. However, the phenomenon is not quite 
straightforward, because it is found that the appear- 
ance under the microscope is different. The chemically 
polished specimen becomes covered with a network 
of patches of thicker oxide, a few microns in diameter, 
showing a different interference colour, where, it is 
suggested, local dielectric breakdown has caused a 


rise of temperature. The buffed specimen exhibits 


Series 
equivalent 
resistance 


10°ohm cm? 


A Mech. polish 
B Chem. polish 


Reciprocal 
capacity 


passed 


100 
Potential(V, Sat. C 
Fic. l. 
Bottom: charge required to form to a given potential 
with respect to sat. cal. electrode. Zero taken at 20 V. 
Middle: 
formation. 


reciprocal capacity at 2kc/s immediately after 


Top: series equivalent resistance at 50 c/s. 
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much smaller patches of different colour associated 
with what appear to be fissures. 

It was found, surprisingly, that the anomalous 
increase in dV /dt between 50 and 160 V also occurs 


When 


renewed after a period of standing (so that any 


with interrupted formation. formation is 
bubbles of oxygen should have dissolved) the amount 
of charge required to bring the potential up to its 
previous maximum value is far less than would make 
the total charge passed up to the value which it 
would have with a chemically polished specimen 
formed to the same potential—clearly, the “pits” 
are not filled. 

The middle plot in Fig. 1 shows that, concomitant 
with the dV/dt anomaly, the capacity of buffed 
specimens, as measured immediately after formation, 
the 
increases) than that of chemically polished specimens. 


becomes progressively smaller (as thickness 


(The plot of reciprocal capacity against potential 
This 


the 


for chemically polished specimens is linear. 
the field 


oxide remains constant at constant current density). 


linearity confirms that strength in 

The series equivalent resistance (after subtracting 
the electrolyte resistance) is a measure of the dielectric 
losses in the film, including losses due to relaxation 
processes, losses due to leakage through the body 
of the film, 


and losses due to leakage channels” 


10°x capacity/ 


Fic. 2 


70 hr. 


After removal, drying with tissue, and replacing, ¢ 


100 V film 
O um 


150 V film 
ort | 


OXIDE F 


A 


Increase of capacity with time after ceasing formation. 
specimen at same current density to previous maximum potential (190 V 
Note change of scale for 190 V film (left hand scale 


ILMS ON ROUGH SURFACE 


~ 


penetrating into, but 


through,” the film 


not necessarily completely 


The top plot of Fig. 1 shows 
that the series equivalent resistance increases very 
markedly with buffed specimens when the formation 
The 


capacity with frequency 


anomaly begins. percentage variation of the 


Increases markedly when 


the formation anomaly begins, instead of remaining 
of thickness 


This 


dielectric 


more or less constant independent 


as with chemically polished specimens is 


another manifestation of the increased 


losses. 

With 
equivalent capacity decreases with time on standing 
after 12) This 
buffed specimens only until the formation anomaly 
The then 


The amount 


chemically polished the 


specim« ns, 


formation. ' behaviour occurs with 


begins. capacity with time 


decrease. 


increases 
the 


hy 


oreater than 


increase is much 
The 
k log t/t, (where C 
after 
Tl 
plots in Fig 


well described 


the 


normal 


0 


pre 


LS 


value of C at 


time f where & is 


ot 


0 ceasing formation, and 


constant) is is shown by the linearity the 


? Since the total change was of the 
order 10 per cent, the data can also be representec 
by 1/C 1/C = k' log t/t film 


which has been formed to 100 V was found to increas« 


0 0 The capacity ot a 


nearly to the value expected from extrapolation 


from below 50 V after a few hours. Th acity 


Cay 


Also, effect of 
. after standing for 
Area 2.13 cm*; current 20 mA 


was 0.1458 uF. 
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of a 150 V film approaches the normal value only 


after several days, by which time the rate of increase 


a 190 V film (i.e. 
effect). 


With 


“breakdown” 


after the appear- 
both the 


is very slow. 
the 
centage and the absolute change in capacity in a 
150 V 


though the log law is still obeyed), and the normal 


ance of per- 


given time are less than for the thinne1 film 
value is not reached even after several days. 
The the 
equivalent resistance, also increase with time 
When the electrode is allowed to stand for some 
the 


losses, as measured by series 


dielectric 


time, and is then charged at same apparent 


current density to its previous maximum potential 
the capacity returns (as shown in Fig. 2) to almost 
which it had when the specimen 


the value 


was first formed to this potential. 


same 
It then increases 
Also, the 


until a 


with time, but not so quickly as before. 


logarithmic plot does not become linear 
certain time has elapsed. 

Removal from the solution, drying with tissue, 
and replacement in the solution has little effect on 
the capacity. For example, a specimen formed 
to 150 V at 10 mA em? had 


0.208 uF measured 180 sec after stopping the current. 


about 


After drying and replacing, the capacity was 0.211 


uF at 320 sec. increasing to 0.215 uF at 760 sec. 


DISCUSSION 


Fig. 3(a) shows the model proposed by Vermilyea. ? 


The bubbles are supposed to appeal in increasing 
numbers at voltages above the critical voltage. 
Their radius is supposed to be comparable with the 
thickness of the oxide 

Clearly, the anomalously low capacity immediately 
ifter formation, the increase of capacity with time 
on standing, and the increased dielectric losses are 
with this theory. The 


capacity is low, firstly, because a fraction of the area 


qualitatively in agreement 
of one electrode of the parallel plate capacitor is 
blocked-off, and, secondly, because some of the oxide 
which has a 


dielectric is replaced by oxygen gas, 


lower dielectric constant. The increase of capacity 


with time is to be expected, since the bubbles of 
gas would be expected to dissolve and expose the 


hidden The 


would be expected to be larger than normal, because 


previously surface. dielectric losses 
of the leakage conductance round the bubbles. 

The proportionate reduction in capacity will be 
less than the proportionate reduction in area,* so 


that on Vermilyea’s model, the fraction of the area 


* Exact expressions could be obtained for simplified 


models by standard methods. 


TRGICA, 


a capacity of 
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covered by bubbles at 150 V in the above experiments 
must have exceeded one third. 

The the 
great surface 
for 7 LO Once 


rupted, the bubbles would, therefore, be 


pressure inside bubbles must be very 


tension (15 atm 


the 


to withstand excess 


> em). current inter- 
expected 
to dissolve very quickly. (Because of the high 
pressure the partial pressure of oxygen in the solution 
would hardly affect the rate of dissolution. Actually, 
the solutions in the above experiments were either 
in equilibrium with air, or saturated with hydrogen). 
On this theory, therefore, the capacity should increase 
value, corresponding to the 


rapidly to a steady 


complete disappearance of the bubbles. This value 
should be 


formed to the same potential, because, in addition 


creater than the normal value for a film 


to the increase due to the increase in leakage, the 
oxide is thinner than normal in the regions previously 
covered by bubbles. (Since at 150 V the total charge 
passed is typically only 90 per cent of the normal 
charge, and since, in addition, some of this charge is 
supposed to have liberated oxygen, the total volume 
of oxide must be less than 90 per cent of the normal 
described above, this was not 


volume). As was 


observed. The log law is also unexplained. Finally, 
the lack of effect of drying is incompatible with 
Vermilyea’s theory. A modified explanation is now 
suggested. 

the effects 
roughness of the surface, it is natural to enquire 


the 


Since present are a function of the 


stresses and strains which exist in films 


into 


on surfaces of smoothness. Pilling and 


Bedworth!» showed that the ratio of the volume 


which it is 


varying 


of oxide to the volume of metal from 


Fic. 3. 

(a) Bubble model, as postulated by Vermilyea. 

(b) To show how formation of oxide on a rough surface leads 
to compressive stresses, since the area of inner face is re- 
duced as surface irregularities are flattened. 

(c) Type of failure supposed to be due to compressive 
stresses and responsible for the formation anomalies. Oxygen 
is trapped in the fissure and oxide continues to grow round- 
about. 


Sain On 
Meta 
b) 
(Asperity flattened 
Meta 
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produced determines the sign of the stress in the 
oxide film for the particular case of an oxide growing 
on a convex surface with new oxide layers appearing 
on the inside of the existing layers (implying the 
metal). Their 


does not apply to a flat surface since there is then 


mobility of oxygen not argument 
no constraint tending to make the oxide occupy 
the same volume as the metal from which it was 
produced. Very localized stresses will be produced 
even on a flat surface by the passage of metal ions 
from positions on the metal surface to positions in 
the oxide. With a rough surface and with metal 


This can be 


ion movement, as stresses 


compressive 
will be produced. deduced as follows. 


independent of considerations of volume ratio. 
Fig. 3(b) and (c) shows four stages in the growth 
of an oxide film over an idealized surface irregularity 
of ridge type, seen in cross-section. The fresh oxide 
is formed outside of existing oxide, if metal ions 
move. The protuberance is gradually flattened as 
the 
the 
The 


oxide is, therefore, constrained to cover a progressively 


oxide is formed, because film 


that the 


equalize over the surface. 


more OTOWS SO 


electrostatic field in oxide tends to 


inner face 
smaller area. This produces compressive stresses. 


If the original surface protuberances are sufficiently 


acute, the stresses in the film will reach the value 


at which failure occurs. 


anomalous formation behaviour does not 


until the surface appears quite smooth. 
may take place by the mechanism shown in Fig. 3(c). 
Alternatively, a blister may form, or a portion of 
not in contact with the metal 


oxide which is may 


spall. A failure of the type illustrated produces a 
the The 


high local current will liberate oxygen, which will 


leakage channel across oxide. resultant 


be trapped in the fault. The electrolyte will be 
pushed out, thus electrically insulating the leakage 
channel. The local rise in temperature may cause a 
local thickening of the oxide. 

This model gives an explanation which is more 
the 
difference from Vermilyea’s model is that the oxygen 
The idea 
that oxygen is trapped in fissures was first proposed 
ago.27 On the 


the oxygen will tend at first to dissolve. Electrolyte 


consistent with observations. The operative 


is not so freely exposed to the solution. 


many years cutting off current 
will enter the cavity so that the leakage and capacity 
will increase, and, at the same time, the loose oxide 
will tend to settle down as the pressure is released. 
liable to 
seal together, thus terminating or greatly reducing 
This 


However, the edges of the oxide will be 


the rate of loss of oxygen. how a 


suggests 


OXIDE FILMS 


of the 


This explains why the 
appear 


Failure 
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logarithmic law of increase of capacity may occur, 


on the same principle as Evans’ derivation of the 


logarithmic growth law of thin oxide 


Suppose that a loss of oxygen from the trap resulting 


in a change dC in the capacity corresponds to a 


probability pdC that the trap will seal. Exactly as 
in Evans’ derivation, the proportion of traps that 
will still be open after a change C C 


0 in the capa- 
Hence, dC/dt k 


where k probably decreases with 


city will be exp | 


0 
t 


exp 


increasing thickness of oxide. Integrating, C — C, 
(1 Pp) log (kpt) 

The behaviour when the electrode is recharged to 
its maximum potential, after having been allowed 
time, is in the 


Most, but not all, of the traps are 


to stand for some agreement with 


above model. 
replenished with oxygen, so that the capacity falls 
nearly, but not quite, to its previous value. Some 
traps have been permanently sealed. This 


The initial rate of 


reduces 
the rate of increase of capacity. 
increase is particularly low. 

the 


Presumably, the traps 


which lose their oxygen most easily are also 


the traps most likely to be sealed during standing 
The 


law, but 


or during the subsequent charging later rate 
fits the 


smaller slope than before. To 


with a 


effect 


of increase logarithmic 
sum up, the 
of standing and of recharging to the previous maxi- 


that the first 


mum potential is not only oxygen 


disperses and is then replenished; some permanent 
change occurs in the film 

It is known that under certain circumstances 
oxide is produced having different properties from 
those normally observed 
effect.“ 
However, it does not seem to be 


different form of 


Examples are the photo- 


induced growth 
effect. 


to postulate that a 


and the recrystallization 
necessary 
oxide is pro- 
duced 

Similarly, although it is possible that the accumula- 
tion of lattice vacancies at the interface may play a 
part, 1t 1s evidently not necessary to postulate any 
such effect to explain the anomaly 

One difficulty in the present theory should be 
mentioned. The film on chemically polished specimens 
peels in mm flakes if the metal is subjected to a 
few per cent extension, but the film on buffed speci- 
mens adheres strongly. (This was shown elsewhere‘® 


to be due to the properties of the film which is 
present before anodization and which remains between 
the the film. The film 


polished specimens adheres well if 


metal and anodic anodic 
on chemically 
the metal is leached with boiling water before anodi- 
zation. The difference is not, therefore, due to the 


compressive stresses. ) It follows that the assumption 
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(Fig. 3), that the oxide on the buffed specimens 
peels when failure occurs, requires some justification. 


This may be found in the very great stresses. For 


example, the removal of a surface irregularity of 


the type shown in Fig. 3 (by no means exaggerated?) 
would result, if its cross-section were an equilateral 
triangle, in the inner face of the oxide being com- 
pressed to half of its original dimension in the plane 


of the cross-sect ion. 
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ADDITIONAL MODES OF 


R. E. REED-HILL*?* 
Evidence is presented for the existence of ty 
{1013}, produced by 


crystallographic mechanism of formation of 


to 
3034 
by a parting mechanism in this twin. The temps 
190 


tensile stress parallel 


range of 286°C, is unusual in that they a 


MODES ADDITIONNELS DE MACL 


Les auteurs presentent des preuves de lexistence 
tion, {3034 


de magnésium. Ils discutent en détail le mécanisn 


car la rupture dans cette macle a lieu suivant un mécanis1 


entre 190 et 286°C sur les deux modes de maclage 


rapidement aux tempe ratures ¢levées 


ZUSATZLICHE DER MECHANIS( 


Ks wird der Nachweis fiir die Existenz zweier z 
(43034! LO13} 


allel zur Basisebene hervorgerufen werden 


und 
De 


Zwillingen wird im einzelnen diskutiert, da i 


Verformungsbruch erfolgt. Die Temperaturabhar 


190 und 286°C ist insofern ungewdéhnlich 


Tempe raturen bilden. 


INTRODUCTION 


Rosi, Perkins and Seigle™ report the observation of 
modes of 


») 
012%, 


in titanium, 


and {1123}. 


mechanical twinning 


1124}, 91122}, {L121} 


five 


namely: 


AGE 


et {1013}, produits par un effort de tra 


cae 


DEFORMATION 


and 


rature 


e 


HI} 


The fact that this number of twinning planes has 


been identified in a single hexagonal metal would seem 
to make it probable that additional modes bevond the 


usual {1012} may exist in other metals of the same 


crystal structure. 
4) 


3. 


Several early investigators ‘ have reported 


references to this type of twin are not usually given 


an additional mode in magnesium, but 


as 


in sufficient detail to be conclusive. Because several 
more recent investigations”: ® have failed to produce 
these twins, it has sometimes been conceded that they 
not Thus, Mathewson 

tested single crystals of different orientations unde 


at 


may exist. Bakarian and 


both shock loading and static loading, various 


temperatures between 20 and 300°C, and they did 
not find any evidence of {1011} twins. Similarily, 


from a thesis 
the Faculty 
in partial 
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Barrett and Haller’® were unal 
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compresslon ¢ t ures 
compression at high temperatures 
different cle 
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ol al 
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EXPERIMENTAL TECHNIQUI 


The compositions of two lots of 
\ 


() 


which single crystals were grown are as fo 


) 


0.0] O.0] Cu. 


N 


0002 


Fe, 


0.00038 


0.001L—0.002: Mn. 0.008—0.0016 0.00] 


Pb 


OOOS O00} 


nd Zn, 


+ 


0.002 SI 


Sn. 0.00] 0.00] 0.0] 0.0] 
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rectangular specimens descri 


in these cry stals the basal pl ine Was less 


the stress axis. In addition, larger cy] 


were used for a number of inv: 


The latter 
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25°C 
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between the plane 


In 
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crystals in which the angk 


crystal 


and the stress axis was in the range of 2 
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order to verify certain conclusions, « 
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Fic. 1 (a) Cylindrical magnesium single crystal specimen 
after preparation by acid machining. 3 

b) Completed specimen after cementing into magnesium 
alloy holders. 0.4, 


to the stress axis. Each crystal was cut to form three 
long. A 


} in. diameter circular cylinders 22 in. 


in. long, was formed at 


gage section, | 
| 


each cylinder by acid machining. This section had a 
diameter of approximately 0-320 in. and was bounded 
at either end by fillets approximately jgin. long. From 
the fillets to either end of the specimen the diameter 
was slightly reduced from that of the original crystal 


fitted with 


proper clearance into holes bored axially in ? in. 


in order that the two shanks might be 
diameter magnesium alloy rods which served as grips 
for the crystals. The crystals were cemented into 
these holes with Type I Araldite cement, a hardenable 
which does not require 


ethoxyline resin pressure 


during setting Curing temperatures between 140 
and 160°C minimum curing times 
of 5 hr This 


was designed to minimize stresses on the specimen and 


were used with 


and 2 hr, respectively. procedure 


to avoid deformation by the grips. Fig. l(a) shows a 
crystal specimen before cementing it into the holders, 
and Fig. l(b) shows the finished specimen complete 
with holders. 

Specimens were tested in a jig which permitted 
motion only along the tensile axis of the specimen, 
thereby preventing lateral kinking of the crystals. 
This jig was machined from an aluminum alloy block 
measuring 1? by 2 by 6 in.; the rods to which the 
crystals were cemented passed through a longitudinal 
The 


was removed 


hole in the jig, lapped to a clearance of 0-001 in. 


center section of the jig, shown in Fig. 2, 
so that it was possible to observe the specimen while 
it was in a loaded condition. 

When a specimen was placed in the jig for testing, 
the specimen holder was locked to the shorter or upper 
holder by two Allen set screws. The lower, or longer, 
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section of the jig then served as a guide to constrain 


motion parallel to the specimen axis. 


Measurement of load applied to cylindrical specimens 
A simple dynamometer, consisting of a cylindrical 
24S-T aluminum tension test specimen (0.505 in. 
diameter) in series with the specimen, and a Baldwin 
Southwark Type K1 Portable Strain Indicator, were 
used to measure the load. Two type A-1 SR4 resis- 
tance strain gages were cemented on opposite sides of 
the gage section of the aluminum dynamometer bar; 
a similar bar was mounted on the machine for the 


purpose of temperature compensat ion. 


Method of loading specimens 

The testing machine used for the cylindrical speci- 
mens was a 40,000 lb capacity Riehle screw-powered 
machine with three rotating screws equipped with a 
variable speed direct current motor which permitted 
a choice of no-load pulling head speeds, from several 
inches per minute to about 0.0008 in. min. 

The loads used in testing single crystals were small 
compared to the capacity of the machine, with maxi- 
mum values usually less than 2000 lb. At low loads, 
between 200 and 400 lb, it was found that the rate of 
loading was irregular and discontinuous due to slack 
between machine elements. The discontinuities were 
eliminated by preloading the machine to 1000 Ib, 
with a spring placed between the pulling head and 
the table of the the 


was Re 10-3 the 


machine: spring constant 


in/Ib and, for small strains 


Fic. 2. Guide used for both testing and cementing cylindri- 
cal magnesium crystal specimens. At one end the specimen 
holder is fixed with two set screws and the other end serves 
as a guide to constrain flow in the axial direction. 


more 
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encountered in testing the crystals, the load applied 
to the machine by the spring could be considered 
constant. 

Rectangular specimens were loaded with a simple 
lever at a constant loading rate of 5 Ib/in?/see by 
pouring sand at a constant rate into a container 


suspended from the end of the lever. 


EXPERIMENTAL RESULTS 
Several types of mechanical twins, with habit planes 
other than {1012}, were observed on the single crystal 
specimens. The {3034! form is of special interest 
because the most common method of fracture at 25°C 
150°C, and 286°C was by parting, or fracture inside 
this twin. 


(3034 


twins do not, as a rule, appear as single 


entities, but rather as clusters of small units, closely 
spaced and sometimes overlapping: more or less 
plastic deformation occurs inside the twins and in the 
adjoining lattice. 

In accord with the analogy between the grouping of 
slip lines to form a slip band, it is proposed that these 
clusters of closely spaced twins, which are resolvable as 
individual twins only at high magnification, should be 
called “‘twin bands.” 

In the following presentation, the subject of {3034} 
twin bands will be considered first, followed by 


detailed consideration of the component {3034} twins. 


Orientation of }3034} twin bands 


In general, the bands tend to follow a {3034} habit 
plane. This is especially true when the bands are long 
and narrow for, in this case, they are composed of a 
relatively small number of individual twins in which 
there is usually little internal deformation. Several of 
these twin bands are visible on the face surface of the 
rectangular specimen shown in Fig. 3. The fracture, 
visible at the left of the photograph, took place in a 


}3034' twin band which formed at the reduced section 


A pair of these bands (appearing as sharp white lines 


Fic. 3. {3034} twin band traces (two sharp bands between 
fracture and serrations) on a surface which contains the basal 
plane. Stress axis parallel to the longitudinal edge. 7 


Back 
perpendicular to the surtfa 


Stress axis horizontal 


in the picture) may also be seen approximately 


half 


way between the fracture and the serrations produced 


by the grips. The angle between the traces 


bands and the stress axis (longitudinal edg¢ 


specimen) 1s Sd \ Laue back-reflection photogr 


‘ig. 4 


t iken norm il to the above surtace, is shown in | 
The X-ray pattern shows that the face surface 
specimen Is 1n ¢ lose alignn ent 
also shows that the latti 
direction makes 
according|y the twin 
direction. 
\ ninety degree ri 
hout its longitudinal axis 
view. An area on one of the 
the composite photog! iph 
crystal corresponds to 
grips but close 
Was subjected to both 
basal plane and compressive ! Ss perpel 
the basal plane. A large number of narrow 
bands are visible in the photograph. All of t 
bands also make traces on the face surface whicl 


parallel to the twin bands shown in Fig. 4. The tr 


ol the twin bands in Fig 5 make an average angle 


the basal slip lines of 55.75 0.50 According 


the computations of Bakarian,‘* the {3034} 


makes an angle of 54.55° with the basal plane 


stereographic projection of the data is given in Fig 
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Fic. 6. Stereographic projection of thin {3034} twin band 
traces plotted on a standard (0002) projection. Stress axes 
of specimens lie to the right in the figure. 


The position of the pertinent {3034} planes is also 
shown on the diagram. This plot shows that the twin 
bands of this specimen fall within 2° of {3034} planes. 
A photograph of a narrow {3034} twin band from 
another specimen is shown in Fig. 9. The erystallo- 
graphic orientation of the trace is plotted in Fig. 6, 
and it is also in good agreement with the {3034} plane. 

The above photographs have dealt with twin bands. 
However, in Fig. 7, one may see what appears to be 
individual {3034! twins on an edge surface of a 
rectangular specimen. Two rather large twins run 
diagonally upwards and to the left, and one of these 


stops where it intersects a smaller {3034} twin. The 


lattice of the parent crystal has been bent or kinked 
through a 3° angle in the vicinity of the twins, as 


shown by the inclination of the basal slip lines on the 


Fic. 5. {3034 twin bands on an edge surface {1120'. 
Area shown lay under the grips and was stressed by both 
grips and tensile force. Stress axis parallel to the longi- 
tudinal edge. 38 

Fic. 7. Edge surface view of {3034} twins. Surface 
~ {1120}. Stress axis and basal plane traces are horizontal. 
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right and left hand sides of the photograph. The 


region on the left is the unkinked area. The three 


twins marked I, II, and III all make angles very 


close to 55° with the basal slip lines on this side. Twin 


IV, which lies inside the kinked area, makes an angle 


of 54° with the basal slip lines which surround it. 
The orientation of these twin traces is also plotted in 
Fig. 6. 


The experimental data, indicating a 


3034} habit 


plane, falls almost equally close to the {4045} plane 


which makes an angle of 56.33° with the basal plane 
The present form of twinning, however, has been 
designated as {3034} because lower indices are usually 


considered more probable. 


Ide ntification of individual component twins and the 
mechanism of deformation in {3034} twin bands 

Photographic evidence for the existence of {3034! 
twins inside the twin band will now be presented. A 
twin band was formed in a cylindrical specimen which 
was then removed from the holders and flat surfaces 
were cut and electrolytically polished at the site of 
the twin. Fig. 8 shows the resulting structure in 
which the twins are clearly evident after the cutting 
and polishing operation. The fact that the structure 
is still visible after this operation is good evidence that 
we are concerned with twins. The width of individual 
twins is of the order of 1 yu, while their length is of the 
order of 40 uw. However, larger lengths and widths 
have been observed. 

Localized regions of very high plastic shear strain 
have been observed in the $3034! twin bands, and 
microscopic evidence indicates that this intense 


deformation occurs primarily inside the {3034} twins 


Fic. 8. Small {3034! twins near the end of a {3034} twin 
band on a cylindrical specimen. Surface electropolished 
and etched in HCl. Stress axis vertical. 540. 
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Fic. 10. Plastic deformation in a {3034} twin band as 
viewed perpendicular to the rotated surface which was part 
of the face surface of the specimen before twinning. Non- 
basal slip lines curve downward from the edge of the twin 


band. 765. 


lattice orientation expected in the observed {3034} 
1120 


symmetrically oriented with respect to the stress axis. 


twins in which two slip directions are 


With the aid of angular measurements based on a 
stereographic projection of the lattice expected in a 
{3034' twin, it can be proved that the orientation 
factor for basal slip should be relatively high (about 


0.262). The minimum normal stress at which {3034} 


twins have been observed in the single crystals is of 


the order of 6000 lb/in?. This is equivalent to a 


resolved shear stress of 1100 g/mm? on the basal 
plane of the {3034} twins at the instant of their 
formation, which is 20 times greater than either 
Conrad and Robertson’s"®) or Burke and Hibbard’s%® 
values for the critical resolved shear stress for basal 
slip in an undistorted crystal at 25°C. An average 
fracture stress for the large cylindrical specimens was 
of the order of 18,000 lb/in?, which signifies that the 
maximum shear stress on the basal plane of the twins 
was about 60 times greater than that required to start 
basal slip in the parent lattice. While the basal plane 


in the twins may be favorably oriented with respect 


to the stress axis, the {1010} prism and {1011} pyra- 


midal planes are not. The orientation factors for the 
most highly stressed prism and pyramidal planes are 
of the order of 0.17 and 0.05, respectively. Further- 
more, the present work‘) shows that the yield stress 
for non-basal slip is very high, and when expressed as 
a resolved shear stress, on either prismatic or pyra- 
midal planes, is of the order of 4000 g/mm? at 25°C. 
Low orientation factors and apparent high critical 
stresses for pyramidal or prismatic slip imply that 
slip on these planes inside the twin is improbable, at 
least at the start of plastic flow in the twins. On the 
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other hand, the large resolved shear stress on the basal 
plane in the twin indicates that plastic deformation in 
the twins might occur, initially, on the basal plane. 


THE KINK BAND COMPONENT OF 
{3034} TWIN BANDS 

Simple kinks are shown in Fig. 11, which is an edge 
surface view of a {3034} twin band. The plane of the 
photograph is close to the plane of shear {1120} for the 
3034} twins, and both twin band and basal plane are 
nearly perpendicular to the plane of the photograph. 
The horizontal lines running across the photograph 
are basal slip lines of the parent crystal and give the 
stress axis direction. A rather pronounced dark line 
may be seen in the photograph sloping diagonally 
upwards and to the left. This line makes a measured 
angle with the basal slip lines of 55°. It is, therefore, 
a row of {3034} twins. Two kink bands may be seen 
adjoining the row of twins: that at the top of the 
photograph lies to the left of the twins, while that at 
the bottom lies to the right. The upper kink is larger 
and more clearly resolved. Basal slip lines suffer an 
inflection, where they enter this region, which is not 
the same at all positions along it and, as one proceeds 
downward from the upper left of the photograph, the 
inflection becomes progressively less. In general, the 
slip lines in a twin tend to be parallel, but this is not 
necessarily true in a kink, and the presence of non- 
parallel glide lines is strong evidence for the existence 
of a kink. Notice that the total displacement of the 
slip lines anywhere in the photograph does not vary 
appreciably on crossing the complete twin band. In 


the central region the twins have undergone a large 


Fic. 11. The relationship of a kink to the twins inside a 
{3034\ twin band. The twins lie along the narrow dark line 
which traverses the deformation. In the upper part of the 
photograph, the kink lies to the left of the twins; at the 
bottom it lies to the right. Surface ~{1120}. Stress axis 
and basal plane horizontal. 450. 


ro. 
‘ 
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shear, while at the top the shear in the twinned region 
is small. The difference in displacement of the slip 
lines on crossing the twins at the two points is made 
up in the kink which adjoins the twins. Thus, the kink 
band accommodates the lattice to differences in degree 
of shear along the line of twins. Where plastic flow in 
the twins is smallest, the kink is widest, and the basal 
slip lines are rotated most. On the other hand, where 


the the the band 


shear in twins is highest, kink 
disappears. 

Several kinks associated with {3034! twin bands are 
visible in Fig. 5. A study of these and other edge 
surface views of twin bands shows that not only does 
the angle of inflection of the basal slip lines vary with 
position along the kink, but the average angle between 
the slip lines in the kink and parent crystal varies 
widely between different {3034! bands. In Fig. 11, 
the average angle is about 12°, but angles as high as 
23° have been observed. 

The above-mentioned kinks should not be confused 
with the well-known lattice accommodation kinks that 
occur on twinning, and which also occur in this case. 
The diagram in Fig. 12 shows the difference. 

Other deformation markings, in addition to the 


primary lines of {3034} twins and their associated 


These 


narrow, twin-like secondary deformations appear in 


kinks, are sometimes observed in twin bands. 


the kinked region and, for the most part, make angles 
between 65 and 70° with the basal plane. Occasionally 
basal slip lines may be observed to undergo large dis- 
placements where they cross these markings and, 
although their exact identity has not been determined, 
a reasonable assumption is that they might be 
secondary {3034} twins which formed in the kink band. 
This would explain their somewhat random orientation 
and steeper inclination to the basal slip lines of the 
parent crystal. Furthermore, plastic deformation 
inside the secondary twins would account for the 
large slip line displacements sometimes observed. 
Whatever the nature of the secondary markings in 
the kink part of the {3034} twin bands may be, it is 


quite evident that the lattice distortion in this region 


SHEAR {3034} Twins 


ACCOMODATION 
KINK 


LATTICE 
ACCOMODATION 
KINK 


Shear accommodation kink and associated 


Fic. 12. 


lattice accommodation kink. 
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Fic. 13. Plastic deformation inside 


electropolishing 
0002). $50 


revealed by and etch 


HCl. 


Surface & 


must be very intense. This fact is fully confirmed when 
a deeply etched surface of a large band is viewed unde 
the microscope. Fig. 13 shows a region near the centet 
of a {3034} band on a circular specimen where the 
plane of the photograph is nearly parallel to the basal 
plane of the cry stal. Two undistorted lines of primary 
twins may be seen which run horizontally across the 
photograph. Inside of these latter, and closer to the 
lower one, is a broad band of badly distorted metal 


which corresponds to the kinked region 


13034! lwin bands 


The 


1012! twinned re gion 


formation of second ordey 


Twin bands have been identified 


under conditions 

other than when the stress was applied in a direction 

parallel, or nearly parallel, to the basal plan 
A cylindrical specimen was made from a 

which the basal plane was inclined 76 

In this orientation, a crystal 

11012! The tightening 


grips on the spec imen holde rs applied a load of approx}- 


stress axis 


situated for twinning the 


mately 600 lb/in*, normal stress, which 
to form the {1012! 
Fig. 14. As the load was increased above 600 Ilb/in? 


the region of {1012! 


was sufficient 
twins visible at one of the fillets in 
twinning increased in size. Finally 
3034! twin bands were observed to form in the same 
‘1012 


the specimen pulled out of 


regions which were the first to show the twins 
At a load of 5600 Ib/in? 
one of the grips and it was not possible to carry the 
test to fracture 

15 shows the $3034! twins as they appeared 


Note that 


occurred on both planes of the zone 


Fic. 


after loading to 5600 |b/in* twinning 


whose axis is 
almost perpendicular to the stress axis 


A Laue X-ray pattern was made of the area adj vcent 


some " 
—— 
4) tude on 
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to the {3034! twins and the lattice orientation, as 
determined by the photograph, clearly shows that the 
lattice has suffered a {1012! twinning rotation. The 
basal plane poles, before and after {1012} twinning, 
are plotted ona stereographic projection in Fig. 16. 
The angular spread of these poles has the expected 
value of 86°. The ends of the observed {3034} twin 
bands are also plotted on this diagram, and the poles 
of the great circles drawn through the plotted points 
show very good agreement with the {3034} poles deter- 


mined from the Laue photograph. 


The twinning elements K,, Ky, 7, and Ho for {3034} 
twinning 

The composition plane has been found, by the two- 
surface method, to correspond with the indices {3034}. 
Assuming the identity of composition and twinning 


Fic. 14. {1012} twins which appeared at a low tensile 
stress in a specimen in which the basal plane made a 76 EXP LAUE 
angle with the stress axis. ;* ° 
(3034) POLE (0002) POLE (3034) POLE (0002) POLE | AX 
IN (1012) TWIN IN (1012) TWIN IN (1012) BEFORE 
TWIN TWINNING 


Fic. 16. Stereographic projection of second order {3034} 
twin bands in a {1012} twinned region plotted to show 
experimental data in relation to the orientation as deter- 
mined by a Laue back-reflection photograph. 


plane establishes A, as {3034}. The plane of symmetry 
perpendicular to {3034} is {1120}. The intersection 
, and the twinning direction 


of these two planes is » 


is (2023 


The tilt of the surface where this twin intersects the 


surface containing the basal plane was measured with 
an optical goniometer and the minimum rotation 
appears to be of the order of 10°. The shear sense is 
such that the formation of the twin increases the 
specimen length in a direction parallel to the basal 
plane. With the aid of simple calculations it may be 
shown that the observed 10° tilt corresponds to a 
twinning shear of 0.272, and an angle between the 
first and second undistorted planes of 82° 16’, which is 
very close to the angle which the {1012} plane makes 


Fic. 15. {3034} twin bands near the upper fillet which had 
14. x7, With the {3034} plane, namely 82° 18’. The {1012} 


first twinned on a {1012! plane as shown in Fig. 
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Fic. 17. 
accounts for the 
and the angle of surface tilt where a 
a surface containing the basal plane. 


The choice of {1012} for second undistorted plane 
shear sense in {3034} twinning 
{3034} twin intersects 
Plane of paper is the 


obsery ed 


plane of shear {1120}. 


plane, as shown in Fig. 17, also has the proper orienta- 
tion to account for the shear sense which occurs during 
twinning. The agreement between the experimental 
second undistorted plane and the {1012} plane is 
perhaps fortuitous. The measurement of the surface 
tilt is subject to error because of the tendency for 


additional plastic deformation to take place inside 


{3034} twins and {3034} twin bands. Surface tilts as 


large as 30° are found, but they can usually be traced 


to the shear accommodation kinks which accompany 
the {3034} twins. Unfortunately, the twins which 
have the least 
addition to the twinning shear are the smallest in 


appear to suffered deformation in 
size, and since {3034} twins are small in any case, the 
accuracy of measurement of surface tilt cannot be 
high. On the other hand, the low indices of the {1012} 
plane is a factor which favors this plane as the second 
undistorted plane. On the assumption of {1012} as 
would be the (1011 


second undistorted plane, Ne 


direction. 
sub- 


After this papar was 


Roberts“ identified 


Note added in proof: 
mitted, 
twins by self-consistency methods on one surface of 


Couling and 


a polycrystalline magnesium—2.5 per cent Al alloy 
having the same c/a ratio as magnesium. Based on 
deductions from an atomic model, they concluded 
that the (3034), [2023], 
(0001), and [1010] for A,, 7,, Ay, and H,, respectively; 
with these elements twins would form in compression 
the the 
present work with single crystals oriented so that 


twinning elements were 


parallel with basal plane. However, in 


the basal plane lay in the surface, primary {3034} 


twins invariably formed in tension. 
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‘1013! twins 

Twinning, on a {1013}! plane, was found on the small 
rectangular specimens tested at the higher tempera 
These 


tend to 


tures (150 and 286°C) twins are generally 


small in size and occur near the region of 


fracture, and frequently in the vicinity of /3034} twins 
Plastic deformation does not occur in {1013! twins 


as extensively as in {3034}! twins and, in general, these 


twins look like {1012} twins except for their small size 


1013} 


edge surfaces are shown in Fig. IS. 


Two views of twins on adjacent face and 


The uppel photo- 
plane Is 
L120 


In the lower photograph, the twins approach an angle 


graph shows that their trace on the basal 


normal to the stress axis and thus parallel to a 


of 32° with the basal plane. Measurements made with 
an optical goniometer on a number of these twins 
from different specimens give values between 27 and 
32 for the angle between habit and basal planes 
Inside this angular range, one finds the planes {2027} 
at 28.17 (1013! at The 
25.1) 


and 32.00 next closest 


planes of low indices are {1014} at and {2025! 


twins in 


1 spe 
Stress AaXIs 
indary with 


» surface near bo 


ge surface at same boundary, 


| 
| 
| 
te} 
(a) ol 3 
‘ 
2 
Pie 
SS 
1) Face 200 
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Since within the observed 


‘1013! falls 
range, and because its indices are smaller, the twinning 
») 
(1120} 


at 36.87 


plane is quite probably {1013}. Because a 


symmetry plane is perpendicular to the {1013} plane, 


the twinning direction 7, must be (3032 
The 


basal plane was 4 


of the surface containing the 
after 41013! 
about 2°. A surface tilt 


measured tilt 
with a 
of 4 


corresponds to a twinning shear of 0.28, and an angle 


twinning, 


reproducibility of 


of 82° between the first and second undistorted planes. 
This angle falls between {1011! at 86° and {3032} at 


11.6 


{1011} or {3032} a possible second undistorted plane 


An error of +-2° is sufficient to make either 


because the predicted surface tilt for {1011} is 2° 10’, 
and for $3032! it is 5° 40’. 

It should be pointed out that the error in the above 
measurements is not capable of precise definition 
because the estimate of reproducibility does not 
include errors due to local plastic deformations which 


complicate tilt measurements. This is especially true 


because the width of the {1013! twins, like that of 


13034! twins, is small. 
If {3032} is the second undistorted plane, then 7, 


would be (1013), while if it is {1011}, then 7, is (1012). 


mperature ndence of {3034} and {1013} twinning 

Tests performed on small rectangular specimens as 
a function of temperature indicate that the formation 
of {3034} twins is temperature dependent. It has 
already been demonstrated that they form at 25°C. 
They were also found in large numbers on specimens 
tested at 150°C and in the region immediately adjacent 
to the fracture on the specimens tested at 286°C. 
13034 


specimens tested at 


However, twin bands were not found on 
L9O-C, except at one location 
under the grips on one specimen, and it is probable 
that the pressure applied by the grips formed this twin. 
25°C did not 


any evidence of {1013} twinning. This form of twin 


Specimens tested at 190 or show 
was only found at the two higher temperatures, 150 


and 286°C. 


Other twinning modes 

Two other forms of twins have been tentatively 
identified. Since they have only been observed in 
conjunction with parting, they will be discussed in a 
paper entirely concerned with fracture mechanisms 
in magnesium single crystals. Parting in one of these 
tentative forms, {1124}, appears to be responsible for 


the observed fractures in the 190°C specimens. 


DISCUSSION 


The fact that $1013! 
form more easily at higher temperatures is in accord 


and {3034} twins appear to 
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with the observations of Bakarian and Mathewson,‘°? 
Other- 
wise, it is generally conceded that twinning occurs 
(11) 


with respect to {1012} twins in magnesium. 
more easily at low temperatures; Clark and Craig 
have summarized the available information related to 
the temperature dependence of twinning with the 
statement: “In general, it would appear that increas- 
ing the temperature decreases the amount of twinning 
by making it easier for the metal to deform by slip. 
Lowering the temperature has the opposite effect.”” 
The present experimental results do not conform to 
this concept. Lowering the temperature not only 
makes it more difficult for the metal to deform by 
slip but, apparently, it is also more difficult for it to 
deform by {3034} or {1013} twinning. 

There is one important difference between the 
present work and much of that which has preceded it, 
namely, that in this case the specimen orientation has 
been closely controlled so that the crystals were tested 
over a range of temperatures under almost identical 
conditions. In polycrystalline specimens, variable 
orientation of grains, grain size, and grain boundary 
shearing are complicating factors which may affect the 
results obtained at different temperatures. 

The estimated magnitude of the shear strain for 
both the {1013! and the {3034! 
0.27 respectively) agree with the observed small size 
of the Both Cahn“) and 
Alexander™* point out that twin size should vary 


twins (0.28 and 


twins. Rosi, Dubé and 
inversely as the elastic strain energy required for 


twin formation. 


CONCLUSIONS 
Two additional modes of mechanical twinning have 
been observed in magnesium. Optical measurements 
based on X-ray orientation determinations indicate 
3034} and {1013}, with 
corresponding twinning directions (7) (2023) and 
3032 


mined in each case in terms of the tilt of the specimen 


that the twinning planes are 
respectively. The twinning shear was deter- 
surface. Based on these measurements, it is probable 
that the second undistorted plane (K,) for {3034} 
It is probable that 
the second undistorted plane for {1013} twinning is 
either {3032} or {1011}. If it is {3032}, Ho is (1013); 
but if it is {1011}, then 7, is (1012). 

The ease of twin formation appears to be anomo- 


twinning is {1012}, and (7) (1011 


lously temperature dependent in that it increases 

Thus, {3034' twins were 

observed on specimens tested at 25, 150, 

but not at 190°C: =41013} 

observed only at 150 and 286°C and not at either 
190 or 25°C. 


with rising temperature. 
and 
twins 


286°C. were 
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CRYSTALLOGRAPHIC CHARACTERISTICS 


OF FRACTURE IN MAGNESIUM 


SINGLE CRYSTALS* 


R. E. REED-HILL* and 


\ re-examination of the fracture mechanism 
strained in tension parallel to the basal plane. 
failure. In the 


primary mode of temperature 


3034} twins, while at 
LO11!, and 


low du 


mechanism. 


LES CARACTERISTIQUES CRISTALLOGRAPHIQUES DE 
DES MONOCRISTAUX DE 


range 
the habit plane of fracture was 


1010} cleavage planes of magnesium have not been confirmed by the present work. 


ROBERTSON? 


magnesium has been made using single crystals 


Fracture in a twin (parting) was observed as the 


25-286°C, fractures occurred 


1124}. 


primarily in 
The previously reported (0002), 


1 The 


tility of magnesium strained in tension parallel to the basal plane is explained in terms of the 


RUPTURE 
MAGNESIUM 


Les auteurs ont procédé a un nouvel examen du mécanisme de rupture du magnésium sur des mono- 


cristaux déformés par traction parallélement au plan de base. 


de rupture se présentait dans une macle. 
produlisant 
1124 


ent n ont pas ¢ te retrouves. 


initialement dans des macles {3034}, tandis qua 


\u cors de ce travail, les plans de clivage du magnésium (0002), {1011} et 


Ils ont observé que le mécanisme primaire 


Pour une gamme de températures de 25—286°C, les ruptures se 


190°C le plan d’habitat de la rupture est un 
LOLO 


signalés 


Les auteurs expliquent en fonction du mécanisme de rupture, la 


tilité du magnésium déformé par traction parallélement au plan de base. 


DIE KRISTALLOGRAPHISCHEN 


KENNZEICHEN 


DES BRUCHS VON 


MAGNESIUM-EINKRISTALLEN 


n, die im 

r des Bruch-n 
Grundform der Bruchbildung beobachtet. 
3034'-Zwillingen 


vornehmlich in 
Die friiher n 


1011}- und 


hung nicht bestatigt werden. 


itgeteilten 
genden Untersu 
1ung parallel zur Basisebene 


Zugversuch parallel zur Basisebene gedehnt wurden, erfolgte eine 


1echanismus von Magnesium. 


auf, wahrend bei 


erneute 


Dabei wurde der Bruch in einem Zwilling als 


Im Temperaturbereich zwischen 25 und 286°C trat der Bruch 


190°C die Habitusebene des Bruchs {1124} war. 


1010}-Spaltebenen des Magnesiums konnten bei der vorlie- 
Die geringe Verformbarkeit des Magnesiums bei Zugbean- 


wird auf Grund des Bruchmechanismus erklart. 


INTRODUCTION 


and Schiebold and 
Siebel indicated that magnesium cleaves (fractures) 
31012}, 


Mathewson?) 


Investigations of 


on four different planes: (0002), and 
LOLOL. 


normal to the basal plane. 


Bakarian and also observed 


as a habit plane of fracture in compression 


3asal plane cleavage in magnesium has not been 


definitely established in subsequent experiments, 


including attempts to cleave cry stals at 190°C in 
Also, as far 


prismatic cleavage has not 


the present work. as the authors are 


aware. been reported 
subsequent to the original work. Thus, a re-examina- 
tion of fracture mechanism in magnesium is desirable. 


Extensive deformation and the associated change in 
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orientation preceding fracture of single crystals 
causes some uncertainty in identification of a habit 
plane of fracture for orientations in which basal slip is 
operative. Accordingly, the following study of the 
crystallographic characteristics of fracture in mag- 
nesium was performed with large single crystals in 
which the tensile axis lay in or near the basal plane 
This orientation, which suppresses basal slip and 
has the added significance that it 


cold- 


/1012! twinning, 


corresponds to the predominant texture of 


worked and recrystallized polycrystalline sheet. 


EXPERIMENTAL PROCEDURE 


Cylindrical crystals, 1/2in. x 7in. long, were 


grown from the liquid in graphite crucibles. Spectro- 


graphic analysis of the starting material indicated a 


total impurity content of 0.05 per cent by weight. 
Two different types of specimens were used: (a) 

cylindrical specimens with the central section reduced 

to 8mm in diameter over a length of about 10 mm, 


and (b) rectangular specimens, 4.7 mm wide by 1.6 mm 


| 
fracture 
precede 
faible 
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thick by 38mm long, cut from selected cylindrical 
specimens. In the latter case, all trace of surface 


to 


fracture). 


deformation was removed by extensive etching. With 


prior 


one exception, the basal plane in cylindrical crystals 
lay within less than 10° of the longitudinal stress 


just 


ad ot the 


axis. Rectangular specimens were cut so that the 
basal plane was within 2°, longitudinally, and 3 


laterally, of the face surface which contained the 


specimen 


tensile axis. Details regarding the preparation of 


lime 


pame 


these specimens may be found in papers concerned 
with deformation and twinning.":> 


(b) 
a white 


Both types of specimen were tested under conditions 


in which tensile strain was confined to the axial 
direction by fixtures that prevented lateral kinking 
as far as possible. Stress was applied to cylindrical 
crystals with a screw-driven testing machine; rec- 
tangular crystals were strained with a simple lever 


a load of 645 kg 


loaded with sand at a constant rate.'® Stress-strain 


twin band (visible a 


curves were obtained for rectangular crystals at 
190, 25, 150, and 286°C at a loading rate of 


and the 


3.5 g/mm? per sec; at 25 and 150°C a higher loading 


‘imen under 


rate of 350 g/mm? per sec was also used.“ Microscopic 


crack 


observations of the deformation and fracture process 


were made with microscopes attached to the machine 


ture 


during tensile straining of the cylindrical crystals 


at 25°C. 


Cylindrical sper 
trac 


RESULTS 
The relative magnitudes of the various quantities 
associated with the fracture of magnesium crystals 


are shown in Fig. 1. The critical resolved shear stress 


for basal slip was obtained from incremental creep 


ady 


experiments on similar magnesium crystals and 
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the resolved shear stress for duplex prismatic slip was does not expand catastrophically until the load- 
obtained from stress-strain curves of rectangular carrying area has decreased to a small fraction of the 
specimens strained in a {1010} direction.“ The strain original area. The rupture process was completed with 
the aid of a second, similar fracture surface 
originating in the diagonally opposite fillet (Fig. 
Ye). 

Examination of Figs. 2(a) and 2(b) reveals that 
the leading edge of the open crack, which advances 
with increasing stress, is preceded by a narrow white 
line. This line is a {3034! twin band (a narrow 
band containing many small {3034} twins and 
associated accommodation kinks and secondary 
twins'®)). The habit plane of the macroscopic 
fracture surface is the composition plane of the 
twins in the twin band. The cylindrical surface of 
the lower half of the specimen, shown in Fig. 2(c), 
was electropolished and etched in hydrochloric 
acid to reveal the structural details of the 

twinned volume ahead 

z of the fracture crack. 

at fracture was calculated A composite photo- 
from the change in width — SS ee = micrograph of this area 


of rectangular crystals in ‘ Ngee %:" is shown in Fig. 3. The 


which the deformation Sa. : twin band consists of 


was essentially two-di- x two linen if narrow 
mensional, as a conse 3034! twins forming 
quence of duplex prisma- 
tic slip. band. The structure 

It is evident from Fig. | ; between the primary 
that the stress required for twins is severely dis- 
of magnitude greater than 


in the accommodation 
that for basal slip and, | “eS ‘ | kink is clearly defined 
vecordingly, the pheno- \ by the displacement of 
mena observed in the 
present work are not ope- 
rative when basal slip is a 
competitive process for stress relaxation. It also 
appears that the temperature dependence of 
fracture strain is a mirror image of the critical 
shear-stress for non-basal slip (principally duplex 
prismatic slip). Even in this unfavorable orienta- 
tion fo plastic deformation there is an appreci- 
able strain preceding fracture at all temperatures 
except, surprisingly, at room temperature. 
Crystallographic characteristics of fracture at 
25°C. Fig. 2(a) shows a well-defined fracture 
in the upper fillet of a cylindrical specimen, and 
Fig. 2(b) shows the same fracture, just before 
final rupture, enlarged as a result of an increase 
in load from 645 to 733 kg. Both photographs rs 
were taken with the specimen fully loaded at 


a ae ; Structural details in the twinned volume ahead of a 
25°C and it is apparent that the fracture crack fracture crack. 150. 
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AND 


Fic. 4. {3034} fracture surface showing the distorted layer 


covering the surface. 8. 


rows of etch pits which lie along the trace of the basal 


plane in the undeformed crystal. It appears that 


incipient fractures, located in one row of the primary 


twins. have formed in advance of the main fracture 
crack. 
Thus, though the macroscopic fracture strain is 


Fic. 5. {3034} fracture surface 


removed the thin distorted surface layer 


orientations 1n 


40. 


twins whose angular 
the fracture surface. 
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small at room temperature, the plastic strain in the 


twinned volume where rupture occurs is actually very 
large 
Fig 


moval 


The plane of the fracture surface is shown in 
Re 


1 
my 


4, where the localized distortion is evident 
of 
electropolishing reveals traces of all six {1012 
of these 


a thin layer from the fracture surface 
TWINS 
Twins 


ot the 


Fig. 5) and the angular orientation 


in the surface further confirms the habit } 
fracture surface 
Additional evidence of 


(3034) at 25°C 


the general significance of 


fractures obtained from the 


following two experiments \ rectangular crystal 
the lying at 4 flat 
1120 A number of 
$} twins formed on the basal plane surface that 
Fig these 
faint white lines) and a well-developed fracture in ons 
of the Fig 


hardness indentations on ; 


with basal plane 


surface was bent about a axis 


1303 
was in tension 6 shows several of twins 
Rockwell 


the 


twin bands. 7(a) shows two 


basal plane surtace 


surface was etched subsequent to forming the first 


lower impression so that the twins would be clearly 


The six sets of twins tangent to the circular 


which 


visible. 


are the usual twins formed in 


The 


close to the indentation and extend outward in a radial 


impression 


twins only 


small appeal 


compression 
direction are in the {3034! orientation and have formed 
as a result 
Fig 


end 


of tensile hoop-stre SSCS about the indent 
ind 


in Fig. 7(a) to the edge 


7 b) shows an edge view ot the crystal! 
of a that 


uppe 


tion. 


the verti 


fracture runs almost 


from the indentation 


tropolishing 


and revealed t 


the surface confirm 


| 
731 
and etching wv 
races of all six {1012 
habit plane of 


ACTA METALLURGICA, VOL. 


Fic. 6. {3034} parting fracture produced by bending a magnesium crystal 


about a (1120) axis. 5. 


where the angles, again, confirm the {3034} habit twin band in the upper fillet which appeared at an 
plane. unresolved stress less than 7.2 kg/mm? and a plastic 


At high strain rates new fracture modes appear at _ strain of less than 2 « 107%. 


25°C in conjunction with the predominant {3034} In order to determine more precisely the range of 
mode. Fig. 8 shows the termination of one of these stress in which these twins form, four additional 
fracture surfaces in a twinned volume. The measured cylindrical specimens were tested. In these crystals 
angle between the habit plane and the basal plane, the stress axis was in the range of 88—84° from 
on both sides of the fracture shown in the photograph, 
was 22 30° + 40°. The composition plane may, 
therefore, be either {/1014'(25 7’) or {1015'(20 
33’), if irrational indices are excluded. 

Stress to form twin bands. Resistance strain 
gauges were originally cemented on opposite sides 
of the specimen shown in Fig. 2, at 90° from the 
locations where fractures originate. Fig. 9 shows the 
stress—strain curve for the initial cycle of loading. The 


first visible evidence of deformation was a very small 


(a) 
Fic. 7. Deformation and fracture resulting from the impression of a 1/16 in. diameter ball into a basal plane surface. 
(a) Basal plane surtace. Surface electropolished and etched subsequent to forming the lower indentation. 5. (b) Upper 
edge of specimen showing the end of a fracture that runs almost vertically from the upper indentation to this edge. 15. 
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the pole of the basal plane and from 6-14° from 
a (1010) direction. Two observers viewed the speci- 
mens continuously with microscopes at x 30. It was 
found that the resolved shear stress to form the first 
13034! twin band in the fillet was 3.1 1.0 kg/mm?, 
resolved in the twinning plane and in the direction of 
the twinning shear. This stress, when expressed as an 
unresolved tensile stress, is 5.7 
considerably smaller than the unresolved tensile stress 


2 ke/mm?, a value 


- UNLOADING 


STRESS, kg/mm? 


4 6 6 I2 14 


STRAIN, 10° mm/mm 


Fic. 9. Stress-strain diagram of a magnesium single crystal 
specimen, loaded until the formation of a {3034} twin band 


was detected. 


Fracture in a twin whose indices may be either {1014} or 
rapidly loaded at 


{1015}. Specimen 


28°C. 160 


(11 kg/mm?) at which crystals strained in tension paral- 
lel to the basal plane have been found to yield by non 
basal slip.“ Evidently extensive plastic deformation 


at room temperature is precluded by the early 


appearance of {3034} twin bands that grow with 


increasing stress and lead to rupture by a parting 


mechanism in the twin. 


In all the experiments with cylindrical crystals, 


stress 


covering the range of orientation in which the 


axis lay between 2 and 10° to the basal plane 
,3034} parting fractures were invariably nucleated o1 
opposite sides ot the specimen whe re the has piane 
stress concentratlol 


TO the l act 
appe 
of formation because twins and fractures would 


, appeal 


which has not been observed in experiments involvi 


Was tangent 


the curved fillets does not ir to influence th 


at other locations around the stress 


12 cry stals 


With reference to Fig. 10, it is evident that th 


10. The locations, points und b, where 


are first nucleated on cylindrical spe 
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| 
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2 
| 
TO GRIPS 
4 
fa) 
(3035) (20102: 


Test temperature 150°C, 


11. {3034 


plane is anchored by the grips in the volume included 
between AA’ BB’, 
basal plane by basal slip could effectively place the 


Relaxation of stress parallel to the 


entire tensile force on the volume inside 4A’ BB’; as 
a consequence, the stress at points a and } would be a 
maximum with respect to all points lying on the exter- 
nal surfaces. Evidence that stress relaxation by basal 
slip does occur is contained in Fig. 9 where the elastic 


limit at 2.1 kg/mm? corresponds to a shear stress of 


68 g/mm?, resolved on the basal plane, which is close 
to the critical resolved shear stress for basal slip at 
25°C. The formation of twins and associated fractures 
at points a and 6, rather than inside the volume 
AA’ BB’, may be explained by the fact that the surface 
is free to tilt inward and, accordingly, the lattice strain 
iccompanying twinning is more easily accommodated 
at these points than in the interior of the crystal. 

mperature de pe ndence of fracture plane. Identical 
results were obtained with rectangular specimens at 
25°C. At 


specimens also occurred in {303 


150 and 286°C rupture of rectangular 
| twins, but only after 
appreciable plastic deformation by non-basal slip. 
The edges of the fracture surface at 150°C, Fig. 11(a). 
lie at the proper angle with the basal plane (top and 
bottom of the crystal in this edge view) and a number 
of {3034} twin bands may be observed directly above 
the fracture surface. These twins were formed on both 
1120 


perpendicular to the plane of the picture. Fig. 11(b) 


planes of the zone whose axis is the direction, 


shows a similar fracture at 286°C. In both cases, the 
curve extending from the topsurface to meet the {3034} 
fracture surface is part of the original upper surface 
(basal plane) moved into its present position by 
plastic flow in twins and associated accommodation 
kinks. 

Since {3034} twins and parting failures were only 


(b) Test temperature 286°C, 


parting fractures Jn specimens strained at elevated temperatures. 


found in the area of minimum cross-section adjacent 
to the fractures, the true fracture stress may be taken 
as a measure of the stress to form fractures in {3034} 
twins at 150 and 286°C. Since the fracture stress of the 


rectangular specimens tested at a rate of 3.5 kg mm? 


falls by 
temperature and 286°C, it appears that the stress to 


per min only 40 per cent between room 
form {3034} twins does not vary markedly with tem- 
perature in this temperature range. In addition, tests 
of rectangular specimens at 350 g/mm? per sec at 
25 and 150°C gave true fracture stresses only about 
5 per cent larger than those obtained with the speci- 
mens loaded at one-hundredth of this rate, indicating 
that the stress for parting in {3034} twins is not 
strongly dependent on the rate of straining. 

At 190°C, the fracture mechanism is entirely 
different. Fig. 12 shows two photographs of fractures 
in different specimens at —190°C. The habit plane of 
these fractures belongs to a {1010! zone, makes a 
the 
sects the face of the specimens, (0002) plane, at 60 


38 3° angle with basal plane, and inter- 


to the specimen axis. The habit plane of fracture 
is, accordingly, a {1124} plane (39.07>). 

Fractures at 
Fig. 13 shows that the surfaces of {1124} fractures are 


190°C may also occur by parting, for 


severely distorted. Extensive deformation close to the 
fracture precluded direct observation of the termina- 
tion of the fracture surface in a twin after tensile strain 
at 190°C. 
specimen at 25°C, with the stress axis nearly perpendi- 


However, compression of a cylindrical 
cular to the basal plane (82°), produced similar 
Fig. 14 shows the end of a compression 
band that 


fractures. 


fracture which terminated in a narrow 


appears to be a twin which has undergone a large 
internal plastic shear. The habit plane of this fracture 


surface is also {1124!, within 2 
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12. {1124} on two 


fractures 
tension at 


DISCUSSION 

The preceding evidence establishes the fact that 
fracture of magnesium, oriented to suppress basal slip 
and {1012} twinning, occurs by a parting mechanism 
in the twins of a twin band. In a previous paper‘? it 
was shown that in the present orientation a very large 
plastic shear may occur inside the microscopically 
narrow volume of a {3034} twin, and that differences in 
plastic flow between individual twins of a band leads 


to shear accommodation kinks. Since the twins which 


precede fracture, and the fracture surfaces themselves, 
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Inagnesiun 


190°¢ 35 


it seems 


always show evidence of this plastic shear 
highly probable that the fractures occur as an end 


result of these large deformations in the reoriented 
lattice of the twins. 

In no circumstances, in the range of orientations 
investigated, have fractures been observed in the usual 
{1012} twins. Cylindrical specimens have been loaded 
and unloaded as many as thirty times, forming /1012! 
twins on unloading as a result of the prior surface 
13034} but the 


/1012} twins disappear on reloading and they have no 


tensile strain associated with twins 


A, 
e 
¥ 
ot 
so 
Fic. crystals strained in 
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1124: fracture surface. 150. 


apparent effect on the stress at fracture or the habit 
plane of fracture. While the experiments have not been 
performed, it seems probable that the opposite orienta- 
tions of tensile stress normal to the basal plane or 


compression parallel to the basal plane, would also 


result in {3034} parting in a {1012} twin in which the 
reoriented basal plane would take up the same 
orientation relative to the stress axis that it had in the 
present experiments (86°). 

In these experiments, crystals were oriented with 
a {1010} plane normal to the stress axis, an orientation 
presumably ideal for {1010} prismatic cleavage. How- 
ever, prismatic fractures were never observed under 
any condition of temperature or strain rate. Similarly 
the previously observed pyramidal fractures were not 
confirmed: since the angle between {3034! and {1011} 
is small (7.18°), earlier measurements on deformed 
crystals may have resulted in the identification of 
}3034; partings as {1011} cleavages. 

The preceding results may be used to interpret the 
observations of Dorn and his co-workers on poly- 
crystalline magnesium. Thus, in the work reported by 


Fic. 14. One end of a {1124} fracture which formed in a 
compression loaded cylindrical specimen at 25°C. Angle of 


stress axis to basal plane 82 degrees. 150. 
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Hauser, Starr, Tietz, and Dorn,‘®) unidentified cracks 
were first observed in a grain in which the stress 
axis was at 85 
1120 
traces are plotted on a stereographic projection of the 


to the basal pole and 17° to a 
direction. When two sets of observed fracture 
crystal orientation, they fall on {3034} planes, well 
within experimental error. Furthermore, if the orien- 
tation factor, cos ¢ cos A, is computed for the six 
(3034} planes of their crystal, it is found that fracture 
occurred on the two planes with the largest orientation 
factors, as in the present experiments with single 
crystals. 

In polycrystalline specimens, the parting failures 
first occur near grain boundaries, but final rupture is 
completed by separation along grain boundaries 
the 
therefore, that transgranular cracks originate on the 


aligned at 45° to stress axis. It appears, 
{3034} planes of highest resolved shear stress and 
fracture spreads by grain boundary shearing on the 
geometric plane of maximum shear stress. 

At low temperatures, Hauser, Landon, and Dorn‘®? 
find that the shifts to a “‘brittle” 


however, plastic strains of 1-7 per cent were observed 


fracture form: 


before fracture at —190°C. In the present work it was 
shown that fracture at this temperature conforms to a 
{1124} plane. The resolved shear stress on the twinning 
plane and in the shear direction is a function of the 
direction of the stress axis in the basal plane; thus, 
the stress on the most highly stressed {1124} planes is 
20 per cent higher when the stress axis is parallel with 

1120 LOLO). 


stress for twinning more nearly approaches the stress 


instead of Accordingly, the critical 
for prismatic slip and a condition of very limited 
ductility may be expected for selected orientations, 
similar to that found at room temperature in the 


present work, and for the same reason. 


CONCLUSIONS 
(1) Magnesium, oriented to suppress basal slip and 
‘1012! twinning, fiactures by a parting mechanism in 
twins which grow with increasing stress ahead of the 
leading edge of a fracture surface. 
(2) Fracture appears as an end result of large plastic 
shear strain in the reoriented lattice of the twins 
(3) From 25-286°C the predominant habit plane of 
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fracture is the composition plane of a {3034! twin band 
At 25° 
and their habit plane has been identified as either 
or {1015!. 

(4) At a {1124} habit 


plane which also appears to be the composition plane 


’, secondary fractures appear at high strain rates 


190°C, fracture occurs on 


of a twin. 


(5) Fracture on {1010} prismatic planes was not 
observed under any conditions of temperature and 
strain rate, although the crystals were in the most 
favorable orientation for the development of such 
The of {1012! does not 
affect the subsequent development of {3034 


ind it is 


fractures. presence twins 
twins, 
twin 


pro 


resulted in the 


and fracture was never observed in a 


Prismatic fractures were not observed 
bable that the small difference in angle 
identification by earlier investigators of {3034} parting 
fractures as {/1011! cleavages 


(6) The ductility of magnesium, oriented with the 


tensile axis from zero to 10° from the basal 


plane, is a minimum at room temperature. Plastic 


deformation is limited by the formation of twin bands 


stress which is low 


in which fracture develops at a 
relative to the stress for non-basal slip 


{ transcrysta 


7) A detailed explanation for 


fractures observed in polyery stalline magnesium has 
from the 


been derived preceding observations on 


single crystals 
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THE DENSITY OF 


M. CLAREBROUGH, M. E. 


The cl 


annealing of deformed copper have been measured. 


DISLOCATIONS 


HARGREAVES and G. 


IN COMPRESSED COPPER* 


W. WESTT 


1anges in stored energy, macroscopic density and electrical resistivity associated with the 


Three independent estimates of the density of 


dislocations in the deformed material are obtained by combining these results with the best available 


theoretical values for the energy, density and resistivity changes associated with dislocations. 


The 


estimates from the energy and density measurements are in good agreement; but those from the resisti- 


vity measurements are 


presence of stacking faults in the deformed coppe 


LA DENSITE DES DISLOCATIONS 


approximately sixty times greater. 


r. 


DANS 


This discrepancy may be due to the 


LE CUIVRE APRES COMPRESSION 


Les auteurs ont mesuré les modifications d’énergie, de densité macroscopique et de résistivité électrique 


résultant du recuit de cuivre déformé. 


[Ils obtiennent 


trois estimations distinctes de la densité des 


dislocations dans le métal déformé en combinant leurs mesures avec les valeurs théoriques disponibles 


pour la variation d’énergie, de densité et de résistivité liées aux dislocations. 


Les calculs s’appuyant sur 


les mesures énergétiques et densitométriques sont en bon accord avec la théorie, mais pour les mesures 


de résistivité les résultats sont approximativement soixante fois trop grands. 


Cette différence est due 


probable ment a la presence de défauts d’empilement dans le cuivre déformé. 


DIE 


Die 


VERSETZUNGSDICHTE 


I 


N GESTAUCHTEM KUPFER 


beim Anlassen von verformtem Kupfer auftretenden Anderungen der aufgespeicherten Energie, 


der makroskopischen Dichte und des elektrischen Widerstandes wurden gemessen. Durch Kombination 


Ergebnisse 
die 
unabhangige 
Werte a 


nessun 


diese 


sowie von diesen hervorgerufenen Dichte- 


us den Energie 


gen sind jedoch etwa sechzigmal 


grosser 


Abschatzungen fiir die Versetzungsdichte des verformten Materials. 


mit den besten verfiigbaren theoretischen Werten fiir die Energie der Versetzungen, 


und Widerstandsanderungen erhalt man drei voneinander 


Die abgeschatzten 


und Dichtemessungen stimmen gut iiberein, diejenigen aus den Widerstands 


. Diese Diskrepanz hangt wahrscheinlich mit dem 


Forhandensein von Stapelfehlern in verformtem Kupfer zusammen. 


1. INTRODUCTION 


The density of dislocations in a deformed metal may 


be estimated from the changes which occur during 


annealing in the stored energy, macroscopic density 


and electrical resistivity. In order to compare such 


estimates it is essential that they be made from 


measurements on specimens of identical material. 
Previous papers":*.*) have already reported such 
for These 
showed discrepancies between the density of dis- 
the 


in 


measurements and calculations nickel. 


measurements 
the 


locations caleulated from 


as 


these properties. However, nickel, stored 
energy is released over a wide range of temperature 


and the density and electrical resistivity change in 
Further, there that 
vacancies are present in the deformed nickel it is 
difficult to the 


properties that must be attributed to the dislocations. 


two stages. since is evidence 


choose unequivocally changes in 


The present paper reports measurements of stored 
energy, macroscopic density and electrical resistivity 


made on pure copper. For this material, the stored 


* Received May 13, 1957. 
+ Division of ‘Tribophysics, 
Melbourne, Australia. 


ACTA METALLURGICA, VOL. 5, DECEMBER 1957 


C.8.L.R.O., of 


University 


of 


738 


energy is released over a small range of temperature 
in a single peak corresponding to recrystallization 
and this peak is associated with distinct changes in 
density and electrical resistivity. 

2. EXPERIMENTAL 
Commercial O.F.H.C. copper (99.98 


was used. 


per cent Cu) 
Specimens, 1} in. in diameter and 5 in. 
long, were annealed in vacuum for 1 hr at 600°C and 


then compressed to various extents in the manner 


) 


described previously.“ Specimens were cut and 


machined from the compressed cylinders, those for the 
measurements of density being the same size as used 


previously,” i.e. 12in. long and ? in. in diameter, 


and those for the measurements of electrical resistivity 
1 

4 

The measurements of stored energy, density, and 


being 2 in. in. in. 


electrical resistivity were made in the manner de- 


scribed in previous publications.“>?;4) The disadvan- 


tages of the annealing procedure used for the measure- 


ments of density on nickel” were largely overcome by 


heating the specimens in a stainless steel tube filled 
with pure nitrogen rather than in an evacuated silica 
tube. 


— > 
—— 
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Temperature 


Fic. 1. Power difference (AP), increment in 
resistivity (Ap) and fractional change in density (AD/D) as 
functions of temperature for copper deformed 55 pe 
in compression and heated at 6°C/min. 


Power difference JP 


electrical 


cent 


3. RESULTS 
The results of the measurements on specimens 
deformed 55 per cent in compression and heated at 


are the mean of separate measurements on two iden- 


min are shown in Fig. 1. The results in each case 


tical specimens. Practically all the stored energy is 
released in a single peak and sudden changes in 
density and electrical resistivity occur in the corre- 
sponding range of temperature. The results for the 
specimens deformed 30 per cent and 70 per cent in 
compression are similar in form to those shown in 
Fig. 1. For all deformations the peak in the AP 
curve and the sudden changes in density and electrical 
resistivity correspond to recrystallization. 

Table 1 lists the total energy stored (S) together 
with the fractional change in density (AD/D) and the 


change in electrical resistivity (Ap) which accompany 


the release of energy. 


4. DISCUSSION 
In the present experiments the various properties 
have been measured on specimens of identical material 
so that a correlation of the results should be possible 
The values obtained for the changes in density and 
electrical resistivity are in agreement with the results 
of Smart, Smith and Phillips® for oxygen-free pure 


copper. 


Stored change in density and 


for ypper 


energy, fractional 
resistivity 
compressk yn 


TABLE 1. 


increment in electrical deformed in 


Deformation AD 


compression D 


0.095 0.022 


0.128 0.030 


0.148 


0.037 


W WEST: COMPRESSE 

If the changes in stored energy, density and electri 
cal resistivity all result from a decrease in the number 
of dislocations during recrystallization, three indepen- 
dent estimates can be made of the density of dis- 
the deformed defor- 


These estimates are listed in Table 2 and are 


locations in material for each 


mation 
all based on the assumption of equal numbers of edge 


and screw dislocations. In calculating the dislocation 


density from the energy measurements it has been 
assumed that the edge and screw dislocations have ener- 


gies of 5 LO ergs em! and LO ergs cm 


respectively.‘ For the density measurements 


it has been assumed, as was done for nickel that 


an edge dislocation causes the same change in 


length and 


the 


density as a row of vacancies of the same 
that do 
change in density. For the measurements of electrical 
the 0.4 1Q-14 pel 
dislocation line/em* has been used 

It can be Table 2 
discrepancies between the various estimates 
columns are 


A similar f 


reported previously for nickel 


screw dislocations not contribute TO 


resistivity value of cm 


seen from that ther 


the estimates in the three 
in the proportion | : 6 : 60 
estima 


The discrepancy between the first two 
tne 


be removed by recent estin 


Stehle and Seege1 


using more 
fol the density change 
with a dislocation They have show) 

density change associated with a screw dislo 


copper in not negligible but is equivalent to | 


one and two times the ch 
row of vacancies of the 
estimate that the 
dislocation is rathe1 
dislocation. On this 
dislocations could 
density equal to 


vacancies of the same 


given in Table 2 for the 

from the density m« 

factor of 4a 
The lar 


from the me 


nd the 
disere 


surement 


| 4p 
‘20°02 
| 
0-02} 
2D 4 
= 
100} 
50} 
tes of 
il that WoO I l T 
it nange ad t ed 
of st ed. ene! ind 
I E 2. Densit tior 
iensit | 
30 30 8.5 LO 10 
55 55 1.1] 10 6 10 7 
70 1.93 10-4 70 1.3 LO LO ) 
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resistivity has been discussed in detail by Koehler‘ 


for copper and Boas? for nickel and attributed to the 
presence of stacking faults. However, the effect of a 
stacking fault on resistivity is still a controversial 
question and no further discussion will be entered 


into here. 


ACKNOWLEDGMENTS 
grateful to both these authors for allowing us to 


We are 


see their manuscripts prior to publication. 


Note added in proof: Since writing the above we 
relevant calcu- 
10 


notice of two other 


Dr. W. A. 


lated the resistivity change due to a dislocation with 


have received 


lations. Firstly Harrison’ has calcu- 
a hollow core and has found that the change may be 
an order of magnitude higher than previously sup- 


posed. Secondly Dr. W. M. 


different method from that of Stehle and Seeger to 


Lomer! has used a 
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calculate the density change due to a dislocation and 


reached a similar result to theirs. 
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RECRYSTALLIZATION DURING CREEP OF PRESTRAINED ALUMINIUM®* 
J. H. AULD,+ R. I. GARROD} and T. R. THOMSON 


Studies have been made of the dependence of recrystallization time on the applied stress 
creep of both lightly and heavily prestrained aluminium. Contrary to the results reported |} 
the time for the onset of recrystallization has been found to increase progressively 
stress. Some suggestions, based on the structural changes produced during creep, are adv: 


for the manner in which this incubation time varies with applied stress and degree of 


RECRISTALLISATION PENDANT LE FLUAGE D’ALUMINIUM PREDEFORMI 


Les auteurs ont étudié l’effet du temps de recristallisation sur la tension appliquée pr 
des échantillons d’aluminium légérement ou fortement prédéformés. Contrairement 
publiés par Wilms,‘*) le temps d’incubation de la recristallisation s’accroit progressiven 
tension de fluage croissante. Les auteurs émettent certaines hypothéses reposant sur les modification 
structurales produites pendant le fluage, dans le but de tenir compte de la variation du temps d’incubation 


selon la tension et le degré de déformation préalable. 


REKRISTALLISATION WAHREND DES KRIECHENS VON VORVERFORMTEM ALUMINIUM 
Uber die Abhangigkeit der Rekristallisationszeit von der angelegten Spannung wahrend des Kriechen 
wurden sowohl an leicht als such an stark vorverformtem Aluminium Untersuchungen durchgefiihrt. In 
Gegensatz zu den von Wilms") berichteten Ergebnissen wurde gefunden, dass die Zeitdauer bis zum 


n 


Einsetzen der Rekristallisation mit wachsender Kriechspannung laufend zunimmt. Ausgehend von di 
strukturellen Veranderungen wahrend des Kriechens werden einige Vorschlage zur Erklarung der Art und 
Weise, in der die Inkubationszeit mit der angelegten Spannung und dem Vorverformungsgrad \ 


vorgebracht. 


1. INTRODUCTION In accordance with Wood and Suiter,® 

During recent years considerable attention has _ stallization was observed in specimens extend 
been directed to a study of the structural changes under 250 |b/in*, even after prolonged deformation 
occurring during the slow deformation of poly- as distinct from similar specimens heated in thi 
crystalline metals at elevated temperatures. The condition. Under the intermediate stress of 150 II 
experimental observations and their interpretation however, Wilms reported that recrystalli: 
in terms of current dislocation theories of creep menced after a shorter time than for 
have been reviewed recently by Sully.”’ Although thus appeared from these observations that the 
most of these studies have been carried out on pure for the onset of recrystallization would decrease 
aluminium, initially in the annealed condition, a minimum value at some stress greater than zero 
number of investigations have also been made _ thereafter increase again. 
on material cold-worked at room temperature prio! The experiments to be described were carri 
to subsequent creep tests.“-® In such cases it has with the initial object of examining this in 
been observed that under appropriate conditions, feature in greater detail. Accordingly the pre 
the addition of a small creep stress during the observations were made under conditions 
annealing of cold-worked aluminium inhibits the similar to those employed by Wilms. As the 
occurrence of the normal recrystallization process. progressed, however, attention was directed mor 
Instead the material undergoes “‘stress-recovery’’,) a wider investigation of the relationship bet 
resulting in the final formation of a coarse equilibrium _ recrystallization and the structural processes ope! 
sub-structure within the matrix grains. Some recent in the pre-strained material during subsequent 
observations by Wilms") however indicated an train. For example, since recovery and r 
apparently novel feature. Specimens of high purity tion may involve different mechanisms 
| 


aluminium were pre-strained 5 per cent at room low pre-strains, experiments were also carried 


temperature prior to straining at 350°C under on material cold-rolled to 75 per cent reduct 


constant loads equivalent to 250, 150, and 0 |b/in*. in thickness before extension in creep 
= It may be stated here that the present 


* Received April 15, 1957. 
+ Aeronautical Research Laboratories, Melbourne, Australia. 
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fail to confirm the results of Wilms 


during the 
Wilms,‘? 
1 to account 
ee Instead a 


ACTA 


Fig. 1. X-ray photograph fron 


pre-strained 5 per cent. 8. 


1 Specimen 
progressive increase in incubation time (i.e. the time 
for the onset of recrystallization) with increase in 
The 


made as to 


observations 
the 


whether 


stress has been found. 


creep 


enable some speculations to be 


principal factors which may determine 


recrystallization will occur during creep. 


Fic. 2, X-ray photograph from specimen pre-strained 


5 per cent and heated at 350°C for 2 hr. 8. 
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2. EXPERIMENTAL PROCEDURE 


Flat tensile with a 


length of 12 in. 


specimens parallel 


gauge 
and of cross-section 3°; < } in. were 
prepared from aluminium sheet of 99.99 per cent 
purity. In the experiments at low pre-strain, the 
specimens were first annealed to obtain a standard 
average grain size of 0.15 mm, extended 5.0 per cent 
at room temperature and electro-polished. Creep 
tests were then carried out for a range of loads at 
350°C. 


in the as-rolled condition, corresponding to 75 per cent 


For high pre-strain, the material was used 


reduction in thickness and electropolished before 
tests at 250°C. The 


lower temperature was necessary in these experiments 


subjecting to constant load 


Fic. 3. X-ray photograph from specimen pre-strained 


5 per cent and heated at 350°C for 100 hr. 2. 


since recrystallization set in too rapidly at 350°C for 
significant observations to be made. 

In all cases the tests were interrupted at frequent 
intervals to enable X-ray and metallographic examina- 
The X-ray 


Laue 


tions to be made 
method 


technique 


at room temperature). 
divergent beam 


X-ray 


employed was a 


using microfocus tube and 


previously applied by Coyle et al.“ to the examination 


of single crystals. This technique provides a very 
sensitive index for the onset of recrystallization in 
3) and since 
half-width 


intercepted an area of approximately 13 cm? on the 


the polycrystalline material (e.g. Fig. 


the beam from the focal spot of 50 yu 
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specimen surface, only four exposures were necessary 


to completely scan both sides of any specimen. 
3. RESULTS 


The 


creep 


3.1. Specimens pre -strained 5 cent. 


per 
changes observed with different 
350°C 
referring first to the results obtained on specimens 
Within 2 hr of heating the 
X-ray photographs showed a marked change from 


cold- 


worked material, to numerous fine spots (Fig. 2). 


structural 


loads at may be compared conveniently by 


heated under no load. 


almost continuous ares (Fig. 1) typical of 
With further heating there was a gradual reduction 
in the number of spots. These changes thus corre- 
spond to a rapid initial development of a more perfect 
which 


substructure gradually increases in size as 


annealing proceeds. After approximately 90-100 hr, 
the images of large grains of several times matrix 


grain size began to appear in the X-ray patterns 


(Fig. 3). The presence of these recrystallized grains 
was confirmed by careful microscopic examination, 
which also showed that the boundaries of the new 
grains often tended to follow the configurations of 
the pre-existing grain boundaries. As recrystallization 
proceeded, the new grains increased in size to approxi- 
0.4 cm 


being nucleated at later stages. 


diameter, other grains 


After 350 hr recrystal- 


mately average 
lization was virtually complete. 

Specimens extended under a stress of 150 Ib/in® 
also exhibited the rapid initial clean-up of the more 
heavily distorted pre-strained material in the early 
strain. After 90hr. the reflection 


stage of creep 


spots in the X-ray photographs were fewer and 


larger than for specimens heated in the free condition, 


indicating in accordance with previous observa- 


tions’*-® that the growth of the substructure was 
proceeding at a more rapid rate under the influence 
of the applied load. The onset of recrystallization 
however was not observed in the X-ray patterns 
until after approximately 130 hr deformation at 350°C. 
With continued deformation, recrystallization pro- 
ceeded in a similar fashion as before, but its progress 
lagged progressively behind that observed in speci- 
mens heated in the free condition; for example only 
about 60 per cent of the specimen surface was 
transformed after 350 hr. 

250 |b/in? 


In the creep test under the stress of 


no evidence of recrystallization was detected up to 
(500 hr). 


for this test is illustrated in Fig. 4 and is closely 


the duration of the test The creep curve 
similar to the corresponding curve obtained by 
Wilms.) The growth of the substructure proceeded 


in the initial stages as for the two cases described 


R. THOMSON: RE¢ 
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reep at 350°C under 


pre-strained 


previously, but at a still more rapid rate 


that this growth rate began to accel 


observed 
after 2-3 per cent elongation corresponding to thi 
increase in creep rate after this deformation as shown 


in Fig. 4. After 


equilibrium size, which according to Wilms'®) corre 


350 hr the substructure attained an 


+ 


sponds to that developed in initially annealed materia! 


under the same stress and temperature. For a stress 
of 150 Ib/in® at 350°C the substructure size in annealed 
specimens is equal to the matrix grain siz 
Experiments were also carried out at intermediate 
determine completely the relation 


loads to more 


between the applied load and the incubation tims 
The 


which also includes fo1 


for recrystallization observations are sum 
marized in Fig. 5, 


Wilms. At 


lized grains were observed afte 


comparison 


the results of 200 Ib/in= a few recrysta 


With con 


the all 


POO hi 


tinued deformation these grew slightly and 
ni 


further change ceased, at le: up to 


225 |b/in* recrystallization was inhibited 


To conclude this section, it may be 


few observations were also mad 
prepared from aluminium of sligh 
Although fon 


recrystallization were considerably 


this material inc 


pared with the previous results 


tendency was observed for 


increase in applied creep stress. Thus al 


incubation time was found to be particularly 


Relation between and incubation 


350°C for specimens pre 


time at 


apphed stress 
strained 5 per cent 
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per cont 
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ithe 
reduced 
h th 
ecrystallizat 
y 
f 
10 
a | The result 
100 15 2 4 


METALLURGICA, 


Elongation —- 


50 100 150 200 250 300 350 400 
Time —- hour 


6. 250°C under a stress of 1000 1b/in? of 


specimen cold-rolled to 75 per cent reduction in thickness. 


Creep at 


to grain size and small differences in purity in the 


material, provided these conditions were standardized 
for any set of tests it was not found possible to 


detect a minimum incubation time for a_ stress 


greater than zero as reported by Wilms. 

3.2. Specimens reduced in thickness by 75 per ce nt. 
As mentioned previously, the experiments on material 
subjected to a high pre-strain by cold-rolling were 
In these 


carried out under various loads at 250°C. 


tests recrystallization was not completely inhibited 


even up to the highest stress applied (1500 |b/in?). 


The recrystallized grains were small, ~50 w in size, 
and grouped mainly at the original matrix grain 
A significant proportion of new grains 
the 


This latter feature is of interest and will be discussed 


boundaries. 


however was observed within original grains. 


later. 

A typical creep curve for a specimen extended 
under a stress of 1000 lb/in® is illustrated in Fig. 6. 
The recrystallization times for different loads 


summarized in Fig. 7. 


are 
which indicates for each stress 
the incubation time and the time for complete 
recrystallization. It will be observed that although 
different or additional mechanisms may be operative 
here compared with tests described previously, the 
same general behaviour is found as regards recrystal- 
lization and substructure growth as in the specimens 
interesting to note 
that 


pre-strained 5 per cent. It is 


however, from Figs. 6 and 7 although for a 


O%recrystallization 
recrystallization 


Range of 
recrystallization 


oO 50 100 150 200 250 300 350 400 
Time —~- hour 
Fic. 7. Recrystallization times for specimens cold-rolled 


75 per cent and extended under loads at 250°C. 
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1000 Ib/in? recrystallization 
after 150 hr 


and to have advanced to ~25 per cent completion 


creep stress of was 


found to commence approximately 
after 200 hr, no significant increases in creep rate 
were observed at these times. This is presumably 
due to the small recrystallized grain size, compared 


with the matrix grains. 


4. DISCUSSION 

It is evident that the present observations do not 
confirm the anomalous recrystallization behaviour 
reported by Wilms for the intermediate stress of 
150 lb/in? after 5 per cent pre-strain, even although 
material of the same purity was used and a closely 
similar specimen preparation procedure was followed 
to obtain the same grain size and pre-strain. It is 
difficult to account for the difference between the 
two sets of observations. Reference to Fig. 5 indicates 
that the principal disparity lies in the incubation 
time observed for a specimen heated in the free 
It is probable that the X-ray method 
used here would enable localized recrystallization 


condition. 


to be detected at an earlier stage than the conven- 
Wilms, 
firstly, to its high sensitivity, and secondly to its 


tional X-ray technique employed by due 
ability to provide a complete scan of both faces of 
any specimen on four photographs. These advantages 
however, if applicable, should have resulted in a 
decrease in observed incubation times at all loads. 
Furthermore the reduction in time should have been 
least for zero load, since in this case recrystallization 
having started, progressed most rapidly. No definite 
explanation can therefore be advanced to account 
for the discrepancy. 

The this 
centres around the relationship between the present 
the the 


material which may lead to recrystallization during 


principal interest in work however, 


observations and processes in deformed 


creep. To summarize, it has been found that under 
the experimental conditions employed, increases 
in creep stress progressively accelerated recovery 
and substructure growth in the pre-strained material, 
but retarded recrystallization both as regards its onset 
and its subsequent rate of progress. It seems clear 
therefore that two or more opposing factors are opera- 
tive and the final result must depend upon the relative 
influences and interaction of the processes involved. 
At all the 
growth is essentially a recovery process similar to 
that Wood 
and Greenough and Smith. The internal 


in the highly distorted sub-boundary regions in the 


accelerated substructure 


stresses, 
observed by and 
strains 
) 


deformed material"? are partially relieved, possibly 
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by the more rapid climb, under the influence of the 
stress, of piled-up groups of dislocations out of 
as Mott" has suggested 


recently, by the more rapid movement of single 


their slip planes,“* or 


dislocations on individual slip lines. This clean up 
of the severely distorted regions is reflected in the 
changes observed in the X-ray patterns during the 
first few hours of creep deformation. 

The subsequent behaviour however as regards 
recrystallization depends markedly on the stress. 
For example for 5 per cent pre-strain the time 
began to increase 


for onset of recrystallization 


rapidly for stresses greater than 


150 Ib/in?. 


value for 


approximately 
It seems significant that this is also the 
which in annealed material of similar 
grain size the cell size is equal to that of the grains 
and creep deformation proceeds by boundary micro- 
flow.‘®) 
if the applied stress is well below this value, con- 
tend to 


the substructure size to form cells of final dimensions 
(15) 


Accordingly, in the pre-strained material, 


tinued creep deformation should increase 


larger than the matrix grain size, thus resulting 
in considerable activity at the grain boundary zones. 
Now Perryman?) has shown that during the annealing 
substructure growth 


of cold-worked aluminium, 


and recrystallization may proceed concurrently. 
Furthermore, as Beck"® has pointed out, the pre- 
dominant mechanism for recrystallization in lightly 
deformed polycrystalline material is likely to be 
the strain-induced grain boundary migration process 
(This is in conformity with the present observations 
that for 5 


grain boundaries tended to follow existing boundaries, 


per cent pre-strain the recrystallized 
whereas in the severely cold-rolled specimens, many 
new grains were also observed to form within the 
original matrix grains.) In consequence, for low pre- 
strain and creep stresses up to 150 |b/in®, the energy 
released to the grain boundary zones by the sub- 
structure growth during creep, can assist in activating 
grain boundary migration for the onset of recrystal- 
On the the 


of cold-work in substructure 


stored 
the 


hand, 1esidual 
the 


energy of the sub-boundaries, which together form 


lization. other 


energy and 
the driving energy for the first stage of the Beck 
mechanism are being continually reduced by the 
The 
indicate that at stresses below approximately 150 |b/in* 
the 
apparently balance so that the incubation time is 


stress-recovery process. present observations 


influence and rates of these two processes 


almost independent of the stress. 


For stresses in excess of the value necessary to 


produce boundary microflow in the annealed material, 


the stress-recovery process proceeds more rapidly 
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and will tend to produce cells of smaller equilibrium 
the 


activity at the grain boundaries. 


size than size, resulting in less 


Under 
ditions, it seems probable that the applied stre 


matrix grain 


such con 


instead of assisting the Beck process 


oppose it. Furthermore, since the stored energy 
the 


by the stress-recovery mechanism, the driving energ 


deformed material is being rapidly remov 


for recrystallization at high stresses may ultimatel 
interface 
(6) If this is so, 


be derived mainly from energy as 


secondary recrystallization orienta 


tion effects would become of increasing importance 
as the stress is raised, so that the chances of favourabl 
srowth ot 


The 


these factors should therefore be to 


sites for nucleation and recrystallized 


domains are further reduced. net result of all 
produce a rapid 
increase in time for recrystallization as the stres 
is increased beyond the upper limit for boundary 
microflow. 

The considerations discussed above apply mainly 
to conditions in which recrystallization is nucleated 


at the grain boundaries, i.e. in lightly pre-strained 


material however 
the ( 


distorts d 


material. In heavily deformed 


nucleation also be thn 


Cottrell 


may initiated by 


mechanism"? at heavily and 
misoriented regions (e.g. kink bands) in the interio1 
of the grains. In such a case the tendency towards 
recrystallization at any stress will depend presumably 
upon the balance between the creep process tending 
to develop and maintain an equilibrium substructure 
the high 


strongly 


and sub-boundary mobility associated 


with disoriented 
It is 


found that 


regions in 
Wilms an 


at 250 


note that 


interesting to 


in annealed material 


sition from cell to slip behaviow 


stress of approximately 550 |b/in- 
accompanied by lattice distortion this va 


upper limit 


should set an 
recovery and recrystallization in ] 
Referenc 


fact the stres 


of similar 


that 


orain size 
this is in 


retarde 


recrystallization was rapid| 
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THE THERMODYNAMIC PROPERTIES OF SILVER-GOLD ALLOYS* 


J. L. WHITE,+ R. L. ORR? and R. HULTGRENS 


Correlating functions have been developed for the purpose of eval 
binary alloy systems, and these functions have been applied to the extensive published dat 
system. Several discrepancies in the data became evident, and calorimetric investigat 
tin solution calorimeter were made on solid Ag—Au alloys to resolve these incon 
formation measurements were found to fit the sub-regular solution model 
negative deviations from ideality. On this basis the properties of the solid allo 
properties combined with the liquidus of the phase diagram aided in the ¢ e) est representation 
of the liquid alloy properties. The solidus calculated from the selected dat 1 closer to the liquidus 
than is generally indicated in phase diagrams. Strain energy is a minor factor in soli i alloys, and 
it is suggested that the apparent variation in the exchange interaction energ 


with composition results from changes in the distribution of quantum stat 


LES PROPRIETES THERMODYNAMIQUES DES ALLIAGES 

Les auteurs ont dévelopé des fonctions de corrélation dans le but d’évaluer les do 
miques sur les systémes d’alliages binaires. Ces fonctions sont appliquées aux nombr 
ont été publiées sur le systeme Ag—Au. On observe ainsi beaucoup de différences dans « 
études calorimétriques sur des alliages solides Ag—Au ont été effectuées avec un calori 
liquide d’étain en vue de les expliquer. Les auteurs ont trouvé que les mesures des chi 
sont en accord avec le modéle de solution “‘sub-regular’’ suggéré par Hardy, mais 
négatives par rapport au cas idéal. Sur cette base, ils définissent les propriétés des 
combinant ces propriétés au liquidus du diagramme des phases, ils choisissent la meille 
des propriétés des alliages liquides. Le solidus calculé & partir des valeurs choisies est 
dus qu'il n’est généralement indiqué dans les diagrammes de phases. L’énergie di 
facteur mineur dans les alliages solides Ag—Au et les auteurs suggérent que la variat 
composition de énergie de linteraction d’é hange des atomes les plus voisins re 


dans la distribution des états quantiques des électrons de co 


DIE THERMODYNAMISCHEN EIGENSHAFTEN VON SILBER-GOLD-L 


Es wurden Beziehungen zur Auswertung thermodynamischer Daten binarer Legiet 


tellt und auf die ausfiihrlich publizierten Daten iiber das System Ag—Au an 
diesen Daten einige Unstimmigkeiten aufgedeckt. Zur Klarung der Diskrepanze1 
eines mit fliissigem Zinn arbeitenden Lésungskalorimeters Untersuch 

durchgefiihrt. Die Messungen der Bildungswiarme entsprechen dem 

der subregularen Lésung, jedoch mit negativen Abweichung 

wurden die Eigenschaften der festen Legierungen festg 

der Liquiduslinie des Phasendiagramms die Grundlags 

schaften der fliissigen Legierungen dar. Die mit Hilfe 

liegt viel niher an der Liquiduslinie als iiblicherweis« 

rungsenergie ist in festen Ag—Au-Legierungen von unt 

dass die Konzentrationsabhangigkeit der Austausch-W* 

von Anderungen in der Verteilung der Quantenzustand 


The increasing attention being devoted to efforts with other data for the sai 


to develop theories of alloy formation and properties for theoretical conside1 


has led to an intensified interest in the thermo- thoroughly evaluated i 
chemistry of alloys. Thermodynamic data for alloys _ sistencies and to de 
which have appeared in the literature vary greatly in dynamic knowledge o 


completeness and accuracy; data for a given system possible Systematic and crit 


- = necessary to reduce duplication of 


* Received October 15. 1956. und to direct attentio1 to ar 
+ Metallurgy Division, Naval Research Laboratory, ; ; 
Washington, D.C vestigation Work of this n : heen initii 
+ Institute of Engineering Research, University o a at the University of Wlifornia 
fornia, Berkeley, California. 
§ University of California, Berkeley, California. papel 
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silver-gold system and describes the calorimetric 
measurements undertaken to resolve discrepancies 
which became evident during the study. 

A thorough evaluation procedure begins by con- 
sideration of the validity of each set of measure- 
ments at their source in the literature and proceeds by 
use of thermodynamically sound methods to correlate 
all available data on the system. The selected values 
of the thermodynamic properties should be derived in 
such a manner that complete internal consistency is 
maintained, and areas of incomplete study or disagree- 
ment between investigations should be indicated. To 
achieve maximum utility, reasonable interpolations or 
extrapolations may be justified for regions where data 
are lacking. 

The most serious problem in a thorough evaluation 
process arises from the necessity to correlate data on a 
wide variety of thermodynamic properties whose 
interrelations may be relatively complex. For a 
typical binary alloy system, data may be available on 
integral properties AH, or 
relative heat capacity, AC), partial molar properties 
their temperature 


e.g. heat of formation, 


(e.g. activities, a; or a,, and 
coefficients), and the equilibrium diagram. Since 
definition of only two isothermal properties as a 
function of composition serves to fix all thermo- 
dynamic properties at a given temperature, the choice 
of correlating functions which permit appropriate 
weight to be given to all the available data becomes 
difficult. Clearly the selection of correlating functions 
should be closely related to the data that are typically 
available for alloy systems and is probably best deve- 
loped by experience in evaluating typical systems. 
The Ag—Au system was chosen for the initial study since 
the simplicity of the phase diagram and the nobility 
that data both 

little thus 


offering an excellent opportunity to develop correlat- 


of the metals suggested would be 


plentiful and subject to uncertainty, 


ing functions. 
2. CORRELATION OF PREVIOUS DATA 
the 


can 


Correlating functions. Experimental data on 
thermodynamic properties of a binary system 
generally be expressed by a number of functions; for 
example, partial molar free energy data may be 


treated in terms of activity, a,, activity coefficient, 


relative partial molar free energy, AF,, or other 


the 
should 


For convenience 


correlation 


more complex functions. 


functions selected for purposes 
be easily calculable from the experimental data, yet 
they should also be closely related to the significant 
parameters common to statistical mechanical treat- 


ments of alloy theory, e.g. Hildebrand’s concept of 
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the regular solution. To aid in selection of the best 
values, it is desirable that the correlating functions 
tend to form smooth curves. The various derived 
properties should be easily calculable from the selected 
values of the correlating functions, particularly in 
cases where integration of the Gibbs—Duhem equation 
is necessary. 

Darken and Gurry,) Wagner, and Lumsden‘? 
have discussed several sets of correlating functions for 
binary alloy systems which are generally based on the 
regular solution model. The functions selected for the 
present evaluation are most conveniently defined in 
terms of excess quantities relative to the properties of 
ideal solutions. The excess partial molar quantities 


are defined as follows: 

AF, RT In X, 
RT In y, 

Rin X, 


af” AF, ar 


AS," AS, — AS, 


AS, 


AH, (since AHideal 0) 
where X, and y, refer to the mole fraction and activity 
coefficient of component 1. In all cases the standard 
reference states are the pure solid components for the 
solid alloys and the pure liquid components for the 
liquid alloys. 
Partial molar 
component designated 1 are correlated by means of 


free energy measurements on a 


the alpha-function, * 


(4) 


The «-function is particularly useful, since application 
of the Gibbs-Duhem equation yields 
RT In 

x 
Since the integral is represented by the area under a 
plot of «, against X,, this relation offers the simplest 
method of comparing free energy data that may be 
available for component 2. Most entropy data are 
derived from the temperature coefficients of the free 
energy data, 
d( RT y,) 


dAP,* 
AS,” 
dT 


(6) 
d7 
The entropy data are therefore correlated by means of 


the 6-function, 


(7) 


* The «-function defined here differs from that suggested by 
Darken and Gurry“ by inclusion of the factor RT’. This gives 
a more direct relation of «x to the correlating functions for 
entropy and enthalpy data. 


(1) 
(2} 
AP RT Iny,. 
dx, 
dT 
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For correlation of data on the heat of formation, which 
is measured as an integral quantity, the function 


proposed by Kleppa,‘® here designated the Q-function, 


Q AH 
——. , (3) 
is selected since it bears a relation to the integral 
molar enthalpy similar to that borne by «, and /, 
to the partial molar free energy and entropy. Though 
it is usually necessary to assume that AC, = 0, 
since data are generally not available to test the 


Kopp—Neumann rule, the temperature coefficient of 


the Q-function, 


dQ 1 dAH AC, 

X,X, df  X,X,’ 
is introduced as a fourth correlating function for the 
sake of completeness. 

The significance of these functions may be indicated 
conveniently by considering the well-known 
of the By definition, the 
regular solution possesses ideal entropy of mixing, 
i.e. AS* 
nearest neighbor atoms, V = V,, 


most 


model regular solution. 


V59), 18 


independent of composition. In terms of the corre- 


lating functions, these definitions correspond to 


By = (10a) 
ZNV (10b) 


ZNV (LOe) 


the co-ordination number, V Avogadro's 


where Z 
number, and k a constant independent of com- 
position and temperature. Thus for any real solution, 


the variations of %,, %, and Q from equality and 


constancy and of /, and #, from zero are measures of 


the deviations from regular behavior. 

The sub-regular solution model proposed by Hardy” 
has been found useful in analytic description of the 
properties of many alloy systems. In this model a 
deviation from regularity is permitted by the empirical 
assumption that the exchange interaction energy 


varies linearly with composition, i.e. 


=e’ +d’'X,. (11) 


The sub-regular solution properties may thus be 
developed from the characteristics of the two infinitely 
dilute terminal solutions. The Q-function is given by 

dX,. (12a) 
A special case of the sub-regular solution is obtained 


by retaining the concept of ideal entropy of mixing and 
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0, and the exchange interaction energy of 
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the and 


dependent of temperature, i.e. 


by assuming that parameters ¢ 


that A¢ 


these conditions 


definition of the ocular 


A more 


solution includes a temperature dependence of the 


general sub-r¢ 


parameters, which consequently introduces deviations 
from ideal entropy of mixing. In terms col 


relating functions the general sub-regular solution 


model is defined by 


The parameters, a, b, c, d, e, and f, are constants 


selected for a correlation temperature 7',. Only four 
of these are independent, since the relation AF \H 


T AS requires that 


The deviations from the Kopp—Neumann rul 
13d) 
calculated at 


by equation permit the values of tl 


functions to be any temperat 
which equation (13d) is valid 

Though the sub-regular solution may bs 
statistical mechanical models, its present 
the fact that it may be used to express the thern 


dynamic properties of a number of alloy system 


commensurate with the 


The 


further into the significance o 


accuracy experimenta 


measurements 


present purpose 1 not t« 


the paran eters 
sub-regular solution equations, but rather to use 
these 


correlating functions, which are simply related t 


parameters, to evaluate the thermody namic data 
on the Ag—Au system 
The silve gold alloy yste A 


literature disclosed a large number of activity m«¢ 


survey of the 


isure- 
ments on the solid alloys, all of which have been made 
the more volatile, more electropositive 


Most of these 


a range of temperature, so that values of 


relative to 


Ag-component studies were made over 


as well 


749 
bo 0 I2b 
( 2dX, 
Loy ( d 2dX d 12d 
dQ 
0) 12e 
dT 
a ij xX, L3a 
( dX, 
fX, 13c) 
dQ 
y+ hx, 13d 
dT 
2d fT’ 14 
1e] ed 
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xAo function for solid Ag—Au 

alloys at 800°K. 

Olander"! 

@ Wachter? 

Wagner and Engelhardt" 

» Kubaschewski and Huchler 

@ Oriani” 

McCabe, Schadel and Birchenall* 

A Zhukovitskii et 

Schmahl'?° 

T S00°K 
Electrochemical data 


Fie. 1. The 


14 


Vapor pressure data 
Data from chemical equilibrium 


AS O42) be computed. One test of the Kopp 


Neumann rule at 74.4 at. per cent Ag by Bottema and 


may 


indicates that the rule is valid within the 
accuracy of their heat 
to 0.7 per cent. The assumption that AC, 


Jaeger'® 
measurements, i.e. 
0 at all 


compositions greatly simplifies the correlation problem, 


content 


since the consequent temperature-independency of the 
}- and (-functions permits direct comparison of data 
different 


}-function is established, all free-energy 


obtained at Furthermore, 
the 


measurements can be compared at a selected correla- 


temperatures. 


once 


tion temperature. The Kopp-Neumann rule was there- 
fore acct pted as a working hyp thesis for the liquid as 
well as solid alloys; no evidence to dispute this was 
found. 

One important limitation to the evaluation of the 
Ag—Au system based only on data available in the 
literature is the fact that the heat of formation of only 
one solid alloy has been reported. Furthermore, 
thermodynamic data for liquid alloys are much less 
abundant than for the solid alloys, but the phase 
equilibrium data should be helpful in evaluating the 
liquid properties if the solid properties can be well 


defined. 
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The solid alloys. 


Ag in solid alloys have been made by electrochemical 


Determinations of the activity of 


method, vapor pressure measurements, and studies of 
chemical equilibra. Correlation of these data was made 
at 800°K, since in most cases 800°K was included in 
the range of investigation. Computed values of «4 
at 800°K 
better at low than at high Ag concentrations, where 


are shown in Fig. 1. Agreement appears 
the data seem to lie on either of two possible curves. 
This apparent disagreement at high Ag concentrations 
is somewhat misleading, however, since the sensitivity 
of a,, to experimental deviations increases greatly 
with X,,; e.g. at X,, = 0.90 a deviation of 100 cal/g 
atom in AF, ,”* results in a deviation of 10,000 cal/g 
atom in a,,. Values of £,4,,,), all but one of which 
were computed from the temperature coefficients of 
the cell potentials, are shown in Fig. 2. The scatter in 
P sos) 18 Surprising in view of the fact that in most 
cases the plots of cell potential versus temperature 
show well defined straight lines. The uncertainty is 
apparently due to inherent difficulties in the method, 
which have been discussed by Wagner. * 

The electrochemical data have been obtained by use 


of cells of the form: 


Ag,,)/electrolyte containing Ag*/(Ag,, y)Auy);,). 


that the electrodes be properly 


annealed, since the retained energy of cold work can 


It is important 
appreciably affect the cell potential. A calorimetric 
investigation by Averbach, Bever, Comerford, and 
Leach? on the annealing of an Ag—Au alloy containing 
38 at. per cent Ag indicates that annealing temperatures 
of at least 600°K are necessary to reduce the retained 
energy of cold work to negligible values. Further- 
more, the temperature range of the potential measure- 
ments must be sufficiently high that the concentration 
changes at the metal—electrolyte interface caused by 
the small electrical currents involved in making the 
measurements can be levelled out in a reasonable time 
by diffusion in the electrolyte and the alloy. Difficulties 
owing to side reactions between the electrodes and 
electrolyte appear to be absent from the data on these 
noble-metal alloys. Even at high Au contents, where 
the cell potential might be expected to droop because 


of the exchange reaction. 


Au, A Au 


alloy) =(alloy) (electrolyte)? 


the electrochemical data are confirmed by 


pressure studies, which are not subject to this un- 


vapor 


certainty. 


The earliest e.m.f. studies by Tammann"”® were 


conducted at relatively low temperatures, where 


equilibrium was not obtained, and the data cannot be 
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-12000} 
| 
-10 000) ! 
/ 
| | 
~ 
-8000) 
< = T 
3 
-6000} 7s 
} = ae + + 
= 
| 
-2000} t | 
| 


L. WHITE, R. 


cal/ °K g-atom 


Selected values 


Bagis) 


20 40 60 100 
Ag At. o 


The fag function for solid Ag—Au alloys. 

Olander! 

Wachter? 

© Wagner and Engelhardt'* 

» Kubaschewski and Huchler 

@ Oriani" 

A Zhukovitskii et al.“ 
Electrochemical data 
Vapor pressure data 


14 


used for thermodynamic evaluation. The investi- 
gation by 
AgCl and KCl as electrolyte over a range of 700-900°K. 
high values for 


The results show %..7.. and high 
Aa(s) 


and widely divergent values for —/,.,,), particularly 
in the high Ag region; some points are so high that 
they cannot be shown in Figs. | and 2. 


potential reported was that measured at the moment 


of immersion of the electrodes into the electrolyte, the 
high values are attributed to insufficient time for the 


electrode—elect rolyte interface to come to equilibrium. 
Wachter”) chose solid AgCl for the cell electrolyte 
after investigation of several solid and liquid materials. 
The temperature range of the study was 470-670°K, 
and careful annealing was found necessary to obtain 
reproducible results. 

The data of Wagner 
obtained over the range 700—-lLO00°K with a molten 
electrolyte of Ag( ‘] 
reported for the initial immersion of the electrodes, the 


and Engelhardt" were 


KCl. Though the potentials were 


results appear to be in good agreement with later work 
Kubaschewski and Huchler“® successfully used a 
silver-containing glass as electrolyte over a range of 
600-900°K. The recent cell investigation by Oriani™®? 
as 


electrolyte for measurements made in the neighbor- 


utilized a molten mixture of AgCl 
hood of 1125°K. Detailed results were not presented, 
since it was stated that close agreement with previous 
investigations was obtained.“® 


The Knudsen orifice technique has been applied by 


Olander™” utilized a molten mixture of 


Since the 
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McCabe, Schadel, and Birchenall”” 
pressures of Ag over four Ag 


1250 K 


to measure vapor 
Au alloys at temperatures 
near The temperature ranges are too narrow 
and the results for each alloy are too scattered to 
er The data for 
valuable, since they 

At high Ag contents 
little 


caleulate reliable values of 


%so(s) at high Au contents are 
confirm the electrochemical data 
the values of very uncertain, and 


are 
weight can be given these points 

The rate of steady state diffusion of gaseous Ag 
through a capillary has been utilized by Zhukovitskii, 


Krynkov, Yanitskaya, and Golitsyn"® to determine 


over Ag 


the vapor pressure of Ag 


go \u at temperatures 
from 1075 to 1220°K agreement with the 


e.m.f. results was obtained for the one composition 


reported, and the technique appears promising, 


particularly for alloy systems where the electro 


chemical method encounters difficulties 
Bode" has measured the equilibrium 


QO, at 823°K for the reaction 
Ag,CrO,,,) Ag (in Ag—Au), 


Schmahl®® has utilized these data to calculate 


activities of Ag in the alloys. Under the experimental 


conditions, appreciable quantities of oxygen wer 


dissolved in the alloy, the amounts varying from 0.27 


to 7.42 wt. per cent O. Since the results strictly apply 


Au—O 


particularly at hig! 


only to the ternary system Ag the values of 
are Subject to uncertainty 
Ag contents, where the largest amounts of dis 
oxygen were found 
Ticknor and Bever'=") h 
calorimeter to measurt 
alloy containing 37.9 at. ] 
value of calculated from 
Fig. 6 with the results ol 
portion of the present inv 
The thermodynami me 
alloys may be summariz 
1) Two types ot behavio1 
Fig. | 
ribed 
L600 X 
u_pproximately de 
it low Ag 
and by the dashed line at high Ag 


Though the dashed 


i) A simple linearity, approximately des 


by the solid line, x, 2950 
ii) Two linear segment 


scribed by the solid line contents 


contents 


Ls supported larvel 


number of data points, the detailed analysis suggests 


that greater weight should be given to the solid line 


which is supported by the more satisfactory electro 
chemical data 
(b) The data on f are scatter 


( 


satisfactory definition of the variation of : 


With 


2} 
e 
| tes 
-5} | 
-6| | 
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pressure of 
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Ag—Au alloys at 1350°K. 
@© Wagner and Engelhardt‘ 
@ Oriani 
1350°K 
composition, though the data do agree in indicating 
that the entropy of formation is less than ideal, i.e. 
AS < 

c) The single determination of AH is insufficient to 
aid materially in defining the thermodynamic proper- 
ties, though it can be used as a check on the choices 
Of and 

The liquid alloys. 
data on liquid Ag—Au alloys are much less abundant 


The fact that thermodynamic 


than on solid alloys may be attributed to the difficulties 
of making these measurements at high temperatures. 
Since Ag and Au have similar electronic structures and 
atomic volumes, it is helpful and reasonable to adopt 
the working hypothesis that the liquid-alloy proper- 
ties follow patterns similar to the solid-alloy proper- 
ties. The phase equilibrium data, subject to the 
limitations of their accuracy, may be introduced to 
check or adjust the choices for the liquid-alloy 
properties. 

Wagner and Engelhardt" reported data on liquid 
alloys at 1360°K obtained from cells similar to those 
used for the solid alloys. Temperature coefficients 


were not given. Oriani’s electrochemical study“ 
includes data on liquid alloys over the approximate 
1310-1410°K. The 


%s,()) are given in Fig. 3 and show behavior similar to 


temperature range values of 


that found for solid alloys in Fig. 1. The values of 
dag ) plotted in Fig.4 show considerable scatter, but it 
is clear that the entropy of mixing is less than ideal. 
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Kawakami‘) has mixed liquid Ag and liquid Au in 
a high temperature calorimeter at 1473°K and found a 
negligible temperature increase on mixing for four 
alloy compositions. This indication that AH = 0 for 
all liquid alloys suggests an unexpectedly large 
change in properties in passing from the solid to the 
liquid state. If «,.,,) has the form approximated by the 
solid line of Fig. 3, then the implication that AH = 0 
requires that be large and positive, e.g. 
2.0 cal/°K g atom at 50 at. per cent Ag, which is 
incompatible with the electrochemical data. Since 
Kawakami's data on other alloy systems have been 
found in error,“**) it is concluded that these data 
should be given no weight in the evaluation process. 

In principle, the phase diagram offers a check on 
the thermodynamic properties selected for the solid 
and liquid alloys. However, in practice the liquidus 
solidus gap must be determined to an accuracy gener- 
ally better than that required for most metallurgical 
purposes. The phase diagram of Hansen," indicated 
by the dashed lines of Fig. 5, was used to calculate 
at 1350°K on the assumption that at 
800°K is given by the solid line of Fig. 1 and that 
Bag 1.38 cal/“K g atom for both solid and liquid 
alloys. These calculations give the results indicated 
by the dashed line of Fig. 3. The deviation of this line 
from the direct measurements of %,,,,) is far greater 
than the uncertainties of the assumptions involved, 
and it is concluded that the solidus—liquidus gap is 
much smaller than indicated by Hansen’s phase 
diagram. This diagram was based primarily on the 
thermal analyses of Jaenecke’?® and Raydt,'?® both 
In the 
the 
the 


of whom used relatively high cooling rates. 
absence of data obtained from heating curves, 
the 


thermal arrest on cooling. Since the photomicrographs 


solidus was deduced from termination of 


given by Raydt indicate appreciable coring of their 


4 


2 


@» Selected values 


10 20 30 40 50 60 70 
Aa 


+. 4. The /Ag function for liquid Ag—Au alloys. 
@ Oriani'!® 


-14000} 
| |_ ff | 
/ 
| 
/ 
f 
7 
4 
aa 
| | |Z | 
-6000) 
| 
t 
| 
-4000-—— — 
| 
| 
COO 
a 
<.. 
3 
+ + 4 
| | 
2a i 
| 
-2} + + + 4 4 4 
| © 
| 
16) 80 90 100 
At. Slo 


4 
Solid 


4 
/ 4 
76 


VA 


Absolute temperature 


Temperature 


Au 


Fig. 5. Au. 


The phase diagram for the system Ag 
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alloys during the solidification process, the true solidus 
must lie closer to the liquidus than indicated by the 


termination of the thermal arrest. 


H | 


On the basis of 


approximations for the thermodynamic properties of 


the solid and liquid alloys, Wagner'*” has calculated 
that the solidus-liquidus gap should amount to about 
1.3°K at Ag. 

In summary of the data available on liquid Ag 


50 at. per cent 
Au 
alloys, the thermodynamic properties follow patterns 
similar to the solid alloys. It is noteworthy that the 
liquid data suggest no deviation to strongly negative 
values of x, at high Ag contents, as indicated by some 
of the data on solid alloys, and that the data for P Ao 
display negative deviations from ideal mixing of 
approximately the same magnitude as for the solid 
alloys. No reliable measurements are available for the 
heat of of The solidus 

liquidus gap of the previously accepted phase diagram 


formation liquid alloys. 
is in error, but the absolute position of the liquidus is 
probably reliable and should be useful in checking the 
agreement of the selected values for the properties of 
the solid and liquid alloys. 
Discrepancee sand uncertainties. It is worthwhile to 
define concisely the several discrepancies and un- 
certainties revealed by the foregoing analysis, since 
they stand as obstacles to a clear definition of the 


Ag—Au alloys. Three 


problems may be distinguished as follows 


thermodynamic properties of 


(a) For the solid alloys, two patterns of behavior are 
possible for OAc(s) in the Ag-rich region. 


(b) For both solid and liquid alloys, no second 


function can be defined to fix the thermodynamic 
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The data for functions a 


scattered, and the data for the Q-functions are too 


properties the 
for solid alloys and erroneous for liquid alloys 

c) The solidus of the phase diagram is inconsistent 
with the measured thermodynamic properties 
Since any set of selected values of the rmodynamic 


Ao—Au 


must 


properties ot alloys based on the presently 


available data necessarily be subject to tl 


1ese 
tal effort 


ld 
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An investigation of the 


improvement 


he 
alloys would appeal particularly helpful 
be 


its of formation 
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contents, maximum and minimum estimates for 


Ci he used to resolve between the Two DO 


patterns for Thenceforth Q,., and 


used to define ) more clearly than 


Ag 
measurements, and the data for x, idjusted 


It 


Kopp Neumann rule is a r 


to be compatible with the liquidus orthy 


that, since the 


uned 


assumption, the heats of formation may be obt 


at any temperature convenient to the calorimetric 


For 


undertaken 


these reasons the calorimetric 


equipment 


studies were hbetore ittempting to com 


plete the evaluation 
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The apparatus and experimental procedures used in 
the detail 


elsewhere,*989 hence only a brief description will be 


measurements have been described in 
given here. The liquid-tin solution calorimeter consists 
basically of a stirred bath of approximately 250 g of 
molten tin contained in a molybdenum crucible and 
surrounded by a heavy copper jacket, which in turn 


The 


temperature difference between the jacket and crucible 


is surrounded by a resistance heating element. 


is measured by means of a differential thermocouple 
between the two, and the jacket and crucible tempera- 


tures are also measured separately. Constancy of the 


calorimeter temperatures to within less than 0.001°C 


before making a run is achieved by means of a 


resistance thermometer 


The 


sensitive temperature 


controller. calorimeter is supported in an 


evacuated chamber which also contains the dispenser 


unit, which holds the specimens prior to dropping them 
into the tin bath. 

Prior to making a run, the calorimeter temperatures 
are recorded for a period of about 20 min to insure that 
a steady state has been reached in which the tempera- 
0.001L°C. The 


temperature of the specimen is recorded and it is then 


tures are constant to within 


dropped into the tin bath, following which readings of 


the differential and jacket temperatures are taken at 
frequent intervals until well after the solution process 
is complete. The total heat effect is evaluated from 
the change in the differential temperature at some time 
after the reaction is complete, the measured energy 
equivalent of the calorimeter, and a correction for the 
The 


energy equivalent of the calorimeter is determined 


heat transfer between the jacket and crucible. 


several times during a series of runs by measuring the 
temperature drop accompanying the addition of a 
specimen of solid tin and using the known heat content 
data for tin.”’) The heat transfer correction for the 
reaction period is evaluated by established methods 
based on Newton's law of heat transfer. 

The results reported here were obtained from three 
series of runs comprising twenty-two heat-of-solution 
determinations for the five alloys and the two pure 
metals. the 
balanced heat effect method, the purpose of which was 
to reduce the measured heat effect associated with the 


determination of a given heat of solution, thus reducing 


Measurements were performed by 


the effect of possible measurement errors on the final 
This 


specimen capsule, along with the material being 


result. was done by incorporating into the 
studied, a metal which upon dissolving would intro- 
duce a known heat effect opposite in sign to the heat 
of solution being determined. Tin was used to supply 


a known endothermic effect and gold to supply a 
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TABLE 1. Measured heats of formation 
of solid Ag—Au alloys at 325°K 


AH formation, 325°K 


cal/g atom 


X Au 


Run N 


known exothermic effect, its heat of solution being 
accurately determined for this purpose. Spherical 
specimens, about 5.5 mm in diameter and weighing 
about 0.80 g, were prepared by enclosing cuttings of 
the alloys or of the pure metals in capsules made from 
tin or gold foil along with excess tin or gold to provide 
the proper balancing heat effect. 

The tin bath was maintained at about 700°K for 
all the temperature the 


solution time was about 2 The tin 


which average 


bath 


runs, at 
min. was 
changed for each series of runs, and the concentration 
of solute metals in the tin was not allowed to exceed 
2.5 at. per cent, in an effort to reduce possible effects 
of concentration upon the heats of solution. No such 
concentration effects greater than the experimental 
scatter could be detected. The heats of formation of 
the alloys were evaluated at the temperature from 
which the specimens were dropped from the dispenser, 
325°K. The experimentally determined heats of form- 
ation are listed in Table 1. 

The values of the Q-function, AH/X,,X,,, have 
been evaluated from each measured value of the heat 
of formation and are shown plotted vs. X,, in Fig. 6. 
Also shown in Fig. 6 is the value of Q calculated 
from the single determination of Ticknor and Bever,'? 
who obtained —1010 cal/g atom for the heat of forma- 
tion at 273°K of an alloy containing 62.1 at. per cent 


Au, in excellent agreement with the present results. 
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While it is difficult to assess precisely the possible 
error to be ascribed to these data. on the basis of the 
observed precision and known uncertainties associated 
with the measurements. 4) cal/g atom appears to be 
a reasonable estimate of the uncertainty in the mean 
values of the measured heats of formation. 

4. EVALUATION OF RESULTS 


the (). 


It is from Fig. 6 that the data for ; 


function fit the sub-regular model solution well within 
The the 


seen 


experimental error. solid line represents 


equation, 


4050 


15) 


The relation between the relative partial molar heats 


of formation and the Q-function is: 


AH, : 0 y dQ 16 
= (LO) 


X dX Ag 
The sub-regular solution equation (15) thus leads to: 
AF 5) 
X 


Au 


4050 (17) 


L600_X 


Resolution of the question concerning the behavior 
of %X 4 (3) at high Ag contents was achieved by comput- 


ing extreme values of «,.,,) from the relation, 


% 4 (18) 


the limiting values of 


estimates for 


AH 4,2 and 


values of 


using liberal 


P rots the limiting 

evenly bracketed the value of Rao 
4550 cal/g atom indicated by the solid line of Fig. | 

and extreme values were both less negative than the 


value of «,,,,) indicated by the dashed line of Fig. | 


Since similar results were obtained at other Ag-rich 
compositions, it was concluded that the free energy 


properties of solid Ag—Au alloys are approximated 
closely by the linear sub-regular solution equation 


Inspection of Figs. 1, 2, and 6 raises the question 
concerning the advisability of fitting straight lines to 
the plot of a,,,,, and Q,,) instead of more general 
the 
justified as any other curve and offer distinct advan 


and to 


curves. However, straight lines are as well 


tages in adjusting Payor): maintain 
the internal consistency required by equation (18 
The solid lines in Figs. 1, 2, and 6 represent the best 
the data the three 


This evaluation thus indicates 


internally-consistent fit to for 
correlating functions. 
that the most probable values of the thermodynamic 


properties of Ag—Au alloys at 800°K are defined by the 
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following sub-regular solution equations 


L600X 


i) 


SOOX 


Since it is reasonable to validity o 


Neumann rule over the range 275°K to th 


these definitions can be extended to all ten 


within this range with little loss of reliabilit, 
In principle, the phase diagram affords a m 


calculating the free energ\ 


of liquid alloys 


have 


liquidus when the properties of the solid alloys 


been satisfactorily defined. However, in the 


present 
I 


case, aS In most alloy systems the solidus has 


not 


been established with precision Therefore tne 


attempt was made to fit the « and /, functions 


to the data in such a way that the liquidus calculated 
from the « and / functions for both phases agrees with 
the experimental value 

At a liquidus—solidus equilibrium temperatur 


the following equation may be written 
(Xp AF, T’ 
AF, X 4 


where AF ,,, 


of pure silver at 


) refers to the free energ 


the temperature 7',, and tl 
quantities are the partial molar free energies 


in the liquid and solid alloys at the liquidus 


compositions, respectively \ similar 


applies to g 
AP, 
AF, 


{ 
Ol meitin 


trom the properth 


assuming that the entropy of mel 


of the temperature, 1. 
AF, 


equations 


rormation 


AF, 


ree energy ol 


simple patt rn, since ft 


free energies can be 


parameter through use of 


The concept of misfit energy as devi lop a 


suggests that the thermodynami properties 


+} 


alloys would be similar to those of the solid 


19 
| 375 
Kopp 
solidus, i. 
; 1Qd 
Deratur 
\ 
The free energies the el 
. 
The two 
Ik Da 
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The misfit energy may be defined as the energy re- 
quired to impose a crystal lattice on a solution of 


atoms of disparate sizes and is given by the term 


AF,,, — AF,,). (22) 


A(AF) 


Attempts to estimate the strain energy contribution 
to the misfit energy by calculations based on elasticity 
theory!;82) have met with variable success, but there 
is general agreement that, in a system for which the 
volume change on fusion and the electron-to-atom 
ratio do not vary with composition, the misfit energy 
will depend primarily on the disparity in the atomic 
size.2°) But since the molar volumes of Ag and Au are 
10.3 and 10.2 em3/g 


nearly equal (Vy...) 


atom),'?”) the misfit energy is small, and it is expected 


that melting causes but little change in the relative 
thermodynamic properties. Therefore, through use 
of the following assumed liquid properties it was 
possible to reduce the unknowns of equations (20) 


to Xa, 


and a free energy parameter, 


1.375 (23a) 


iii) 1600.X 


(24) 


Inspection of the data available for «4... and (4.4) 


Figs. 3 and 4) indicates these are reasonable assump- 
tions. 

Introducing these equations and the functions for 
solid alloys into equations (20) permits them to be 
solved for the two unknowns, a of equation (24) and 
X sot 0.50, T 
so that 


the 
1304°K 


solidus composition. At 


Ss vields a 2O16 SU. 


2000 1350°K. = (23c) 


1600X T 


TABLE 2. 


Solid alloys 


XAu 


atom 
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The solidus and liquidus were then calculated for all 
temperatures, yielding the phase diagram shown by the 
The the 


observed liquidus data, which may be depressed 


solid curves of Fig. 5. agreement with 
slightly from true values by supercooling during 
thermal analysis, is satisfactory, as is the agreement 
of equation (23c) with the experimental data of Fig. 3. 
These relations were therefore accepted as definitions 


of liquid-alloy properties; the Q function is 


where the first parameter is reported to more significant 


-3856 — 800X ,,, (23d) 


figures than the data warrant in order to maintain 
internal consistency. 
Wagner,'?” the solidus is 


calculated to lie very close to the liquidus (Fig. 5). 


In agreement with 


At 50 at. per cent Ag the solidus—liquidus gap amounts 
to 1.5 at. 1.5°K. Recent preliminary 
measurements of the gap by one of the authors‘) 
gives AT’ = 0.9 + 0.6°K. 
the gap is much smaller than previously accepted 


per cent, or 
It is not surprising that 


values: the experimental solidus in nearly all alloy 
effects 


systems is too low because of segregation 


during freezing. 

SELECTED VALUES FOR THE 
PROPERTIES 
the 
solution equations give an adequate representation of 


THE 

THERMODYNAMIC 
Analytical representation. Since sub-regular 
the experimental facts, analytic rather than graphical 
integrations of the Gibbs—Duhem equations are possible 
and the properties may be expressed in terms of the 
sub-regular parameters. The thermodynamic pro- 
perty functions in terms of the selected values of these 
parameters are given in Table 2. The equations for the 
properties of the solid alloys should be valid with little 


decrease in reliability at temperatures as high as the 


Analy tical representations for the thermodynamic properties of Ag-Au alloys 


Liquid alloys 


Ag,_x AuX(, XAu,, Aux 


cal/°K q atom 
AS Ag? 
AS aut 
ASzs 
AH Ag 
AH au 
AH 


Enthalpy al/q atom 


(5650 
(4850 


4850 


1.375.X? 
1.375(1 
1.375X(1 
(5650 
(4850 


(4850 


1.3757)X? 
L.375T)(] X)? 
1.3757) X (1 X) 


1600X 
L600X 


SOOX 


a) 
X) 


1600X )X? 
1600X)(1 
800X) X (1 


(5456 
(4656 
(4656 


1.375X? 
L.375(1 
1.375X (1 
(5456 
(4656 
(4656 


1.375T)X? 
L.375T7)(1 
L.3757)X(1 


L600X 
1600 X 


SOOX 


X)? 


X) 


1600X )X? 
1600X)(1 


SOOX )X(1 


i) 
dQ 
il) 0) (23b) 
L — = 
AF xX)? 
X) X) 
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Fic. 7. Integral molar free energy, heat, and 
formation for solid Ag—Au alloys at 800°K and liquid alloys at 


1350°K. Uncertainties are indicated for X Au 0.50. 


ent ropy ol 


solidus and as low as 27 Extrapolation to lower 
temperatures is hazardous in the absence of data to 
test the Kopp—Neumann rule. Furthermore, Oriani"? 
has pointed out that configurational contributions 
owing to short-range order in either solid or liquid 
alloys are insufficient to account for the observed 
Ag—Au alloys show small 
that 


negative excess entropies. 
law, so 


effects 


deviations from Vegard’s entropy 


contributions from volume must be small 
Therefore, the negative excess entropies of mixing 
attributed to negative vibrational contribu- 
that the 


leads to an 


must be 


tions. It would appear stronger bonding 


between dissimilar atoms increased 
Debye temperature and negative values for AC), at 


The 


polation of the properties of the liquid alloys is not 


temperatures somewhere below 273°K. extra- 
known to be subject to such theoretical uncertainties, 
and the equations should be reliable at all temperatures 


of pract ical interest. 


Graphical represe ntation. The integral molar heats, 


free energies, and entropies of formation for solid 
alloys at 800°K and for liquid alloys at 1350°K are 
given in Fig. 7. The assumption of the Kopp—Neumann 
rule means that AH and AS are independent of 


Activity coefficient, 7 


02 0:3 04 
Ag Xa 


SOO°K relati 
350°K 


Activity coefficients for solid alloys at 
and for 


Fic. 8. 
solid liquid all 3 at 


to pure components 


relative to pure liquid components. Uncertainty estimates at 
shown for five compositions 


calculated for 


AF 


temperature through use of the relation 


temperature, while may be any 


d T 


Further 


properties is given in Fig. 8, where activity coefficient 


graphical representation of the 


are shown for solid alloys at SOO°K and for liquid 


alloys at 1350°K 
Tahulated data The 


800°K and of liquid alloys at 


properties o 
350°K are tabu 
composition intervals of 10 at. per cent in 7 
More significant figures than 


ot the 


and 5 
selected 
led in orde 


absolute reliability 


retal 


correlation functions art 


consistent 


‘Ss internally 
liah lity of the 
‘stimates for the 


Ss are Impractica 


evaluation 


prot ess 


such data is much 
estimates of the reliabilit\ 


but necessarily subyectl estimates were the 


made for five re prese ntat alloy con posith ns 


results shown in Tables 3 5 are inte! 
repre sent Q5 pel cent co 
Kor 


estimated to be 


solid alloys the 
SOO 7 itom Irrespect 
uncertainties 1n 


AH 


40 cal/g atom for all compositi 


composition, thus de fining tne 


energy properties. Thi 


uncertainty in 
taken to be 
stated in the experimental portion of the pape 
OAH,,,,. and dAH,, 


estimated by 


were 
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E 
° | | | 1-0 
| 
S 
| 
4 
j 
| 4 ] 
0-4/4 
| ~ 
vA 
V ‘9 
0-2 ~ 
2 -1000-—+ 
= Au 
5 
T AF, 
° 
-2000 [-800°k 
T AF (1) dAF 
AS 25) 
A 02 0:3 04 0-5 0-7 08 0-9 10 
- Ag Au selected 
table 
ful ert nties tl l 
due to the comples 
pees. ss, the us 
Cal e ervat 
Was 
r, and 


2 


TABLE 3. 


lovs, SOO°K 


AS 


0.000 


0.522 


0.774 
0.16) 
925 


O07 


000 


TABLE 4. 


ompone nt 


AF Ag 


000 


O.974 
O.S99 O.719 


$050 


600 


AS 


0.000 
0.124 
0,220 
0.16) 

0.289 
0.330 
0.344 
0.17) 

0.330 
0.289 


AS Ag 


0.000 
0.196 
O.387 
0.08) 


0.585 


ir properties 


OOO OOO 


0.521] 
0.474 


0.090 


OOO 


AF, AH: 
AS 


AS Ag 


0.000 


0.196 
O.387 
0.05 
O.585 
0.795 
1.033 
20 


1.326 
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Partial molar properties of solid Ag 


0.095 
0.030 
0.160 
0.251 

0.050 
0.365 
0.494 
0.629 
0.050 
0.75: 

0.862 
0.940 
0.012) 
0 


liquid Ag 


065 
654 
.748 
O.S30 
0.040 
O.896 
0.945 
0.978 
0.008 
0.995 


1957 


Jiquid alloys, 1350°K 


AS AS 


0 0.000 
$12 52: 24! 0.124 
L100) 0.15) 
927 92% 537 0.289 
104] 330 
L064 0.344 
160) 0.20) 
1003 1.330 
S60 0.289 
643 0.220 
LOO) 0.13) 
354 0.124 

0 0.000 


Au alloys at 800°K* 


Au component 
AF au 


0.000 


6568 
4754 
0.010 320) 
0.109 

0.198 

0.314 

0.025) 
0.45: 
0.60% 
0.752 


O.010 


0.016 
0.050 


) 
> 
> 
> 


O.887 


1.000 0,000 


Au alloys 


ponent 


AH au 


0,000 


0.045 
0.111 
0.013) 
0.196 
0.299 
0.415 
0.020 
0.538 
0.662 


0.782 5 3: 0.387 


O.585 


0.05 
0.196 
0.000 


0.006 
O.SU6 
1.000 
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molar properties of Ag—Au alloys* 
lid 
XA AF AH | AF | | AF AH ee 
0 0 0 0 
0.1 S47 $24 330 1117 
0.2 1369 750 574 1764 
SU SU SU) 
0.3 L708 968 737 2176 
0.4 L893 LOST | 823 2400 
0.5 1939 1.033 S38 2459 
125 +0) O.17 125 ( 125) ( 
0.6 1855 1049 1.007 785 2362 
0.7 1641 OO] 0.925 670 2109 
0.5 1293 674 0.774 498 0.220 1688 
10) 0.12 SO) 0.12 ( 
0.0 790 372 0.522 273 0.124 L059 
10 0 0 0 0.000 
AF, AH, ecal/g atom 
AS, cal/°K g atom 
XA VAg AH 4g | yYAu AH Au AS Au 
0 1.000 0 4850 
) ( 650 
0.1] 21] 5d 3799 3.461 
0.2 523 213 2899 2.318 
0.01] a 20) 60 ( 400) 0.64) 
0.3 0.794 0.556 933 465 2141 L718 T 
0.4 0.675 0.405 1438 S02 0.795 1516 1.326 fp = 
0.5 0.554 0.277 2039 1212 1.033 1012 1.033 
0.044 0.022 125 110 0.21 110 0.21 ] c 
0.6 0.444 0.178 2749 1688 1.326 622 0.795 
0.7 0.347 0.104 3594 2990) 1.718 336 O.5D85 
O8 0.268 0.054 1651 IT97 2? 318 143 0.387 
0.055 0.01] 2() 0.49 ( 20) ( 60 0.04 
0.9 0.205 0.020 6179 3410 3.461 a 19] 34 O.195 
10! 0.156 1.000 
0.050 
AF, AH: cal/g ator 
AS: cal/°K g ator 
TABLE 5. Partial mola - at 1350) 
\g component \u 
YA vA AF Ag AH 4 yAu AF au AS Au 
0 0 0 0.352 J $656 
0.065 650 
| 0.987 O.SSS 317 53 0.451 S314 3642 3.461 
0.2? 0.952 0.762 728 POS 0.553 5904 2775 2.318 
0.007 0.006 20) 26 (+320 420 0.50) 
0.3 0.901 0.630 1238 148 1366 2046 1.718 
0.4 0.838 0.503 1844 771 3236 1446 1.326 
0.5 0.770 0.385 2559 1164 2359 964 1.033 
0.036 0.018 125 160 125 160) 0.20 
0.6 0.702 0.28] 8409 1619 | 1665 591 O.795 
0.7 0.636 0.19] $444 2125 1.718 1108 318 7 
0.8 0.575 0.115 5802 2673 2.318 
0.070 0.014 0.50 20 26 
0.9 0.052 7926 3253 3.461 296 32 
1.0 3856 f 1.000 0 0 
650 
cal/°K g atom 
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the intercept method to the data for AH... Un- 
certainties in entropy values were then calculated from 
the uncertainties of enthalpy and free energy data. 
Since the calculations made in fitting the liquid free 
energy properties to the phase diagram indicated that 


the uncertainty in «,4.,.) roy 18 80 cal/g atom, 


the uncertainty in % 47) 8 of the same magnitude as 


that of «, (i.e. +500 cal/g atom), and the estimate 


2(s) 
that the uncertainty in %,,,,) is +-500 cal/g atom is in 
the 


electrochemical data shown in Fig. 3. 


reasonable agreement with scatter in Oriani’s 
The uncertainty 
in Was estimated to be -+-0.5 cal/°K g 


g(s) 
atom, and on this basis the uncertainties in entropy 
and enthalpy values for the liquid alloys were com- 
puted. 
6. DISCUSSION 

Since a thorough-going theory for the thermo- 
dynamic properties of binary alloys is yet to be 
developed, it is believed that the semi-empirical 
correlation methods illustrated here provide the most 
satisfactory means of treating experimental results. 


p;,@, and dQ/dT achieve 


a high degree of sensitivity to experimental error, 


The correlating functions «.,, 


since they essentially register deviations from behavior 
of the regular solution. Furthermore, the functions 
fp; and dQ/dT permit the inclusion of temperature 
dependency on 
applicability which is generally greater than necessary 
The 


sub-regular solution model has been presented in some 


to treat even very carefully studied systems. 


detail, since it provides linear composition dependen- 
cies in the correlating functions, which permit accurate 
analytical expression for the properties of Ag—Au 
alloys. Such expressions appear generally useful for 
close approximations to the properties of many 
binary alloy systems. 

Though the primary purpose was to illustrate the 
use and value of the proposed correlating functions by 
application to a system where abundant and not 
entirely data the 
results for this evaluation of the Ag—Au alloys afford 
The validity 


self-consistent were available, 
some further insight into alloy theory. 
of the semi-empirical sub-regular solution model 
suggests that the theory of binary alloys can be 
developed more profitably by focusing attention on 
the parameters defined by the properties of the two 
infinitely dilute solutions, i.e. the properties of A atoms 


entirely co-ordinated with B atoms, and vice versa, 


rather than on the single parameter defined by the 


exchange interaction energy of nearest-neighbor 


V pp): However. 


the 


Var 
further detailed tests of 
model are desirable, particularly for liquid alloys 


bonds, V 


sub-regular solution 
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and Q, thus giving a range of 
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where the question of misfit energy is less likely to 
confuse the issue 
und 


Au alloys 


the misfit free 


enthalpy” are evaluated as follows for Ag 
A(AF) 
X ay 


A( AH) 

gu 
The large uncertainty in A(AH) owing to th 
definition of A( AS) 
the 


However, Oriani has pointed out that the 


Oriani’s definitions of energy 


194 26) 


194 600) 


poor 
prohibits attachment of signi 
ficance to small negative value of the misfit 
enthalpy. 
elastic strain of a crystal lattice around a solute atom 
contributes directly to the free energy of misfit so that 
more importance is placed on A(AF), whose value is 
known more reliably Since most present concepts ol 


misfit energy involve only a positive energy contri- 
bution necessary to place atoms of different sizes on a 
crystal lattice, the small but negative value of A(AF) 
must be attributed to some other feature of the liquid 
solid transition. Two likely possibilities are a small 
decrease in average co-ordination number on fusion 
or a slightly lower cohesive energy of the bonding 
electrons when the atoms are in the liquid state 

It has been pointed out by Hardy‘? and Lawson 
that the misfit energy can cause Q or «, to vary with 
composition in the mannet postulated v tl 
regular solution model. However, in the presen 
A(AF) is too small to ¢ xplain the observed varia 
of x4, with composition for both solid and li ju d Ag 
an oversimplification 


alloys It IS probably 


of an increasing bonding energy between ind 
atom pairs as the environment o 

from Au-rich to Ag-rich solutions 
to point out that the cohesive « 
bonding electrons may vary 
density of electronic states is altered 
Despite the fact that the first Brillouin zones in 
Au are 


coefficient by 


only half-filled, the observations of 
Averbacl 34 


Au does affect the densit 


Flanagan und 


that alloying of Ag and 


electronic energy levels. Since in dealing with oth: 


alloy systems, misfit energy 


cohesive energy may ¢ 


parameter sub-regular solutio 


significant advantage 


to possess 
solution model as a means of 


dynamic properties of alloys 
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LETTERS TO THE EDITOR 


Further considerations on the ductility 
of iron at 4.2°K* 


In a recent letter to the editor, Basinski and 


Sleeswyk showed three tensile curves for Ferrovac iron 
4.2°K. 


different grain size. 


tested at Kach of these curves was for a 
They observed a total strain of 
about 0.6 per cent for the very fine grained specimen 
with 20,000 grains/mm?; approximately 1 per cent 
strain for the intermediate specimen with 2,600 
grains/mm*, and 2.5 per cent plastic deformation for 
The specimens 


the highest 


the specimen with 700 grains/mm?. 
the 
reduction of area at the fracture due to necking. This 


with smallest elongation showed 
was in contrast to the specimen with the greatest 
elongation which showed a brittle fracture. The two 
curves showing plastic strain exhibited the typical 
sharply serrated curves found by many investigators for 
a variety of materials tested at very low temperatures. 

The authors observed that there was always a 
num ber of constrictions in the specimen corresponding 
to the number of serrations in the stress-strain curve. 
Smith and Rutherford have tested a large number of 
iron specimens at 4.2°K and have found that there is 
constrictions 


no correlation between the number of 


and the number of serrations."*) Since Basinski and 


Sleeswyk describe the three curves shown as “typical,” 
presumably they have other unpublished data bearing 


out this observation. In order to illustrate this, it 


U 


Basinski and Sleeswyk 
ferrovac iron (700 gr/mm*) 


brittle fracture 


Smith and Rutherford 
zone refined iron (250-S00gr/mm*) 
80% reduction of area 


sts of iron at 4.2°K. 
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would be of value if they were to show a } 
of the 


halves of the 


section oft one 


entire vauge 


specimens in their promised fi 
publication. 


These 
plast 


authors believe that 


wuses alized 


deformation ¢ 


strength during deformation « 


capacity togethe1 with the 
dence of the yield stress it 1 mperat 


describe their tensile curves as extendin 


very 


ot 


the 


hel 


ce cre 


ures 


followed by several small drops in load, wit 


again increasing elastically then 
Fig 


the 


15 per cent drop in load ser 


what the authors mean by 


plastic flow, since they describe the 


ing as elastic. Their explanation 


unreasonabie since one can obt 


curve for iron tested in tension at 196°C 


capacity is not unusually low 


the thermal conductivity is about twi 


temperature,t and the temperatur 


yield stress is low. Furthermo 
flow is low (less than 30,000 II 
the dissipation of relatively 
energy. 
The 


vacuum 


effect 
melted 
Smith ig] 


Npal 


the ductility in 
determines 


due 


nominal 
size to 
eratures 
ind Sleesw\ 
reported i 
in their prese! 
it Sm 
work 


the ll 


broke 


lay 


ograph 
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grain size of the zone-refined iron reported by Smith 
and Rutherford’ and referred to by Basinski was not 
3.000 grains/mm? but about 700—-1.000 grains/mm?. 
This iron showed an 80 per cent reduction of area at 
parable grain size showed brittle fracture. 


Jasinski and Sleeswyk’s specimen of com- 


In addition, the authors apparently overlooked the 
tensile curves of the zone-refined iron shown in Fig. 12 
of our report to which they referred.‘®) This figure 
showed that the ductility was greater for the specimen 
nearest the purest end of the zone-refined iron, even 
though the grain size was much larger than that at the 
end. 
“Fig. 12 shows engineering stress-strain dia- 
196°C, 


The material not zone melted shows some ductility. 


impure The following is quoted from that 
report: 


grams for four specimens tested in tension at 


This amount of ductility is not unusual for iron with 
such gas content and small grain size (ASTM No. 8). 
The other curves are for specimens taken from the 
The ductility 


exhibited in the specimen at 0.15 of the distance from 


zone melted stock. greatest was 


the starting end. The specimen with the second 
greatest ductility was 0.42 of the distance from the 
starting end: the least ductility was shown by the 
specimen taken from the part of the rod where the 
impurities were deposited....The progressive de- 
crease of uniform strain from the pure to the impure 
specimen in the iron tested at 196°C indicates that 
the ductility of jron may be strongly affected by trace 
elements. Although the specimens all had the same 
cold work and heat treatment, they exhibited different 
This is because the difference in 


grain structures. 


impurity content affects the recrystallization and 


grain growth characteristics of iron. The purified 


material for which the data in Fig. 12 were obtained 


had a badly duplexed grain structure with many 
large grains after a 20 min heat treatment at 650°C. 
The impure material showed a relatively uniform, fine 
grain size after the same heat treatment.” 

Although the majority of the work in this early 
196°C, detailed 


iron at 


report was conducted at more 


results of tests on zone refined 
relatively coarse grained material were also discussed 
with Basinski in June 1956. These results were sub- 
mitted for publication August 1956. In brief, it was 
found that the primary effect of increasing the purity 
was to lower the stress levels during tensile tests and 
to increase the elongation. Very fine grained speci- 
mens not zone melted behaved the same as Basinski 
and Sleeswyk’s, that is they maintained their high 
reduction of area, but showed no measureable elonga- 
tion. All of the plastic deformation is restricted to the 


immediate vicinity of the neck and occurs at the 
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instant of fracture. We believe that in order to be 
considered ductile in tension a specimen should show 
both elongation and reduction of area. 

It is worth while to compare the tensile curve of a 
zone-purified specimen having 250-500 grains/mm?* 
with the Ferrovac specimen shown by Basinski and 
Sleeswyk having 700 grains/mm?. The zone-purified 
material having a much coarser grain size, flows at 
stress levels less than half those reported by Basinski 
and Sleeswyk, has three times the strain, and shows 
a 90 per cent reduction of area compared to brittle 
fracture for the Ferrovac iron (see Fig. 1). 

It is important to note that at no time have Smith 
and Rutherford drawn any conclusions on the general 
ductility of very pure iron (as inferred by Basinski and 
Sleeswyk). They have only concluded that iron is not 
brittle in simple tension. Again quoting from our 
report,"®) “It should be kept in mind that brittle 
behavior can best be evaluated by impact tests such 
as the Charpy V-notch test. A material may show 
considerable ductility in tension and yet be completely 
brittle in impact test: thus, the present results do not 
show that all types of brittle behavior can be removed 
from iron. However, they do show that considerable 
ductility in tension can be retained. This is an impor- 
tant step since it indicates that it may be possible to 
low 


develop room temperature ductility at very 


temperatures as purer material is obtained.’ To date, 


their results on zone-purified iron have always shown 
that it still has less ductility at 4.2°K, as measured by 
tension, than it does at higher 


uniform strain in 


temperatures, 
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Ductility of iron at 4.2°K* 

At the outset I would like to apologize for omitting 
to correct the error in the grain size of zone melted 
iron specimens described in Smith and Rutherford’s 
report.”) At the time of our discussion in Chicago? 
In 
view of Dr. Smith’s statement") that coarse grained 
still brittle 


it seems that the question of whether the zone purified 


however the manuscript was out of my hands. 


zone melted material showed fracture 
material will be ductile in tension under unfavorable 
conditions still remains open. 

We have never believed, and did not mean to imply, 
that the purity of the material has no effect on the 
We 


on the other hand that the purity may not be the 


brittle-ductile transition. wanted to point out 


only variable to be considered. 

In their communication,“ Smith and Rutherford 
state that they have never observed any correlation 
between the number of serrations on the stress-strain 
curveand the number of constrictions on the specimen. 
To this 


connection, it may be useful to point out again that 


clear any possible misunderstanding in 


we refer only to the large and regular serrations. Since 
I do not have the authors’ data, it is very difficult to 
provide an explanation for the discrepancy. However, 
it is possible that if their number of serrations was 
large, the constrictions formed in the latter stages 


of deformation may have obliterated some of the 


earlier constrictions. When there were a large number 


no correlation was found in several 


(4—6) 


of serrations 
investigations. 

Since the instability of plastic flow at very low 
temperatures is treated in detail in a forthcoming 
paper,® the proposed mechanism will not be discussed 
in detail. Very briefly, a small amount of plastic 
deformation at sufficiently low temperature can by 
locally heating the material, cause an avalanche of 
plastic flow. The elastic energy stored in the machine 
and the specimen during the period when the load 
is increasing is converted into heat, thus facilitating 
plastic flow in the deforming portion of the specimen. 


The hypothesis was never meant to account for sharp 


drops in load at temperatures as high as 80°K. The 


author is aware of no well documented reports in 


the literature of load drops at higher temperatures 
the formation of 


which cannot be accounted for by 


mechanical twins, strain-induced phase transforma- 


tions, or strain aging. On the other hand, there is 


8) 


a large body of data” showing that at tempera- 
tures near absolute zero a large number of materials 
Published data 


no indications of 


show serrated stress-strain curves. 


of Smith and Rutherford™ show 


discontinuities at 78°K whereas they state 


stress 


THE EDITOR 


that their stress strain curves at 4.2 


More 


plastic 


K were extremely 


erratic recent investigations on the therm 


activated flow 


smooth curves at 78°K 
Although it is 


discussion it may be pointed out that the reported" 


not really relevant to the present 


temperature dependence ol the vield stress of 


iron at 78°K varies between 0.35 and 0.48 kg/mm?2°K 


while flow stress dependence is about 0.41 kg/mm?°K 


Lied 


for decarburized iron and 0.6 kg/mm2°K for ann 


material,’ and therefore can hardly be considered 


small 


The other the 


the 


matter of importance ipparent 


mes \ ductility 


divergence of views in what we 


of a metal. In engineering applications the uniform 


strain may be of considerable interest: however, in 


relation to the fundamental principles of the mecha 


nism of brittle fracture, uniform strain seems rathe 


irrevelant. It is very well known that necking occurs 


when the increase of load carrying capacity resulting 


from strain hardening is not quite compensated by 


the decrease due to narrowing of the cross-section 


of the specimen. Materials showing no strain hard 


ening would give negligible uniform elongation how 


ever great their capacity to withstand deformatio1 


Thus uniform elongation is primarily a functio 


flow stress and the rate of strain hardening, and has 


little relation to the mechanism of britt!] 


least in the cases where it is smaller than 


tion in the immediate vicinity of fracti 


other hand, the amount of defo 


of fracture provides an indi 


the lattic prior to the 


cracks Smith and Rutherford 


behaviour can 
tests such as the Charpy 


it is virtually 


im possibl 


Variables of such a test 
notch impact techniques 
mining the structural usefuln 
but would be of comparatiy 
of the underlying principles 
Although undoubtedly son 
obtain 


of brittle behaviour 


tensile test experiments n 
triaxiality of stress producé 
paratively high temperatures 
of the difference must come 
strain rate 

[It is generally known th 
brittle ductile transition with 


with 1/7’ \ 


tactor 


the nperature 


being linea 
1/7 


to change by 
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by a factor of 10°. It is therefore to be expected that 
at very low temperatures the influence of strain rate 
would become negligible and that the results from 
the impact tests might be much closer to those 
obtained in simple tension. 

It is difficult for us to share the opinion of Smith 
and Rutherford that with increasing purity of iron 
it might be possible to get uniform deformation at 
4.2°K comparable to that observed at room temper- 
ature. As pointed out before, the amount of uniform 
elongation depends essentially on the rate of work 
hardening and the value of flow stress. All the avail- 
able data that in to the 


of face-centred cubic metals, body-centred cubic ones 


show contrast behaviour 


strain hardening with tem- 
(10,11,15,16) 


show little variation of 
perature,1-1516) whereas their flow stresses 
depend sharply on it. Therefore unless the metals 
of highest purity behave radically differently from 
amounts of foreign atoms, 


containing small 


of uniform deformation will have to 


those 


the amount 


decrease with decreasing temperature. In 


mounting evidence that the low temperature beha- 
viour of body-centred cubic metals is mainly deter- 
mined by the Peierls—Nabarro force on the dislocations, 


this last possibility does not appear to be very likely. 


Division of Pure Physics Z. S. BAstnsK! 


National Re search ( ouncil 


Ottawa. Canada 
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On the ductility of iron at 4.2°K* 
Basinski on 
Rutherford” 


In addition to the comment of Dr. 
the Smith 


regarding their previous report™) and the publication 


communication of and 


view of 


I 


VOL. 5, 1957 
of Basinski and Sleeswijk®) the following observa- 
tions may be made. 

The comparison between the behaviour of thin 
tensile specimens in boiling nitrogen and in boiling 
helium should be made with the utmost care. Not 
only are many of the relevant physical properties of 
different orders of magnitude at the two corresponding 
temperatures, but the effect of the different ambient 
atmospheres should also not be overlooked. It has 
been shown™ that the higher the boiling point of 
the surrounding medium during a tensile test, the 
more pronounced is the adverse effect on the ultimate 
load of the specimen. This phenomenon introduces 
a parameter that should not be neglected. 

With regard to the general ductility of iron and steel 
the investigation of Collins and Ezekiel’ on short 
tubular specimens of ASA 1018 steel in torsion may be 
of interest. The temperature range was between 4.2 
and 77.8°K, the surrounding medium was helium. 

The test showed that even the specimen at the 
did not 


suffered appreciable plastic deformation. 


lowest temperature break before having 
Apparently even a zero triaxial stress is sufficient 
to cause a lowering of the transition temperature 
beyond 4.2°K. 
The type of apparatus used in the tensile test is 
of some especially when instability 
phenomena are encountered. A hydraulic tester tends 


the 


importance, 


stress-strain curve; in 


that 


to mask serrations in 
addition it 


observations are of not much use if one is interested 


may be remarked point-to-point 


in a study of serrations. It is, therefore, not surprising 
that Smith and Rutherford, who seem to have used 
both this type of apparatus and this method of 
their results at 4.2°K 


observation, stated that were 


‘erratic’. 

An investigation of Smith and Rutherford on the in- 
fluence of trace elements on the mechanical behaviour 
of iron’® gave disappointing results. Their search 
for alternative explanations does not as yet seem to 
have led to any definite result. In view of this, and 
of the fact that the described serrations also occur 
in other metals at boiling helium temperature, it 
that that the 


and supports rather 


seems one conclude work of 


Smith 
contradicts the hypothesis mentioned in the letter 


may 


2utherford than 


by Basinski and Sleeswijk. 
A. W. SLEESWIJK 

Koninklijke Shell Laboratorium 
Amsterdam 

References 
L. SmitH and J. L. RutHERFORD 
4 SmitrH and J. L. RuTHERFORD 
Int. Rep. I. A1878-1 (1956). 


Acta Met. 5. 761 (1957). 
Franklin Inst. 


1 R.U 
Re 
2. Priv 
3. R.L 
5 G.W 
Z.S. 
& % 
8. E. T. Wesse, Trans. 
No. 3 (1956). 
1] 
13 
15. 
1957. 


LETTERS 


TO 
3. Z. S. Bastnski and A. W. SLEESwiIsJK Acta 
(1957). 

H. FORESTIER 
238, 207 (1954). 
F. D. EzeKret Thesis M.I.T. 
R. L. Smirx and J. L. 
262, 77 (1956). 


7. Z. S. BASINSKI 


Met. 5. 176 


and A. Ciauss C.R. Acad. Paris 


(1952). 


RUTHERFORD J. Franklin Inst. 


Proc. Roy. Soc. In press. 


* Received May 13, 1957. 


A new approach to the problem of the origin 
of the cube-texture’’* 


Rowland Transformation 


In a paper “A three-dimensional face-centred 
cubic model for the study of crystal phenomena,” 
Rowland™ describes a lattice transformation which 
results in the production of two new face-centred 
lattices bearing a twin relationship to each other 
but not to the original lattice. The transformation is 


brought about by compressing a _ close-packed 
arrangement of spheres in the direction of a cube-axis, 
while keeping one of the cube-planes containing this 
axis in a fixed position. The lines of spheres lying 
parallel to the other two cube-axes undergo an 
this The effect best be 
illustrated by reproducing Figs. I(a) and (b) 


the 


extension by process. can 
from 


de- 


formation of a lattice part bounded by octahedral 


Rowland’s paper, which shows resulting 


By compressing the original half-octahedron 


faces. 
PQRSV in Fig. l(a) along the [100]-direction SQ, 
while keeping the (010)-plane SQV fixed, it trans- 


forms into the body illustrated in Fig. 1(b) consisting 


(b) 

Fic. 1. (a) Position of half-octahedron PQRSV in ele 
mentary cube ABCDEFGH; (6) compression parallel to SQ 
transforms the half-octahedron PQRSV into two twinned 
tetrahedrons (after Rowland, loc. cit.). 


THE EDITOR 


of two tetrahedrons in twin position to each other 


not to the original position of the lattice in Fig 
The [100]-direction SQ has become a | 110}-dir 
Fig. l(a). the cube-plane SQV in Fig 


hedral twin plane SQV in Fig. l(b). 


tion in 
octa 
dis- 


ind to the 


The 
placements in the lattice parts to the left 


itoml 


right of the fixed plane have been brought about by 
gliding of octahedral planes over each other in precisely 
the same way as occurs in mechanical twinning in a 
cubic-centred lattice. Rowland shows that the 
transformation can be easily demonstrated by means 
of a model built up ot steel ball-bearings contained 
in a mould with the shape of a half-octahedron as 
illustrated in Fig. l(a). 

The 
it produces a large but definite change in orientation 
the 


is remarkable as 


between lattice before and after it has taken 


place. The change ean be described by Stating that 
one cube-plane has remained in its original position 


while being transformed into an octahedral plane 


twin 


the 


two lattice regions in 
the 


parallel to the three cube-axes 


separating position 


Furthermore, directions which in original 


lattice are 100). 
[010], [001] are, in the transformed lattice, parallel 
a 112]-direction respectively 
lel + 


As the compression can be exerted parallel to each 


- and a 


of the three cube-axes of the original lattice and each 


of them can be correlated with two positions ot the 


cube-plane which remains fixed, there are six spatially 
different the 
Fig. 
of the 


positions for twinned structures of 


l(b) and consequently twelve possibl ns 


DOSITL 


face-centred lattice corresponding to 
original lattice position 


As 


produced 


T 


Suggests, 


Rowland 
» deformation 
by the surrounding matrix 


only if the blocks 


Stresses 
remarks that such processes 


production otf the detorn 


centred metals and in the fo1 
nuclei. 


“Inverse’’ Rowland-Transformation and 


Origin of Cubic Texture 
In this line of thought it is of int 


the 


led 


texture of heavily rol 


metals, in particular copper. This texture hi 


containing two ymponents 
(110) [112], with a 
rolling and a [112 


this in 


described as 
component (110) plane In 
direction parallel 


11] 


and 


plane of 


the rolling direction iplies a direction 


parallel to the transverse direction mino} 


(112) [111] 
to the plane of rolling and a [11] 


with a (112)-plane parallel 


the 


component 


-direction in 


765 
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direction of rolling: this implies a |110)-direction in 
Both 


a considerable spreading about these above-mentioned 


the transverse direction. components show 


* 


positions* and contain two groups of lattice regions, 


mutually in symmetrical positions with regard 


to the “common” (111)-plane of each component. 

Two symone trical lattice regions possessing exactly 
one or other of the orientations given above stand 
in true spinel twin position with regard to each other. 
[f they are adjacent lattice blocks, they form actually 
a spinel twin and, taken together, constitute a lattice 
region with a “‘stacking fault.”’ 

Now it follows from the foregoing that the crystallo- 
graphic directions in the rolled metal parallel to the 


(ND). the 


direction (RD) and the transverse direction (TD), are 


normal to the plane of rolling rolling 


precisely those in which the three cube-axes of a 
lattice region, subjected to a Rowland-transformation, 
would be transfered. Inversely, if a twinned lattice 
part with the position, either of the main component 
or of the of the rolling texture, 


minor component 


“inverse” Rowland-transformation, 


that 


underwent an 
the lattice was extended in the 
ND 


would 


in such a way 


110]-direction which either parallel to 
II), it 


obtain the ideal position characteristic tor the cube- 
the 


component I) or to TD (component 


texture. Simultaneously twin would have 


untwinned’’ and become a coherent lattice region. 


This means that a stacking fault had been eliminated, 
higher 


‘distortion’ with 


other 


herewith a_ lattice 


tree 


and 


interfacial energy. Or, in words, a less 


distorted lattice would be created. 

The suggestion is put forward that such a region 
may serve as a nucleus for recrystallization and that 
the twinned lattice 


in this way “untwinning”’ of a 


region by an inverse Rowland-process may cause the 
formation of the so-called cube-texture which origi- 
tes on annealing of several severely rolled cubic 
ice-centred metals, in particular copper. 

In order 


forementioned change 


the 


that. due to the 


which accompanies transformation, 

nucleation-process” does not set up new large 
ins and distortions. the nuclei must be of suffi- 
This 


cube-texture only 


‘iently small size. may be one of the causes 


that the occurs in the severely 


rolled then the number of 


Moreover. only 
the 


state. 


twinned parts, and thus amount of stacking 


faults, is probably so large that elimination by the 


inverse Rowland-process will actually produce a 


Hsun Hu et al. 
Also still other 
1 


\ccording to 
a better description. 
suggested: cf. Beck. 


been 


that the 


orientations have 
above orientations 


sucn 
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decrease of free energy. Such an effect would depend 
fault 


siderations by Seeger," low values may be expected 


on the stacking energy. According to con- 
for a monovalent metal as copper compared to a 
multivalent metal as aluminium. This might explain 
why the cubic texture is more commonly observed 
in copper than in aluminium. 

The idea that the cube-texture is produced by the 
“coalescence” of two lattice parts in twin-position 
present in the rolling texture, has actually been put 
forward as long ago as 1940 in a paper by Cook and 
Richards. It 


atomic 


however, not stated by what 
the 


produced and probably, for that reason, the sug- 


Was, 


displacements coalescence might be 
gestion has apparently not received much attention 


in current considerations of the problem. From 
fowland’s transformation it has become clear, how- 
that this the 


twinning, if 


ever, may be achieved by same dis- 


placements as active in mechanical 


applied in the inverse way and under the condition 


of a fixed plane. Compared with the more recent 


theories of ‘‘oriented growth” and “‘oriented nu- 


cleation,”’ the process suggested here belongs to the 


The 


from 


oriented nucleation type. hypothesis 


different 


present 


is completely that suggested by 


Burgers, Liu, and Tiedema.‘® in which the occurrence 


of strain free nuclei in cube-position was attributed 


to an enhanced polygonization capacity of such 


lattice regions as compared to lattice regions in less 


symmetrical positions. 


Further Experiments 
The suggestion given here leads to various definite 
consequences which are now being investigated. 
The fact, for example, that rolling textures which 
possess mainly the (110) [112] rolling texture and 
not (112) like 


crystallize in the cube-texture, raises the question 


silver and brass. do not re- 
whether both components of the rolling texture in 
copper are effective or whether there exists a marked 


Also the 


question of spreading the cube-texture (in particular 


difference between them in this respect. 


around the direction of rolling) may be connected 


with this point. To this end copper single crystals 
with definite positions have been prepared, which 
on rollling, vield definite deformation textures and 


which are subjected to annealing. Analogous 
experiments have already been performed for two 
orientations which are of interest here, by Barrett 
and by Liu and Hibbard.‘®? 

Also the influence of foreign atoms can be studied 
from the point of view whether they form a hindrance 


for the Rowland-transformation (cf. Rowland, loc. cit.). 


he 

stra 

Cook and 

not-simple 

Phe scattel! 

ire certainly present 


TO 


Finally, the presence, or absence, of the cube- 
texture in annealed alloys might be connected with 
the fact that in a lattice with unlike atoms (for 
example a NaCl-lattice) the atomic movements 
involved in lattice transformations of Rowland-like 


type can be different from those in a lattice built 


up of identical atoms, and herewith the changes in 
orientation produced (cf. Tichelaar.) 

This work forms part of the programme of the 
‘“Research-group Metals F.O.M.-T.N.O.,” sponsored 
by Z.W.O. 
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Archiv fiir das Eisenhiittenwesen 
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Kristallorientierung auf die Ausbildung von 
Oberflache biegewechselbeanspruchter 
x-Eisen-Einkristallproben. MAax HEMPEL, ALBERT KOCHEN- 
DORFER und Emit HILLNHAGEN. 

Die Karbide und das Zeitstandverhalten von Chrom 
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